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ABSTRACT ARTICLE HISTORY

The mechanical properties of Al/SiC nanolaminates with layer Received 5 November 2015
thicknesses between 10 and 100 nm were studied by nanoindentation ~ Accepted 26 July 2016

in the temperature range 25 to 100 °C. The strength of the Al layers KEYWORDS

as a function of the layer thlckne§s and tempgrature was obtained Multilayers; nanoindentation;
from the hardness of the nanolaminates by an inverse methodology thin-films; finite element
based on the numerical simulation of the nanoindentation tests by modeling

means of the finite element method. The room temperature yield

stress of the Al layers showed a large‘the thinner, the stronger’effect,

which depended not only on the layer thickness but also on the

microstructure, which changed with the Al layer thickness. The yield

stress of the Al layers at ambient temperature was compatible with a

deformation mechanism controlled by the interaction of dislocations

with grain boundaries for the thicker layers (>50 nm), while confined

layer slip appeared to be dominant for layers below 50 nm. There

was a dramatic reduction in the Al yield stress with temperature,

which increased as the Al layer thickness decreased, and led to an

inverse size effect at 100 °C. This behavior was compatible with plastic

deformation mechanisms controlled by grain boundary and interface

diffusion at 100 °C, which limit the strength of the ultra-thin Al layers.

1. Introduction

Nanolaminates consisting of alternating layers of two dissimilar materials show outstanding
mechanical properties, as compared to their bulk counterparts, and they are very promising
for engineering applications [1-20]. In particular, extremely high strength and damage
tolerance have been reported at ambient temperature when the individual layer thicknesses
are below 100 nm, and this behavior has been attributed to the large density of interfaces
and to the nanoscale layer dimensions. The deformation behavior, though, is dependent
on the particular nature of the layers in the nanolaminate. The mechanical behavior of
nanolaminates has been extensively studied in metallic systems, such as Cu/Ni [21], Cu/
Au [20], Cu/Nb [4,7,11,18,19,22], Cu/W [2,12], Cu/Zr [9], AI/Nb [3], etc. Both metallic
layers deform plastically in response to the applied stress and the hardening mechanisms
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are controlled by the interaction between dislocations and interfaces [20-22]. These inves-
tigations have shown that the strengthening follows a Hall-Petch behavior when the layer
thickness is in the sub-micrometer range due to the pinning of dislocations by interfaces/
grain boundaries, giving rise to the formation of dislocation pile-ups [14-17]. For layer
thicknesses in the range of a few tens of nm, plastic deformation is controlled by confined
layer slip (CLS) [17-19], because of the impossibility to accommodate more than one dis-
location along the layer thickness.

Metallic crystalline-amorphous nanolaminates, such as Cu/CuZr [8] and Cu/PdSi [10]
also present very high strengths. The amorphous-crystalline interface can be regarded as an
impenetrable barrier for dislocations, and previous studies suggest that initiation of plas-
ticity takes place in the softer metallic layers [10], followed by a marked strain hardening
attributed to dislocation multiplication. Co-deformation of the amorphous layers can be
triggered at very high stresses through the formation of shear bands, which can propagate
or remain confined, depending on the relative layer thickness ratio [8].

Different hardening mechanisms have been reported, however, in metal-ceramic nano-
laminates [6,13,17,23-31]. Co-deformation of the layers is much more difficult because of
large mismatch in the elastic modulus and flow stress between the stiff, brittle ceramic layer
and the softer and ductile metallic layer. Under these conditions, multilayer deformation
is concentrated in the metallic layers, which show very large plastic strain hardening rates,
while the ceramic layers remain elastic or fracture, depending on the applied strain and layer
thickness [23,25-27]. Detailed numerical simulations [25,27] have demonstrated that the
large strain hardening of the metal-ceramic nanolaminates is not due to the multiplication
of dislocations in the metallic layers, but can be attributed to build up of hydrostatic stresses
due the elastic constraint imposed by the ceramic layers to the metallic layers plastic flow
(32,33].

Thus, the available experimental information shows that the yield stress of ultra-thin
(<100 nm) metallic layers within nanolaminate composites is extremely high. However,
quantitative data of the yield stress of the individual layers as a function of the layer thickness
is very limited [34] and the effect of temperature on the strength of ultra-thin metallic layers
has not been explored. This quantitative information can be very useful to understand the
dominant deformation mechanisms in each nanolaminate system as well as to explore the
role played by grain boundary/interface diffusion during high temperature deformation.

This investigation contributed to these goals by providing an estimation of the yield stress
of the Al nanolayers as a function of the layer thickness and temperature (in the range 25 to
100 °C) in Al/SiC nanolaminates. The yield stress of the Al nanolayers was obtained follow-
ing an inverse methodology from the numerical simulation of the nanoindentation response
of the nanolaminate. This Al/SiC nanolaminate system is ideally suited for this approach
because previous work [23-28] has shown that the (amorphous) SiC nanolayers undergo
elastic deformation and their mechanical properties are independent of the temperature up
to 300 °C [29,31]. Moreover, the strength of the SiC layers seems to be independent of layer
thickness, at least for layers as thin as 25 nm [31], in agreement with what has been observed
for other amorphous ultra-thin layers like PdSi [10]. Using the inverse methodology, the
yield stress of the Al nanolayers with thickness in the range 10 to 100 nm was obtained from
ambient temperature to 100 °C from nanoindentation tests carried out in nanolaminates
in which the SiC layer thickness was kept constant and equal to 50 nm. These values of the
yield stress were validated by comparing the numerical predictions of the nanoindentation
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hardness with the experimental results obtained in other set of nanolaminates in which
the thickness of Al and SiC layers was the same (between 10 and 100 nm). Finally, the
quantitative values of the yield stress of the Al nanolayers as a function of temperature and
layer thickness were used to ascertain the dominant deformation mechanisms in light of
the current theories for plastic deformation of ultra-thin metallic films.

2. Materials and experimental techniques
2.1. Al/SiC nanolaminate fabrication and microstructural characterization

The Al/SiC nanolaminates were manufactured by magnetron sputtering of Al and SiC in
Los Alamos National Laboratory using a sputter unit made up of a high vacuum chamber
with dual sputter guns. Thermally oxidized (111) oriented single crystal silicon (Si) wafers
were used as substrates. The base pressure of the sputtering unit was 107 Torr. Argon (Ar)
was used as the sputter gas and all depositions were carried out at an Ar working pressure
of 3.0 m Torr (0.4 Pa). The pure aluminum target (>99.99% purity, Kurt J. Lesker, Clairton,
PA) was sputtered at a DC power of 95 W. SiC layers were deposited from a SiC target
made by hot isostatic pressing (>99.5% purity, Kurt J. Lesker, Clairton, PA) using identical
argon pressure and a RF sputter power of 215 W. The targets were pre-sputtered for about
10 min at 40 W for Al and 95 W for SiC to remove any oxides and contamination prior to
nanolaminate deposition. The sample holder was continuously rotated during sputtering
to obtain a uniform layer thickness. The deposition rates were approximately 7.5 nm/min
for Al and 3.9 nm/min for SiC. Alternating Al and SiC layers were deposited by means of
a computer controlled shutter system to build up the multilayer structure.

Two nanolaminate series (named series I and II) were manufactured. In series I, the
nominal SiC layer thickness was kept constant at 50 nm and the nominal Al layer thickness
was varied between 10 and 100 nm. In series II, both the Al and SiC layers were grown to
the same thickness and the nominal layer thickness was varied between 10 and 100 nm. The
total number of layers in each nanolaminate was chosen to obtain a total thickness above
10 um to reduce substrate effects during nanoindentation. Note that the convention used to
name each nanolaminate refers to the nominal thickness, in nm, of each layer, but that the
real thicknesses might vary. In order to build a realistic FEM model for each nanolaminate,
the average layer thicknesses and the average grain size of the Al layers were measured by
transmission electron microscopy (TEM) using a JEOL JEM 2100 microscope.

2.2. High temperature nanoindentation

Nanoindentation tests were carried out using a NanoTest™ platform III (Micro Materials,
Wrexham, UK) with a Berkovich diamond tip. Nanoindentation tests were performed at 25,
50 and 100 °C. Samples were bonded to the heater plate using a high temperature adhesive
and then both sample and indenter were heated independently to the target temperature.
Indentations were carried out with a loading rate of 10 mN/s and a maximum load of
100 mN. The maximum load was held constant for a dwell period of 5 s prior to unloading
with 20 mN/s. The measured thermal drift was lower than 0.01 nm/s in all cases. The total
penetration depth was carefully controlled within 1 pm, less than 10% of the total nanol-
aminate thickness to eliminate substrate effects. This penetration depth was also set deep
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Figure 1. BF-TEM images of series | samples: (a) Al10SiC50, (b) Al25SiC50, (c) AI50SiC50, (d) AI100SiC50.
BF-TEM of series Il samples: (e) AI10SiC10, (f) AI25SiC25, (g) AI100SiC100; (h) HR-TEM of AI100SiC100.

enough compared to the individual layer thickness, to obtain the overall nanolaminate
response. At least 8 indentations were performed at each temperature. The load-penetra-
tion curves after nanoindentation were analyzed using the Oliver and Pharr method [35].
Selected indents were cross-sectioned with a FEI Helios Nanolab 600i dual-beam system
to analyze the deformation patterns in the TEM.

3. Experimental results and discussion
3.1. Microstructure of as-deposited nanolaminates

Figure 1(a)-(h) shows bright field cross sectional TEM (BF-TEM) and high resolution TEM
(HR-TEM) images of series I and IT samples. All samples presented a chemically modulated
layered structure, with the Al and SiC growing with nanocrystalline and amorphous struc-
ture, respectively. The SiC layers, due to their amorphous nature, interrupted the crystalline
growth of each Al layer, forcing the next Al layer to re-nucleate. As a result, the Al layers
presented a nanocolumnar grain structure where the vertical, columnar grain size, d , was
equal to the layer thickness, h,,. Interestingly, the lateral grain size, d,, scaled with the layer
thickness but did not follow a constant relation with it, as shown in Table 1. The lateral grain
size was larger than the layer thickness for Al layer thicknesses below 25 nm, while it was
smaller than the layer thickness for thicknesses above 50 nm. For instance, the 10 nm thick
Allayers showed a lateral grain size of =30 nm, irrespective of the thickness of the SiC layers
(compare Al10SiC50 and Al10SiC10). This result indicates that the Al grains nucleated on
each consecutive SiC layer grew quickly up to 30 nm in the in-plane orientation, and that
the nucleation process on top of each consecutive amorphous SiC layer was independent
of its thickness. As the Al layer thickness increased, columnar growth proceeded and the
grains experienced some lateral grain growth at a rate smaller than the increase in thickness.
As aresult, the aspect ratio of the Al grains changed at 50 nm, with the vertical dimension
becoming longer than the lateral grain size. The Al layers displayed a random texture in the
thickness range studied. Figure 1(a)-(g) also shows that the Al-SiC interfaces developed
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Table 1. Average thickness of Al and SiC layers in series | and Il nanolaminates, as measured from TEM.

Thickness Layer thickness Al grain size
Al
Series Nanolaminate um h,, (nm) hgc(nm)  vertical, d, (nm) lateral, d,(nm) (%)
Series | AlI10SiC50 ~15 10+1 46+3 10+1 29+5 ~17.9
Al25SiC50 ~13.3 21+1 44 + 2 21x1 47 £12 ~32.3
Al50SiC50 ~15 52+2 44+2 52+2 48+7 ~54.2
Al100SiC50 ~15 90+8 48+3 90+8 65+ 12 ~64.3
Series |l AI10SiC10 ~12 8+1 1M+2 8+1 29+6 ~42.1
Al25SiC25 ~14 25+4 257 25+4 47+ 11 ~50
Al100SiC100 ~17 100+ 6 148 £5 1006 62+ 12 ~40.8
(a) 12 T T T (b) 12 T T T
—e—25°C —e—25°C
oy —=—50°C —=—50°C
10l iC50 100 °c [ 10 | —+—100°C |
Al25
8 B 8 | A0 sic2s g

Sic10 AI50

> AI100
L i: i> Sics0 SIC100 |

Hardness (GPa)
o

Hardness (GPa)
o

L L L 0 I I 1 L L
0 0.2 0.4 0.6 0.8 0 20 40 60 80 100

Al volume fraction, VAI Al layer thickness, hAI (nm)

Figure 2. (colour online) (a) Hardness of series | nanolaminates as a function of the Al volume fraction,
V,. (b) Hardness of series Il nanolaminates as a function of the Al layer thickness, h,.

some waviness as a result of the competitive columnar grain growth process that takes
place in each consecutive Al layer [27]. No formation of secondary phases or intermixing
could be found at the Al-SiC interfaces, as shown in the HR-TEM image of Figure 1(h).
Finally, even though the Al and SiC layers were relatively uniform in thickness, the actual
thicknesses measured in the BE-TEM micrographs were slightly different from the nominal
ones, as reported in Table 1.

3.2. Ambient and elevated temperature hardness

The hardness of Al/SiC is known to vary with the volume fraction of the constituents and
the strength of each individual layer [31]. The hardness of the nanolaminates is plotted in
Figure 2(a) and (b) as a function of Al volume fraction, V,, and of Al layer thickness, ,,,
respectively, in the temperature range 25-100 °C. The hardness of the series I nanolaminates
(constant SiC layer thickness) in Figure 2(a) increased nonlinearly as the Al volume fraction
decreased. In contrast, previous work on nanolaminates with constant Al thickness and var-
ying SiC thickness [31] showed a linear increase of hardness as Al volume fraction decreased.
This difference implies that the strength of the Al layers depends on the layer thickness,
because of their nanocrystalline microstructure, while the strength of the amorphous SiC
layers is size independent [28]. The nanoindentation tests of the series IT nanolaminates
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confirmed this hypothesis: the hardness increased as the layer thickness decreased at a
constant Al volume fraction of 50%, reaching a peak for a layer thickness of 25 nm (Figure
2(b)). This behavior is similar to that reported in other metal-ceramic nanolaminates like
Ti/TiN, Hf/HfN or W/WN [36]. It is worth noting that the AI100SiC100 and Al50SiC50
nanolaminates showed similar hardness, and this may be due to the fact that the critical
dimension controlling the strength was the lateral grain size, which was also similar in both
nanolaminates and smaller than the layer thickness (Table 1). Interestingly, the trend was
not maintained for the Al10SiC10 nanolaminate, suggesting that other deformation mecha-
nisms and/or microstructural changes may be triggered when both layers are reduced to this
extremely small scale. The reasons for this behavior will be discussed later in more detail.
The nanolaminate hardness experienced a significant reduction with temperature, as
shown in Figure 2, which was more marked for the thinner nanolaminates. According to
micropillar compression tests in AI50SiC50 [27,28], the reduction in strength with tem-
sperature could be attributed to a reduction in the Al yield stress and to the development of
interface sliding at the Al-SiC interface. The contribution of Al-SiC interface sliding to the
high temperature deformation of micropillars [27] was evidenced by extrusion of Al grains
out of the free edges of the micropillar. However, the lack of free surfaces and the constraint
imposed by the surrounding undeformed material renders unlikely that interface sliding
might contribute to a large extent to the deformation in the case of nanoindentation. In
addition, it is also unlikely that the mechanical properties of the SiC layers experience any
softening at 100 °C. Thus, it was assumed that the hardness drop with temperature of the
Al/SiC nanolaminates was a direct consequence of the reduction in the yield stress of the
Allayers. It should be noted that 100 °C represents a homologous temperature of 0.4 for Al,
high enough to activate dislocation climb and/or interface and grain boundary diffusion.
These mechanisms can lead to a marked softening of the nanocrystalline Al layers, beyond
to what it would be expected only by the reduction of shear modulus with temperature.
Electron-transparent lamellae across indents were prepared by focus ion beam milling
after nanoindentation at different temperatures and examined by TEM. Figure 3(a)-(c)
show representative TEM images of the indents carried out at room temperature for nan-
olaminates layer thicknesses of 100, 25 and 10 nm, respectively. The layered structure was
preserved in all cases, with no evidence of interface fracture or interface sliding. It is clear
that the deformation of the Al layers was severely constrained by the hard SiC layers [37],
especially under the indentation imprints where the imposed strains are more severe, as
evidenced by the large reduction in Al layer thickness. The reduction of the Al layer thickness
was accompanied by a change in grain shape, which grew parallel to the layers, as shown by
the white arrows. This indicates that plastic deformation processes took place not only at
interfaces or grain boundaries, but also within the grains. However, not a single dislocation
could be observed in the deformed layers, suggesting that the deformation is either not due
to dislocation motion or that the small grain size precludes any storage of dislocations, that
annihilate either at grain boundaries and/or interfaces after slipping across the grain. Thus,
it should be emphasized that the dislocation density within the deformed layers remains
extremely low and the large apparent strain hardening usually found in Al/SiC multilayers
cannot be due to dislocation storage within the metallic layers but to the constraint imposed
by the stiff ceramic layers on the plastic deformation of the metallic layers [27]. This state-
ment might not hold true for other metal ceramic nanolaminates, like Al-TiN [38], where
high strain hardening rates have been associated with plastic co-deformation of the two
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Figure 3. BF-TEM images of series Il nanolaminates after room temperature nanoindentation: (a)
Al100SiC100, (b) AI25SiC25, (c,d) Al10SiC10.

layers when the ceramic layers become extremely thin. No evidence of such effects have
been found, however, in the case of Al/SiC nanolaminates.

As opposed to the Allayers, the SiC layers did not undergo large thickness reductions but
they deformed permanently to accommodate the indenter shape. Despite the brittle nature
of SiC, some plastic deformation cannot be ruled out due to the large hydrostatic stresses
imposed below the indenter. Some cracking of the SiC layers is evident, especially for the
thicker layers in Al100SiC100, as pointed by the black arrows in Figure 3(a). Cracks are
perpendicular to the layers as a result of the bending stresses and provide paths where the Al
can plastically flow during deformation. The extent of cracking of the SiC layers was reduced
for the thinner SiC layers (Al125SiC25 and Al10SiC10), as a result of their larger bending
compliance and to their enhanced ductility (Figure 3(b)-(d)) [23]. In any case, cracking of
the SiC layers was not the major mechanism accommodating the imprint imposed by the
indenter and was not further considered to build the numerical model.

4. Inverse methodology

The experimental results presented above indicate that the hardness of Al/SiC nanolaminates
is mainly controlled by the composite response of the constituents. It is reasonable to assume
that the strength of the amorphous SiC layers was independent of the layer thickness and
temperature, at least up to 100 °C. Therefore, the experimental variation of the nanolami-
nate hardness with layer thickness and temperature has to be attributed to changes in the
Alyield stress and/or the Al/SiC interfaces. Previous micropillar compression studies [26]
showed that interface sliding might be triggered at the free surface of the pillar at elevated
temperature, reducing the level of constraint imposed by the SiC layers. However, in the
case of nanoindentation, the constraint imposed by the surrounding undeformed material
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yields unnecessary to consider interface sliding as a potential deformation mechanism.
Under these hypotheses, it is possible to obtain the yield stress of the Al layers from the
nanolaminate response using an inverse methodology based on the numerical simulation
of the nanoindentation experiments with the finite element method. This phenomeno-
logical model attributes all hardness changes to changes in the flow stress of the Al layers
with layer thickness and temperature, without making any assumptions on the operating
deformation mechanisms. In order to validate the approach of the inverse methodology,
the mechanical response provided by the numerical model (in terms of hardness) as first
fitted with the experimental results for series I nanolaminates at 25, 50 and 100 °C. And the
accuracy of the quantitative data determined for the Al yield stress was then assessed by
comparing the predictions of the numerical model with the experimental results of series
II nanolaminates at different temperatures.

4.1. Numerical model

The numerical simulations of the nanoindentation experiments were performed using
the finite element method with the commercial software Abaqus 6.13. The axisymmetric
2D model is depicted in Figure 4(a). It includes the Al/SiC nanolaminate with 10 um in
thickness (similar to the real nanolaminate thickness and with the top layer of SiC), the
Si substrate and the rigid conical indenter. The lateral dimensions of the model were large
enough to avoid any boundary effects. The indenter semi-angle was 70.3’, resulting in the
same projected area as that of a Berkovich indenter [39]. The actual average layer thickness
measured by TEM (Table 1) was used in each case, leading to seven different models to
represent the nanolaminates in series I and II (Figure 4(b)). The waviness of the layers was
not explicitly included in the models because it does not influence the hardness when the
indentation is perpendicular to the layers [40, 41].

The model was discretized using two-dimensional four-node linear axisymmetric ele-
ments with reduced integration (CAX4R) and the mesh was refined around the upper-left
corner. It was checked that the mesh used in the simulations was fine enough to provide
results independent of the element size. The boundary conditions were consistent with the
axial symmetry of the model: the horizontal displacement of the left boundary was impeded
while the bottom boundary was fully constrained in both the horizontal and vertical direc-
tions. The remaining surfaces were unconstrained. The indenter was represented by a rigid
surface. The friction coeflicient between the nanolaminate and the indenter was 0.1.

The Al and SiC were modeled as isotropic, elasto-plastic solids, with no strain hard-
ening, following the J2 theory of plasticity. This was chosen as a compromise to limit the
number of parameters to determine from the inverse analysis, but has been proven to yield
reasonable results in previous micropillar compression studies in the same material [26].
Si was modeled as an isotropic, elastic solid. The elastic modulus and Poisson’s ratio of all
three materials were obtained from literature [27] and are listed in Table 2. Even though
SiC is a brittle material, it undergoes plastic deformation under the indent due to the high
compressive hydrostatic stresses. The yield stress of SiC was 7 GPa, as estimated from the
nanoindentation response of 1 um thick monolithic SiC films. It was assumed constant
and independent of SiC layer thickness and temperature. The Al yield stress was varied in
the range 0.2 to 1.6 GPa because this was the range expected for the yield stress of the Al
nanolayers in the temperature range under study.
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Figure 4. (colour online) (a) Schematic of finite element models to simulate nanoindentation of the
Al/SiC nanolaminates. (b) Model structures of series | nanolaminates (Al100SiC50, AI50SiC50, Al25SiC50,
Al10SiC50) and series Il nanolaminates (AI100SiC100, Al25SiC25, Al10SiC10).

Table 2. Elastic constants of Al, SiC and Si considered in the numerical models.

Material Elastic modulus (GPa) Poisson’s ratio
Al 70 0.34
SiC 300 0.14
Si 187 0.28

The maximum penetration of the indenter was set to 1 um in all cases and the hardness
was obtained from the simulated load-penetration curves from the Oliver and Pharr method
[35], following the same procedure as in the experimental work. Simulations were carried
out using Abaqus/Standard within the framework of the finite deformations theory with
the initial unstressed state as reference.

4.2. Numerical results and determination of the Al yield stress

Representative load-penetration curves obtained from the numerical simulations of the
AI50SiC50 nanolaminate are plotted in Figure 5 for different values of the Al yield stress.
They show that the nanolaminate deformation was very sensitive to the Al flow stress
although the deformation mechanisms did not change. The contour plots of the accumulated
plastic strain, EP, in the A150SiC50 nanolaminate at the maximum indentation depth of
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Figure 5. (colour online) Load-penetration curves obtained from the numerical simulation of the AI50SiC50
nanolaminate as a function of Al yield stress.

(a)
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Figure 6. (colour online) Contour plot of the accumulated plastic strain in the AI50SiC50 nanolaminate
at the maximum indentation depth of 1 um. (a). Al yield stress of 0.4 GPa. (b) Al yield stress of 1.4 GPa.

1 pm are shown in Figure 6(a) and (b) for Al yield stresses of 0.4 and 1.4 GPa, respectively.
The plastic zone was confined below the contact area in both cases and it was localized in
the Al layers. Plastic deformation of the SiC layers only occurred in a very small region
encompassing two or three SiC layers under the indenter. Pile-up formation around the
indenter was not observed, and this confirmed the validity of the Oliver and Pharr method
to compute the hardness.

The hardness of the series I nanolaminates as a function of Al yield stress obtained from
the numerical simulations is plotted in Figure 7(a). The hardness scaled linearly with the Al
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Figure 7. (colour online) (a) Master curves of the influence of the Al yield stress on the hardness of series
I nanolaminates obtained from numerical simulations. (b) Determination of Al yield stress as a function of
the layer thickness and temperature from the master curves and the experimental values of the hardness
of series | nanolaminates.

yield stress and the slope was independent of the Al volume fraction in the nanolaminate
and around =2.7, which is remarkably close to the Tabor factor between hardness and yield
stress in metals [38].

The master curves in Figure 7(a) were the foundation of the inverse methodology to
obtain the yield stress of Al as a function of the layer thickness and temperature from the
experimental values of the hardness, based only on the experimental hardness measured on
the nanolaminates of series I (with a constant SiC layer thickness). In this figure, the solid
symbols stand for the experimental hardness at different temperatures, which are plotted
on top of the master curves obtained from the numerical simulations. The corresponding
abscissa in Figure 7(b) provides the quantitative value of the Al yield stress to attain the
experimental hardness according to the numerical simulations. The estimations of the Al
yield stress as a function of actual Al layer thickness (measured in the TEM images) and
temperature are depicted in Table 3. At room temperature, the yield stress of the Al layers
was much higher for thinner layers, in agreement with ‘the thinner, the stronger’ effect. This
size effect on the yield stress disappears, however, at 100 °C because the reduction in the
yield stress with temperature was much more dramatic for the thinner Al layers.

4.3. Validation of the yield stress obtained by the inverse methodology

The estimations of the yield stress in Table 3 were validated against the experimental results
of the hardness of the series IT nanolaminates, in which the Al and SiC layer thicknesses
were equal. To this end, the hardness was computed for the series II nanolaminates using
the values of the Al yield stress determined form series I (Table 3). The experimental results
and the numerical predictions are plotted in Figure 8, and they show an excellent agreement
when the nominal layer thickness was 225 nm at 25, 50 and 100 °C, supporting the validity of
the inverse methodology and the hypothesis made in this thickness range. Nevertheless, the
numerical predictions overestimated the experimental hardness in the case of the thinnest
nanolaminates (A110SiC10) in the whole temperature range. The origin of this discrepancy
is not obvious and several hypotheses are currently under investigation. For instance, the
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Table 3. Al yield stress as a function of the Al layer thickness and temperature, as determined by apply-
ing the inverse methodology to the experimental hardness of the nanolaminates in series | (constant
SiC layer thickness).

hy Yield stress (25 °C) Yield stress (50 °C) Yield stress (100 °C)
(nm) (MPa) (MPa) (MPa)
10 1477 + 39 1280+ 133 569 + 39
21 1243 +206 877 +79 100 + 38
52 877 + 64 714 + 64 190+ 79
90 891+ 140 803 + 140 415+ 98
10 T T T T T T T T T T
r Exp. Simul.
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Figure 8. (colour online) Validation of the inverse methodology by comparing the experimental results
and the numerical predictions of the hardness for series Il nanolaminates at 25, 50 and 100 °C. A good
correlation is found between experiments and predictions for layer thickness above 25 nm.

layered structure of the Al10SiC10 could break down in some areas due to the small layer
dimensions and the layer waviness, although the limited information provided by the TEM
images of Figure 1(e) does not support this assumption. It is also possible that the thickness
of the SiC layers is not enough to constrain the deformation of the Al layers and/or that
the assumption of a perfectly bonded interface does not hold anymore with such a large
interface density.

5. Al deformation mechanism as a function of layer thickness and
temperature

5.1. Layer thickness

The values of the yield stress of the Al layers obtained from the inverse methodology are
plotted as a function of the Al layer thickness at different temperatures in Figure 9(a). The
results of the inverse methodology for layers with 10 nm in thickness were not included, as
they could not be validated against the experimental results of the series II nanolaminates.
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Figure 9. (colour online) Evolution of the Al yield stress at 25, 50 and 100 °C as a function of (a) Al layer

thickness, h,,.. (b) Minimum of Al layer thickness, h,, and lateral grain size, d,. The solid curves are added

as guides to the eyes.

The experimental values of the yield stress of monolithic Al films of 1000 and 200 nm in
thickness [23], estimated from the room temperature nanoindentation hardness (assum-
ing a Tabor factor of 2.7), were included in this figure for reference. The first interesting
observation in this figure is the inversion of the size effect with temperature. While ‘the
thinner, the stronger’ holds at ambient temperature, the mechanical response at 100 °C
shows the opposite behavior with ‘the thicker, the stronger’ and the size effect is not found
at 50 °C. The second observation is that the layer thickness was not the only controlling
length scale as the 50 and 100 nm thick Al layers displayed identical yield stress, despite the
difference in layer thickness. According to the microstructural characterization, the lateral
grain size, dl, became smaller than h , When the layer thickness reached 100 nm, and this
feature should also play a role, as grain boundaries will also act as obstacles to dislocation
glide. To account for this, the yield stress was plotted in Figure 9(b) as a function of the
critical dimension, understood as the minimum between the layer thickness, /,, and the
lateral grain size, d,. This new representation of the data provides a clearer picture of the
influence of the critical dimension (either layer thickness, h,,, or lateral grain size, d) on
the yield stress of the Al layers.

The room temperature results for the yield stress of Al layers with thickness in the range
25 to 100 nm showed the expected ‘the thinner, the stronger’ size effect. In this size range,
the Al yield stress is expected to be controlled either by the pile-up of dislocations at inter-
faces or grain boundaries [42,43], by the CLS of single dislocations [14,44] and/or by the
activation of dislocation sources [45]. In the first scenario, the yield stress g, is expected to
follow a Hall-Petch behavior according to:

AP

0, =0, +kI™* (1)

where [ stands for the mean free path of dislocations, ¢, is the bulk yield stress and k is the
Hall-Petch coefficient. Using the values in the literature for pure Al (o, = 10-20 MPa and
k=0.07 MPaVm [46]), the predictions of Equation (1) with /= h ,, underestimated by a large

extent the experimental values, Figure 10(a). If | = min{h,, d}, the predictions of Equation
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Figure 10. (colour online) Comparison between experiments and predictions of different models for the
yield stress at room temperature when the critical distance controlling plastic deformation is: (a) the layer
thickness, h,. and (b) The minimum between the layer thickness, h,, and the lateral grain size, d. Data
on thick 1 and 2 um thick Al layers is taken from Ref. [23].

Al

(1) are closer to the experimental results but still underestimate the experimental data,
Figure 10(b). These results are not surprising since it is well established that the mechanics
of thin films is substantially different from that of polycrystalline metals.

Nix [42], for single-crystalline thin-films, and later Thomson [43], for polycrystalline
films, proposed different expressions accounting for the hardening due to the deposition of
dislocation segments at the interfaces and grain boundaries in passivated thin-films. They
can be combined in the following simplified equation:

MG (L (A (d
Gy_M8n(1—v)[tln<b)+dln<b>] @

where M is the Taylor factor, G and v are the shear modulus and the Poisson’s ratio, respec-
tively, b the Burgers vector, t the film thickness and d the grain size. The work of Nix [42]
and Thomson [43] was the first to propose a 1/d dependency of the yield stress with film
thickness and grain size for thin-films, instead of the 1/d*> dependency coming from the
classical Hall-Petch theory. If M = 3.1 for an untextured film, and using the constants of Al
(G=24 GPa,v=0.3,and b = 0.286 nm), the predictions of Equation (2) are compared with
the experimental results in Figure 10(a) assuming ¢ = d = h,,; and in Figure 10(b) assuming
t=h,,and d = d, The variation in the curvature of the curve plotted in Figure 10(b) is due
to changes in the aspect ratio of the grains around 50 nm, as indicated above. The qualitative
agreement between the predictions of Equation (2) and the experimental data in Figure
10(b) is remarkable for sub-micrometer thick layers but the yield stress of the layers with
thicknesses <100 nm was still underestimated.

Strengthening in ultra-thin films has also been explained by the CLS of single dislocations
constraint by the presence of impenetrable interfaces [14, 44, 46]. In this case, the stress
required for dislocation glide inside one of the Al layers can be expressed as [14]

GZMG_b(4—v)lln(a_t> f, Gb
4 8z \1—v b

t

AT 3)
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where « is the dislocation core cut-off parameter, L the mean spacing of glide loops in a
parallel array within the layer, fthe characteristic amorphous/crystalline interface stress and
the remaining parameters in Equation (3) were defined above. The predictions of Equation
(3) using =1, L =30 nm and f= 1 J/m?* (which are sensible values for this nanocrystalline/
amorphous multilayer) and the elastic properties of Al are plotted in Figures 10(a) and (b)
and they are in very good agreement with the experimental data. Nevertheless, it should be
noted that the predictions of Equation (3) do not depend explicitly on grain size. And, in
addition, it is unlikely that CLS is the mechanism controlling strength for layer thicknesses
of 100 nm and above when the lateral grain size is smaller than the layer thickness.

Finally, the yield stress may be controlled by the activation of dislocation sources within
the Al grains if dislocations are scarce [45,47,48]. The stress necessary to activate dislocation
sources according to von Blanckenhagen et al. [45] is given by

o,=M S/—4 (4)
where s is the smallest between the grain size and the layer thickness, and s/4 is an estimate
of the most effective dislocation source length that might be contained within one grain.
The predictions of Equation (4) are plotted in Figures 10(a) and (b) assuming s = h,; and
s =min{h,, g}, respectively. Both predictions overestimate the experimental values of the
yield stress to a large extent, indicating that the plastic deformation of the nanolayered films
is not controlled by the nucleation of new dislocations, and that the presence of pre-existing
dislocations leads to yielding at lower stresses. Nucleation of partial dislocations at grain
boundaries has also been suggested for Cu thin-films [49], but it is unlikely in the present
case because of the high stacking fault energy of Al

Summing up, these results indicate that the strength of sub-micrometer Al thin-films is
controlled by grain boundary strengthening. A transition occurs, however, at 100 nm and
plastic deformation becomes controlled by CLS for thinner layers. This change is linked
to the aspect ratio of the Al grains, which become wider than the layer thickness at this
point. Note that previous works on other metal/ceramic nanolaminate systems, such as
Al/ALO, [15], AI/TiN [16], Ti/TiN [13], suggested the yield stress varied with the layer
thickness following Hall-Petch model but no attempt was carried out in these investigations
to determine the yield stress of the metallic layers from the nanolaminate strength. Our
results point out that it is important to consider other microstructural features, such as the
grain size, to get a better understanding of the size effects.

5.2. Temperature

The experimental data presented above showed a dramatic effect of temperature on the
mechanical properties of the nanolaminates and on the yield stress of the Al layers (Figure
9). Moreover, the strength reduction increased as the layer thickness decreased, as shown
in Figure 11(a) and, as a result, the size effect observed at 25 °C was inverted at 100 °C. The
mechanisms controlling the yield stress at room temperature (which were discussed above)
only depend on temperature through the elastic constants, and it is obvious that other
deformation mechanisms, such as dislocation climb, dislocation cross-slip and/or grain
boundary and interface diffusion, have to be triggered at 100 °C to explain the mechan-
ical response. A temperature of 100 °C represents a homologous temperature of ~0.4 for
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Figure 11. (colour online) (a) Reduction of the yield stress of the Al layers with temperature, o-y(T)/ay(ZS"C)

as a function of the layer thickness, h,. (b) Yield stress of the Al layers at 25, 50 and 100 °C vs. hA,d,Z.

Al, which is large enough to trigger diffusion-assisted mechanisms. Considering that the
temperature sensitivity is much larger for the thinnest layers, it is instructive to analyze the
results based on Coble creep due to grain boundary diffusion. In this case, the strain rate
€ can be expressed as [50]

é:A%exp (%) (5)

where A is a constant that depends on the grain boundary diffusion, R the gas constant,
d the grain size and Q the activation energy for grain boundary diffusion. Re-arranging
Equation (5), and considering that the grains have a lateral size, d, and a height, d (=h,)),
the flow stress can be expressed as,

é Q
o= —exp (ﬁ>dfhm (6)

and, therefore, should be proportional to the volume of the grains, dh , , for a given strain
rate and temperature. The dependence of the flow stress with dh,, is plotted in Figure
11(b) at 25, 50 and 100 °C. Although this analysis can only be considered as indicative, the
results at 100 °C are in very good agreement with the behavior expected for Coble creep and
support the hypothesis that interface and grain boundary diffusion might limit the potential
strengthening obtained by reducing the thickness of the Al layer at temperatures as low
as 100 °C. These results contrast with those obtained in Cu/Nb nanolaminates, that show
that strengthening due to size effects is still operative at temperatures as high as 300 °C [4],
which also represents an homologous temperature of =0.4 for Cu. So, either the behavior
of the Cu/Nb interfaces at high temperature differs from that of the Al/SiC interfaces or the
high temperature stability of ultra-thin Cu films is larger than that of Al
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6. Conclusions

The mechanical properties of Al/SiC nanolaminates manufactured by magnetron sputter-
ing with layer thicknesses between 10 and 100 nm were studied by nanoindentation in the
temperature range 25 to 100 °C. The nanolaminate hardness at 25 °C decreased linearly
with the volume fraction of Al and increased non-linearly as the thickness of the Al layers
decreased. The nanolaminate showed a dramatic reduction in strength at 100 °C, which
was more marked when the Al layers were thinner.

Assuming that the strength of the SiC layers was constant, the strength of the Al layers
as a function of the layer thickness and temperature was obtained from the hardness of
the nanolaminates by an inverse methodology based on the numerical simulation of the
nanoindentation tests using the finite element model. The yield stress of the Al layers at
25 °C showed a large ‘the thinner, the stronger’ size effect, which depended not only in the
layer thickness but also on the microstructure, which changed with the Al layer thickness,
h . It was found that the vertical grain size, d , was always equal to h,, regardless of the
layer thickness but the lateral grain size, d,, was longer than h,,, for layer thicknesses below
50 nm and shorter than £, for layer thicknesses above 50 nm. Taking these features into
account, the yield stress of the Al layers was compatible with a deformation mechanism
controlled by the interaction of dislocations with grain boundaries for the thicker layers
(>50 nm), while CLS controlled the deformation for layers below 50 nm.

The dramatic reduction in the Al yield strength with temperature, which increased as
the Al layer thickness decreased, led to an inverse size effect at 100 °C. The yield stress of
the Al in the nanolaminate with 100 nm thick layers was four times higher than that of the
nanolaminate with 25 nm thick ones at 100 °C. These results were compatible with plastic
deformation mechanisms controlled by grain boundary and interface diffusion at 100 °C,
which limit the strength of the ultra-thin Al layers at high temperature.
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