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Fatigue crack initiation in polycrystalline materials is dependent on the local microstructure and the
deformation mechanism, and can be attributed to various mechanistic and microstructural features
acting in concert like the elastic stress anisotropy, plastic strain accumulation, slip-system length, and
grain boundary character. In nickel-base superalloys, fatigue cracks tend to initiate near twin boundaries.
The factors causing fatigue crack initiation depend on the material's microstructure, the variability of
which results in the scatter observed in the fatigue life. In this work, a robust microstructure based
fatigue framework is developed, which takes into account i) the statistical variability of the material's
microstructure, ii) the continuum scale complex heterogeneous 3D stress and strain states within the
microstructure, and iii) the atomistic mechanisms such as slip-grain boundary (GB) interactions,
extrusion formations, and shearing of the matrix and precipitates due to slip. The quantitative infor-
mation from crystal plasticity simulations and molecular dynamics is applied to define the energy of
persistent slip bands (PSB). The energy of a critical PSB and its associated stability with respect to the
dislocation motion is used as the failure criterion for crack initiation. This unified framework provides us
with insights on why twin boundaries act as preferred sites for crack initiation. In addition to that, the
computational framework links scatter observed in fatigue life to variability in material's microstructure.

© 2016 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
1. Introduction

Fatigue scatter observed in components made of polycrystalline
materials can be partly attributed to the variability of complex
heterogeneities in the microstructure. These heterogeneities are
responsible for the complex stress and strain fields developed un-
der load, and govern where cracks could potentially nucleate.
Empirical life prediction methods [1,2] cannot relate fatigue life to
the variability in microstructure. Although there has been sub-
stantial work done in using advanced computational tools and
experimental techniques to understand the driving forces for fa-
tigue crack initiation, there is still a considerable amount of work to
do in calculating fatigue scatter by explicitly taking into consider-
ation the heterogeneities of a given material's microstructure and
d).
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the complicated 3D stress and strain states that develop within the
bulk of the material. The current work discusses a computational
fatigue framework which fills this gap by linking virtual micro-
structures that resemble real material's microstructure in a statis-
tical sense, to a fatigue life prediction model. This life prediction
model within the fatigue framework defines crack initiation based
on the stability of persistent slip bands (PSBs) as they interact with
grain boundaries (GBs).

During fatigue loading, dislocations multiply and accumulate
within the material resulting in an increased value of the disloca-
tion density. These dislocations arrange themselves in the lowest
energy configurations by forming clusters of dipoles [3e5]. As a
consequence, strain is localized into thin slip bands called PSBs,
which are precursors for crack initiation. In polycrystalline metals,
PSBs consist of alternating high and low dislocation density zones,
representing a ladder-like structure [6,7]. In precipitation hardened
materials, like nickel-base superalloys, PSBs form as dislocations
cut through the gmatrix and g0 precipitates in a planar slip manner
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[8,9]. Essman, Mughrabi, and co-workers have done extensivework
in understanding strain localization in PSBs and establishing the
formation of extrusions, intrusions, and microcracks due to inter-
action of PSBs with surfaces and GBs [6,7,10]. PSBs were observed to
pass through low angle grain boundaries (LAGB) unhindered,
where as they are impeded by high angle grain boundaries (HAGB).
The PSB-HAGB interaction results in the formation of dislocation
pile-ups, which increase stress concentrations at the PSB-GB
interface, ultimately leading to the formation of microcracks [11].
The topic of PSB formation in polycrystalline metals and alloys has
been discussed extensively in literature surveys [12e14]. The
experimental observations pertaining to the structure of the PSB
and its interaction with GBs are taken into consideration while
formulating the energy of a PSB, whose stability will be used to
define crack initiation in the fatigue framework discussed in the
current study.

Microcracks were observed to nucleate at the twin boundaries
(TBs) in certain FCC polycrystalline metals [11,15e17] and alloys
[18e22]. Over the past three decades, studies have searched for an
understanding of why TBs are preferred sites for fatigue crack
initiation. Wang et al. used a finite element model on a bi-crystal
with a TB and found that stress and slip enhancement is greatest
in a small volume of material near the surface and close to the TB
[23]. Peralta et al. calculated the compatibility stresses at TBs and
varied the orientation of the loading axis to the TB [24]. They
observed that the stress concentration at the TB is a maximum
when the tensile axis is applied along a <111> direction. Neumann
derived an analytical expression for the tractions at the intersection
of a TB and a surface, and further emphasized that the observed slip
activity and the crack initiation on planes parallel to the TB plane is
not due to the compatibility stresses, but due to the logarithmic
singular surface tractions that occur at the intersection of the sur-
face with the TB [25]. In addition to simple bicrystal based models,
which teach us about activity in the local neighborhood of a TB,
high fidelity models that take into account heterogeneous defor-
mation of twins and energetics of twin-slip interactions have also
been developed.

Sangid et al. using molecular dynamics (MD) simulations,
showed that coherent TB offers the lowest interface energy and
highest barrier to dislocation nucleation and transmission, thus
providing a significant strengthening contribution [26]. Further,
Sangid et al. developed a microstructure-based model to predict
fatigue crack nucleation in a nickel-base superalloy, U720, con-
sisting of a high density of coherent TBs [22,27,28]. Their model,
which takes into account the energetics of GBs and the interaction
of PSBs with GBs, predicted that most often cracks nucleated at TBs
in U720, which was also observed in experiments [22]. By calcu-
lating a fatigue indicator parameter in a crystal plasticity frame-
work, Castelluccio and McDowell showed that large annealing
twins are more detrimental than thinner deformation twins and
stressed their importance [29]. Further, Cerrone et al. used gradient
crystal plasticity in a finite element model of an experimentally
measured 3Dmicrostructure wherein amicrocrack nucleated along
a coherent TB in a nickel-base superalloy, LSHR [30]. From the
crystal plasticity simulations, they hypothesized that high elastic
anisotropy and coplanarity of the boundary plane with a {111} slip
plane were responsible for the accumulation of slip and subse-
quently for the microcrack nucleation event at the TB. Each of the
aforementioned analytical and computational models provide
valuable insights into the role played by TBs on fatigue crack
initiation in polycrystalline materials. But understanding why fa-
tigue cracks initiate at twins from a lengthscale point of view is still
lacking. The fatigue framework presented in the current study takes
into account, the energetics of slip-twin interaction (calculated
using MD), and the quantitative information from the complicated
stress/strain states developed within the twin (obtained from
crystal plasticity simulations) and uses this information in a failure
prediction model. A focus of the current study (which explicitly
considers TBs in the microstructure) is to understand the effect of
elastic anisotropy, plastic strain accumulation and normal stress on
crack initiation at twins.

Fatigue crack nucleation is a microstructure and deformation
mechanism based phenomenon and a robust fatigue prediction
model should consider contributions from various length scales.
Although there has been substantial and important work done
using crystal plasticity based models and MD simulations, the
present work develops a framework, which unifies length scales
(by considering both atomistic and continuum level contributions)
with explicit consideration of microstructures. Such a high fidelity
model helps us gain more insight into the most critical factors that
contribute to crack nucleation and also link microstructure vari-
ability to scatter observed in fatigue life. This framework takes
quantitative information of the heterogeneous deformation from
crystal plasticity simulations pertaining to microstructure de-
scriptions of 3D stresses and strains, energetics of slip-GB interac-
tion, stacking fault and anti-phase boundary energies from
atomistic calculations, to predict where cracks could potentially
nucleate. Further, this framework explicitly includes twins in sta-
tistically equivalent microstructures (SEMs) that are built on the
morphological and crystallographic statistics obtained from the
real material's microstructure data. The present work also delivers
insights on the evolution of elastic anisotropy and plastic strain
accumulation at the GBs. The development of SEMs based on the
microstructure of the material of interest is discussed in Section 2.
Section 3 discusses the formulation of the PSB energy based,
microstructure dependent fatigue framework. The integration of
the results from crystal plasticity based simulations and the fatigue
model of PSBs are discussed in this section. Section 4 includes re-
sults and discussion. Conclusions are presented in Section 5.

2. Material characterization and statistically equivalent
microstructure (SEM)

A nickel-base superalloy, RR1000, developed by Rolls-Royce plc
is used in this study. The material produced using powder metal-
lurgy process underwent forging and was heat-treated above the g0

solvus (at 1170 �C) for 5 h [21]. RR1000 is a precipitation hardened
material and the ordered g0 precipitates present in the material
provide a strengthening mechanism and stability at elevated tem-
peratures. The heterogeneities present in the microstructure are
quantified based on experimental electron backscatter diffraction
(EBSD) data. These complex heterogeneities govern strain locali-
zation within the material and affect fatigue life. Quantitative
characterization of the microstructure provides information on
grain size distribution, orientation distribution (to understand
texture of the material), misorientation distribution (to spatially
understand the neighbor orientations) and grain boundary char-
acter distribution of special type of GBs called coincident site lattice
(CSL) GBs. Such a characterization not only helps in linking
microstructure to properties but also provides benchmark statistics
based on which statistically equivalent microstructures (SEMs) can
be generated. SEMs are virtual microstructures, built to statistically
represent the (morphological and crystallographic) heterogeneities
of the microstructure of the material, as closely as possible, as well
as the strength properties of the material (but not necessarily the
extreme values for fatigue as discussed in Section 4).

In order to enhance the predictive capabilities of the micro-
structure based failure prediction model, the representation of the
microstructure must capture the variability observed in the mate-
rial. For this purpose, the statistics of the different morphological
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and crystallographic characteristics mentioned above are accoun-
ted for, while creating the SEMs that are representative of RR1000.
Texture of RR1000 was observed to be random. Hence, a random
texture definition was assigned to the SEMs generated.

The data at hand is the 2D microstructure of the material that is
derived from an EBSD scan of the material. To fully characterize
grain structure, direct 3D data is a necessity, but due to the lack of
availability of the 3D material data, certain (stereological and other
modeling) assumptions have to be made while transitioning from
2D to 3D. Two main assumptions are made in obtaining the 3D
grain size distribution from the 2D grain size distribution. First, it is
assumed that the grain size in the 3D SEM would follow a
lognormal distribution. This appears to be a valid assumption as a
wide variety of metals and alloys have a lognormal grain size dis-
tribution [31]. The second assumption is to scale the 2D grain sizes
obtained from EBSD data, with a stereological scaling factor 4

P.
Groeber [32] showed that this scaling is reasonable and the error is
within 5% by comparing the scaled data obtained from 2D micro-
structure data of a nickel-base superalloy, IN100, with 3D micro-
structure data.

Grain shape distributions are not as straight forward as the grain
size distributions. The irregular geometries that are typical features
of grains in a polycrystalline material make it difficult to unam-
biguously describe the shapes of grains. Due to the lack of avail-
ability of the 3D data of RR1000, the grain shape distribution
parameter (in the form of moment invariants) information was
extracted from the experimental 3D data set of a sub-solvus heat
treated nickel-base superalloy, IN100 [33]. This information was
input into DREAM.3D [33,34] to define the shapes of the grains in
the equivalent microstructure.

A characteristic feature of the microstructure of RR1000 is the
considerably high number of annealing twins. Hence the grain
boundary character distribution of the SEMs generated should
show a high frequency of annealing twins to mimic the real
microstructure as closely as possible. Annealing twins were inser-
ted into the microstructure using a twin-insertion code [35]. The
twin-insertion code chooses one of the four variants (and their
conjugates) of the <111> planes at random and the corresponding
grain orientation for the twin is calculated by rotating the orien-
tation of the parent grain 60� about the same <111> variant that
was chosen. The percentage of annealing TBs (with respect to all
CSL GBs in the SEM) in the SEMs closely matched the values
observed in real microstructure data. All the twins inserted into the
microstructure are continuous within their respective parent grain
and do not have discontinuities like steps or ledges.

The statistics obtained from the 2D characterization of the
material followed by stereological assumptions is input into the
StatGenerator toolbox in DREAM.3D, which creates SEMs, following
which surface meshes of these microstructures can be generated.
These surface meshes were converted into a volume mesh using
parallelized polycrystal mesher (PPM) [36]. Fig. 1 gives a brief
overview of the process involved in the generation of SEMs, which
are then volume meshed to be used in a crystal plasticity finite
element framework.

3. PSB energy based fatigue model

Over the past three decades, various micro-mechanical fatigue
crack initiation models have been developed that consider the
energy of dislocation structure within PSBs [22,27,28,37]. Tanaka
and Mura define crack initiation at a point when the total energy of
the PSB equals the specific fracture energy of the material [37].
Sangid et al. formulated the energy of a PSB within a polycrystalline
nickel-base superalloy using energy contributions from atomistic
and continuum length scales, and defined crack initiation to occur
at a point when the PSB reaches a minimum energy configuration
[22,27,28]. The aforementioned models do not account for a com-
plex 3D stress state evolving within each grain of the polycrystal,
e.g. the previous models use Schmid factors to calculate resolved
shear stress on a slip system. The model presented in the current
study uses a modified version of the energy expression developed
by Sangid et al. [22,27,28], by taking the outputs of crystal plasticity
finite element (CPFE) based calculations, including the normal
stress, resolved shear stress and accumulated strain in a slip system.
This information along with the GB energetics is fed into PSBmodel
(discussed below) to predict the potential location of crack
nucleation.

Fig. 2 displays a schematic of a PSB formed in a nickel-base
superalloy, based on shearing of g0 precipitates. In the schematic
shown, a PSB traverses a LAGB and is impeded by a HAGB (for
example an annealing TB), where the dislocations pile-up, form
extrusions at the boundary plane, and thereby concentrates stress
at the boundary. With this established view of a PSB (based on
experimental observations), we define the energy of a PSB as
follows:

EPSB ¼ Eatomistic scale contributions þ Econtinuum scale contributions

(1)

Eatomistic scale contributions ¼ E
g and g

0
shearing

þ Eextrusion formation at GBs (2)

E
g and g

0
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¼
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0
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0
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0
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1
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�
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�
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Putting all the above energy expressions together, the total en-
ergy of a PSB is mathematically expressed as follows:

EPSB ¼
X
i

vXi

0
@f
ZL
0

gAPBdL þ ð1� fÞ
ZL
0

gSFEdL

1
Anlayers

eff

þ
X
i

vXi

�
Eg�MD
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�
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�
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� DtaCPFEM � shardening

�
bLnlayers; (9)

where vXi is the incremental slip within PSB, f is the volume



Fig. 1. Workflow for generating statistically equivalent microstructures.

Fig. 2. Schematic of a PSB.
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fraction of the g0 precipitate phase, gSFE is the stacking fault energy
of the g phase, gAPBE is the anti-phase boundary energy of the g0

precipitate, nlayers
eff is the number of effective layers contributing to

SFE or APBE, L is the length of the PSB, Eg�MD
slip�GB is the energy

required for a dislocation to transmit across a GB, ndis
ext�GB repre-

sents the number of dislocations forming an extrusion at the GB, b
is the magnitude of the Burgers vector, h is the width of the PSB,
DtaCPFEM is applied cyclic stress on the PSB, shardening accounts for
the hardening within the PSB, spile�up is the pile-up stress at the
intersection of the PSB and the GB, and nlayers is the number of slip
planes within the PSB, which is related to the PSB width, h as
nlayers ¼ h

b.
Failure (e.g. fatigue crack initiation) would occur when the en-

ergy of the PSB would attain its minimum value. Mathematically
speaking, cracks would initiate when the following condition is
satisfied:

vEPSB
vXi

¼ 0: (10)
3.1. Atomistic level contributions

Atomistic level deformation mechanisms which contribute to
fatigue failure are taken into consideration in the current fatigue
model. Dislocations exist within a PSB by shearing the matrix and
the g0 precipitates and pile-up at the GBs to form extrusions. The
energy that goes into aforementioned deformation mechanisms
was calculated using MD simulations in LAMMPS [38].
3.1.1. Shearing of matrix and precipitates
At intermediate temperatures, dislocations were observed to

shear g0 precipitates in RR1000 [39]. For a dislocation within a PSB
to shear through the g matrix (Ni) and g0 precipitate (Ni3Al), it has
to overcome the energies associated with destroying the stacking
sequence of an FCC structured Ni and an ordered L12 structured
Ni3Al, which are defined as the stacking fault energy (SFE) and the
anti-phase boundary energy (APBE), respectively. Embedded atom
potentials from FoileseHoyt [40] and Mishin [41] were used to
calculate the SFE and APBE curves for g and g0 phases, respectively.
Based on these energies, the total energy required by a PSB of
length L, to shear through a matrix and precipitate phase is given
by:

E
g and g

0
shearing

¼
X
i

vXi

0
@f
ZL
0

gAPBdL

þ ð1� fÞ
ZL
0

gSFEdL

1
Anlayers

eff : (11)

In multi-axial fatigue, the critical plane is a combination of
having the maximum normal stress and shear strain according to
the description of FatemieSocie [42]. The concept of normal stress
acting as a driving force for crack initiation [42] and growth has
been extended to microstructural sensitive fatigue models [29],
which is adopted in this analysis. It is established that SFE and APBE
are affected by an application of normal strain on the slip system
[43,44]. As depicted in Fig. 3, the application of tensile normal load
moves the atom layers apart which makes it easy for slip to occur
on the slip planes, thereby reducing the SFE (or APBE) and vice



Fig. 3. Schematic of normal strain acting on PSB, stretching (or compressing) the
lattice, shown in the inlet figures.

Fig. 5. Energy barrier for dislocation transmission across various types of CSL GBs
(figure taken from Sangid et al. [27]).
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versa. SFE and APBE curves (for Ni and Ni3Al phases respectively)
have been plotted for various normal strains (Fig. 4a and b). The
normal strains were applied along the <111> direction perpen-
dicular to the slip planes. It is evident from the plots that the
respective energies increased with an application of compressive
normal strain and decreased with an application of tensile normal
strain consistent with previous studies [43,44].
3.1.2. Extrusion formation
As discussed earlier, a PSB is impeded by a HAGB, and due to this,

the dislocations within the PSB pile-up at the GB. Stress concen-
tration at the GB increases and leads to activation of slip systems in
the neighboring grains. As a result, dislocations could be partially
transmitted across the GB leaving behind a residual dislocation at
the GB [46]. The discontinuous nature of slip and strain in-
compatibility at GBs leads to slip irreversibilities and hence
extrusion formation, with repeated cyclic loading [13]. This in turn
raises the stress concentrations at the PSB-GB interface due to
extrusion formation. The energy needed for a dislocation to form an
extrusion depends on the type of the GB, thus the fatigue model
incorporates local affects of each specific type of GB's resistance to
slip transmission. From the plot in Fig. 5 (reproduced from Sangid
et al. [27]), TB offers the highest barrier to dislocation transmission.
Fig. 4. (a) SFE curve for various applied normal strains. (b) APBE curve for various applied n
Depending upon the type of the GB and the number of dislocations
forming an extrusion at the GB, the energy required by a PSB to
form an extrusion, Eextrusion formation at GBs, is given as follows:

Eextrusion formation at GBs ¼
X
i

vXi

�
Eg�MD
slip�GBn

dis
ext�GBbh

�
: (12)

The calculation of number of dislocations penetrating a GB,
ndis
ext�GB, is not straight forward and it was calculated based on

empirical relations. In order to consider the evolution of cyclic slip
irreversibilities due to formation of extrusions, empirical formula-
tion of extrusion growth with an increasing number of cycles is
incorporated into the model, as rigorous experimental data are not
available for the evolution of extrusion at GBs. There is a vast
amount of work done in understanding how PSBs evolve at the
surface. Risbet et al. [9,47] measured extrusion heights at the sur-
face of a nickel-base superalloy using AFM techniques. It was
observed that extrusions appeared after a threshold number of
loading cycles, noffset. The number of dislocations within the
ormal strains, (inlet schematic was redrawn based on schematic from Rice et al. [45]).
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extrusions is assumed to follow a square root dependency on the
number of fatigue cycles, based on the model of Essmann, G€osele,
Mughrabi [6]:

ndis
ext�GB a

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
n� noffset

p
; (13)

where noffset is calculated based on the condition that the applied
stress ðta þ spile�upÞ on a dislocationwithin a PSB impinging upon
the GB must be greater than the transmission resistance offered by
the GB. This GB resistance to PSBs is calculated using Stroh's
formulation [48] assuming that the PSB is favorably aligned to the
GB to form extrusions and hence initiate a crack. Christ [49] used
this relation of GB cracking due to pile-ups to study PSB-GB inter-
action. Their expression calculates the stress required by a pile-up
to nucleate a crack, which was formulated to be dependent on
the surface energy (g) of thematerial. We replace this termwith the
GB energy calculated from MD simulations to quantify various GBs
resistance to dislocation transmission and extrusion formation.
Hence the model calculates noffset based on the condition that ex-
trusions would cross a GBwhen the applied stress ðta þ spile�upÞ is
greater than the GB resistance (sstroh, see Eq. (16)). Also the number
of dislocations that penetrate the GB increases with an increase in
the applied stress:

ndis
ext�GB a

ta þ spile�up � sstroh

sstroh
; (14)

where the resolved shear stress ta is taken from CPFE calculations,
spile�up is calculated based on the relation between long range pile-
up stresses in terms of slip system strain, formulated by Schou-
wenaars et al. [50] as follows:

spile�up ¼ 1:8mga

pð1� vÞ : (15)

Here m is rigidity modulus, v is the poisson's ratio and ga is accu-
mulated strain in the slip-systemwhich is calculated from the CPFE
simulations. As mentioned earlier, sstroh is calculated based on the
Stroh's formulation [48], expressed as follows:

sstroh ¼
(

pEtransGB m

2ð1� vÞL

)1
2

; (16)

where EtransGB is the dislocation transmission energy [26] of a GB and
its value for various types of CSL GBs is shown in Fig. 5, L is the
length of the PSB. It is noted that ndis

ext�GB depends on the pile-up
length itself; more dislocations form extrusions from PSBs with
large pile-up lengths and hence a length dependence is added to
the model

ndis
ext�GB a

L
Lavg

; (17)

where L is the pile-up length and Lavg is the average pile-up length
of all the PSBs formed.

Finally, a strain rate dependence is also established as to
differentiate between slip systems with higher strain rate (which
accumulate more slip and hence dislocations) and lower strain
rates.

ndis
ext�GB a

_ga

_go
; (18)

where _ga is the slip system strain rate and _go is the reference strain
rate for all slip systems. It is added in the denominator for the
expression to be dimensionally consistent. From the flow rule used
in the crystal plasticity formulation used in this framework
(described in Section 3.3), we have _ga ¼ _go

����ta�ca

ga

����m, where m is the
rate sensitivity parameter, ta is resolved slip-system stress, ca is
back stress on a slip system and ga is the critical resolved shear
stress (CRSS). Combining the individual empirical formulations we
define the number of dislocations penetrating the GB to form an
extrusion, ndis

ext�GB, as follows (by assuming proportionality con-
stants in Eqs. (17) and (18) to be 1 for simplicity):

ndis
ext�GB ¼

����ta � ca

ga

����m L
Lavg

�
ta þ spile�up � sstroh

sstroh

� ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
n� noffset

p
:

(19)

The PSB model uses energy barriers calculated from atomistic
simulations for specific types of GBs. These values for the static GB
energies (for distinct CSL GBs in Ni [27,51]), dislocation trans-
mission energy barriers and dislocation nucleation energies for CSL
GBs [27], stacking fault energy and anti-phase boundary energy
values (shown in Fig. 4) are stored within a database and called
within the PSB energy balancewhen needed (as the PSB encounters
specific types of GBs within the microstructure). Using the energy
values from a database makes the PSB model computationally very
efficient, as MD simulations do not have to be run on a repetitive or
hierarchical basis. These material models (relying on values, a pri-
ori, calculated and stored in databases) are easier to implement in
practice due to their computational efficiency, as demonstrated by a
spreadsheet based model developed by Parthasarathy et al. [52] to
calculate the yield strength of superalloys.

3.2. Continuum level contributions

In the continuum scale, the PSB is subjected to an i) external
stress field created due to the applied load, constrained deforma-
tion of neighboring grains and ii) internal stress fields due to long
range pile-up stresses and hardening that occurs within the PSB.
The continuum level description of dislocations contribution to the
energy of a PSB is as follows:

Econtinuum scale contributions ¼
X
i

vXi

�
spile�up � DtaCPFEM

� shardening

�
bLnlayers

: (20)

3.2.1. Applied stress
PSBs have been observed to form along one of the slip systems.

Hence due to an applied load, these PSBs will be subjected to a
resolved shear stress (RSS) acting on the slip system. In order to
consider the role of the grain interaction and the complex 3D stress
states that formwithin each grain, the RSS is directly taken from the
CPFEM simulations. Within the CPFEM constitutive models [53],
the RSSs are calculated by the expression FeTFeS� : ðsa5maÞ, where
Fe is the elastic part of the deformation gradient (F¼ FeFp [54]), S� is
the 2nd Piola Kirchoff stress, ðsa5maÞ is the Schmid tensor. It is
assumed in this model that PSB forms on the slip system with
maximum RSS. Hence DtaCPFEM is calculated based on the slip sys-
tem which showed a maximum range of resolved shear stress over
a cycle.

It is also observed that for the most active slip system within a
grain (composed of thousands of material points in the finite
element mesh) the percentage of standard deviation of RSS with
respect to the average value of RSS calculated over all material
points is less than 5% showing that if it is an active slip system then
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all the material points have similar values of resolved shear stress
with an error of ±5%. On the contrary, if the slip system is inactive
(with the RSS less than the CRSS) then the percentage of standard
deviation of RSS with respect to the average value of RSS calculated
over all material points is greater than 40%, inferring the large
variance of RSS values over the domain of the material points that
belong to that particular grain. Following this argument based on
statistical observation, we compute the average resolved shear
stress of all the slip systems, and only consider the maximum value
(pertaining to the most active slip system) from the twelve ob-
tained values. The maximum RSS value is used in the energy
expression of the PSB. Therefore, the applied cyclic stress DtaCPFEM is
calculated for the most active slip system, in an average sense over
all material points that belong to a grain. The DtaCPFEM is calculated
from peak to minimum applied load, thus accounting for the cyclic
nature of fatigue.
3.2.2. Dislocation pile-up
As discussed earlier, long-range pile-up stresses develop within

the PSB due to the pile-up of dislocations at the intersection of PSB-
GB. Schouwenaars et al. calculated the average of the stress fields of
pile-ups with randomly distributed numbers of dislocations [50].
For such a stress field which has a non-zero average stress, they
derived an expression for the maximum value of the pile-up stress
and showed that it would increase linearly with accumulated slip
system strain during incipient deformation, and in addition
showed, that it is independent of the grain size. We adapt their
formulation of pile-up stress into our continuum definition of pile-
up stress (Eq. (15)) and calculate it by obtaining the accumulated
slip system strain, ga, for the most active slip system already
determined (as described in Section 3.2.1).

High stress and displacement fields developed due to the pile-
up of dislocations at the PSB-GB intersection trigger cracks to
nucleate. Hence it is worthwhile to study the stress-fields due to a
pile-up of dislocations and the associated displacement fields,
which present an opening length-scale to promote a crack to
nucleate. For this purpose, a dislocation pile-up was considered
with twenty edge-dislocations, with their Burgers vector pointing
in X-direction, while the dislocation line direction pointed in the Z-
direction, as shown in Fig. 6a. Hence from the elastic description of
edge-dislocations, the strain and the displacement fields in the Z-
direction are zero. This makes it a plane strain problem in the XY
Fig. 6. (a) Coordinate system of the pile-up, (b) syy field due to the pile-up (units of the stre
are in nm).
plane. For the plot in Fig. 6, the material is assumed isotropic for
this analysis and image forces at the GB are not considered in
calculating the equilibrium positions of dislocations. For this setup
we calculated the equilibrium positions of dislocations in a pile-up
subjected to a resolved shear stress of 100 MPa. The stress field sYY
and the displacement-field Uyy were plotted to understand the
driving forces for crack opening along the YY direction. The stress-
field, sYY, around an edge dislocation is given by Ref. [55]:

sYY ¼ �mb
2pð1� vÞ

y
�
x2 � y2

	
�
x2 þ y2

	2 : (21)

The displacement-field, Uyy, around an edge dislocation is given by
Ref. [56]:

Uyy ¼ b
2p

 
1� 2v
2ð1� vÞ ln

1ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
x2 þ y2

p þ 1
2ð1� vÞ

y2

x2 þ y2

!
: (22)

The stress and displacement fields due to the dislocation pile-up
are shown in Fig. 6b and c. It can be observed that the stress field at
the intersection of the pile-up and the GB is at its peak, whereas the
peak of the displacement field is slightly offset from the pile-up and
GB intersection, possibly leading us to insights on why cracks
initiate at a slightly offset distance from the TBs, rather than at the
TBs [19,21]. Significant work-hardening occurs within the PSB and
evolves within the PSB according to the Taylor hardening relation
[57] given by:

shardening ¼ 0:45mb
ffiffiffi
r

p
; (23)

where r is the dislocation density within the PSB.
3.3. Crystal plasticity finite element (CPFE) framework

Crystal plasticity forms a bridge between applied macroscopic
load and micro-mechanical response at a slip-system level. The
CPFE framework combines anisotropic elasticity with rate depen-
dent crystal plasticity kinetics. It must be noted that inelastic
deformation is not only a result of crystallographic slip, it may also
occur via twinning, diffusion, and GB sliding. In the current
framework, plastic flow occurs primarily through dislocation glide,
at the temperature of interest (e.g. an intermediate elevated
ss are in GPa), and (c) Uyy displacement field due to the pile-up (units of displacement



Fig. 7. The macroscopic curve obtained by fitting the parameters to match the
experimental macroscopic stressestrain curve. The inlets show contour plots of stress
component in the loading direction.
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temperature).
The values of independent cubic elastic constants, Cij, are used to

solve for anisotropic elastic response of the polycrystalline nickel-
base superalloy, RR1000. As the g0 phase is not being explicitly
modeled, the Cij values are homogenized using the first order
VoigteReusseHill (VRH) method [58] as follows:

Cij ¼ 0:5

0
@fCg

0

ij þ ð1� fÞCgij þ
CgijC

g0

ij

fCg0

ij þ ð1� fÞCgij

1
A; (24)

where f is the volume fraction of the g0 phase and Cgij represent
elastic constants of Ni and Cg

0

ij represent the elastic constants of g0

phase. Kuhn et al. [58] showed that the difference between the
simpler first-order rules (like the VRH rule) and higher-order
structure-property rules (which take into account volume frac-
tion, shape, orientation, and orientation distribution of a second
phase) for a material containing globular g0 precipitates is less than
1% and hence justified the use of VRH rule to calculate homoge-
nized elastic constants for nickel-base superalloys.

In RR1000, the volume fraction of g0 phase is 48% [59]. The Cg
ij

and Cg
0

ij values of both the phases at the intermediate temperature
of interest, are taken from literature [60,61]. The elastic constants
obtained from VRH method gave a very close value for the Young's
modulus when a virtual microstructure was subjected to an elastic
strain, however there was still 5% error, when compared to the
experimental value. Hence the values of Cij were adjusted using a
binary search method, during which the Cij values were adjusted
until the Young's modulus value matched accurately with the
experimental value. The final Cij values obtained are as follows:

C11 ¼ 234:52 GPa; C12 ¼ 130 GPa; C44 ¼ 103 GPa

The flow rule describing incremental slip system strain is adapted
in this framework:

_ga ¼ _go

����ta � ca

ga

����msgnðta � caÞ; (25)

where _ga is the shearing rate of slip-system a, _go is the reference
shearing rate, ta; ca; ga are the corresponding slip system shear
stress, back stress (that accounts for Bauschinger effects) and crit-
ical resolved shear stress (or slip resistance which delays the onset
of plastic deformation), respectively. The slip resistance and back
stress evolve according to an ArmstrongeFrederick hardening
model [62]:

_ga ¼ H
XN
b¼1

qab
�� _gb��� Rga

XN
b¼1

�� _gb�� (26)

_ca ¼ c _ga � dcaj _gaj; (27)

where H and R are the direct hardening and dynamic recovery
coefficients, respectively, for the isotropic hardening relation (Eq.
(26)) and c and d are the direct hardening and dynamic recovery
coefficients, respectively, for the non-linear kinematic hardening
relation (Eq. (27)), qab refers to hardening coefficient for interaction
between slip systems, and is assigned a value of 1 (for self-
hardening) and 1.2 (for latent-hardening).

There are a total of nine fitting parameters in the CPFE frame-
work. The effect of each of the parameters on the macroscopic
response was determined by doing sensitivity analysis, after which
the parameters were fit to match the stressestrain curve response
to that of the experimental macroscopic response for the first
fatigue cycle (along with the response pertaining to tenth cycle and
half-life), as shown in Fig. 7.

It is not computationally feasible to run thousands of fatigue
cycles using CPFE framework. Further, crystal plasticity cannot
capture the formation of PSBs within the microstructure for the
following two reasons. First, all the grains (within the SEM) are
idealized by assigning a uniform orientation at every material point
(or integration point) and homogenizing the response of the g0

precipitates, due to which, the orientation gradient and shearing of
g0 precipitates required to capture the PSB is lost. Second, the mesh
size assigned to the volume mesh of the SEMs is on the order of a
few microns, whereas the width of PSBs is on the order of tens to
hundreds of nanometers. Reducing the mesh size to capture indi-
vidual PSBs would increase the computational time by at least two
orders of magnitude, thereby making it not amenable to carry out
CPFE simulations. Hence we only simulate one fatigue cycle and
leverage the resulting micromechanical data (RSS, normal stress,
critical resolved shear stress, back stress, active slip systems, etc.)
within the PSB model.
3.4. Integration of the fatigue model and CPFEM

From the previous discussion, it is clear that the PSB energy
formulation needs slip-system level information like the resolved
shear stress ðDtaCPFEMÞ, normal stress ðsa

NÞ, critical resolved shear
stress ðgaÞ, back stress ðcaÞ, and accumulated plastic strain ðgaÞ
over the slip system on which the PSB forms. Apart from these
quantities, the Fe�1 tensor and effective accumulated plastic strain
(p) at all the material points is also extracted to study the hot-spots
(crack initiation sites predicted by the PSB energy based failure
model) in detail. All the aforementioned parameters are called the
state dependent variables (SDVs). In addition to the SDVs other
geometrical information pertaining to the PSB (including its length,
L, assuming that the PSB passes through the centroid of the grain
along the slip systemwithmaximumRSS) is also extracted from the
surface mesh of the SEM. The SDV information
(DtaCPFEM; sa

N; ca; ga; ga, p, Fe�1) from all the material points in
every grain are extracted using an ABAQUS-Python interface. As it is
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assumed that the PSB forms on an active slip system with the
highest resolved shear stress, in every grain the most active slip
system is determined based on the maximum resolved shear stress
criterion, as discussed in Section 3.2.1. For this slip system the
normal stress, critical resolved shear stress, back stress and the
accumulated stain are also calculated.

For the sake of simplicity, it is also assumed that the PSB passes
through the centroid of the grain. The length of the most active slip
system passing through the centroid of the grain is calculated, by
determining the two facets (in the surface mesh of the grain) on
which the PSB would intersect and then finding the distance be-
tween the two intersection points. If the grain forms a cluster of
grains joined by LAGBs (as shown in Fig. 2), the lengths of the PSBs
in individual grains comprising the cluster are summed. Thus the
geometric and the state variable information pertaining to themost
active slip system on which the PSB formed (in grains or cluster of
grains) is calculated and is fed into the PSB model. The flowchart in
Appendix A shows the framework of the fatigue model that begins
from statistical characterization of real material's microstructure to
the prediction of hot-spot within the SEM.

4. Results and discussion

A representative volume element (RVE) encompasses a large
enough volume that is representative of the material as a whole
such that the predicted responses or properties do not change with
a further increase of size [63,64]. Although by definition, an SEM is
not related to the response of the material, with an increase in its
volume, it can accurately capture a material response (or property)
of interest, and hence, it can attain the essence of an RVE. In
practice, the size of an RVE depends on the material response of
interest. For instance, the size of an RVE to predict elastic modulus
of a material is much smaller compared to the size of an RVE
required to accurately predict fatigue life [64]. The scope of the
current work is not to determine an RVE which captures all the
extreme value statistics of fatigue crack initiation, as such an RVE
contains thousands of grains, making it a challenge to run
computationally intensive CPFE simulations.

The fatigue framework simulates the microstructure variability
by using many number of SEMs generated via Monte-Carlo algo-
rithms in DREAM.3D, which takes into account, the statistical at-
tributes of the real microstructure (as discussed in Section 2).
Taking this as leverage, we generate many unique SEMs, which are
randomly sampled populations of location specific microstructures
within the component. We note that each of these samplings is
independent. Although SEMs are small volume elements compared
to an RVE, in this study, they are made sufficiently large to capture
distributions of microstructural attributes (grain size, GB character,
etc.) in addition to strength properties (elastic modulus, yield
stress, hardening response and reverse plasticity upon unloading)
of the material. Accordingly, a SEM in our work can be regarded as
an RVE for the microstructural attributes and strength properties,
but not for assessing the minimum fatigue life of the material. To
capture the aforementioned properties, a SEM encompassing a
minimumvolume of 160� 160� 160 mm3 and consisting of at least
150 grains serves as an RVE, which is in agreement with the esti-
mation of Lin et al. [65], who defined the size of an RVE (for strength
properties) for RR1000. These SEMs were created as per the sche-
matic shown in Fig. 1, by first generating a parent microstructure
having roughly around 50 grains (without twins), and then
inserting 60 twins (making sure that no twins are inserted in parent
grains which are already small, with grain sizes less than 10 mm) in
such a way that the average grain size and the percentage of twins
in SEMs match that of the real microstructure. For each individual
SEM, the fatigue model deterministically calculates fatigue life on a
grain-by-grain basis, assuming that a PSB already exists on themost
active slip system on every grain. By using multiple SEMs, thou-
sands of grains can be probed by the fatigue model to obtain their
respective fatigue lives. The resulting is pooled together to get a
fatigue life distribution, in order to connect variability in micro-
structure to scatter in fatigue life.

In order to study the effect of the size of an SEM on the fatigue
life distribution curve, three populations of SEMs were generated,
with the first population consisting of 15 SEMs with 100 grains
each, second population consisting of 10 SEMs with 150 grains
each, and third population consisting of 7 SEMs with 200 grains
each, in order to ensure a similar quantity of grains within each
population. It is noteworthy to point out that as the size of an in-
dividual SEM increases (going from 100 grain to 200 grains), it at-
tains the ability to capture the higher order moments of grain size
distribution (skewness and kurtosis) in addition to capturing the
lower order moments (mean and variance), which in turn enables a
more appropriate analysis of those material responses that are
specifically dependent on the extreme value attributes [66], for
instance, the fatigue life [64]. Three fatigue life distribution curves
at an applied strain range of 1.0% were created (as shown on a
logelog plot in Fig. 8), one for each population of SEMs, by pooling
the fatigue lives obtained by probing the PSB model through all
grains (or grain clusters) in a given population of SEMs. The values
for the number of cycles to failure are reported on a normalized
scale, as a ratio of the maximum predicted number of cycles to
failure. The fatigue life distribution curve obtained from the third
population of SEMs (with 200 grains in each SEM) captures the
most conservative fatigue life due to the aforementioned reasons.
The fatigue life distribution curve obtained from the second pop-
ulation of SEMs (with 150 grains in each SEM) for the most part
overlays the third population's fatigue life distribution curve, but is
less conservative in nature. Finally, the fatigue life distribution
obtained from the first population of SEMs (with 100 grains in each
SEM) is farther away from the other two fatigue life distribution
curves, and thereby reflecting on the fact that using SEMs with 100
grains is not appropriate to capture fatigue scatter. It is worthwhile
to mention that the difference in the least fatigue life obtained by
using the second and third population of SEMs is only a few cycles
(approximately two orders of magnitude less than the scatter
observed from experimental fatigue life data). We can capture the
extreme minimum value for fatigue life data by using the popula-
tion of SEMs with larger number of grains. But capturing the ab-
solute minimum fatigue life data point is not the scope of the
current research, as that would require us to define an RVE large
enough to capture the least possible fatigue life. The current work
focuses on capturing the scatter in fatigue life by simulating the
variability in microstructure. Using SEMs with 200 grains in CPFE
framework (to obtain the response for one fatigue cycle) takesmore
than twice the amount of time to simulate SEMs with 150 grains.
Hence in order to reduce the computational time, while still being
able to capture the scatter in fatigue lives to a reasonable level of
accuracy, we use SEMs with at least 150 grains (which captures the
microstructure attributes and strength properties), in order to
obtain fatigue life distribution and link variability in microstructure
to fatigue scatter.

After determining that each SEM needs to have at least 150
grains, we probe the PSBmodel through 15 unique SEMs and obtain
the fatigue life of the hot-spot grain (the one with the least number
of cycles to crack initiation) from each SEM at an applied strain
range of 1.0%. Hence, we associate each unique SEM with a fatigue
life data point and obtain 15 fatigue life predictions from 15 inde-
pendent SEMs. The fatigue life predictions, thus obtained, are
overlaid on a 95% confidence interval plot generated from experi-
mental fatigue life data, as shown in Fig. 9. The values for the



Fig. 8. Effect of the size of an SEM on the fatigue life distribution curve, at an applied strain range of 1.0%. Three SEMs, each taken from three different populations of SEMs, are
shown in the inlets. The number of cycles to failure (log scale) is normalized by the maximum predicted value.

Fig. 9. Fatigue life predictions at an applied strain range of 1.0% obtained by consid-
ering fatigue lives of the hot-spot grains (those with the least fatigue lives compared to
all other grains) in 15 different SEMs. Predictions from the model are overlaid on the
95% confidence interval plot generated from experimental data. The number of cycles
to failure (log scale) is normalized by the maximum experimental value.
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number of cycles to failure are normalized by the maximum
experimental value. The scatter in the fatigue life predictions ob-
tained (by varying the microstructure) is in good agreement with
the scatter observed in experimental fatigue life data. The hetero-
geneous deformation state of the local microstructure of a hot-spot
provides insights about what caused failure at those specific loca-
tions. As discussed earlier, the influence of elastic anisotropy and
plastic strain accumulation at the hot-spots provides an explana-
tion into the underpinning mechanism of crack nucleation.

Lattice incompatibility develops near GBs as a result of geo-
metric differences in slip system alignment between two neighbors
of distinctly different grain orientation. Stress concentrations
develop at grain boundaries with high lattice incompatibility.
Hence the amount of incompatible stresses can be understood by
quantifying lattice incompatibility. For this purpose, we note a
tensorial parameter, which by itself cannot describe compatible
deformation. The deformation gradient, F ¼ FeFp [54], can define
compatible deformation, which is not fulfilled by Fe or Fp alone.
Acharya and Beaudoin [67] used Fe�1 to measure incompatibility as
follows:

L :¼
�
Fe�1
ij;k � Fe�1

ik;j

�
ei5ej5ek; (28)

where {ei} is the basis of a rectangular Cartesian coordinate system.
As the lattice incompatibility developed at the GBs gives rise to
incompatible stresses, we treat the incompatibility, Leq, as an
equivalent stress metric to study the high elastic anisotropy at the
GBs as follows:

Leq ¼
�
3
2
L : L

�1
2

: (29)

As previously discussed, strain localization is a precursor to
crack initiation. Crystal plasticity framework enables us to quanti-
tatively understand the microstructure dependent evolution of the
plastic strain. Effective plastic strain accumulation, p [68], at a
material point has been used, in order to study the strain locali-
zation in the hot-spots predicted by the PSB model. It is calculated
from the plastic velocity gradient ðLpÞ as follows:

Lp ¼ _gaðsa5maÞ; (30)

_p ¼
�
2
3
Lp : Lp

�1
2

; (31)

p ¼
Zt
0

_pdt; (32)

where _ga, sa and ma are the rate of slip, slip direction and the slip
plane normal of the slip system a, respectively.

As a visual example, for the three hot-spots that display the
lowest lives (in three different SEMs) based on the PSB model's
predictions, the elastic anisotropy ðLeqÞ and plastic strain accu-
mulation (p) were plotted over all the material points within the
respective SEMs (Fig. 10) at maximum applied macroscopic strain
(or at the end of the one fatigue cycle simulated in CPFE). In



Fig. 10. A cross-sectional plane through the hot-spots within a SEM to show the elastic anisotropy and plastic strain accumulation fields in the local neighborhood of the hot-spots.
In all the plots, the plane passes through the centroid of the hot-spot (grain or cluster of grains) and its normal is parallel to the slip plane normal of the active slip system containing
the PSB, shownwith a black line and indicated by an arrow. It must also be noted that RSS plots are created on the same slip system (at all material points) based on the slip system
on which the PSB formed in the hot-spot grain. Elastic anisotropy ðLeqÞ (units 1

mm2), Plastic strain accumulation (p), RSS (units MPa) are shown at hot-spot 1 (first row), hot-spot 2
(second row) and hot-spot 3 (third row), with the respective scale bars shown in the last row.

S.R. Yeratapally et al. / Acta Materialia 107 (2016) 152e167162
addition to those two metrics, the absolute RSS values of that slip
system containing the PSB is also plotted. For example, if the PSB
formed on slip system 6within the hot-spot grain (or grain cluster),
then the absolute RSS values of slip system 6 at all material points
in the SEM are plotted for mere comparison purposes. In order to
visualize the PSB alignment, the local anisotropy, and strain accu-
mulation, a plane section is cut through the hot-spot grain along
the slip plane containing the PSB and is extended through the SEM.
The first row in Fig. 10 shows the elastic anisotropy, plastic strain
accumulation, and the RSS plotted over the cross-section of an SEM
containing hot-spot 1, the second row in Fig. 10 shows the plots of
the three aforementioned metrics over the cut section of an SEM
containing hot-spot 2 and similarly, the third row in Fig. 10 shows
the plots of the same metrics over the cross-section of a SEM
containing hot-spot 3. In all the figures, the PSB slip system is
shown with a black line superimposed on the microstructure for
clarity. It can be clearly seen that in all the three hot-spots, cracks
are predicted to initiate where the PSB is interacting with the TB.
Hot-spots 1 and 2 correspond to a PSB forming in a single grain,
whereas hot-spot 3 corresponds to a cluster of two grains sharing
an LAGB. Further, it can be clearly seen from all the three hot-spots
that the PSB model predicts that cracks initiate at a twin boundary
embedded in a relatively large grain/grain clusters compared to
small grains, which is in agreement with experiments [19,21].
It can be seen from the elastic anisotropy plots (shown in the

first column of Fig. 10) that the value of Leq is highest at the GBs,
and the TBs, in particular, show high degree of anisotropy. The
orientations of all the material points within each grain of the SEM
are assigned the same values, hence it is an idealization compared
to real materials that display intergranular misorientations and
residual stresses. Due to this reason, the elastic anisotropy results
are observed to be high only at the GBs and have near zero values
away from the GB in the core of the grain. But if we were to model
grains with internal rotations with high resolution meshes, the
elastic anisotropy of the slip bands can also be observed at the
expense of computational time. The plastic strain accumulation
however seems to accumulate at the GBs and also varies across the
grains.

In all the hot-spots displayed, the elastic anisotropy, plastic
strain accumulation, and the RSS have high values, which are
partially attributed to a high probability for crack initiation at these
material points. High elastic anisotropies can be clearly observed in
the vicinity of twins. In addition to that, since TBs are the strongest
barriers to slip transmission, dislocations pile-up at twin bound-
aries [26,27]. In other words, high lattice incompatibility at TBs and
the long-range stress field created by dislocation pile-ups at the
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TBs, can potentially increase the stress concentrations and lead to
crack initiations. This can be a partial explanation for the high
probability of crack initiation at TBs as predicted by the PSB model.

Such a detailed analysis of the 3D heterogeneities (in elastic
anisotropy and plastic strain accumulation) is only possible by the
use of crystal plasticity. Additionally, the use of CPFE helped i)
reduce the number of experimental evolution functions and fitting
parameters used in the earlier version of the PSB energy balance for
U720 [22,27,28] and ii) eliminate the use weakest link theory, by
providing more information on the location specific heterogeneous
deformation.

As relatively high values of both metrics (Leq and p) are
observed to occur at the GBs, average values of both the metrics are
calculated at the GBs for every grain within an SEM. This infor-
mation is linked with the fatigue lives calculated for all the grains.
Based on this accumulated data, a response surface (shown in
Fig. 11) is constructed. It can be clearly visualized that lower values
for fatigue lives are observed for grains that have extreme values of
elastic stress anisotropy and plastic strain accumulations at the GBs.

Critical life limiting parameters like elastic anisotropy, accu-
mulated plastic strain, and maximum RSS are conditions that must
be satisfied to identify certain microstructural features exhibiting a
high probability for potential crack nucleation. Hence the evolution
of these three parameters was calculated over 10 cycles of strain
controlled loading (using a smaller SEM consisting of 100 grains, in
order to save a significant amount of computational time in simu-
lating 10 fatigue cycles, while still being able to study the evolution
of life limiting parameters). Fig. 12 shows the evolution of these
parameters over cycles 1, 2, 5 and 10, with each plot taken at the
maximum applied strain over the corresponding cycle. It can be
observed that the lattice incompatibility remains consistent during
the cyclic loading. The plastic strain accumulation on the other
hand shows a clear positive trend in evolution, and it can be
explained by the fact that low cycle fatigue regime results in in-
cremental plastic strain accumulation per cycle. At the micro-
structure level, this leads to more dislocation pile-ups at the GBs.
From Fig. 10, annealing TBs accumulate high strains with an in-
crease in cyclic loading. This observation provides insights as to
why TBs are preferred locations for cracks to initiate. Maximum RSS
calculated at every material point in the SEM also shows a similar
incremental trend, which can be attributed to the increased hard-
ening observed with cyclic loading. High values of maximum RSS
observed at TBs are a result of high elastic anisotropy and strain
accumulation.

While elastic stress anisotropy and plastic strain accumulation
along with the RSS play an important role by acting in concert to
Fig. 11. Influence of elastic stress anisotropy and plastic strain accumulation on fatigue
life.
initiate fatigue cracks, normal stress also has a significant role to
play in limiting fatigue life of the material. With this as a motiva-
tion, in classical fracture mechanics terms, the crack driving force
can be promoted by either mode I initiation based on the normal
tensile stress along the twin boundary or mode II initiation based
on the resolved shear stress along the twin boundary. Due to the
propensity of fatigue crack initiation in the vicinity of favorable
oriented TBs with long slip traces, it is worthwhile to study the
synergistic/competing role played by the RSS and the normal stress
(acting on the twin boundaries). For this purpose, we further
analyze the stress state of hot-spot 1 (shown in the first row of
Fig. 10), which is one of the twin lamellae (inside a large grain)
encompassing a PSB. The values of the RSS (for the slip system
corresponding to the PSB) and normal stress (acting perpendicular
to the slip plane containing the PSB) are obtained at every inte-
gration point within the twin (at the peak applied macroscopic
load), and their cumulative distributions are plotted (as shown in
Fig. 13). Over a majority proportion of the volume within the twin,
the normal stress was observed to dominate the RSS, which sug-
gests a significant role played by the normal stress in unzipping a
PSB at the intersection of the twin boundary to act as a mode I
crack.

Further, a cumulative distribution obtained by pooling together
the absolute values of the RSS for all the 12 slip systems in the grain
is compared to the RSS corresponding to the PSB's slip system. A
considerable amount of scatter is observed in the former, compared
to the latter (which has a uniformly high RSS within the PSB). The
same is not true in the case of normal stress, which has significantly
higher values on certain locations of the grain, as shown in the
inlets of Fig. 13. Thus, the highest value of normal stress is observed
at the PSB-twin boundary intersection, resulting in a normal tensile
stress to open a crack along the twin boundary.

Due to strain controlled loading applied on the SEM with a
constant strain range in every cycle (as shown in Fig. 14a), it was
observed that the difference in strain accumulation between the
fully loaded states of any two consecutive cycles remains almost the
same (Fig. 14b). Although crystal plasticity accounts for cyclic
hardening to an extent, it cannot capture the cyclic slip irrevers-
ibilities that arise from defect level deformation mechanisms.
Hence, crystal plasticity by itself is not sufficient to model fatigue
and predict life. Due to a similar trend in the evolution of the stress/
strain states with increasing number of cycles, we take the output
from CPFE simulations over one fatigue cycle and leverage this data
as input into the PSB model, which also considers slip
irreversibilities.

Slip in cyclic loading is distinguished from that of monotonic
loading. During forward and reverse loading, the material un-
dergoes irreversible slip, which leads to distinct defect structures
[3e5]. To date, the majority of the computational fatigue models
attempt to use the same tools to model cyclic and monotonic
loading, albeit these models exhibit limited success since they
cannot capture the complex and unique features of the fatigue
phenomena. Various forms of cyclic slip irreversibilities manifests
during cyclic loading in polycrystalline materials and their contri-
butions to the fatigue damage evolution is inherent within the
present fatigue model. Cyclic slip irreversibilities are the fraction of
plastic shear strain that is microstructurally irreversible [10]. These
irreversibilities can occur both on the surface and in the bulk of the
material [6]. Irreversibilities on the surface cause roughness, due to
accumulation of slip steps. In the bulk of the material irreversibil-
ities occur due to i) dislocations becoming sessile due to the for-
mation of locks that impede subsequent dislocation glide, ii)
annihilation of positive and negative dislocations, iii) slip-GB
interaction which leaves a residual Burgers vector within the GB
causing extrusions to grow with repeated loading, iv) shearing of



Fig. 12. Evolution of elastic anisotropy ðLeqÞ, plastic strain accumulation (p) and maximum resolved shear stress (calculated at every material point over 10 cycles).

Fig. 13. Cumulative probability distributions of the resolved shear stress (RSS) and normal stress (NSS) at all integration points within the slip system of the critical PSB, along with
the RSS values obtained for all slip systems across the entire grain. The critical resolved shear stress (CRSS) is shown as a reference value (with respect to slip system activation). The
inlet figures show (top) an RSS plot on the cross-section view of the SEM and (bottom) contour plots of the RSS and NS values over the slip system corresponding to that of the PSB.
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the precipitate, and v) dislocation climb at high temperatures
[6,7,10,13]. These defect level mechanisms can be accounted for, by
calculating the activation energy required for each process to occur.
Since the current fatigue model is an energy-based model, the
energies for pertinent dislocation mechanisms contributing
towards irreversibilities are calculated, specifically shearing of
precipitates, formation of unique dislocation arrangements within
PSBs, and development of extrusions/intrusions at GBs.

In nickel-base superalloys, a prominent deformation mecha-
nism at intermediate temperatures is through the shearing of the



Fig. 14. (a) A strain loading schematic showing the nomenclature of steps and cycles used in the discussion. (b) The difference of effective accumulated plastic strain (p) evaluated at
the two consecutive loaded steps, pstep 2N�1 and pstep 2N�3 corresponding to cycles N and N�1 respectively.
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precipitates. Due to intense cyclic slip localization in the PSBs,
dislocations are able to shear through the precipitates. The ease at
which the precipitates can be sheared depends on the normal
strain, work-hardening, and temperature. For instance, as depicted
in Fig. 3, a tensile normal strain acting on atomic slip planes will
increase the distance between the slip planes which in turn makes
it easier for slip to occur thereby reducing the SFE (or APBE) and
vice versa. The shearing through precipitate (and matrix), with its
dependence on normal strain was taken into consideration using
APBE (and SFE) energies obtained from MD simulations (as shown
in Fig. 4a and b). Moreover, the energy balance is built for a PSB,
which develops unique dislocation arrangements, including dislo-
cation dipoles, as a form of slip irreversibilities. Another contribu-
tion to irreversible plastic flow comes from the formation of
extrusions from PSB impingement on a HAGB. These extrusions
grow in length during cyclic loading due to an increased number of
residual dislocations accumulating within the GB [46]. The model
takes into consideration the development of extrusions and the
associated energy required to form the extrusion [26]. Thus, the
cyclic slip irreversibilities due to fatigue are considered into the
model by considering the energies required for the fatigue related
defect level mechanisms that introduce irreversible plastic flow in
the material. The underpinning physics improves the fidelity of the
model in investigating the microstructure's role in fatigue crack
initiation and also helps link fatigue scatter to variability in the
microstructure by sampling many statistical equivalent realizations
of defect-microstructure interactions.

5. Conclusions

A microstructure based fatigue framework is developed, which
takes into account i) the statistics of the material's microstructure,
ii) quantitative input from the complex 3D stress and strain het-
erogeneities output from CPFE simulations and iii) GB energies
calculated from MD simulations to differentiate the role of the GB
character. To summarize, the conclusions from the current research
work are as follows:

� A microstructure and deformation mechanism based formula-
tion is used to define the energy of a PSB, using the quantitative
information obtained from i) continuum scale CPFE simulations
which solve for complex 3D stress and strain heterogeneities
within the microstructures and ii) atomistic scale MD simula-
tions which provide energies of various types of GBs and defect
level mechanisms.

� The significant effect of the normal strain on fatigue life is
incorporated into the model by calculating its relationship with
the APBE and SFE energies, which contribute to the energy of a
PSB.

� The fatigue framework predicts crack initiation to occur at a
twin boundary, in a nickel-base superalloy, which is in agree-
ment with experimental observations.

� A high concentration of elastic stress anisotropy and accumu-
lated plastic strain is observed in the immediate vicinity of the
twin boundaries where cracks were predicted to initiate.

� Significant normal stress was observed to act on a favorably
oriented twin (embedded in a large grain) where cracks were
predicted to initiate, such high normal stresses act as a crack
driving force.

� Scatter in fatigue life is linked to the microstructure variability,
which is simulated by generating multiple statistically equiva-
lent microstructures (with explicitly inserted annealing twins),
based on statistics obtained from the real microstructure of the
material.

� Fatigue life predictions obtained are in good agreement with
experimental data.
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