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Abstract

Graft block polymers (BCPs) with poly(4-methylcaprolactone)-block-poly(+-lactide) (P4MCL-
PLA) side chains containing 80 to 100% PLA content were synthesized with the aim of producing

tough and sustainable plastics. These graft BCPs experience physical aging and become brittle



over time. For short aging times, #, the samples are ductile and shear yielding is the primary
deformation mechanism. A double yield phenomenon emerges at intermediate t, where the
materials deform by stress whitening followed by shear yielding. At long ¢, the samples become
brittle and fail after crazing. PLA content strongly governs the time to brittle failure, where a 100%
PLA graft polymer embrittles in 1 day, an 86% PLA graft BCP embrittles in 35 days, and at 80%
PLA the material remains ductile after 210 days. Molecular architecture is also a factor in
increasing the persistence of ductility with time; a linear triblock ages three times faster than a
graft BCP with the same PLA content. SAXS and TEM analysis suggest that the rubbery PAMCL
domains play a role in initiating crazing by cavitation. Pre-straining the graft BCPs also
significantly toughens these glassy materials. Physical aging induced embrittlement is eliminated
in all the pre-strained polymers, which remain ductile after aging for 60 days. The pre-strained
graft BCPs also demonstrate shape memory properties. When heated above the glass transition
temperature (7;) the stretched polymer within seconds returns to its original shape and recovers
the original mechanical properties of the unstrained material. These results demonstrate that graft
BCPs can be used to make tough, durable, and sustainable plastics and highlight the importance
of understanding the mechanical performance of sustainable plastics over extended periods of time

following processing.



1. Introduction

Plastics are ubiquitous in today’s society and have become a necessity in almost every
aspect of life, from infrastructure to consumer and healthcare products. Of the more than 300
million tons of plastics that are produced each year, 90% came from non-renewable petroleum
feedstocks.! Furthermore, half of all plastics target single-use applications. Although convenient
for everyday use, the end of life of these plastics are concerning: only 14% of plastics are collected
for recycling and 72% end up in the environment or in landfills.! Traditional, petroleum-derived
plastics can have a lifetime of over 1000 years but may also degrade in UV light to form micro-
and nanoplastics that can be environmentally detrimental 2 Biodegradable plastics offer pathways
for plastics to break down into innocuous compounds, mitigating the mass accumulation of plastic
waste.*> Polylactide (PLA) is a renewably sourced and biodegradable polymer that can be utilized
as a strong plastic with a high elastic moduli.®* However, its use in many traditional applications is
limited due to its inherent brittleness.” Although PLA is initially tough when processed, it
undergoes physical aging and becomes brittle over the course of 24 to 48 hours.?

Physical aging can occur after polymers are rapidly cooled below their glass transition

temperature, 7p.%!!

The quenching process traps the polymer chains in a non-equilibrium, vitrified
state; this glassy structure is metastable with excess free volume and relatively high molecular
mobility as compared to the fully aged state. The increased molecular mobility allows polymer
segments to rearrange through local relaxations (e.g., chain twisting) that reduce the excess free
volume as the materials approaches, but never reaches, thermodynamic equilibrium.!? Evolution
of the glassy structure during physical aging via structural relaxation results in changes to the

potential energy landscape, which is related to the relative energy levels of the available

deformation mechanisms activated when the polymer is subjected to macroscopic mechanical



stress. Theory and simulations have shown that the relative depth of the potential energy landscape
basins increases with aging, altering the relative energetic costs associated with each deformation
mechanism.!>!7 These results have been replicated in laboratory experiments, which have shown
that PLA typically transitions from ductile to brittle failure upon aging.®!®

The inherent brittleness of neat PLA limits its applications, and thus significant effort has
been expended to find methods of toughening this plastic.!®2° Strategies to toughen PLA typically
involve the addition of a rubbery component to favor energy dissipating deformation mechanisms,
such as cavitation or shear yielding.?!® PLA containing block copolymers (BCPs) have been
particularly successful at toughening PLA because they produce well-ordered and evenly dispersed
rubber domains throughout the glassy matrix. The mechanical properties of these PLA BCPs
depend on the volume fraction of PLA: materials with a minority of PLA content produce soft and
highly ductile (E < 100 MPa, & > 500%) products,?’-?° while materials with high PLA content are
stiff but less ductile (E > 1 GPa, & < 300%).%° Additionally, PLA BCPs typically require a high
rubber content to significantly increase toughness,! which reveals a balance between preparing
plastics that are tough while still retaining the high strength of neat PLA. A graft architecture,
where BCP side chains are attached to a common backbone, has been shown to further increase
PLA toughness by physically connecting multiple domains.*?-3* Graft polymers also have the
added benefit of lower shear viscosities compared to linear polymers, making them more readily
melt processable.?>3

Another method that can be used to obviate the effects of aging and toughen polymers is
mechanical deformation, which can be understood by analogy with thermal processing.’”-3

Heating a polymer above its T, or thermal rejuvenation, brings the polymer to an equilibrium,

relatively high free volume state, and when the polymer is rapidly quenched the sample is trapped



in a metastable state that then undergoes physical aging. Mechanical deformation, or mechanical
rejuvenation, has similarly been shown to increase the free volume and molecular mobility of
polymers; when the mechanical strain is released, this metastable state also undergoes structural
relaxation or physical aging.!>3%4¢ Although the deformed material is brought to a higher free
volume metastable state in both thermal and mechanical rejuvenation, the structure of the glassy
state (i.e., potential energy landscape) for a mechanically rejuvenated polymer appears to be
different than that of a thermally rejuvenated polymer.*” For example, the mechanically
rejuvenated polymers typically exhibit a higher Young’s modulus because the oriented polymer
chains resist further extension. As a consequence, the dominant deformation mechanism of
mechanically rejuvenated polymers differs from thermally rejuvenated polymers, favoring ductile
deformation and effectively toughening the polymer. Although the mechanically deformed
polymers exhibit a new glassy structure, studies have shown that the materials still undergo
physical aging, evidenced by changes in mechanical properties with time. 34

While toughening of PLA by the addition of rubber components and physical aging of neat
PLA have each been studied individually, there are few reports that address both approaches
simultaneously.!®° In this work, we close this gap using PLA-based BCPs with linear and graft
architectures. We describe the effects of physical aging on PLA toughening by combining three
strategies: 1) varying the content of the rubbery component; 2) varying the polymer architecture;
and 3) uniaxial pre-straining. We first discuss the model polymers and their bulk structure and
mechanical properties, then describe the micromechanical deformation mechanisms of the
polymers as a function of aging time. Embrittlement during physical aging is compared to
structural relaxation of the polymer glass as measured by differential scanning calorimetry. We

then demonstrate how uniaxial pre-straining can be used to toughen PLA and mitigate physical



aging embrittlement. Finally, we demonstrate that the effects of pre-straining of the polymers are

reversible and that these polymers exhibit shape memory behavior.

2. Materials and Methods
2.1  Materials

Poly[(styrene-alt-N-hydroxyethylmaleimide)-random-(styrene-alt-N-ethylmaleimide)]-
graft-[poly(4-methyl caprolactone)-block-PLA] graft BCPs were prepared as reported by Maher
et al.>! Linear triblock PLA-block-poly(4-methyl caprolactone)-block-PLA BCPs were prepared
by ring-opening transesterification polymerization as described by Watts et al.*° Linear 100% PLA
(NatureWorks 4060D, 45.3 kg/mol) was purchased from NatureWorks. In all cases the polymers
were prepared using racemic (+) lactide monomer, resulting in amorphous PLA. Details of the
polymer synthesis are provided in the Supporting Information.

NMR spectra were recorded using a Bruker Advance I 500 MHz 'H NMR and referenced
to the solvent residual peak (CDCls;, 7.26 ppm). Size exclusion chromatography (SEC) was
performed on a Viscotek VE 2001 equipped with a VE 3580 RI detector and VE 270 dual detector.
Two Varian PolyPore columns were employed (the linear polymers were characterized using three
Varian PolyPore columns) operating at 40 °C with THF as the eluent flowing at a rate of 0.8
mL/min. A DAWN HELEOS multi angle light scattering detector and a dn/dc of 0.042 were used
to determine absolute molecular weight. SEC traces for each model polymer are shown in Figure
S1.

2.2 Tensile testing

Samples were hot pressed into thin films at 130 °C for 3 minutes using a Carver press

(Wabash, IN) operated with a 200 pm thick metal plate between Teflon sheets, then rapidly

quenched to room temperature. After hot pressing, samples were cut into dog bone shaped tensile



bars using a Dumbbell Co, Ltd SDL-200 sample cutting machine equipped with a SDMK-1000
dumbbell cutter with dimensions of 5 mm width, 38 mm length, and 22 mm gauge length
(according to ASTM D1708). Tensile bars were aged at ambient conditions (24 + 2 °C) and the
aging time was taken as the time between quenching and the start of testing. Uniaxial extension-
to-break tests were conducted using a Shimadzu Autograph AGS-X Tensile Tester at room
temperature with an extension rate of | mm/min following ASTM D1708. The Young’s modulus
(E) was calculated using the slope in the linear regime, from 0.1-1.5% strain for each sample.
Samples that failed at visible defects or failed by tearing were not included in the data sets.
Pre-strained samples were prepared by stretching tensile bars to 200% strain at a rate of 1
mm/min in the tensile tester (samples were strained at aging times short enough that they only
exhibited one yield point, as discussed below); after straining, the tensile bars were removed from
the tensile tester and aged at ambient conditions, where the aging time was taken as the time
between pre-straining and the start of testing. The dog bone specimens were cut isolating the gauge
region and sandpaper was taped to the ends of the bar to use as grips. Pre-strained polymers had
approximate dimensions of 3.0 mm width, 0.15 mm thickness, and 14 mm length. The pre-strained
samples were then loaded into the tensile tester and strained to break at a rate of 1 mm/min.
Analysis of the pre-strained polymers was performed in the same manner as the as-pressed
samples. To test for shape memory, compression molded samples were pre-strained to 200%. After
aging at ambient conditions for a specified time, the strained tensile bar was placed in an oven at
80 °C for 15 seconds, where the tensile bar recovered its original dog bone shape. The tensile bar

was then aged at ambient conditions for a specified time and then strained to break at 1 mm/min.

2.3 Differential scanning calorimetry

Differential scanning calorimetry (DSC) was performed on a TA Instruments Discovery



DSC. Samples were hermetically sealed in aluminum pans under ambient conditions. The 7 was
taken from the second heating scan from —90 to 200 °C at a rate of 10 °C/min. For the thermal
annealing studies, samples were subjected to a heating cycle with varying annealing times, ..
Samples were first held at 100 °C for 2 minutes and quenched to 0 °C at 20 °C/min; the samples
were then heated to 40 °C at 20 °C/min and annealed at 40 °C for various .; the samples were then
quenched to 0 °C at 20 °C/min and heated from 0 to 100 °C at 10 °C/min. The scans taken from 0
to 100 °C at 10 °C/min were used to evaluate the enthalpy overshoot of the annealed samples. This
heating cycle is shown graphically in Figure S2.

2.4 Small-angle X-ray Scattering (SAXS)

SAXS data collected at the University of Minnesota Characterization Facility were used to
determine bulk polymer morphology and SAXS data collected at Argonne National Laboratory
were used to analyze crazes in strained polymers. The SAXS instrument at the University of
Minnesota Characterization Facility used a photon wavelength of 1= 1.542 A, a sample to detector
distance of 1.05 m, and a Dectris Eiger 1M detector. SAXS data obtained at Argonne National
Laboratory were collected on the DND-CAT 5ID-D beamline at the Advanced Photon Source
using a sample to detector distance of 8.5 m, a photon wavelength of 1= 0.729 A; 2D scattering
patterns were collected using a Rayonix area CCD detector. NIKA software was employed for
absolute intensity calibration (with corrections for sample thickness and exposure time) and
reduction of two-dimensional scattering data into one-dimensional equatorial and meridional
intensity data, where the equatorial intensities (perpendicular to the strain direction) and
meridional intensities (parallel to the strain direction) were obtained by integration of the azimuthal
angular range of —-5° < ® < 5° and 85° < @ < 95°, respectively.

All SAXS samples were prepared using a method similar to that employed in generating



tensile testing samples, i.e., hot pressed at 130 °C and quenched to room temperature. To determine
unstrained morphology, samples were cut directly from pressed films and mounted in a sample
holder with Kapton tape. Strained and aged samples were first drawn in the tensile tester to a
specified extension. Sections were then cut from the strained portions of the sample and mounted
onto the stage with Kapton tape, positioning the sample such that the strain direction was
approximately vertical.
2.5 TEM imaging

Samples were imaged using a Tecnai G2 Spirit Biotwin transmission electron microscope
(TEM). Sample preparation followed the same procedure used to process the tensile testing
specimens, i.e., hot pressed at 130 °C and quenched to room temperature. Unstrained samples were
sectioned directly from pressed sheets, while samples strained in the tensile tester were sectioned
in the deformed gauge section region. First, samples were cryo-microtomed with a glass knife on
a Leica EM UC6 ultramicrotome operating at —120 °C (Model FC-S Cryo attachments) to create
freshly cut surface. Then samples were bulk stained by exposing the freshly cut surface to the
vapors of a RuOj4 solution for 2 hours. Lastly, ultrathin cross-sectional slices (70 nm) were cut
with a Diatome diamond knife on a Leica EM UC6 ultramicrotome operating at —120 °C (Model
FC-S Cryo attachments). For pre-strained samples, sections were collected by cutting along the
plane perpendicular to the thickness direction; the sample was cut parallel to the strain direction to
distinguish between knife marks and features associated with sample deformation such as crazes.
All samples were imaged at an operating voltage of 120 kV. Figure S19 illustrates the procedure

used for TEM sample preparation.



3. Results and Discussion

3.1 Polymer synthesis

Model graft BCPs with high (80-100%) PLA content were prepared to study the effects of
polymer composition and architecture on the mechanical properties and aging of these relatively
stiff plastics. Poly(4-methyl caprolactone) (P4AMCL) was used as the rubbery block because it has
been shown to result in tough PLA plastics when incorporated into BCPs with PLA.3° In addition,
P4MCL is enzymatically degradable,® making it a suitable candidate to pair with PLA for a
sustainable alternative to traditional plastics. Scheme 1 shows the grafting-from synthesis of model
graft BCPs with the chemical structure of poly[(styrene-al/t-N-hydroxyethylmaleimide)-stat-
(styrene-alt-N-ethylmaleimide)]-grafi-(PAMCL-block-PLA). This synthetic strategy affords
control over the grafting density, number of grafts, graft molar mass, and PLA volume fraction.!

Four model graft polymers were prepared with PLA volume fractions ranging from 0.8—
1.0. Details on the synthesis and characterization data are provided in the Supporting Information;
Table 1 lists the molecular characterization for all of the model polymers. All of the graft BCPs
synthesized had a grafting density of 0.1 (defined as the average number of grafts per monomer
unit in the backbone) and ranged from having 11-32 number averaged grafts per chain. For the
graft polymers studied, the backbone volume fraction ranged from 1.7 to 2.4% assuming a
backbone density of 1 g cm™. Due to the low backbone content the reported volume fractions
correspond to the composition of the grafts and ignore the contribution of the backbone. Two linear
polymers were also studied to assess the effect of architecture. Linear PLA (NatureWorks 4060D)
was purchased and used as received. Also, a linear PLA-PAMCL-PLA triblock (PLA volume
fraction of 0.9) was prepared as described in the Supporting Information. The triblock was

designed such that it would resemble a graft polymer with two grafts. In this report, the polymers

10



are named aXX, where a denotes the architecture (g for graft and / for linear), and XX refers to the
PLA volume fraction of the grafts calculated based on PLA and PAMCL densities of 1.25 and 1.04
g/em? at 25 °C, respectively.>* BCP will subsequently refer to all polymers that contain a PAMCL

block and the architecture (graft/linear) will be specified when appropriate.
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Scheme 1. Synthesis of model graft BCPs, poly[(styrene-alt-N-hydroxyethylmaleimide)-stat-
(styrene-alt-N-ethylmaleimide)]-grafi-[poly(4-methylcaprolactone)-block-poly(£-lactide)], using

a grafting-from approach.

(0]

Table 1. Characterization data of PLA containing polymers

Sample | Number | My gratt M gratt Mot % /i pLa’ | B | T, g,P4MCL Tgpra
1D of pLA! pavct? | (kg/mol)® | backbone? (cC)° (°O)®
grafts | (kg/mol) | (kg/mol)

g100 20 45 -- 896 2.4 1.0 | 1.1 -- 52
1100 -- 45.33 -- 45.3 -- 1.0 | 1.5 -- 55
90 11 60 53 839 1.7 0.90 | 1.2 —-59 52
190 -- 757 6’ 162 -- 091 |14 —64 51
286 11 40 5.5 483 2.4 0.86 | 1.2 =51 50
280 32 48 9.8 1450 1.9 0.80 | 1.3 —-59 49

"Number average molar mass, determined by % conversion in '"H NMR *Number average molar
mass, determined by % conversion in 'H NMR 3M, and dispersity were measured by SEC-MALS
with a THF mobile phase *% backbone is calculated by mass % *fpra is calculated assuming ppamcr
= 1.04 g/cm? and prra = 1.25 g/cm? at 25 °C, and ignores the backbone contribution “Measured as
the midpoint of the inflection in the transition from the second heating trace at a rate of 10°C/min
"Triblock was synthesized to be analogous to a graft polymer with two grafts; to approximate the
molar mass of the “graft” in the triblock Mu grart 1s half of the total block molar mass of the polymer.
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3.2 BCP Morphology

Figure 1 shows differential scanning calorimetry (DSC) traces for all of the polymers studied
in this work. The BCPs show two 7’s near —60 °C and 50 °C, corresponding to PAMCL and PLA,
respectively. No Ty is observed for the poly[(styrene-alt-N-hydroxyethylmaleimide)-stat-(styrene-
alt-N-ethylmaleimide)] backbone in any of the graft polymers, as is expected due to its low volume
fraction. Due to the graft architecture, the backbone swells the PAMCL block (see below) and this
likely contributes to the broad 7, observed for the rubbery domains. Lack of crystallization and
melting peaks confirms that the polymers are completely amorphous (Figure S3). These results

suggest that the BCPs are microphase separated into PLA and PAMCL rich domains.
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Figure 1. A. DSC traces for model polymers from —80 to 100 °C (traces are vertically shifted for
clarity); data for graft polymers are shown using solid lines and data for linear polymers are shown
using dashed lines. B. Expanded region of DSC trace from —80 to —20 °C to highlight the 7, of
PAMCL, where the data are expanded by a factor of 10. C. DSC traces from 40 to 70 °C that

highlight the 7 of PLA.

Figure 2 shows TEM images and SAXS traces for the polymers listed in Table 1 (except

12



the commercial PLA homopolymer), where staining with RuOj4 preferentially darkens the PAMCL
rich domains.>® The g100 graft polymer shows no features by TEM and no scattering peak in the
SAXS trace, indicating that the backbone does not microphase separate from the side chains. The
graft and linear BCPs appear by TEM to have well-defined microphase separated, quasi-spherical,
rubbery domains. However, some rubbery domain interconnectedness is also evident, where the
extent of interconnectivity appears to increase with PAMCL content. Whereas g90 displays only a
small fraction of elongated rubber structures, g80 is characterized by a larger fraction of
interconnected domains. Additionally, a comparison between the graft and linear BCPs with 90%
PLA reveals that 190 shows more discrete PAMCL domains than g90. The SAXS traces (Fig. 2F)
confirm microphase separation in all four graft block polymers, although the lack of higher-order
peaks, along with the disordered morphology evident by TEM, indicates a lack of long-range order.
The BCPs exhibit comparable domain spacings as measured by SAXS: 190, g90, g86, and g80
have primary scattering peaks at 0.17, 0.21, 0.27, and 0.26 nm™! respectively, corresponding to
domain spacings of 36, 30, 24, and 24 nm. By TEM, 190 and g90 have rubber particle diameters
of 74 £ 1.1 nm and 9.5 £ 1.2 nm (averaged over 100 particles), respectively. Although these two
polymers have approximately the same PLA and PAMCL molar masses and PLA volume fraction,
the diameter of the graft BCP rubber particles are within error of one another, but on average about
20% larger than the rubber particles for the linear counterpart. In addition, the rubber particles in
the TEM images of all of the graft BCPs appear to occupy more volume than the molecular volume
fraction of PAMCL. Both of these observations can be explained by swelling of the PAMCL
particles with PLA and backbone chains. We speculate that due to the packing constraints of the
graft architecture, the PAMCL chains are not able to adopt a conformation that fills space at bulk

density while completely excluding the PLA chains, and as such, PLA chains may swell the rubber
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domain to relax the conformational strain (depicted in Figure 2G). This interpretation is consistent

with the broad glass transition associated with PAMCL in g90 and g86 as seen in Figure 1B.

m—5 ()N M

Molecular structure Conformation in bulk

Figure 2. A-E. TEM images of model graft (g) and linear (1) block polymers, where the number
denotes the overall volume fraction of PLA. F. SAXS traces for the polymers shown in panels A-
E, where dashed lines indicate linear polymers and solid lines indicate graft polymers. G.
Schematic showing the proposed molecular packing of g90, where PLA and backbone chains swell
the rubber particles.
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3.3 Mechanical properties of graft BCPs as a function of aging time

The addition of rubber and the use of the graft architecture have been shown to improve
the toughness of PLA plastics.?*-* Although the mechanical properties of neat PLA have been
shown to transition from ductile to brittle failure over the course of 24 to 48 hours,®>* many reports
of rubber toughened PLA plastics do not investigate the effects of physical aging and instead report
a single (often unspecified) time point to represent the final mechanical properties of the materials.
Herein, we test the tensile response of our model polymers over a range of aging times (from 1
hour to 210 days) to fully capture the development of their mechanical properties with aging time.

The mechanical properties were measured by uniaxial tensile experiments where the
samples were pulled to failure after aging for various times, #. Figure S4 shows tensile curves for
the polymers aged for 48 h (more than the time to brittle failure for neat PLA) and Table 2 gives a
summary of the relevant mechanical properties. Linear and graft 100% PLA are both characterized
by high moduli, with £=2.5 £ 0.3 and 2.9 + 0.2 GPa, respectively, and low strain at break, less
than 7% for each polymer. With 10% P4MCL, the strain at break increases several orders of
magnitude to over 200% for both 190 and g90, and the modulus drops to 2.3 £ 0.1 and 2.1 £ 0.2
GPa for 190 and g90, respectively. The minor difference in moduli likely reflects the larger
effective volume fraction of rubber in g90 due to mixing of PLA with PAMCL, and possibly some
element of domain connectivity, as noted above. Increasing the amount of rubber drops the

modulus further, where g86 and g80 have moduli of 1.9 + 0.1and 1.7 £ 0.1GPa, respectively.

Table 2. Mechanical properties of PLA containing BCPs after aging 48 h at ambient conditions!

Sample | E (GPa) | Toughness oy & (%) | PYSD? | ¢ & (%) Gr’
ID (MJ/m?) (MPa) (MPa) | (MPa) (MPa)
gl00 [29+0.2 2+1 52+4 [21+£01] 4+£2 | 48+4 [4.6£1.6 --
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1100 | 24+40.1| 28+0.8 53+ 2601 ] 51 |47+1 7+2 --

g90 [2.14+02| 48+10 45+1 |25£02 ] 19£2 | 31+£3 |230£50 | 68+ 10
190 23+£0.1 70 + 30 50+ 25+0.1 ] 194+£2 | 3543 | 210+90 | 82+4
g86 1.9+£0.1 85+24 44+2 |3.0%£0.1 ] 18+2 | 36+6 |310+50| 85+5
g80 1.7£0.1 70+3 37+£02 |27+£02 | 15+2 | 29+3 [296+13 | 713

'Five replicates were performed for each sample and the values reported are the averages and
standard deviations for each set *Post-yield stress drop was taken as the difference in the yield
stress and the plateau stress after the first yield point *Strain hardening modulus, Gr, was taken as
the slope of the stress-strain curve in the strain hardening regime, &> 200%

Figure 3 shows the tensile properties of each polymer as a function of aging time; Figure

S5 shows the same tensile plots expanded from 0 to 40% to emphasize the changes in the low

strain behavior. Figure S6 shows the strain at break, Young’s modulus, yield stress, and post-yield

stress drop as a function of #, for all of the samples. Each polymer exhibits the same evolution of

mechanical properties and deformation mechanism as they age, although across dramatically

different time scales. This progression is divided into three aging regimes: short, intermediate, and

long ¢, regimes.
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Figure 3. A-F. Tensile properties of model linear (1) and graft (g) polymers as a function of aging
time (labeled on graph next to each curve) in ambient conditions, where the number following g
or 1 denotes the overall volume fraction of PLA. The time to brittle failure, %", is labeled for each
sample. Figure S5 shows the same tensile tests expanded from 0 to 40% strain to emphasize the
differences in the low strain behavior.
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Regime I: In the short #, regime the samples exhibit ductile deformation characterized by
a single yield stress followed by shear yielding. Immediately after yielding diffuse shear bands
form, coalescing into a single necked region. As the sample is stretched to higher strains the neck
continuously propagates through the rest of the gauge region and the engineering stress becomes
nearly invariant with increasing stress. Once the sample is fully cold-drawn at approximately 200%
strain, the sample begins to strain harden and the engineering stress increases linearly with strain.
The tensile bar remains optically clear for all of the samples throughout this deformation process,
as shown in Figure S7.

Regime 2: The intermediate ¢, regime is characterized by a double yielding phenomenon
in the low strain region (<25% strain). After the first yield point the sample exhibits stress
whitening within localized bands in the material (Figure S8),°> which continues with additional
strain until the second yield point, at which point the sample forms a stable neck that propagates
by shear yielding upon further strain. In the early time portion of the intermediate ¢, regime, the
samples are able to fully cold draw to approximately 200% strain but do not extend into the strain
hardening regime. As f. increases within the intermediate regime, the onset of the second yield
becomes delayed to higher strains and the strain at break decreases such that the polymer fails
before being fully cold drawn.

Regime 3: In the long t, regime the samples become brittle and break at low strain (<25%
strain, as shown in Figure S9). The polymers exhibit crazing behavior (see below) with no shear
yielding before brittle failure. The time for the sample to become brittle, i.e., enter regime 3, is
defined as the time to brittle failure, .".

Although the same evolution of mechanical properties is observed for each polymer, "

varies drastically between samples. The most important factor for setting z," for these polymers
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appears to be the PLA content: g100 (and 1100) becomes brittle over the course of 2 days, whereas
286 embrittles after 35 days. Although the g80 sample appears to exhibit the short (regime 1) and
intermediate (regime 2) aging characteristics, the sample does not become brittle on the time scales
studied, hence #" > 210 days. Architecture also appears to strongly influence the rate of aging. 190
becomes brittle after only 6 days, whereas g90 does not embrittle until it is aged for 21 days.

Previous reports have described a transition from shear yielding to crazing as PLA
physically ages.®>* In general, polymers will deform by the lowest energy deformation mechanism,
which is determined by the glassy structure (i.e., potential energy landscape) of the polymer.
However, the glassy structure is continuously evolving with physical aging as the free volume in
the polymer decreases. As a result, the relative energy levels of each deformation mechanism
change with physical aging and the dominant deformation mechanism may change as well. As a
polymer ages, it densifies and the polymer chains are brought closer together, thus reducing the
free volume, which increases the van der Waals interactions between chains; increased interactions
between chains increases the energy needed to separate polymer chains. In effect, the shear
stress—the stress needed to shear yield—increases with physical aging, which is typically
observed as an increase in the yield stress and Young’s modulus.* In contrast, the craze stress is
largely independent of aging time.>’

We postulate the following mechanism to explain the observed sequence of mechanical
properties with aging. At short #, regime 1, the shear stress is lower than the craze stress and the
material favors deformation by shear yielding. In regime 2—at intermediate times—the shear
stress increases, becoming comparable to the stress required to craze, resulting in the observation
of stress whitening and then shear yielding. At long #,, regime 3, the shear stress exceeds the craze

stress, and the material fails by rupture of craze fibrils before shear yielding can occur.
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Another important factor that influences the deformation mechanisms with physical aging
is strain localization. Minimal strain localization typically results in shear yielding and ductile
deformation, whereas high strain localization typically leads to crazing and brittle failure.’® The
extent of strain localization depends on how the material responds to strain. Regions that strain
harden will transfer local deformation to the surrounding matrix, resulting in a delocalization of
strain. Materials that strain soften tend to concentrate stress into highly localized, weak regions of
the plastic. It is well documented that strain softening and strain localization increase with physical

38-60 which is consistent with the transition from shear yielding to crazing that is reported

aging,
here. Although strain softening can be monitored by the post-yield stress drop when testing in
compression, we cannot use this quantity to evaluate our samples because all of the experiments
were conducted in tension.

Physical aging of the rubber modified materials is more complicated, yet the same trend in
deformation mechanisms emerges. First, it is important to understand how the rubbery domains
alter the deformation mechanisms of the glassy matrix. For our BCPs, there are two main ways the
rubbery domains toughen the PLA matrix: reduction of the shear stress and reduction of the craze
stress.%!6% This is due to the fact that the rubber particles act as stress concentrators because stress
localizes in the weakest part of the material. The stress concentration in the proximity of the
rubbery particles also extends into the glass matrix, reducing the shear stress. The imposed stress
field facilitates shear yielding of the glassy matrix because the stress field disrupts intermolecular
interactions by introducing a repulsive force between segments, thereby reducing the shear
stress.%4. Stress concentrated in the rubber domains can also lead to cavitation of the particles,

which may then serve as initiation points for crazing. Cavitation of rubber particles balances the

energetic gain of relieving the internal stress of the rubber particle with the energetic cost of
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creating a new surface between the rubber and the void.%>%¢ As a result, cavitation and subsequent
crazing can occur once the imposed stress exceeds the energy needed to create a void.

For the BCPs, we speculate that the balance of shear yielding and crazing is determined by
the propensity of the rubber particles to cavitate. We posit that at short aging times, the shear stress
is lower than the cavitation stress, and the polymers shear yield before the rubber particles cavitate.
However, at longer aging times the shear stress increases until shear yielding of the PLA requires
more energy than rubber particle cavitation. We hypothesize that the rubber domains cavitate in
the intermediate and long 7, regimes and subsequently initiate crazing.

We observe that #," is strongly dependent on the volume fraction of the rubbery domain,
which is consistent with other reports of physical aging of rubber toughened materials.!3:67-68
Although this trend is a function of composition, the suppression of embrittlement may also be
due to the morphology of the BCPs. Wu previously reported that shear yielding was more favorable
for rubber toughened systems with shorter interparticle distances.®* Wu attributed this to an
increase in the strength of the stress field in the matrix with shorter interparticle distances, which
would effectively decrease the shear stress more dramatically. From these results, we expect #,"
for our PLA containing BCPs to inversely correlate with interparticle distance. This is indeed the
case for some of our samples: 190, g90, and g86 had interparticle distances of 36, 30, and 24 nm
and embrittle in 6, 21, and 35 days, respectively.

However, this explanation does not account for the vast difference in #" between g86 and
280 (35 days and >210 days), which by SAXS analysis nominally have the same interparticle
distance of 24 nm. We postulate that the interconnectedness of the polymers may be another
significant factor in delaying the onset of stress whitening in our polymers. Work by Zhang et al.

has shown that interconnected rubber structures, or network rubber morphologies, were
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significantly more effective at toughening glassy matrices compared to discrete rubber particles.®’
They argued that a network rubber structure makes the induced stress field in the matrix more
continuous and enables the delocalization of stress in the glassy matrix. However, the
interconnected rubber domains also serve to weaken the material and lower the modulus. The
BCPs in this report display a decrease in modulus with increasing interconnectivity (Table 2 and
Figure S6B), indicating that our results are consistent with the conclusions drawn by Zhang et al.
This effect of interconnectivity explains both the difference in z" between 190 and g90 as well as
the dramatic increase in £~ for g86 and g80. In general, the extent of interconnectivity seems to
correlate with the time to brittle failure more consistently than the minor variations in interparticle

distance.

3.4 Deformation mechanisms as a function of aging time

The mechanical data discussed above provide evidence of changes in the deformation
mechanism as a function of aging time. TEM and SAXS were employed to further explore the
micromechanical implications of these results for the BCPs in each aging regime. The g90 sample
was selected as a model system for this purpose and was aged for three different z, (corresponding
to the three aging regimes) then strained to 10% to microscopically investigate the deformation of
the BCPs during aging. All of the samples were strained ex-situ in the tensile tester and removed
for TEM and SAXS analysis. The TEM samples were cut from the deformed sections of the tensile
bars to produce ultrathin sections 70 nm thick and the samples were cut parallel to the strain
direction in order to minimize artifacts from cryo-microtoming. The double-arrows in the TEM

images denote the tensile strain direction; knife marks can be seen parallel to the strain direction
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(see Figures S20-S22). SAXS analysis was performed on bulk samples, centered on the deformed
portions of the gauge section of the tensile specimens.

In regime 1 the ductile polymers exhibit a single yield point (Figure 4A). TEM images of
the necked region, highlighted by the yellow box in Figure 4B, are shown in Figure 4C-D. The
low magnification TEM image (panel C) shows homogeneous deformation with no evidence of
crazing, which is typically observed as either white or black lines perpendicular to the strain
direction. High magnification TEM images (panel D) reveal that the rubber particles are aligned
slightly along the tensile direction; this effect is not significant due to the small (10%) applied
strain. The TEM images also reveal a lack of void formation in the PAMCL and PLA domains.

This supports the mechanical data, where the samples deform solely by shear yielding.
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Figure 4. A. Tensile behavior of the g90 graft BCP (aged in ambient conditions for 1.5 days)
pulled to 10% strain (indicated by the solid line and red dot) compared to the typical tensile
behavior of g90 aged under the same conditions (dashed line and Figure 3C). B. Tensile bar after
it was pulled to 10% strain; the region highlighted by the gold box was sectioned for analysis by
TEM. C. TEM image of necked region highlighted in panel B; the double headed white arrow
indicates the strain (&) direction. The white lines are attributed to knife marks (see Figure S20) D.
TEM image magnified to observe the morphology of the deformed region.

Regime 2 is characterized by the presence of a double yielding phenomenon, where the
polymer whitens after the first yield point then necks at the second yield point, as a result of
subsequent shear yielding. Figure 5A shows the tensile response of g90 after aging for 14 days.
To analyze the behavior of the first yield, the sample was taken out of the tensile tester after

straining to 10%, before the onset of the second yield point. TEM images of the gauge area, taken

from the region highlighted by the yellow box in panel B of Figure 6, with varying magnification
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are shown in panels C-F. In sharp contrast to regime 1, the TEM images of the sample aged for 14

days clearly show narrow bands of lower density material observed as white and black lines

perpendicular to the tensile strain direction. At low magnification (panel C), the TEM image

reveals arrays of these bands with an approximate widths of 50-400 nm. Higher magnification

TEM images in panels D-F show their structure, which appears brighter than the surrounding area,

which we interpret as voided material. The material outside of the bands appears to be undeformed,

indicating that the deformation is localized to the voided region. Within these bands, which may

be either crazes or deformation zones or shear bands, there are fewer rubber particles compared to

the undeformed matrix.
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Figure 5. A. Tensile behavior of the 290 graft BCP (aged in ambient conditions for 14 days) pulled
to 10% strain (indicated by the solid line and red dot) compared to the typical tensile behavior of
290 aged in the same conditions (dashed line and Figure 3C). B. Tensile bar after it was pulled to
10% strain; the region within the gold box was sectioned for analysis by TEM. C. Low
magnification TEM image taken from the region highlighted in panel B. Shear bands are evident
perpendicular to the strain direction. The double headed white arrow indicates the strain (&)
direction. D-F. Higher magnification TEM images of an individual craze.

Although the TEM images do not show clear evidence of rubber particle cavitation, SAXS
results (see below) suggest that in fact the PAMCL rubber particles do cavitate, initiating either
shear banding or crazing. Cavitation of rubber particles during craze formation has been previously
reported.®®¢7%7! Schwier ef al. showed that polystyrene-block-polybutadiene (PS-PB) BCPs with
cylindrical and spherical rubber morphologies produced crazing in the material under strain.”®7!
They observed cavitation of the polybutadiene domains within crazes surrounded by highly
elongated polystyrene fibrils; the portions of the polymer outside of the craze remained
undeformed and retained the original morphology. The cavitated material in sample g90 is
restricted to much narrower bands than those reported by Schwier et al. This may be a consequence
of the graft-block molecular architecture, which places significantly greater restrictions on the
deformation and voiding of the rubber particles versus the PS-PB diblock copolymer architecture.
Because the deformation bands are perpendicular to the direction of applied strain, we interpret
them as crazes; shear bands form at £45° relative to the applied tensile strain.”?

At long f, in regime 3 the polymer produces a single yield point followed by evidence of
crazing and brittle failure (Figure 6A and Figure 3C). TEM images obtained from the deformed
gauge area, identified in Figure 6B, at various magnifications are shown in Figure 6C-F. The low
magnification TEM image in panel C shows significant crazing, seen as black lines perpendicular

to the strain direction. The features are markedly different than the ones produced in regime 2,

being wider, ranging from 50 to 800 nm in width, and less uniform. Higher magnification TEM
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images in panels D-F reveal striking features in the structure of these crazes (additional TEM
images are shown in Figure S11). Similar to regime 2, the region outside of the craze appears to
be undeformed (Figure S11C). However, in contrast to features in regime 2, the crazes have clear
voids, greater than 100 nm in diameter, and large fibrils, or “macrofibrils,” that span the entire

craze. Macrofibril rupture can be seen in Figure 6E-F, where remnants are still present.
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Figure 6. A. Tensile behavior of the g90 graft BCP (aged in ambient conditions for 27 days) pulled
to 10% strain (indicated by the solid line and red dot) compared to the typical tensile behavior of
290 aged in the same conditions (dashed line and Figure 3C). B. Tensile bar after it was pulled to
10% strain; the region identified by the gold box was sectioned for analysis by TEM. C. TEM
image of the region highlighted in panel B; the double headed white arrow indicates the strain (&)
direction. D-F. Magnified TEM images revealing the craze structure.

The deformation features in regimes 2 and 3 are dramatically different, which explains the

qualitatively different mechanical properties of the material in these regimes. We hypothesize that
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rubber particle cavitation occurs in both cases. The crazes formed in regime 2 contain mechanically
robust PLA that can withstand the imposed deformation until the undeformed material outside of
the craze starts shear yielding. However, the PLA fibrils formed in regime 3 are not mechanically
stable enough to transfer the local stress to the surrounding undeformed material, which resists
shear yielding due to aging. Fibril rupture leads to the formation of large voids, which spreads
throughout the craze and leads to failure of the sample at low strains. The macrofibrils evident in
panels D-F in Figure 6 also lack mechanical integrity resulting in sample failure at low strains
without shear yielding.

While TEM provides detailed evidence of the morphological features of individual crazes,
small-angle x-ray scattering (SAXS) offers complementary information on the behavior of the bulk
samples.!®7? The anisotropic morphology of crazes yields characteristic 2D SAXS patterns.’:7*
Figure 7 illustrates a 2D scattering pattern obtained from g90 after straining to 10% following 9
days of aging. The diffuse equatorial lobes along gy centered around gx = 0 arise from scattering
from aligned fibrils with a characteristic inter-fibril distance, while the intense meridional streaks
(along gx centered at gy = 0) are due to reflection from the surfaces formed by the crazes.
Integration of the 2D scattering patterns in specific azimuthal ranges (85 to 95° for meridional

scattering and —5 to 5° for equatorial scattering) yield 1D traces useful in quantifying the evolution

of the deformation morphology.
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Figure 7. A. Tensile bar of g90 (aged 9 days in ambient conditions) after pulling to 10% strain,
where the white double arrow indicates the strain (&) direction. B. Schematic of an idealized voided
shear band or craze demonstrating meridional and equatorial scattering from the structure. C. 2D
SAXS pattern of tensile bar in panel A with schematics showing how the 2D data was integrated
to obtain 1D traces for equatorial (blue pie slice, integrated from —5 to 5°) and meridional (red pie
slice, integrated from 85 to 95°) scattering; the black double headed arrow indicates the strain
direction.

Figure 8 shows the 2D scattering patterns for g90 aged at ambient conditions for varying
times and strained to 10%. The samples were aligned such that the strain direction was
approximately vertical, but the true strain direction is established by the direction of the meridional
streak. Changes in the development and evolution of crazing in the sample are clearly evident as
the material ages. After aging 1 day, relatively faint meridional scattering can be seen whereas the
sample aged just 3 days shows intense meridional scattering intensity and well-defined large
equatorial lobes. This is consistent with our mechanistic classification, where g90 is in regime 1
after aging 1 day and transitions to regime 2 after aging 3 days (Figure 3C). Both sets of features
persist into regime 3 although the equatorial scattering intensity declines somewhat relative to the
meridional scattering.

The SAXS patterns in Figure 8 are somewhat atypical relative to those normally associated
with crazing. The equatorial scattering contains subtle lobes of intensity at azimuthal angles of

about + 25° relative to the equatorial axis. These occur at g values consistent with the length scale

of the morphology set by the spacing between the rubbery domains. We do not know the origins
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of this scattering but speculate that it is associated with constraints imposed by the graft block

molecular architecture.
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Figure 8. A-F. 2D SAXS patterns of g90 pulled to 10% strain after aging at ambient conditions.
The three aging regimes for g90 are labelled in the lower right corner at the appropriate aging
times. The black double-sided arrow indicates the strain (&) direction, which is coincident with the
direction of the meridional scattering streaks.

Figure 9 shows the 1D meridional and equatorial scattering traces obtained from
integrating the 2D SAXS patterns in Figure 8; for reference, the dashed black line in both plots
shows the scattering from an undeformed g90 sample. The sample aged 1 day shows almost
identical equatorial scattering to the undeformed sample (a ring of intensity at ¢ = 0.021 A in
Figure 8A), along with modest meridional scattering at low g. Development of a meridional streak

suggests that the sample forms some crazes in regime 1, but the low meridional scattering intensity

and the weak and isotropic equatorial scattering indicates that the overall density of these features
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must be very low, consistent with the absence of deformation bands in the associated TEM images
and with shear yielding being the dominant deformation mechanism in regime 1 at short #,. After
aging for 3 days or more, the scattering intensity increases dramatically in both the equatorial and
meridional directions, which we associate with the formation of crazes based on the TEM and
SAXS results shown in Figures 5 and 8, respectively. In the equatorial direction the scattering
intensity after 3 days of aging increases by about 2 orders of magnitude while retaining a peak at
g = 0.017 A-'(spacing of 36 nm) which is slightly reduced from that evident in the undeformed
sample at ¢ = 0.021 A" (spacing of 30 nm). This observation is consistent with void formation
(e.g., cavitation), which leads to a steep increase in the electron density contrast between the
particles and matrix polymer.’”> Based on the near coincidence between the peak scattering before
and after straining, we believe that the microstructure templates crazing through cavitation of the
rubbery domains. The intensity of the equatorial scattering drops in regime 3 (i.e., 27 days in Figure
9A) consistent with an increase in the number of crazes with large voids, which would decrease
the total number of equatorial scattering sites. However, the relatively constant intensity of the
meridional scattering found in Figure 9B between 3 and 27 days of aging suggests that the total

level of crazing remains relatively constant.
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Figure 9. A. Equatorial and B. meridional scattering of g90 aged for various times at ambient
conditions, then stretched to 10% strain (solid lines). The dashed black line was obtained from the
undeformed material.

3.5 Assessment of physical aging by differential scanning calorimetry

Up to this point we have demonstrated the consequences of physical aging through changes
in the mechanical properties with aging time. As discussed previously, the mechanical properties
depend on numerous effects: although these observed changes occur as physical aging proceeds,
they may not be solely due to the structural relaxation of polymer chains that is the crucial
component of physical aging. DSC experiments were conducted to further explore how changes
in the composition and molecular architecture affect evolution of the glassy state and whether these
parameters independently affect the rate of structural relaxation.

Physical aging densifies the glassy structure of the polymer. Transitioning from the glassy
state to the liquid state requires more energy for densified polymer chains, which manifests as an
enthalpic overshoot at 7,. The extent of physical aging can be quantified by the area under the
curve of the enthalpic overshoot.!%’¢ We annealed all the samples in the DSC at 40 °C to accelerate

the rate of aging, allowing significant aging to occur in less than 8 hours. As a result, the aging
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times in the mechanical testing and the aging times in the DSC studies cannot be directly
compared. To assess the enthalpy overshoot, the polymers were subjected to a controlled thermal
history, as described in the Methods and Materials section. A final heating ramp from 0 to 100 °C
at 10 °C/min was used to observe the enthalpy overshoot.

Figure 10 shows the heating traces for all the polymers studied, where the enthalpy for each
heating trace was normalized by the PLA content. All of the polymers showed the development of
an enthalpy overshoot at 7y, with the magnitude of the enthalpy overshoot increasing with
increasing #,. For the same aging conditions, the 100% PLA polymers had a higher extent of aging
compared to the BCPs, as observed by a larger area under the enthalpy curves for g1 00 and 1100.
Reduction of the rate of structural relaxation by the addition of rubber components has been

reported previously,'8

consistent with the mechanical data, where the 100% PLA polymers
embrittled much faster than the PAMCL containing polymers. Although the addition of PAMCL
appeared to reduce the extent of aging for the same annealing conditions, the amount of rubber
does not appear to significantly affect the aging rate of the glassy PLA as measured by DSC.
Additionally, architecture does not appear to influence structural relaxation of the polymers, i.e.,
190 and g90 produce virtually identical results. Both of these observations contrast with the
mechanical data, where both composition and architecture strongly dictated the rate of
embrittlement. These results suggest that the rubbery domains change the glassy structure but that
variations in chain connectivity and rubber domain morphology do not appreciably affect

structural relaxation of the glassy PLA. Instead, the mere presence or absence of the rubbery

particles appears to be the most important factor in changing the rate of structural relaxation.
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Figure 10. A-F. DSC traces, normalized for PLA content, after aging at 40 °C for various times.

It is important to note that although g80 did not embrittle over the timescales studied (<
210 days), it did experience structural relaxation by physical aging, as indicated by the evolution
of an enthalpic overshoot (Figure 10F). This underscores the fact that the addition of rubber does
not prevent physical aging of the glassy domains; instead the rubbery domains interact with the
PLA in other ways to reduce the effects of physical aging on the mechanical properties (i.e.,
reducing the shear stress). This observation emphasizes that the mechanical response of the PLA
materials as a function of aging time is not a single function of the extent of densification. Instead
the mechanical response is a complex process dictated by several factors (e.g., relative deformation

energies and strain localization).
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3.6 Pre-strained polymers

The use of rubbery domains and a graft block architecture facilitate ductile deformation in PLA
and delay transition of the material from being ductile to brittle. With the goal of producing tough
PLA plastics that retain their ductility indefinitely, we explored an alternative approach.
Mechanical pre-straining has been shown to improve the mechanical properties of hard plastics,
increasing their strength and ductility.”’®3 The improved strength of these pre-strained polymers
is generally attributed to the orientation of the polymer chains because the elongated polymer
chains resist further deformation. We pre-strained the materials by uniaxially stretching tensile
bars at a strain rate of 1 mm/min at ambient conditions. All of the samples were pre-strained in
regime 1, i.e., at short #,, such that they exhibited a single yield point with ductile deformation (i.e.,
290 was pre-strained after aging for < 1 day whereas g100 was pre-strained after aging only 1
hour).

The morphology of the pre-strained g90 was examined by TEM and SAXS to understand how
the molecular conformation changes with deformation (Figure 11). The TEM images demonstrate
that the rubber particles affinely deform along the tensile direction with no evidence of crazing or
cavitation. SAXS analysis shows that large equatorial lobes arise with deformation, where the
intensity of the scattering increases with increasing deformation. The equatorial scattering was due
to the scattering between extended rubbery domains perpendicular to the strain direction. The

absence of intense meridional scattering evidences that no crazes are present in the samples.
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Figure 11. A. Azimuthally integrated 1D SAXS traces for g90 strained to 0% (black solid line),
150% (blue dashed line), and 230% (red dash-dot line). B-C. TEM images of g90 at 150 and 230%
strain. D-F. 2D SAXS patterns for g90 at 0, 150, and 230% strain. All samples were aged <1 day
at ambient conditions before straining; the white double-headed arrow indicates the strain
direction.
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Pre-strained polymers for mechanical testing were prepared by straining the regime 1
tensile bars to 200% strain, followed by cutting out a section from the strained gauge section to
create a new tensile specimen (Figure S12). The mechanical properties of the pre-strained
polymers were tested by uniaxial extension-to-break experiments at I mm/min. Figure 12 shows
the representative tensile behavior for each polymer and the averaged results are summarized in
Table 3. These results are compared to the as-pressed samples that were aged for 48 hours (Figure
S4 and Table 2), which is the reported time for neat PLA to embrittle and as such is taken as the

typical time that PLA materials are aged.®!® The pre-strained polymers deform elastically at low
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strains, then undergo yielding and subsequent strain hardening. Overall, pre-straining improves all
the measured mechanical properties. This is consistent with previous results for pre-strained PLA.
80.83.84 However, previous reports strained PLA above T, whereas all of the polymers in this report
were pre-strained below T,. All of the pre-strained polymers have a higher modulus and higher
yield stress compared to the as-pressed counterparts. For example, when pre-strained, the modulus
and yield stress for g100 increase 20% (2.9 to 3.7 GPa) and 100% (50 to 100 MPa), respectively,
compared to the as-pressed sample, and the tensile strength rises more than 3-fold (see Figure 3B).
Moreover, the materials exhibit significant ductility: all of the samples break at greater than 40%
strain, including the 100% PLA materials. Pre-straining also imparts significant toughening of the
polymers: the pre-strained g100 has a tensile toughness of 48 MJ/m?, 24 times greater than the as-
pressed tensile toughness of 2 MJ/m?. In fact, pre-straining the g100 sample yields the same tensile
toughness as the as-pressed g90 sample, but with a higher modulus. In effect, pre-straining

toughens the PLA materials without sacrificing strength, a common tradeoff with rubber
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Figure 12. Representative tensile curves of pre-strained polymers (strained to 200%, aged at
ambient conditions, and then strained to break; see Figure S13 for all replicates). Samples were
pre-strained at short aging time (such that the sample exhibited only shear yielding with no crazing)
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and aged 1 day at ambient conditions after pre-straining. A. Full strain range, with a grey box
surrounding the low strain region highlighted in B.

Table 3. Mechanical properties of pre-strained PLA polymers!

Sample | E (GPa) | Toughness oy & (%) | PYSD? Ob & (%) | Gr
1D (MJ/m®) | (MPa) (MPa) | (MPa) (MPa)
gl00 | 3.7+£0.6 48 £8 103+9 |38+£03 | 8=£2 135+11 | 46£8 | 191 £70
1100 | 2.7+ 0.1 35+£8 79+7 145+04 1+1 112+11 | 39+6 | 131 +£20
g90 2.6+0.3 42+2 72+2 |37+£03| 53+2 | 114+2 | 51+£3 | 162+8
190 26103 377 658 51 [26+£03]103+14|48+5 | 140+30
g86 22+0.1 39+8 56+1 |3.6+£0.1| 3£0.8 969 | 56+£8 | 120£10
g80 22104 465 51£8 132+£03] 2£0.5 95+2 | 70+7 | 80£10

Three replicates were performed for each sample and the values reported are the averages and
standard deviations for each set *Post-yield stress drop was taken as the difference in the yield
stress and the minimum in the stress after the yield point 3Strain hardening modulus, Gr, was taken
as the slope of the stress-strain curve in the strain hardening regime, &> 20%.

Composition appears to affect the mechanical properties of the pre-strained polymers
similar to the as-pressed polymers, where an increase in rubber content decreases the modulus and
increases the strain at break. However, the toughness of the pre-strained polymers is largely
invariant as the rubber content increases, in contrast to the trends in the as-pressed samples. This
trend in toughness is largely due to the fact that the 100% PLA samples have an &, similar to those
of the BCPs when pre-strained. While &, for the pre-strained polymers differs by less than a factor
of two between all compositions, &, for the as-pressed samples varied by over 50 times. Molecular
architecture (e.g., 190 vs g90) only has a small effect on the yielding behavior of the pre-strained
polymers, where the graft polymer has a higher yield stress and a larger post-yield stress drop than
the linear counterpart.

The pre-strained samples appear to deform by homogeneous shear yielding up to the point
of rupture. This behavior is qualitatively different than the deformation behavior displayed by the

as-pressed samples, where the samples either necked before shear yielding (short ¢, regime 1) or
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crazed (intermediate and long #. regimes 2 and 3). Although the deformation of the pre-strained
polymers does not mimic the necking of the samples in regime 1, it does resemble the deformation
of the as-pressed samples in the short z, regime 1 at high strain (>200%). After the as-pressed
(regime 1) polymers are fully cold drawn they strain harden, shear yielding uniformly across the
entire tensile specimen until failure by rupture. In effect, the pre-strained samples bypass the cold
drawing process and transition directly to the strain hardening regime.

The uniform deformation of the pre-strained samples indicates that the samples have
eliminated strain localization. This is consistent with the minimization of strain softening, which
has been shown to be severely reduced or eliminated with mechanical pre-straining.5%-85-88 Wu and
van der Giessen demonstrated in numerical simulations that strain softening can be suppressed if
the intrinsic strain hardening tendency is high enough to overcome the strain softening,’’ a result
that has been extensively corroborated experimentally %888 The strain hardening is much greater
in the pre-strained samples as evidenced by the immediate transition to the strain hardening regime
after yielding and the increase in the strain hardening modulus (Gwr).

Aging of the pre-strained polymers was tested in a manner similar to the as-pressed
samples, where the polymers were pre-strained and then aged for different #, at ambient conditions.
The aging time was taken as the time between pre-straining and uniaxial strain to break testing.
Figure 13 shows the engineering stress-strain curves for the pre-strained g90 polymer aged for
different times (data for all the polymers are shown in Figure S15) and the averaged results for the
mechanical properties are summarized in Table 4 (results are plotted in Figure S16). The tensile
properties (modulus, yield stress, strain at break, tensile strength, and toughness) of pre-strained
290 do not appreciably change with time, in contrast to the as-pressed material. For comparison,

Figure 13 includes the embrittled as-pressed g90 that was aged for 21 days (blue dashed line). The
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pre-strained g90 remained ductile for at least three times as long as the as-pressed samples, up to
60 days. In fact, all of the pre-strained polymers exhibited this persistence of ductility; even the
100% PLA samples (Figure S15A-B), which originally embrittled in 1 day, remained ductile after
aging under ambient conditions for 60 days. Razavi and Wang also recently reported on the

apparent permanent persistence of ductility in amorphous poly(L-lactide) that was pre-strained

above T3
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before pre-straining 1
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Engineering Strain (%)
Figure 13. Tensile properties of pre-strained g90 as a function of aging time (all replicates shown
in Figure S14). Samples were aged for 1 day at ambient conditions, pulled to 200% strain, and

then aged again under ambient conditions (aging time labeled on the graph) before tensile testing.
The dashed blue line shows the as-pressed g90 sample aged 21 days for comparison.

Table 4. Mechanical properties of pre-strained g90 as a function of aging time!

ta E (GPa) | Toughness | g & (%) | PYSD? ob & (%) Gr®
(days) (MJ/m®) | (MPa) (MPa) | (MPa) (MPa)

1 2.610.2 42+2 72+3 [3.7£03 | 5+2 115+2 | 51+3 | 153+41

8 23+ 04 45+6 64+3 [46+08 | 4+1 110+£12 | 58+2 | 137+£25

15 2104 51£9 64t4 [44+£07| 5%1 108+6 | 66+9 | 121£13

60 2.7£0.5 66 £ 29 779 (41204 | 9%1 117+3 | 72 +£28 | 125+£30

Three replicates were performed for each sample and the values reported are the averages and
standard deviations for each set *Post-yield stress drop was taken as the difference in the yield
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stress and the minimum in the stress after the yield point 3Strain hardening modulus, Gr, was taken
as the slope of the stress-strain curve in the strain hardening regime, &> 20%.

Previous literature has shown that mechanically pre-strained polymers can reset the aging
clock, where mechanical deformation acts like thermal treatment for physical aging,*34%:60.90-92
Referred to as “mechanical rejuvenation,”? this process brings the polymer to a metastable,
relatively high free volume state; releasing the mechanical strain is analogous to quenching
thermally rejuvenated polymers and triggers structural relaxation of the polymer chains, where
post-rejuvenation densification of the polymer melt increases segment-segment interactions.
Structural relaxation is evidenced by an increase in the yield stress with aging time, which is

3694 and mechanically rejuvenated materials.*®* The pre-strained

observed for both thermally
polymers in this report display a slight increase in yield stress with aging. However, the pre-
strained polymers show no change in deformation mechanism, which for the as-pressed samples
is the most reliable predictor of physical aging embrittlement. These observations suggest that the
pre-strained polymers undergo some structural relaxation but that physical aging does not result in
embrittlement of the samples on the timescales studied.

Densification of polymer chains is not the only factor dictating the potential energy
landscape that ultimately determines whether polymers will embrittle after aging, as discussed in
section 3.5. Mechanical deformation of the glassy structure can also alter this landscape and can
also change the dominant deformation mechanism observed. Although direct measurement of the
potential energy landscape or the glassy state of a polymer is not experimentally feasible, these
concepts have been the subject of many simulation and theoretical analyses and have been used to

interpret experimental results. Bending and Hebert observed an increase in the molecular mobility

of deformed glassy polymers and demonstrated that the deformation induced rejuvenation of the
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46,92 42,95

glasses. They interpreted their results, with evidence from Chen and Schweizer’s theory,
such that the basins of the potential energy landscapes rise with strain and that the barrier between
energy minima is decreased to the point that it can be overcome by thermal perturbations. We
propose that the glassy structure of our pre-strained polymers have transitioned to a new energetic
minimum and that the shear stress in the new potential energy landscape is much lower than the
craze stress, such that even aging of the glass will not alter the dominant deformation mechanism.
Given the stability of the ductility and toughness of the pre-strained polymers—even the 100%
PLA polymers that, as-pressed, embrittle within 1 day—we speculate that the mechanically
rejuvenated polymers described here will not embrittle upon further aging.

It is important to note that while composition does not appear to be an important factor in
the aging kinetics of the pre-strained polymers, it is a critical parameter for their preparation. The
polymers have to be pre-strained within the short #, regime such that they can be strained to 200%.
The time frame over which regime 1 is operative is highly dependent on the rubber content: g100
transitions to the intermediate 7, regime 2 within about 1 hour whereas g80 remains in regime 1
for almost 200 days. In effect, the polymer composition and architecture can be used to tune the
processing window of the polymer.

3.7 Shape memory properties

The processing of our PLA containing polymers has been demonstrated to be a critical design
variable in controlling their resulting mechanical properties, where mechanical rejuvenation of
polymers at short annealing times has been shown to be the best method for producing durable,
tough PLA plastics. However, it was unclear if these mechanically rejuvenated polymers are
permanently altered or whether they could be reprocessed similar to other thermally rejuvenated

polymers, which is crucial for recycling or repurposing of polymer materials.
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Figure 14 shows the behavior of g90 at various stages of heating and straining. First the
polymer was aged 1 day and pre-strained resulting in the now established short #, regime 1
behavior, i.e., yielding in a single step and cold drawing to 200% strain. The polymer was aged for
1 day at ambient conditions, then heated to 80 °C for 15 seconds. Heating the extended tensile bar
led to rapid quantitative recovery of the original shape, reforming into a dog bone. The sample was
again aged 1 day at ambient conditions, mirroring the initial aging conditions. A subsequent strain
to break experiment yielded the same tensile behavior as the original as-pressed sample: regime 1
yielding with high ductility. This recovery of initial mechanical properties, or shape memory

behavior, was observed for all of the polymers, including g100 and 1100, as shown in Figure S17.
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Figure 14. A. Tensile properties of g90 after hot pressing and aging 1 day at ambient conditions
and stretched to 200% strain (as pressed, red curve) and after heating to 80 °C and aging 1 day at
ambient conditions and strained to break (after reheating, blue curve). B. Photos of the tensile bar
after hot pressing and pre-straining (red box) and photos of the tensile bar after it was heated to 80
°C and subsequently strained to break (blue box).

In addition to the recovery of the polymer’s original mechanical properties, the reformed

samples recovered the intermediate (regime 2) and long ¢, (regime 3) behavior. After the shape

memory process, when aged 3 days g90 develops a double yield and when aged more than 21 days
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it is brittle (Figure S18). This demonstrates that the structure introduced by mechanical
rejuvenation can be completely erased and that the plastic returns to the same potential energy
landscape as when thermally pressed. Interestingly, aging of the pre-strained polymers did not
affect the shape memory effect of the polymers. Full shape recovery was observed for pre-strained
samples of all compositions that were aged for only 1 day and for samples that were aged 180 days
after pre-straining. These results suggest that the two states, thermally and mechanically
rejuvenated, are independent from each other and that switching between them is reversible. This
demonstrates the universality of the rejuvenation processes, which raises the floor of the potential
energy landscape, allowing the material to transition into new energy minima, and aging deepens

the potential energy wells, resulting in the mechanical properties that we observe.

4 Conclusions

We have demonstrated that glassy PLA based graft BCPs containing between 10 and 20% of
microphase separated rubbery P4MCL result in materials with dramatically delayed aging
characteristics relative to pure PLA. These materials undergo physical aging, transforming from a
ductile state immediately after thermal processing to a brittle material following an aging time #".
Both the rubber modified BCPs and pure PLA display the same pattern of mechanical response
with aging. At short 7, denoted regime 1, the polymers are ductile, yielding in a single step
followed by shear yielding. In regime 2, at intermediate t,, the polymers deform in two yielding
steps, which we suggest are first by crazing then by shear yielding. At long ., regime 3, the
polymers yield then fail in a brittle fashion following crazing. Although the materials exhibit the
same aging pattern, the time to brittle failure is strongly dependent on the composition. Pure linear
and graft PLA embrittle in less than 2 days while a graft block copolymer containing 20% rubber

remains ductile after 210 days at ambient conditions. Characterization of the deformation
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mechanisms using TEM and SAXS suggests that crazing is initiated by rubber particle cavitation
in regime 2 and 3, but the PLA fibrils rupture in regime 3, due to embrittlement of the material.
DSC analysis confirms that the presence of the rubber slows aging but indicates that structural
relaxation of the glassy PLA is not solely responsible for the evolution of the mechanical properties
with f. We also demonstrated that pre-straining the pure PLA and graft BCPs while in regime 1
imposes mechanical rejuvenation, resulting in plastics with enhanced yield stress, tensile strength,
and toughness, which persists for at least 60 days after processing. These mechanically pre-strained
polymers form a modified glassy structure with a potential energy landscape more favorable to
shear yielding, which results in ductility. Finally, the pre-strained polymers exhibit complete shape
memory behavior, recovering the initial dog bone shape and original as-pressed mechanical
properties after heating for several seconds above 7. This shape memory behavior highlights the
reversibility of each processing method and has important implications for potential applications

such as shrink wrap labels for food and beverage containers.

S Associated content

Supporting Information

Synthetic details, molecular characterization, and additional data. The Supporting Information is
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