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Abstract

Ceria and its solid-solutions play a vital role in several industrial processes and devices. These
include solar energy-to-fuel conversion, solid oxide fuel and electrolyzer cells, memristors,
chemical looping combustion, automotive 3-way catalysts, catalytic surface coatings,
supercapacitors and recently, electrostrictive devices. An attractive feature of ceria is the
possibility of tuning defect-chemistry to increase the effectiveness of the materials in application
areas. Years of study have revealed many features of the long-range, macroscopic characteristics
of ceria and its derivatives. In this review we focus on an area of ceria defect chemistry which
has received comparatively little attention — defect-induced local distortions and short-range
associates. These features are non-periodic in nature and hence not readily detected by
conventional X-ray powder diffraction. We compile the relevant literature data obtained by
thermodynamic analysis, Raman spectroscopy, and X-ray absorption fine structure (XAFS)
spectroscopy. Each of these techniques provides insight into material behavior without reliance
on long-range periodic symmetry. From thermodynamic analyses, association of defects is
inferred. From XAFS, an element-specific probe, local structure around selected atomic species
is obtained, whereas from Raman spectroscopy, local symmetry breaking and vibrational changes
in bonding patterns is detected. We note that, for undoped ceria and its solid-solutions, the
relationship between short range order and cation-oxygen-vacancy coordination remains a
subject of active debate. Beyond collating the sometimes contradictory data in the literature, we
strengthen this review by reporting new spectroscopy results and analysis. We contribute to this
debate by introducing additional data and analysis, with the expectation that increasing our
fundamental understanding of this relationship will lead to an ability to predict and tailor the

defect-chemistry of ceria-based materials for practical applications.
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1 Basic properties and applications of ceria

3 Ce*"/Do*" n cubic Vo tetrahedral

| I

Do I:f}[l} site {-l-:gj site

Fig. 1 Schematic of crystal structure and defects for ceria and solid-solutions: a. displays a Fm — 3m
fluorite ceria unit cell, containing 8 oxygen atoms (red) forming a simple cube embedded inside a face
centered cubic (FCC) array of Ce cations (lime). Every second oxygen cube contains a Ce cation, as
illustrated by the 4 semi-transparent oxygen atoms on the right, belonging to the next unit cell. Over

all, the fluorite unit cell has 8 oxygen atoms and 4 cerium atoms. b. and c. illustrate the two main point-

defects which may or may not be preferentially nearest neighbors, depending on the dopant type and
prevalence of oxygen deficiency. Cation defects, Ce3* (in oxygen-deficient ceria) and Do’* (in doped

ceria), sit in a Ce** cubic site of Oy symmetry with 8-fold oxygen coordination. Every two cation
defects in the structure are balanced by one oxygen-vacancy defect Vo, which sits in a tetrahedral site

of Ta symmetry, with 4-fold cation coordination.

Over the past few decades, the crystal structure, electronic and ionic conductivities, elastic moduli
and electromechanical behavior of ceria, CeO», and its doped derivatives, have been studied and
the materials have been found to be suited to a variety of important industrial applications.!
Beyond the functional properties, these oxides are generally inert against reactions and hence are
compatible with many materials, both biological and inorganic, they are stable in harsh
environments, including temperatures up to at least 2000 °C, and cerium, despite being a
lanthanide, is rather abundant in the earth’s crust, comparable in abundance to copper.’ These

features add to the suitability of this class of materials to a wide range of devices.

The properties of ceria are closely linked to its rather stable cubic fluorite (Fm-3m) crystal
structure, Fig. 1a, which has four CeO> formula units per cubic unit cell. The Ce atoms are
arranged in a face centered cubic array, occupying the 4a sites of the Fm-3m space group, and
the oxygen anions fill the eight tetrahedral 8c sites. The arrangement gives 8-fold coordination

of Ce and 4-fold tetrahedral coordination of O ions. The properties of the material can be readily
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manipulated within the framework of this robust crystal structure by extrinsic doping to create
solid solutions. In particular, cations of similar size to Ce*" but with different valence are
compensated by the creation of functional point defects. When the dopants are trivalent acceptor
cations, henceforth Do, (Fig. 1b), the missing positive charge is compensated by the formation of
one extrinsic oxygen vacancy per two dopant elements (Fig. Ic), and the stoichiometry is

Ceq_xD0,05_y 5. Such acceptor doping has been widely exploited for fuel cell development,

because the resulting materials, particularly in the case of Sm and Gd doping, display
exceptionally high ionic conductivity.’ Divalent dopants (e.g. Ca, Mg. Ba), though generating a
higher concentration of vacancies per dissolved dopant ion, result in uniformly lower
conductivities than Sm and Gd dopants® and therefore have been of much lower technological
interest. The case of high valence donor dopants (e.g. Nb>*, Ta>") has been studied to an even
lesser extent, in large part because the solubilities of these species is relatively low (generally on

the order of 1 at%), implying limited impact on bulk properties.””

Even in the absence of extrinsic dopants, a substantial concentration of point defects can exist in
ceria as a result of partial reduction of Ce*" to Ce**. In such case, the material has the formula
Ce02-5, where O is the oxygen non-stoichiometry, and both ionic and electronic conductivity
become significant. The reduction is generally favored at high temperatures, low gas-phase
oxygen chemical potentials (i.e., low oxygen partial pressures), and on surfaces.! ! The
reversibility and ease of the reduction is implicated in the high catalytic activity of ceria for a
variety of redox reactions which are reviewed e.g. by Trovarelli'?> or Montini.'> The most
prominent technological application in this context is in automotive three-way-catalysts.! ' In
order to simultaneously remove soot, carbon monoxide, and NOx from the exhaust stream, precise
control of the oxygen-to-fuel ratio is necessary. Ceria has the capacity to serve as an oxygen
buffer by actively varying its oxygen non-stoichiometry, supplying oxygen when required for
carbon oxidation, and removing it as necessary for NOx reduction. Another promising use of the
oxygen storage capacity of ceria is in solar-driven thermochemical water splitting.!* !¢ During
this cyclic process, ceria releases oxygen at extremely high temperatures (typ. 1500°C), which
can be achieved by solar concentration. Subsequently, the material is cooled to 800-1000°C, and
the oxygen vacancies generated from the prior reduction step are filled with oxygen through a
water and COz splitting reaction. Though not treated in this review, it is noteworthy that doping
with tetravalent cations, Zr*" or Hf*", increases the ease by which the reduction of the host
material occurs. !’ '® This behavior is used to increase the oxygen storage capacity in exhaust

catalysts, or to decrease the operating temperature of solar- and thermochemical water splitting.'*



20 The partial reduction of ceria in the presence of hydrogen or other fuels furthermore provides

advantages for its use as a constituent in composite anodes of solid oxide fuel cells?!-23.24

While the use of ceria and its doped derivatives in energy and environmental technologies as
described above is relatively well-known, the reducibility and mixed conductivity of ceria are
also relevant to its applicability in emerging areas such as resistive switching devices*® for
computation and data storage, and supercapacitors.? In the medical sector, where ceria has been
found to be biocompatible with human tissue, the surface catalytic redox activity has been

investigated for potential use in cancer therapy and inhibition of radiation-induced damage.>® 3!

Because of the extensive range of demonstrated and possible applications of trivalent (rare-earth)
doped ceria, the literature is rich with studies connecting the macroscopic properties, particularly

32-34

transport properties, to the material chemistry and to the long-range, averaged crystal

structure, where the latter is generally determined by conventional X-ray powder diffraction.?> 3
In this review we focus on an area of ceria defect chemistry that has received comparatively little
attention: defect-induced local distortions and short-range associates. The selection of this topic
is motivated by the recognition that several questions regarding the chemo-mechanical and
electrostrictive properties of doped ceria remain open.*”* For example, 10 mol% Gd-doped ceria

supported thin films®”> 3

can develop large electrostrictive stress (up to 500 MPa) and the
electrostrictive strain coefficient is surprisingly large at low electric field frequencies. As
characterized by Newnham et al. for a large variety of materials,** the electrostrictive strain
coefficient should scale with the ratio of the material elastic compliance to the dielectric
permittivity. According to this scaling law, materials with large bulk modulus and dielectric
constant 30-55 such as trivalent doped ceria should not produce a large electrostrictive response.*!
For example, Y-stabilized ZrO, has a strain electrostriction coefficient of the order of
1072Y(m?/V?). However, electrostriction coefficients of =~ 10718 —1071%(m?/V?),

comparable to commercial relaxor materials, have been recorded for substrate supported doped

37,39,42 43

ceria films in a “cantilever” configuration, self-supported membranes,” as well as for bulk
ceramics.** Moreover, Gd-doped ceria has been shown to be anelastic, meaning that the elastic
moduli depend on the rate of deformation.*’ These unusual properties, which emerge at trivalent
dopant concentrations of <20 mol%, are proposed to originate from anisotropic lattice
distortions in the near neighbor shells of the cations and oxygen vacancies in an average fluorite

structure.3® 46

This review draws from the extensive literature derived from thermogravimetric measurements'®

4751 from which defect association in partially reduced ceria compositions can be inferred, and
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from local structural measurements, specifically X-ray absorption fine structure (XAFS)
spectroscopy and Raman spectroscopy. These spectroscopic methods are exquisitely suited to the
detection of non-periodic distortions and can assist in the search for suitable descriptors of the
interaction of oxygen anions and vacancies with dopant or Ce*" ions, e.g. defect associates and
lattice distortions. Additional suitable methods for addressing short-range interatomic distances
such as Neutron and X-ray total scattering analysis using Pair Distribution Function (PDF) were
recently reviewed by Coduri et al. in ref.** The conclusions from these data will be briefly
discussed alongside XAFS results. Similarly, nuclear magnetic resonance (NMR) spectroscopy
can give insights into local structural configurations, and conclusions in this area are discussed
alongside the Raman spectroscopy results. Other methods like oxygen isotope exchange and
depth profiling (IEDP) by secondary ion mass spectroscopy (SIMS) vyield valuable
complementary information on oxygen exchange and diffusion kinetics, but do not shed light on

the local structure considered in this review.>>>>

The thermogravimetric measurements, analyzed in conjunction with appropriate defect models,
reveal that, as soon as defect concentration become non-negligible, the thermodynamics of
reduction of undoped and (to a lesser extent) doped ceria deviate from simple solution behavior.
In such case, rather than isolated, non-interacting defects, associates in the form of neutral trimers
dominate the defect chemistry.’® 3’ Raman spectroscopy reveals the emergence of new peaks
when defects are introduced into ceria, providing a sensitive tool for investigating local structure.
Extended XAFS (EXAFS) spectroscopy has been used to measure the distance from Ce or dopant
cations to their nearest neighbors (oxygen anions) or next nearest neighbors (other cations). The
average nearest-neighbor distances of doped ceria show that the lattice strongly deviates from
fluorite symmetry at the unit cell level.’®>® This stands in a seeming contradiction with the XRD
studies which average over all unit cells and indicate fluorite symmetry for acceptor doping levels
up to 20 mol%.% 62 It is evident that the global average does not provide the full structural
description and a multimodal approach, combining the XRD and EXAFS studies to provide a
picture of actual structure, is needed. In agreement with the EXAFS findings, Raman spectra of
extrinsically doped and reduced undoped ceria, demonstrate additional defect-related Raman

modes, indicating that the fluorite symmetry is no longer present on the unit cell level.

Combining the results across methods that are capable of directly probing local cation-oxygen,
and oxygen-vacancy related lattice interactions and distortions enables identification of new
parameters affecting electro/thermo-chemo-mechanics of ceria solid-solutions. In turn, the

insights afforded from this framework can reveal the role of defect clustering and local structural
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distortions on reducibility and the generation of surprisingly large electrostriction. Such factors

must be considered when designing ceria based materials for a wide range of applications.



2 Thermodynamic studies of the defect-chemistry of ceria, without
and with dopants

We review in this section the state of understanding of the defect-chemistry of ceria as developed
largely using thermogravimetric methods and conductivity measurements in combination with
defect chemical modeling and more recent atomistic simulations. With such techniques,
information on the enthalpies and entropies of defect interactions, as well as candidates for defect
clusters are accessible. As we show later in this review, Raman and XAFS spectroscopies can
directly reveal the local chemical environment of defects. These techniques provide even deeper
insights into the nature, concentration and degree of association of such defects as relevant for

fully elucidating the structure-property relationships.

Ceria is a wide bandgap semiconductor with an experimentally measured bandgap of ~ 6 eV from
the valence band with predominantly oxygen 2p character to the conduction band with
predominantly cerium 5d character.®® Localized, empty 4fstates lie within the gap,®* leading some
to describe the bandgap to be ~ 3 eV,% which is, however, the distance from the valence band to
the bottom of the empty 4/ band. As already noted, doping with tri- or divalent cations introduces
extrinsic oxygen vacancies, which balance the effective negative charge of the dopant species.
Exposure to high temperature or reducing gas conditions causes a loss of oxygen to the gas phase,
generating intrinsic oxygen vacancies. These vacancies are charge-balanced by electronic defects
in form of Ce*" ions and, depending on specific conditions, the concentration on intrinsic defects
can dominate bulk properties.’® The reactions and mass action laws characterizing the redox
behavior are summarized in Table 1 (Eqgs. 1-11), where the defect species are described using
Kroger-Vink notation.%® The electronic defect, Ce,, expressed in these equations describes a
cerium ion that has trapped an electron in its vicinity. "> % The trapping gives rise to a small
polaron, i.e., a quasiparticle which appears when an electron interacts with the polarization of its
surrounding ions.®’ Electronic structure calculations suggest that the polarons fill states that are
created as a result of the reduction and lie just below the unoccupied 4f states at a distance of 2
to 2.4 eV from the valence band ** 7% 7!, Their position is also ~1 eV below the Fermi level, as
experimentally observed in ambient pressure XPS (X-ray photoelectron spectroscopy)

measurements on reduced ceria.'® 7?
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Fig. 2 Schematic band diagram of ceria containing electronic defects. The Oz states form the valence

band and the Cesq states the conduction band. The Cesr states labelled ‘full’ are absent when the
material has no electronic defects. Shading is used to indicate uncertainty in the band positions.

Reproduced from ref%* with permission from AIP Publishing, copyright 2007.

Table 1. Defect chemical reactions describing the redox behavior of undoped, CeQ:>.s5 and doped,

Ce1:D0:02./2-5 ceria, where Do’" is a trivalent dopant species.

Name Expression* Egs.
No.

Reduction, isolated vacancies 2Cek, + 0% & 2Cel, + V3" + %02 1

Mass action [Vs'1[Cecel? ., 2

Kr,isolated = m 0,

Reduction, trimer associates 2Cel, + 05 & (Cel V5 Cepe)* + %02 3
Mass action Koy = [(CeceVo Cec,)] 5% 4
’ [Cecel?[05] ~72
Electroneutrality, undoped V3] = %[Ceée] = [vg] 5
Electroneutrality, doped (V5] = [V5 ™ + [V5]e¥t = %[C ecel + %[Doée] 6
Anion site restriction [05]1+ V5] + [(Cet.Vy Cere)] =1 7
Cation site restriction, undoped [Cele] + [Cete] + 2[(CecoV5 Cere)] =1 8

Cation site restriction, doped [Cele] + [Doce] + [Cece] +2[(CegV5 Cete)] 9
=1

Non-stoichiometry §=2x[V5]M 4+ 2% [(CetoV5 Cele)] 10

*Square brackets indicate the fractional (unitless) site occupancies; there are two oxygen and
one cation sites per formula unit, electroneutrality equations differ by a factor of 2 when

expressed in volumetric concentrations. [Vy'|, including intrinsic (int) and extrinsic (ext)
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contributions, and [Ce,] refer to the concentration of vacancies and electronic defects not in

associates. Po, is the oxygen pressure relative to the standard oxygen pressure of 1 atm.

Under conditions in which the non-stoichiometry o is sufficiently small that defects are non-
interacting, the reduction of ceria is described by Eq. 1 with the corresponding mass action law,
Eq. 2.5 % When the site occupancies of Ce, and O} are close to 1, the equilibrium constant can

be approximated as

Kr,isolated ~ [Vé.][ceée]zﬁgz 11

Together with the electroneutrality condition expressed in Eq. 5, the above implies vacancy and
electronic defect concentrations that vary with oxygen partial pressure according to a power law
exponent of -1/.. Experimentally, power law exponents close to this value have been observed
in oxygen partial pressure dependent conductivity measurements % . Such measurements express
the thermodynamics because they reflect the variation in the polaron defect (i.e. carrier)
concentration. In contrast to transport measurements, thermogravimetric measurements tend to
show slightly larger exponents.>® >! This is undoubtedly due to the difficulty in measuring mass
changes in the regimes where d'is small, whereas accurate conductivity measurements are readily

performed under such conditions.

At high oxygen non-stoichiometry, encountered at low oxygen partial pressure and high
temperature, defect interactions become important. The mass action law, Eq. 2, in principle,
assumes dilute solution behavior and taken alone, is incompatible with such interactions. The
problem can be treated by replacing the concentration terms in the mass action equation with
activities, or by introducing additional reactions to describe specific types of defect interactions
such as associates, as given, for example, in Eq. 3. The latter approach has the benefit of revealing

the underlying defect-chemistry.
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Fig. 3 Projection of the computed charge density of reduced ceria on the (110) plane, showing the
electronic ground state with localization of two Ce3* jons next to an oxygen-vacancy, to create the

trimer associate. Reproduced from ref.”? with permission from American Chemical Society, copyright

201e.

The early literature suggested that the relevant defect interactions in highly reduced ceria were
between free electrons and oxygen vacancies, generating singly ionized V,; or neutral species
(V5),®® with the singly ionized defect dominating the behavior. More recent analysis indicates
that, instead, associates are formed between Ce(, ions and oxygen vacancies.’" " 7 ™ Both
dimer, (Cei, — V5")*, and trimer, (Cec, — V5* — Ceg.)™ species have been considered, and the
preponderance of the data, both experimental and computational (see Fig. 3), indicate the
predominance of trimers, reflecting another departure from early interpretations. In many
computational studies, the presence of (Ce;, — V;° — Cec,)™ is in fact unremarkable and treated
as entirely expected.®> 7> 7> 7% From a global defect chemical perspective, V; and (Ce, — V3*)"
are qualitatively the same, just as V5 and (Ceg, — V5 — Ce(.)™ are. However, the local

configurations are quite distinct.”!

Beyond the types of associates described above, some evidence has been put forward for the
occurrence of more extended defect clusters, including double-trimers (hexamers) that emerge
from a treatment of the experimental thermogravimetric data,’® and oxygen-vacancy pairs that
emerge from ab initio calculations.”® 7> 7® Not surprisingly, the local configurational and
macroscopic computational complexity increases dramatically when such extended defects are
fully treated, without providing (due to their low concentrations) a qualitatively different picture
of the macroscopic transport and non-stoichiometry behavior. Detection of such defects, which
are increasingly recognized to impact other types of properties, is best achieved by the local

probes discussed in the next chapters.
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Returning to the specific defect chemical reactions of Table 1, when the concentrations of species
are sufficiently low, chemical activity is adequately represented by concentration, and mass
action laws (Eqgs. 2 and 4) are appropriately expressed in terms of concentration (as written). At
small &, at which [Ce(,] and [0j] are ~ 1, Eq. 4 implies that the power law exponent describing
the variation in trimer concentration with oxygen partial pressure is -1/,. The total vacancy
concentration will be the sum of the isolated vacancy concentration and the trimer concentration,

Eq. 10, giving rise to a slope in the double-logarithmic plot of 6 vs pO; at moderate o that falls

4 50,51, 74

between -1/, and -1/,. Such a result is experimentally observed, Fig.

| — SR : VS
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Fig. 4. Defect chemical modeling of the oxygen partial pressure dependence of non-stoichiometry in
(undoped) ceria: a) comparison of the data from Panlener®? to the model results; and b) individual
defect concentrations, where Cy, refers to unassociated oxygen vacancies, Ce to unassociated polarons,
C1 to dimers (Cei, — V), and Cz to trimers (Cep, — Vi — Cege)™. Slopes shown in (b) are guides to
the eye. Modeling reveals three regions of defect behavior: in Il isolated vacancies (and isolated
polarons) dominate, and the power law exponent is close to -1/6; in Il trimers are comparable in
importance to isolated defects and the dependence of non-stoichiometry on oxygen partial pressure
rises; in [V site saturation effects emerge. Reproduced from ref 7# with permission from AIP

publishing, copyright 2007.

A more complete treatment of the defect equilibrium behavior considers the reduction reactions
in tandem, as well as site occupancy restrictions. The latter constrain the total concentration of

the anionic and cationic species to the number of sites available (for a total fractional
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concentration of 1 on each type of site), Egs. 7 and 8. Bishop et al. employed this framework to
evaluate the oxygen partial pressure dependent non-stoichiometry data at 800°C. The numerically
implemented fit reproduces the experimental results well, Fig. 4(a). Due to the inclusion of site
restriction effects, the model reproduces the plateau in d'that occurs in the vicinity of 0.5, where
the stoichiometry approaches Ce>O3. The analysis furthermore reveals the concentration of each

type of species, Fig. 4(b), and yields values of the equilibrium constants, Krisolated and K, trimer .>!

An alternative methodology for treating the redox thermodynamics considers the macroscopic
behavior without (immediate) reference to the nature of the defects formed.**>*° The reduction of
the undoped material by this formalism is written for an infinitesimal €, change in state as

li 1C0 =i 160 0 1z
EL—T](}E ¢ 2_6_6%2 ¢ 2-6-e o2

Noting that the chemical potentials of the two solids are identical in the limit € — 0, the

equilibrium constant, Ared for this reaction, becomes

—A...G°(6
Krea(8) = pg, = exp (d—()) 13

RT

where R and T are the universal gas constant and temperature, respectively, Py, is the oxygen
pressure relative to the standard oxygen pressure of 1 atm (see Table 1), and A.qG° is the
standard Gibbs energy of reduction (per mole of O). This equality expresses the value of the
oxygen partial pressure that generates an equilibrium non-stoichiometry of o at a given
temperature, and reflects the fact that, under equilibrium, the partial molar Gibbs energy of

oxygen in the solid must be equal to that in the gas.

The equilibrium reduction constant of Eq. 13, must of course, be related to the mass action
constants of Table 1 (Egs. 2 and 4). If isolated defects dominate the reduction at low ¢ and
associates dominate the behavior as ¢'increases, then it is reasonable to expect that Kres will be a
function of non-stoichiometry, gradually changing in value from that defined by K isolazea to that
defined by K, srimer. Considering first the limit of very small 6, the globally and microscopically
defined equilibrium constants differ by the term

Kr,isolated _ [V(;.] [Ceée]2 14

= =1
Kred [Cege]z [05(]

This quantity specifies the number of distinguishable ways to distribute the defects. Recognizing

RIng as S;onfig, the configurational entropy associated with the presence of the defects, it
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becomes apparent that A,¢4Sge rece» the entropy for the defect reaction Eq. 1, and by analogy that

for Eq. 3 also, is related to that for the macroscopic reduction of Eq. 13, 4,..45°, according to

0 —
Aredeefect - AredSO - Sconfig' 15

where Sconfig is clearly a function of . It can be shown that”’

1
AredSO = Sconfig + Ag)e(giessso + _582' 16

2
where S5, is the large entropy of gas phase oxygen at standard pressure and A755°5°S is the non-

configurational solid state entropy, a typically small term sometimes called the excess entropy.’®
It is to be noted that although the enthalpy terms discussed in the microscopic and macroscopic
approaches are directly equal to one another, the entropy terms differ by the configurational

entropy.

Taking into account the observation that associates become increasingly important as dincreases,
it is reasonable to expect that the macroscopic Ared Will be a function of non-stoichiometry,
gradually changing in value from that defined by K solated to that defined by K trimer. Thus, one
can anticipate that the enthalpy and entropy terms associated with Ared will also gradually vary
from those describing the isolated defects to those describing associates. In particular, because
the energetics associated with the two very distinct defect reactions Eqgs. 1 (isolated defects) and

3 (trimers) differ significantly, as shown for example, by DFT calculations,’’ a dependence of

A gH ®on Sis fully expected. In contrast, the excess entropy may be relatively invariant with

non-stoichiometry.
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Fig. 5. Enthalpy of oxidation of ceria (kj/mol-0) as a function of non-stoichiometry. Blue and red data
markers refer to values for 5 and 10 mol% Zr substituted ceria (denoted as CZ0O and according
number for dopant molar concentration), respectively, and are not considered here. The magnitude

of the enthalpy decreases with increasing d. High temperature measurements yield higher enthalpy

values (in magnitude) than low temperature measurements. Reproduced from ref¥ creative
commons license.

Experimental determination of the enthalpy and entropy of reduction requires reliable
thermogravimetric data spanning a wide range in T — 1502 space. Following the microscopic
approach, one then makes use of the expressions in Table 1 to derive from these data the
equilibrium constants for the specific defect reactions of interest at multiple temperatures. In the
macroscopic, model-free approach, one extracts effective equilibrium constants at multiple,
specified values of &, {d;}, and for each ¢;, at multiple temperatures. In both cases, extraction of
the enthalpy and entropy terms relies on the linearity of the data when presented as Arrhenius
plots of the equilibrium constants. Such linearity implies the temperature independence of the

reduction enthalpies and entropies, behavior that is sometimes assumed without verification.

Despite these challenges, quantification of the redox characteristics of bulk ceria has been rather
successful. From an analysis of the thermogravimetric data of Panlener *° within the context of
the microscopic model, Tuller and Nowick ®® concluded that the enthalpy of reduction in the
isolated-defect regime is 451+7 kJ/mol. The associated-defect regime was analyzed assuming
predominance of singly ionized oxygen vacancies. The authors extracted an enthalpy of
397 kJ/mol, and hence even an imperfect defect model (it is now known that the association is
dominated by neutral trimers) reveals the fact that defect association decreases the enthalpy of

reduction. Using the macroscopic approach, several studies have shown that the enthalpy of
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reduction of ceria decreases monotonically from a value of ~475kJ/mol at small o, to
~ 400 kJ/mol at 5~ 0.1.43-50 7982 Thys, the microscopic and macroscopic approaches both reveal
that the enthalpy decreases with increasing J, and the former provides a chemical rational for this

trend.

A notable exception to the overall agreement in the literature lies in the work of Takacs et al.,*’
who recently re-evaluated the defect-chemistry in the context of thermochemical fuel production
in the temperature range of 1300-1500°C. While these authors reported a monotonically
decreasing enthalpy of reduction with ¢ (consistent with the prior studies), the absolute value of
the enthalpy at small 6 was substantially higher than obtained in previous reports, see Fig. 5. For
the purposes of evaluating the potential of ceria for fuel production via high temperature redox
cycles, Takacs et al.*’ measured even small non-stoichiometry at 1300-1500°C. Thus, as
suggested by the authors, the discrepancy in absolute enthalpy with respect to the prior literature
is likely due to a temperature dependence of this quantity. Notwithstanding this outlying result,
there is generally a good understanding of the origin of the enthalpy variation with ¢ at small to

moderate values of in CeOx.s.

At large O a substantial disagreement between the microscopic and macroscopic approaches
appears. Whereas the microscopic approach, when limited to defect reactions 1 and 3, inherently
predicts a monotonic decrease in the enthalpy of reduction with increasing o, analysis of the
thermogravimetric data within the macroscopic framework shows that the enthalpy rises beyond
0~0.15 (reaching ~ 410 kJ/mol at 6= 0.28). Reflecting this disagreement, the model fit for a
temperature of 800°C presented by Bishop et al. using the microscopic defect chemical approach
noticeably deviates from the experimental data, under-predicting the vacancy concentration when
8= 0.1 The probable explanation for a peak in the enthalpy of reduction at stoichiometry
CeO1.s1 1s the onset of a degree of ordering within the single-phase fluorite lattice structure, not
accounted for in typical microscopic models. Pair Distribution Function analysis in conjunction
with Reverse Monte Carlo modeling of high-resolution neutron powder diffraction data collected
at 1000°C has indeed revealed the presence of oxygen-vacancy pairs with preferential <111>
alignment for ceria of similar oxygen content within the nominally fluorite structure.®® The

vacancy arrangement is reminiscent of that encountered in the vacancy ordered phases Ce11020

and Ce7012.%

Until recent years, the entropy of reduction of ceria has received somewhat lesser attention than

the enthalpy. The experimental data agree that the excess entropy of Eq. 15 is small,>® but
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nevertheless the solid state reduction entropy, A,.4S° — 1/2 S}, , 18 large enough to render ceria

a benchmark material for thermochemical fuel production via redox cycling.!> !¢ The early
literature on ceria assumed the excess entropy was dominated by vibrational effects, as is typical
in solid state systems. Recent computational studies suggest that in fact electronic effects, related
to the high density of electronic states in the narrow 4f band, may be responsible for the large
solid state reduction entropy of ceria.®® The results furthermore caution against parsing the
electronic defect contributions to the entropy into configurational and non-configurational terms.
The relevance of this behavior to the local defect structure remains to be explored but is

potentially significant.

The defect chemical framework, which has been largely successful in describing the redox
behavior of bulk, undoped ceria, can be readily applied to doped compositions, where we focus
here again on trivalent dopants indicated with overall stoichiometry Ce;xDoxO2-x2-5. As noted
above, oxygen vacancies resulting directly from acceptor-doping are designated ‘extrinsic’ and
those resulting from reduction are designated ‘intrinsic’. When & is small (& <<[Do’cc]) the
concentration of extrinsic vacancies is by definition small, and the electroneutrality condition,

Eq. 6, can be approximated as

[V5] ~ [V51e = 2[Dog] 17

This result, along with Eq. 11, implies that the polaron concentration and hence also the intrinsic
vacancy concentration in doped ceria will vary with oxygen partial pressure according to a power

law exponent of -3, in contrast to the -2 expected for undoped ceria in the low & limit.

In a broad sense, the experimental thermogravimetric data agree with the predictions of ideal
solution behavior in trivalent doped ceria.*> °!- 7> 8¢ However, because of the difficulty of
accurately measuring & by gravimetry when the 6< 1073, it is unreasonable to accept
thermogravimetric results alone as definitive proof of the defect chemical model. In contrast,
conductivity is easily measured in any regime including that producing a low ¢, and a power law
exponent of -% relating conductivity and oxygen partial pressure is routinely reported for doped

87-89 as shown for example in Fig. 6. It is to be emphasized that the power law exponent of

ceria,
-4 is observed not because the total vacancy concentration is changing, but because the
concentration of electrons, which have higher mobility than vacancies, is changing. In light of
such experimental results, the high-temperature defect chemical behavior in the dopant
dominated-region is largely considered settled. However, it must be noted that charge-neutral

associates formed of an oxygen vacancy, a dopant ion, and an electronic defect, so-called mixed
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trimers, would also lead to an exponent of -4,°! and the occurrence of such species, possibly even

in large concentrations, cannot be ruled out on the basis of the power law exponent alone.
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Fig. 6 electrical conductivity of 15 mol% Sm doped ceria as a function of oxygen partial pressure at

the temperatures indicated. The solid lines are fits to the expression G, = Gipp + 02, * p(Oz)'i.

Under reducing conditions, a power law exponent describing the dependence of conductivity on

oxygen partial pressure of -%4 is obtained, consistent with ideal solution behavior, adapted from ref%¢

Beyond power law exponents, much as with undoped ceria, the measured &p0O.) for doped ceria
have been used to determine defect equilibrium constants, evaluate the thermodynamic
parameters, and further test the validity of defect chemical models describing the redox behavior.
In particular, Bishop has presented a comprehensive study of the behavior of Ceo9Gdo 101 .95-5°"!
whereas Hashimoto and coworkers have evaluated both Gd and Sm-doped ceria, at both 10 and
20 mol% doping levels.*>> 7786 These dopants generally lower the enthalpy of reduction, relative
to that in undoped ceria and decrease the dependence of the enthalpy on non-stoichiometry.
Doping with calcium produces a similar transition from non-ideal to ideal solution
thermodynamics, i.e., from 8-dependent to 5-independent enthalpy.”® Given the presence of a
large concentration of extrinsic vacancies in doped systems, the tendency towards ideal solution
behavior (which implies weaker defect-defect interactions) is surprising on first sight. However,
ideal solution behavior here means, in fact, a transition from reduction of ideal, isolated defects
according to Eq. 1, to reduction of ‘ideal’ associates according to Eq. 3. Viewed in that context,
the onset of ideal behavior with an enthalpy of reduction that is independent of 0 is reasonable.
At large 9, the onset of a regime in which the non-stoichiometry is relatively insensitive to oxygen

partial pressure has been attributed to site restriction effects (Egs. 7 to 9) and the emergence of
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defect ordering, much as has been suggested for undoped ceria.’!: > The local structure methods

described in this review have the potential to resolve these apparent discrepancies.

A key distinction between undoped and doped ceria arises at moderate temperatures and ambient
pressures. Under such conditions, the defect concentration in ideally pure ceria approaches zero,
whereas in doped ceria Eq. 17 continues to apply. However, the extrinsic vacancies generated by
doping can become associated with the dopant species. A convenient, first-order formalism for

treating such effects in dilute systems is to express trapping according to the reaction’!
V5" +Doie © (Vo' — Doge)’ 18

with equilibrium constant

K — [VO.,.free] [Doé‘e,free] 19
e [D Oée,trap]

Due to the low cation mobility at the temperatures at which associate formation is

thermodynamically driven, appreciable concentrations of the neutral defect (Do,,—V;" — Do.e)
do not occur. In the state of maximum association, typically corresponding to temperatures of ~
300°C and lower, charge and mass balance requirements imply that half the dopant ions will form
associates, trapping all of the available oxygen vacancies, with the remainder of the dopant
species remaining isolated. Furthermore, as has been pointed out, at a dopant concentration of
just 2 at%, already 30% of the dopant species in a randomly doped ceria host will have a dopant

1.2

in its nearest neighbor or next nearest neighbor cation shell.”” Thus, the system can only be treated

as dilute for very low dopant concentrations.

Experimentally, dopant-vacancy association has been inferred from ionic conductivity
measurements, specifically, from a difference in high and low temperature activities for charge
transport and from the existence of a conductivity maximum, as well as a minimum in low
temperature activation energy, as a function of dopant concentration.”””> The temperature
dependence of the activation energy results because the vacancies must be thermally activated
out of the trap sites. Hence, the activation energy measured at low temperature is a sum of
migration and trapping terms, whereas at high temperature, at which all vacancies are liberated
from trapping sites, the activation energy is due only to migration effects. Thus, values for the
trapping and migration energies can in principle be determined from the difference in the
activation energies between the two regions, or more rigorously from the temperature dependence

of the apparent activation energy across the regions.
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Not immediately predicted by the first order model, but widely observed, is a strong dependence
of the empirical activation energy for ion transport on dopant concentration. Specifically, the first

order model predicts that in the deeply associated region, in which [Doée, free] ~ [Doée,tmp] ~
% [Do’Ce'toml], the free (mobile) vacancy concentration is given from Eq. 19 by [VO.,.free] ~ Kirap-

and is independent of dopant concentration.”’ Thus, in order for a dependence on dopant
concentration in the activation energy to emerge, either the vacancy trapping energy, or the
vacancy migration energy, or both, must depend on the dopant concentration. In light of the
relative proximity of dopant species to one another even at very low doping levels, a dependence
of the trapping and migration energetics on dopant concentration is not surprising. On the other
hand, the complexity of the problem, with a myriad of possible vacancy-dopant configurations,
implies that macroscopic conductivity measurements alone do not permit reliable decomposition

of the energy contributions to the observed values.

A treatment of the problem of the ionic conductivity maximum in doped ceria has been
approached more recently computationally, with an excellent overview reported by Martin and
coworkers in 2018.32 By such methods it is possible to differentiate between effects due to
trapping of vacancies in defect states and those due to impacts on the overall migration barriers.
The former, which establish the equilibrium concentration of defects at a given temperature and
doping level, are of particular interest here. Shown in Fig. 7 are DFT (density functional theory)
computed association energies for vacancy trapping in doped ceria as a function of dopant
species, specifically, as a function of the ionic radius of the rare earth (RE) element.” For
placement of the vacancy in a nearest neighbor site (see Fig. 10 below for the structural
arrangement), there is a clear trend in association energy with radius, with elements smaller than
Gd preferentially trapping the vacancy at this position, and those larger than Sm repelling the
vacancy. The dopants Gd and Sm, known to produce high ionic conductivity in ceria, are neither
attractive nor repulsive towards vacancies. A weaker and opposite trend is evident for the next
nearest neighbor site, and in this case the trapping is apparently never favored. Significantly, the
computation further predicts (not shown) that the magnitude of the defect association energy
strongly increases with the number of nearest neighbor RE ions surrounding the vacancy,
explaining, in part, the concentration dependence of the ionic conductivity. Thus, computational
studies are beginning to shed important light on the local configurations of dopants and oxygen
vacancies in doped ceria, although details remain unresolved, and may ultimately depend on

processing and the influence of quenching on the cation distributions in the solid.
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Fig. 7: Association energy of dopant ion with vacancies as nearest and next nearest neighbors, plotted as function

of dopant (RE3*) radius. After ref. 6 with permission from Royal Society of Chemistry, copyright 2009

A final area of open questions about the defect-chemistry of ceria lies in the realm of the
interfacial properties. Both the internal and external interfaces (i.e., grain boundaries and
surfaces, respectively) display strong evidence of enhanced reduction relative to the bulk. For
example, thermogravimetric measurements of high surface area ceria, both undoped®’ and
10 mol% Gd-doped,®® reveal higher and less oxygen partial pressure dependent non-
stoichiometry relative to conventional samples with large particle sizes.’® °7- % The immediate
conclusion is that the oxygen-vacancy and Ce** concentration is enhanced at the surfaces. Studies
of surface oxidation states by near-ambient pressure XPS measurements have directly proven
such surface enhancement!'” ' % Similarly, grain boundaries are often described as positively
charged, implying an enhanced vacancy concentration at the grain boundary core, which is charge
balanced by a negative space charge region. Within this region, positively charged defects, in
particular oxygen vacancies, are depleted.!°® 1°! Support for the space charge model of grain
101

boundaries in ceria derives, in part, from impedance spectroscopic measurements ° in which

bulk and grain boundary resistances can be deconvoluted. Because the spatial extent of the space

. . —1, . . .
charge region scales with cj 2, where cp, is the volumetric dopant concentration,'?% 102

space
charge effects are particularly important in lightly or undoped ceria, as has been observed
experimentally.!® 192 The spectroscopic methods reviewed below, which provide access to
spatially resolved information about oxidation state and coordination environment, appear well
suited for going beyond the inferences from defect model and transport models to enable the

unraveling of outstanding questions regarding defect interactions in ceria.
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3 Local structure of ceria solid-solutions as probed by X-ray
absorption spectroscopy

3.1 Introduction to X-ray absorption spectroscopy

X-ray absorption spectroscopy (XAS) is a synchrotron-based technique that provides element-
specific information about local atomic and electronic structure of materials. In this method, X-
ray photons excite core-level electrons that interact with the nearest neighboring (NN) atoms to
the absorbing species. In a typical XAS experiment, the intensity (/) of the X-ray beam
transmitted through the sample is measured along with the incident beam intensity I, as a function
of X-ray energy, E. The X-ray absorption coefficient u(E) is given by the Beer-Lambert law
asu-d =In(ly/I;), where d is the path of the beam through the material (or the sample
thickness). A typical XAS spectrum for ceria powder is shown in Fig. 8, taken from ref.* A sharp
increase in u(E) occurs when the incident X-ray photon carries sufficient energy to excite an
electron from a low-energy bound state in the atom to an upper energy level. This element specific
increase is termed an “absorption edge”, and is labeled K, L or M, depending on the principal
quantum number 7 of the initial state from which the excitation occurred. Namely, K corresponds
to the 1s state, L (subscripts I-I1I) corresponds to 2s, 2p1/2 and 2p32 states, while M (subscripts I-
V) corresponds to 3s, 3pi/2, 332, 3dsp and 3dsy states'®. In Fig. 8, the Ce-Lui absorption edge
in CeO2 powder appears as a sharp increase in absorption at ~ 5724 eV and is due to the transition
2p3p» — 5ds.'% Measurements of the Ce-Lur edge are usually chosen for undoped and doped
ceria, due to the scarcity of beamlines that can access the high energy of the Ce-K edge
(~40450 eV).19>-197 The negative slope of the background in Fig. 8 is captured in the Victoreen
formula, u(E)~ 1/E3. Measurements can be performed in either transmission or fluorescence
mode. The latter is necessitated when the sample is either too thick for transmission, or the
concentration of the X-ray absorbing species is too dilute. Fluorescence detection is also
beneficial for thin film samples, as it minimizes the signal of the substrate. It is important to note
that XAFS probes ‘bulk’ properties, where penetration depth is a function of the material X-ray
attenuation coefficient at the relevant incident X-ray energy. For example, probing the Ce-Lin
edge at ~6keV in ceria or doped ceria compounds yields an attenuation length (where the intensity
of radiation falls to 1/e of that at the material surface) of 5-10um.!% % The penetration depth
increases with the incident energy in proportion to the decrease in absorption given by the
Victoreen formula above. It is possible however to probe surface properties (few nm penetration
depth) using XAFS by setting a grazing incident configuration, where the incident angle is below

the angle for total external reflection for the specific material.
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Fig. 8: a) X-ray absorption spectrum at the Ce-LIII edge for a CeOz powder described in ref?°. u(E)
denotes the X-ray absorption coefficient. XANES and EXAFS regions are indicated. b) The expanded
XANES range of the absorption spectrum, with four main features labeled 1-4 described in the text.
Adapted from ref#>

Historically, XAFS has been divided into two X-ray energy regions: the X-ray absorption near
edge structure (XANES) and the extended XAFS (EXAFS).The XANES portion of the spectrum
is sensitive to the redox state. It allows quantification of Ce** vs. Ce*" valence states and reveals
the effect of dopant cations and grain size on the redox chemistry of ceria-based materials. A
XANES spectrum includes features from ca. 40 eV below to ca. 50 eV above the absorption edge,
the most prominent being the so-called “white line” which appears as a strong peak, positioned
at the absorption maximum. (See refs.!!%!13 for XANES theory.) The Ce-Lii white line displayed
in Fig. 8 reveals four prominent features, which are understood to result from a combination of
several effects. Many-body final states (due to mixing of 4/° and 4f'L final configurations where
L represents a hole in the delocalized O 2p band of the ligand oxygen species) give rise to the
main splitting (generating peaks 1 and 2). Crystal field splitting of the 5d states (Ar= 3.7 eV)
gives rise to the shoulder feature denoted as 3. This shoulder also overlaps the white line due to
absorption by reduced Ce*" species.!® ! In high-resolution experiments, examples of which are
described below, peaks 2 and 3 are fully resolved, and the splitting of Peak 1, again due to crystal
field effects, can also be observed.!!> Multiple scattering, which provides access to final states at
the bottom of the Ce 5d conduction band with delocalized d character, gives rise to the pre-edge
feature labeled 4. XANES spectra are thus rich with chemical and structural information. From
the positions and relative intensities of peaks 1 and 2 information about local geometry, the
number of, and the degree of order in coordinating ligands about the central Ce absorber can be
gained.’”3% 116 Similarly, analysis of the relative intensity of Peak/shoulder 3 can be used to track

the extent of reduction of ceria-based materials. 712

25



The EXAFS region of the absorption coefficient (which is the focus of the XAFS portion of this
review) extends to ca. 1000-1500 eV above the absorption edge and provides information about
nearest neighbor bonding environments, such as the coordination numbers, interatomic distances
and their disorder. In ceria and other related materials, in which L edges are used to measure
EXAFS, the useful energy range is limited by the presence of Li; edges and can span as little as
300-400 eV (EXAFS region indicated in Fig. 8a). EXAFS features originate from the interference
effect' %113 caused by the interaction of the outgoing photoelectron waves ejected from inner core
levels by the incoming X-ray radiation, and those scattered back to the absorbing atom by its
neighbors. This interference modulates the wavefunction of the final state and, therefore, the
probability of absorbing the X-ray photon, according to Fermi’s golden rule. This modulation,
appearing in the high energy portion of the X-ray absorption spectrum, was recognized by Stern
et al.'?! as being related to the radial distribution of neighboring atoms around the central
absorbing atom. Due to the nature of the photoelectron wave interference that originates from the
path difference between the outgoing and backscattered waves, the interference can be
constructive or destructive (and thus the fine structure of the absorption coefficient will exhibit a
maximum or a minimum), depending on the number (integer or fractional) of wavelengths in the
total photoelectron path. For single-scattering events, the path is equal to twice the distance
between the absorber and a nearest neighbor atom.!?? The information about the environment of
the absorber (the number of nearest neighbors, their identities, distances to the absorber and the
spread in these distances) can be extracted from the data. This information is both element-
specific and local, the latter because of both the bond length disorder that increases with the
distance from the absorber and dampens the contribution of higher order coordination shells, and
the short photoelectron mean free path. 1% 111 121-131 [ imited by this “nearsightedness”, EXAFS
provides “fast” snapshots of the local atomic and electronic environments: the photoexcited states
have a very short life-time (~ 1 fs), for which the absorption process is much shorter than the
typical time scale of atomic vibrations (on the order of ps). Extracting this information from the
experimental data is a multi-step process. First, using de Broglie’s relationship between the

wavenumber and momentum of the wave-particle, the wavenumber  is expressed as:!!!

1
k = =\2m.(E = Eo), 20

where m, is the electron mass, f is Planck’s constant divided by 2, E|, is the core level ionization
energy and £ is the energy of the incident X-rays. A smooth, isolated-atom background function

Uo(E) is subtracted from the raw, edge-step (Auy) normalized, absorption coefficient u(E)
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(Fig. 9a), isolating the EXAFS oscillations. Finally, we obtain the EXAFS signal as a function of
k (using Eq. 20)

,Ll(k) — Ho (k) 21
Ao .

x(k) =
The resulting y (k) pattern is generally weighted by a factor of £” (n=1-3) in order to amplify the
weaker high- £ portion of the signal, as shown in Fig. 9b. Finally, the EXAFS pattern y(k) is
converted to real-space (r-space) by Fourier transformation, and the magnitude of the complex
Fourier transform (F7 magnitude) is presented, Fig. 9c. The first peak relates to the distribution
of nearest neighbor distances to the absorber, e.g. Ce-O in the case of CeO». Peaks at distances
beyond those of the nearest neighbors are usually a combination of single- and multiple-scattering
contributions to EXAFS. In order to obtain structural information concerning nearest neighbors

and bonding environments, the EXAFS data are fit using non-linear, multiple, least square

regression methods, that we describe below.
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Fig. 9: a. The normalized absorption spectrum at the Ce Ly edge for pure ceria powder. The
normalization includes subtraction of a monotonically decreasing background function, causing the
difference to Fig. 8a and normalization of the edge step, defined as Au,. A, is the intensity difference
between the average pre edge absorption (normalized to 0) to the post edge step absorption of the
atom in the absence of neighbours (i.e. no white line or EXAFS features, normalized to 1). b. The
corresponding k3-weighted EXAFS spectrum. c. The corresponding Fourier transform magnitude of
the data and theoretical fit for the first coordination shell of cerium. Adapted from ref* with

permission from Elsevier Copyright 2010, Elsevier

Eq. 22, representing the EXAFS spectrum, is a modern form of the original equation, derived by

Stern, Sayers, and Lyﬂe_lzl, 126, 127

x(k) =S¢ ZN flk )e ’1(") -2k?af sin(2kr; + 6 (k)). 22

Each unique scattering path i is characterized by r;, defined as the distance between the absorbing

atom and the i scattering atom (for single scattering) and, in general, is equal to half path-lengths
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for multiple-scattering paths. f;(k) is the “backscattering amplitude”, proportional to the
scattering cross section of the photoelectron. This function is element specific since heavier atoms
(large Z) will scatter with greater probability than lighter atoms (small Z). For example, Ce atoms
scatter more strongly than the rather light oxygen atoms. Another term that depends on the
identity of the scattering atom is the photoelectron phase shift §(k) due to both the absorber and
1

the scattering atom. The term 7 accounts for the spherical nature of the wavefunction. The

4

wavefunctions of the final and initial states of the (Z-1) electrons that are not excited by the X-
ray photon, do not completely overlap. To correct for this effect, which is not accounted for in
the single-electron approximation used to derive Eq. 22, the “amplitude reduction factor” SZ, is
introduced. Since this factor, to a first approximation, is only sensitive to the type of the absorbing
atom, but not the scattering atoms, it does not depend on £, an approximation which is universally
used in data analyses. Equivalent single scattering paths are represented by a multiplication factor
N; representing the coordination number describing the absorber-scatterer geometry. For
example, in undoped ceria, all first shell oxygen neighbors of a Ce*" cation in octahedral
coordination (N;=8), will contribute approximately the same EXAFS signal. In this respect, one
of the challenges in EXAFS analysis is accounting for “multiple scattering” effects that may make
significant contributions in materials with high symmetry, such as those with fluorite structure.

The difficulty arises because of the high degeneracy of such paths that interfere constructively in
2Ti

high symmetry structures. The mean free path term, e 200 appears due to inelastic scattering
processes and the finite core-hole lifetime. This is one of the reasons why EXAFS is a local probe,
only characterizing the environment < 6-8 A from the absorber. A Debye-Waller type term,

~2k?of , describes the suppression of y (k) due to disorder, including both thermal (dynamic, i.e.,

e
vibrational) and static (configurational) disorder. The parameter o7 is defined as the variance in
the interatomic half path length r;, and is often abbreviated as “mean square radial displacement
(MSRD)”, or, alternatively, as the EXAFS Debye-Waller factor (DWF). It is important to note
that the Gaussian approximation that gives rise to the Debye-Waller term in EXAFS Eq. 22 is
often not adequate when significant asymmetry of the pair distribution function is present, for
example at elevated temperatures'>? or in strongly anharmonic materials.'>* In those cases, the
contribution of the pair distribution function to Eq. 22 can be analyzed via cumulant expansion

as described by ref.!!! and in ref.!?2,
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3.2 Local structure of ceria solid-solutions as characterized by EXAFS

Being element specific, EXAFS is particularly useful for the study of doped ceria compounds
Ce1xDoxO2-x2 where x is the nominal molar fraction of the extrinsic dopant on the cationic site,
and Do’" refers to the trivalent dopant atom. In these solid-solutions, separately addressing the
local environment around cerium and around the aliovalent dopant atoms is essential for
understanding the macroscopic defect-related properties such as ionic conductivity® !4,
electrostriction and anelasticity.!* However, the absorption edges of different elements may be
too close to each other so that their EXAFS spectra overlap, complicating analyses of both edges.
Therefore, to take full advantage of the information contained in an EXAFS spectrum, the
absorption edge (L1, Ly or L) of Ce and Do must be chosen with care in order to separate them
as much as possible. The Ce L;, Ly and Ly edges occur at ~ 6549, ~6164, and ~5724 eV,
respectively. For example, in Sm>*-doped ceria, the Sm L edge located at ~ 6719 eV'!! is close
to the Ce L, leading to overlap of EXAFS spectra originating from the low energy and high
energy edges; therefore, when acquiring data for Sm-doped ceria, it is advantageous to probe the
more isolated Sm Ly edge at ~ 7315 eV instead of the Sm Ly edge.!*¢ In the following sections
we review the short-range structural information reported in the literature for ceria solid-solutions
on the basis of the EXAFS investigations. It is important to note that major discrepancies are
reported, even for same dopant cations and concentrations, which we discuss below. To begin
explaining these differences, one must note that:

i. The influence of dopant concentration on the short-range structure may be convoluted with
microstructural effects because of the role of dopant level on microstructure evolution. For
example, a change in doping concentration affects the average grain size through solute drag
effects, and consequently the degree of defect segregation and local cation-anion distribution over
grain and grain boundaries even for constant processing conditions. 136

ii. For equal doping levels, the synthesis route and conditions (e.g., Pechini, solid state or
combustion synthesis, etc., temperature, atmosphere) can affect the local density and distribution
of dopants in the structure. In turn, these will affect inter-atomic distances.

iii. Extracting material parameters from EXAFS data involves multiple stages of data processing,

as described in the previous section. Therefore, the fitting process is model dependent.

In summary, in the case of ceria compounds, due to the variety of factors affecting the local
structure, it is preferred to focus on the relative trends in the EXAFS derived results rather than

absolute values for a specific sample or composition.
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3.2.1 Probing interatomic distances in aliovalent-doped ceria

EXAFS enables separate examination of the environments of Ce and dopant (Do) cations in the
solid-solutions; of the various parameters, particularly useful are the interatomic distances.
Fig. 10 illustrates a doped ceria unit cell. Consistent with computational predictions, the vacancy
is taken to reside in the first nearest neighbor shell of the dopant ion. The interatomic distances
of relevance are the first and second coordination shells of the Ce atom, labeled a. Ce-O and
b. Ce-Ce, respectively. These are acquired by probing the Ce Li edge. The first and second
coordination shells of the aliovalent dopant atom, are labeled ¢. Do-O and d. Do-Ce, respectively,
and these are acquired by probing the Do edge. The first coordination shell radii around the
oxygen-vacancy point-defect Cat-Vo (where "Cat" is short for cation and represents either Ce or

Do) cannot be directly acquired and are labeled e. and f.

Fig. 10: Fluorite unit cell of a doped ceria solid-solution, including Ce** and O? ions, and a single Do3*
(trivalent dopant) cation and one V** (oxygen-vacancy) as lattice defects. The cell illustrates the
different interatomic distances commonly extracted from EXAFS analysis, and does not represent
realistic stoichiometry or defect segregation. The interatomic distances are labeled a. Ce-O; b. Ce-Ce;

¢. Do-0; d. Do-Ce, while e and frepresent the unknown distances around the vacancy defect.

As mentioned in the previous section, EXAFS data was collected over the years from ceria
materials of different morphologies and preparation methods, however similar trends in EXAFS
derived data appear for example for both bulk materials (powders and pellets) and sputter
deposited thin films. Thin films differ from bulk ceramics by grain size, shape and orientation,
but most notably by the existence of possible anisotropic strain. In such a case the film
experiences either compressive (or tensile) strain in parallel to the substrate surface, and the
opposite strain perpendicular to it and in reflection to the Poisson ratio. This type of anisotropic
strain can reach up to 0.5% and is retained either intrinsically from the deposition process or as a

result of heterogeneous layer stacking,”’ or opposed stress patterns in free standing film
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membranes.'®’ It is important to stress that this anisotropy is relatively small and does not
necessarily deem the unit cell to distort to lower symmetry. This effect can be readily detected
and quantified by examining the in- and out-of-plane lattice parameters using XRD, e.g. described
in ref.!*® In addition it can be qualitatively detected using Raman spectroscopy, as measured by
Rupp and co-workers e.g. see refs.!*’. The effect of anisotropic strain on the Raman spectra of
doped and undoped ceria thin films is discussed intensively in chapter 4.3. The impact of
anisotropic strain on the inter-atomic distances measured by EXAFS was investigated by Kossoy
et al.”’ for 20mol% Gd doped, 200-450nm thick films. Fig. 11 illustrates that while films with no
anisotropic strain (strain free) produce first and second shell interatomic distances similar to the
equivalent powder control, the presence of anisotropic strain slightly reduces the measured
interatomic distances most significantly for the most abundant Ce-O interatomic distance. This
effect has to be kept in mind when comparing thin films to bulk pellets and powders in the
following sections. The decrease in Ce-O distances due to a lower intrinsic compaction of a film
with the presence of anisotropic strain was interpreted as a form of stress relaxation in the Ce first

shell environment mediated by nearby oxygen vacancies.
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Fig. 11: First shell (a) and second shell (b) interatomic distances, as measured by EXAFS for Ce and
Gd absorption edges of 20mol% Gd doped ceria materials. The investigated materials are in the form
of powders (>1lum grain size) and films deposited by magnetron sputtering with and without

compressive in plane strain. The equivalent interatomic distance as derived from an XRD
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measurement of the lattice parameter is given by a dashed line in each panel. Reproduced from ref>?,

with permission from John Wiley & Sons, Inc.,, copyright 2010.

In addition to capturing the impact of anisotropic strain on local structure, Fig. 11 also introduces
the major differences observed using EXAFS around the host cation (Ce) and the dopant cation
(Gd) first and second shell environments. The first shell distance Cat-O is greater around Gd as
expected from the dopants larger ionic radius compared to Ce*', however, counter intuitively the
second shell distance is greater around Ce*". To compare this effect for several doped ceria
materials, Fig. 12 summarizes representative first shell Ce-O, Do-O and second shell Ce-Ce, Do-
Ce distances obtained by EXAFS studies as functions of Shannon ionic radii for octahedral
coordination (N = 8).!* Yb, Er and Sm-doped ceria data are taken from Giannici et al.'*®,
whereas Y, Gd and La-doped ceria data are those from Deguchi et al.!’” These reports were
selected since they include both first and second coordination shells for two doping fractions of
10 and 20 mol% dopant in ceria, thus allowing systematic consideration of the role of the dopant

type on the interatomic distances illustrated in Fig. 10, as well as the influence of concentration.
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Fig. 12: Top panels give the first coordination shell distances for Ce-0 (squares) and for dopant atoms
Do-0 (circles) in ceria solid-solutions with 10 mol% (a) and 20 mol% (b) dopant fraction, as a
function of Shannon ionic radius Rskanmon . Bottom panels present the corresponding second
coordination shell distances. The top axis indicates the type of doping and the bottom axis shows the
ionic radius for octahedral coordination. Y, Er and Sm-doped ceria solutions were prepared using
solution combustion synthesis ,calcined, sintered and pressed into pellets as described in ref13¢. Y, Gd

and La-doped ceria were prepared using a solid state reaction method, calcined sintered and pressed
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into pellets as described in refl%”. Materials in both data sets have micro-crystalline grain size. The

data used for this figure are summarized in Table S1 of the supplementary information

Considering first the Cat-O distances for small dopants (Yb, Er and Y) the Ce-O and Do-O
distances are similar. For dopants with radius above 105 pm (Gd, Sm, La), the Do-O distance is
in fact larger than the Ce-O distance and this discrepancy increases with dopant ionic radius. This

result is supported by other reports, 6 116 140-142

and is intuitively expected for dopants with larger
ionic radius to have larger distance to neighboring oxygen ions. However, even though ionic radii
of Yb**, Er** and Y** are larger than Ce*, their first shell radii are very similar to that of Ce, for
both 10 and 20 mol% doping. The intuitive interatomic distance relationships arrived at by
comparing ionic radii of Ce*" and Do’" also do not apply to the second coordination shell. In the
bottom panels, describing the second coordination shells around Ce and dopants for 10 and
20 mol% doping, we observe that firstly, Ce-Ce distances are slightly larger than Do-Ce
distances, even for the largest trivalent dopants reported for the series i.e., Sm and La. Secondly
the second shell environments of Ce and Do are much more similar to each other than the first
shell environments. These second shell effects, were also noted by Wang et al.'® for Y and
Kossoy et al. for 20 mol% Gd-doped powders,’’% as well as for sputter deposited films with and
without compressive in-plane strain as described in Fig. 11.°” It can be concluded by EXAFS
analysis on trivalent-cation doped ceria solid-solutions that: i) for dopants with Rshannon = 105 pm,
Ce-O < Do-O while Ce-Ce > Do-Ce. This discrepancy suggests that the lattice is strongly
distorted in the vicinity of dopant ions and fluorite symmetry is not preserved on the local level,
even when the dopant cation concentration is as little as 10 mol%, where no long-range ordering

of defects is observed.?> 3>

ii) The smaller discrepancy between the dopant cation Do and Ce of
the second shells as compared to the first shells, reveals that local lattice distortions, if present,
are much more significant in the first shell than the second. iii) these trends with ionic radius are
generally insensitive to dopant concentration in the range 10-20%. A focused evaluation of the

role of concentration is presented below.

3.2.2 Averaged XRD structure vs. local element specific structure obtained by EXAFS

The combination of EXAFS and X-ray diffraction (XRD) is particularly useful for constructing
a comprehensive multi-scale picture of a material, since XRD is able to produce averaged, non-
element specific information with very high accuracy, while EXAFS acts as an element-specific
probe of the local environment, providing information on lattice distortions in the vicinity of
randomly distributed point-defects to which XRD is insensitive. Until recently, due to the limited
reports of EXAFS results, the crystallographic literature on ceria has been dominated by

conventional XRD, which, because of the absence of long-range ordering upon doping, reports
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the globally averaged fluorite crystal structure®® 3% 60 143-146  Thys many reviews describe
moderately doped ceria (< 20 mol%) as a single fluorite phase. The differences described in the
previous section between Ce-O and Do-O distances immediately imply that average interatomic
distances obtained from XRD methods will disagree from the analogous distances derived by
EXAFS.!32 147-151 I the following sections, we compare the interatomic distances implied by
these two methods for ceria solid-solutions. The results that emerge from these comparisons are
indicative of the presence of local distortions in ceria solid-solutions, for which possible models
are discussed.

3.2.3 The interatomic distances in doped ceria: EXAFS vs. XRD

To compare EXAFS and XRD data, it is preferable to do so for the same set of samples. However,
rather few papers, discussing EXAFS of ceria solutions, provide the complimentary XRD data.
As an example, we consider a preliminary comparison of the two data sets presented by Kossoy
et al. for 20 mol% Gd-doped ceria solutions.”® Under the assumption that the FCC lattice

symmetry of the fluorite structure is preserved, the first shell inter atomic distance between

cation-anion pairs R$%5 4™ depends on the lattice parameter a, by:
RCat—An — \/_§ . a. 23
XRD 7

If symmetry is also preserved around all cation sites, a simple weighted average of the constituent

Cat-0

individual distances, the real Rgy,rs and that representative of vacancy sites, RS Vo

Calculated?

produces an equation relating XRD and EXAFS results:
_ X cat-V,
R)?I%tD an = (1 - Z) Rg;,tchg 4 chlculated 24
Here, RE3.5 is the weighted average of the EXAFS measured first shell cation distances and x

is the molar fraction of the dopant, as is given as:

cat—
REGSHe = RES2s - (1 —x) + RPgaRs - x 25

Combining Eq. 24 and Eq. 25 yields an expression for the Cat-Vo distance (which cannot be
directly measured), given by
4 4
Rggltcul?ated ’ R)C(;}%tb_An - (; - 1) Rg)%,ttlFS 26
An analysis of literature data, which provide both EXAFS and XRD results, is summarized for
Gd and Sm dopants in Fig. 13.
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Fig. 13: Cat-Vo distances RE% .1 % cq, derived using Equation 26 from combined XRD and EXAFS data,
assuming preservation of fluorite Fm-3m symmetry, as a function of dopant mol% (x). The Gd-doped
ceria data are taken from Li et al.152 and Kossoy et al.116 for powders, from Kossoy et al.>? for Gd-doped
ceria films, and for Sm-doped powders from Giannici et al. and Nitani et al.Z% 136, The data for the
figure are summarized in Table S2 of the supplementary information. The dashed line is the
numerically computed Cat-Vo distance ~2.45 A based on the molecular dynamics (MD) estimate from

Marroccelli et al153).

Inaba et al.'>* suggested that the cations in the first coordination shell of the vacancy site move

1.153 estimated the repulsion of Ce*"

away from it due to electrostatic repulsion. Marrocchelli et a
away from the vacancy site in reduced ceria, based on molecular dynamics (MD) calculations,
assuming the preservation of fluorite symmetry and using known ionic radii. The result was a
shift of the Ce*" ions away from the vacancy site by ~ 0.1 A. With respect to Ce-O distance of
2.34 A as calculated from EXAFS for CeO> (see Fig. 12), the MD based calculation brings the
predicts therefore a Cat-Vo distance of ~ 2.45 A marked by a dashed line in Fig. 13. Calculation
of the Cat-Vo distance by Eq. 26 produces large error bars at low dopant concentrations due to
the appearance of the doping fraction in the denominator. It is none the less clear that available
XRD and EXAFS values are for the most part (excluding Nitani et al. data'®) unable to produce
reasonable Cat-Vo distances using the above assumptions, with some values being as large as the
second coordination shell radii, at ~ 3.8 A. Importantly, these unphysical values are calculated

under the incorrect assumption that the lattice structure of ceria is perfectly preserved in the first

coordination shell of defects.

The second cation coordination shell (Cat-Cat) radii can be compared for EXAFS and XRD
derived data in a similar fashion and are shown to produce no detectable discrepancy.*> This
indicates again that a distortion in the fluorite symmetry is more significant in the cations’ first

coordination shells for undoped and doped ceria structures. Recently, Shirbhate et al.!>> %
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studied more complex ceria systems with mixed dopants, Ceoss5(Sm)o.075(M)o.07502-5 (Where
M =Sm, Sr, Gd, Nd, Ca, and Dy), using Rietveld analysis and EXAFS. Here too, local and
average first shell distances, were found to be difficult to reconcile. Very low values for the
EXAFS Ce-O distances were obtained, compared to values derived from XRD and Rietveld
analysis using a fixed fluorite unit cell, again, suggestive of lattice distortions not captured in the

XRD results.

3.2.4 Changes in lattice structure as a function of dopant concentration: EXAFS vs. XRD

When comparing only two doping concentrations for ceria - 10 and 20 mol%, for a given dopant
(Fig. 12), we cannot discern a significant difference between the two sets of interatomic distances.
This is owed to the fact that the uncertainties in EXAFS derived Cat-O distances in the EXAFS
literature range from 0.2 to 0.4% of the average bond length, while changing dopant concentration
(usually in 5 or 10 mol% increments) or changing dopant ionic radius, introduce about 0.1%
change in the lattice parameter. The effect detected in Ce-O or Do-O distances as a result, is not
very strong. For comparison, XRD uncertainties are only about 0.002% for the lattice parameter,
a, so lattice parameter changes introduced by doping can be precisely measured. Trends in the
Ce-0 and Do-O distances with dopant concentration and dopant ionic radius, however, do exist
and can be isolated as described below. It is important to note that these trends have become a
major topic of discussion, primarily due to their seeming incompatibility with XRD derived

distances as a function of dopant concentration, as we elaborate in the following.

It has long been known that for dopants larger than ~102 pm , such as Gd** and Sm**, the average
lattice parameter in the fluorite phase, as obtained using X-ray diffraction methods, increases
with doping concentration.'>”- 18 However, several studies conducted on doped ceria using local
probes, such as EXAFS>% 107 116, 136, 140-142 " have found that cation-oxygen distances Cat-O,
labeled a and ¢ in Fig. 10, do not follow the average lattice parameter and contract as a function
of dopant concentration. These results were also supported by X-ray and neutron scattering based
PDF measurements: 44146 Ohashi et al. were the first to note this discrepancy for Gd-doped ceria.
Shortly thereafter, Yamazaki et al. acquired XAFS data for doped ceria for multiple dopants at
several concentrations and reported the Ce-O distance trend presented in Fig. 14.'*° According to
more recent works!!'® 136 142 this average reduction in interatomic distances with increasing
dopant fraction is accompanied by increasing disorder as indicated by an increase in the o2 factor

(mean square radial displacement), as given in Eq. 22.
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Fig. 14: Ce-0 inter-atomic distances in ceria doped with Sc, Y, Yb, Gd, Sm and Nd as a function of

nominal dopant fractionx. Adapted from Yamazaki et al. with permission.!#0 Copyright 2000, Elsevier.

Building on the above observations, we have collected here all available EXAFS data of the type
shown in Fig. 14 for various dopants, all approximately within the fluorite range (dopant fraction,
x <0.3). In addition, we have collected complementary XRD lattice parameter data, and derived
R$%59 using Eq. 23. To a first approximation, the interatomic distances vary linearly with dopant
concentration, as exemplified in in Fig. 14, prompting us to compute the slopes, A[Cat-An]/A[x],
as a metric for capturing the differences between the local (EXAFS) and average (XRD) trends.
We applied linear regression analysis to each data set and extracted the approximate slope in units
of A/mol% dopant. The complete dataset and slopes are provided in the SI Tables S3-S12. The
results are presented as a function of the trivalent dopant Shannon ionic radius for 8-
coordination'*? in Fig. 15. The error bars reflect both the uncertainties in the original data and the
nonlinearities in the distance vs. dopant fraction plots®® (which is particularly pronounced in the
case of the XRD data of Nd-doped ceria®). The linear fits are intended to demonstrate
qualitatively the relative contraction/expansion of the lattice parameter and of the different local

environments defined by the dopant choice and concentration in the ceria solid-solution.
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Fig. 15: The vertical axis gives values of the slopes extracted from Cat-An distances (A) as a function
of dopant fraction x in mol%, for the assumed fluorite lattice phase (x < 0.3), using linear regression
for EXAFS and XRD analysis. Green squares show the values of slopes extracted from first
coordination shell distances of Ce measured by EXAFS. Purple circles show the values of slopes
extracted from first coordination shell distances of the dopant, measured by EXAFS for the same
material. Gray triangles show values of slopes extracted from average Cat-An distances calculated
from XRD by using equation 23. We used XRD and EXAFS data from the same report when available,
including XRD data from additional sources: Yb136 140,157 Er136,157 §ml36 140,146,157 (G107, 116, 140, 141, 159,
For dopants where only EXAFS data were available, we collected XRD data from external sources:
Scl40,152) Y107, 140, 145 Nl94 140, 157 | 461, 107,157 [n addition XRD data were added for dopants where
EXAFS local data were not available: In1%2, Lu?%0, Dy57, Th, Eu®l, in order to facilitate discussion. Where
multiple EXAFS and XRD data sets were available, we averaged the trends. The materials in refs.1#5
146,152 have nanocrystalline grains while the data used from other reports includes materials with
microcrystalline grains. Materials in refs: Deguchi et al1%7, Varenik et al.1?, Yavo et al.?>%, Hong et al’57
and ref13¢ were measured as pellets, other data represents powder samples. The data used to

construct this figure are summarized in SI Tables $3-512.

The trend from Cat-An data measured by standard XRD (gray triangles) is well described in the

literature and qualitatively follows Vegard’s law. It clearly shows the linear dependence of lattice
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expansion (positive values on the vertical axis) and contraction (negative values on the vertical
axis) with respect to the dopant ionic radius. Note that contrary to expectation, zero contraction
does not coincide with a dopant of ionic radius near Ce*" (hollow red circle at 97 pm). Intuitively,
we would expect the lattice parameter to increase upon addition of a substitutional dopant larger
than the host. However, it has been known for some time on the basis of experimental data'®’ that
the critical dopant radius at which expansion/contraction with respect to dopant fraction is at
minimum is given by a value of ~ 102 pm for ceria. Molecular dynamics (MD) and density
functional theory (DFT) simulations later produced a slightly larger critical dopant radius of
105 pm (Gd).!>* Indeed, zero expansion in Fig. 15: is observed in the 102-105 pm range for Dy
(102.7 pm) and Tb (104 pm) from literature values of up to x < 0.23 and x < 0.18 respectively
(see Table S12 in the supplementary information). This effect was attributed to an overall
contraction in the second nearest neighbor shell about the vacancy, composed of oxygen atoms,
moving inwards to compensate for the partial positive charge.!>* 13, However, referring back to
Fig. 12, no expansion is observed in Yb-O, Er-O and Y-O distances compared to Ce-O (although
all dopants are slightly larger than Ce), suggesting that contraction in the lattice parameter in
these cases does not necessarily originate only from the contraction of oxygen atoms around the

vacancy site but is inherent to the dopant environment itself.

Turning to the EXAFS data, for all dopants with Rshannon > 97 pm, contraction of Ce-O upon
doping (green squares) is observed. The contraction magnitude of Ce-O increases in the dopant
radius range between Er and Nd. Sc and Yb (having generally a strong tendency to form Do-Vo
clusters, i.e. high association energy'®') and La (having the lowest association energy of dopants
discussed here) lie outside the trend. The behavior of Do-O (purple circles) follows closely the
Ce-O trend (green squares), with the exception of La, which is the only cation that reveals
expansion of the Do-O distance upon doping. Sc is the only dopant with ionic radius <97 pm
(Ce*") for which EXAFS data are available. It exhibits a significant contraction in lattice
parameter, yet no recorded change with x in the local Ce-O distance. As observed by Yamazaki
et al.'* using XRD, Sc tends to phase separate as Sc20j3 even for x<0.3. This may suggest that
fewer dopants (and vacancies) are available in the vicinity of Ce which ordinarily contribute to
Ce-O bond contraction (N.B.- there are at present no EXAFS data which include Sc-O distances).
It is apparent that much experimental, local structural data are missing, particularly for Do-O
distances, and for dopants smaller than Ce*'. Obtaining such data with high accuracy can help

focus and assist in a discussion of ceria solid-solution local structure.
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3.2.5 Modelling of the nearest neighbor shell distance as a function of dopant fraction

Several models have been proposed to explain why nearest neighbor (1NN) shell distances for
Ce and Do are a decreasing function of x for dopants which produce an increase in the lattice
parameter and what controls the extent of contraction. Shortly after Ohashi et al.'*! published the
Cat-O EXAFS results for Gd, Inaba efal.'* suggested, based on molecular dynamics
simulations, that shorter bond lengths result from contraction of the 6 oxygen atoms in the next
nearest neighbor (2NN) shell of the vacancy. Andersson et al.'®? later made additional ab initio
calculations in support of this model. However, the model predicted larger dopants should yield
smaller A[Cat-An]/A[x], which is partly correct for La, but is not consistent with the increasing

I 140

contraction observed along the Er—Nd line in Fig. 15: . Yamazaki ef a and later Giannici

1.136 used an ion-packing model which preserved local fluorite symmetry, to discuss EXAFS

eta
local Cat-O trends with x in ceria solid-solutions. The model relied on a decrease in Shannon
ionic radii upon reduction in coordination number, as a result of defect clustering (i.e. increase in
association energy near a certain species with increasing x). Indeed, it was able to qualitatively
produce Ce-O and Do-O reduction with x. However, the authors noted that although local trends
can be qualitatively predicted, the ion packing model has several major inconsistencies. In order
to satisfy the experimental decrease in Ce-O distances using the ion packing model, the ionic
radii need to be brought down by 1-4%. In addition, the model could not explain the EXAFS
results presented in Fig. 12, where Ce-Ce distances are larger than Sm-Ce distances. A similar
conclusion to that of section 2 has been drawn by Giannici et al. that in order to properly describe
local structure and the structural dependence on dopant content, we must consider some form of

local distortion in the crystal. Recently, Koettgen et al.’#

measured Ce-O distances using EXAFS
for a series of Sm-doped ceria solutions in the range x < 0.3. The decreasing Ce-O distances
(with x) were used in combination with known Shannon ionic radii for N = 8 and N = 6 to derive
a decreasing (with x) set of coordination numbers. A comparison to coordination numbers derived

using XRD and prior simulations data'®

suggested that the vacancy distribution in Sm-doped
ceria is close to random, namely there is no preference for Sm-Vo over Ce-Vo association. In
summary, the models proposed above link the decrease in average coordination number around
Ce or Do with x to the decrease in Cat-O distances. This correlation qualitatively agrees with the
data summarized in Fig. 15: For example, in the case of Sm, where defect association is expected
to be random, the contraction in Ce-O and Do-O bond lengths are comparable, while for La,
where Ce-Vo associates are expected to be more frequent then La-Vo associates (due to low

association energy) Ce-O contraction is more significant then La-O contraction. However,

previously mentioned factors such as: (i.) the counterintuitive result for second shell distances

40



where Ce-Ce > Do-Ce (Fig. 12) as well as, (ii.) the inability to produce physically acceptable Ce-
Vo distances from combined XRD and EXAFS data, assuming fluorite structure preservation
(Fig. 13), suggest that the proposed models should be expanded in order to accommodate local

deviation from fluorite symmetry. Evidence for such local structural changes is discussed below.

3.2.6 First and second cation coordination shell environments: moving from fluorite to
double-fluorite structure?

Kossoy et al.''® used EXAFS to monitor Ce-O and Gd-O bond lengths across the full range of
solid-solutions between the end members, CeO> (fluorite structure) to Gd>O3 (double-fluorite
structure), see Fig. 16. The authors found a sharp decrease in the Ce-O distance at the onset of
the transition from fluorite to double-fluorite as detected by XRD (between 0.2 <x < 0.25).%° In
contrast, the Gd-O distance undergoes a monotonic decrease towards the average value in GdOs.
Significantly, this full range EXAFS scan illustrated that the local Ca#-O bond contraction in the
fluorite range (up to 20 mol% Gd) shown in Fig. 15 is part of a continuous process occurring
throughout the full doping range. In a recently published review, Artini>* demonstrated that the
dopant fraction at which the double-fluorite phase is detected by XRD varies between 20 and
60 mol%, depending on the dopant. In addition, Artini et al. discuss evidence from Raman
spectroscopy>>  and high-resolution TEM,!%* supporting the presence of nanometer-sized,
spatially uncorrelated (i.e., no long-range order) regions, which fully transformed to the double-
fluorite structure, interspersed within the predominantly fluorite phase. Also recent DFT
calculations by Zguns et al. predict oxygen vacancy ordering in a C-type structure, even when

Gd ions are randomly distributed.'®> 166

These regions were defined as "nano-domains" and appear at compositions close to 20 mol% for
Gd, and close to 30 mol% for Sm and Lu. These compositions are at the upper doping levels of
the fluorite phase, prior to any detection of double-fluorite by XRD. The evidence presented
above suggests that local "double-fluorite — like" regions may exist in the lower mol% regions
normally identified by XRD as "fluorite". As the doping fraction increases towards the XRD
detectable phase transition, the double-fluorite-like regions may associate, finally generating

nano-domains and later domains large enough to be detected by X-ray diffraction.
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Fig. 16: Ce-0 and Gd-0 distances in Gd-doped ceria from 5 to 95 mol% Gd. The top dashed line (red)
indicates the Ce-0 distance for undoped CeO:, while the bottom dashed line (black) indicates the
average Gd-0 distance in Gd>03. Both Ce-0 and Gd-O distances are shown to decrease with Gd content,

across the full doping range, with Ce-O displaying a sharp change in slope around 20-25 mol%.
Reproduced from ref16, with permission from American physical scociety, copyright 2013.

The missing link, therefore, for accurately constructing the actual local structure of ceria, may be
the consideration of local strain fields, containing Ce-O and Do-O bonds which are much shorter
than the average Cat-An distance calculated from the fluorite lattice parameter, similar to
distinctly different sets of interatomic distances existing in the double-fluorite structure as
described in references.!* 17 Several reports presenting evidence in support of this idea can be

cited. Deguchi et al.'”’

suggested, on the basis of Do-Do distances obtained by de-convoluting
2NN EXAFS data for Ce and for Do, that the dopant cation environments resemble the double-
fluorite structures in La, Y and Gd-doped ceria. Wang et al.'% found that the Y K-edge EXAFS
data in 20 mol% Y-doped ceria is best modeled by a double-fluorite structure. Kossoy et al.
suggested, based on the data in Fig. 16, that the Ce environment in Gd-doped ceria resembles the
cation-1 site in the double-fluorite phase.

Additional evidence to the existence of double-fluorite-like disorder prior to detection of phase
transition were collected in recent years for a series of doped ceria materials using PDF analysis
of Neutron and X-ray total scattering data. Similarly to EXAFS, PDF analysis can produce short
range interatomic distances, however for X-ray scattering data it is insensitive to low atomic mass
ions such as oxygen therefore Cat-Cat distances are predominantly detected. These results

1'34

summarized in a recent review by Coduri et al.”” support the existence of more than one Cat-Cat

distance prior to long range detection of the double-fluorite phase in several doped ceria
materials. Unlike for EXAFS the identity of the cation is not straightforward to extract, however

the analysis supports that the appearance of a longer Cat-Cat distance occurs predominantly

/ 146

around the dopant species. In addition Coduri ef a using Rietveld refinement of XRD data,
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detected a small number of cation positions characteristic of the cation-1 site in double-fluorite,
at Sm fractions as small as x = 0.125.

In summary, the appearance of double-fluorite-like local strain fields are related to cation first
shell coordination numbers discussed in the previous section. Both effects drive the observed
local contraction in Cat-An distances described in Fig. 15. Material properties reported in ceria
in recent years, such as electrostriction and anelastic behavior!*>> demonstrated that local strain
fields may be active under applied anisotropic stress or electric field. As a result, advanced
XANES and particularly EXAFS techniques were employed in order to observe changes in

Cat-0 distances in situ under an applied electric field.

3.3  Modulation of local distortion under bias (electro-mechanical activity)

An unusually large electromechanical response at room temperature was first reported for Gd-
doped ceria in 2012 by Korobko et al.>” The strain was found to vary as the square of the electric
field; the frequency of the response was second harmonic and therefore the material could be
classified as electrostrictive. However, as characterized by Newnham et al. for a large variety of
electrostrictive materials,*® the electrostrictive strain coefficient should scale with the ratio of the
material elastic compliance to the dielectric permittivity. According to this scaling law, materials
with large bulk modulus and dielectric constant ~ 30'® should not produce a large
electrostrictive response. However a response comparable to commercial relaxor materials has
been recorded for substrate supported®”- 3% #? and self-supported* doped ceria films as well as for
bulk ceramics.'® Rather than producing bulk polarization of the material, local, uncorrelated
dipolar strain fields were suggested to respond to electric field application.’

Techniques allowing for both elemental selectivity and local (first and second shell) structural
sensitivity were required in order to test the local strain hypothesis, and to identify the specific
lattice sites responsible for strain generation under electric field. XAS techniques, meeting the
above requirements, were particularly suitable for the in situ study of doped ceria as a function
of applied electric field: conventional XANES,*” high energy resolution fluorescent detection
(HERFD)-XANES'® and “difference X-ray absorption fine structure (EXAFS)”*® were
employed. The information obtained from XANES and HERFD-XANES will be briefly
summarized while most of the following will focus on the difference EXAFS data. In addition,
we emphasized that all in-situ experiments involving application of electric field were to this date
performed on magnetron sputtered thin films in a plate capacitor configuration. Small film

thickness excludes the need to use high voltage in order to achieve the required electric field.
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In the first report describing large electromechanical response in substrate supported films of Gd-
doped ceria,’” XANES data were collected from the host Ce and dopant Gd species under applied
field by scanning the L absorption edges of Ce and Gd cations. No difference in the cation
XANES spectra could be detected by measuring E-field ON vs. OFF states. However, applying
a combined DC and low-frequency AC bias for several hours (poling), induced a change in the
Ce XANES “white line” intensity and shape, when compared to the un-poled state. For the Gd
L edge, no such change was detected. This indicated that NN oxygen ligands to Ce changed
conformation as a result of the poling process, providing the first evidence for the existence of
local strain, and pointing specifically to the Ce sites as its origin. To obtain structural information
during ON and OFF states of the field, the sensitivity of the local structure sampling had to be
increased. This was achieved by introducing “in-situ differential XAS”.*8

3.3.1 Difference EXAFS spectra and bond anharmonicity

During electromechanical operation of Gd-doped ceria thin films, the average Cat-O bonds
change rather weakly. In order to measure such a small effect, spectra collected during field-off
are subtracted from spectra collected during field-on, which is called difference XAS (or
sometimes "differential XAS"). The resulting difference spectrum is then analyzed and represents
the contribution of only the “active species”, or the species that were active under the applied
stimulus. The XAS spectrum for the “electromechanically active species” in doped ceria can thus
be extracted and characterized. These species release and accumulate strain upon electric field
modulation. The in situ difference XAS study was performed on sputtered, substrate supported
Ce1-xGdxO2-x2 films (300-500 nm thick) with x = 0.1, 0.2 and 0.33, as well as stoichiometric and
oxygen-deficient ceria: CeO1.99 and CeO1.96, respectively. Thin films are particularly practical for
such in situ measurements, since they allow for the application of sufficiently high electric fields
(~60 kV/cm), required for detectable strain generation without the need to apply particularly high
voltage. Since the ceramic is placed in a parallel plate capacitor configuration, electrodes must
be chosen such that the metal absorption edge does not overlap with the absorption edges of Ce
or Gd, making Ti suitable for these measurements.

XAS spectra for Ce and Gd L edges were collected with bias electric field-on (60 kV/cm) for
45 s and field-off for an additional 45 s. These on / off cycles were repeated 10 times. During
each half-cycle (on or off), the spectra were normalized and merged (For more details, see ref.®).
For both the XANES and EXAFS regions of the XAS data, the averaged signals in the “off” state
were subtracted from the signals in the “on” state, and the resulting difference spectrum was again
averaged over time. A difference XANES signal was obtained for the Ce L edge resulting from

an intensity increase in the white line upon bias application. No difference in signal was observed
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for the Gd L edge, supporting the result obtained after prolonged modulated field application
(poling) in ref.?’, emphasizing that local strain is generated near the Ce cation. The difference
XANES signal was qualitatively interpreted as either an increase in the density of unoccupied
states of Ce as a result of increased ionic character, stronger configurational order, and/or larger
coordination number of neighbors. Most importantly, the largest difference XANES signal for
the Ce L edge was obtained for a 10 mol% Gd film, which also gave the largest recorded
electrostrictive strain coefficient among the measured samples. This emphasized a clear
connection between the structural data and the electrostrictive response.

The difference EXAFS signal, 4y, can be defined as:

AX:X(EOTL)_X(EOff) 27

where )((Eon or o ff) = Xspectator T Xactive (Eon or off) . Xspectator 18 the contribution to the
EXAFS signal from photoelectron scattering paths (see Eq. 22) that do not change under applied
bias, while y,tive 15 the contribution from scattering paths that do change. The difference .-
weighted EXAFS signal Ay, averaged as described above, is shown in Fig. 17a as a thick black
line, and shows a distinct interference pattern, while a single y,,, EXAFS signal (collected during
45 s) is plotted in the background. The first strong peak of the radial distribution function (RDF)
represents information concerning Ce-O distances (Fig. 17b). By comparing the Ce-O RDF peak
for Ay - representing the active bonds, to the y,,, RDF (an average of all “on” half-cycles), we
can qualitatively see that the active Ce-O bonds are shorter than the spectators. In order to fit Ay
(‘active’ bond signal) and extract the EXAFS parameters, it was necessary to consider the active
bond “anharmonicity”. This is accomplished by including higher order terms in the cumulant
expansion that give rise to the structural parameters, such as the coordination number N, the
effective nearest-neighbor distance 7 and the Debye Waller factor term e ~2¥ 0% of Eq. 22. A skew
in the radial distribution caused by anharmonicity of the interatomic potential (3% 13%) requires
corrections to the Gaussian form of the Debye-Waller factor.'”” The third cumulant, Cs,
characterizes the skew of the radial distribution function and is introduced as a correction to the

phase term & (k) in the EXAFS equation of a single scattering path:
k) _2r_ 4
x(k) = ngv%e k) =2k*0* gin(2kr — 3 Cak® + 8(k)). 28
Parameters N, r and C3 were extracted for active Ce-O bonds and spectators. The averaged active

Ce-O bonds in the difference EXAFS signal were found to be 2.22 + 0.09 A in length, which is
4.6% shorter than the average Ce-O bonds in the material (2.33 + 0.02 A). The active bond
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anharmonicity factor C; was found to be unusually large (0.210 + 0.008 A%), compared to the
negligibly small value (0.000 + 0.002 A3) for the spectator bonds. Comparison of coordination
numbers suggested short bonds comprise = 3.4% of the total Ce-O bonds. This was consistent
with the value of macroscopic strain =~ —6 - 10™* measured during electrostrictive actuation.
Finally, a negative sign in the difference coordination number N for Ay, indicated that short bonds
are not present in the “on” state. The general conclusion from this study is that local distortions
(strain fields on the inter atomic level) are present in the material prior to field application,
comprising, in part, short, anharmonic Ce-O bonds. Upon field application, the distortions are
minimized, thus generating measurable macroscopic strain, as illustrated in Fig. 17c. Although
the model of the local distortion and the active Ce-O bonds was speculated to resemble the
double-fluorite cation-1 site,''® HERFD results, described briefly below, indicated that local
distortions prior to field application include a combination of configurations, not necessarily a

single, well defined, double-fluorite - like structure.
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Fig. 17: a. k-weighted EXAFS y,,, signal recorded during 45sec offield application (one half cycle), and
the difference EXAFS signal Ay, acquired according to equation 27), representing the signal due to the
“active species”. b. RDF plot for the general Ce-0 bond population represented by x .., and the “active”
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Ce-0 bond population represented by Ay. Adapted with permission from ref36 Copyright 2015,
American Institute of Physics (AIP).

3.3.2 High-resolution XANES-HERFD

XANES was revisited in an attempt to resolve the distorted ligand structure. To do so, Li et al.'®®
used the “high energy resolution fluorescence detection (HERFD) XANES” technique, applying
a prolonged (several hours) modulated field, similar to that described at the beginning of this
section 3.3 in ref.*” This allowed acquisition of the Ce L1 white line profile in its finest detail,
shown in Fig. 18a. As described in section 3.1, the Ce Ly white line displays multiple peaks due
to a combination of mixed final states and crystal field splitting. At high resolution, all 4 peaks
are evident as shown in Fig. 18a, with peaks B and C corresponding to peaks 3 and 2 in Fig. 8b,
and the high resolution capturing the splitting of Peak 1 of Fig. 8b as peaks D and E in Fig. 18a.!?%
170 The contribution of the active species to the intensity changes under poling was then isolated
Fig. 18b by assuming that all acquired spectra for both Gd concentrations (5mol% and 20 mol%)
are linear combinations of spectra for active and spectator species (detailed in ref.!®”). Based on
the mechanism described in Fig. 17¢c, following application of an electric field, the active species
environment returned to octahedral form which is represented by the spectrum “After poling” in
Fig. 18b. A model combining atomic shifts along <111> in the anion sub-lattice (Fig. 18c, LHS)
and shifts in the Ce cation position along <100> (Fig. 18c, RHS) was necessary in order to
reproduce the spectrum for “Before poling” which produces a relative change in intensity of peaks

B'and C' as observed experimentally in Fig. 18b.
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Fig. 18: a) HERFD white lines for the Ce absorption edge of 5 and 20 mol% ceria films, before and after
‘poling” with a combination of AC and DC fields , Vappiiea = Vbc + Vac - cos(2nft) [f=10 mHz,
Vac = 0.75V, Voc = 0.4 V]. b) Isolating the contribution of the active species to the intensity change in
the “white line” peaks. c) A model which combines two different local distortions is required in order
to reproduce the intensity change caused by the active species to the Ce white line. Adapted with

permission from ref1%? Copyright 2016, American Institute of Physics (AIP).

3.4 Correlating long range and short range data in a single model approach

Recently, a Reverse Monte Carlo (RMC) based approach was implemented to the analysis of
undoped and doped ceria EXAFS data.’® !”! The basic principle involves the extraction of a
theoretical EXAFS spectrum from a simulated 3D model structure. The structure then continues
to evolve through random atomic displacements, until theoretical and experimental spectra reach
maximal agreement. The implementation of the RMC approach to EXAFS data improves the
ability of data extraction beyond the first and second coordination shells from the EXAFS
spectrum and tackles issues like “multiple scattering”.!”? Besides the advantages for EXAFS

analysis, the potential of an RMC based approach for ceria is the ability to constrain the model
£,17
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with several sets of experimental data, as implemented for amorphous materials in the pas



representing short, intermediate and long range data, from Neutron or X-ray total scattering
together with EXAFS, consolidating the apparent inconsistencies between them. For ceria
materials RMC models where constructed separately for neutron diffraction data of undoped®’

and Nb or Ca doped!” ceria. In a step towards multiscale modeling, Clark et al.!”!

employed
RMC modeling to EXAFS as well as neutron total scattering to model undoped ceria powder
material. More recently XRD lattice parameters and EXAFS data were consolidated in a single
model structure®, for a series of Y- and Sm-doped ceria solid-solutions. Here sputter deposited
thin films were investigated. This allowed the assumption of randomly distributed solid solutions
at deposition on cold substrates to reduce the possibility for preferential defect clustering at low
doping fractions. The model showed that in order to produce realistic Ce-Vo distances and also
to average for XRD and local EXAFS experimental data to co-exist in the same crystal structure,
first shell (Cat-O) and second shell (Cat-Cat) distances must display bimodal distributions.
Specifically, more than one bond population is suggested to exist for Ce-O, Do-O and Ce-Cat
distances, where for dopant coordination shells, the split in population was observed even for
doping fractions as low as 5 mol%. This finding supports the existence of local double-fluorite
like arrangements in the vicinity of a dopant as well as Ce host cations, see discussion in section
3.2.6. From a functional perspective it supports the existence of local strain fields, able to deform
under electric field, as discussed in section 3.3. In addition, when discussing ion conductivity it
implies that a basic diffusion step, a jump of an oxygen-vacancy does not have an equal
probability for all six neighboring oxygen sites but may have some “preferential” directions
caused by local asymmetry. The above experimental works sample the potential of the RMC

approach for constructing multiple scale models for doped ceria materials.

3.5 Conclusions from EXAFS: local structure of ceria solid-solutions

Why use EXAFS? Ceria solid-solutions, their crystallographic phases and structure, are primarily
analyzed in the literature via XRD, probing the average long-range periodic ordering of cations.
The commonly accepted view is that interatomic distances in ceria solid-solutions can be
described by a fluorite space group for < 20 mol% trivalent rare earth dopant. In this section, we
have focused on the results of X-ray absorption fine structure (XAFS) spectroscopy techniques:
EXAFS and XANES, for ceria solid solutions doped with trivalent cations. These techniques
possess several advantages over conventional X-ray diffraction in being capable of probing the
local bonding environment of ceria and its solid-solutions, giving useful information on

coordination environments of neighbors and next nearest neighbors in the atomic structure.
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Additionally, in contrast to X-ray diffraction, XAFS is an element-specific probe of local
structure, which can characterize lattice distortions and defects.

Comparison of XRD and EXAFS data suggests local deviation from fluorite symmetry: Ion
packing models relying on fluorite symmetry are not able to reproduce the discrepancy, revealed
by EXAFS, where Ce-Ce distances are larger than Do-Ce distances for some dopants that are
larger than Ce**. In addition, EXAFS- and XRD-derived interatomic distances disagree and result
in the calculation of unphysical Cat-Vo distances under the assumption of a uniform fluorite
phase. This finding is supported by the combination of EXAFS and XRD data in a simulated
structure (using reverse Monte-Carlo-EXAFS modelling®®), which reveals bi-modal distance
distances distributions for Ce-O, Do-O and Ce-Do. The assumption of local fluorite symmetry
must therefore be incorrect for ceria solid-solutions at low-to-moderate doping levels. This
observation is reminiscent of contradictions found between XRD and EXAFS data collected for

148, 150, 175, 176 which were

several other randomly mixed oxide and other mixed ionic compounds,
interpreted as inter atomic bond-buckling effects. More specifically, EXAFS analysis of the full
doping range, from fluorite to double-fluorite, indicated angular deformations even with dopant
concentration <30 mol%, where only the pure fluorite phase is detected by XRD. These
deformations may locally resemble the double-fluorite phase found at higher doping fractions.
This, and the evidence provided by additional techniques such as Raman spectroscopy and TEM
imaging, support a gradual, rather than abrupt, fluorite to double-fluorite transition at approx.
30 mol%, with increase in dopant content.

Effect of dopant choice and concentration on local structure and lattice distortions: For trivalent
dopants with ionic radius > 105 pm (e.g. Gd**, Sm**, Nd*"), the lattice parameter increases with
doping, although the average Car-O distance contracts (for both Ce and Do first shell), as
determined from EXAFS and PDF analyses. This contradiction is explained in part by a reduction
in cation nearest neighbor (INN) coordination number through appearance of oxygen vacancies
with increasing dopant content and, in part, as mentioned above, by local deviations from fluorite
Fm-3m symmetry. However varying degrees of defect interaction and defect ordering play an
important part as well: dopants that are larger than Nd*" and smaller than Gd*" display different
relationships between the local and average structures. La** for example, is larger than Nd** and
La-doped ceria solid-solutions display expansion in the lattice parameter with dopant content.
However, contraction in EXAFS-derived Cat-O is observed only for Ce-O distances while La-O
follows the symmetry-predicted trend. This also provides evidence that local deformation as a

result of oxygen-vacancy formation is present mainly near Ce*". For dopants with ionic radius
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smaller than Gd**, e.g., Y>*, Er’" and Yb*" the average and local environments qualitatively agree
by producing contraction of lattice parameters as well as Cat-O distances.

Role of local strain fields in ceria mechanical and electromechanical properties: Some
macroscopic properties of doped ceria, such as unusually large electrostrictive strain coefficients

and room temperature anelastic behavior,'¥

also support local deviation from fluorite symmetry,
producing anisotropic stress via reorganization of local dipolar strain fields.

These observations provided a new approach by suggesting that, through the application of an
external electric field in combination with XAS, the state of local strain fields in the vicinity of
point-defects could be detected. Local cation environments were probed by XANES,*>” EXAFS,
and HERFD'®® before, during and after the application of the electric field under “poling” and
low-frequency modulation regimes. These measurements have shown that: i) a small number of
Ce*" ions have non-fluorite, INN oxygen coordination shells containing “active” bonds which
can be modified by electric field or stress application; ii) Active Ce-O bonds are strained by
~—4.6% (at 2.22 A) with respect to their length in fluorite ceria (2.33 A); the response to an
applied electric field is expansion i.e., return to a cation-anion bond length closer to that expected
from fluorite symmetry. Recent experiments described above highlighted the role of the pulse
mode of application of electric field in performing XAFS experiments for selectively activating
minority of electroactive atoms and enhancing the sensitivity to their environment.

What next? The capabilities of XAS techniques have yet to be fully explored for ceria solid-
solutions. With the exception of Gd, most rare earth trivalent dopants, such as Sm, Nd, La, have
not been systematically investigated by XAS across their full doping range. This presents
researchers with the opportunity of uncovering a fascinating pattern of point-defect local strain
fields and interactions which depend on both the dopant concentration and size. Understanding
the above effects is essential for many practical applications of doped ceria; and, to this end, we
encourage the vigorous development of models which are constrained by both XRD and EXAFS
data but which do not assume perfect local fluorite arrangements: one such method is RMC-
EXAFS, described above. Only in this way, and with the added assistance of Raman p-
spectroscopy, can we hope to finally arrive at an atomic level description of the not-so-perfect,

but real, lattice structures of ceria solid-solutions.
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4 Raman spectroscopy for probing point-defects and lattice
distortions in undoped and doped ceria

Raman spectroscopy is a versatile and readily accessible experimental technique to investigate
bonding and short-range order in metal-oxide materials by detecting lattice vibrations. In the
following sections, we shall describe how pressure, temperature, oxygen non-stoichiometry, and
extrinsic doping influence the Raman spectrum of ceria and its solid-solutions, and how this
information can be used to understand the defect-chemistry and local defect structures. Raman
spectroscopy is also an excellent tool for characterizing the electro-chemo-mechanical properties
of ceria, facilitated by in situ application of anisotropic stress or electric fields. In the following,
we first introduce the fundamentals of Raman spectroscopy and then provide an overview of the
interpretation of Raman spectra in ceria, with focus on point defects induced by aliovalent doping

and oxygen non-stoichiometry.

4.1 Basics of Raman spectroscopy in solid state compounds

Raman spectroscopy is a form of vibrational spectroscopy that measures the frequency and
Raman intensity of lattice oscillation modes in solids.!”” It overcomes the major drawback of
XRD for oxides, which is the weak X-ray scattering amplitude of oxygen and the relative
insensitivity to uncorrelated point-defects. Raman scattering is an inelastic scattering of a photon
with a lattice oscillation (phonon). By this process, the frequency of the scattered photon shifts
by an amount equal to the phonon frequency, which enables measurement of the frequencies of
symmetry permitted interatomic bond vibrations. For the characterization of solids, usually
confocal optical microscopes are used, and objective lenses have very high numeric aperture for
efficient collection of the rather weak Raman scattering signal. The spatial resolution limit of this
detection method is around 500 nm and 1pm in depth. By depositing plasmonic structures on a
substrate, the information depth can be reduced to few nanometers, which is called surface
enhanced Raman spectroscopy'’®. Another approach for increasing spatial resolution is tip-
enhanced Raman spectroscopy (TERS), which uses an Atomic Force Microscope (AFM) tip few
nanometers above the sample which enhances the field strength below the tip.!” '3 Not only the
spatial but also the temporal resolution of Raman spectroscopy can be enhanced by so-called

181,182 \which enables the characterization of excited

femtosecond stimulated Raman spectroscopy,
states. These advanced detection modes show the versatility of Raman spectroscopy. In standard

configurations, the sample is illuminated with monochromatic light, typically a laser in the near-
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IR, visible or near-UV range. As shown in Fig. 19, a laser photon excites an electron into a virtual
energy level with an extremely short lifetime. Upon relaxation, the emitted photon may have the
same energy (elastic (Rayleigh) scattering), or the energy may be shifted by the energy of a

phonon mode (Stokes, anti-Stokes scattering).

Anti-Stokes
Virtual _f.‘f{"ie’ﬂ’f_ _.ft_"f‘e_s Y
energy level
P, huw, huw, hw,~hw, huw, hwg+hw, g,
Vibrational
energy levels — ——e i s

Fig. 19: Schematic representation of the energy levels involved in Rayleigh, Stokes, and anti-Stokes

Raman scattering.

The macroscopic scattering process is described as follows. The incident laser light may be
characterized by the electric field vector E of (angular) frequency woy. Since the wavelength of
the light is much longer than inter-atomic distances, its k-vector can be approximated as zero,

described by the equation

E = E, cos(wot), 29

where t is time. If we consider a Raman-active bond of interest in our sample with a given

vibrational frequency w.i», the bond length x oscillates around about its equilibrium position Xo,
X = Xo + Acos(wyipt). 20

where A is the vibration amplitude. The electric field of the incoming light polarizes this
oscillating bond, inducing a dipole moment p. In the case of conventional Raman spectroscopy
with moderate light intensities, the dipole moment is proportional to the electric field times

polarizability a:
p=a-E 31

When atoms in the lattice vibrate around their equilibrium position, the polarizability changes as

well, and may be linearized for small amplitude as
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da -
p=<a0 +& (X—X0)>E. 32

In this sense, Raman scattering occurs through the modulation of the polarizability due to lattice

X0
vibration. Inserting Egs. 30 and 31 into Eq. 32 yields

Eq cos(wot) Xg cos(wyipt) d
Xo

= oE, cos( t)+Aaa
p = aE, cos(w, I

We may rewrite the equation using the trigonometric relation
cos(a) cos(B) = %(cos(a — B) + cos(a + B)), which yields
34

=&, (w0ot) + 222
p = E; | agcos(wy 585

(cos(wot — wyipt) + cos(wot + u)vibt))>

Xo
Eq. 34 shows that in addition to the frequency of the incoming light, Raman scattering gives rise

to two new frequencies, wo - ®vib (Stokes scattering) and mo + vib (anti-Stokes scattering),

whenever the partial derivative of the polarizability z—z in Eq. 32 is non-zero. This defines the
0

X
selection rule for Raman activity since a vibrational 1mode is Raman active only if it induces a
first order change in the polarizability. In other words, only when a lattice oscillation mode causes

variations of the polarizability at the same frequency, this oscillation is first order Raman active.

Some general features of Raman spectroscopy are relevant for any Raman experiment. (1)
Vibrational energy levels are occupied according to Boltzmann statistics, and therefore Stokes
scattering from the ground state to an excited state is more intense than anti-Stokes scattering
from the less populated excited state. By calculating the ratio of the Stokes and anti-Stokes bands,
the sample temperature may be determined.'®* 13* (2) Only when the lattice oscillation has the
same phase for neighboring unit cells, this oscillation is Raman active. In the phonon dispersion
curves, this condition is only satisfied at the Brillouin zone center, where the reduced k-vector
equals 0, also denoted as I'. This second condition is the reason why Raman peaks in crystalline
solids can be quite narrow. (3) Although the Raman shift of a vibrational mode is independent of
the exciting laser wavelength, Raman scattering amplitude may vary strongly with wavelength.
Resonant intensity enhancement occurs when the exciting photon energy is close to the energy
of an electronic transition, which strongly increases the lifetime of the photo-excited state, also
known as resonant Raman scattering.'®®> Since excitation of real electronic states often also
increases fluorescence, resonant enhancement does not increase the signal to background ratio in

all cases.
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Materials doped e.g. with either Er or Eu often exhibit strong fluorescence signals, which are
typically much stronger than the detectable Raman scattering signal'®®'®®  An example of
fluorescence in Er doped Ceria is shown in Supplementary Figure S2.3. In contrast to Raman
scattering, the wavelength of fluorescence signals is independent of the exciting laser wavelength,
and in most cases also strongly fluorescent materials can be investigated by selecting the
appropriate laser wavelength, as exemplified on measurements by the Rupp group in the
Supplementary information, section 2.3. Actually fluorescence signals can yield details on the
local environment of fluorescent ions and can be effectively used to gain additional local near

order information on structures, e.g. see for example on the use of Eu®* ref. '*° for further insights.

As noted above, vibrational modes are only Raman active when a lattice oscillation causes a first
order change in the electric polarizability. Raman active vibrations can be predicted by group
theory, taking into account the crystallographic symmetries.!*® Typically, crystal structures with
high symmetry have few Raman active oscillation modes. However, lattice distortions introduced
by doping or oxygen-vacancy defects can locally lift the inversion symmetry and therefore
introduce Raman activity also for normally inactive oscillation modes. Moreover, the Raman
vibrational frequency depends on lattice geometry and bonding, specifically the bond stiffness,
atomic mass and coordination number. In the following sections we will discuss these effects for

ceria.

As detailed in section 1, undoped ceria crystallizes in the cubic fluorite Fm—3m structure (point
group m—3m), shown in Fig. 1. Due to the high symmetry of the crystal structure, only one triply
degenerate oxygen breathing mode of F2; symmetry at 465 cm™! is Raman active'®!, as shown in

Fig. 20. Analogous to infrared spectroscopy, the Raman shift is typically measured in inverse

1 — fvi
=9 = vib

wavelength, with the relation 3 > where A is the wavelength, v the wavenumber, fi» the

(temporal) vibrational frequency, and c the speed of light.
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Fig. 20: Raman spectrum of oxidized CeO: showing only one single Raman active mode with Fzg
symmetry. According to its group theory, undoped ceria shows only one triply degenerate Raman

active mode, in which oxygen atoms vibrate around the cation, which is stationary. The crystal
structure and the Fz; bond vibrations are shown in the inset.

In crystalline solids, lattice vibration frequencies are typically displayed on phonon dispersion
curves. Phonon dispersion curves can be measured by inelastic neutron scattering, ' inelastic X-
ray scattering,'”* or high-resolution electron energy loss spectroscopy EELS.!** They can also be
calculated by density functional theory (DFT).!”> The phonon dispersion curves for CeO, are
shown in Fig. 21, where the experimentally measured data are superimposed on the DFT-

calculated curves.
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Fig. 21: Phonon dispersion curves of CeO:. The data lines were calculated by DFT and the data points
measured by inelastic neutron scattering (purple squares), Raman scattering (blue and orange
triangles), infrared spectroscopy (brown triangle), and reflectivity (green diamond). Reproduced

from ref1%, with permission from American Physical Society, copyright 2013.
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For vibrational spectroscopy, only the Brillouin zone center frequencies, denoted by the point I'
in Fig. 21 are of interest. Other points in the wave vector axis (X,K,L,W) designate edges and
corners of the Brillouin zone, but are not of interest here, because these oscillations are not Raman
active. The Fm—3m space group (cubic fluorite) of ceria gives rise to six partially degenerate
optical phonon modes yielding three frequencies at the I" point. Out of all optical phonon modes,
as noted above, only the triply degenerate F2g mode is Raman active, see Fig. 20.!°” The F2g mode
is the symmetric breathing vibration of the tetrahedrally-coordinated oxygen ions about the unit
cell center. Since cations do not oscillate, the frequency is independent of the cationic mass.®! On
the other hand, any variation in bond length or the formation of oxygen-vacancy defects will have
a direct impact on the oscillation frequency and are therefore detectable in the Raman spectra.®
The two other optical phonon modes visible in Fig. 21 with Brillouin zone center frequencies
corresponding to 270 cm ! and 595 cm ™! have F, symmetry and are therefore IR but not Raman-

active.
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4.2 Interpretation of temperature or isostatic pressure induced changes in the Fg
mode in terms of defect structure and chemistry
Raman spectroscopy is an excellent technique for probing the chemo-mechanics of a solid. Both
the isothermal and isobaric Griineisen parameters, accessible via Raman spectra, describe among
other parameters the relationship between unit cell volume and lattice vibrational frequency. The
effects of isostatic pressure on Raman spectra have been reviewed by Lucazeau.!”® In the
Griineisen model, the frequency of a Raman mode shifts when the lattice expands or contracts.
Due to the anharmonicity of the lattice potentials, shorter bonds are stiffer and therefore cause
higher oscillation frequencies. For a cubic crystal lattice, the unit cell parameter ap and vibrational

frequency wy are related by:

Aw AV o —3YE, 325

Mg B _YV_O dg

where wg, Vpand ap are vibrational frequency, unit cell volume and lattice parameter under STP,
and Aw, AV and da are changes with pressure or temperature. Within the quasi-harmonic
approximation, the dimensionless Griineisen parameter y should be the same for isothermal and
isobaric lattice parameter changes. For changes in hydrostatic pressure we can define the
isothermal Griineisen parameter as
= (2L, 5
w,/ dP

where B is the bulk modulus and dw/dP the shift in the Raman frequency. For temperature
dependent measurements, we obtain for the isobaric Griineisen parameter

Yp :< —1 )d_(” 37
ATWo dT'

where ar is the volumetric thermal expansion coefficient and dw/dT the shift in the Raman
frequency with temperature. In Fig. 22, examples of pressure dependent and temperature
dependent Raman measurements are demonstrated. Several groups have investigated the Fag
frequency shift of ceria under hydrostatic pressure. For high pressure Raman spectroscopy, the
sample is typically enclosed in a high pressure diamond anvil cell.'”® For example, Li et al.**
measured the pressure dependent F», peak position of large grained ceria, the values are shown
in Fig. 22 (black squares). A pressure dependent lattice parameter was calculated by taking
230 GPa as the bulk modulus of CeO> under ambient conditions.?’! With increasing pressure, an
increase in vibrational frequency (due to increasing stiffness of compressed bonds) of

3.2+0.1 cm ™! per GPa was observed.!”® Temperature dependent data were acquired by the Rupp
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group on sintered ceria pellets with grain size of ~ 2 um on a temperature calibrated button heater,
see supplementary information 3.1.2 for details. The lattice parameter was calculated according

£.292. As noted in section 2, thermal reduction

to the thermal expansion coefficient taken from re
of ceria in air is negligible up to at least 1000°C, and thus does not contribute to the lattice
expansion that otherwise results upon reduction.’® The fact that the Griineisen parameter of 1.57
fits both the high pressure and high temperature data indicates that undoped ceria is quasi-

harmonic for the temperature range.

It is important to note that the case presented here is unusual in its ideality. As discussed by
Lucazeau,'”® the temperature dependent Raman shift can be affected by more than just thermal
expansion and may therefore deviate from linearity, as well as from the value for the isothermal
Griineisen parameter. In addition, factors such as multiple scattering processes must be
considered in some cases where deviations from the quasi-harmonic approximation are found.

These effects are addressed for example in refs.?*2%

, where nanocrystalline or oxygen-deficient
ceria is considered. An additional important point is significant variation of the reported
isothermal Griineisen parameter in the literature, in part due to use of different values for the bulk
modulus: some authors used the bulk modulus of ThO> 204 GPa (instead of 230 GPa which was
measured for Ce0>?!) and claim a value of y=1.44' for CeO, single crystals. For nano-
crystalline CeO, powders, values range from 1.3°%° to 1.4°%. For Gd and Sm-doped powders,
values range from 1.16 to 1.46*°. It is therefore clear that both the isothermal and isobaric

Griineisen parameters are sensitive to material factors such as grain size and defect concentration

(extrinsic and intrinsic) and require further exploration in these parameter ranges.

Fig. 22: Position of the F2; mode as a function of the lattice parameter in CeO2. Black square data points
were measured at high hydrostatic pressure for CeOz powder, taken from ref?°°, and lattice

parameter changes were calculated using a bulk modulus of 230 GPa.?’! Red circle data points were
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measured on heated CeO: pelletsat ambient pressure and the thermal expansion coefficient was taken

from ref?%2, see supplementary information section SZ for details.

4.3 The effect of anisotropic strain on Raman spectra

Ceria thin films differ from bulk samples in several aspects. The film thickness is typically much
smaller than the information depth of a Raman microscope. Therefore, substrates with no
overlapping Raman peaks should be chosen, and acquisition time is conventionally longer than
for bulk pellet samples which have a mm-sized sample thickness. The grain size of thin films
varies from tens of nanometers in polycrystalline films to very large domains in epitaxial films.
This can lead to broadening and red shift of peaks, as observed for nanocrystalline Ceria films
with grain size below 50 nm and also changes in their oxygen sublattice related Raman peaks.?"’
The crystallographic orientation matches the substrate in epitaxial filmy, and also in

polycrystalline films typically a preferred orientation perpendicular to the substrate is found. This

does not affect unpolarized Raman spectra.

Most importantly, thin films are usually strained, due to mechanical interaction with the substrate,
even when they are polycrystalline.?® % 2% In epitaxial films, strain is proportional to the
mismatch in substrate and film lattice parameters, but also appears on polycrystalline films, due

to the deposition process. This strain, can increase of impede the ionic conductivity, e.g. shown

1_209 1-26

by Harrington et a or Schweiger et al.?® and decrease the reduction enthalpy.?!? Therefore,

knowledge and manipulation of the strain state is of high technological importance.

Raman spectroscopy was shown to be a useful non-destructive tool to assess strain in such
devices, or monitor crystallization of amorphous films.?!"" 2> For example, Shi et al.'*” probed
20 mol% Gd-doped ceria films, which were partly substrate-supported and partly free-standing
membranes. The authors relate a F2g peak shift measured by Raman spectroscopy to variations in
the local strain states (compressive vs. tensile). Also Schweiger et al. modulated strain by
changing the number of multi-layer interfaces in a hetero-structure consisting of alternating Gd-
doped ceria and erbia layers®®?’. For larger strain levels, increased asymmetry of the unit cells
was deduced from the Raman spectra and confirmed by high-resolution transmission electron

microscopy (HRTEM) at the interfaces.

Even though an effect of anisotropic strain on Raman shifts of ceria films was reported by various

26, 200, 208, 211

authors, the effect of strain on vibrational lattice dynamics — and thereby Griineisen

i 206

parameters remains only partly understood. Iguchi et a suggested that since films of ceria and
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doped ceria experience anisotropic stress conditions, the Griineisen relation as derived from high
pressure experiments has to be modified for the biaxial modulus. This approach has also been
adapted by Li et al.>*® However, deviations from the relation in Eq. 35 are also useful to learn
about the properties of ceria materials: Kraynis et al.?®® directly measured the equivalent
Griineisen parameter for doped ceria thin films, by comparing lattice volume and F»; peak
position between strained thin films and relaxed fee-standing membranes. They found that the
F2; Raman shift correlates qualitatively with the unit cell volume in agreement with Eq. 35, but
the equivalent Griineisen parameter under biaxial strain is much lower than under isostatic
pressure. This comparison suggested that the basic assumptions underlying the Griineisen model
(quasi-harmonicity and elasticity) are not preserved in the case of doped ceria thin films under
anisotropic strain. This helped emphasize the role of defects when anisotropic stresses are applied

to ceria materials, as summarized in a recent review.'3>

4.4 Investigation of Ceria defect-chemistry by Raman spectroscopy: The effect of
reduction and acceptor dopants

Modification of the defect-chemistry of ceria, via either reduction of the undoped material or

aliovalent doping to form solid-solutions (e.g., with trivalent cations partially replacing Ce*"),

markedly influences the Raman spectra: i) the F2, mode frequency shifts in concert with changes

of the lattice constant, ii) a splitting of the F2; mode occurs and iii) new modes emerge at both

higher and lower wave numbers than that of the dominant F2; mode. These three types of changes

are described below in the context of chemical changes induced by reduction and doping.

4.4.1 Reduction of ceria probed by Raman spectroscopy

Reduction of ceria is accompanied by an expansion of the average lattice parameter,’! 1> which
in turn causes a shift of the F2; mode to lower wavenumbers. Direct evidence for such behavior
is presented in Fig. 23. The time series shows oxidation of a reduced CeO».5 film in air as
measured by Li et al.>’. The peak position increases from ~ 459 cm™ for reduced CeOx-5 to
465 cm™!, which is characteristic of fully oxidized CeO, as described in ref.?° Because reduction
of ceria induces chemical expansion’!, the trend in the peak position with oxidation state is as
expected. In another experiment, Nenning et al.?® reported that a 200 nm-thin CeosGdo 2025 film,
which was sandwiched between a top and a bottom platinum electrode, could be reduced
electrochemically at room temperature by application of a very large electric field of 8:10” V/m
for 90 minutes. The very thin top electrode enables the laser light to reach the electric field-
stressed oxide and record Raman spectra. The comparison of the Raman spectra before and after

the high field pulse showed a clear softening (shift to lower wave numbers) of the F2; mode,
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which is shown in Fig. 24. Analogous trends were reported by Ackermann et al.?'* and by Lee
et al.?'* who observed red-shifts of the F2, mode for thermally and thermochemically reduced
undoped and Gd-doped ceria powders. The sensitivity of the F2g peak position to temperature and
oxygen non-stoichiometry presents interesting opportunities for in sifu characterization of Gd-
doped ceria used in a solid oxide fuel cell.!®* Very recently, Sediva et al.’’> demonstrated that it
is possible to simultaneously acquire Raman spectra and control oxygen non-stoichiometry
through electrochemical pumping of oxygen into and out of thin films deposited on an oxygen
ion conductor. This approach may allow quantitative correlations between defect chemistry on
the one hand and Raman shifts and the emergence of defect-related peaks on the other hand in

ceria based solid-solutions.
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Fig. 23: Raman time series during the oxidation of an oxygen non-stoichiometric ceria film in air; the
Fz peak position shifts from ~ 459 cm! to 465 cl. Spectra were normalized to Fze peak height.

Reproduced from ref?% with permission from Elsevier, copyright 2016.
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Fig. 24: An example of using Raman spectroscopy as a tool for detecting the eftect of high electric fields
on the defect-chemistry of ceria solid-solutions. a) cross sectional sketch of the experiment a
Gdp.2Cevs01.9-5 thin film is prepared between two metallic electrodes - due to the very thin top

electrode (4 nm Pt), the Raman laser reaches the GdozCevsO19-s film underneath. b) Normalized
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Raman spectra before and after application of a high electric field (800 kV/cm for 90 minutes).
Adapted from ref?8

4.4.2 Effect of aliovalent doping on the Raman spectra of ceria solid-solutions

Replacing Ce*" ions with cations having an ionic radius larger than the critical radius for zero
lattice expansion (~102 A, vis Fig. 15: ) shifts the Raman frequency towards lower Raman
wavenumbers, whereas the opposite is true for smaller cations®'®. This trend is clearly visible in
Fig. 25, where the Raman shift of the F2g mode is compared to the XRD-derived lattice parameter
for ceria solid-solutions with dopant concentration of 20 mol%. To demonstrate this behavior
more clearly, the Rupp research group contributed XRD and Raman results on sintered ceria
pellets with 20 mol% Y, Er, Gd and La (red dots) as dopants, which are complementary to the
published values from Pikalova et al. for the dopants of Yb, Ho, Dy, Gd, Sm, La'** (black
diamonds). Experimental details are available in the supplementary information S2. Analyzing
the data which stem now from independent ceramic preparation protocols, it can be concluded
that a linear relationship exists between the lattice parameter and the Fog Raman mode position,
denoted by solid black line in Fig. 25(a). The fit results in a relatively lowered “equivalent
Griineisen parameter” of 0.64, when compared to values obtained by hydrostatic compression or
thermal expansion.'”20% 2% The dotted line shows for comparison the fit line that was obtained
for determining the isobaric/isothermal Griineisen parameter, given in Fig. 22. Although the trend

is qualitatively the same, doping produces a much weaker Fz¢ position change compared to

pressure or temperature (in the range higher than 0°C) related changes in lattice parameter.

Fig. 25: a) Shift of the Fz; Raman mode with respect to the lattice parameter of 20 mol%- doped ceria,
where Do=Y, Yb, Er, Ho, Dy, Gd, Sm, Nd, La. The filled red circles represent the Rupp group data
measured on polycrystalline pellets, see supplementary information SZ for details; the black

diamonds are adapted from Pikalova et al’?*. The solid line represents a linear fit revealing an
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‘equivalent Griineisen ‘ parameter of 0.64. The dotted line shows the fit of the isothermal/isobaric
experiments shown in Fig. 22, with a “proper” Griineisen parameter of 1.57. b) Fz¢ shift vs. lattice
parameter for La,Nd and Gd-doping with varying doping fraction (1-20%)), data taken from Mcbride

et altl, The solid line is equal to figure part (a), and the dashed line is again taken from the
isothermal/isobaric experiment.

The Griineisen model is applicable only if average bond lengths scale with the lattice parameter
and symmetry is maintained. This is, however not the case, as shown in the EXAFS results in
Fig. 12 and Fig. 15. Average Cat-O distances (which notably define bond stiffness) have no
simple relation to the dopant radius or lattice parameter changes. Moreover, as shown in Fig. 14,
the Ce-O distance (as measured by EXAFS) depends on the dopant species, reflecting varying
degrees of local strain and suggesting variations in the degree of dopant-vacancy association and
extent of non-periodic deviation from the cubic fluorite symmetry. Given these findings from
EXAFS, it is not surprising that the Griineisen model is not valid. On the contrary, it is surprising
that a simple linear relationship between the F»g shift and lattice parameter is found at all as
function of dopant radius across ten different dopant species. Noteworthy, phonon softening in
Sm and Gd doped ceria was also predicted by DFT calculations by Jung et al.?!” Varying the
concentration of the extrinsic dopant also influences the shift of the ceria F2, Raman mode.?> ¢
61,216,218 por example, McBride et al. measured Raman shifts and lattice parameters for Gd, Nd

and La doped ceria with 3-20 mol% dopant,!

and the data are shown in Fig. 25b. Perhaps not
surprisingly, the correlation in this case is not as strongly linear because of effects from both
dopant concentration and dopant radius are reflected in the data. Significantly, analogous to
variation of the dopant radius, changing the lattice parameter by changing the dopant content
causes a much smaller F2¢ peak shift compared to isostatic pressure. Although for the dopant
concentration ranges considered the material remains in the fluorite phase (according to XRD),
as already discussed, doping causes local distortions and deviations from fluorite symmetry in a

dopant-specific fashion, Fig. 15. Therefore, it is not particularly surprising that a single

“equivalent Griineisen parameter” is an imperfect fit of the data.

An interesting analogy can be drawn between the effects of doping and anisotropic strain effects
on ceria Raman spectra. Kraynis et al. studied the Griineisen parameter of Eu®>* and Sm*"-doped
ceria thin films under biaxial strain relaxation.?® Similar to the trivalent doping effect discussed
above, a value of 0.4-0.6 was found for the equivalent Griineisen parameter. Gopal et al. showed
that biaxial strain, whether compressive and tensile, increases the reducibility of CeO; thin
films.?!° Thus, both trivalent doping and strain will introduce defects into the structure. Under

biaxial strain, the bond stiffness no longer changes isotropically. As elaborated in section 3.2.4
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the same is also true in doped systems for local bond distances near oxygen vacancies or dopant
ions, where deviations from the cubic fluorite symmetry occur. This causes some analogies in the

properties of doped and anisotropically strained ceria.

4.4.3 Defect-induced splitting of the F2, Raman mode

Beyond creating an average lattice expansion or contraction, extrinsic doping of ceria generates
bonds that are non-equivalent.>® In addition, scattering of phonons at oxygen vacancies decreases
the phonon correlation length.?%” These effects increase the FWHM of the F2, mode and create a
weakly separated vibrational mode at ~480 cm’!, further denoted A4so mode, which is clearly
visible in Fig. 26, where the F»>z modes of 20 mol% Y, Er, Gd and La doped ceria is plotted. In
most literature reports, this feature is ignored and the F2; mode for doped ceria is fitted with a
single Lorentzian peak. Papers that discuss the Asso mode propose different explanations. !’ 21%-
221 Agkrabié¢ et al. studied CeossGdo.1sO25 nanocrystals and attributed the A4so mode to

219 although the strongest Raman peak of the Gd>Os phase at 370 cm™ was not

monoclinic Gd20s3,
observed, rendering this assignment rather unlikely. Interestingly, a A4go peak is also observed in
oxygen non-stoichiometric nanocrystalline CeO2.5.2*°. The Tyagi group discussed the appearance
of the Asso mode,'®’ and attributed it to the oxygen vibration around the Gd** dopant cation in the
host fluorite lattice. However, when comparing EXAFS and Raman results for different dopants,
the systematic blue shift of the shoulder cannot be explained; the longer La-O bonds should be
less stiff an oscillate slower than Ce-O bonds. In contrast, the separation of F2gz and A4go mode for
differently doped ceria, as plotted in Fig. 27, is almost independent of the dopant ion radius. Thus,
assignment of the Asgo peak, which appears almost irrespective of the nature of the trivalent
dopant, to a single type of point defect remains speculative. Furthermore, the EXAFS studies
presented above indicate that upon acceptor doping, Ce-O and Do-O bonds become non-
equivalent and also exhibit significant angular deformations, further highlighting that many types
of non-equivalent bonds exist in doped ceria.>”> 3% 4 3222 In conclusion, the A4go mode most
likely originates from the non-equivalence of Cat-O bonds in doped or reduced ceria, but a unique

assignment to a specific defect type remains elusive.
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Fig. 26: Raman spectra around the Fz; peak in ceria pellets doped with 20 mol% La, Gd, Er, and Y,
normalised to the F2g peak height established by Rupp group, see supplementary information SZ2 for

experimental details.
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Fig. 27: Peak positions of the Fz; and Asso modes vs. the lattice parameter in the Raman spectra of
20 mol% rare earth-doped ceria solid-solutions. Raman spectra were fitted using the peak model

shown in Fig. 28, and lattice parameters are given in supplementary table S14.

4.4.4 Defect-modes in Raman spectra of ceria and its solid-solutions

In addition to frequency shifts and splitting of the F2; Raman mode, extrinsic doping or reduction
of ceria leads to the appearance of additional modes with frequencies near 270 cm™! and 550—
600 cm™'.?** The Raman spectrum of a CeogGdo2019 polycrystal is shown as an example in

Fig. 28. See supplementary information S2.1 for experimental details. Since most defect related
67



Raman modes have no clearly assigned vibrational symmetry, in the following these are simply
labeled by their approximate Raman shift as Az70, As70, Aago, Asso, and Aeoo. There is general
agreement in the literature that these bands appear due to the presence of the dopant ions and

oxygen vacancies, but their origin is a source of controversy. Authors either attribute these to

61,224 3

oxygen vacancies, or to formation of associates between the dopant and oxygen vacancies.*?
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Fig. 28: Raman spectrum of a high temperature sintered CeosGdo.201.9 pellet with peak fit for the Fzg
vibrational mode and various defect-related Raman peaks, labeled with A. Experimental details are in

the supplementary information section SZ2 established by Rupp group on polycrystalline pellets.

While the large peak width of the defect bands led to an initial interpretation that they occur due
to second-order scattering,’! Nakajima et al. showed by careful evaluation of the temperature
dependence of the peak intensities that they are first-order in nature.?** Comparison of different

dopants (La**, Y3*, Zr*")?3, and also Hf*" ! led to the observation that the A270 and Asoo peaks

223 225,226

are present for all dopants,”* and the Asoo peak is even found in CeO2 nanocrystals.

Although many defect related peaks appear to be rather insensitive to the type of defect, the Asso

t223

peak is only found when oxygen vacancies are present~~” and is therefore a fingerprint for oxygen

vacancies.

If we compare the frequency of the defect bands with the phonon dispersion curves for ceria in
Fig. 21, we see that in addition to the Fa, vibration, with phonon frequency of 465 cm’!, two
additional phonon branches of Fi, (LO) and Fi, (TO) symmetry are relevant and have Brillouin

zone center frequencies of ~ 590 and ~ 290 cm™!

. These phonon modes are not Raman active in
the fluorite structure, which is, however, not preserved in the nearest and next nearest neighbor
shells of point-defects, as elaborated in the EXAFS section. Remarkably, not only oxygen

vacancies but also zirconia and hafnia dopants, that have a significant ionic radius mismatch, i.e.,
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Zr*" (0.84 A) and Hf*" (0.83 A), compared to Ce*" (0.97 A),* can be sufficient to activate the
Asoo and Az70 modes. Although the intensity of defect-related Raman peaks depends strongly on
the type of dopant (see Fig. 29a), the Aeoo position appears correlated with the Fo; peak position,
Fig. 29b, which further supports the relation to the F1,(LO) phonon mode.

The relative intensity of the defect-related Raman modes is significantly enhanced by using a UV
laser for excitation.??” 2?8 In the Asso, and Agoo defect region this effect was attributed by the
authors primarily to the shallow penetration depth of UV radiation (A=365 nm), consequently
leading to observation of the defect enriched surface at this excitation wavelength. Recently, also
resonant enhancement of these defect modes was observed for undoped and series of Lu, Gd, Sm
and La doped ceria materials.?? A full set of LO modes (1-6LO) satellites was assigned to
undoped ceria. The study emphasized that under resonant conditions the Aeoo defect region is
convoluted with the 1LO resonantly enhanced mode and therefore only the vacancy related Asso
of the two defect bands can be resolved. The enhancement of the Asso vacancy related band under
the UV excitation, enabled to observe its blue shift as function of dopant mol% for Gd and Sm
doped ceria, in contrast to the simultaneous red shift of the F2; mode. This observation is in direct
agreement with Fig. 15 where EXAFS derived Ce-O and Do-O distances for Sm and Gd doped
ceria contract as function of mol%, while the lattice parameter shows expansion. The correlation
of Raman and EXAFS data in this case, indicate that oxygen vacancy defects are likely in the

vicinity of the contracting interatomic distances.

To continue the discussion of resonant effects, resonant enhancement in the defect region of Pr-
doped ceria was demonstrated with laser wavelength of 514-532 nm.?*° This enhancement was
attributed to coupling of phonon states to the O* => Pr*" charge transfer, responsible for the
absorption maximum in the visible (red/green). The intensity of the defect bands in CeosY0.201.9
can be explained by the small ionic radius of Y, which facilitates association of dopants and
oxygen vacancies, as predicted by DFT calculations shown in Fig. 7. Similar results are observed
at higher doping concentrations in Gd-doped ceria, where the periodic arrangement of the
extrinsic oxygen vacancies leads to a lowering of the crystal symmetry.?> ' The transition occurs
at lower dopant concentrations for Yttria-doped Ceria because of the small size of the Y>* ion,

which leads to lattice instabilities relaxed through the structural transition.

4.4.5 Double fluorite ordering observed by Raman spectroscopy

Also the onset of double-fluorite ordering can be observed by Raman spectroscopy, even at
doping levels where pure fluorite phase is detected by XRD. The fingerprint of the fluorite-double

fluorite transition is the A370 peak. It was observed by variation of dopant fractions below and
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above double-fluorite phase formation by Schmitt e al.? for 3-30 mol% Gd-doping and by Artini
et al for 10-100 mol% Sm and Gd-doping®, as well as Ikuma et al. by Y doping.?*! This peak
appears at doping levels corresponding to the upper edge of the fluorite phase, and sharply
increases intensity above solid-solution doping limit (20-30 mol %), when double-fluorite is
detected by XRD.*® Also TEM measurements of 20 mol% Gd-doped ceria, which is fluorite
phase according to XRD®, show already the appearance of nano-domains with double-fluorite
like structure.'%* For large dopant fractions, which are > 50 mol%, Artini ef al. have presented a
method for calculating the average number of neighboring oxygen ions at the dopant first
coordination shell (INN) by evaluation of the F2, peak position.?*? The method shows that Raman
spectroscopy can serve as a descriptor for local environments that are not detectable by XRD.
However, the assumption of average eightfold coordination around Ce*" is required for the

calculation, a condition that is often violated in the real material®*>.
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Fig. 29: a) Magnification of the Asso and Asoo Raman modes with peak fit of 20 mol% rare-earth doped
ceria with La, Gd, Er, and Y dopants. The intensity was normalized to the Fz; peak. b) fitted peak
positions as a function of dopant radius. See supplementary information 2.1 for details from pelllets

synthesized and measured by Rupp team.

4.4.6 Related observations by NMR spectroscopy

Different nearest neighbor configurations or coordination numbers produce distinct shifts in
NMR spectra of 'O (for all ceria compositions) and ¥’Y (for the case of yttria ceria solid
solutions). From the areas of these peaks, probabilities of nearest neighbor configurations can be
calculated and compared to the random distribution. Evaluation of 'O spectra reveal close to
random distribution of dopant ions at least for low doping to moderate doping levels for larger
dopants (Gd,Sm,Nd,La) (resp. <20 mol %) 23*> 234 In the case of Y-doping, *’Y spectra, on the

other hand, show a strong preference of vacancy association with Y dopants'®!-23%_ This difference
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due to dopant radius is well in line with the effect of dopant radius and vacancy association

energy, shown in Fig. 7.

4.4.7 Raman spectroscopy of CeO: nanoparticles

Interestingly, also CeO> nanoparticles exhibit many features of doped or reduced ceria. For
example, in ceria nanopowders with 5 nm grain size, the F», peak shifts to lower wavenumbers
by more than 10 cm™!, together with asymmetric peak broadening, compared to large grained
(> 100 nm) samples.?> These changes may originate from various effects: i) phonon
confinement, ii) strain, iii) size distribution, iv) defects, v) heterogeneous phonon relaxation
times or correlation lengths.?’” 236 In the literature, it was concluded that the larger lattice
parameter of ceria nanoparticles is mostly responsible for the peak shift?*® which is supported by
DFT calculations by Apostolov et al.>*’” The asymmetric broadening of the Fa; peak can be
modelled by taking into account a distribution of particle sizes (typically Gaussian) and phonon
confinement.?** 23° Due to the boundary conditions of a nanocrystal, also phonon modes with
non-zero k-vector will have Raman intensity. Mathematically this is treated by a double integral,
over the particle size distribution and a convolution of the Lorentzian intrinsic Raman line shape
with a Gaussian function along the three phonon dispersion branches with F2; symmetry, given

by the equation®®”- 219225

3 ! 272
L 1
[(w) =Z.[ p(L) dL fexp <_q8,8 ) * = d3q. 78
i=1 "0 0 (w — w(q;) + Aw(L))? + TO

Therein, o is the angular frequency, i is the number of the phonon branch (1-3) L is the average
particle size p(L) 1s the particle size distribution function and q the phonon wavevector divided
by the lattice constant. w(q;i) is the frequency of the F2; phonon mode i as function of the wave
vector (see Fig. 21), Ao(L) the Fag red shift due to particle size and I'o is the Raman FWHM of
the single crystalline material (varying from 7-10 cm™). The value of B determines the strength
of phonon confinement analytic models predict values of p=1 (Richter et al.*°) or p=2n’
(Campbell et al.*®) and other authors treat B as a free fitting parameter, yielding values in the
order of 40?*¢. By combining phonon confinement and particle size distribution, several authors
could explain the Fa line shape of pure and doped Ceria nanocrystals 2%+ 207 219, 225, 236, 240 1py

summary, the effect of crystalline size on Raman spectra (especially the F2; peak) renders Raman

spectroscopy as a suited tool to measure Ceria nanoparticle sizes in the range of 3-25 nm.
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4.5 Conclusions from Raman Spectroscopy

Why Raman spectroscopy? For ceria and its solid-solutions, Raman spectroscopy contributes to
improved understanding of local structural changes in the nearest and next nearest neighbor shells
of dopant ions and oxygen vacancies and is an excellent tool to investigate the defect chemistry
of doped and undoped ceria, due to its sensitivity to non-periodic features. Several Raman peaks
(around 370, 480, 550 and 600 cm™') appear when point defects are introduced into ceria. By
careful peak assignment, based on comparison of several literature reports and some new own
measurements, one is able to gain deeper insight into the structure, local symmetry and to track
tendencies towards defect ordering or association (e.g., under mechanical pressure, for high
dopant concentration or small dopant cations, or also as recently shown in technical
demonstration with respect to in situ variation of oxygen nonstoichiometry/defect changes in
films?!%). Currently, there is still controversy in literature regarding, the origin of some of the
defect and associate related Raman modes and applicability of the Griineisen model in doped and
strained ceria, even though quite good theoretical phonon and DFT models are available. To shed
more light on assignments and to contribute to the discussion in the literature, we have
synthesized and measured specifically doped ceria samples as standard, and tracked Raman
characteristics which contribute to a more systematic study of the origin of the Raman-active

defect modes.

Undoped, oxygen stoichiometric ceria only has one Raman active lattice oscillation mode at 465
cm’!, in which is a symmetrical breathing mode of oxygen anions, called the F2, mode. According
to the Griineisen model, compressed bonds are stiffer, so the oscillation frequency, and F»g peak
position, depends on the lattice parameter. The Fz; position is therefore sensitive to doping,
isostatic pressure, temperature and oxygen nonstoichiometry. For obtaining Griineisen
parameters, literature data and some new own measurements were re-evaluated as a function of
pressure, strain, temperature or aliovalent doping up to 20 mol%. In all cases, a linear relation of
F2¢ peak shift and lattice parameter is found, although the slopes differ significantly, depending
on the origin of lattice contraction and expansion. Doping ceria introduces non-equivalent Cat-O
bonds and other lattice distorions, which were elaborated in the XAFS chapter. Therefore there

is no simple, linear relationship between bond lengths and lattice parameter in doped ceria.

In doped, reduced or nanocrystalline ceria, or anisotropically strained thin films, membranes or
multilayer film structures, additional modes appear in the Raman spectra, which are characterized
as follows. An additional peak appears slightly above the F2, vibration, denoted as the A4go mode.

It is likely because in ceria containing point defects, Cat-O bonds become non-equivalent.
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Also Raman peaks at ~ 270 and ~ 590 cm™! appear in ceria containing point defects, probably due
to local symmetry reduction, enabling Raman activity of additional LO and TO phonon modes.
This sensitivity towards local lattice distortions can provide useful insight into the concentration

and association of defects.

Some defect-related peaks can are related to specific structural features. A peak at ~ 550 cm™
appears only when oxygen vacancies are present, and is therefore a very good indicator for the
latter. For dopant fractions close to or above the transition to double fluorite phase, a peak at ~370
cm’! is observed, and indicative for this transition.?> 360 Generally, the relative intensity of the

defect related Raman peaks can be greatly enhanced by using a UV laser for excitation.??’2%

We emphasize by careful analysis and additional new standards published herein, that Raman
spectroscopy is an excellent technique to probe temperature, strain and point defects and their

changes in association and concentration for ceria materials with an easily accessible lab tool.
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5 Summary and outlook

Undoped and doped ceria are among the most thoroughly investigated materials of modern
lanthanide oxides and are currently in commercial use for a variety of applications. These
investigations reveal that many properties of ceria based materials, such as elastic anomalies,
strong electrostriction and defect thermodynamics, are not well described by simple models
relying on the assumption that fluorite symmetry is preserved around isolated point defects. In
the absence of an obvious crystallographic phase transition, standard XRD measurements are
insufficient to describe properties that are likely caused by local lattice distortions and/or
interacting defects that can develop in the presence of either extrinsic (dopant-induced) or
intrinsic oxygen vacancies. While some of these phenomena have been predicted
computationally, this review has focused on experimental studies of the material’s
thermodynamic properties as well as its local structure and near neighbor ligand bonding patterns
as measured by the complementary techniques of synchrotron X-ray absorption fine structure and

Raman spectroscopy.

By combining these methods, we have presented quantitative evidence from the literature that
local structure in acceptor-doped (<20-30 mol%), or oxygen-nonstoichiometric ceria does
indeed deviate from the average fluorite symmetry. Defect thermodynamics, measured by mass
changes of oxygen non-stoichiometric ceria, show that point-defects interact at quite low defect
concentrations, especially in reduced, undoped ceria. Only models that assume associates such
as Ce3* — V; — Ce3* trimers or more extended defect clusters can accurately describe oxygen
nonstoichiometry in reduced ceria. For acceptor-doped ceria, the lattice parameter increases or
decreases, depending on the ionic radius (Shannon) of the dopant, and a linear relationship of
dopant radius and lattice parameter is found.®! Interestingly, the “zero expansion” dopant radius
of ~ 103 pm is significantly larger than that of Ce*" (97 pm).®! Also, if fluorite symmetry were
preserved at the local level, Ce-O and dopant-O bond lengths should simply scale with the lattice
parameter. In contrast, EXAFS data show both Ce-O and dopant-O bond length contraction for
ceria doped with ions that cause lattice expansion. Therefore, it is reasonable to conclude that
local environments around defects strongly deviate from fluorite symmetry and that these are the
source of some of its unusual mechanical properties, such as anelasticity and large electrostriction
with the latter having a potential for new industrial applications. These local deviations from
fluorite symmetry also mean that the lattice is anisotropically strained and presents opportunity
for chemo-mechanical behavior which has not been identified by XRD, which is only sensitive

to periodic and non-element specific environments.
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Also Raman spectroscopy, which is more readily accessible than synchrotron based XAFS, can
probe symmetry, local order and bonding environments in ceria and its solid-solutions. Structural
changes caused by doping and reduction have a strong impact on Raman spectra. Defect-free,
fluorite CeO> has one Raman active phonon mode with F2, symmetry at 465 cm™, reflecting the
symmetric oxygen breathing vibration. A change in lattice parameter, caused by hydrostatic
pressure or temperature, induces a linear response in the position of the Fz; mode phonon
frequency: compressed Ce-O bonds are stiffer and therefore increase the Fzg oscillation
frequency. From a linear relationship of phonon frequency and unit cell volume (due to quasi-
harmonic displacement of ions from their equilibrium positions) the “Griineisen parameter” can
be defined. In the case of doped ceria, an equivalent Griineisen parameter can be determined by
fitting F2, peak position vs. lattice parameter of variously doped ceria solid-solutions. This
parameter is significantly lower than in the case of applied isostatic pressure or heating. This
apparent discrepancy is explained by EXAFS measurements, which clearly reveal that a simple
relation of lattice parameter and Ce-O or dopant-O bond length does not exist. This is the reason
why the Griineisen model is not valid for measuring the effect of doping-induced lattice parameter

chances via Raman spectroscopy.

Emphasis is also placed on evidence from the literature that, in addition to a shift of the F2g mode
for ceria solid-solutions with change in either dopant size or concentration, additional Raman
modes appear with frequencies around 270, 370, 480, 550 and 600 cm™. The positions of the
modes around 270 and 600 cm™! coincide with the calculated frequencies of optical phonon modes
that are not Raman active in fluorite crystals. As elaborated earlier, doping locally lifts the cubic
fluorite symmetry and therefore possibly enables Raman activity of these defect related modes
which include information on isolated oxygen point-defects, and also associated defects such as
Do-Vo-Do trimers. For differentiating between point-defect types, the 550 cm™ mode in Raman
spectra is important, as it only appears in acceptor-doped or reduced ceria, making it a descriptor
for oxygen vacancies and their environment. The Raman peak at 370 cm™ is a good indicator for
double fluorite ordering, which appears at higher doping levels (typ. >20 mol%). From combining
measurements of oxygen nonstoichiometry, Ce-O bond length by EXAFS and symmetry
reduction by Raman spectroscopy, we can conclude that doping of ceria causes strong lattice
distortions around point-defects, which is are probably the reason for the electro and chemo-

mechanical properties.

Finally, although one may have considered that the defect structure and chemistry of ceria and

its solid-solutions might fall neatly into an ideally cubic description, this review has summarized
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data from both the computational and experimental literature that demonstrate that in fact, doped
ceria is rich with complexity. Changing perspective by moving away from structure-averaging
techniques to quantitative and sensitive complementary methods, which can probe local structure
and bonding environments, clearly reveals that, in the vicinity of point-defects, fluorite symmetry
is indeed broken to an extent which depends on dopant identity, concentration, and local strain.
We are hopeful that in this review, we have succeeded in presenting experimental findings that
will assist future research in the field by contributing to tailored design of the defect-chemistry
of ceria-based devices for solar-, thermo- and electro-chemistry applications and for industrial

uses of giant electrostriction or memristive effects.
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