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Shear localization in nanocrystalline metals is a severely limiting factor precluding their use as practical engi-
neering materials. While several strategies exist to enhance the thermal and mechanical behavior of these
materials, there are still many outstanding questions regarding the effects of chemical segregation on shear
localization in FCC nanocrystalline materials. In this paper we investigate the mechanical response of a ter-
nary aluminum alloy with a sub-10 nm nanocrystalline microstructure subject to various thermal treat-
ments. Contrary to previous observations, our results suggest that annealing up to 0.7 T,, reduces the
propensity for shear localization and increases strength, as demonstrated by a transition in deformation mor-
phology from pronounced strain localization to more homogeneous deformation during indentation. This
behavior coincides with the formation of an amorphous intergranular film during annealing, causing intra-
granular dislocation plasticity to be favored over other grain boundary dominated deformation mechanisms,

in turn resulting in a lower propensity for long range plastic localization.

© 2020 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.

1. Introduction

Nanocrystalline metals have attracted a great deal of interest due
to their desirable mechanical properties, such as high hardness [1],
fatigue behavior [2], and wear resistance [3,4]. These properties can
be attributed to the abundance of grain boundaries, which dramati-
cally affect the physical properties of nanocrystalline materials [1,5].
These boundaries serve a variety of beneficial purposes, such as act-
ing as obstacles to dislocation motion, providing increased strength
[6,7], and as efficient sinks for radiation damage [8]. Despite the
apparent benefits of these boundaries, nanocrystalline metals are
plagued by poor thermal stability, as well as severe plastic instabil-
ities such as catastrophic shear localization [9—11]. The origin of
shear localization in nanocrystalline metals has been the subject of
much research [9,12] and is most often attributed to the multitude of
grain boundary-mediated deformation mechanisms, such as grain
rotation and sliding [5,13], operative in nanocrystalline metals. The
plurality of deformation mechanisms has been shown to induce
strain-softening behavior and facilitate long range localization in
materials with extremely small grain sizes ( < 15 nm) via strain parti-
tioning [12].

Careful alloying strategies can help mitigate thermal instabilities
in pure nanocrystalline metals [14—27], as well as provide additional
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strength [28,29]. The most common approach is to introduce alloying
elements that exhibit a strong propensity for segregation to grain
boundaries [27]. The presence of these highly segregating elements
at grain boundaries can kinetically pin the boundaries [30] or
decrease the grain boundary energy [27]. Classical formulations give
grain boundary velocity [31] as proportional to both the thermody-
namic driving force (i.e. grain boundary energy) and a kinetic factor,
thus both energetic and kinetic efforts to stabilize the grain boundary
can effectively reduce the grain boundary velocity under thermal
excitation. This alloying strategy has been used quite successfully for
promoting thermal stability, enabling the design of nanocrystalline
alloys that are resistant to coarsening up to high temperatures, such
as Cu—Ta [30], Ni-W [32], and W-Ti [26].

Solute segregation to grain boundaries has been shown to have a
pronounced effect on mechanical properties as well. The presence of
both metal and nonmetal dopants at grain boundaries promotes
increased strength while mitigating some mechanical instabilities,
such as stress-driven coarsening [33,34]. Hu, et al. [7] demonstrated
that grain boundaries of electrodeposited Ni—Mo can be stabilized by
the addition of higher concentrations of Mo, followed by low-tem-
perature annealing to cause segregation to grain boundaries. In doing
S0, a transition from so-called inverse Hall-Petch behavior at low Mo
content where a reduction in grain size leads to a decrease in the
flow stress [11,35] to classical Hall-Petch behavior at high Mo con-
tent was observed. While many studies have demonstrated substan-
tial increases in strength due to alloying, the plastic deformation
behavior of these materials is often undesirable. Indentation, pillar
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compression, and tension testing of stable nanocrystalline metals,
such as Ni and Ti based alloys [11,36—38], show strong shear localiza-
tion immediately after the onset of plasticity.

Not only do alloying additions at grain boundaries affect the prop-
erties of nanocrystalline metals, but structural transitions of the grain
boundaries due to chemical segregation have pronounced effects on
the thermal and mechanical behavior of nanocrystalline metals as
well [39]. Nanocrystalline materials with a variety of grain boundary
structures, ranging from atomistically sharp with various fractions of
special grain boundaries [40] to completely amorphous grain bound-
aries [41] have been produced. In particular, the effects of amorphous
intergranular films on the mechanical response of nanocrystalline
metals can be quite pronounced. Khalajhedayati et al. [42] have
shown that the presence of an amorphous intergranular film in a
nanocrystalline Cu—Zr alloy yields a four-fold increase in ductility,
with little to no degradation in strength. Amorphous intergranular
films provide mechanical stability by providing sinks for dislocations
that propagate across the crystalline regions of the material, as well
as strong pinning points as dislocations traverse the grain interior
[43—45]. In order to design alloys that can exhibit amorphous inter-
granular films, several key criteria have been proposed: high degree
of chemical complexity, large atomic radius mismatch, negative
enthalpy of segregation, and a positive enthalpy of mixing [46]. All of
these criteria, apart from the negative enthalpy of segregation, echo
those proposed for designing fully amorphous alloys [47].

In addition to the spatial extent of the grain boundary, the local
atomistic structure — the position of solutes at the grain boundary
[34], the structural motifs of the boundary [39], and disconnection
density [48,49] — play a large role in both the strength and propen-
sity for shear localization of nanocrystalline metals. These subtle dif-
ferences in grain boundary structure and energy are often referred to
as grain boundary state. The grain boundary state of nanocrystalline
metals may be relaxed through annealing at low temperatures, which
provides increases in strength with negligible changes in grain size
[7,50]. While the effects of low temperature annealing are easily
understood in alloys prone to chemical segregation to grain bound-
aries, anneal hardening can occur in nominally pure or weakly segre-
gating systems. Rupert and others [36,50] demonstrated that low
temperature annealing strongly increases the hardness and yield
strength of electrodeposited Ni—W, which has a weak tendency for
chemical segregation. Renk et al. [51] observed this behavior in a
chemically complex steel, and utilized atom probe tomography to
rule out the role of chemical segregation. Others have noted that
there may be processing routes to rejuvenate grain boundaries iso-
chemically at the expense of mechanical strength, potentially
decreasing the propensity for shear localization [52]. By annealing
nanocrystalline Ni—W, Khalajhedayati and Rupert reported substan-
tial increases in strength along with decreases in strain-to-failure
after thermal relaxation [36]. This decrease in strain to failure is con-
comitant with an increased propensity for catastrophic shear locali-
zation in pillar compression experiments. These authors suggest the
degree of relaxation of the boundaries — intricately linked to the
thermal history of the material — governs the propensity for shear
localization: the more relaxed, the higher susceptibility for localiza-
tion. This behavior has also been shown in molecular dynamics simu-
lations, where annealing of grain boundary regions leads to increased
strength and more localized deformation [53].

Taken as a whole, it is clear that the details of the grain boundary
ranging from atomic structure, chemical ordering, and structural/
energetic state are crucial for understanding the mechanical perfor-
mance of nanocrystalline metals, particularly the propensity for local-
ization. While several detailed studies exist both experimentally
[11,36,50] and computationally [53], there are several outstanding
questions regarding the role of solute segregation on shear localiza-
tion in nanocrystalline metals. For instance, can the tradeoff between
strength and tendency for shear localization observed in previous

studies [11,36] be overcome via segregation engineering? In this
paper we investigate the mechanical response of a ternary aluminum
alloy with a sub-10 nm grain size subject to various thermal treat-
ments. Our results suggest that traditional relaxation annealing dra-
matically reduces the propensity for shear localization, along with
significant increases in strength. This counter intuitive result is evi-
dent in a dramatic transition in deformation morphology from strong
strain localization to more homogeneous deformation during inden-
tation.

2. Alloy design

We initially focus our attention on designing a ternary Al-based
nanocrystalline alloy that exhibits co-segregation of alloying
additions to grain boundaries. These properties will enable us to
investigate the effects of segregation on shear localization in a multi-
component system.

Multicomponent nanostructured Al alloys have been reported in
studies of partially crystallized amorphous alloys, which exhibit
desireable properties such as high strength and low density [54—58].
In amorphous Al-based alloys, combinations of transition (TM) and
rare earth (RE) metals are frequently used as alloying additions to
increase the complexity of crystallization products, thereby increas-
ing the glass formability of these systems [57]. AI-TM-RE alloys have
high strength [59] and a variety of unique microstructures [57].
While the AlI-TM-RE alloy space is quite broad, we turn our focus to
the Al-Ni-RE ternary system. Multiphase Al-Ni-RE crystalline alloys
exhibit desirable solidification microstructure formed during casting,
as well as their thermomechanical properties owing to thermally sta-
ble nanoscale precipitates [58]. Various RE elements have been stud-
ied in these systems, but Ce is promising for a variety of reasons.
Binary Al-Ce alloys are being investigated as promising alloys for
additive manufacturing due to the high thermal stability, as well as
relative abundance of Ce from various RE production [60]. The ther-
mal and mechanical behavior of amorphous Al-Ni—Ce alloys have
been characterized quite extensively [55-57,59,61-63], and exhibit
thermal behavior that is desirable for a nanocrystalline system. After
annealing at low temperatures, Al-Ni—Ce amorphous alloys first
crystallize through the nucleation of FCC-Al particles in an amor-
phous matrix [62]. Then, due to the negligible solubility of Ce and Ni
in FCC-Al, these elements are rejected into the amorphous material
surrounding the FCC-Al nuclei. This strong elemental segregation of
Ni and Ce away from crystalline Al suggests that these may be suit-
able alloying additions for a nanocrystalline Al alloy. We hypothesize
that a single phase nanocrystalline Al-Ni—Ce based alloy may exhibit
both enhanced thermal and mechanical stability due to the strong
tendency for Ni and Ce to segregate during low temperature anneal-
ing, as well as the potential for the formation of amorphous inter-
granular films due to the overall glass formability of this alloy space
[27,46].

3. Materials and methods

Nanocrystalline Al-Ni—Ce samples were prepared by confocal DC
magnetron sputtering in an AJA ATC 1800 Sputter deposition system
equipped with 2-inch diameter sputter sources. Depositions were
performed using two targets: one Al (99.999% purity) target and one
pre-alloyed Alg;Ni;Ceg target (composition noted in at%, 99.95%
purity). Power densities of 493 W cm and 8.63 W cm? were used
for the Al and Alg;Ni;Ces, respectively. Base pressures below
1077 Torr were attained prior to each deposition, and all depositions
were performed at a processing pressure of 3 mTorr in Ar at room
temperature. The deposition rate was measured to be 0.27 nm s
using an Inficon quartz crystal monitor. An interrupted deposition
procedure was utilized to achieve the desired nanocrystalline micro-
structure, wherein the targets were shuttered every 36 s for 5 s. This
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technique enables the deposition of films with very fine grain sizes by
suppressing grain growth during continuous deposition, as has been
reported elsewhere [64—66]. This deposition procedure resulted in
an approximate thickness of 10 nm per deposition interval. For com-
parison, pure Al samples were prepared in the same manner, using
only the Al target at a power density of 12.3 W cm2. Thick (1 pwm)
samples were deposited on Si (100) wafers for mechanical characteri-
zation, and thin (40 nm) samples were deposited onto Cu transmis-
sion electron microscopy (TEM) grids with C support films for (S)TEM
analysis. Thin samples were characterized via (S)TEM in a Thermo
Fisher Talos G2 200X STEM operating at 200 kV. The nominal compo-
sition of the Al-Ni-Ce sample was measured by SEM-EDS, which is
typically accurate to within 5 at%.

Annealing experiments on both thin and thick samples were per-
formed under vacuum (<107 Torr) in the deposition chamber. A
slow ramp rate of 0.1 °C s™! was used to reach the desired tempera-
ture, wherein the samples were held for 1 hr. The heater was then
shut off and the system was allowed to cool slowly under vacuum
over the course of 2—3 h. Both thick and thin samples were heated to
temperatures of 200 °C, 325 °C, and 380 °C.

Nanoindentation experiments on the thick samples were per-
formed using a Nanomechanics iMicro Nanoindenter equipped with
a 50 mN load cell. Hardness measurements were performed with a
Berkovich tip diamond indenter at a variety of indentation strain
rates. The tip area function of the Berkovich tip was calibrated on
fused silica before all experiments. All data was collected using the
continuous stiffness method (CSM) [67], where a dynamic oscillation
is superimposed during loading to measure hardness and elastic
modulus as a function of depth. All experiments were performed
using a 2 nm dynamic displacement at a frequency of 100 Hz. Each
data point reported below corresponds to at least 20 indentations.
Constant strain rate indentation tests were also performed at a series
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of indentation strain rates to elucidate the strain-rate sensitivity
exponent and activation volume of samples subjected to various iso-
chronal-isothermal anneals.

The surface morphology of the thick samples near the indentation
experiments was imaged in an FEI Teneo FESEM. As deposited sam-
ples of the Al and AlgsNi;oCes were imaged at an accelerating voltage
of 5 kV using the Everhart-Thornley detector. Annealed AlgsNi;oCes
were imaged at an accelerating voltage of 2 kV using an in-column
detector (T1), which is very sensitive to surface topography. Cross-
sectional electron transparent samples were extracted from indents
in the as-deposited and 200 °C annealed state. These samples were
prepared using a FEI Helios Dualbeam Nanolab 650 focused ion beam
(FIB) with a final ion polishing step at 5 kV, 16 pA to remove FIB-
induced damage. Sample thicknesses were approximately 100 nm.
TEM investigations of samples prepared using the FIB were per-
formed using a FEI Tecnai G2 Sphera operated at 200 kV.

4. Results
4.1. Microstructural comparison to pure Al

High angle annular dark field (HAADF) STEM micrographs from
the thin as-deposited AlgsNi;oCes samples shown in Fig. 1a demon-
strate the extremely fine microstructure produced during the inter-
rupted sputtering of our highly alloyed Al-based system. Conversely,
the bright field STEM micrograph of the pure Al (Fig. 1b) exhibits a
much larger grain size. Using dark field (DF) TEM for the AlgsNi;oCes
and annular dark field STEM for the pure Al, grain size distributions
were measured (Fig. 1c). Average grain sizes of 28 + 11 nm for the
pure Al sample and 7.6 + 2 nm for the AlgsNi;oCes were measured.
As the thin specimens are only ~ 40 nm thick, the grain size of the
pure Al sample is slightly larger than half of the film thickness, a
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Fig. 1. STEM micrographs and corresponding grain size distributions of thin samples on C-TEM grids. (a) HAADF STEM image of the as-deposited AlgsNi;oCes, (b) BF STEM image of
the Al sample, and (c) grain size statistics generated from DF TEM images of the AlgsNi;oCes, and annular DF STEM images of the Al. The inset in (a) is a corresponding DF image of

the as-deposited AlgsNi;oCes.
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common observation for sputtered films at relatively high homol-
ogous temperatures [68]. The HAADF micrograph of the as-depos-
ited AlgsNijgCes exhibits relatively uniform contrast with small
domains outlined in regions of higher contrast, presumably Al
enriched in Ni and Ce given the atomic number contrast [69]. The
size of domains observed in the HAADF image correspond to the
grain size measured from DF TEM imaging. Due to the negligible
solubility of either Ni or Ce in Al [55,56], and the high homolo-
gous temperature of Al at room temperature, moderate segrega-
tion of these elements to grain boundaries in the as-deposited
microstructure is expected.

Selected area diffraction (SAD) patterns taken with a 10 wm diam-
eter aperture (Fig. 2a and b) demonstrate a single-phase FCC struc-
ture for both the pure Al and AlgsNi;oCes. The SAD pattern from the
pure Al exhibits several distinct spots resulting from diffraction of
individual grains, rather than a continous ring, due to the larger grain
size (see Fig. 1c). Given the high glass formability of this alloy, the
absence of a typical amorphous halo in the diffraction pattern of the
AlgsNiqoCes is surprising. To further analyze any structural differen-
ces between pure Al and AlgsNi;oCes, the radially integrated intensity
of the diffraction patterns is shown in Fig. 2c. We observe only a small
broadening of the {111} peak in the AlgsNi;oCes sample and presence
of higher order planes in the diffraction pattern, suggesting that the
sample is predominantly crystalline. Further examination of Fig. 2c
indicates a small shift in the peak locations in the AlgsNi;qCes com-
pared to the pure AL Using Gaussian peak fitting of the {111} peak
location, we measure a lattice parameter of 4.065 for the AlgsNi;oCes
sample, corresponding to a ~0.5% lattice expansion compared to
pure Al (dashed lines in Fig. 2d). This suggests the formation of a
non-equilibrium, supersaturated solution of Ni and Ce in a nanocrys-
talline Al microstructure — a feature often reported in alloys prepared
via sputter deposition [68,70].

While these results are indicative of the behavior of the 40 nm
thick films, we do not observe significant differences between
these and the 1 pwm thick AlgsNijoCes films. As will be discussed
in Section 4.4, the average grain size and composition measured
from the cross-sectional TEM observations of the thick
AlgsNijoCes films are nearly identical to those measured in Fig. 1.
Similar studies on nanocrystalline Al alloys [33,71] have also
demonstrated that, while there may be a slight difference in the
grain aspect ratio of thicker films compared to plan view TEM
samples, the microstructures are otherwise comparable. Thus, we
posit that observations made on thin AlgsNi;oCes specimens can
be extended to that of the thick films.

4.2. Mechanical properties in comparison to pure Al

The mechanical properties of thick samples (both pure Al and
AlgsNijoCes) deposited onto Si (100) wafers were measured by nanoin-
dentation. Fig. 3 shows representative indentation morphologies
observed in the SEM, along with load-displacement data from 20
indentations performed on each of these samples. These experiments
were performed at an indentation strain rate of 0.1 s to a fixed depth
of 500 nm. The indented AlgsNi;oCes shown in Fig. 3a exhibits profuse
shear band formation both in the pileup region as well as beneath the
indenter. This behavior during indentation experiments, often
observed of amorphous metals, is rarely observed in crystalline mate-
rials. The presence of these shear bands in the indented AlgsNijoCes
will be discussed in great detail in Section 5.1. The hardness values of
the pure Al and the AlgsNi;oCes are 0.99 + 0.19 GPa and 4.67 +
0.24 GPa, respectively. These values were extracted from a depth of
100 nm to minimize any influence from the substrate. While residual
stresses can affect the mechanical properties measured during inden-
tation [72], these differences arise due to contact area discrepancies,
and disappear when the contact area is corrected. Using the final con-
tact area measured in the SEM (Fig. 3a), we estimate an error of less
than 0.5% between the hardness reported in Fig. 3c using the CSM
technique and the hardness calculated using the final load and contact
area measured in SEM. It is clear from Fig. 3b that the pure Al film is
quite rough, and the average grain size in the pure Al thick films is
likely larger than reported in Fig. 1. The surface roughness is consistent
with other observations of sputtered Al films, particularly those sput-
tered at high rates [33,68,71]. The large grain size is likely due to the
absence of any alloying elements or impurities which would serve to
pin the grain boundaries and preserve the small grain size during
deposition of the pure Al. For pure metals, the grain size is typically
dependent upon the thickness of the film, which explains the apparent
discrepancy [68]. This behavior is not observed in systems with alloy-
ing additions to stabilize the grain size, such as the AlgsNi;oCes (see
additional observations in Section 4.4).

4.3. Annealing effects on AlI-Ni—Ce

To study the effects of annealing on the nanocrystalline
AlgsNiqoCes, particularly the tendency for co-segregation of Ni and Ce
to grain boundaries and the subsequent mechanical behavior, both
the thick and thin samples were subjected to isochronal-isothermal
annealing at 200 °C, 325 °C, and 380 °C. Micrographs of the as-depos-
ited sample and those annealed at 200 °C and 325 °C (Fig. 4a—c) were
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Fig. 2. (a,b) Diffraction patterns taken from the thin AlgsNi;oCes and Al samples. (c,d) corresponding integrated azimuthal intensity.
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acquired using HAADF STEM imaging, whereas the sample annealed
to 380 °C (Fig. 4d) was imaged using conventional bright field TEM. It
is clear from the microstructural images in (Fig. 4a—c) that annealing
up to 325 °C induces strong chemical segregation with negligible
grain coarsening. This segregation behavior is consistent with the lit-
erature on amorphous Al-Ni—Ce alloys, where diffusion of Ni and Ce
away from FCC-Al nuclei precedes second phase precipitation
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[55,56]. At temperatures above 380 °C, intermetallic phases such as
Al3Ni and Aly;Ces [63] begin to precipitate out and the microstructure
coarsens rapidly to form the eutectic microstructure observed in
Fig. 4d.

Mechanical properties of the thick samples subjected to identical
annealing procedures were probed using nanoindentation. These
indentation experiments were performed at strain rates varying from
0.01 s to 1.00 s'. Indentation hardness and modulus values,
extracted from 100 nm depths for all samples and strain rates tested,
are presented in Fig. 5. We observe that at temperatures below
380 °C, there is an increase in both hardness (AH = 0.95 GPa) and
modulus (AE = 20 GPa). At 380 °C, the hardness begins to decrease,
concomitant with the microstructural coarsening observed in Fig. 4d.
Fig. 6 shows the hardness as a function of nominal indentation strain
rate, along with corresponding activation volume (v = 3\@%
and strain rate sensitivity exponent (m = f,'l%%; for each annealing
temperature. The m values and activation volumes were calculated as
described by Maier et al. [73]. Values for ultra-fine grained Al, nano-
crystalline Ni, and nanocrystalline 316L steel are included as a refer-
ence [74,75]. While inertial effects are quite important at high
indentation strain rates, we noticed an insignificant ( < 5%) change
when comparing either the activation volume or m values calculated
from only the slowest strain rates ( < 0.1 s!) to those calculated
over the entire range measured.

The microstructural evolution observed in Fig. 4 is consistent with
the change in hardness observed in Fig. 5 (as noted above), as well as
the strain rate sensitivity behavior in Fig. 6. Prior to the onset of
microstructural coarsening (i.e. at annealing temperature below
380 °C), we observe an increase in hardness of ~1 GPa along with
strong chemical segregation, a phenomena termed segregation hard-
ening [7,27,76]. The activation volumes in Fig. 6b of ~8 b3, prior
to the onset of coarsening, suggest that grain boundary mediated
deformation mechanisms are operative. While we do observe an
increase in the strain rate sensitivity exponent after the onset
of coarsening, the values of both m and v after coarsening are still in
the grain boundary mediated deformation regime (v =5-—50b3,
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line 316L are from Refs [74,75].
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m = 0.01-0.1). This is consistent with the microstructural evolution
presented in Fig. 4, as the microstructure retains a nanoscale eutectic
structure after precipitation. These values are also consistent with
reports of rapidly solidified or cast alloys with similar compositions
[58,59].

The microstructures in Fig. 4 suggest that a spatially extended
grain boundary region develops as a result of chemical segregation.
Using HAADF images acquired using identical camera settings (Fig. 4)
and applying identical image thresholding, the minimum distances
between neighboring grains was measured for at least 50 grains in
each annealing condition. Corresponding distributions of the widths
of the spatially extended grain boundary regions for samples
annealed at 200 °C and 325 °C are presented in Fig. 7. The widths of
the as-deposited sample were difficult to resolve given the uniform
contrast of the image, and were all quite thin (< 0.5 nm), so a vertical
dashed line at 0.5 nm is included as an upper bound for the widths of
the grain boundaries in the as-deposited condition. While the
detailed TEM procedures established by Dillon et al. [77] are neces-
sary for identifying specific types of grain boundary structures, estab-
lishing an appropriate diffraction condition for samples with many
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Fig. 7. Distribution of grain boundary widths measured from micrographs of the
200 °C and 325 °C annealed samples in Fig. 5. The vertical dashed line indicates the
maximum grain boundary width measured for the as-deposited condition. The inset is
a nano-beam diffraction pattern generated from the 325 °C sample, showing indica-
tions of a crystalline and amorphous structure.

grains through the thickness was not possible for these samples. Nev-
ertheless, the analysis presented in Fig. 7 indicates that both the
200 °C and 325 °C annealed samples have a mean grain boundary
width of 1.0 nm and standard deviation of 0.4 nm, suggesting a tran-
sition from an ordered grain boundary in the as-deposited condition
to an amorphous intergranular film after annealing. A nano-beam
electron diffraction pattern of the 325 °C annealed sample taken with
a 10 nm diameter probe size is included as an inset in Fig. 7 to better
elucidate the local structure [78]. The probe size utilized when col-
lecting this diffraction pattern is larger than the maximum grain size,
thus the diffraction pattern contains information both from the inter-
and intragranular regions. The diffraction pattern shown in Fig. 7
exhibits both prominent crystalline peaks and an amorphous halo
suggestive of the formation of an amorphous intergranular film after
annealing. This amorphous halo is unlikely to arise due to surface
oxides or carbonaceous layers, all of which manifest at smaller recipro-
cal space vectors and would thus be obscured by the beam-stop [79].
Surprisingly, these amorphous intergranular films are expected to be in
equilibrium at high temperature and require fast quenching to be pre-
served at room temperature [41]. It appears that in this system, either
due to spatial confinement or the good glass formability of the Ni and
Ce enriched zone, the critical cooling rates are lower in this alloy.

4.4. Indentation deformation microstructure

To better understand the hardening observed prior to coarsening,
particularly its effect on the deformation morphology, SEM micrographs
of representative indentations from samples annealed up to 325 °C are
presented in Fig. 8. The as-deposited AlgsNi;oCes exhibits profuse shear
localization both under the indenter and in the pileup region (Fig. 3a,
Fig. 8a). Fig. 8b shows the indentation morphology after annealing at
200 °C for 1 h, where the shear localization in the pileup region has
diminished quite substantially, but distinct semi-circular shear offsets
are still present. After annealing at 325 °C for 1 h (Fig. 8c), shear localiza-
tion in the pileup region is minimal and almost completely eliminated,
which occurs alongside increasing hardness (Fig. 5).

To fully characterize the transition in deformation morphology
observed in Fig. 8 due to annealing, including any induced grain
growth or rotation, TEM lamella were extracted from the as-depos-
ited and 200 °C annealed sample, as shown in the inset in Fig. 9a.
Fig. 9a shows a bright field (BF) TEM image of the representative
microstructure of the as-deposited film far away from the indent. The
development of a slight elongation of the grains in the growth direc-
tion of the film (up in Fig. 9a) is observed. Fig. 9b shows a BF TEM
image from under the indent of the as-deposited AlgsNi;gCes, show-
ing several regions of dark contrast emanating out from beneath the
indenter. These are regions where many grains have rotated into a
diffraction condition that would not be illuminated in BF imaging. No
obvious grain coarsening under the indent was observed in any of
these regions, in contrast to other reports [80].

Fig. 8. Indentation morphologies of AlgsNi;oCes samples in the (a) as-deposited, (b) 200 °C and (c) 325 °C annealed state.
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Fig. 9. BF TEM micrographs of TEM lamella extracted from near an indent in the (a),(b) as-deposited AlgsNi;oCes and (c),(d) the 200 °C annealed AlgsNi;oCes. (a) and (c) were
acquired far away from the indentation, whereas (b) and (d) are directly beneath the indent. The inset in (a) shows the geometry for extraction of the lamella, where the bright hori-

zontal region is the Pt layer deposited to minimize Ga+ damage during sample preparation in the FIB.

BF TEM images of the lamella extracted from underneath an
indent in the 200 °C annealed sample are shown in Fig. 9d. The unde-
formed microstructure of the 200 °C annealed sample (Fig. 9c) exhib-
its the same grain size and morphology (i.e. slight elongation in the
growth direction) as the undeformed, as-deposited film (Fig. 9a). The
deformed microstructure of the 200 °C annealed sample (Fig. 9d)
exhibits two faint dark regions underneath the indenter where
grains have rotated. However, the dark regions in the 200 °C
annealed sample (Fig. 9d) are oriented differently from those in
the as-deposited material (Fig. 9b). The regions in the 200 °C
annealed sample (Fig. 9d) are nearly perpendicular to those
observed in the as-deposited sample (Fig. 9b), which align normal
to the surface of the indent. This localized reorientation will be
discussed in detail in Section 5.3.

Diffraction patterns of these samples were taken from two regions
far away from the indent to characterize the texture in the unde-
formed sputtered films, and beneath the indent (Fig. 10). The selected
area is schematically represented in the insets in Fig. 10a and b. The
undeformed as-deposited and 200 °C annealed samples exhibit six
distinct spots originating from diffraction of {111} planes (Fig. 10a
and c¢). This texture corresponds to a predominant {111} texture in
the growth direction of the film, which is consistent with sputtering
fiber texture reported in the literature for other FCC metals [68]. We
observe little difference between the two undeformed microstruc-
tures, which is consistent with the thermal behavior of the thin sam-
ples (Fig. 4 a and b). However, there is a clear difference between the
diffraction patterns of the as-deposited and 200 °C deformed material
(Fig. 10b and d). Both the as-deposited (Fig. 10b) and 200 °C annealed
(Fig. 10d) diffraction patterns show clear grain rotation as a result of

the deformation induced by the indenter, yet the specifics of the rota-
tion clearly differ between the two samples. The 200 °C annealed dif-
fraction pattern (Fig. 10d) appears to have undergone a rigid rotation
— i.e. a majority of grains in the 200 °C annealed samples giving rise
to the diffraction pattern in Fig. 10c have rotated by a fixed amount.
Conversely, the as-deposited material (Fig. 10b) exhibits significant
streaking of the diffraction spots, indicating that many grains remain
in their initial orientation after deformation, while others rotate to a
similar degree (or more) than those in the 200 °C annealed material.
To further illustrate this rotation and streaking, the normalized inten-
sity of the {111} diffraction ring is plotted as a function of azimuthal
angle (¢) for each diffraction pattern in Fig. 11. The intensity of each
azimuthal projection was normalized using the maximum value for
ease of comparison. Using Gaussian peak fitting, we measure an aver-
age rotation of 7.75° for the as-deposited AlgsNi;oCes and 5.6° for the
annealed AlgsNi;oCes due to the indentation. Using the first and last
peaks in (Fig. 11, ¢ ~ 80°-90°,260°—270°), we measure an average
peak broadening due to the deformation imposed by indentation of
approximately 40° for the as-deposited sample, and negligible broad-
ening ( < 3°) for the annealed AlgsNi;oCes, suggesting both a larger
magnitude and broader distribution of grain rotation in the as-depos-
ited AlgsNi]oces.

Traditional DF images illuminating the regions where grain reori-
entation is most extreme are presented in Fig. 11. These images were
collected by placing the objective aperture over the {111} and {200}
diffraction rings near ¢ = 100°—140°, schematically shown in the
inset in Fig. 12a. The placement of the objective aperture was chosen
such that regions that had undergone the most grain rotation would
be illuminated. The azimuthal region between 100°-140° is ideal for
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Fig. 10. Diffraction patterns taken from different selected area regions in the FIB prepared samples. (a,b) were taken from the as-deposited sample: (a) was taken away from the
indent, (b) was taken from beneath the indent, schematically represented in the inset by the red circle. (c,d) were taken from the 200 °C sample: (c) away from the indent, (d)
beneath the indent. The black arrow is used to indicate the origin and positive direction for the azimuthal projections in Fig. 11. (For interpretation of the references to colour in this

figure legend, the reader is referred to the web version of this article.)

this analysis, as it does not include grains with the predominant
undeformed texture. This can be seen in Fig. 11, where this region is
between the two most prominent peaks for the intensities measured
away from the indent. Fig. 12 illustrates that the largest degree of
grain rotation is localized in small regions for both the as deposited
(Fig. 12a) and 200 °C annealed samples. These regions correspond to
the aforementioned dark regions in the bright field images (Figs. 9d,
b). However, aside from the surface that deforms quite severely due
to the contact with the indenter in both cases, the morphology of
these regions beneath the contact surface differs dramatically
between the two samples. Fig. 12a shows that the regions with the
largest grain rotation extend nearly perpendicularly from the sur-
face of the indent in the as-deposited material, whereas regions
in the annealed material that exhibit the greatest degree of rota-
tion (Fig. 12b) propagate vertically down from the surface of the
indent. The details of this behavior will be discussed in detail in
Section 5.2.

5. Discussion

Our results presented above indicate that the single-phase FCC
nanocrystalline AlgsNi;oCes prepared by sputter deposition exhibits a
7.6 nm average grain size, excellent mechanical properties (hardness
> 4.6 GPa) and good thermal stability (up to 0.7 T,,). Indentation
experiments suggest that the hardness increases after annealing up
to 325 °C while shear localization, as evinced by shear offsets in the
pileup region of indentation experiments, is suppressed due to the
formation of a Ni and Ce rich, amorphous grain boundary region. The

objective of this discussion is to identify the mechanistic origins of
this transition in deformation behavior.

5.1. Suppression of shear localization

The indent morphologies of the as-deposited AlgsNi;oCes samples
presented in Fig. 3a exhibit profuse shear band formation in the
pileup region, a feature often observed during indentation of amor-
phous metals [81,82]. Vaidyanathan et al. [82] modeled the stress
state around a Berkovich indentation using finite element simula-
tions. They demonstrated that the circular pattern between corners
of the Berkovich indenter corresponds to regions with the highest
von Mises stress, thus the regions where shear band initiation would
take place. This observation, in conjunction with existing macro-
scopic experiments on metallic glasses which demonstrate localized
elastic-perfectly-plastic or shear softening behavior [83], explains
why numerous shear offsets in such a circular pattern are often
observed during indentation of metallic glasses. Nanocrystalline met-
als have similarly poor strain-hardening behavior and localized plas-
ticity [84], but only rarely are such shear offsets observed. Several
researchers [11,50,80,85] observed shear localization in the pileup
region during indentation of nanocrystalline Ni-W with grain sizes
< 15 nm, concomitant with clear displacement bursts during loading,
suggesting that the shear offsets are due to the discrete nature of
plasticity in materials with such fine grain sizes.

Annealing the as-deposited AlgsNi;gCes samples below 380 °C,
prior to the onset of precipitation and coarsening, both increases the
hardness dramatically (Fig. 5) and suppresses obvious shear
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Fig. 11. Azimuthal projected intensities from the {111} diffraction ring from each of the FIB prepared samples. The intensities were normalized by their maximum and vertically off-
set for ease of interpretation. Vertical lines represent the peaks identified using a Gaussian peak fitting algorithm.

localization evident in the pileup region (Fig. 8, Section 4.3-4). This
observation is markedly different from the behavior of nanocrystal-
line metals reported in the literature. Rupert et al. [50] performed
annealing experiments on nanocrystalline Ni—-W and observed simi-
lar magnitude increases in hardness due to annealing, but that the
propensity for shear localization increased substantially. Additional
pillar compression experiments suggest that this behavior occurs
despite the activation of stress-assisted coarsening, which has been
suggested to enhance plastic flow of nanocrystalline metals
[41,42,64,80]. Several of these works [41,50] note that this increased
propensity for shear localization due to annealing is quite similar to
that of metallic glasses.

Processing routes can have a large impact on the shear localiza-
tion behavior of metallic glasses. Most notably, nearly complete sup-
pression of shear localization during indentation of metallic glasses
has been observed for glasses driven to more rejuvenated, or liquid-
like states [86—88]. Meng et al. [87] observed suppression of strong
shear localization during indentation of a Zr-based metallic glass sub-
jected to high pressure torsion (HPT). These authors report that the
HPT process drives the structure of the material to a softer, more
rejuvenated state, where there are many atomic sites where localized
atomic rearrangements can occur. The more homogeneous distribu-
tion of these sites where atomic rearrangements can more easily
occur manifests as a decrease in macroscopically observed shear
localization. These authors (and others [86]) observe that the
mechanical properties of the glass scale linearly with the degree of

stored enthalpy where a harder glass exhibits a smaller stored
enthalpy, implying a relaxed, lower energy state.

Annealing may relax non-equilibrium grain boundaries through
the elimination of grain-boundary defects, limiting preferential sites
where plasticity can initiate [41,50]. The argument follows that, simi-
lar to metallic glasses, nanocrystalline metals with a more uniform
distribution of non-equilibrium boundaries may lead to a more
homogeneous deformation morphology without obvious shear local-
ization. However, while nanocrystalline metals with such a uniform
distribution of non-equilibrium boundaries may deform more homo-
geneously, their deformation behavior is still undesirable. Such non-
equilibrium boundaries are much more susceptible to deform via
grain boundary sliding and atomic shuffling mechanisms, rather than
dislocation-mediated plasticity (even those that interact strongly
with grain boundaries). Grain boundary sliding and atomic shuffling
are triggered at much lower levels of stress — suggesting a similar
trade-off between strength and deformation morphology akin to that
observed in metallic glasses. While this relationship — i.e. a more
relaxed nanocrystalline metal is harder and is more prone to localiza-
tion — has been observed in all previous studies [36,50,53,80], it is
counter to what we observe in the nanocrystalline AlgsNi;oCes (see
Figs. 5 and 8). Brink and Albe [53] observed similar behavior to that
observed in Ni—-W alloys [41,50], where the degree of grain boundary
relaxation is critical for predicting catastrophic shear localization in
systems with a grain size < 10 nm. They also suggest that the maxi-
mum strength of a nanocrystalline metal occurs when the grain
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Fig. 12. DF TEM images from the (a) as-deposited and (b) 200 °C annealed sample. The
objective aperture placement is shown schematically in the inset in (a) by the cyan cir-
cle, covering the {111} and {200} diffraction rings, in the regions between the peaks
owing to the initial texture.

boundary state is well relaxed — the same condition where localiza-
tion is most prominent. Again, our results suggest the opposite
behavior: annealing the nanocrystalline AlgsNi;oCes samples at low
temperatures, presumably relaxing the material, not only induces
increases in hardness and modulus, but the propensity for localiza-
tion decreases, suggesting a fundamental difference between the
AlgsNi;oCes and materials investigated in previous studies.

5.2. Deformation mechanisms and texture

The strain rate sensitivity analysis presented in Fig. 6b, where no
significant change in activation volume is observed due to annealing,
allows us to conclude that grain boundary mediated deformation
mechanisms are responsible for accommodating deformation in

these alloys irrespective of the extent of chemical segregation. This is
unsurprising given the microstructures presented in Fig. 4, which all
exhibit a truly nanocrystalline microstructure despite annealing up
to 0.7 T,,. There are numerous grain-boundary mediated deformation
mechanisms operative in nanocrystalline metals, encompassing
behavior ranging from atomic shuffling at grain boundaries [89], to
grain rotation [5], sliding [13] and the slip of (partial) dislocations as
they traverse grain interiors [90]. While many of these mechanisms
are potentially deleterious due to their tendency for localization [12],
many of the more exotic deformation mechanisms, such as sliding
and rotation, can be suppressed through grain boundary relaxation
and chemical segregation to grain boundaries, favoring predomi-
nantly dislocation-mediated plasticity [71,91—-94]. Such a mechanis-
tic transition is unlikely to manifest in strain rate sensitivity
measurements, as these mechanisms are all expected to exhibit acti-
vation volumes in the range of 3—10b3 [73,95], which are difficult to
isolate given the uncertainty of our measurements. However, subtle
differences in deformation behavior are evident through textural
analysis.

Detailed work from Lohmiller et al. [96] investigating the defor-
mation of nanocrystalline Pd through in-situ synchrotron x-ray dif-
fraction experiments concluded that grain boundary mediated
deformation mechanisms, such as atomic shuffling and grain bound-
ary shear and slip, do not cause the formation of a particular crystal-
lographic texture. This is in contrast to dislocation-mediated
mechanisms, which cause the formation of various crystallographic
textures in both coarse grained FCC materials [97] and in highly seg-
regated nanocrystalline metals [80,93]. Texture evolution in nano-
crystalline metals has been broadly discussed by Weissmiiller and
Markmann [98] and others [99,100], who suggest that deformation
accommodated by grain boundary mediated rotation and sliding may
randomize pre-existing texture, whereas deformation accommo-
dated by dislocation-mediated plasticity would favor crystallographic
orientations where slip is easiest.

The diffraction patterns presented in Figs. 10 and 11, as well as the
DF images in Fig. 12, suggest that the transition in deformation mor-
phology observed in the AlgsNioCes with annealing is due to a sup-
pression of localized grain rotation and more homogenous
dislocation-based plasticity. As mentioned in Section 4.4, when com-
paring Fig. 10c to Fig. 10d, it is evident that the majority of the grains
in the annealed sample have undergone a rather uniform rotation of
5.6°, accommodating the imposed deformation without randomizing
the texture. In the as-deposited condition (Figs. 10a and b), there is
both significant grain rotation and randomization of the texture due
to deformation. The initial texture formed during deposition favors
{111} planes oriented with their normal along the growth direction,
so the re-orientation of these grains to accommodate slip on {111} (1
10) directions is necessary for dislocation plasticity to participate in
the deformation. The texture observed in the deformed material
exhibits the same symmetry as the undeformed material with a 5.6°
rotation. This is indicative of dislocation-mediated deformation
[93,96,98-100] in the annealed AlgsNijgCes, suggesting there is a
mechanistic difference between the deformation of the as-deposited
and annealed samples.

5.3. Evolution of deformation microstructure

The DF TEM images Fig. 12 highlight the differences due to
annealing in the location of grains which undergo significant plastic-
ity during indentation. While there is a great deal of plastic deforma-
tion at the surface in contact with the indenter, we focus our
attention on the deformation occurring beneath the contact surface
where we can more directly compare our observations to existing
models of Berkovich indentation. Finite element modeling of Berko-
vich indentation has shown that during elastic loading, isostress con-
tours of the resolved shear stress are oriented roughly normal to the
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surface of the indent [101]. The DF image presented in Fig. 12a of the
as-deposited material beneath the indent shows obvious grain rota-
tion and localization in regions emanating in similar orientations (i.e.
normal from the indent surface), suggesting that grains within these
regions have rotated after reaching a critical flow stress. The corre-
sponding diffraction pattern in Fig. 10b (and corresponding section of
Fig. 11) exhibits delocalization and streaking of the peaks in the
{111} diffraction ring. Due to the placement of the objective aperture
(see inset in Fig. 12a), the grains that have given rise to the intensity
in the image are those that have undergone the most significant rota-
tion, specifically those responsible for the streaking of the secondary
peak in Fig. 11 (¢ = 150°-180"). Furthermore, according to the
modeling work of Min et al. [102] the regions that exhibit severe
grain rotation in the as-deposited AlgsNijoCes extend past contours
of appreciable plastic strain predicted by the model. The excellent
agreement of the spatial pattern of grain rotation with isostress con-
tours [101], rather than plastic strain contours [102], suggests that
the deformation in the as-deposited AlgsNijgCes is primarily facili-
tated by grain boundary mediated deformation mechanisms such as
atomic shuffling, grain rotation, and sliding, rather than dislocation-
mediated deformation, ultimately leading to softening and strain
localization after initiation at a critical stress.

Iso-contours of accumulated plastic strain from finite element
modeling [102] agree quite well with the illuminated regions in the
annealed AlgsNijoCes (Fig. 12b). In the annealed AlgsNi;gCes, grain
rotation is most prominent in regions with the largest accumulated
plastic strain, further suggesting that the annealed sample exhibits
predominantly dislocation based plasticity. This preference for dislo-
cation based plasticity over non-dislocation based grain boundary
mediated deformation mechanisms gives rise to the transition in
deformation morphology from strong localization in the as-deposited
state to homogeneous deformation in the annealed condition. How-
ever, a key question remains: why does the segregation of Ni and Ce
to grain boundaries and the formation of an amorphous intergranular
region induce a transition from grain boundary-mediated to disloca-
tion-mediated deformation and suppress shear localization?

5.4. Enhanced mechanical properties of nanocrystalline Al-Ni—Ce

To better understand the role of the Ni and Ce rich grain bound-
ary, we turn our focus to the mechanical properties of the AlgsNi;oCes
samples which exhibit ultrahigh hardness. The mechanical behavior
of rapidly solidified amorphous Al-Ni-Ce alloys with similar composi-
tions reported by Inoue et al. [55,57] exhibit hardness values ranging
from 2.6 to 4.7 GPa subject to various annealing procedures. The
materials explored in that study with highest hardness are generally
brittle and contain a large density of both crystalline Al and interme-
tallic phases [55]. The mechanical behavior of other binary nanocrys-
talline Al based alloys have been reported in the literature, but
hardness measurements exceeding 2 GPa are mainly observed in
alloys with two-phase microstructures with a large density of brittle
intermetallic compounds [103]. Recently, nanocrystalline Al-Mg
alloys have been prepared using mechanical alloying that exhibit
hardness values exceeding 4.5 GPa after annealing due to strong
grain boundary segregation [94]. Thus, the high hardness of the as
deposited AlgsNi;oCes of 4.67 & 0.24 GPa is quite remarkable, and the
exceptionally high hardness of 5.62 + 0.41 GPa in the 325 °C annealed
condition stands apart from other Al alloys (Fig. 4).

A traditional Hall-Petch [104,105] analysis is insufficient for pre-
dicting the mechanical behavior of the as-deposited Algs Ni;oCes due
to the small grain size and complex chemical environment at the
grain boundaries. Utilizing Hall-Petch coefficients from [106], the
grain size reported in Fig. 1, a Tabor factor of 3 [107], and even includ-
ing a term for solid solution strengthening [108], we calculate an
expected hardness of 1.55 GPa, significantly lower than what is mea-
sured. Thus, the remainder of the hardening must be linked to the

role of grain boundary chemistry in mediating dislocations nucle-
ation and propagation.

The change in mechanical response due to the formation of a Ni
and Ce rich amorphous intergranular film formed during annealing
can be reconciled by the elastic contrast between the grain interior
and the grain boundary. From the existing studies of Al-Ni—Ce amor-
phous alloys [56], along with the HAADF images in Fig. 4, it is clear
that annealing drives strong chemical segregation of Ni and Ce to the
grain boundaries. This is expected to energetically relax the grain
boundaries as well as mechanically stiffen them, making them less
prone to sliding or localized atomic shuffling [8,91,92]. Simulations of
grain boundaries in nominally pure systems have demonstrated that
grain boundaries themselves exhibit lower moduli than their crystal-
line counterparts [109,110]. The small increase in modulus in Fig. 5 at
temperatures below 0.7 T,, is indicative of such a segregation/relaxa-
tion induced stiffening of the grain boundaries. Furthermore, grain
boundary stiffness has been shown to substantially affect the behav-
ior of intragranular dislocations [111]. Fundamentally, this can be
understood from an image force perspective, where an elastically
stiff, Ni and Ce rich extended grain boundary would exert a repulsive
force on any intragranular dislocations, in addition to providing
strong dislocation pinning.

In order to understand the enhancement in mechanical properties
due to the formation and evolution of the spatially extended, amor-
phous grain boundary (Fig. 13a), we propose the following model,
shown schematically in Fig. 13b. Using the grain boundary widths
measured in Fig. 7 and assuming cuboidal grains with an average
grain size of that presented in Fig. 1, we estimate a volume fraction of
grain boundary content in the samples of approximately 36%. Using
this volume fraction, in combination with the moduli measured
experimentally using indentation (Fig. 5), we can estimate the modu-
lus evolution of the grain boundary region. Assuming that the modu-
lus is partitioned such that that the grain interiors upon annealing
are pure Al with a Young’s modulus of 69 GPa [112], and can be
described using a Voigt-type rule of mixtures [113], we estimate
grain boundary moduli of approximately 200 GPa for the annealed
samples. This estimated modulus is high due to the extremely low
modulus of the grain interiors, but is quite similar to that of pure Ni
[114], thus we view this as an upper bound for the stiffness of the
grain boundary. Using the image force analysis of Ovegolu et al.
[115], we can calculate the force on a screw dislocation within the Al
grain as a function of distance from the neighboring Ni—Ce rich grain
boundaries (shown schematically with an edge dislocation in
Fig. 13b). This model suggests that there is an equilibrium distance of
a dislocation several burgers vectors from the adjacent Ni/Ce layers
(3.4 b for the 200 °C sample and 3.9 b for the 325 °C sample), and a
rapidly increasing repulsive force for a dislocation closer to the adja-
cent layers. The image force construction breaks down when the dis-
tance of the screw dislocation to the interface is very small.
Therefore, to estimate the maximum repulsive force on the disloca-
tion, we choose a distance of 1.5 b away from the interface to calcu-
late the maximum resistance for dislocation propagation. The
repulsive force on a dislocation at a distance of 1.5 b from the inter-
face, normalized by the image force f = %, where  is the shear
modulus, D is the average grain size, and b is the burgers vector, is
1.99 in the 200 °C sample and 2.43 for the 325 °C sample. The corre-
sponding far field stress required to overcome this barrier is 296 MPa
and 362 MPa for the 200 °C and 362 MPa annealed samples, respec-
tively. Incorporating this increased resistance to dislocation motion
due to the spatially extended, stiffer grain boundary region, we pre-
dict that the increase in hardness is AH=3« Ao, of 888 MPa for
200 °C or 1.08 GPa for 325 °C. The measured changes in hardness for
these samples compared to the as-deposited material are 820 MPa
(200 °C) and 950 MPa (325 °C), which are in excellent agreement
with the model prediction. Schematically, the effects of the amor-
phous intergranular film are shown in Fig. 13c, where a dislocation
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Fig. 13. Schematic demonstrating (a) the formation of a Ni and Ce rich amorphous grain boundary during annealing, (b) the model proposed in Section 5.4 with a dislocation
embedded in an Al grain of length D and distance X from the grain boundary, and (c) the ability of the annealed AlgsNi;oCes to accommodate dislocations at the amorphous grain

boundaries without transmitting or nucleating new dislocations in neighboring grains.

traversing the grain must overcome the barrier for nucleation (t,), the
barrier due to pinning forces at the grain boundary (i), as well as the
image forces from the stiff grain boundary region (7g) in order to
move under the applied stress (7).

The image force analysis above suggests that the formation of a
stiff, amorphous intergranular film, in contrast with a compliant grain
interior rationalizes the enhanced hardness of the annealed
AlgsNiqoCes. Additional implications on the mechanical response due
to the presence of an amorphous intergranular film include the sup-
pression of shear localization. Pan and Rupert [44] simulated disloca-
tion-grain-boundary interactions in Cu—Zr with amorphous grain
boundaries, and observed that the presence of an amorphous grain
boundary enables the absorption of several dislocations prior to fail-
ure. The simulations also indicate that the von Mises stress in neigh-
boring grains is nearly unaffected by the absorption of dislocations at
the amorphous grain boundary, whereas the absorption of a disloca-
tion at an atomically sharp grain boundary leads to high stresses and
crack formation. Given this behavior in simulations, the formation of
a Ni—Ce rich amorphous intergranular film may be responsible for
the suppression of long-range localization. In conjunction with the
suppression of grain-boundary mediated mechanisms in favor of dis-
location-mediated plasticity, the tendency for a grain boundary to
absorb several dislocations prior to initiating plasticity in neighboring
grains would prevent the formation of a percolating path necessary
for localization. Pan and Rupert [44] demonstrated that for a 1 nm
thick amorphous grain boundary, at least two dislocations can be
accommodated prior to crack formation. Given the large shear strain
induced by a single dislocation traversing a 7.6 nm grain (b/D ~ 4.63%
[96]) for the AlgsNiqjoCes, it is possible for the amorphous grain
boundaries present in the annealed AlgsNi;gCes to accommodate the
deformation without affecting neighboring grains. Furthermore,
despite the thickness of the amorphous grain boundaries present in
the AlgsNijoCes remaining relatively constant due to annealing above

200 °C (Fig. 7), the segregation-driven increase in stiffness of the grain
boundary likely provides additional screening of dislocations that
impinge on the grain boundaries [111]. Such screening would further
inhibit long range localization, promoting both high strength and
homogeneous plastic flow. Thus, the role of such a stiff Ni—Ce rich
amorphous intergranular film serves three primary purposes: (1) to
impede the intragranular motion of a dislocation providing increased
strength, (2) to serve as a strong obstacle for intergranular dislocation
transmission, and (3) to provide additional accommodation of
impinging dislocations at the grain boundary, all of which assist in
mitigating the propensity for localization.

6. Conclusions

In this work we have investigated the mechanical behavior of a
FCC nanocrystalline Al-Ni—Ce alloy prepared by sputter deposition
followed by systematic annealing to drive segregation to grain
boundaries. The detailed indentation analysis and electron micros-
copy investigations of the deformed material allow us to draw the
following conclusions:

¢ The AlgsNi;oCes sample exhibits many desirable properties, such
as a very small grain size (7.6 nm), high hardness (exceeding
4.6 GPa) and thermal stability (up to 0.7 T,).

¢ Investigations of the indentation morphologies indicate that
shear localization, as evinced by shear offsets in the pileup region
of indentation experiments, is prominent in the as-deposited
state and suppressed due to low temperature annealing.

e TEM analysis of the as deposited and 200 °C annealed material
indicate that the degree of grain rotation, as well as the spatial dis-
tribution of regions that have undergone significant plasticity, are
different, despite identical loading conditions during indentation.
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e This transition in grain rotation behavior and suppression of
obvious shear localization coincides with the formation of amor-
phous content in the material, likely in the form of an amorphous
intergranular film.

¢ Image force analysis indicates that the presence of such a stiff
intergranular film in contrast with a compliant grain interior is
responsible for the increases in strength observed during low
temperature annealing, as well as preventing long range localiza-
tion by promoting uniform dislocation-based plasticity over
grain-boundary mediated deformation processes.

This work suggests that the relationship between mechanical
behavior, including strength, propensity for shear localization, and
deformation morphology in nanocrystalline alloys may be more com-
plex than the literature would suggest. Specifically, understanding
the intricacies of grain boundaries are crucial for predicting the
behavior of interface-dominated materials such as nanocrystalline
metals. The specific alloy studied here exhibits attractive properties
that are worthy of future detailed study, and alloying strategies pre-
sented in this work may enable the design of nanocrystalline metals
with greater functionality than current alloys.
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