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a b s t r a c t

A new medium-entropy superalloy was produced based on the compositions of equiatomic CrCoNi and
Ni-base superalloy Inconel 740H. Initial alloy design was performed using Thermo-Calc. The aging
response and microstructural stability were assessed following heat treatment at temperatures between
600 and 900 �C and durations up to 100 h. Aging from a fully recrystallized state resulted in negligible
grain growth and produced g’ and s phases. The same phases were present after aging from a cold-rolled
state, but partially recrystallized microstructures resulted in multi-modal size distributions and het-
erogeneous spatial arrangements. Room temperature hardness measurements were used to correlate
aging conditions with quantitative precipitate measurements and mechanical properties.

© 2019 Elsevier B.V. All rights reserved.
1. Introduction

Medium- and high-entropy alloys (MEAs/HEAs) have recently
demonstrated excellent low-temperature mechanical properties,
making them attractive candidates for structural applications at
cryogenic and room temperatures [1e6]. The driving concept
behind these diverse compositions is the use of multiple principal
elements, which nominally increase the configurational entropy of
structurally simple solid solution phases and stabilize them at the
expense of complex, brittle intermetallic phases. Although the
concept of entropic stabilization has been convincingly challenged
[6e8], many new alloy compositions have been explored and
several other potential benefits of highly alloyed, multi-principal
element (MPE) alloys remain compelling.

One early hypothesis for high-entropy alloys was the existence
of a “sluggish diffusion” effect, which posits that vacancy formation
andmigration kinetics in multi-principal element alloys are slowed
due to local variations in lattice potential energy (induced by the
presence of different types of atoms on every lattice site) [9,10]. This
copy and Analysis, The Ohio
has important consequences for alloy behavior at elevated tem-
peratures, since deleterious effects like particle coarsening [11] and
creep deformation [12] are usually rate-limited by diffusion. Most
work at elevated temperatures has focused on refractory high-
entropy alloys with body-centered cubic (bcc) structures [13e16],
although there have recently been several studies involving face-
centered cubic (fcc) alloys [17,18], including measurements of
diffusion rates [10] and creep deformation [19] in the ubiquitous
CrFeMnCoNi system. Although CrFeMnCoNi demonstrated lower
creep rates and higher activation energies than some common
high-temperature ferritic/martensitic steels, it also exhibits phase
decomposition after prolonged exposure to elevated temperatures
[20,21], even in the absence of prior deformation [22]. It is therefore
unclear whether these alloys might be suitable for applications at
such temperatures.

Load-bearing applications at temperatures from approximately
650 �Ce900 �C typically utilize polycrystalline Ni-base superalloys
[23e26]. At lower temperatures in that range, solid solution alloys
can be used (although these may benefit from low volume fractions
of grain boundary carbides, e.g, Refs. [27,28]), while temperatures
above approximately 700 �C require substantial additional
strengthening via precipitation of the ordered Ni3(Al,Ti) g’ phase
[29e31]. Modern Ni-base superalloys often contain large quantities
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of Cr and Co for corrosion resistance and solid solution strength-
ening of the matrix phase, respectively [26]. Alloys comprising high
concentrations of the elements Ni, Cr, and Co are also abundant in
the MEA and HEA literature; for example, equiatomic CrMnFeCoNi
[32e35] and CrCoNi [36e40] alloys have been extensively studied.

Given the compositional similarities described above, it is
interesting and useful to assess the microstructure and high-
temperature stability of an alloy resulting from the union of MPE
and Ni-base superalloy concepts. One major question is whether
these fcc alloys can sustain stable microstructures (i.e. resist for-
mation of deleterious phases) at elevated temperatures despite
substantial alloying additions. This has previously presented a
significant obstacle in the development of more conventional su-
peralloys like Inconel 740 (a precursor to the current alloy Inconel
740H), even though it contains less Cr and Co and is therefore less
highly alloyed than a typical MPE composition [41,42]. A second
critical question is whether commonly employed thermodynamic
calculation software packages like Thermo-Calc can generate useful
predictions for these systems, which will be critical for expediting
future development and refinement of new highly alloyed
compositions.

In the present work, a new medium-entropy, multi-principal
element alloy was designed using Thermo-Calc and aged under
different conditions to assess the evolution of important parame-
ters such as grain size and g’ precipitate size and volume fraction.
Identical aging treatments were also performed on heavily cold-
rolled material to evaluate the propensity for recrystallization or
phase decomposition in the presence of deformation. The results
were compared to equilibrium calculations and non-equilibrium,
isothermal aging simulations in Thermo-Calc.

2. Materials and methods

2.1. Thermo-Calc simulations

Thermodynamic simulations for alloy design were performed
using Thermo-Calc Software (version 2018b.27179) with all default
phases in the Ni-based superalloys package (TCNI8, MOBNI4). After
a target alloy composition (Table 1) was chosen for fabrication and
testing, as described in the Results section, simulations were per-
formed againwith the analyzed composition of the final alloy given
in Table 1.

For TC-PRISMA simulations, which incorporate kinetic consid-
erations, isothermal calculations were performed to simulate up to
100 h of aging at 700 �C, 800 �C, and 900 �C. The disordered g
matrix phase was defined as FCC_L12 and possible precipitate
phases were defined as FCC_L12#2 (bulk nucleation), FCC_L12#3
(bulk nucleation), M23C6 (grain boundary nucleation), and s-
phase (grain boundary nucleation). FCC_L12#2 and FCC_L12#3 can
be either the ordered g’ phase or disordered MC-type carbides and
were distinguished based on site occupancy (where equal site oc-
cupancy indicates a disordered phase) and chemical composition.
Interfacial energies for all precipitate phases were calculated by TC-
PRISMA and molar volumes were automatically extracted from the
Thermo-Calc database. The Thermo-Calc simplified growth rate
model was used assuming a spherical morphology.
Table 1
Composition of alloy V1.

Ni Cr Co Al Ti Nb C

Target Composition (at%) 31.0 30.6 31.1 4.1 2.3 0.9 -
Analyzed Composition (at%) 30.8 30.6 31.3 4.1 2.3 0.9 0.05
Analyzed Composition (wt%) 32.6 28.7 33.3 2.0 2.0 1.5 0.0001

Note: totals are not always 100% because of rounding errors.
2.2. Material

Processing steps for the alloy are summarized in Fig. 1. The alloy
was produced by arc melting constituent elements in a water-
cooled copper hearth under Ar atmosphere. The purities of the
added elements were 99.99% (Cr and Al), 99.9% (Ni), and 99.6% (Nb).
The added Ti was commercial purity grade with O less than
590 ppm and C less than 110 ppm. As shown in Table 1, 0.05 at% C
was picked up as an impurity during the melting process, most
likely from the other raw materials.

During arc melting, ingots were flipped and re-melted five times
before being drop-cast into a copper mold. The as-cast ingots were
homogenized and solutionized for 24 h at 1473 K (1200 �C) and
water-quenched to avoid precipitation of gamma prime or other
phases during cooling. Ingots were then cold-rolled ~70% to a final
thickness of 6mm. Following rolling, plates with approximate di-
mensions 7.5mm long x 6mmwide x 6mm thickwere cut from the
ingots by electrical discharge machining with the long direction
parallel to the rolling axis. Some specimens were then subjected to
an additional recrystallizing/solutionizing heat treatment of 10min
at 1323 K (1050 �C) followed by a water quench, which produced
fully recrystallized microstructures. Both sets of samples (as-rolled
and fully recrystallized) therefore started as solutionized material
nominally free of gamma prime precipitates. Both conditions were
subsequently given identical aging treatments at temperatures
between 600 and 900 �C for 1e100 h.

2.3. Microstructure characterization

Pre- and post-deformation specimens were prepared for study
in the SEM using a parallel polisher and 400-, 600-, 800-, and 1200-
grit SiC papers. A final chemo-mechanical polish was performed
using 50 nm colloidal silica.

Specimens were examined using a Thermofisher/FEI Apreo
scanning electron microscope (SEM). Electron backscatter diffrac-
tion (EBSD) orientation mapping was performed using an EDAX
Hikari Super EBSD camera in conjunctionwith acquisition software
EDAX TSL DC7 and analysis software EDAX TSL OIM 8 [43]. Scans
were acquired using an accelerating voltage of 20 kV and a beam
current of 6.4 nA at a working distance of 20mm. Local alloy
chemistry was measured using semi-quantitative X-ray energy
dispersive spectroscopy (EDS).

X-ray diffractionwas performed using a Rigaku SmartLabwith a
Ge (220)�4 4-bounce diffracted beam monochromator and Cu Ka
radiation (l¼ 0.154 nm). Scans were performed over a 2q angular
range of 20e100� with a step size of 0.01� and scan speed 0.1�

min�1.

2.4. Mechanical characterization

Following heat treatment, specimens for hardness testing were
mechanically polished using 400-, 600-, 800-, and 1200-grit SiC
paper. Hardness measurements were made on a Leco LM-100AT
microhardness tester with a loading force of 100 g and dwell time
of 25 s. For each specimen, two arrays of 6� 6 indents weremade at
separate locations on the specimen for a total of 72 measurements
per condition. The spacing between indents was 100 mm and the
typical size of each indent on the surface was on the order of 20 mm.

3. Results

3.1. Alloy design and Thermo-Calc simulations

The primary objective in designing the alloy for this workwas to
combine the potential benefits of equiatomic alloys from the HEA/



Fig. 1. Processing steps used in this work. The aging response was examined in the as-rolled and fully recrystallized conditions.
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MPE literature with the high-temperature capabilities of conven-
tional superalloys. Equiatomic CrCoNi was chosen as one basis due
to its inherent similarity to many superalloy compositions, in
addition to its outstanding capacity for work hardening and
excellent room-temperature tensile strength. Superalloy Inconel
740H was selected as a second basis due to its high Cr and Co
content, and previous reports showing similar room-temperature
behavior between that alloy [44] and equiatomic CrCoNi [40]. The
basic principle therefore involved increasing the Cr and Co content
in alloy 740H to approach equiatomic proportions.

One important considerationwas that the new alloy, henceforth
referred to as V1, should be capable of forming a single-phase solid
solution after an appropriate heat treatment above the g0 solvus
temperature, and maintain that state after rapid quenching. This
produces a much softer, precipitate-free microstructure that can be
rolled in a condition closely matching equiatomic CrCoNi to pro-
duce similar deformation structures. Fig. 2a shows Thermo-Calc
simulations for the equilibrium composition of the disordered g
matrix phase across a range of temperatures. Above approximately
1008 �C (the predicted g’ solvus temperature), the equilibrium
matrix is predicted to contain equal proportions of Ni, Cr, and Co
with additional Al, Ti, and Nb in solution. In the presence of carbon,
some of the Ti and Nb also form MC-type carbides. If properly
quenched, this solid-solution microstructure (with incidental car-
bides) will be preserved at room temperature.

Fig. 2b shows predictions for the equilibrium mole fractions of
different phases across a range of temperatures. Of particular note
are the ordered g’ phase (dark blue) and s phase (gray) beginning at
1008 �C and 970 �C, respectively. The predicted amount of s phase
is very large as a result of the high Cr content, and actually exceeds
that of the g matrix phase below 570 �C. Equilibrium phases that
are predicted to develop at lower temperatures are unlikely to be
Fig. 2. Equilibrium Thermo-Calc simulations showing, as a function of temperature, (a) the
observed due to kinetic limitations; however, it is interesting to
note that a hexagonal close-packed (hcp) structure (purple) is
predicted as the dominant stable phase at cryogenic temperatures.
Equiatomic CrCoNi readily undergoes nanoscale fcc to hcp trans-
formations during cryogenic deformation [38] and it has been
suggested that the hcp phase is actually more thermodynamically
stable in that temperature regime [39].

Fig. 3 shows simulated isothermal aging curves up to 100 h at
800 �C and 900 �C. These simulations, performed with the precip-
itation module (TC-PRISMA) in Thermo-Calc, are non-equilibrium
calculations incorporating kinetic considerations. Fig. 3a shows
evolution of the volume fractions of g0, s, and MC carbide phases.
The carbide fraction remains small at both temperatures due to low
carbon levels in the alloy. For both g0 and s phase, predicted volume
fractions were higher at 800 �C (~0.24 and 0.22, respectively) than
at 900 �C (~0.16 and< 0.01, respectively). Fig. 3b shows predicted
coarsening behavior for the g’ phase, which is plotted as the cube of
the precipitate radius against time in accordance with the well-
known LSW theory of Ostwald ripening by Lifshitz and Slyozov
[45] and Wagner [46]. As expected, higher coarsening rates were
predicted at 900 �C than 800 �C with precipitate diameters of
65 nm and 27 nm, respectively, after aging for 1 h. Precipitates were
predicted to coarsen to diameters of 313 nm and 126 nm after aging
for 100 h.
3.2. Microstructure of solutionized/fully recrystallized material

The microstructure after rolling, recrystallizing/solutionizing,
and quenching, is shown in Fig. 4. As measured via linear intercept
method, the average grain size in the solutionized and quenched
material was 59± 3 mm (standard error). Fig. 4a shows an inverse
pole figure map of the alloy with color corresponding to the surface
composition of the g matrix phase, and (b) mole fractions of the equilibrium phases.



Fig. 3. Simulated evolution of phases during isothermal aging at 800 �C (blue) and 900 �C (red) up to 100 h. (For interpretation of the references to color in this figure legend, the
reader is referred to the Web version of this article.)

Fig. 4. Fully recrystallized microstructure following solutionizing and quenching. (a) Inverse pole figure map showing equiaxed grains with a large number of annealing twins; (b)
enlarged view of the microstructure with (Ti,Nb) carbides visible as small, dark particles (examples indicated by black arrows); (c) CTEM selected area diffraction pattern showing
peaks corresponding to the g matrix, and no peaks corresponding to the ordered g0 phase.
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normal orientation. As in equiatomic CrCoNi and alloy 740H, V1
contained abundant annealing twins (approximately 40% of the
total high angle grain boundary length present in Fig. 4a). There
was no indication of strong texture and intragranular mis-
orientations were small, indicating full recrystallization. Fig. 4b
shows a higher magnification backscattered electron (BSE) image
with equiaxed grains. EDS (not shown) indicated that small, dark
particles visible in Fig. 4b had compositions consistent with MC-
type carbides enriched in Ti and Nb. No other phases were
observed at SEM length scales, including g’. The absence of g0 and
other finer precipitates was also confirmed via TEM. Fig. 4c shows
an <001> zone axis conventional transmission electronmicroscope
image of the as-quenched microstructure with an inset selected
area diffraction pattern, confirming the lack of g’ reflections.

X-ray diffraction (XRD) results for the fully recrystallized and
solutionized condition are shown in Fig. 5a (red curve) with peaks
corresponding to a single-phase g matrix with a face-centered
cubic (fcc) structure. The data were fit with a split-Voight func-
tion and refined to estimate a lattice parameter a¼ 3.59 Å. As ex-
pected, no additional peaks were observed for the g’ or s phases,
nor for the previously observed carbide phase due to its small
volume fraction. Weak texture was indicated by the higher inte-
grated intensity of the 200fcc reflection compared to the 111fcc
reflection. However, due to the large grain size (~60 mm), this may
be a product of sampling a relatively small number of grains.

3.3. Aging results e fully recrystallized material

Grain structures for several aging conditions are shown in Fig. 6.
The left column, Fig. 6aee, corresponds to aging from the fully
recrystallized starting condition previously shown in Fig. 4. Like the
solutionized and quenched material, these had relatively equiaxed
grains and did not exhibit significant grain growth. Both the 700 �C/
1 h and 800 �C/1 h conditions had an average grain size of 59± 2 mm
(essentially identical to the solutionized and quenched specimen),
and the 900 �C/1 h condition exhibited very modest growth to an
average of 63 ± 2 mm. After longer aging times at 800 �C/100 h and
900 �C/100 h, the apparent grain size slightly decreased to
54± 1 mm due to precipitation and growth of additional phases
along grain boundaries. These results indicate that no significant
grain growth occurs up to at least 900 �C.

XRD results for the 800 �C/100 h condition are shown in Fig. 5a
(blue curve) and exhibited low-intensity reflections corresponding
to the precipitation of both g0 and s phase. The data were fit with a
split-Voight function and refined to determine lattice parameters of
a¼ 3.58 Å for the gmatrix and a¼ 3.60 Å for the g’ precipitates. The



Fig. 5. XRD results from the fully recrystallized and solutionized condition (red); the fully recrystallized, solutionized and aged condition (blue); and the rolled and aged condition
(black). (a) Full scan range from 40 to 100� showing reflections for the predominant face-centered cubic structure; (b) inset emphasizing s phase reflections in the range 40e53�; (c)
inset showing splitting of the g and g0 peaks after aging 800 �C/100 h from the rolled condition. (For interpretation of the references to color in this figure legend, the reader is
referred to the Web version of this article.)
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tetragonal s phase had lattice constants a¼ 8.78 Å, c¼ 4.56 Å.
Similar results were also observed for the 900 �C/100 h condition
(not shown).

The SEM images of Fig. 7 show the size and distribution of g0

precipitates following etching, which selectively attacks the g0

phase to facilitate quantification. The left column, Fig. 7aee, cor-
responds to aging from the fully recrystallized starting condition
previously shown in Fig. 4. Isochronal annealing produced a range
of g0 sizes spanning from less than 10 nm (700 �C/1 h) to 39 nm
(900 �C/1 h). Longer aging treatments resulted in coarsening or
Ostwald ripening of the g’.

Comparison of simulated Thermo-Calc results to the experi-
mental measurements demonstrates close agreement for the area/
volume fraction measurements; for example, non-equilibrium
Thermo-Calc aging simulations predicted a volume fraction of
0.16 g’ after aging at 900 �C/1 h, compared to an experimental area
fraction of 0.16± 0.006. Predictions for size were less accurate; at
the same aging condition, the predicted diameter was 65 nm,
compared to an observed average diameter of 39± 0.8 nm. Coars-
ening rates were dramatically over-predicted at longer aging times,
with Thermo-Calc predicting a diameter of 313 nm compared to the
observed 138 nm after aging at 900 �C/100 h. The results for aging
at 800 �C were similar, with good agreement on area/volume
fractions but substantial over-prediction of size.

Precipitation of s-phase was observed along high-angle grain
boundaries, along with directional coarsening of g’ precipitates.
Fig. 8 shows higher magnification backscattered electron images
highlighting behavior near grain boundaries. Although XRD results
from the 800 �C/1 h and 900 �C/1 h conditions exhibit very low-
intensity peaks corresponding to the s-phase (not shown), it is
not visible along grain boundaries at such short aging times (Fig. 8a
and b). However, precipitation of s-phase as discrete particles is
clear in Fig. 8c and d after aging at 800 �C/100 h and 900 �C/100 h.
Although the s-phase volume fraction was not quantified, there
appeared to be less in the 900 �C/100 h condition than after 100 h at
800 �C. No s-phase was observed along annealing twins or within
grains.

Directional coarsening of g0 precipitates at grain boundaries is
highlighted in Fig. 8eeh. Even after aging for a relatively short
duration of 1 h, g0 particles were elongated perpendicular to high
angle grain boundaries (HAGBs). At 800 �C/1 h, coarsening occurred
even on apparently straight HAGB segments and extended into the
grains on both sides of the same boundary (Fig. 8e). Surprisingly,
the coarsened regions qualitatively appeared smaller for the
900 �C/1 h condition (Fig. 8f), which is not intuitive since higher
temperatures are typically associated with higher coarsening rates.
The morphology of the coarsened regions also changed from
appearing on both sides of the same boundary (800 �C) to only on
one side of a given boundary (900 �C). As indicated in the figure,
some regions along the coarsened boundaries were also denuded of
g’ directly adjacent to coarsened particles.

Longer aging times increased the size of the coarsened regions,
although the morphology of the 900 �C/100 h condition (Fig. 8h)
remained the same and coarsened regions were not dramatically
larger than the 900 �C/1 h condition. In contrast, the regions near
HAGBs experienced considerable additional coarsening after
800 �C/100 h, in addition to which the HAGBs became extremely
tortuous with interlocking coarsened regions (see example in
Fig. 8g). For both longer aging conditions, s-phase was also
observed in and around regions with coarsened g’, further
complicating the boundary structure.

3.4. Aging response e rolled material

In addition to aging the alloy from a fully recrystallized state,
aging was performed following a 70% reduction in thickness by
cold-rolling to examine the influence of prior deformation. Grain
structures for the rolled and aged material are shown in the right
column of Fig. 6, Fig. 6fej. These remained highly deformed
following rolling and aging and had grains aligned with the rolling
direction (the vertical direction in the page). There was no indica-
tion of recrystallization in the 700 �C/1 h or 800 �C/1 h conditions,
whereas only limited recrystallization occurred after 900 �C/1 h
and 800 �C/100 h. Substantial recrystallization occurred after
900 �C/100 h. Quantification of the recrystallized volume fraction is
problematic due to the large scale heterogeneity of the micro-
structure, which contained roughly linear bands of recrystallized
grains separated by distances ranging from dozens of microns to
several millimeters.

As in the recrystallized and aged material, XRD results indicated



Fig. 6. Grain structures following aging treatments for the fully recrystallized (left) and rolled conditions (right). All images were acquired at the same magnification and working
distance.
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Fig. 7. Etched specimens showing g0 after aging treatments for the fully recrystallized (left) and rolled conditions (right). All images were acquired at the same magnification and
working distance, except the 700 �C/1 h condition due to the extremely fine precipitates. Precipitate diameter and volume fraction are indicated in the top right corners of (c)e(i).
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Fig. 8. Grain boundary behavior after aging in the fully recrystallized condition. BSE images in the left column show precipitation of discrete s phase along boundaries after long
aging times; BSE images in the right column images show directional coarsening of g0 at grain boundaries.
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precipitation of g0 and s phase. Fig. 5a shows a diffractogram for the
rolled and aged 800 �C/100 h condition over the 2q range 40�e100�

(black curve) with boxes indicating the domain for the inset regions
in Fig. 5b and c. Fig. 5b shows the most prominent s phase re-
flections between 2q values of approximately 40� and 53�, while
splitting of the g’ and gmatrix peaks was clearly observed at larger
2q values between 90� and 100� in Fig. 5c.

Specimens were etched to facilitate measurement of g0 pre-
cipitates with results shown in Fig. 7. Unlike the fully recrystallized
material, the rolled material exhibited two distinct populations of
g0 with substantial differences between recrystallized and non-
recrystallized regions. These are illustrated in Fig. 9b, which
shows fine g0 in the non-recrystallized grains and coarse g0 along
HAGBs between recrystallized grains. Although the precise for-
mationmechanism of the coarse g’ is unknown, it is likely related to
transport of Al and Ti along HAGBs during recrystallization. The
images in Fig. 7 corresponding to the rolled and aged material
(Fig. 7fei) were all acquired exclusively in non-recrystallized re-
gions, and it is important to note that subsequent discussion of this
figure does not apply to recrystallized regions.

Surprisingly, no uniform precipitation of intragranular g0 was
observed in the rolled/700 �C/1 h condition. Intragranular g0 was
instead observed in directionally coarsened regions adjacent to slip
bands, unlike in any of the fully recrystallized conditions. Like the
recrystallized material, however, the rolled and aged condition also
had directionally coarsened g’ along high angle grain boundaries.

The other aging conditions for the rolled material produced very
similar g0 distributions compared to the recrystallized and aged
material. For example, after aging at 900 �C/1 h, the fully recrys-
tallized and agedmaterial had an average g0 diameter of 39 nmwith
an area fraction of 0.16 (Fig. 7c); the rolled material had an average
g0 diameter of 37 nm with an area fraction of 0.17 (Fig. 7g). Some
discrepancy was observed for the 900 �C/100 h condition, with the
rolled material exhibiting smaller g’ than the recrystallized mate-
rial (106 nm compared to 138 nm). Although many of the pre-
cipitates in this condition are no longer spherical, they do not
exhibit a clear cuboidal morphology like the corresponding fully
recrystallized material.

Fig. 9 shows intermediate magnification images of the rolled/
800 �C/100 h condition. EDS chemical mapping in Fig. 9a shows
three distinct phases in addition to the background g matrix. First,
there are regions enriched in both Ni and Ti that correspond to
coarse g’. As previously noted, these precipitates form primarily
along HAGBs between recrystallized grains and are shown in more
detail in Fig. 9b. Note that these are distinct in size andmorphology
Fig. 9. (a) Development of s phase along high angle grain boundaries and {111} planes in r
recrystallized regions.
from the much finer precipitates in non-recrystallized regions
previously shown in Fig. 7. HAGBs were also decorated by s-phase,
which is enriched in Cr. The final phase shown in Fig. 9, which does
not appear in XRD results due to its small volume fraction, is TiC.
These particles are highly enriched in Ti relative to both the g
matrix and g0 precipitates and can be clearly observed on the Ti
map. Fig. 9b shows a similar region in greater detail with clear
distinctions visible between coarse and fine g’. Unlike the fully
recrystallized material, some s-phase was observed away from
grain boundaries and is marked on the image.

EBSD and EDS were used to more clearly demonstrate the
intragranular nucleation of s-phase, as shown in Fig. 10 for the
rolled/800 �C/100 h condition. Fig. 10a shows an inverse pole figure
(IPF) map near a high angle grain boundary with color denoting
crystallographic orientation. Several isolated recrystallized grains
were observed along the original HAGB and within the upper grain
(as denoted by local regions with different orientations); however,
most of the surveyed region remained non-recrystallized and
highly deformed, as indicated by orientation (color) gradients
within individual grains. Fig. 10b shows a phase map, also produced
by EBSD, differentiating between the cubic structure of the gmatrix
and g’ precipitates (red), and the tetragonal structure of s-phase
(green). These results are corroborated by EDS from the same re-
gion, Fig.10c, which shows corresponding enrichment of chromium
in the same areas. An additional example of planar s-phase
nucleation is shown for the rolled/800 �C/100 h condition in
Fig. 10d and e.

Unlike the fully recrystallized material, s-phase formation is
shownwithin intragranular regions. Precipitation is predominantly
planar and most likely associated with {111} slip planes with high
initial dislocation densities following rolling. Although g’ is not
indicated on the EBSD maps, it can be differentiated on the EDS
maps by regions enriched in Ni, Al, Ti, and Nb.

3.5. Hardness evolution with aging

Vickers microhardness was measured as a function of aging
temperature and time. Fig. 11a shows the results of isochronal (1 h)
aging at different temperatures, for both fully recrystallized (blue
curve) and rolled (black curve) alloy conditions. Bars on the mea-
surements show the full spread of values for each condition to
emphasize the variability in the rolled material.

The fully recrystallized material exhibited a classic aging
response for a precipitation-hardened alloy. The hardness
increased with increasing temperature from 500 �C to 800 �C as the
olled and annealed material (800 �C/100 h), and (b) g0 phase in recrystallized and non-



Fig. 10. Development of s phase along high angle grain boundaries and {111} planes in rolled and annealed material (800 �C/100 h). (a) IPF map showing grain orientations; (b)
EBSD result showing location of g/g0 and s phase based on structure; (c) EDS results from the same region indicating enrichment of Cr in s phase. An additional example of planar
s-phase nucleation is shown using in-column BSE imaging, (d) and SEM-EDS mapping of the same region, (e).
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volume fraction and size of g’ precipitates increased. The peak
average hardness, 392± 10HV (standard deviation), was reached at
800 �C, and represents a 58% increase over the solutionized and
quenched condition (248± 7 HV, blue hatched band). Based on the
average grain size (~60 mm) and the typical microhardness indent
size (~20 mm), it is likely that some variability arose from sampling
within single grains.

The rolled condition exhibited substantially higher hardness
values. The average hardness of the as-rolled material, 504± 26HV
(black hatched band), was more than double that of the fully
recrystallized material. Note that the as-rolled material had previ-
ously been solutionized and quenched, and therefore is not
strengthened by precipitates. The aging response was otherwise
similar to the fully recrystallizedmaterial, with an initial increase in
hardness up to a peak of 614± 48 HV at 700 �C/1 h. Despite the
higher strengthening contribution from precipitation at 800 �C, the
total hardness began decreasing at 700 �C due to more substantial
recovery and possibly the beginning of recrystallization. As previ-
ously noted, recrystallization was clearly observed via SEM after
900 �C/1 h, which was reflected in the lower hardness measure-
ment. Fig. 11b compares the hardness evolution in the rolled alloy
to that in CrCoNi with an identical rolling reduction, which has
previously been reported by Slone et al. [40]. In addition to having a
higher peak hardness, alloy V1 retains its high hardness levels after



Fig. 11. Hardness evolution in alloy V1 as a function of temperature for 1 h isochronal aging treatments. (a) Comparison of the aging response in the fully recrystallized (blue) and
rolled (black) conditions. Hatched bands show the range of hardness values for as-rolled and as-quenched conditions. (b) Comparison of the response in precipitation-hardened V1
(black) to solid solution, equiatomic CrCoNi (red). (For interpretation of the references to color in this figure legend, the reader is referred to the Web version of this article.)
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annealing at much higher temperatures. This indicates a delay in
recrystallization (i.e. higher temperatures required), likely caused
by the presence and pinning effect of g’ precipitates.

4. Discussion

The new alloy described in the present work was inspired by
medium-entropy, equiatomic CrCoNi and commercial Ni-base su-
peralloy Inconel 740H. There is a natural congruity between these
two alloys resulting from their large nickel, chromium, and cobalt
contents; however, the rolling response and microstructure evo-
lution of the new alloy, V1, shares more in common with previous
observations of alloy 740H than equiatomic CrCoNi. This is reflected
in the nucleation and growth of g’ precipitates; directional coars-
ening of precipitates along grain boundaries; and the lack of
deformation twinning in rolled material. Each of these phenomena
are discussed below, in addition to the surprising precipitation of s
phase, which is not present in either parent alloy. Examination of
the aging response of the new alloy in the rolled state is especially
insightful since this condition is not frequently studied for
precipitation-strengthened materials.

4.1. Precipitation of s phase

Precipitation of s phase is generally considered problematic in
Ni-base superalloys and stainless steels and has been correlated
with reduced creep rupture life during loading at elevated tem-
peratures [26,47]. As a topologically close-packed (TCP) phase, s
has extremely limited capacity for plastic deformation and usually
embrittles alloys as a continuous phase along HAGBs. Furthermore,
s is Cr-rich and therefore depletes chromium from the alloy matrix,
which locally decreases solid solution strengthening and increases
susceptibility to intergranular corrosion.

Despite these issues in conventional alloys, precipitation of s
phase as discrete particles may be less harmful in new alloy V1 due
to the large overall chromium content in the alloy. For example,
Thermo-Calc results suggest the matrix should retain more than
28 at% (25wt%) chromium even after s precipitation at tempera-
tures above 700 �C (see Fig. 1), which is greater than the overall
chromium content in alloy 740H. This is expected to be more than
adequate for even highly corrosive environments [48] and still
represents a significant addition for solid solution strengthening.
However, it is unclear whether the discrete s phase precipitates
along the boundaries (e.g, Fig. 8d) will deleteriously affect overall
alloy ductility, and additionally, whether the reduction of chro-
mium in the matrix phase meaningfully reduces strength. Precip-
itation of discrete s particles on HAGBs may even offer some
benefit as an impediment to grain growth or grain boundary
sliding.

Although large chromium additions are known to induce s
phase precipitation in stainless steels and Ni-base superalloys, it
has not been reported following heat treatments in equiatomic
CrCoNi (~30.6wt% chromium), even in conjunction with severe
plastic deformation generated by cold-rolling or high-pressure
torsion [40,50e54]. One caveat for these studies is that they
nearly all use annealing temperatures in the range 500e1000 �C for
relatively short times, typically ~1 h. This may be inadequate for s
phase precipitation, although similar temperatures and durations
produced s phase in related CrMnFeCoNi high-entropy alloys [55].
Long-term aging of alloy 740H at a variety of temperatures has also
failed to produce s phase [56], although this alloy notably contains
less chromium than either equiatomic CrCoNi or the newalloy from
the present work.

It is not immediately clear why s phase precipitates in alloy V1
but not in either of the parent alloys, equiatomic CrCoNi and alloy
740H; Thermo-Calc predicts s phase formation in all three, albeit at
lower temperatures in CrCoNi and 740H, which may make it
kinetically inaccessible in the latter two. Tsai et al. recently exam-
ined Cr-containing high-entropy alloys and explained the pro-
pensity for s phase formation using the valence electron
concentration (VEC) criterion [57]. VEC for an alloy is defined as the
molar composition-weighted average of VEC values for individual
elements, which are listed by Guo et al. for a number of commonly
usedmetals [58]. In the work by Tsai et al., alloys with average VECs
between 6.88 and 7.84 were s-prone, while alloys with VECs
outside that range were s-free. Calculation of VEC for alloy V1
suggests that its composition is very close to the threshold (7.98),
while equiatomic CrCoNi (8.34) and alloy 740H (8.38) both exceed
the threshold range. Table 2 lists the composition and VEC values
for each alloy.

The VEC for V1 is lower than for CrCoNi due to additions of
aluminum (elemental VEC¼ 3) and titanium (VEC¼ 4), and lower
than for 740H due to substitution of cobalt (VEC¼ 9) and especially
chromium (VEC¼ 6) for nickel (VEC¼ 10). New analysis for the



Table 2
Valence electron concentration (VEC) calculations for alloy V1 and its parent alloys.

Nominal Alloy Compositions (at%)

Element VEC CrCoNi IN740H V1

Ni 10 0.334 0.482 0.310
Cr 6 0.333 0.266 0.311
Co 9 0.333 0.194 0.306
Al 3 - 0.030 0.041
Ti 4 - 0.017 0.023
Nb 5 - 0.009 0.009
Mo 6 - 0.002 -
Weighted Average VEC 8.335 8.377 7.980
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present study suggests the VEC criterion for s phase formation also
applies successfully to similar CrMnFeCoNi high-entropy alloys,
where Cr26Mn20Fe20Co20Ni14 (VEC¼ 7.76) readily precipitates s
phase [55], and equiatomic CrMnFeCoNi (VEC¼ 8.0) precipitates s
phase after long anneals or annealing following severe plastic
deformation [21,22]. Finally, the VEC criterion also correctly pre-
dicts the formation of s phase in compositionally complex modern
superalloys like ME3 (VEC¼ 7.94), which also forms discrete par-
ticles along grain boundaries [59]. The observations from the pre-
sent work are consistent with the use of the VEC criterion for
predicting whether s phase precipitation will occur.
4.2. Directional coarsening of g’ precipitates

Another key similarity between the new V1 alloy and alloy 740H
is the development of elongated g0 precipitates at, and extending
outward from, high angle grain boundaries (HAGBs). This phe-
nomenon has previously been observed in other polycrystalline
superalloys [60e63], including 740H [64,65] and equivalent alloys
[65,66]. For undeformed material (e.g, the fully recrystallized con-
ditions in Fig. 8), previously suggested mechanisms such as
Nabarro-Herring creep and grain boundary sliding [67] are dis-
missed because they depend on simultaneous exposure to high
temperature and an applied load. Precipitate-free zones have also
been hypothesized to develop due to formation of Cr-rich carbides
[61] or Cr-rich s phase along HAGBs, which locally deplete chro-
mium and raise the solubility of g0-forming elements in the matrix.
This results in dissolution of the g0 phase near HAGBs. Although
these mechanisms are plausible for alloy V1, given the observed
precipitation of s phase, both are expected to produce symmetrical
precipitate-free zones along grain boundaries, particularly near Cr-
rich particles. This is not consistent with the asymmetric regions
observed in Fig. 8ee h.

Bechetti et al. previously identified directional or discontinuous
Table 3
Summary and interpretation of precipitate nucleation and growth. The interpretation refe
matrix (M) to g’ precipitation. The contribution of each is the product of its volume frac

Aging
Condition

~ T/Tm g0 in Solutionized þ Aged Condition g0

650 �C/4 h 0.51 No apparent homogeneous precipitation within grains;
severe discontinuous coarsening at HAGBs

No
se
pr

700 �C/1 h 0.55 Very fine homogeneous precipitation within grains;
severe discontinuous coarsening at HAGBs

No
se
dis

800 �C/1 h 0.63 Fine homogeneous precipitation within grains; modest
discontinuous coarsening at HAGBs

No
co

900 �C/1 h 0.70 Coarse homogeneous precipitation within grains; mild
discontinuous coarsening at HAGBs

No
co

960 �C/1 h 0.75 Coarse homogeneous precipitation within grains; very
mild or negligible discontinuous coarsening at HAGBs

No
co
coarsening as the formation mechanism for elongated g0 in alloy
740H [64]. This mechanism is well-known and has been studied in
a variety of other systems with strengthening particles, most
notably Al-Li [68]. The asymmetric, elongated precipitate
morphology in alloy V1 is consistent with discontinuous coars-
ening, although it is not clear from the current work whether
elongated g’ forms by discontinuous precipitation along the
boundary or forms homogeneously and then undergoes discon-
tinuous coarsening.

In either case, the morphology at 800 �C (Fig. 8e) does not
suggest that coarsening is driven by grain growth, since coarsened
precipitates have extended from both sides of a HAGB into separate
grains. This morphology was common after short-duration aging at
800 �C and is reminiscent of the “S-mechanism” originally
described by Fournelle [69] and reviewed for a wide variety of alloy
systems by Williams and Butler [68]. Further support for this
development mechanism can be seen in the lower right corner of
Fig. 8g, which shows a classic “double-seam” boundary after
extended aging at 800 �C.

Directionally coarsened particles occurred much more
commonly along only one side of HAGBs after aging at 900 �C, in
contrast to the behavior at 800 �C. Given that very modest grain
growth was observed at the higher temperature, unlike at lower
temperatures where grain growth was not observed, it is possible
the change in morphology was due to grain growth and solute drag
with the boundary rather than the S-mechanism described above.
A mechanism change is also consistent with the lesser extent of
directional coarsening after 100 h at 900 �C (Fig. 8h) compared to
800 �C (Fig. 8g), which is otherwise surprising since the higher
temperature and faster kinetics would usually be expected to
promote greater coarsening. Further discussion of the driving force
and origin of directionally-coarsened precipitates follows in the
next section.

4.3. Comparison of fully recrystallized and rolled material

Intragranular g’ precipitate distributions were similar in the
fully recrystallized and rolled conditions following aging at 800 �C
and 900 �C, but not at 650 �C and 700 �C. This effect can be ascribed
to differences in the relative contribution of grain boundaries,
dislocations, and the matrix to the overall diffusion rate. The
interpretation discussed below is summarized in Table 3 with a
qualitative comparison of the volume fraction f and diffusion co-
efficient D for grain boundaries (gb), dislocations (disl), and the
matrix (M).

All material was initially homogenized at temperatures above
the g0 solvus and quenched before undergoing additional aging or
rolling and aging. Since g0 is an equilibrium phase at room
rs to the relative contributions from grain boundaries (gb), dislocations (disl), and the
tion f and its diffusion coefficient D.

in Solutionized þ Rolled þ Aged Condition Interpretation

apparent homogeneous precipitation within grains;
vere discontinuous coarsening at HAGBs; isolated
ecipitation along intragranular slip bands

fgbDgb> fdislDdisl » fMDM

apparent homogeneous precipitation within grains;
vere discontinuous coarsening at HAGBs; modest
continuous coarsening along intragranular slip bands

fgbDgb> fdislDdisl> fMDM

significant difference from Solutionized þ Aged
ndition

fgbDgb> fMDM ~ fdislDdisl

significant difference from Solutionized þ Aged
ndition

fgbDgb >~ fMDM » fdislDdisl

significant difference from Solutionized þ Aged
ndition

fgbDgb ~ fMDM » fdislDdisl



Fig. 12. Schematic illustration of how temperature affects diffusion at high angle grain
boundaries, dislocations, and the bulk matrix. At low temperatures, diffusion is more
prevalent along grain boundaries and dislocations despite their small relative volume;
at high temperatures, diffusion in the matrix dominates.
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temperature, the matrix after quenching is supersaturated with g0-
forming elements aluminum and titanium. The supersaturation
provides a strong driving force for precipitation, but the diffusion
required is inhibited at low temperatures. It is well-known that the
additional free volume associated with high angle grain boundaries
and dislocations enables faster local diffusion relative to the bulk
matrix. This promotes precipitation along grain boundaries,
particularly at lower temperatures. However, the effect scales
strongly with temperature because the absolute volume of grain
boundaries and dislocations is small in comparison to that of the
matrix. At higher temperatures, when diffusion through the matrix
becomes fast, the product of the diffusion coefficient and the
effective diffusion volume overwhelms the contribution from grain
boundaries or dislocations. This is schematically illustrated in
Fig. 12.

The practical implications for this in the current alloy are
Fig. 13. Changes to the interaction of g0 with high angle grain boundaries at 650 �C and 9
650 �C/4 h; (b) absence of coarsening in the fully recrystallized material after aging 960 �C/1
4 h; (d) heterogeneous precipitation of g0 on dislocation bands in the cold-rolled material a
reflected in the g0 morphology and distributions across different
temperatures. Fig. 13 shows several additional micrographs to
emphasize the differences. For the lowest temperatures (650 �C and
700 �C), matrix diffusion is extremely slow since the homologous
temperatures T/Tsolidus are approximately 0.51 and 0.55, respec-
tively, using Tsolidus¼ 1277 �C from Thermo-Calc. Diffusion along
grain boundaries and dislocations is therefore expected to domi-
nate over diffusion through the matrix. For the fully recrystallized
material, where the dislocation density is low, no homogeneous
intragranular g’ precipitationwas observed even after 4 h at 650 �C.

Fig. 13a shows that this condition also exhibited the most severe
directional coarsening at high angle grain boundaries, suggesting
that supersaturation of g0-forming elements was relieved exclu-
sively along fast diffusion pathways. It should be noted that grain
boundary coarsening was most severe at this low temperature
despite also having the slowest kinetics, further emphasizing the
importance of internal boundaries. In the corresponding rolled and
aged condition, some intragranular precipitation was observed in
regions of high dislocation density along slip bands (Fig. 13d) in
addition to directionally coarsened particles along grain boundaries
(Fig. 13c).

Increasing the aging temperature promoted the importance of
matrix diffusion at the expense of diffusion along dislocations and,
at longer aging times, grain boundaries. Aging at 700 �C/1 h from
the fully recrystallized state indicated that matrix diffusion was
sufficiently fast to precipitate homogeneous, intragranular pre-
cipitates (Fig. 7a), although no homogeneously distributed pre-
cipitates were observed in the corresponding rolled condition
because diffusion and precipitation at dislocations was still
preferred. At 800 �C and 900 �C, the increasingmatrix diffusion rate
and its larger overall volume combined to promote greater flux
through the matrix than along dislocations. The fully recrystallized
and rolled conditions therefore look similar (Fig. 7b and f, Fig. 7c
and g) since supersaturation of g0-forming elements can easily be
relieved by matrix diffusion alone.

Although directional coarsening of g’ was still observed at
800 �C and 900 �C (T/Tsolidus¼ 0.63 and 0.70, respectively), the
extent of the coarsening decreased with increasing temperature.
60 �C. (a) Severe directional coarsening in the fully recrystallized material after aging
h; (c) directional coarsening from HAGBs in the cold-rolled material after aging 650 �C/
fter aging 650 �C/4 h.
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This suggests that grain boundary diffusion remains important in
relieving supersaturation at those temperatures. However,
increasing the temperature further to 960 �C (T/Tsolidus¼ 0.75)
eliminated directional coarsening almost entirely (Fig. 13b) as the
effective diffusion rate in thematrix achieved parity with that along
grain boundaries. Some isolated instances of very fine directional
coarsening were observed; but most boundaries looked like those
in Fig.13bwhich showed only slightly enlarged precipitates with no
indication of growth perpendicular to grain boundaries.

These observations may prove to be important not only for the
present alloy, but also alloys like 740H, where discontinuous
coarsening at boundaries is problematic for high-temperature
creep properties [63]. Alloy 740H and other polycrystalline alloys
with this issue are currently aged at temperatures around 800 �C,
which seems to be a highly susceptible temperature based on the
present study. The current results suggest that coarsening could be
avoided by aging at higher temperatures (to promote the impor-
tance of matrix diffusion at the expense of grain boundary diffu-
sion); however, doing so reduces the equilibriumvolume fraction of
g’. Increasing the concentrations of g0-forming elements might
offset this by increasing the equilibrium g0 volume fraction at, for
example, 960 �C. It is unlikely that this is an industrially acceptable
solution since doing so also makes alloys very challenging to weld.
One possible compromise might involve small compositional
changes (increase in g0-forming elements) coupled with processing
changes including a furnace cool from the solutionizing to aging
temperatures. In that case, matrix supersaturation can be initially
relieved at higher temperatures where matrix diffusion dominates.

It should also be noted that this effect may be exacerbated by
the hypothesized “sluggish diffusion” mechanism in multi-
principal element alloys, which has been experimentally
observed in the equiatomic CrMnFeCoNi alloy [10]. Although
sluggish diffusion is usually considered to be a positive effect for
producing stable, creep-resistant microstructures, it may be a
disadvantage during aging in highly concentrated superalloys like
740H if it hinders matrix diffusion and promotes discontinuous
coarsening via diffusion along grain boundaries.

4.4. Absence of deformation twinning after rolling

Although the mechanical response and deformation mecha-
nisms in alloy V1 are being investigated in a separate study, it is
worth noting here that no evidence was observed for deformation
twinning following cold-rolling. Deformation twinning is
commonly observed after rolling or high-pressure torsion in
equiatomic CrCoNi [40,50e54] but not in solutionized/quenched
740H [44]. While transmission electron microscopy methods were
not used specifically to search for evidence of deformation twin-
ning in the current work, experience with previous alloys has
shown that twins are readily visible using high spatial resolution
EBSD or electron channeling contrast imaging, both of which were
employed here.

It was previously speculated that average stacking fault energy
(SFE) might explain the discrepancy between CrCoNi and 740H
[44], since low SFE promotes dislocation dissociation and has been
consistently correlated with deformation twinning in fcc alloys
[70]. Although elemental nickel has a relatively high SFE (~150mJ/
m2), it is well-known in the superalloys literature that chromium
and cobalt dramatically reduce it. The experimentally measured
SFE in CrCoNi is approximately 22mJ/m2 [38] to 18mJ/m2 [71],
compared to an estimate from software JMatPro [72] of 45mJ/m2 in
alloy 740H (which contains less Cr and Co and, therefore, should
have a higher SFE). Deformation twinning in face-centered cubic
(fcc) alloys is usually associated with average SFE values of
40e45mJ/m2 or less [70], so the larger value in 740H could
plausibly explain why no deformation twinning was observed.
However, the newV1 alloy should have an average SFE similar to

that of equiatomic CrCoNi. Although Al and Ti undoubtedly affect
the average SFE, they have opposite tendencies (Al increases SFE in
Ni-base alloys while Ti decreases SFE) and are present in relatively
small quantities (~6 at% combined for both elements) [73,74]. Even
if Al alonemakes up about 6 at% of the alloy, a simple linearmixture
of SFE values for (CrCoNi)94Al6 suggests an average SFE of ~29mJ/
m2. Although this is a highly simplified estimate, it is unlikely that
Al sufficiently raises the average stacking fault energy to entirely
deactivate the deformation twinning mechanism, especially given
that other HEAs have exhibited twinning with similar and larger
SFEs around 40mJ/m2 [71]. Alloy V1 also exhibited a very high
fraction of annealing twin boundaries (~40% of total HAGB length)
in the solutionized and quenched condition, further indicating low
SFE. One possible alternative explanation is that g0-forming ele-
ments (Al and Ti) are not randomly distributed in solution.
Although diffraction patterns of the solutionized and quenched
material (i.e, the condition immediately prior to rolling) did not
exhibit reflections corresponding to the ordered g0 phase (Fig. 4), Al
and Ti atomsmight have chemically clusteredwithout ordering in a
spinodal-type reaction as a precursor to fully-ordered g’. However,
a full exploration of deformationmechanisms in the new V1 alloy is
beyond the scope of the present work and is being separately
investigated.

5. Conclusions

A new alloy was developed combining aspects of the medium-
entropy CrCoNi alloy with Ni-base superalloy Inconel 740H. The
alloy was aged from two conditions, fully recrystallized and cold-
rolled, to study precipitation with and without prior deformation.
The following conclusions can be derived from the present work:

1. Solutionizing and quenching the new V1 alloy produced a pre-
dominantly single-phase, face-centered cubic microstructure
with infrequent (Ti,Nb) carbides and an average grain size of
~60 mm.

2. Aging at temperatures between 700 and 900 �C resulted in
precipitation of g0 and s phases. The average grain diameter
remained stable even after the most extreme observed condi-
tion, 100 h at 900 �C.

3. Fully recrystallized conditions had homogeneous, spherical g0

precipitates within grains and directionally coarsened particles
at grain boundaries. The morphology of the directionally
coarsened precipitates appeared to change between 800 �C and
900 �C, which may reflect a change in growth mechanism. After
long aging times, s phase was visible as discrete particles along
grain boundaries.

4. Cold-rolled and aged alloys had heterogeneous, partially
recrystallized microstructures after aging at sufficiently high
temperatures or long times. Non-recrystallized grains had ho-
mogeneous g0 distributions matching those after aging in the
non-rolled material; recrystallized grains were usually denuded
of g0 in their interiors and decorated by coarse g0 along grain
boundaries. s phase precipitated along boundaries between
recrystallized grains and along {111} slip traces in non-
recrystallized grains.

5. Discontinuous coarsening of g0 along grain boundaries results
from differences in diffusion rates along grain boundaries, dis-
locations, and thematrix. Coarsening can be eliminated by aging
at sufficiently high temperatures where matrix diffusion
dominates.

6. Formation of s phase in this alloy, and absence of s phase in
similar parent alloys CrCoNi and 740H, was consistent with
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previous applications of the valence electron concentration
(VEC) criterion.

7. Unlike equiatomic CrCoNi, new alloy V1 did not exhibit in-
dications of deformation twinning following cold-rolling. This is
unlikely to be an effect of stacking fault energy alone and is
being investigated separately, along with the mechanical
properties and deformation mechanisms for this alloy.
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