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The nanocrystalline high-entropy alloys (HEAs) can be regarded as ideal substitution materials for use in aero
engines due to their outstanding mechanical properties. Owing to the crucial importance on the evaluation of
mechanical properties in nanocrystalline HEAs, the identification of the plastic deformation mechanism remains
a challenging topic. Considering the fact that nanocrystalline HEAs suffer from the high-temperature service, the
roles of strain rate and temperature on their deformation characteristics should be examined. Here, we report the
impact of strain rate and temperature on the mechanical properties and deformation behaviors of nanocrystalline
HEAs. This issue was investigated by a series of molecular-dynamics tensile tests at different strain rates ranging
from 5 x 107 to 1 x 10'% s™! and temperatures ranging from 10 to 1,200 K. The results show that the dislocation
slip controls the preferred deformation mechanism at low temperatures and high strain rates. When the tem-
perature rises and strain rate reduces, grain-boundary sliding dominates the primary deformation mechanism at
elevated temperatures. Moreover, the occurrence of the face-centered-cubic (fcc) to body-centered-cubic (bec)
phase transformation can effectively enhance the plasticity of HEAs. The synergistically-integrated experimental
and modeling efforts at the nanoscale will help understand, control, and optimize the mechanical behaviors of
nanocrystalline HEA systems, thereby enabling the development of advanced nanocrystalline HEAs.

still not understood [12-14]. Hence, the nanocrystalline CogsN-
igsFegsAly sCuyz.5 HEA would be chosen as the research object in this

1. Introduction

High-entropy alloys (HEAs) with multi-component equal or nearly
equal elements exhibit many excellent properties [1-5], due to their
severe lattice distortion and sluggish diffusion effects [6-12]. For
example, a single face-centered cubic (fcc) FeCrCoNiMn HEA has
exceptional damage tolerance and fracture toughness, compared to most
alloys [13-15]. The transmission electron microscopy reveals that the
deformation mechanism changes from the conventional dislocation
glide at room temperature to nano-twinning at a low temperature of 77
K [15,16].

Recently, the bulk nanocrystalline CoasNigsFeasAly sCuyz.5 HEA has
been produced by mechanical alloying combined with consolidation via
spark plasma sintering [17]. This HEA shows a high yield strength
dramatically larger than those of most previously-reported fcc-struc-
tured HEAs, such as FeCrCoNiMn. Although the deformation behaviour
and strengthening mechanism of bulk nanocrystalline HEAs have been
revealed at room temperature, this issue in HEAs at high temperatures is
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investigation. However, the deformation mechanism of HEAs in a wide
high temperature range has rarely been studied.

Molecular dynamics (MD) simulations are a powerful tool to study
the relationship between microstructure and properties at the nanoscale.
Many researches have employed MD simulation to investigate the
deformation mechanism in HEAs [18-27]. However, the interatomic
potential of HEA do not consider any information, such as the electron
density distribution and magnetic effect, and a limitation of these con-
ventional interatomic potentials cannot solve the problem of heat
transfer and magnetic field. For instance, the mechanical behaviors and
deformation mechanisms of AICrCuFeNi under the scratched condition
and the tensile deformation were investigated by MD simulation [18,
19]. The results indicate that the dislocation gliding, and dislocation
pinning due to the severe lattice-distortion and the solute atoms are the
main plastic deformation mechanisms. Moreover, MD simulation were
employed to investigate the tensile and compressive behaviors of
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Fig. 1. Schematic model of the nanocrystalline HEA CoasNissFessAly sCuy7.s using MD simulations. @ Cu, ® Ni, = Fe,
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Fig. 2. Stress-strain relationship for different temperatures and strain rates in the CosNigsFeasAl; sCuy7.s HEA.

AlyCrCoFeCuNi HEAs, the effects of element concentration on the me-
chanical and physical behaviors have been discussed [20,21]. By con-
trolling cooling rates to obtain the structural hierarchy, the mechanical
behavior of AlCoCrCuFeNi HEA is optimized to maximize its high
strength [22]. The structure and migration behavior of symmetrical tilt
grain boundary (GB) in CuNiCoFe HEA is studied, and solute segregation
suppresses GB migration for reduced grain growth [23]. Recently,
metastability design for HEAs has attracted wide attention, many re-
searches have explore the TRIP and TWIP in HEAs based on the MD
simulation [24-27].

In the present work, we investigated the effects of temperature and
strain rate on the deformation mechanism of nanocrystalline HEAs.
After a description of the technical details of MD simulations, we firstly
addressed the effects of temperature and strain rate on mechanical
properties. We then investigated the influences of temperature and
strain rate on the deformation behaviors, and finally computed the
diffusion coefficient.

2. Simulation details

Using the Voronoi construction method [28,29], the cubic nano-
crystalline HEA samples containing 27 random-crystallographic
-orientation grains were built, as shown in Fig. 1a and b. The sizes of
the nanocrystalline HEA sample are 30 x 30 x 30 nm°®. The nano-
crystalline HEA has 2,295,393 atoms, and its average grain size is 12 nm.
Using the LAMMPS, MD simulations are carried out [30]. All dimensions
are applied to periodic boundary conditions. The various temperatures
used are 10 K, 300 K, 800 K, and 1,200 K. For each temperature, the
nanocrystalline HEA sample is relaxed for 100 ps by the Nose’-Hoover
isobaric-isothermal (NPT) ensemble. The embedded atom method
(EAM) potential is used to study the deformation behaviour [26,31]. The

nanocrystalline HEA deforms to the strain of 10% along the x direction
at the different strain rates ranging from 5 x 10”7 s to 1 x 100 s7!
during the tensile loading. By the Ovito software [32], the evolution of
the local atomic structure was distinguished via the common-neighbor
analysis (CNA) [33], where the green color stands for the fcc struc-
ture, the red color denotes the hexagonal close-packed (hcp) structure,
and the white color represents other structures, including dislocations
and GB. The deformation mechanism of nanocrystalline metal depends
on the stacking fault energy (SFE), which determines deformation
twinning or dislocation glide. Hence, the curve of SFE in HEA is pre-
sented in Fig. 1c. Here, SFE of HEA is 25.5 mJ m 2 in accordance with
the previous work [26,34,35], leading to that the partial dislocations are
more likely to occur, compared to the full dislocation.

3. Results and discussions
3.1. Mechanical properties

The elastic constants of Cy1, C;3, and C44 were obtained by the cur-
rent embedded atom method (EAM) potential in the fcc HEA, and the
corresponding values are 147.6, 108.5, and 84.6 GPa, respectively. The
elastic constants of the fcc CoosNigsFeasAly sCuyz.s HEA complied with
the generalized elastic-stability criteria of the cubic crystal at the hy-
drostatic pressure [36], namely, (C;7-C12) > 0, C1; > 0, C44 > 0, and
(C11 + 2Cy2) > 0. According to the current work [37], the Young’s
modulus, E, shear modulus, G, and bulk modulus, B, are 151.4, 58.6, and
121.5 GPa, respectively.

As well known, due to the short-time duration, MD simulations al-
ways involve extremely-high strain rates (of typically larger than 107
s™1), much higher than in the conventional tensile/compressive exper-
iments. Compared with the results from experiments, MD simulations
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Table 1

The fitting parameters of ultimate strengths at different temperatures.
Parameters 10K 300 K 800 K 1200 K
Temperatures
a 2.598 1.968 1.207 0.433
b 1.091 x 1077 1.936 x 10°®  3.448 x 10°® 3.835x 10°°
c 0.7198 0.6021 0.5806 0.455

Table 2

The fitting parameters of average flow stresses at different temperatures.
Parameters 10K 300 K 800 K 1200 K
Temperatures
a 2.135 1.657 1.060 0.391
b 2407 x 10711 4969 x 107 1.623x10° 5.994 x 10°°
c 1.07 0.7473 0.6016 0.4324

are more complex because the strain rate has a significant effect on the
deformation mechanisms. For example, it is generally agreed that higher
strain rates promote the deformation twinning in nanocrystalline ma-
terials [38]. Recently, the phase transformation and dislocation evolu-
tion in dual-phase FeCoCrNiMn HEAs have been successfully
investigated by means of MD simulations [25]. From the perspective of
deformation mechanisms, the higher strain rate in the CogsN-
igsFeasAly 5Cuy7.s HEA could greatly lead to the formation of deforma-
tion twinning, as compared to the low strain rate. Hence, MD
simulations can provide the continuous and intuitive microstructure
evolution, thereby shedding light onto the deformation mechanisms of
HEAs at atomic-level processes. Here, using MD simulation, the
stress-strain response in the nanocrystalline Co25Ni25Fe25A17.5Cul7.5
HEA is studied based on our previous work [26]. Fig. 2 shows that the
ultimate strength and average flow stress in the HEA decline with the
increase of temperature, owing to the softening effect at high tempera-
tures. Furthermore, the ultimate strength and average flow stress decline
sharply when the strain rate reduces from 1 x 10'% to 1 x 10° s7%, yet
they decline slowly when the strain rate goes down from 1 x 10° to 5 x
107 57! (Fig. 2). According to the previous work related to the strain rate
[39], the relationship between the strain rate and average flow stress
meets a power-function relationship of ¢ = a+ bé°, where ¢ is the
average flow stress, ¢ is the strain rate, and ab, and c are the fitting
parameters of the strain-rate sensitivity. Tables 1 and 2 show the fitting
parameters of ultimate strengths at different temperatures. The corre-
sponding fitting curves to reveal the temperature and strain rate on the
mechanical properties are presented in Fig. 3. Based on the
power-function relationship, the values of the average flow stress and
ultimate strength in a quasistatic state (¢ — 0) can be obtained. The
average flow stress and ultimate strength in a quasistatic state are equal
to the fitting parameter a. Hence, the ultimate strength of 1.968 GPa

—
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from current MD simulation at room temperature is consistent with that
of 1.936 GPa from the previous experiment [17].

In view of the previous research [40-43], a mechanism-based
constitutive model coupling the lattice distortion-dependent solid--
solution strengthening is proposed to investigate the mechanical be-

haviors of the nanocrystalline HEAs. The flow stress of HEAs can be
expressed as

Oflow = 00 + Ma,ub\/ﬁ + 060G + 055 + 0p (])
where the first term 6 on the right-hand side of the equation stands for
the lattice-friction stress, the second term Maub,/p represents the
dislocation strengthening, the third term o¢p is GB strengthening, the
fourth term oy denotes the lattice-distortion-dependent solid-solution
strengthening, and the last term o, represents the back stress. The
expression of the lattice-distortion-dependent solid-solution strength-
ening introduced by a single element in HEAs can be expressed as [44,
45].
ot =Apci’s!? )
The CogysNigsFeasAly sCujys HEA is assumed as a pseudo-binary
solid solution based on the previous study [44,46], due to
extremely-close atomic radii and shear moduli among Co, Ni and Fe
elements, and significantly-larger atomic radii, and markedly-smaller
shear moduli for Al and Cu, compared to the Co, Ni, and Fe elements.
Therefore, the Al and Cu elements are regarded as solute elements in
solvents composed of Co, Ni and Fe elements. A detailed description of
the lattice-distortion-dependent solid-solution strengthening and the
other strengthening mechanism in Eq. (1) is given in Appendix A. Fig. 4

Solid-solution strengthening (SSS)
—e— SSS+Grain boundariy strengthening (GBS)
—A— SSS+GBS+dislocation
—w— SSS+GBS+back stress
—<— SSS+GBS+dislocation+back stress
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Fig. 4. The contributions from various strengthening mechanisms in nano-
crystalline CogsNizsFeosAly sCuy7.s HEAs under uniaxial tensile deformation.
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Fig. 5. GB structure after tension deformation at different temperatures and strain rates: 10 Kand 5 x 107 s (a), 10Kand 1 x 10*°s~! (b), 1,200 Kand 5 x 10” s !
(c), and 1,200 K and 1 x 10'° s7! (d). Atomic shear-strain distribution after tension deformation at different temperatures and strain rates: 10 K and 5 x 107571 (e),
10Kand 1 x 10°s71 (f), 1,200 Kand 5 x 107 s ! (g), and 1,200 K and 1 x 10'® s~ (h). Dislocation evolution at different temperatures and strain rates: 10 K and 5
x 107571 (i), 10 Kand 1 x 10'°s71 (j), 1,200 Kand 5 x 10”7 s7* (k), and 1,200 K and 1 x 10%°s™* (1). In (i-1), as indicated by the line colors, dislocations, including

perfect dislocations (— blue line), Shockley partials (—— green line), Hirth (
vectors in the fcc phase.

light-yellow), and stair-rod (— pink line) dislocations, have nonstandard Burgers
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Fig. 6. MSD in the HEA, Ni, Co, Fe, Al, and Cu at the temperatures of 1,200 K (a) and 2,500 K (b). Relationship between the diffusion coefficient and temperature in

the HEA, Ni, Co, Fe, Al, and Cu (c).

shows that the various strengthening mechanisms contributed to the
flow stress in nanocrystalline CosNissFessAly sCuyys HEAs at room
temperature. The yield strength is largely derived from the
solid-solution strengthening and GB strengthening, while the strain
hardening is mainly contributed from the back stress strengthening and
the dislocation strengthening. Thereinto, GB strengthening is signifi-
cantly greater than solid-solution strengthening in the increase of yield
stress. The back stress makes the most contribution to the strain hard-
ening with the continuously increasing plastic strain, whereas the
dislocation evolution in the grain interior only provides strain hardening
at the initial stage of plastic deformation owing to the consideration of
the additional dislocation dynamic recovery at GBs.

3.2. Deformation behaviour

In order to understand the effects of the strain rate and temperature
on the deformation mechanism, the atomic microstructure and shear-
strain curve of the nanocrystalline HEA subjected to the tension defor-
mation are performed [33,47]. The microstructure, including disloca-
tions and GBs, in the deformed nanocrystalline HEA at temperatures of
10 and 1,200 K after the tensile strain of 10% are presented in Fig. 5a—-d
and Fig. 5i-1. The region of the local high shear strain is generated along
GBs of the nanocrystalline HEA, as shown in Fig. 5e-h. The plastic
deformation is dominated by two mechanisms, such as, dislocation glide
and GB sliding, as observed in Fig. 5. For the HEA sample at low tem-
peratures and low strain rates, a large number of dislocations are
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Table 3

Material parameters used in the present model for the nanocrystalline HEA.
Parameter Symbol Magnitude
Elastic modulus (GPa) E 151.4
Shear modulus (GPa) B 58.6
Poisson’s ratio A 0.292
Magnitude of the Burger vector (nm) b 0.256
Empirical constant B 0.33
Taylor factor M 3.06
Maximum number of dislocation Np 10
Dynamic recovery constant ka0 21.6
Proportionality factor B 0.025
Mean spacing between slip bands (nm) ¢ 1
Dynamic recovery constant m 21.5
Reference strain rate (s') C 1
Reference grain size (nm) d, 580

activated in Fig. 5a and b. Correspondingly, the dislocation density goes
from high to low as: 1.61 x 107 m~2 for the temperature of 10 K and
strain rate of 1 x 101%s71, 8.32 x 10'® m~2 for the temperature of 10 K
and strain rate of 5 x 107 s7 %, 1.11 x 10'® m~2 for the temperature of 1,
200 K and strain rate of 1 x 10'° s71, and 1.06 x 10'® m™2 for the
temperature of 1,200 K and strain rate of 5 x 107 s in turn. Moreover,
the intragranular shear bands generated by the dislocation interaction
occur in only a few grains, while the local high strain region is mainly
located in the vicinity of GBs in the other grains. Because of no initial
dislocation source inside the grains, the dislocations mainly nucleate
from the GBs. The trace of the straight dislocation motion suggests that
simple and limited slip systems are activated in the HEA under low
temperatures and low strain rates, due to the absence of the cross-slip
inhibited by the limited slip systems [47-52]. Hence, the limited dislo-
cation glide can be activated in a small fraction of grains with large
Schmid factors. Therefore, the plasticity capability of the HEA sample
would reduce at large deformation where the cross-slip inhibited by the
large separation between the partial dislocations in HEA with low SFE
cannot occur in a small fraction of grains [3,26,52]. Interestingly, the fcc
to body-centered-cubic (bcc) phase transformation can be activated
(Fig. 5a-d), reducing the local strain, and enhancing the plasticity of the
HEA sample, as evidenced from the previous report [26].

For the HEA sample at higher temperatures and strain rates, micro-
structure and strain during continual plastic deformation are presented
in Fig. 5¢, d, g, and h. As a result, the high strain region mainly occurs in
the vicinity of GB where the thick shear bands are located, as compared
to the intragranular shear. This trend suggests that the dislocation
nucleation and GB sliding easily take place at high temperatures and
strain rates. This phenomenon results from the faster decreasing energy
barrier for GB sliding in comparison to that of the dislocation nucleation,
leading to the GB-sliding dominated deformation mechanism [53,54].
Moreover, the ultimate strength and average flow stress at the temper-
ature of 1,200 K (or the strain rate of 1 x 10'° s™1) have been reduced by
higher than 50%, compared to the ultimate strength and average flow
stress at the temperature of 10 K (or the strain rate of 5 x 107 s’l)
(Figs. 2 and 3). The current observations agree well with the experi-
mental result [3], where HEA exhibits a good plastic deformation ca-
pacity due to atomic-scale lattice distortion to active various
deformation mechanisms [3,12,25,26]. The high strain can facilitate the
fcc to bee phase transformation to increase the toughness of HEA, which
is also a fact reported in the previous work [6,26].

3.3. Diffusion coefficient

The sluggish diffusion plays a critical role in the deformation
behavior of HEAs at high temperatures. To reveal the sluggish diffusion,
the diffusion coefficient of HEAs should be studied and used to estimate
the diffusion difference between pure metals and HEA at elevated

Intermetallics 120 (2020) 106741

temperature. Here, the mobility of atoms can be computed by the mean-
square displacement (MSD), g(t)

g(1) = ((r(1) = i(0))*) 3

where r;(t) and r;(0) represent the positions of the atom, i, at the times of
t and O, respectively. The bracket “()” means the ensemble average,
which is computed from averaging over all penetrants and all time or-
igins at t = 0.

The diffusion coefficient, D, is obtained, using the long time limit of
MSD by the Einstein relationship
p=glin 57 @
where t is the elapsed time. The average is carried out over all time
origins, and all atoms. The diffusivity corresponds to the slope of the
linear MSD versus time, t.

The impurity diffusion coefficient of solids can be described by the
Arrhenius equation [55].

D =D, exp (—%) 5)
where Dy stands for the pre-exponential factor, E is the activation en-
ergy, T represents the absolute temperature, and R = 8.314J mol ' K™?
is the gas constant. The parameters of Dy and E are evaluated from the
measurements of diffusion coefficients at a series of temperatures.

The MSD varies as a positive linear relationship over time at 2,000 K,
and remains relatively stable over time at 1,200 K (Fig. 6a). The MSD of
the HEA is lower than those of Al, Cu, and Fe at the high temperature of
1,200 K. The slopes of the MSD vs. time curve are then used to determine
the diffusion coefficients of the HEA, which are found at different tem-
peratures (Fig. 6b). Moreover, the diffusion coefficient in the HEA is
relatively low as compared to that of Al, Cu, and Ni, resulting in a slow
diffusion effect. The low diffusion coefficient in the HEA can lead to the
high stability of the nanocrystalline HEA at high temperatures [3]. The
relationship between the reciprocal of the temperature and the loga-
rithm of the diffusion coefficient obeys a good linear dependencies
(Fig. 6¢), consistent with the Arrhenius behavior. Here, the Arrhenius
equation can be expressed by D = 66.63 exp(—5869 /T) in the HEA.

4. Conclusion

In the present work, the mechanical properties, deformation
behavior, and diffusion coefficient of nanocrystalline HEA under uni-
axial tensile loadings are studied using MD simulations. Considering the
critical effects of temperature and strain rate on the microstructural
characteristics of the nanocrystalline HEA, its deformation behaviour is
explored at the various strain rates ranging from 5 x 10" to 1 x 10*%s7?
and temperatures ranging from 1 to 1,200 K. Hence, the underlying
mechanism for the plastic deformation is thoroughly investigated via the
dynamical microstructural analysis. As the same as the classical alloys,
the flow stress and ultimate strength of HEAs are reduced as the tem-
perature increases or the strain rate decreases. The local high shear-
strain region mainly occurs along the GB at high temperatures and
low strain rates. The plasticity of the nanocrystalline HEA is attributed to
the increased GB sliding and dislocation activity, as well as the fcc to bec
phase transformation. At low temperatures and high strain rates,
dislocation glide can control the plastic deformation, in place of GB
sliding. Conversely, by increasing the temperature or decreasing the
strain rate, GB sliding dominates the plastic-deformation behaviour. The
synergistically-integrated atomic simulation and dynamical micro-
structural characteristic at nanoscales will help understand, control, and
optimize the mechanical behavior of nanocrystalline HEA systems,
thereby enabling the development of advanced nanocrystalline HEAs.
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Appendix A

In this appendix, details of separate strengthening in Eq. (1) are introduced. Based on the Kocks-Mecking model [56-58], the dislocation density in
the grain interior can be written as
dp

@:M(lﬂrkl\/ﬁ 7k2p7kep> (A1)

where k =k3/(bdg), k1 = /b, and ky = koo (¢ /éo)fl/ ™ ks is a geometric factor dependent on the grain shape and dislocations arriving at GBs, dg is
the grain size, b is the magnitude of the Burgers vector, y is a proportionality factor, koo is the dynamic recovery constant, £y is the reference strain rate,
m is inversely proportional to the temperature, and k. is an additional dynamic recovery factor based on the previous work [41]. The first two terms on
the right-hand side of Eq. (A.1) represent the athermal storage of dislocations, the third term denotes the annihilation of dislocations during the
dynamic recovery, which is independent of grain size, and the last term is related to the excess dislocation dynamic recovery introduced by nanoscale
grains. k. can be written as

k. = (d./dg)’ (A2)

where d, is the critical grain size that symbolizes the occurrence of the reinforced dynamic recovery.
The GB strengthening can be expressed by the Hall-Petch relationship as

oGp = kHP/dGl/z (A.3)

where kpp is the Hall-Petch constant of alloys.
The solid-solution strengthening, o, denotes the contribution to the flow stress arising from the solutes in nanocrystalline HEAs. The solid-solution
strengthening introduced by a single element in HEAs is calculated based on Eq. (2). The mismatch parameter, §;, in Eq. (2) can be expressed as [59].

5, =&(6G} + pror?) A

where ¢ is equal to 1. It is generally believed that 3 < # < 16 for screw dislocations, and 3 > 16 for edge dislocations [44,45]. Here, B is equal to 16 due
to that the dominant dislocations are of an edge type in HEAs. The elastic mismatch, §G;, and the atomic size mismatch, ér;, introduced by the element,
i, can be expressed as follows:

Srave  _ gpave

5ri _ 1jk1m§ Jjkim (A.5)
Ci
S5G&e  _ 5G¢
5G; = H (A.6)
Ci

ave

where ériy7, and G, denote the average atomic-size mismatch and the average elastic mismatch of the ijkim HEA. ériy, and 6Gjgy, represent the

ijklm ijklm
average atomic-size mismatch and the average elastic mismatch of the jklm HEA. §c; represents the atomic fraction difference of the element, i, be-
tween the ijkIm and jklm HEAs. The average elastic mismatch and atomic-size mismatch of HEAs in Egs. (A.5) and (A.6) can be expressed as
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oryy Oryp e Ory c
Srave — Z Z ciesdry = (c1, ¢y 1) 5r:21 5r22 6r:2,, C:z (A7)
Y Oty Orp +++ O Cu

6Gy 6Gp -+ OGyy, o

S5Gve — Z Z 165Gy = (€1,¢ay ) 5G:21 5?'22 5G:2n C:Z (A.8)
b 8Gy G -+ 6Gwm ) \cu

where 6G;; and éry denote the elastic mismatch and the atomic-size mismatch between the atoms, i and j, which can be written as [45].

bryj= 2(r,~ — rj) / (r,~ + rj) (A.9)

8G;=2(G; - G)) /(G +G)) (A.10)

where r; and rj are the atomic radii, G; and G;j are the shear moduli of pure metal crystals i and j, respectively. Lastly, the solid-solution strengthening in
the HEA can be expressed based on Eq. (2).
The back stress, oy, is originating from the accumulation of dislocations at GBs [60], which can be expressed as

b
ab=Ml;—N (A.11)
G

where N is the number of dislocations accumulating at GBs of the nanograined metal, which is determined by the following plastic-strain evolution law

dN (. N
E‘b(l NB) (A.12)

where &? is the plastic strain, ¢ and Np are the mean distances between slip bands and the maximum numbers of dislocation loops at the GBs,
respectively. The corresponding parameters used is listed in Table 3.
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