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a b s t r a c t 

Nanocrystalline (NC) materials possess excellent room temperature properties, such as high strength, 

wear resistance, and toughness as compared to their coarse-grained counterparts. However, due to the 

excess free energy, NC microstructures are unstable at higher temperatures. Significant grain growth is 

observed already at moderately low temperatures, limiting the broader applicability of NC materials. 

Here, we present a design approach that leads to a significant improvement in the high temperature 

tensile creep resistance (up to 0.64 of the melting temperature) of a NC Cu-Ta alloy. The design approach 

involves alloying of pure elements to create a distribution of nanometer sized solute clusters within the 

grains and along the grain boundaries. We demonstrate that the addition of Ta nanoclusters inhibits the 

migration of grain boundaries at high temperatures and reduces the dislocation motion. This leads to a 

highly unusual tensile creep behavior, including the absence of any appreciable steady-state creep de- 

formation normally observed in almost all materials. This design strategy can be readily scaled-up for 

bulk manufacturing of creep-resistant NC parts and transferred to other multicomponent systems such as 

Ni-based alloys. 

© 2020 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved. 
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. Introduction 

In coarse-grained (CG) materials, i.e., materials with an average

rain size greater than 10 0 0 nm, the creep deformation mecha-

isms are well known [1] to be dominated by dislocation climb

nd/or lattice diffusional flow. These mechanisms have been com-

ined in a classical macroscopic treatment, wherein the steady-

tate creep rate ˙ ε under an applied stress σ is given by [1] : 

˙  = A D 0 exp 

(
− Q 

RT 

)(
Gb 

kT 

)(
b 

d 

)p (
σ

G 

)n 

, (1) 

here A is a dimensionless constant, D 0 is the frequency factor, Q

s the activation energy of creep, R is the gas constant, T is temper-

ture, G is the at-temperature shear modulus, b is the Burgers vec-

or, k is the Boltzmann constant, d is the average grain size, p is the

rain size exponent, and n is the stress exponent. In this classical

heory, the value of the stress exponent can be used to distinguish
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etween the dominant mechanisms. For instance, the diffusion-

ased mechanisms of the Nabarro–Herring and Coble creep typi-

ally have a smaller stress exponent and stronger grain size depen-

ence as compared to the dislocation-based mechanisms. As such,

he Coble creep is observed in materials with finer grain sizes, en-

bling grain boundary (GB) diffusion at relatively lower tempera-

ures and resulting in higher steady-state creep rates [2] . Accord-

ngly, the steady-state creep rate in many pure nanocrystalline (NC)

aterials (grain size below 100 nm) was found to be four to five

rders of magnitude higher than in CG materials [3–5] . 

Contrary to the trends mentioned above, it has been recently

emonstrated [6] that the compression steady-state creep rate of

C Cu-10at%Ta can be less than 10 −6 per second — six to eight or-

ers of magnitude lower than that for most NC metals. This drastic

etardation of the creep rate was found at temperatures between

.5 and 0.64 of the melting temperature (T m 

) of the Cu matrix

1,356 K) and under applied stresses ranging from 0.85% to 1.2%

f the shear modulus. This unusual combination of properties was

ade possible via a processing route that created a distribution

f nanoclusters of Ta atoms that pinned the GBs within the alloy.

he pinning was further shown to improve the thermomechani-

al stability of the grains by increasing the energy barrier for GB
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sliding and grain rotation and by inhibiting grain coarsening under

extremely long-term creep conditions. 

However, there is a number of applied and fundamental ques-

tions that should be answered for further understanding of the na-

ture of the unusual creep behavior of the Cu-Ta alloys and their

potential for applications [7] . The fundamental questions are re-

lated to 1) the origin of the large instantaneous strain that exceeds

the typically observed strains in other engineering alloys; and 2)

the mechanisms responsible for the ability of this material to resist

steady-state creep and sustain tertiary creep without fracture un-

der tension loading. The questions related to applications include:

1) The scalability issue, i.e., the ability to control the grain size

within a large volume of the material for the production of engi-

neering parts by the appropriate synthesis and consolidation meth-

ods; 2) Improvement of the oxidation resistance; and 3) Potential

for designing a higher-melting-point analogue of this material for

a broader scope of applications, including Ni- or Co-based systems.

This paper presents an attempt to address some of these questions.

In this work, a chemically optimized (see Figure S1) NC Cu-

3at%Ta alloy (referred to herein as the NC Cu-3Ta alloy) is used as

a model material to provide a deeper understanding of the creep

response in this highly stabilized system. The optimum Ta solute

concentration in the NC Cu-3Ta alloy ensures long-term thermo-

mechanical stability as well as high thermomechanical strength.

We apply a combination of experiments and atomistic simulations

to study the key mechanisms by which the Ta nanoclusters sta-

bilize the GBs and reduce the tensile creep rates during the pri-

mary, secondary, and tertiary stages of the creep process. The un-

derstanding gained in this work suggests a clear route to further

improvements of the creep resistance of these alloys, as well as

the design principles for developing analogous systems for extreme

temperature and pressure applications. To demonstrate the trans-

ferability of knowledge, we present preliminary work on design-

ing a Ni-based system using a similar approach. Overall, this work

demonstrates that properly designed NC materials can be pushed

beyond their perceived mechanical and thermal stability limits that

were thought to be unbreakable, including the scalability to large

mechanical/structural components. 

2. Experimental methods and computational details 

2.1. Powder processing, machining and test setup 

The NC Cu-Ta and Ni-Y alloys were processed using high-energy

ball milling followed by equal channel angular extrusion (ECAE).

Powders of pure Cu and Ta (-325 mesh and 99.9% purity) were

mixed in appropriate amounts and packed in a hardened steel vial

under Ar atmosphere. The vial along with the powders was loaded

with 440C stainless steel balls with the ball-to-powder ratio of 5:1.

The powders were milled at the liquid nitrogen temperature for 4

hours using a SPEX 

TM milling machine with liquid nitrogen flowing

across the vial. Following the milling, the powders were packed in

a Ni can under Ar atmosphere (oxygen and H 2 O < 1ppm) for ECAE

processing at 973 K. Further details of the powder processing and

ECAE, as well as the impurity characterization can be found in [8] .

Similar procedures were followed for the Ni-Y alloy, in which case

the ball-to-powder ratio was 10:1 and the cryo-milling time was 8

hours. Before starting the ECAE process, the die assembly used for

processing the billets was preheated to 623 K (350 °C) to minimize

thermal loss during the ECAE processing. The billets, heated and

equilibrated to 1373 K (1100 °C) for 40 min, were quickly dropped

into the ECAE tooling from the furnace and extruded at a rate of

25.5 mm/s. 

After the ECAE processing, the Cu-Ta billets were machined on

a lathe machine [9] to make cylindrical dogbone samples for per-

forming quasi-static tension and creep experiments (Figure S2).
he samples had threaded grip sections and a gage section with

 length of ~ 12 mm and a minimum diameter of ~ 3.3 mm. Ten-

ile creep experiments were performed using an Instron load frame

quipped with a 50 kN load cell and an ATS TM clam-shell heating

urnace capable of the maximum temperature of 1473 K (1200 °C)
Figure S2). The loading rods were machined from MarM 246 (Ni-

ased superalloy) material to avoid any creeping of the setup it-

elf. The creep setup was enclosed by a quartz tube to pass pres-

urized pure Ar gas (oxygen and H 2 O < 1ppm) during the testing

see Figure S2). The quartz tube was sealed at the bottom and the

op to avoid any leaks. The system was held at the testing temper-

ture for 30 min before loading to achieve a uniform temperature

ithin the specimen. Creep experiments were carried out at the

emperatures of 673 K (0.5 T m 

), 873 K (0.64 T m 

), and 973 K (0.72

 m 

) and various fractions of the at-temperature yield strength (YS).

he tests were run for 2 weeks (336 hrs) or until failure. Before

erforming the tensile creep experiments, quasi-static uniaxial ten-

ile tests were conducted at various temperatures to determine the

t-temperature yield strength. The geometry of specimens and the

xperimental conditions were similar to those for the creep exper-

ments. 

.2. Microstructural characterizations 

Transmission Electron Microscopy (TEM) was employed to ob-

ain grain size distributions and microstructural characteristics.

EM characterizations were carried out on as-received and post-

eformed samples using an aberration corrected ARM-200F op-

rated at 200 keV. Extensive details on specimen preparation for

EM can be found elsewhere [10–13] . Multiple bright field and

ark field images were captured in both the high-resolution TEM

nd Scanning TEM (STEM) modes to assess the microstructure and

uantify statistics such as the grain size distribution. For TEM char-

cterizations of the creep samples, lamellae were prepared in the

iddle of the gage section (for samples that did not fail) or just

elow the fracture surfaces (for failed samples). 

.3. Computational details 

The atomistic simulations utilized the angular-dependent in-

eratomic potential for the Cu-Ta system [14] , which accu-

ately reproduces many properties of this system in agree-

ent with experimental data and first-principles calculations. The

olecular dynamics (MD) simulations employed the Large-scale

tomic/Molecular Massively Parallel Simulator (LAMMPS) [15] . The

onte Carlo (MC) simulations were conducted with the parallel

C code ParaGrandMC [16] to generate different compositions of

u-Ta alloys using the composition–controlled MC algorithm [17] .

his algorithm brings the system to thermodynamic equilibrium at

 given temperature and the alloy composition under zero–stress

onditions. 

The Cu nanocrystal was constructed by the Voronoi tessellation

ethod [18] and contained 32 grains with an average grain size of

2.6 nm. The sample contained about 5.4 million atoms and had

he approximate dimensions 40 nm x 40 nm x 40 nm with peri-

dic boundary conditions in all directions. Despite the known ad-

antages [18] , microstructures created by the Voronoi tessellation

ethod may produce inaccurate time evolution of the grain size

istribution. More advanced methods aimed to generate more re-

listic grain size distributions have been proposed [19–21] . How-

ver, in the present work, we only deal with a relatively small

umber of grains and our goal is not to reproduce their collec-

ive time evolution accurately. We are more interested in probing

he local creep mechanisms occurring on the scale of a single grain

r a small group of grains. The GB structures were optimized by a

rocedure described in [22] . In the MC simulations, the Ta atoms
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Table 1 

Temperature and stresses (in MPa and fraction of simulated yield stress) imple- 

mented in the atomistic simulations. 

T (K) T/ T m Simulated Yield stress (MPa) Applied stress 

850 0.64 858 0.35YS (300 MPa) 

900 0.68 788 0.38YS (300 MPa) 

950 0.72 639 0.47YS (300 MPa) 

1000 0.75 554 0.54YS (300 MPa) 

1050 0.79 440 0.68YS (300 MPa) 

1075 0.81 376 0.80YS (300 MPa) 

1100 0.83 338 0.30-0.89YS (100-300 MPa) 
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ere found to precipitate in the form of nano-size clusters located

ithin the grains and at GBs and triple junctions. 

To investigate the tensile creep deformation mechanisms, ten-

ile creep simulations were performed by applying a constant

tress along one of the Cartesian directions with zero pressure in

he lateral directions. The sample was subject to a series of uni-

xial stresses ranging from 100 MPa to 300 MPa at temperatures

rom 850 K to 1100 K. The creep stresses were comparable to those

mplemented in the experiments. To facilitate comparison with ex-

eriments, Table 1 summarizes the simulated creep stresses both

n MPa and as a fraction of the at-temperature yield stress. The

atter was obtained by separate simulations. 

Snapshots of the simulation block were saved at regular inter-

als of time and were examined using the visualization software

VITO [23] . The atoms in the grains were identified and tracked

y utilizing a parallelized C ++ computer code written for evalu-

ting the local lattice orientation around each atom [24] . Four dif-

erent chemical compositions were tested, ranging from pure Cu to

u-4at% Ta. 

. Results 

.1. Microstructure of the chemically optimized NC material 

Initially, the composition of the Cu-Ta alloys was optimized

hrough long-term isothermal annealing experiments and post-

nnealing hardness measurements on alloys with 1at%, 3at%, 5at%,

nd 10at% of Ta. The hardness measurements for the four compo-

itions as a function of annealing time at different temperatures

ave shown that that the NC Cu-3Ta alloy displayed optimum sta-

ility at high temperatures for a longer duration (Figure S1). These

eneficial properties originate from an optimal interplay among

everal factors, such as the Ta cluster stability, precipitation hard-

ning effects, and the stability of the average grain size in the ma-

rix [8,25] . This optimized chemical composition was thus chosen

or further tensile creep studies. 

Fig. 1 shows the as-received microstructure of the NC Cu-3Ta

lloy ECAE processed at 973 K. The low magnification bright field

BF) STEM image in Fig. 1 A shows the overall microstructure of

he alloy. It can be seen that the alloy has Cu grains with an aver-

ge size of about 100 nm. Ta has a bimodal size distribution: it is

resent in the form of individual grains with an average diameter

f around 50 nm, and as small clusters ( < 10 nm) with an average

iameter of 3 nm. Earlier atom probe studies on Cu1-at%Ta and

u-10at%Ta showed the Ta cluster densities of about 4.1 × 10 23 

 

−3 and 6.5 × 10 23 m 

−3 , respectively [8] . Higher magnification

edium angle annular diffraction (MAADF) STEM images in Cu-3Ta

 Fig. 1 B) reveal that the Ta nanoclusters are present both inside the

u grains and along the GBs, and that their number density is on

he order of 10 23 m 

−3 . Most of them have a core-shell structure

ith an oxygen rich core. Note that the powder processing and

onsolidation are performed in an inert Ar atmosphere with the

ypical O impurity content less than 1 ppm. Hence, it can be as-

umed that the majority of oxygen in the clusters comes from the
ative oxides in the powders, which are introduced into the lattice

uring the mechanical alloying. Detailed compositional characteri-

ation of Ta nanoclusters can be found in [8] . The Ta clusters are

ostly coherent or semi-coherent with the surrounding Cu matrix

26] . The size and inter-particle spacing of the nanoclusters have

een shown to remain exceptionally stable under extreme condi-

ions [6,27] . The large Ta particles are very low in density and do

ot make a significant contribution to the strength of the alloy

28] . Fig. 1 C shows the size distribution for the Cu grains having

 Gaussian profile with a mean of around 100 nm. 

.2. Mechanical properties and deformed microstructure of the Cu-Ta 

lloy 

As discussed in Section 3.1 , a series of Cu-Ta alloys with four

hemical compositions were prepared and processed at different

emperatures for optimization purposes. Fig. 2 A shows the true

tress – true strain data under uniaxial tensile loading at a strain

ate of 0.001 s −1 for different compositions. The solid, dashed and

otted lines correspond to the processing temperatures of 973 K,

173 K and 1273 K, respectively. For the temperature of 973 K,

C Cu-3Ta (red line) shows significantly improved tensile ductility

ver other compositions. Based on the improved thermal stability

Figure S1) and tensile ductility, the NC Cu-3Ta alloy was chosen

o evaluate high temperature tensile creep behavior. The 0.2% yield

trength (YS) of this alloy as a function of temperature, from room

emperature (RT, 298 K) up to 973 K, is plotted in Fig. 2 B. The alloy

xhibits a RT YS of about 955 MPa, which is about twice as high

s that of pure NC Cu with similar grain size [29] . Moreover, the

S shows a linear decrease with temperature, as opposed to the

igmoidal dependence seen in CG pure Cu. 

Tensile creep experiments were performed under the stress of

.30 of the yield strength (0.30YS) at 673 K (0.5T m 

), and under

.30YS and 0.50YS at 873 K (0.64T m 

) and 973 K (0.72T m 

) using

he samples engineered with a backing nut to prevent the slipping

f the threads under such extreme conditions (Figure S2). When

eporting the test results, the YS is referred to the respective tem-

erature ( Fig. 2 B). The tensile creep strain as a function of time

btained under the above conditions is plotted in Fig. 3 . For com-

arison, the plot includes the tensile creep data for Ni-based su-

eralloys (mostly single crystals) cited from the literature [30–32] .

n the case of NC Cu-3Ta, a prominent primary creep regime can

e identified at temperatures up to 873 K (0.64T m 

) and for all

ractions of the YS. The primary creep is followed by an unusual

teady-state creep regime, in which the creep rate becomes nearly

ero (the horizontal portion in the curves). The tests were stopped

fter 2 weeks of testing if no failure occurred. For the test temper-

ture of 973 K (0.72T m 

) and all fractions of YS, an extended pri-

ary creep regime was observed similar to the one seen at lower

emperatures. However, at this temperature the steady-state creep

ehavior was different, in that it had a non-zero slope and was fol-

owed by a short tertiary creep and ultimately failure. The steady-

tate creep rate at 973 K was on the order of 10 −8 s −1 . In all cases,

he time to failure depends on the magnitude of the applied stress.

y contrast, Ni-based superalloys show a traditional creep versus

ime curves where three distinct regimes corresponding to the pri-

ary, secondary, and tertiary creep can be identified under all test

onditions. The tensile creep behavior exhibited by the NC Cu-3Ta

lloy at temperatures up to 0.64T m 

is highly unusual for a NC ma-

erial, especially one that was processed through powder metal-

urgy. 

To further analyze the creep responses, specifically the issue of

he large initial strain as discussed in the Introduction, the primary

reep strains for all testing conditions were fitted with a power law

s presented in Fig. 3 B. The strain was found to follow a cubic-root

ependence with respect to time (t 1/3 ). This behavior is consistent
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Fig. 1. (A) Bright field (BF) STEM micrograph of as-received NC Cu-3at%Ta showing a low magnification view of the overall microstructure. (B) Medium angle annular dark 

field (MAADF) STEM micrograph showing a high magnification view of the Ta nanoclusters (marked by yellow arrows). (C) The size distribution of Cu grains in the as-received 

material. 
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with the Andrade β-flow theory [33] . The primary creep is tran-

sient in nature and eventually culminates into a steady-state creep

behavior. Upon the application of stress, certain regions within the

microstructure, for example the GBs and triple junctions, experi-

ence stress concentrations. The local stresses in those regions are

higher than the applied global stress but lower than the stress

required to cause local yielding [34] . As such, the microstructure

undergoes relaxation to overcome the local stress buildup, which

slows down with time. This relaxation can explain the primary

creep deformation observed in NC Cu-3Ta. This explanation is con-

firmed by the loading and re-loading experiment shown in Fig. 3 C.

Upon re-loading, the sample crept at 873 K (0.64T m 

) for 1.5 weeks

displays a lower primary creep strain since the microstructure has

already been relaxed during the initial creep testing. This observa-
ion is consistent with the atomistic simulations discussed below.

t points to a possible route to reduced initial large instantaneous

train, i.e., annealing under stress to reduce or eliminate the large

nstantaneous strain. In regard to the limited tertiary creep behav-

or, this work demonstrates the ability of the microstructure pro-

uced by the powder process to withstand damage accumulation

nd prolong the secondary creep behavior. 

Fig. 4 shows low and high magnification BF STEM micrographs

f samples creep tested at 873 K (0.64T m 

) and 973 K (0.72T m 

) un-

er a 0.50YS stress. The former specimen lasted for two weeks of

esting without failure, whereas the latter one failed after a day of

reep testing. Scanning electron microscopy images confirm that

 negligible oxide film ( < 10 μm in thickness) was formed on the

urface at elevated temperatures, as measured post testing (Figure
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Fig. 2. (A) True stress – true strain data under uniaxial tensile loading at a strain rate of 0.001 s −1 for various compositions of the Cu-Ta family (1at%, 3at%, 5at% and 10at% 

Ta) and processing temperatures (973 K, 1173 K and 1273 K). Strain to failure in each case is indicated by the respective markers. (B) 0.2% Yield strength (YS) obtained by 

uniaxial tensile tests for the NC Cu-3Ta alloy at a strain-rate of 0.001 s −1 as a function of temperature. 

Fig. 3. (A) Tensile creep strain versus time for NC Cu-3at%Ta at different fractions of the melting temperature (T m ) plotted along with data for Ni-based superalloys from the 

literature [30–32] . (B) Primary creep strain under various testing conditions is plotted as a function of time 1/3 . (C) Tensile creep curve at 873 K (0.64T m ) and 0.50YS stress for 

a testing period of 1.5 weeks (solid blue line) followed be re-loading under the same conditions (dotted blue line). Note the reduced primary creep as a result of re-loading. 
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Fig. 4. Bright field (BF) STEM images in (A) and (C) represents the low magnification microstructure for samples creep tested under a 0.5YS stress at 873 K (0.64 T m ) and 

973 K (0.72 T m ), respectively. The respective high magnification images are shown in (C) and (D). (E) Size distribution for Cu grains in the as received and creep tested 

samples at 873 K (0.64 T m ) and 973 K (0.72 T m ) and under various fractions of the YS. 
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time scale of the simulations. 
S4). The oxide film formation is likely caused by the increased Ta

content in the alloys, creating a native passivation surface layer.

This observation suggests a possible pathway for developing oxi-

dation resistant coatings taking advantage of the large density of

the interfaces in the material providing fast diffusion paths. 

The post-deformed images in Fig. 4 demonstrate that the al-

loy maintains its NC microstructure even after being subjected to

the extreme tensile creep conditions. The size distributions of Cu

grains (obtained from multiple micrographs similar to Fig. 4 A and

C) plotted in Fig. 4 E confirm a negligible increase in the grain size

as compared to the as-received material. For instance, at 973 K

(0.72T m 

) the average Cu grain size is 125 nm, which is only a fac-

tor of ~ 1.25 increase relative to the as-received grain size of 100

nm. Under all other testing conditions, the average Cu grain size

does not increase beyond 130 nm. The Ta nanoclusters (indicated

by yellow arrows in the high magnification images), which are crit-

ical in imparting the thermomechanical stability, also show a small

change in their average diameter. We can conclude that the slight

grain coarsening is only due to the microstructure relaxation dur-

ing the transient primary creep. 

3.3. Atomistic modeling of creep deformation mechanisms 

The stress exponent n appearing in Eq. (1) is often used as an

indicator of the creep deformation mechanism in materials [35] .

However, the highly unusual creep behavior of the NC Cu-3Ta al-

loy limits our ability to infer the creep mechanism from exper-

imentally measured values of n . More direct investigation meth-

ods must be used. In this section, we discuss the results of three-

dimensional atomistic computer simulations of the tensile creep

process in NC Cu-Ta alloys designed to underpin the dominant

creep deformation mechanisms. 

The simulations were performed using the MD and MC meth-

ods for four different chemical compositions: pure Cu, 0.5at%Ta,
at%Ta and 4at%Ta. As mentioned above, thermodynamic equilibra-

ion of the simulation models resulted in the formation of nano-

ized Ta clusters distributed inside the Cu grains, at GBs, and near

riple junctions, similar to their distribution observed by TEM in

s-received samples. Fig. 5 illustrates the microstructure evolu-

ion under a 300 MPa creep loading at the temperature of 1100

 in pure NC Cu and the NC Cu-4at%Ta alloy. In pure NC Cu,

ignificant grain growth and grain rotation are observed after 14

s of creep testing, along with twinning and dislocation emission

nd propagation. Similar microstructure evolution (not shown here

or the sake of brevity) was also observed in samples with the

.5at%Ta and 2at%Ta compositions. The grain growth was signifi-

antly slower but visible. By contrast, simulations of NC Cu-4at%Ta

evealed excellent microstructural stability as shown in Fig. 5 B. In

his alloy, GB migration was strongly impeded by the Ta clusters,

rastically slowing down the grain growth and preserving the total

umber of grains. The simulation block was only found to elongate

long the tensile direction and compress in lateral directions. 

The deformed microstructure showed evidence of GB sliding

nd short circuit diffusion along the GBs. Fig. 6 displays the evolu-

ion of the network of mutually perpendicular marker lines in the

u-4.0%Ta alloy after 200 ns of the creep test. Comparing the ini-

ial and final snapshots of the structure, we find that the marker

ines intersecting with the GBs are segmented and shifted relative

o each other, which is a signature of GB sliding. Some of the seg-

ents are slightly tilted relative to the original orientation, which

s an indication of grain rotation. However, the amount of GB slid-

ng and grain rotation is relatively small. The most prominent fea-

ure of these images is the extensive spreading of the material that

nitially belonged to the marker lines along the GBs. This spreading

s direct evidence of extensive GB diffusion occurring during the

est. There is no spreading of the marker lines inside the grains,

ndicating the absence of any appreciable lattice diffusion on the
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Fig. 5. Three-dimensional atomistic simulations showing microstructural evolution in a (A) NC pure Cu and (B) NC Cu-4at%Ta alloy under a 300 MPa tensile creep loading 

at 1100 K. The green and yellow colors indicate Cu atoms in perfect FCC environments and Ta atoms, respectively. The remaining colors decorate GBs. 
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Typical strain-time curves observed in the simulations at differ-

nt temperatures and stresses are shown in Fig. 7 together with

he respective strain-rate plots. The curves display primary and

teady-state creep stages with the steady-state creep rate increas-

ng with temperature and stress. From the logarithmic plot of the

train rate versus stress ( Fig. 8 A), the stress exponent appearing

n Eq. (1) was found to be n = 3.8 ± 0.4. The activation energy

f creep Q was extracted from the linear fit to the Arrhenius plot

hown in Fig. 8 B. The activation energy obtained, 1.5 ± 0.2 eV, is

maller than that for lattice diffusion in Cu but higher than typical

ctivation energies of GB diffusion in pure Cu [36,37] . The latter

rend points to retardation of GB diffusion due to the presence of

a clusters, which is one of the important factors in the thermo-

echanical stability of this alloy. 

It should be emphasized the GB diffusion process controlling

he diffusional creep requires the motion of both the host (Cu) and

olute (Ta) atoms in a concerted manner. The melting temperature

f Ta is more than twice as high as that of Cu. Based on the known
orrelations between GB diffusion and the melting point [37] , it is

xpected that Ta atoms diffuse in GBs much slower than Cu atoms.

his must lead to a reduction of the effective GB diffusivity and

xplains why the creep activation energy in Cu-Ta alloys is higher

han that for GB diffusion in pure Cu. 

To investigate the creep mechanism in more detail, two-

imensional slices of the three-dimensional simulated structure

ere examined as shown in Fig. 9 . The atoms initially residing in

hree selected grains are colored in orange for visualization pur-

oses. Fig. 9 B reveals that new crystal planes (indicated by cyan

rrows) are added on either side of the GBs oriented normal to

he tensile direction (arrows in Fig. 9 B). At the same time, crys-

al planes are dissolved near the GBs that are parallel to the ten-

ile direction. Thus, during the creep process, the material is trans-

orted from GBs parallel to the tensile direction and accreted to

Bs normal to the tensile direction. This mass transport results in

longation of the grains in the tensile direction and thus in ten-

ile creep deformation. Analysis of the atomic movements indicates
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Fig. 6. Cross-sections of the Cu-4at%Ta alloy during simulated tensile creep tests. (a) Initial and (b) final state after tensile creep deformation under a stress of 300 MPa at 

1100 K. The tensile creep direction is horizontal. The horizontal (purple) and vertical (pink) stripes are two sets of mutually perpendicular marker lines. FCC, HCP and Ta 

atoms are colored in green, red, and yellow colors, respectively. 

Fig. 7. Strain versus time and strain-rate versus time curves obtained by MD tensile creep simulations at a fixed temperature of 1100 K and different stresses (A,B), and a 

fixed tensile stress of 300 MPa and different temperatures (C,D). 
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that mass transport occurs predominantly by diffusion along the

GBs. This diffusion process is driven by the difference between the

chemical potentials of atoms at differently oriented GBs, which in

turn arises from the difference in the normal components of the

stress. This deformation mechanism falls under the definition of

the Coble creep [2] . Although the simulated grain size is smaller

than the experimental, we emphasize that the processes described
ave a local character and are expected to occur in larger grains

ust as well. 

To confirm the GB diffusion mechanism of the creep deforma-

ion, slip vector analysis was performed on the deformed NC Cu-

at%Ta samples at two temperatures of 900 K and 1100 K, see

ig. 9 C-D. It was found that partial dislocations were emitted from

he GBs during the deformation process, but were typically ab-
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Fig. 8. (a) Log-log plot of steady-state deformation rate versus applied stress at 1100 K used to calculate the stress exponent n . (b) Arrhenius plot of steady-state deformation 

rate under a stress of 300 MPa used to extract the activation energy of the steady-state creep. 

Fig. 9. Two-dimensional slices of three-dimensional atomistic simulations for NC Cu-4at%Ta. (A) before and (B) after tensile creep testing at 1100 K and 300 MPa. The tensile 

direction is horizontal. The interior atoms of three selected grains are colored in orange. The cyan arrows in (B) indicate the addition of new atomic layers next to the GBs 

normal to the tensile direction. The slip vector (cv) analysis at (C) 900 K and (D) 1100 K shows that the creep deformation is localized near GBs. 
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Fig. 10. Demonstration of deformation mechanisms during the simulated tensile 

creep test at 1100 K under a 300 MPa stress. The tensile axis is horizontal. Both 

images (a,b) show the same thin slice of the 3D sample after 212 ns of testing. The 

cyan and white arrows indicate dislocations and twin boundaries, respectively. All 

atoms were tracked during the test. In (b), the atoms which initially resided in GB 

regions and later diffused out of the slice were removed from the image. Thus, the 

white areas along the GBs are caused by extensive GB diffusion. Color coding of 

the atoms: green – FCC-type atoms, red – HCP-type atoms, blue – BCC-type atoms, 

yellow – Ta atoms. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 11. Size distribution of Ta cluster during creep deformation at 1100 K under 

the stress of 100 MPa. The key indicates the simulation time. 
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sorbed back into neighboring GB regions and did not extend far

into the grain interiors. There were very few slip lines passing

across the grains at both temperatures, confirming that dislocation

slip activity in the grains did not make a significant contribution

to the deformation. The most significant slip activity was observed

in the vicinity of GBs and triple junctions. 

Fig. 10 illustrates the deformation processes in more detail. The

images show partial dislocations inside the grains emitted from

the GBs. Most of the dislocations are pinned by Ta clusters, which

arrested their motion through the grains. Deformation twins are

also observed. Fig. 10 additionally illustrated the extensive diffu-

sive transport along the GBs. The impingement of dislocations on

Ta clusters inside the grains was observed in the experiments, ex-

cept this was observed for full dislocations. The absence of full

dislocation slip in the simulations could be caused by the smaller

grain size and/or shorter observation time. However, both the ex-

periment and the simulations suggest that dislocation activity is

not the dominant mechanism of the tensile creep deformation in

NC Cu-Ta alloys. 
The Ta cluster size distribution was tracked during the creep

rocess. As one example, Fig. 11 shows the evolution of this dis-

ribution during the test at 1100 K under the load of 100 MPa.

imilar size distributions were obtained under other testing con-

itions. The plots show some coarsening of the clusters with time,

lthough their radius remains under 1 nm. Two conclusions fol-

ow from these simulations. First, although the size distribution

as collected from the entire sample, most of the coarsening is

oing on among the clusters residing at GBs. This confirms that

a transport is slow and occurs predominantly along GBs. Second,

ost of the cluster coarsening happens during the primary creep

tage of the deformation, with a much smaller contribution from

he steady-state creep. The cluster coarsening is one of the relax-

tion processes occurring during the primary creep. To support this

onclusion, a separate MD simulation was performed at the same

emperature and of the same duration. The cluster size evolution

as found to closely follow the one observed during the creep test.

he final size distribution (after 200 ns, not shown here) is virtu-

lly indistinguishable from that shown in Fig. 11 . 

The experiments have demonstrated the impact of stress-

elaxation anneals on the initial strain during the creep tests

 Section 3.2 and Fig. 3 ). To verify this effect and demonstrate its

onnection with the primary creep, a series of simulations have

een conducted that involved interrupted creep tests. The proto-

ol of the tests is presented in Fig. 12 (a), showing the individual

teps of the simulations labeled by Greek numerals. Step I was a

egular 200 ns long tensile creep test starting from an as-prepared

ample and deforming it to the onset of steady-state creep. Follow-

ng the test, the load was removed within 1 ns. The observed 0.5%

rop in the strain reflects the fast processes associated with dis-

ocations and some contribution from elasticity. The sample was

hen reloaded to the initial stress level (300 MPa) and the creep

est was continued for another 200 ns (step II). Note that the sam-

le returns to the initial strain and continues to deform in the

early steady-state regime as if there were no interruptions. This

onfirms the reversible nature of the processes responsible for the

train drop between the steps I and II. In another simulation (step

II), instead of reloading the sample, the stress-free sample was an-

ealed by a 200 ns long MD run. Note that the strain slightly de-

reased, indicating that thermally activated processes continued to

ccur to reduce internal stresses. After the stress-free anneal, the

ample was subject to another creep test of the usual 200 ns dura-

ion and under the same 300 MPa stress (step IV). The creep con-

inued with nearly the same strain rate, but the stain itself was

ower than at step II due to the irreversible deformation that oc-
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Fig. 12. (a) The protocol of the alternating stress-relaxation tests conducted at 950 K under the stress of 300 MPa. Different steps of the simulation are labeled by Greek 

numerals as explained in the text. The orange color indicates stress-free simulations. (b) Strain-time curves of the creep simulations shown in (a) are replotted starting from 

the same initial time. The labeling of the simulation steps and the color coding are the same as in (a). 
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urred during step III. In yet another simulation, the as-prepared

ample was annealed without application of stress (step V), be-

ore putting it through a creep test (step VI). This time, the mate-

ial reached the steady-state regime sooner and with much smaller

nitial strain. In other words, the primary creep stage was shorter

nd produced much smaller deformation, because many of the re-

axation processes associated with the primary creep have already

ccurred during the pre-anneal (one of them being the Ta clus-

er coarsening mentioned above). Fig. 12 (b) summarizes the stain-

ime curves during the creep steps I, II, IV and VI plotted relative

o the same initial time. The plot clearly demonstrates the effect of

nneal-and-reload treatments on the initial creep strain. The sim-

lation results closely correlate with the experimental reloading

urves shown in Fig. 3 A,C. Although the time scales of the plots

re different, the overall behavior seen in the simulations is well-

onsistent with the experiment. In particular, it follows from the

imulations that anneal at higher temperatures should lead to a

ecrease in the instantaneous strain, which is confirmed by the ex-

eriment ( Fig. 3 A). 

. Application of the design principle to Ni-Y alloys 

To demonstrate broader applicability of the proposed design

rinciple, a Ni-based alloy containing 5at%Y (referred to as Ni-

) was developed [38,39] . The Ni-Y alloy has an UFG microstruc-

ure with secondary yttrium nitride (YN) inclusions. In addition to

he large YN inclusions (~185 nm), small yttrium nano-dispersoids

ith an average size of approximately 7 nm were observed to be

istributed throughout the material and pinning the grain bound-

ries (see [39] ). Because pure NC Ni has a significantly higher yield

tress than Cu, it would damage the ECAE processing die. Due

o this processing limitation, the temperature at which Ni-Y can

e consolidated must be significantly higher, resulting in the UFG

~262 nm grain size) rather than NC microstructure. Previous stud-

es of this alloy have demonstrated that the small yttrium nano-

ispersoids are responsible for the kinetic pinning of GBs, leading

o microstructural stability at relatively high temperatures [38,39] .

e have performed a preliminary compression creep characteri-

ation of the Ni-Y alloy (compression was used instead of tension

ue to the sample size limitations discussed earlier [38] ). Fig. 13

resents the compression creep response of the Ni-Y alloy at 673

 (0.4 T m 

) under the 0.30YS and 0.50YS stresses. Under both lev-

ls of applied stress, the steady-state creep rate is on the order of

0 −8 s −1 . This creep rate is much lower than that for pure NC Ni

3] and is comparable to that of Ni-based single crystal superalloys
40] . Post–deformed TEM characterization, Figs. 13 B and C, con-

rms that there is only a marginal increase in the grain size, with

he microstructure still remaining in the UFG regime (see [38] for

he initial average grain size). More systematic and detailed studies

f this alloy’s microstructure and mechanical properties are part of

uture work. But the results presented here already demonstrate

hat the approach in which the addition of suitable alloying ele-

ents causes the kinetic pinning of GBs is an effective route for

tabilizing fine-grained materials and enhancing their structural

roperties. 

. Discussion 

The present study reveals that the Ta nanoclusters play a criti-

al role in explaining the extraordinary resistance of the NC Cu-Ta

lloys to tensile creep deformation. It has been found that at tem-

eratures up to 873 K (0.64T m 

), most of the usual creep mecha-

isms are shut down by the Ta nanoclusters through the pinning of

Bs and creating obstacles to dislocations inside the grains. Given

hat lattice diffusion is too slow at these temperatures while the

pecific GB area is high, this leaves Coble creep [2] the only can-

idate for the dominant creep mechanism. The Coble creep is con-

rolled by short-circuit diffusion of atoms along the GBs. Although

B diffusion is much faster than lattice diffusion, it is still a ther-

ally activated process that can be slowed down by alloying. Ta is

 very slow diffuser both in the lattice and in GBs, which leads to

he slow creep deformation rates found in this work. While the ex-

eriments do not have the capability to follow the mass transport

long the GBs during the creep tests directly, the complementary

tomistic simulations provide a direct evidence that the material is

issolved near GBs parallel to the tensile direction, diffuses along

he GBs, and gets accreted to GBs oriented perpendicular to the

ensile direction. These processes correspond exactly to the Coble

reep mechanism. 

Dislocation processes also occur during the creep process. Even

hough they do not directly control the creep rate, they can still

ontribute to the creep resistance. Dislocation processes are also

equired as an accommodation mechanism to ensure compatibil-

ty of the grain deformations. Evidence has been presented that

islocation motion is slowed down by the Ta clusters. Both the ex-

eriments and the simulations have shown that the clusters resid-

ng in grain interiors present obstacles to the dislocation glide, see

or example the TEM image in Figure S5. These observations are

onsistent with our previous work [28] , where it was also found

hat at low-to-moderate fractions of T m 

, the Ta clusters provide
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Fig. 13. (A) Compression creep response of the UFG Ni-Y alloy at 673 K (0.39T m ) and 30% (red curve) and 50% (blue curve) of the at-temperature yield stress. (B) and (C) 

show the post-deformed TEM images of the samples tested under the 0.30YS (B) and 0.50YS (C) loads, respectively. 
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strong resistance to the dislocation motion. Dislocations stopped

by the clusters are unlikely to overcome the obstacles by the climb.

The climbing process would require significantly higher homolo-

gous temperatures. At temperatures such as 873 K (0.64T m 

), the

creep resistance of NC Cu-Ta alloys is primarily caused by the Ta

effect on GB mobility and the mass transport along the GBs. 

As temperature increases to 973 K (0.72T m 

), the misfit strain

between the Ta atoms in the clusters and the surrounding Cu ma-

trix decreases (as confirmed by atomistic simulations and the pre-

vious experimental study [26] ). As a result, at higher temperatures

the clusters impose a weaker resistance for the dislocation motion,

allowing some of the dislocations to traverse the grains and be an-

nihilated on the opposite side. This opens another creep mecha-

nism that is otherwise blocked at lower temperatures. Dislocations

begin to play a more important role in the creep deformation. Nev-

ertheless, the steady-state creep rate still remains unusually low

and is comparable to that observed in Ni-based superalloys (see

Fig. 3 A). 

In this work, the atomistic simulations were integrated with

the experiment as a complementary tool. Both the experimental

and simulation approaches have their limitations. For example, the
imulated grain size is much smaller than the experimental. The

D creep testing time is much shorter, and the creep rate is much

igher than in the experiment. These differences with the experi-

ental conditions are caused by the limited size and time scales

urrently accessible by MD simulations. On the other hand, sim-

lations provide full access to all atomic-level processes, such as

B sliding, atomic transport along GBs, and the detailed time evo-

ution of the Ta nanoclusters during the creep tests. This informa-

ion provides significant insights into the creep mechanisms on the

icroscopic level. The ability to track atomic fluxes enabled us to

rovide direct evidence of grain elongation by GB diffusion, inter-

luster diffusion of Ta atoms along the GBs, as well as GB sliding

nd the restrain of dislocation motion by the intra-granular clus-

ers. These insights have a local character and are not expected to

epend sensitively on the grain size as long as the latter is on the

0-100 nm length scale. 

To put this work in a broader perspective, there are several ap-

roaches to stabilizing nanostructures by preventing or at least re-

ucing the grain growth. The best known of them are the thermo-

ynamic mechanism and the kinetic mechanism. Stabilization by

he thermodynamic mechanism is achieved through a reduction of
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he GB free energy γ by solute segregation [41–47] . Smaller values

f γ reduce the capillary force which drives the grain growth, pre-

erving the nano-scale grains up to higher temperatures. In fact,

t has been suggested that one can produce a thermodynamically

table NC material by reaching a minimum of the total free en-

rgy [42,43,46,48–53] . The kinetic stabilization is achieved by re-

ucing the GB mobility. One way to reach this goal is to introduce

olutes that strongly segregate to GBs and reduce their mobility

y the solute drag effect [54–57] . Another, and more effective ap-

roach, is to alloy the material with immiscible elements that pre-

ipitate in the form of stable nanophases or nanoclusters. These

mall precipitates pin the GBs in place by the Zener pinning mech-

nism [57–63] . As was demonstrated in the previous work [63,64] ,

he extraordinary structural stability of the Cu-Ta alloys is caused

y the Zener pinning mechanism, with the Ta nanoclusters playing

he role of the pinning centers. 

Alloying has traditionally been used as an effective means

o improve the properties of high-temperature, high-strength of

tructural materials. For example, the creep resistance of Ni-based

uperalloys can be improved by alloying with slow-diffusing ele-

ents such as Re and W [65,66] . However, this strategy is funda-

entally different from the one pursued in this work. The men-

ioned elements reduce the diffusion rate in the crystalline lattice

67,68] . They primarily affect the creep process via the dislocation

lide, dislocation climb, and possibly other process controlled by

attice diffusion. This is in contrast to the present design princi-

le, where the goal is to stabilize a nano-scale microstructure by

inning the GBs and reducing the rate of GB diffusion. 

Overall, the present work demonstrates a pathway toward the

evelopment of stronger NC materials exhibiting a spectrum of

ighly improved properties such as high strength, ductility and

reep resistance, with an eye towards high-temperature applica-

ions such as turbines. The proposed approach is not exclusive to

he Cu-Ta system. It can be extended to other materials systems

y introducing nanoclusters/nanophases that can kinetically stabi-

ize the microstructure and preserve the mechanical strength up to

igh temperatures. 

. Conclusions 

In summary, the results demonstrate that stabilizing fine grain

izes by nanoclusters can lead to exceptional mechanical proper-

ies that deviate from the traditional deformation mechanisms. As

n example, the NC Cu-3Ta alloy tested under tensile creep con-

itions up to the temperature of 873 K (0.64T m 

) displays a highly

nusual behavior, including the absence of any appreciable steady-

tate creep deformation normally observed in almost all materi-

ls. The Ta nanoclusters distributed throughout the microstructure

re extremely effective in stabilizing the microstructure and in-

ibiting the dislocation-based creep mechanisms. The general con-

lusion of this work is that the alloying of pure NC metals with

mmiscible solutes that precipitate in the form of nanoclusters is

n extremely effective way of achieving microstructural stability

nd drastically improved mechanical properties. It is expected that

his work will promote research effort s f ocused on the design of

igh-performance bulk NC materials suitable for high-temperature

tructural applications. 
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