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Diffusion paths in system V — Nb — W — Al in the highly concentrated region (i.e. as “High Entropy Alloys™) are
modelled using DICTRA code with commercial databases and with a new algorithm, based on the Cluster
Variation Method (CVM). The DICTRA simulations, which produce realistic diffusion profiles, show that the
diffusion path is non-linear. The CVM simulations, with parameters obtained by ab initio calculations, allow to
investigate in an incremental way the effects of thermodynamics, of correlations and the role of the intrinsic
diffusivities of the components. The results confirm the non-linear character of the diffusion path, and show that
it is primarily driven by the complex thermodynamics characteristic of these alloys. When the intrinsic diffu-
sivities are used, it is observed that the slowest diffusing species (in the present case, W) will constrain the whole
diffusion process. This is likely the origin of the so called “sluggish diffusion” effect and it is of kinetic origin,

bearing no relation with the configurational entropy.

1. Introduction

Highly concentrated alloys (HCA), usually referred to as High-
entropy-alloys (HEA), belong to a class of new materials that brought
to metallurgy a set of new concepts, results and methodologies which
have potential to revolutionise its existing boundaries. It may thus be
regarded as a new paradigm, in which the alloy design principles of
conventional metallurgy are radically redefined. HCAs are typically
synthesised with five or more substitutional alloying elements at (near-)
equiatomic composition in contrast with the terminal solid solution
concept that has dominated most of the metallic alloy paradigms used
nowadays (such as Al- [1-4], Fe- [5,6], Ni- [7] and Zr-based alloys [8]).
It should be mentioned though that some high-alloyed steels may
actually also be termed HCA or HEA.

From the definition of HCAs, the conceptualisation of four core-
effects are often mentioned in literature to be the underlying funda-
mental principles that are responsible for the differentiation of the HCAs
relative to traditional terminal solid solutions [9-18]. These core-effects
are summarised as follows:

The high-entropy effect: If all elements could dissolve in a single
phase, the equiatomic condition maximises the Boltzmann’s
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configurational entropy of that phase resulting in the minimisation of its
Gibbs free energy. By this, the number of retained phases in the HCA
solid solution after casting is significantly reduced as the maximum
entropy stabilises a single solid solution phase at high temperatures [14,
19-21]. Recent research investigated the influence of configurational
entropy on the stability of a refractory HCA - the VNbTaMoW - and
indicated that thermodynamic stabilisation in these alloys may be due to
conflicting interactions (i.e. frustration) and not the configurational
entropy maximisation [22].

Severe lattice distortion effect: As a HCA solid solution is
composed of alloying elements with different atomic sizes, its crystal
structure will suffer with severe crystal lattice distortion (Fig. 1). It has
been reported that such lattice distortion effect raises the local free en-
ergy state of the HCA, thus modifying their physical metallurgy prop-
erties by impeding dislocation motion [23].

Cocktail effect: When different elements are mixed at equiatomic
composition, as a result of mutual interactions between the elements, a
synergistic effect takes place resulting that excess quantities within the
alloy system are brought to their average values [24]. For example, it
has been reported that the addition of light elements make the final alloy
less dense [9,19]. In addition, by carefully controlling the addition of Al

Received 20 August 2019; Received in revised form 12 November 2019; Accepted 14 November 2019

Available online 3 December 2019
0364-5916/© 2019 Elsevier Ltd. All rights reserved.


https://doi.org/10.1016/j.calphad.2019.101713
http://crossmark.crossref.org/dialog/?doi=10.1016/j.calphad.2019.101713&domain=pdf

C.G. Schon et al.

Fig. 1. The conceptualisation of HCAs: (a) a quaternary alloy in its ordered
state, (b) a random solid solution after mixing of its constituents and (c) the
resulting severe lattice distortion effect (Adapted from Murty et al. [13]).

into the CoCrCuFeNi HCA, significantly hardening was observed. This is
presumed due to the cocktail effect, as stronger bonding will be estab-
lished between Al and the other elements with larger atomic sizes [9,
19].

Sluggish diffusion effect: It was proposed by Yeh et al. [10] and
Cheng et al. [25] that both phase transformation kinetics and atomic
diffusion are slower in HCAs when compared with conventional diluted
solid solution alloys [9]. It has been reported that such sluggish diffusion
effect acts in order to promote the nucleation of nanometre-sized pre-
cipitates of HCAs even in a cast state [26-28]. As a direct application,
this effect has been also reported to mitigate either the generation and
evolution of point and extended radiation-induced defects [12,29,30],
thus leading to HCAs with superior radiation resistance as the elemental
composition parameter can be used to produce alloys with controllable
defect mobility and migration pathways [31].

These core-effects are often listed as the underlying factors behind
the superior and unique set of properties that such HCAs are exhibiting
when experiments are carried out in several branches of material sci-
ences [12-14,20,32-38]. However, from a fundamental point of view all
these core effects may be questioned. In most cases the experimental
observations may be well explained within established theories.
Currently, there is a lack of studies that investigate such core-effects on a
fundamental basis and this is of paramount importance for development
of the field. Recent criticism on the sluggish diffusion [39] and on the
high-entropy core effects [22] have indicated that some of the consti-
tutive hypothesis on the theory of HCAs require deeper investigations.

1.1. The sluggish diffusion core-effect: Quo vadis?

From a fundamental point of view this effect is contrary to what
would be expected because it is well-known that ordering, ie. the
opposite to high entropy, strongly retards diffusion. Nevertheless, Tsai
et al. [40] concluded that diffusion is more sluggish in HCAs than in
conventional alloys. They investigated atomic diffusion in a quinary
HCA - the CoCrFeMnNi - by using a quasi-chemical model in order to
simplify the calculations within the multicomponent system. To do so,
the authors made the following assumptions: (i) the CoCrFeMnNi HCA is
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a near-ideal solid solution; (ii) it is feasible to study multicomponent
diffusion by using a binary diffusion couple model; and (iii) minor
alloying elements within the couple will not diffuse (or their diffusion is
negligible). Criticism on the work by Tsai et al. was later presented by
Paul [41]. In his paper, the latter author commented on the impossibility
of estimating diffusion coefficients in a five-component system by sim-
ply using conventional methods. In addition, as the intrinsic diffusion
coefficients were unknown, the average diffusion coefficients (as
calculated by Tsai et al. [40]) are of limited physical significance.
Although based on a faulty model [41], the calculations by Tsai et al.
[40] identified “sluggishness” in the diffusion parameters of the quinary
HCA which was attributed to the disorder of the lattice as promoted by
the maximisation of the configurational entropy. According to these
authors, such sluggish diffusion results into “(...) greater fluctuation of
lattice potential energy [that] produces more significant atomic traps and
blocks, leading to higher activation energies” [40].

Recent works investigated sluggish diffusion using an experimental
perspective. By annealing diffusion couples of the CoCrFeMnNi,
CoFeMnNi, CoCrFeNi and CoCrMnNi HCAs at temperatures up to 1350
K, Dabrowa et al. [39] obtained experimental values for diffusivity in
these multicomponent systems and no evident signs of diffusion retar-
dation were observed. The authors also pointed out that sluggishness
only occurred in alloys with significant Mn content and it was inde-
pendent on the number of alloying elements of the HCAs. In this sense,
the sluggishness observed in the Mn-containing HCAs indicates that the
sluggish diffusion in these concentrated alloys should be treated as a
consequence of specific elemental compositions and cannot be extended
to the general class of HCAs [39]. Similarly, by studying the effects of ion
irradiation in situ within a transmission electron microscope in either a
quaternary HCA - the FeCrMnNi - and an homologous austenitic
stainless steel (AISI-348) with same elements as major solutes, Tunes
et al. [42] observed that the nucleation and growth of inert gas bubbles
as well as the development and accumulation of radiation-induced
crystalline defects were very similar in both alloys. If sluggish diffu-
sion acted to retard the development and evolution of defects in the
FeCrMnNi HCA, the effect is in the lowest limit of experimental evi-
dence. The discrepancy between experimental evidence and theoret-
ical/computational works addressed on the sluggish diffusion
core-effect indicates that the atomic diffusion in HCAs is a complex
phenomenon and deserves further investigation at a fundamental level.

1.2. On the role of diffusion in materials science and technology

Diffusion, and in particular, solid state diffusion, plays a fundamental
role in materials science and technology. Many phase transitions
observed in iron, aluminum, titanium and copper alloys are diffusion-
controlled, meaning their kinetics are defined by the diffusion rate of
the different species. This has a strong impact in processing. Heat
treatment, for example, is nothing more than a procedure to control (and
in some cases, to suppress) phase transformations, and hence, it relies on
selectively controlling at which rate the different species in the alloy
diffuse [43-46]. The impact of diffusion in technology, however, is not
only limited to its intentional use in heat treatment. In some occasions
materials may operate in conditions in which unintentional diffusion
takes place, sometimes with severe consequences [47-51].
Multi-component diffusion is a complex process even in conventional
(meaning dilute) alloys, and require proper modeling [45,52]. It is
observed, for example, that even trace amounts of alloying elements in
steels may have strong impacts over precipitation kinetics [53], this
shows that the proper understanding of diffusion in the highly concen-
trated composition range is vital for the development of this class of
materials.

The present work aims to analyse diffusion in multicomponent alloys
(in the concentrated composition range). This will be done by simulating
the diffusion paths (i.e. the path in composition space which is produced
in a diffusion couple) in system V — Nb — W — Al, with the body centered
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cubic disordered (A2) structure. This will be done by simulating a
diffusion couple with the well-established DICTRA code, using com-
mercial mobility and thermodynamics databases. Second, a new algo-
rithm based on the Cluster Variation Method (CVM) will be presented.
This algorithm allows the simulation of the diffusion path using ab initio
data, and using an incremental procedure as well, in which first the
effect of thermodynamics is simulated, then the effect of correlations
(using adapted Manning’s mobilities [54]), and then finally including
self-diffusivities of the elements, to understand how the different aspects
of diffusion affect the process.

2. Methodology of calculation
2.1. Choice of system

System V — Nb — W — Al was selected for this investigation, based on
previous results obtained by some of the present authors [55]. Based on
ab initio calculations it is concluded that the disordered BCC phase (A2)
is stable above ~ 1100 K in the highly concentrated composition range,
and that it is characterized by very large short-range order (SRO) pa-
rameters and activity coefficients for the four species, which enhance the
non-linear effect of thermodynamics (here understood as the composi-
tion dependence of chemical potentials, as discussed in Ref. [22]) in
these compositions. The temperature of T = 1200 K has then been
selected for the present simulations as this avoids the presence of
long-range ordered states (LRO) while still keeping large deviations
from the ideal thermodynamic behavior. The choice of this BCC system
was made due to the fact that the present CVM code, in this approxi-
mation, models BCC systems and to select elements which have a stable
BCC ground state, without interference of magnetism.

The simulated “diffusion couples” correspond to the initial contact of
two infinite bars of highly concentrated alloys, one with composition
Vo.2Nbg 4Wg 2Alg 2 and the other with composition
Vo.25Nbg.25Wo.25Al0.25, the geometry of the system is assumed to be
unidimensional.

2.2. DICTRA simulations

In irreversible thermodynamics the diffusional flux j; of a species i in
the lattice-fixed frame of reference can be expressed as a linear combi-
nation of the thermodynamic forces, i.e. the gradients of the thermo-
dynamic potentials. In a system with g components one thus writes,
under isobarothermal conditions Eqn 1:

q
Ji==> LV m
=1

For a substitutional solution DICTRA [56] is based on the so-called
vacancy mechanism, i.e. diffusion occurs by an atom jumping to a
neighbouring vacant site leaving a vacancy behind. Neglecting corre-
lation effects [54] the L; matrix expressed in the lattice-fixed frame of
reference becomes diagonal and introducing atomic mobilities M; the
flux equation becomes Eqn 2

Ji= —aM;Vy, 2

where ¢; is the local concentration of i, i.e. the number of mole of i per
unit volume and M; the atomic mobility of i. It should be emphasized
that this model is by no means restricted to dilute solutions and in
principle it is able to handle any number of components in any
composition range. Transforming to other frames of reference, e.g. the
number-fixed frame of reference, introduces new set of forces and of
diagonal elements in the corresponding L matrix. The accuracy of the
calculated flux then depends on how well the mobilities represent the
experimental data. Usually it is found that the mobilities are functions of
the local composition.

The flux equation is then combined with conservation of species and
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the resulting set of partial differential equations solved with the Finite-
element method.

Simulations were performed for the diffusion couple and tempera-
ture defined in the previous section using DICTRA as available in
Thermo-Calc version 2019a. The commercial TCFE9 and MOBFE4 da-
tabases were used for the thermodynamic and diffusional properties,
respectively. In the present case the MOBFE4 database is based on
CALPHAD assessment of experimental data for binary and ternary al-
loys. Gaertnet et al. [57] criticise the use of these databases, but one has
to consider that the kinetics of the process is not the focus of the present
work, so their use is justified.

The simulations were performed for a total size of the diffusion
couple of 200 ym and a time of 5 h. This time is short enough to prevent
any impingement effects and the behaviour is parabolic. A double geo-
metric grid with 101 points and geometric coefficients of 0.97 and 1.03,
was used.

2.3. Cluster variation method algorithm

The cluster variation method (CVM) calculations are performed in
the irregular tetrahedron approximation for the BCC lattice. Details of
the basic formalism are found in previous publications by some of the
authors [22,55]. Here only the details of the new algorithm will be
described. The interested reader should consult the original references
for details of this part of the methodology. Energy parameters are taken
from VASP ab initio simulations described in Ref. [55].

The new algorithm, dubbed dpath4, is written in C++ (standard ISO
C++11 is used, but the code can be easily ported for other C++ stan-
dards). Following the inherent Object Oriented Programming (OOP)
philosophy of C++ the algorithm uses two base classes, named cluster
and bcc_it. Object cluster provides a dynamic allocated memory array
which stores the cluster probabilities, and the low-level programming
methods used to deal with this probability distribution. Class bec_it is
derived from cluster and its object provides the description of a irreg-
ular tetrahedron CVM model, including the tetrahedron probability
distribution, the energy matrix, all sub-cluster probabilities and the
methods used to perform a CVM calculation using, for example, the
Natural Iteration Method (NIM) [58].

A particular method of bec_it was designed for the present simula-
tions. This sub-algorithm is named seek_comp() and allows to find the
chemical potential set {y;} corresponding to a given composition set
{xi} (i=V, Nb, W). This is done by a bipartition algorithm and relies on
the fact that function y; (x;) is crescent (that is du; > 0=>dx; > 0 and vice-
versa). This is strictly valid only in thermodynamic stable states and it is
predicted that this algorithm may fail to converge if the thermodynamic
variables lead to a stable heterogeneous state. All present calculations
were performed in situations in which only the A2 phase (and a single
A2 phase) is stable, so the algorithm was observed to converge in all
occasions.

The bipartition algorithm was chosen because it is inherently stable,
in the sense that any initial condition leads to a solution. This is
necessary due to the non-linear character of functions y; (x;, x;j, ...) which
prevent the use of more efficient linearization techniques (for example,
Newton-Raphson). This leads, however, to a slow converging code.
Although the algorithm is stable, it is also observed that it is subject to
dynamic chaos, since the number of iterations for convergence
(assuming a constant converging radius) is strongly dependent on the
initial conditions, and in some cases they may lead to very large number
of iterations.

The present algorithm is written to work with a quaternary system,
but this is not a limitation of the algorithm itself, it was only a strategic
decision by the authors. The codes are published under the GNU General
Public Licence v. 3.0 (and the source codes are included as supplemental
material of this manuscript).

Fig. 2 shows a schematic representation of the dpath4 algorithm. It
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starts by defining two bec_it objects (A and B) and an array of cells,
which stores the local composition and chemical potential. Cell “07
contains the data of the initial composition of the “diffusion couple™” and
their contents (that is, composition and chemical potentials) are kept
constant during the entire simulation. At each iteration a new cell is
created. The composition of this cell is updated using the kinetic equa-
tions (to be discussed in the sequence) and seek_comp() is ran, to find
the new values of chemical potentials for this cell. The algorithm is then
reiterated, each time creating a new cell. Diffusion takes place between
the last cells of both object, as well as inside the objects, between the
already calculated cells (the atomic fluxes, in these cases are generally
much smaller than the one observed between the last cells in the
respective objects).

2.4. Kinetic laws for the CVM calculation

We follow the formalism developed in Ref. [22], based on irrevers-
ible thermodynamics [59], to write the relation between the diffusion
flux of component i, ji;, and the generalized forces V(u; —u};) Eqn 3:

Ji= =My (15 i) @
7

for (i,j) = V, Nb, W. Here y; represent the chemical potential of com-
ponents i in a special reference system defined by condition:

=0 4
A=V.NoW Al

This Eqn 4 ensures that the mass conservation constraint is met in the
calculations. In modelling diffusion this formalism neglects the role of
vacancies, which are not included in the model. Hence the present cal-
culations correspond, strictly speaking, to a direct substitution diffusion
model.

Coefficients M;; represent the generalized mobilities of the compo-
nents, the diagonal terms represent the effect of the gradient of chemical
potential of a given component over its own flux, while the off-diagonal
terms represent the effect of the gradient of chemical potential of a given
component over the flux of a second, different, component. The present
calculations will probe the different contributions to the diffusion flux
by defining different mobilities, as it will be discussed further on in this
section.

The diffusion couples are modelled as two blocks of alloy, named A
and B, of different concentrations, with unit cross section. The gradient,
hence, is one dimensional. Assuming that space is discretized using a
constant length d¢ = A#, we may approximate the chemical potential
gradients as Eqn 5:

A pi —py)
AF

During the simulation, cells 0 in both blocks correspond to the initial
concentration of the block and are kept constant throughout the simu-
lation. They act, therefore, as particle reservoirs for the remaining cells.
Table 1 shows the composition and the corresponding chemical poten-
tials used for the simulated diffusion couple.

Every further cell created by the algorithm has its concentration at
each iteration updated by calculating Eqn 6:

dx; =jidt (i=V,Nb, W) (6)

V ou; - ) = ®

where dt is the time step chosen for the simulation. This is possible since
the simulations are performed in the framework of the rigid lattice
approximation (ie. the molar volume is assumed constant and equal for
all components).

Initial trials using a constant time interval lead to very large
composition changes at the beginning of the simulation, therefore it was
decided to use a variable time step, starting at 100 s, multiplying by 10
every 500 iterations. A “time” is attributed to each cell (meaning the
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time in which it was created) and an arbitrary distance is calculated as
the square root of this time. Since the kinetics of the process is not the
main focus of the present work, this distance will be presented in the
form of arbitrary units (a.u.).

The first simulation probes the effect of thermodynamics on diffu-
sion, using constant mobilities. Since the width of the cell is arbitrary,

we define the fluxes directly (Eqn 7):

Ji= —kﬂ%,x 1076 x Ay —piy) 57!

In this case the diffusion flux will respond only to the difference of
chemical potentials between neighbouring cell, producing a “natural”
diffusion path. Observe that if the alloy was indeed behaving as an ideal
solution, this diffusion path would be a straight line in the composition
space.

The second simulation is designed to investigate the role of corre-
lations in defining the diffusion path. We start with the model developed
by Manning [54] to consider the effect of vacancy wind on the mobilities
for multicomponent alloys (Eqn 8a):

_xDiC 24D}

M= 1+= . (8a)
kT B0 v oW arm D),
and
2xx; DD C
Mj=———l 1 _ (8b)
kBT:OEm:V:Nb:W_A}-xMDm

with constant C defined as (Eqn Sc):
C=> x (8c)

In these cases the summations in i, j and m run over all components.

In these expressions, constant Zp is a lattice-dependent constant
which takes the value 5.33 for BCC lattices (as in the present case).
Constants Dj, correspond, in Manning’s description, to the tracer diffu-
sivities of the respective components, which, for this simulation will be
set to 1073 57 for all components (as in the first simulation, the arbi-
trary width of the cell is already accounted for in this value. In writing
equations (8a) and (8b) use was made of the rigid lattice approximation,
to express components concentrations as molar fractions.

For the present purposes these expressions will be adapted. First, we
observe that both equations contain a term involving a product of molar
fractions. In examining the original deduction by Manning [54] we
observe that the author used the hypothesis that atom pairs were un-
correlated. This product, however, is an approximation for the nearest
neighbor pair probability p‘-g, which can be directly obtained from the
CVM calculation (see, for example, ref. [22]). In addition, the present
direct substitution model contains no vacancies, so that the flux of
aluminum linearly depends on the flux of the other components,
therefore we write Eqn 9a:

AT x 2 »
 xDiC i D)€ (9a)
T T kTR, 2omev o w¥my,
and Eqn 9b
205D DIC
M= — Piy =i n (9b)
kgTEo) v nowinD,
with Eqn 9¢
— Z . (9¢)
=V bW

In these cases, the summations over i, j and m run over the set V, Nb,
W.
In the third simulation, realistic values for the tracer diffusion
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Fig. 2. Schematic representation of the dpath4 algorithm.

Table 1
Initial values for the simulated diffusion couple (and corresponding values for cell 0 in all simulation). Chemical potentials expressed in units of kg K= 8.3145J
mol L.
Block xy Xnb Xw Xal Hy Hxb Hiy Hal
A 0.20 0.40 0.20 0.20 —172.961 663.583 631.058 -1121,68
B 0.25 0.25 0.25 0.25 —653.410 —128.820 922.210 139.980

constants of V, Nb and W are used together with Equations (9a) and (9b),
allowing to probe all three contributions to diffusion (thermodynamic
effects, correlation effects and proper mobility of atoms).

Here one word of caution is necessary. As stated before, the present
diffusion model corresponds to a simple substitution mechanism. It is
very difficult, perhaps impossible, to estimate mobilities for this mech-
anism, and even if it were possible to find values, these would result in
very slow diffusivities, turning the whole simulation unrealistic. Since
the aim of the present work is to discuss the effect of the three contri-
butions to diffusion in the formation of a realistic diffusion path, and not

on the kinetics of diffusion itself, it was decided to select experimental
tracer diffusivities measured/estimated from self-diffusion and inter-
diffusion experiments in V, Nb and W. These experimental values, of
course, refer to a vacancy-mediated process, as it is usual for metallic
disordered alloys. Naturally, vacancies could be included in the model,
but this poses difficulties which need to be carefully considered [60],
and are therefore outside the scope of the present work, hence the
present approximation is justified. Also, as Gaertner et al. [57], diffu-
sivities may be composition-dependent and so the self-diffusivities
should be determined as close to the actual compositions of the
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diffusion couple. Since the intention here is just to show how differences
in the mobilities affect the diffusion path, this will be neglected in the
present work.

For vanadium we use proper tracer diffusion data measured by Peart
[61]. This author studied diffusion of V*& isotopes in vanadium single
crystals, obtaining an expression’ for the tracer diffusion constant valid
for the temperature range between 1153 K and 1626 K as (Eqn 10)

(10

200 + 14
D(T) = (0.36 i0.0Z)exp( - M) cm?®s™!

kgT

Applying this to the temperature of the simulation results in D, =
1.3895 x 10 “cm?s71.

In the case of Nb, we use the results reported by Einziger et al. [62],
which were obtained by the radiotracer method, using Nb%® isotopes in
single crystalline bulk samples of Nb. Measurements ranged from 1354 K
to 2695 K, which means that the temperature of the simulations is below
the measurement range. The authors reported an expression for the
tracer self-diffusivity of Nb in the form of a double exponential fit (Eqn
11):

; _ 349300 £ 8700
D(T) = [(8+3) x 10 3]exp< - T)
cm’s™! an
438000 £ 970
+(3.7+ 0.03)exp< - 79>
kgT

Applying this equation for the temperature of the simulation results
in D, = 5.3307 x 10 ¥cm?s 1.

Finally the results of Mundy et al. [63] for tungsten are selected.
These authors used the radiotracer method in single crystals of W, with
W as active isotope. Measurements ranged from 1705 K to 3409 K,
which is well above the temperature of the simulation. The expression
for the tracer self-diffusivity of W is (Eqn 12):

N 521000 = 50000
D} (1) = 004 fenp - 212 30000)
cm?s ! 12)
+
46 %exp < 666000 60000)
k]gT

The extrapolated value for the tracer diffusivity of W at 1200 K is,
therefore, D}, = 8.3926 x 10~25cm?s~1.

In the case of this simulation a value of AZ was selected, corre-
sponding to 0.1 pm (= 1077 cm).

3. Results and discussion
3.1. DICTRA simulations

The DICTRA simulations result in concentration profiles, i.e. ¢; as
functions of distance and time for each species i. In ternary systems, i.
e.C = 3 there are only two independent concentration variables. It is
then custom to plot the concentration of one species as a function of the
composition of another species. At a given time such a plot results in a
curve joining the composition of one side of the diffusion couple with the
other side. Such a curve is called the diffusion path. For an infinite
diffusion couple the process is parabolic, i.e. the concentration profiles
may be expressed as functions of the single variable distance/time. Then
information from all different times fall on a single curve when the
diffusion path is plotted.

In the present case C = 4 and there are 3 independent concentration
variables, i.e. the diffusion path will be a curve in a 3-dimensional dia-
gram. An example is shown in Fig. 3.

It is interesting to see that the behaviour is quite complex and by no

1 The original activation enthalpy for the three elements was reported in
either kcal mol™! or eV atom ™!, here the values were converted in J mol™*.

Calphad 68 (2020) 101713

means linear. It should be emphasized that the predicted behaviour is
just a consequence of combining the thermodynamic and mobility in-
formation without adding any special “entropic” in addition to what is
included in the normal thermodynamics.

3.2. CVM simulations

3.2.1. Effect of thermodynamics

Fig. 4 shows the diffusion path produced in the simulation in which
only contributions of thermodynamics are included (Equation (7)), after
1700 iterations of the algorithm. As these curves show, the diffusion
path is far from a straight line in the composition space, proving the
complex nature of diffusion in these alloys, as already observed in the
case of the DICTRA simulation.

Fig. 5 shows the corresponding composition profiles. As already
mentioned, the “distance” expressed in this figure corresponds to an
arbitrary length scale.

As observed, the composition profiles are considerably non-linear.
For example, both V and W present uphill diffusion in the initial part
of the profiles, resuming a “normal” behavior in the later stages. The
profile for Al, on the other hand, shows a strong composition change in
the initial stages, starting a slow stage of uphill diffusion in the inter-
mediate range of the diffusion zone. Even Nb, which shows a monotonic
reduction of content from the high content block towards the low con-
tent block, presents a profile which is far from usual and not charac-
teristic, for example, of binary diffusion. In general, we may conclude
that all components of the alloy participate in the diffusion process in a
complex manner.

It is necessary to stress again: these are the effects of thermodynamics
alone in the diffusion process. In binary alloys this effect is limited to
either an acceleration, or to a depression of the diffusion flux, due to the
thermodynamic factor of diffusion [64], but in multicomponent alloys
the effects are much richer, leading to these non-linear diffusion paths.

3.3. Effect of correlations

When correlations are introduced via the adapted Manning’s
formalism, we observe only a small perturbation from the previous
diffusion path, as depicted in Fig. 6. In the present case the simulation
converged with 1500 iterations.

Fig. 7 shows the concentration profiles produced in the second
simulation (using the adapted Manning’s formalism). The results are
again compared with the ones obtained in the first simulation (ther-
modynamics only). In this figure the distance scale was set so that it

028

Z 022
02

018 4

016 - _— 02
0.26 o . - 03
0227 e 030

Al Nb

Fig. 3. Diffusion path calculated with DICTRA for the diffusion couple. The Al,
Nb and W content are used as axis variables. The V content is thus a depen-
dent variable.
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Fig. 5. Composition profiles in the simulated diffusion couple, corresponding
to the diffusion path of Fig. 4.

presents the whole diffusion zone in both cases, but the kinetics in both
cases is considerably different, so that the comparison should be made
with care.

In general, the introduction of correlation effects lead to smoother
concentration profiles.

The effect of correlations, according to this formalism, is very weak.

This could be anticipated by analysis of Equations (9a) and (9b), since
the diagonal mobilities are roughly proportional to x;, while the off-
diagonal mobilities are proportional to ij’, which are of the order of
(x;)%. As the molar fractions are fractions of the unity, we conclude that
the effect of correlations represents, according to this formalism, a small

perturbation over the effect of thermodynamics.

3.4. Effect of the tracer diffusivities

The last simulation is produced using the previously derived tracer
diffusivities. First we observe that there are large differences between
the diffusivities of the three components (several orders of magnitude
when compared). In this sense, vanadium is a fast diffuser, niobium is an
intermediate diffuser and tungsten is a slow diffuser. These differences
are so large that numerical problems were found in the simulation,
which prevented running the simulation to the end. The results shown in
Fig. 8 corresponds to 700 iterations of the algorithm (and a total time of
226500 s).

In this simulation we observe that vanadium is rapidly diffusing in
uphill diffusion (according to the thermodynamic effect) up to a certain
concentration, and then it stops diffusing. As a result of being a fast
diffuser, the vanadium concentration changes until the combination of
potentials and mobilities results in null flux. Further diffusion of vana-
dium will be then constrained to follow the diffusion of Nb, and this will
be constrained to follow the diffusion of W. In other words, the kinetics
of diffusion is constrained by the slowest diffusing species. This is in
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Manning’s mobilities (dashed lines) compared with the results of the first using the tracer mobilities of V, Nb and W.

simulation (thermodynamics only). The length scale of the simulations was

adjusted so that in both cases the entire diffusion zone is depicted. agreement with the findings of Dabrowa et al. [39], who associated

sluggish diffusion in the investigated high entropy alloys to a particular
species (in their case, Mn), which is fast-diffusing. In this case, the role of
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Mn would be similar to that of V in the present simulation. It diffuses fast
reducing the chemical potential gradients. Further diffusion of Mn re-
quires changes in the chemical potential profiles due to the diffusion of
the slower-diffusing components, hence, as suggested here, the
slow-diffusing elements constrain the whole diffusion process.

In the opinion of the present authors, this is the origin of sluggish
diffusion in HCAs reported in the literature. The multicomponent
character of the highly concentrated alloys allows sufficient flexibility in
the diffusion fluxes, so that one slow diffusing species can control the
entire diffusion process. Evidently, this has no influence of disorder in
the lattice, it is just a kinetic effect.

4. Conclusions

As the simulations of the present work demonstrate, diffusion in
multicomponent alloys, particularly in the highly concentrated compo-
sition region, is considerably complex. Diffusion paths are non-linear
and this is primarily driven by the complex thermodynamics which
are characteristic of these systems.

A wide variety of phenomena like uphill diffusion are common and
may set on and off during a single diffusion experiment for any
component. In particular, minority components in a diffusion pair
cannot be disregarded, since they participate actively in the solid-state
diffusion process.

Correlation effects, at least as the ones accounted for in the present
calculation formalism, produce only a small perturbation of the diffu-
sion path produced by thermodynamics alone, hence, the largest effect is
produced by thermodynamics.

If realistic diffusivities are used in the simulation, it turns out that the
slowest diffusing species will constrain the whole diffusion process,
therefore, sluggish diffusion exists, but as a kinetic effect, without
relation to the lattice disorder. Such effects have nothing to do with the
ideal entropy of mixing. On the contrary short range ordering effects, i.e.
the opposite to disorder, will slow down diffusion.
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