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Ductile alloys fail in corrosive environments by intergranular stress corrosion cracking, through interac-
tions between mechanical and chemical processes that are not yet understood. We investigate forma-
tion and mechanical effects of metal defects produced by grain boundary corrosion of low-alloy pipeline
steel, at conditions of high susceptibility to stress corrosion cracking in the absence of hydrogen evolu-
tion. Nanoindentation measurements show local softening near corroded grain boundaries, indicated by
significantly reduced critical loads for dislocation nucleation. Molecular dynamics simulations of nanoin-
dentation of bulk iron showed that metal vacancies and not interstitial hydrogen atoms explain the ob-
served critical load reduction. Both the dislocation activation volume and dislocation activation energy
for vacancy-charged samples are found to be nearly one-half of that for a hydrogen charged samples.
Quantitative agreement with experimentally measured indentation response was found for vacancy con-
centrations equivalent to the bulk silicon concentration in the steel, suggesting that vacancies originate
from oxidation of reactive silicon solute atoms at grain boundaries. The results help explain the chemical
mechanism of formation of vacancy defects that may participate in grain boundary degradation in the

absence of hydrogen embrittlement environment.

© 2020 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.

1. Introduction

Stress corrosion cracking (SCC) is the unexpected fracture in
corrosive environments of normally ductile metallic alloys. In inter-
granular stress corrosion cracking (IGSCC), grain boundaries (GBs)
define the active pathways for crack growth. IGSCC affects techno-
logically critical materials such as steel for oil and gas pipelines
and aluminum alloys for aircraft [1]. The fundamental interaction
of corrosion and mechanical degradation in IGSCC is not com-
pletely understood. IGSCC processes at near-ambient temperatures
are often explained in terms of heightened chemical susceptibil-
ity at grain boundaries due to impurity segregation or second-
phase precipitation [2,3], selective dissolution of reactive alloy con-
stituents to form mechanically weak porous layers [4], or hydrogen
absorption during corrosion at low potentials [5]. The present work
focuses on a system that does not fit this typical phenomenology,
namely the initiation stage of IGSCC of low-carbon pipeline steels
in “high pH” aqueous carbonate-bicarbonate solutions (pH 8-10)
[6]. IGSCC occurs at potentials of active steel dissolution, signifi-
cantly higher than the potential range of hydrogen evolution, and
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crack velocities correlate with metal dissolution rates [7-10]. For
these reasons, it is thought that crack initiation and growth are not
affected by absorbed hydrogen. Also, microscopic characterization
studies do not reveal second-phase particles or segregated impu-
rities at grain boundaries [11,12], nor evidence of porous metallic
layers after corrosion [12].

IGSCC of pipeline steels is preceded by an initiation stage of se-
lective grain boundary attack or intergranular corrosion (IGC). Re-
cently, we reported detailed nanoindentation (NI) measurements
across grain boundaries of a X70 pipeline steel after high-pH IGC
[13]. The measurements revealed distinct hardness reductions up
to about 25% relative to the grain interiors but no significant
change in elastic modulus within distances of 1 pm from corroded
GBs. These results constitute direct evidence for corrosion-induced
grain boundary softening. We suggested that the local softening
arises from synergistic interactions between the dislocation nucle-
ation process and a “softening agent” such as hydrogen interstitials
or lattice vacancies [14-17]. Since H absorption was considered un-
likely due to the high electrochemical potential, it was suggested
that softening may derive from vacancies generated by oxidation
of reactive Si solute atoms in X70 steel [12,18]. The large overpo-
tential of 0.8 V for Si oxidation at steel dissolution potentials can
overcome the kinetic barrier for dissolution of terrace atoms as op-
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posed to kink or step atoms, a necessary condition for vacancy in-
jection [19]. Thus, vacancy formation by Si oxidation could provide
a plausible chemical mechanism for corrosion-induced localized
plasticity at grain boundaries. Evidence in the context of hydro-
gen embrittlement suggests that vacancies generated by disloca-
tion plasticity in the presence of hydrogen can promote GB cracks
[20-24]. This suggests that corrosion-generated vacancies may help
explain GB embrittlement, despite ductile crack-tip shielding aris-
ing from vacancy-induced dislocation activity.

The present work attempts to identify the defects responsible
for near-GB softening and elucidate the chemical mechanism of
their formation. The NI results of Ref. [13] are interpreted with
the help of molecular dynamics (MD) simulations of the indenta-
tion experiments. The simulations approximate the experiments on
low-alloy ferritic steel through nanoindentation of iron bcc single
crystals with variable concentrations of either vacancies or inter-
stitial hydrogen atoms. In fact, hydrogen should play no direct role
in softening in our experiments because the H concentration at the
experimental conditions is very small (see Appendix A for a quan-
titative justification). We include simulations of hydrogen effects as
a benchmark for comparison to the vacancy simulations, in view
of experimental evidence that H induces softening at sufficiently
high concentrations [16,17]. The hydrogen studies may also help
elucidate hydrogen-induced SCC at more negative potentials than
that used in this work [6]. Also, the simulations do not consider
vacancy-hydrogen defects formed by energetically favorable bind-
ing of vacancies to hydrogen in Fe, which can aggregate to create
proto nano-voids [24]. As argued in Appendix A, the concentration
of vacancy-hydrogen defects should not be significant in our exper-
iments, in view of the very small H concentration. The numerical
work only considers H or vacancies already present at GBs prior to
nanoindentation, and therefore does not include long-range diffu-
sion of H or vacancies during the indentation loading process.

The simulated and experimentally measured NI responses are
compared to determine the relative roles of hydrogen vs. va-
cancies in modulating the critical stress for dislocation nucle-
ation. The main experimental findings from Ref. [13] are first pre-
sented as load-displacement curves at variable distance from cor-
roded GBs. These results are then compared to MD-simulated load-
displacement curves for variable H and vacancy concentrations. To
further elucidate on the role of vacancies vs. hydrogen on dislo-
cation nucleation, a range of loading rates and temperatures are
also simulated to evaluate the variation of the dislocation activa-
tion volume. A model for defect diffusion is provided to directly
compare the experimental and simulated NI results on the basis
of the hypothesis of vacancy injection by Si oxidation. Conclusions
are drawn on the mechanism of corrosion-induced local plastic-
ity. This investigation illustrates that the present approach using
nanoindentation coupled with MD can identify defects involved in
degradation and elucidate the chemical mechanism of their forma-
tion.

2. Experimental and theoretical methods
2.1. Nanoindentation experiments

Samples of a high strength low carbon steel (API 5L X70) were
used in the corrosion experiments. The primary alloying elements
were Mn (1.70 wt%), Si (0.37 wt%), Cr (0.06 wt%) and C (0.09 wt%).
The majority ferrite phase consisted of nearly equiaxed grains with
about 5 um average grain diameter, while the minority pearlite
phase was composed of elongated grains less than 5 um in width.
The steel specimens were polished to 800 grit finish, cleaned and
mounted in an electrochemical cell with a Ag/AgCl reference elec-
trode and Pt counter electrode (cited potentials are with respect
to Ag/AgCl). The test solution was 1 M NaHCO5 at pH 8.1 at room

temperature. A potential of -1.0 V was applied for 5 min to cathod-
ically reduce surface oxide, and then the potential was stepped
to a value of -0.521 V within the active dissolution region of the
current-potential curve, and held at this level for 2 h. The corroded
steel samples were polished at shallow angles relative to the origi-
nal surface to reveal cross sections through the intergranular corro-
sion layer in order to enable nanoindentation testing around grain
boundaries. The polishing angle was estimated as 0.06° by mea-
surement of the apparent corrosion product layer thickness [13].
Special care was taken to ensure that the surface roughness was
significantly smaller than the indenter tip radius. The average root
mean square (RMS) geometric roughness for each indentation site
was measured to be smaller than 5 nm over 200 x 200 nm?2, a
level which would not affect subsequent NI. Nanoindentation tests
used a Hysitron TI 950 Tribolndenter with a 90° cube corner dia-
mond indenter tip with a tip nose radius of about 300 nm. Mul-
tiple lines of shallow indents were imposed perpendicular to a GB
and 1 um apart. Within each line, indents with 250 uN peak load
were spaced at 0.5 pum intervals to avoid overlap of the indenta-
tion process zones [25,26]. A height topological scan is generated
by the indenter tip and shown in Fig. 2(a). Further experimental
details are available elsewhere [12,13,18,27].

2.2. Molecular dynamics simulations

Molecular dynamics calculations to simulate the indenta-
tion experiments were performed on a domain representing an
iron bcc single crystal. The computational cell with dimensions
150 x 150 x 75 A enclosed 143,312 atoms. The atomistic simulator
LAMMPS was employed for MD calculations [28]. Two interatomic
potentials based on the embedded atom method were utilized for
iron-iron and iron-hydrogen interactions [29,30]. The results were
analyzed using the dislocation analysis tool in OVITO [31]. Differ-
ent vacancy concentrations in the range 0-1 at.% were realized by
random deletion of Fe atoms from the perfect lattice. Interstitial
H atoms were randomly introduced into the perfect lattice at se-
lected interstitial sites [32,33]. Prior to indentation, the atomistic
models were relaxed at a constant temperature of 1 K for 50 ps,
under the canonical ensemble (constant volume and temperature).
The low temperature was imposed to ensure immobility of the in-
troduced vacancies. Periodic boundary conditions were used along
the <100> and <010> directions, while non-periodic and shrink-
wrapped boundary conditions were used in <001> direction. The
atoms within the bottom layer of the model with thickness 10 A
were rigidly fixed. For each vacancy or hydrogen concentration,
six different initial configurations were generated and analyzed to
characterize the statistical variation of the simulation results.

Nanoindentation simulations were performed using a rigid
spherical indenter with radius R = 50 A up to an indentation
depth of 20 A, under the micro-canonical ensemble (constant vol-
ume and energy). Although the temperature was initially set to 1
K, a very small temperature fluctuation with a peak of 3 K was
recorded during the indentation loading stage. The indentation axis
was chosen to be along the <001> direction. The initial position of
the indenter was located at the center of the simulation cell. The
indenter applied a force on each atom in the material sample with
magnitude

2
F(r) — {—OK(r—R) . T<R )

where R is the indenter radius, r is the distance between the in-
denter center and the atom, and the constant K is 10 eV/A2. The
indenter speed of 5 m/s was applied with a time step of 2 fs.
It should be noted that the indentation speed of the simulations
is relatively high compared to the experiments, though it is suf-
ficiently low to maintain the equilibrium state in the simulations
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Fig. 1. (a) SEM image of the angle-polished corroded surface, showing the IGC attack at a triple junction. (b-d) EDS intensity maps showing Fe, O, and Si content, respectively.

(e) EDS spectra on the selected regions 1 and 2 marked in (a).
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Fig. 2. (a) AFM image in surface gradient mode showing the grain boundary and the locations of the imposed lines of nanoimprints. (b) A representative set of load-
indentation depth curves for the indents on line 2 at different distances from the GB, along with Hertzian fit for the spherical contact. (c) The variation of the critical load
for the first displacement burst (normalized by the critical loads obtained for the interior of the grains) with the distance from the GB, along with the predictions of the

MD/vacancy diffusion model (Eq. (5)).

and qualitatively achieve the targeted results. In this work we uti-
lize the first displacement burst to identify the critical nucleation
stress for dislocation. The inclusion of vacancies or H into the crys-
tal might favor heterogeneous mechanisms of dislocation nucle-
ation, and thereby their activation volume [34]. To clarify such ef-
fects, MD simulations of two sets of samples containing the same
concentration of initially introduced H-interstitials and vacancies
are examined under nanoindentation with strain rates of 108/s,
109/s, and 10%/s and at temperatures of 100K, 300K, and 500K.

3. Results and discussion
3.1. Nanoindentation experiments

The SEM micrograph in Fig. 1(a) illustrates the morphology of
the subsurface intergranular corrosion layer revealed by shallow-
angle polishing. The light gray-shaded regions are the roughly
equiaxed ferrite grains. IGC attack produced crevices at triple junc-
tions shown as black-shaded areas surrounded by approximately
1 pum thick dark gray-shaded oxide-carbonate corrosion product
layers [12]. Fig. 1(b-d) depicts the energy-dispersive X-ray spec-
troscopy (EDS) elemental intensity maps for Fe, O, and Si contents,
respectively. The GB corrosion product layer is mainly composed
of Fe and O. Fig. 1(e) shows EDS spectra for region 1 within grain
interior and region 2 within GB corrosion product layer, as high-
lighted in Fig. 1(a). The EDS spectra shows the presence of Si in
the GB corrosion product layer, thus demonstrating oxidation of Si
solute atoms at grain boundaries.

Fig. 2(a) is an atomic force microscope (AFM) surface topogra-
phy scan showing a crevice at the GB triple junction, with four

lines of NI imprints across the GB at different distances from the
triple junction. Lines 2 and 3 are close to the GB crevice, where
an approximately 1 um thick corrosion product should be found
based on SEM images as in Fig. 1 (a). The corrosion product layer
at line 3 should be much thinner than 1 wm, and line 4 is beyond
the maximum penetration of corrosion. Fig. 2(b) shows a set of
load-indentation depth curves at the different locations indicated
in Fig. 2(a). The initial elastic Hertzian contact response of the
base material is also marked on Fig. 2(a) for indentation modulus
(E=210 GPa) and indenter tip radius (R = 350 nm) [35]. Within the
first few nanometers, all curves exhibited similar responses that
follow Hertzian contact behavior.

All indentation curves exhibited multiple displacement bursts.
Displacement bursts have been linked with several different mech-
anisms such as dislocation nucleation or propagation [36-38], brit-
tle cracking of the native oxide layer [39], and surface roughness
[40]. In this work, we ensured that the surface roughness (~5nm)
is much smaller than the NI tip radius. Therefore, the first dis-
placement burst event on every curve can be safely considered
as the dislocation load at H/vacancies, when the critical nucle-
ation stress is reached underneath the indenter tip [36-38]. The
critical stress required to nucleate a homogenous dislocation loop
Toccurs at the maximum shear stress underneath the indentation
surface Tmax|purse- This stress level can be assessed from the criti-
cal load associated with the first displacement burst event, and is

given by
6 E2 )” ’

Tor A Tmax | pyrse = 0-31 (7.[3R2Pburst
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Fig. 3. (a) MD simulation model, showing the iron atoms (blue), and the atoms surrounding the lattice vacancies (0.1 at.%). (b) Load-indentation depth curves for different
vacancy concentration, (c) load-indentation depth curves for different hydrogen atom concentration. (d) The MD results for the critical dislocation nucleation load (normalized
by that of perfect crystal) as a function of the concentration. The error bar is derived from six different geometric rendering of the model.

where Py, is the measured load corresponding to the first dis-
placement burst [36]. Fig. 2(c) shows the spatial variation of the
average of Pp, within the two grains along lines 3 and 4 as a
function of distance from the GB. Loads were normalized by that
of the grain interior. On line 3 (which will be compared with the
MD simulation), a 55-60% drop is detected in P, near the GB
compared to the bulk of the grains. From Eq. (2), this implies an
approximately 25% degradation in the barrier stress t. level for
dislocation nucleation, and therefore an enhanced plasticity with a
lower dislocation nucleation barrier. Line 2 (not shown here) ex-
hibited nearly the same spatial modulation as line 3, but with a
lateral shift corresponding to the thickness of the GB corrosion
product. The observed trend of Py, modulation was found at
other triple junctions on the same surface, with a spatial modula-
tion zone 1-2 um from the GBs. To highlight the significance of the
observed reduction in Py, close to corroded GBs, note that line
4, located beyond the corrosion-affected region, exhibits the oppo-
site trend of Py, with increased levels close to the GB. Other sets
of NI scans on uncorroded surfaces showed statistical variations of
Ppurse With similar increased levels closer to the GB. Such increases
are typically understood in terms of increase of barrier stress for
dislocation nucleation close to GBs [40].

3.2. Molecular dynamics simulations

MD simulations using the embedded atom method were em-
ployed to explore the roles of hydrogen and vacancy defects in the
NI response, and to identify the atomistic mechanisms responsi-
ble for corrosion-induced softening near the GB. Nanoindentation
on domains representing bcc Fe single crystals was compared to
the response of the same domains with various concentrations of
either vacancies or hydrogen. Fig. 3(a) shows the starting configu-

ration of the atomistic model cell for 1% (atomic percent) vacancy
concentration, with light shading used to highlight atoms neigh-
boring vacancies. Fig. 3(b) shows the load-indentation depth curves
for three different vacancy concentrations, along with the perfect
crystal response. The initial elastic response of the crystal showed
a minor gradual softening with increase of the atomic vacancy con-
centration. All loading curves exhibited load bursts at critical load-
ing levels that tended to decrease with increasing vacancy concen-
tration. Simulations produced load rather than displacement bursts
as in Fig. 2(b), since the displacement rate was controlled. For per-
fect crystal, simulation results showed that multiple dislocations
nucleated simultaneously, yielding a large load burst. However,
with increase of the vacancy concentration, successive and dis-
crete dislocation nucleation events were observed, leading to grad-
ual stair-case bursts as shown in the curve for 0.5% vacancy con-
centration. It is worth noting that all the load-indentation depth
curves exhibited the same average slope after exhaustion of the
load burst events, due to a similar lattice resistance for dislocation
mobility. This trend confirms that these dispersed atomic-scale va-
cancies, differently from nanoscale vacancy clusters which usually
act as obstacles to dislocation migration, can reduce the dislocation
nucleation barrier, while they may not significantly impact disloca-
tion migration kinetics. Fig. 3(c) shows the load-indentation depth
curves for different H atomic concentrations, along with the curve
for the perfect crystal for comparison. There was an observable
softening within the initial elastic part of the curves compared to
that for the perfect lattice. However, no distinct change was found
relative to the perfect crystal for either the critical load or the am-
plitude of the load bursts.

Fig. 3(d) summarizes the nucleation load as a function of the
concentration of both H and vacancies. Clearly, the presence of va-



D. Yavas, T. Phan, L. Xiong et al./Acta Materialia 200 (2020) 471-480 475

Perfect crystal

Hydrogen-charged

Vacancy-charged

@) | (d)

Multiple nucleation sites S

Nucleation site
\

Hatoms [(9)
I\ a | Nucleation site

Multiple dislocations underneath RS

the indenter tip A
u=11.124

u=11.084 . EaE | u=028h {110} plane
(b) (e) (h) Dislocation loop

{110} plane

(c) ®

u=11,‘42/°\ :

u=11.14A

- | u=0.324

{110} plane

Fig. 4. Atomistic simulation results showing dislocation nucleation and propagation at the critical loading level. Snapshots of atomistic projection with shading of out-of-
registry atoms for the perfect crystal (a-c), hydrogen interstitial (d-f), and vacancy cases (g-i), highlighting the variation of dislocation nucleation characteristics with addition
of lattice vacancies and H interstitials. H and vacancy concentration at 0.1 at.%.

cancies leads to a noticeable reduction of the critical load for the
initial load burst. In contrast, interstitial H has an insignificant ef-
fect (within 10% for 1 at.% concentration) on the critical load for
dislocation nucleation. This trend leads to the conclusion that va-
cancies rather than interstitial H atoms act as softening agents un-
der these particular conditions. Similar simulations were also per-
formed for double-sized samples under indentation. Similar trends
to those in Fig. 3(d) were observed, eliminating the possibility of
artifacts due to the limited sample size in the MD model.

Fig. 4 depicts atomic-scale events during dislocation nucleation
and propagation for a perfect crystal in Fig. 4(a-c), 0.1% H con-
centration in Fig. 4(d-f), and for 0.1% vacancy concentration in
Fig. 4(g-i). Each column shows atomistic projections with shading
of out-of-registry atoms. Panels (a), (d), and (g) represent the ini-
tial Hertzian deformation field, prior to appearance of dislocations;
(b), (e), and (h) show the simulation cell immediately after the first
dislocation nucleation event, while (c), (f), and (i) represent a later
stage showing slight evolution of the nucleated dislocation loops.

For the case of the perfect crystal, Fig 4 (a-c) shows that mul-
tiple dislocation loops nucleated under the indenter tip, where the
maximum shear stress reached the theoretical strength of the lat-
tice. In the simulation shown in Fig. 4(a), three nucleation sites
were activated by indentation, highlighting the bcc crystal sym-
metry. The depths of the nucleation sites are approximately 45%
of the contact radius a, measured along the indenter line of sym-
metry from the indenter-crystal interface. The dislocation nucle-
ation site is close to the depth of 0.48a for maximum shear stress
under spherical contact predicted by Hertzian analysis [35]. Once
these dislocation loops nucleated, they migrated under the increas-
ing applied load until intercepting the indenter interface (Fig. 4(b,
¢)). For 0.1% H concentration, dislocation nucleation exhibits a sim-
ilar trend as the perfect crystal, except only one of the {110} slip
planes was activated. Fig. 4(d) shows the atomistic configuration
immediately before dislocation nucleation, where black-shaded H

atoms are surrounded by gray-shaded out-of-registry atoms. Al-
though there are multiple H atoms underneath the indenter tip, a
single dislocation nucleated under the indenter, at a depth of 0.52a
close to that expected for the perfect crystal. The location of the
first dislocation nucleation was approximately independent of H
atom sites for this particular concentration; however, the existence
of H provided preferential nucleation sites for single dislocations
by distorting the deformation symmetry. For 0.1% vacancy con-
centration in Fig. 4(g), out-of-registry atom clusters representing
atomic relaxations around individual vacancies are present prior to
contact with the indenter. Fig. 4(h) reveals that the first disloca-
tion loop nucleated close to such a vacancy site. The depth of this
nucleation site is about 84% of the contact radius a, much larger
than 0.48a for the perfect crystal case. Thus, the local shear stress
at this site would be below that for the first dislocation nucleation
in the absence of vacancies (Fig. 4(g)). Apparently, the energy bar-
rier for nucleation was reduced at vacancy sites relative to that for
the perfect crystal; however, H defects did not lower the barrier
significantly. Once nucleated, the dislocation loop grew under the
applied load (Figs. 4(i)).

The ability of vacancies but not hydrogen to reduce the energy
barrier for dislocation nucleation correlates with the local atomic
configuration around defects in the relaxed state before indenta-
tion. Figs. 5 (a) and (b) compare the first strain invariant (asso-
ciated with hydrostatic strain) around a vacancy and H atom on
the {001} plane in the relaxed state. Fig. 5(c) shows the distribu-
tion of the first strain invariant along the <110> direction, noted
on Fig. 5(a, b). In the 0.1% vacancy case, the overall model experi-
ences a tensile (dilation) residual volumetric strain of about 0.40%
after relaxation around vacancies. On the other hand, in the 0.1%
H case, there is a compressive residual volumetric strain about
0.45% after relaxation around H atoms. MD simulations of the ef-
fect of volumetric pre-strain up to 1% on nanoindentation behav-
ior in nickel and palladium single crystals showed that a tensile
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pre-strain reduced pop-in load, while a compressive lattice strain
increased pop-in load [41]. Our results are consistent with these
observations, except that the present Fe-H system does not exhibit
an increase in the pop-in load even though it shows a compressive
residual strain.

3.3. Estimates of dislocation activation volume under the presence of
defects

The objective of this computation is to provide quantitative ev-
idence showing the significant difference between hydrogen inter-
stitials and vacancies on how they affect the crystal to favor het-
erogeneous mechanisms of dislocation nucleation, and thereby the
dislocation activation volume [34]. The dislocation activation vol-
ume is measured through a series of indentation simulations at a
wide range of strain rates and temperature. The two sets of config-
urations containing the same concentration of initially introduced
hydrogen interstitials and vacancies of 0.1 at.% are indented un-
der 108/s, 10%/s, and 1019/s, at temperatures 100K, 300K, and 500
K. The atomistic model setup and the obtained load-indentation
depth curves for the simulations at T = 300K are shown in Fig. 6.

Fig. 6 shows several unique attributes of the effect of both H-
interstitials and vacancies on the load-indentation depth curves:
(1) For the shallow indentation range (h < 7.5 A), dislocation nu-
cleation does not occur. Both samples are within the elastic defor-
mation stage and exhibit the same constitutive response in terms
of the load- indentation depth curves. Again, this implies that the
elastic properties of the hydrogen- and vacancy-charged samples
are nearly identical, as noted also on Fig. 3. (2) With the in-
crease of indentation depth, dislocations nucleate in both cases.
However, the critical nucleation load increases with the increas-
ing strain rate. (3) Regardless of the applied strain rate, the critical
loads at which dislocations nucleate in the vacancy-charged sam-
ple (Fig. 6b) are always lower than those in the hydrogen-charged
sample (Fig. 6a). It should also be noted that while Fig. 6 shows
results at 300K, these three major findings were repeatablein the
other simulations at 100K, and 500K.

Using a series of the load- indentation depth curves obtained
from the indentation simulations at different strain rates and tem-
perature, we then calculate the dislocation activation volume, V,
using the widely utilized relation [41-45]:

dlnég
0Ty

Vao=ks T (3)

T

Here kg is the Boltzmann constant, T is the temperature, € is the
strain rate. The strain rate is estimated as & =wv;/¢, wherev; is
the indentation speed and¢is the dimension of the sample along
the indentation direction. This may not be exactly accurate but
is considered as a reasonable approximation, and is widely used
in indentation simulations or experiments [41,42]. T is the criti-
cal shear stress on the slip plane where the dislocation nucleate,
and is estimated through Eq. (2), in which Py, the critical in-
dentation load at which dislocations start to nucleate, can be di-
rectly extracted from the simulated force-indentation depth curves
as shown in Fig. 6. A combination of Eq. (2) and (3) enables us
to measure the dislocation activation volume from the above sim-
ulations of indentation at different strain rates and temperature.
In addition to the activation volume, the dislocation activation en-
ergy, AH* is also estimated using the following equation through
an analysis of the results from constant strain rate over different
temperatures:

Ter
oT |.’
£

AH* = -V, T (4)

Table 1 lists the dislocation activation volumes together with
the activation energy estimated from our atomistic simulations.
Here, the activation energy is calculated from the simulations at
a constant strain rate of 108/s. Clearly, at all three different tem-
peratures, the energy required for activating dislocations in a sam-
ple containing vacancies is always lower than that in a H-charged
sample. The same trend has also been found in all the other
simulations at strain rates of 10%/s and 10'0/s. This result con-
firms that the presence of vacancies promotes dislocation nucle-
ation more the interstitial hydrogen does. Moreover, the disloca-
tion activation volumes listed in Table 1 are at the same level as
that ( ~ 4b3for dislocation nucleation in perfect single crystalline
bce iron) in many previous MD simulations [34,43-45] and even a
few experimental results [46,47], but significantly differ from that
(~10b3 — 1000 b3) in many other experiments [48-50]. One main
reason is that the dislocation activation volume in materials is not
a constant, but rather always scatters due to its dependence on
dislocation character (edge, screw, or mixed), strain rates, grain
size, temperature, chemical impurities, and among other factors.
Other significant differences between experiments and MD simu-
lations include the following: (i) A higher strain rate usually leads
to a smaller dislocation activation volume. The lowest strain rate
in the present MD is at a level of ~108/s, which is orders of mag-
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introduced; R is the radius of the spherical indenter; h is the indentation depth.

Table 1

Dislocation activation volume and activation energy from the indentation simulations at dif-
ferent temperature (b is the Burgers vector of bcc iron, 0.248 nm).

T = 100K

T = 300K T = 500K

Vq/ AH*(H-charged sample)
Va/ AH*(sample with vacancies)

1.2 b3/0.05 eV
0.5 b3/0.02 eV

1.9 b3/0.24 eV
1.6 b3/0.13 eV

2.6 b%/0.57 eV
1.9 b3/0.26 eV

nitude higher than that (~10-3/s) in experiments [13,48-51] and
in turn, results in a significantly smaller dislocation activation vol-
ume. (ii) A smaller grain size always gives rise to a smaller dis-
location activation volume [42]. The sample size in the present
atomistic model is at the nanometer level but the grain size in ex-
periments is at the micrometer level. With such a huge gap be-
tween the MD simulation and experimental length scale, it is not
surprising that the activation volume from MD is much smaller
than that from experiments. (iii) The more chemical impurities, the
more pinning points, and the larger dislocation activation volume
[45]. No chemical impurity has been introduced in the present MD
model. Thus, the activation volume from simulation, of course can-
not be directly comparable with that from experiments in which
the sample always contains certain impurities. Obviously, if an ex-
perimentally comparable activation volume is desired from a com-
puter simulation, the length scale gap between MD and experi-
ments needs to be filled. We argue that our concurrent atomistic-
continuum (CAC) method [52-57] is one most suitable, if not the
best, approach to achieve this goal. At a fraction of the cost of
the full MD simulations, with the interatomic force field as the
only constitutive rules, CAC was demonstrated to be applicable for:
(a) modeling the nucleation and growth of a micron-sized disloca-
tion loop with its atomistic core structures being retained [52,53];
(b) measuring the barrier strength of an atomic-scale obstacles to
a um-long dislocation line [54]; and (c) predicting the reactions
between a large number of dislocations and GBs in micron-sized
polycrystalline metals [55]. It thus provides a platform for mea-
suring the dislocation activation volume in materials with a mi-
crostructure complexity at the experimentally comparable length
scale.

Despite the length scale mismatch between the present MD
models and experiments, the data in Table 1 show critical aspects
of the role of heterogeneous nucleation on impacting our main re-
sults: (1) For both the hydrogen- and vacancy-charged samples, the
dislocation activation volume increases with the increase in tem-
perature. It implies that a significantly larger number of atoms will
get involved in a dislocation nucleation event at a high temper-
ature than that in a low temperature. Such trend is expected, as
strong thermal fluctuation at a higher temperature enables more
atoms to participate in the activation of a dislocation. (2) The dislo-
cation activation volume for samples containing hydrogen changes
faster than it does in the sample containing vacancies. And most
importantly, (3) at the same temperature, especially at low tem-
perature, the dislocation activation volume in a sample containing
vacancies is significantly less than that in the hydrogen-charged
sample. For instance, at 100K, the dislocation activation volume
(0.5b3) in a sample containing vacancies is less than one-half of
that in the H-charged sample (1.2b3). At low temperature, given
the limited contribution from thermal fluctuations, a smaller ac-
tivation volume means that fewer atoms participate in a disloca-
tion nucleation event, and in turn, a lower external stress is re-
quired to activate it. The activation volume and energy calcula-
tions demonstrate that vacancies nucleate dislocations more ef-
fectively compared to hydrogen interstitials at the same concen-
tration. Thus, in view of experimental evidence that sufficient H
concentrations in Fe alloys stimulate dislocation nucleation [17],
vacancy-induced softening must be recognized as a viable mech-
anism. Moreover, as discussed in the Introduction, the very low
H concentrations in our experiments preclude hydrogen-induced
softening (see Appendix A). It can be concluded from the MD sim-
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ulations that nucleation at vacancies generated by corrosion can
explain the observed GB softening at active dissolution potentials.

3.4. Vacancy diffusion calculation

Calculations with a vacancy diffusion model were carried out
to further investigate the origin of corrosion-generated vacan-
cies responsible for softening near GBs. The model hypothesizes
that vacancies are injected by oxidation of reactive Si solute
atoms at grain boundaries. Accordingly, the vacancy concentra-
tion distribution near the GB is calculated and, together with the
concentration-dependent critical load from MD, used to predict the
spatial variation of critical load for direct comparison to the NI re-
sults in Fig. 2(c). The evolution of vacancy concentration near the
corroding interface is determined by the transient diffusion equa-
tion,

aC aC 92C
o9t _Udﬁ :DVW (5)

where C is the vacancy concentration, v, is the dissolution velocity
of the GB, D, is the vacancy diffusivity, x is position relative to the
corroding interface and time t is measured from the initiation of
corrosion at the GB site. A constant interfacial concentration Cgp is
maintained at x = 0, which according to the hypothesis is taken
as equivalent to the bulk Si concentration of 0.77 at.%. Since the
equilibrium vacancy concentration in steel at ambient temperature
is negligible relative to Cgp, C is taken as zero far from the interface
and at zero time.

Eq. (5) was solved numerically using values of 5 x 10~17 m?/s
for Dy [58], and 0.013 nm/s for v4 [12]. The vacancy diffusion time
is a source of uncertainty in these calculations. As a first approxi-
mation, we assume that the diffusion time is the same as the time
of corrosion at the applied potential. Based on the location of the
GB site probed by NI within the IGC layer [12,13], corrosion initi-
ated roughly 18 min prior to the end of the 2 h experiment. From
the concentration profile at 18 min, values of x were determined at
the vacancy concentrations for which MD simulations were carried
out (Fig. 3(d)). Fig. 2(c) compares the resulting theoretical predic-
tion of the normalized critical force vs. distance from the GB to the
NI measurements. Interestingly, the normalized load of 0.4 mea-
sured close to the GB is nearly the same as that predicted from the
value of Cgp derived from the bulk Si concentration. This agree-
ment supports the hypothesis that the vacancies responsible for
lattice softening are injected by oxidation of reactive Si atoms. The
same mechanism could explain vacancy injection in other alloys
that contain solutes with dissolution potentials significantly more
negative than the corrosion potential. Fig. 2(c) also shows that the
predicted thickness of the zone of reduced critical load is about 1
pm, roughly one-half of the experimental thickness. The discrep-
ancy can be attributed to underestimation of the vacancy diffusion
distance by the model; diffusion would actually continue on open
circuit until vacancies encounter traps such as dislocations and so-
lute atoms.

The present results demonstrate that corrosion-induced vacancy
injection occurs in the narrow potential range of active dissolu-
tion where steel is highly susceptible to IGSCC. The possible role of
vacancies in GB embrittlement during IGSCC should therefore be
considered. According to Neeraj et al. [23], aggregation of strain-
induced vacancies led to nanovoids that they observed on fracture
surfaces of H-embrittled pipeline steels. On the macroscale [59],
considering the cohesive behavior of the crack tip, the existence
of nanovoids close to GBs might reduce the GB cohesive strength,
thereby shielding vacancy-enhanced plastic deformation within the
grain boundary and leading to cleavage GB fracture [60,61].

4. Conclusions

MD simulations of nanoindentation experiments showed that
the previously observed mechanical softening near corroded GBs
is likely caused by vacancies, since the MD simulations show that
vacancies explain the observed reduced critical load for disloca-
tion nucleation. A role of absorbed hydrogen in softening can be
dismissed, due to the very small concentration of H at the po-
tential of anodic steel dissolution. Moreover, the MD calculations
show that vacancies nucleate dislocations much more effectively
than interstitial H at the same concentration, as the dislocation
activation volume with atomic vacancies is about half that of H-
interstitials. Diffusion calculations further suggest that the vacan-
cies derive from oxidation of silicon solute atoms at grain bound-
aries. Specifically, the importance of Si oxidation is supported by
quantitative agreement between the measured critical load reduc-
tion close to the GB and the MD-predicted load reduction for a
vacancy concentration equivalent to the bulk Si concentration. Va-
cancy diffusion also reasonably explains the thickness of the zone
of enhanced plasticity surrounding GBs. The results help elucidate
the mechanistic pathway linking alloy composition, corrosion elec-
trochemistry, metal defects and local mechanical property changes.
Because these processes occur in the narrow potential range where
pipeline steel is vulnerable to high-pH SCC, there is a strong pos-
sibility that corrosion-induced vacancies play an important role in
the SCC mechanism.
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Appendix A. Concentrations of hydrogen and vacancy-hydrogen
defects at the experimental conditions

The equilibrium chemical potential of hydrogen interstitials is

1
M = 51, = —F(@ = on)

where py is the H chemical potential in the metal, p,gz is the
chemical potential of H, gas at 1 atm pressure, F is Faraday’s con-
stant, ¢ is the applied potential (-0.52 V vs. Ag/AgCl reference
electrode) and ¢y is the potential of the hydrogen electrode at
the experimental pH 8.1 (-0.68 V vs. Ag/AgCl). From these values,
Uy — %Mloiz = -15 kJ/mol, and the equilibrium H concentration is
Cy =2 x 10~ normalized with the concentration of host atoms
[62]. The equilibrium concentration of vacancy-hydrogen (Vac-H)
defects is then

G Cy
- (A1)

Cy + zexp (—é—br)

where C, and G,_p are the concentrations of vacancies and Vac-H
defects, z = 6 is the number of interstitial sites per Fe atom, hy
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is the vacancy-hydrogen binding enthalpy, and R, is the universal
gas constant [63]. Besenbacher et al. found h;, to be 0.63 eV for
binding of 1-2 H atoms per vacancy, from which G,_p/Cyratio is
0.1 [64]. However, it is unlikely that the equilibrium Vac-H con-
centration is approached experimentally in view of the very small
H concentration of 2 x 10~!! (equivalent to an average H-H dis-
tance of about 1 um) [63,64]. Moreover, the estimated H concen-
tration could be significantly smaller than the equilibrium value if
cathodic water reduction and absorption kinetics were taken into
account [65]. Therefore, at potentials of active Fe dissolution at
most only a small fraction of vacancies would be associated with
trapped hydrogen.
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