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ABSTRACT: Distinct deformation mechanisms that emerge in nanoscale enable the 

nanostructured materials to exhibit outstanding specific mechanical properties. Here, we 

present superior microstructure- and strain-rate-dependent specific penetration energy (up to 

~3.8 MJ kg-1) in semi-crystalline poly(vinylidene fluoride-co-trifluoroethylene) (P(VDF-

TrFE)) thin-films subjected to high-velocity (100 m s-1 to 1 km s-1) micro-projectile (diameter: 

9.2 µm) impacts. The geometric-confinement-induced nanostructural evolutions enable the 

sub-hundred-nanometers-thick P(VDF-TrFE) films to achieve high specific penetration energy 

with high strain delocalization across broad impact velocity range—superior to both bulk 

protective materials and previously-reported nanomaterials. This high specific penetration 

energy arises from the substantial stretching of the two-dimensionally-oriented highly-mobile 

polymer chains which engage abundant viscoelastic and viscoplastic deformation mechanisms 
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that are further enhanced by the intermolecular dipole-dipole interactions. These key findings 

provide insights for using nanostructured semi-crystalline polymers in the development of 

lightweight high-performance soft armors for extreme engineering applications. 

KEYWORDS: energy dissipation, geometric confinement, semi-crystalline polymer, 

supersonic impact, soft armor 

 

Making strong, tough, light-weight and soft protective materials, typically called 

“armor”, has always been a major pursuit throughout history for human survival in ever-

increasing external dangers and threats. 1 With the emergence of nanotechnology, discovery of 

new nanomaterials has offered greater number of opportunities to develop high-performance 

armor with outstanding “specific” mechanical properties2-6 and novel failure-proof toughening 

mechanisms.7-12 High specific energy dissipation and rapid strain delocalization are critical for 

mitigating high-speed projectile impacts.8, 9, 13 The specific energy dissipation is the kinetic 

energy of a projectile dissipated by a unit weight of material upon impact and the strain 

delocalization characterizes how far the impact-induced displacement field propagates in the 

material. Benefiting from the development of laser-induced micro-projectile impact testing 

(LIPIT) and nanoscale characterization approaches, the distinct protective mechanisms of 

various nanomaterials have recently been studied.8, 9, 13-15 The multi-layer graphene (MLG) has 

initially been shown to exhibit higher specific penetration energy compared to macroscopic 

protective materials, due to its superior in-plane sound speed, strength, and stiffness.8 Following 

this direction, graphene-oxide/silk fibroin nanocomposite thin-films and carbon nanotube yarns 

have been developed, which also showed improvement in specific penetration energy from the 

high-performance nanoscale constituents and their interfacial interactions.13, 15 Compared to 

employing these stiff nanomaterials, surprisingly, ultra-thin polymer films exhibit even higher 

specific penetration energy due to the size-dependent energy dissipation mechanisms, 9, 14, 

however, this behavior is highly dependent on high-speed projectile impact induced heating.  
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Semi-crystalline polymers, such as, polyethylene (PE), poly(p-phenylene 

terephthalamide) (PPTA) and polytetrafluoroehylene (PTFE) that are widely used in high-

strain-rate protective applications, exhibit more complex rate- and temperature-dependent 

deformation mechanisms that stem from their microstructure, including crystallinity and 

molecular conformation.16-18 The semi-crystalline polymers are usually treated as two-phase 

structure with “rigid” crystalline phase distributed within “soft” amorphous matrix. The thin 

(100 nm – 1000 nm) and ultra-thin (less than 100 nm) semi-crystalline polymer films have 

attracted recent attention due to their unique geometric-confinement-induced microstructural 

evolutions and physical property changes.19-21 Similarly, experimental investigations on 

nanofibers made of poly(vinylidene fluoride-co-trifluoroethylene) (P(VDF-TrFE))—a widely 

used piezoelectric polymer—showed that the geometric confinement of fiber diameter to sub-

hundred nanometers leads to outstanding Young’s modulus (~80 GPa) 22, and when the 

nanofibers are twisted into yarns, the yarns exhibit high toughness (~98 J/g) 23 due to the 

piezoelectrically enhanced interactions among fibers. However, the effects of geometric-

confinement induced microstructural evolutions and their intrinsic effects on the dynamic 

behavior of semi-crystalline polymers remains elusive because of the limitations in small scale 

dynamic testing techniques. Successful development of soft protective materials using such 

polymers require a fundamental understanding of their underlying structure-property relations 

in dynamic regime. 
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Figure 1. (a) Illustration of the LIPIT. (b) A 73nm-thick transparent P(VDF-TrFE) film 
mounted on copper hoop. Scale bar = 1 cm. (c) Perforation process of a 73nm-thick film by a 
microprojectile. Scale bar = 100 µm. (d) SEM images of the polymer film before and after 
projectile perforation. Scale bar = 50 µm. (e) X-ray diffraction spectra of P(VDF-TrFE) films 
of different thicknesses with and without thermal annealing, and (f) Calculated crystallinity 
and crystal size of P(VDF-TrFE) with different fabrication conditions. 
 

Here, we use P(VDF-TrFE) as a model material system to study the relationship 

between the nanostructure and dynamic properties of semi-crystalline polymers under ultra-

high-strain-rate deformations (up to 108 s-1), by an advanced LIPIT system built at the 

University of Wisconsin-Madison (Figure 1a). Free-standing P(VDF-TrFE) films fabricated by 

spin-coating (Figure 1b) in different thicknesses, from 73 nm to 432 nm, were deposited on 

100-square-mesh Ni TEM grids and placed ~500 µm away from the projectile launch pad—a 

glass substrate coated first with a 50 nm gold layer (laser ablation layer) followed by a 25 µm-

thick cross-linked polydimethylsiloxane (PDMS) layer. Individual silica projectiles (diameter 

~9.2 µm) deposited on the launch pad were selectively launched by the rapid expansion of 

PDMS film via laser-ablation-induced gold vaporization (Figure 1c).8 A broad range of 

projectile impact velocities from 100 m s-1 to 1 km s-1 was achieved by varying the ablation 

laser energy. The impact of supersonic (up to Mach 3) micro-projectile on the nanoscale 

polymer films results in high-strain-rate (~107 – 108 S-1; see supporting information) 
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deformation of the films 9, 13. The film morphology before and after perforation (Figure 1d) 

were imaged in high resolution scanning electron microscopy (SEM) to investigate the 

deformation mechanisms. The impact/perforation process of the films was recorded in an ultra-

fast multi-exposure image by a microscope camera illuminated by pico-second white-laser 

pulses at an interval of 103-154 ns. The projectile speeds before and after perforation of the 

target were calculated from the measured distance between adjacent snapshots of projectiles 

divided by the time interval between consecutive imaging laser pulses and corrected for 

deceleration due to air-drag (drag coefficient measurement and projectile speed correction 

methods are provided in the supporting information and follows the supporting information of 

Ref [9]).  

We control the microstructure of P(VDF-TrFE) films through size (thickness) 

confinement and thermal annealing, which modifies the crystalline structure and polymer chain 

conformation within the semi-crystalline polymer films.19, 24 The XRD peak that appears at 

2θ~19.8˚ originates from the (110)/(200) reflection planes of β-phase crystallites in the film 

(Figure 1e and 1f)).24 When the film thickness is decreased from 432 nm to 73 nm, a reduction 

in both crystallinity and crystal size within the film is evident, indicating the geometric-

confinement-induced aversion to crystallization during fabrication, which has also been 

observed previously in spin-coated semi-crystalline polymer films,19, 25-27 and was attributed to 

the strain incompatibility between adjacent crystalline domains that favors amorphous 

structure.26 Moreover, the polymer chain backbone and crystal lamellae tend to orient in plane 

as the polymer film thickness is decreased to sub-100 nm scale.28, 29 The post-fabrication 

thermal annealing increases the crystallinity and crystal size of both thick (432 nm) and ultra-

thin (79 nm) P(VDF-TrFE) films to a comparable level (Figure 1f) (see calculations in 

supporting information). 

The post-impact SEM images of damage zone of the polymer films with different 

crystallinities and impact speeds are shown in Figure 2a. The annealed thick polymer films 
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show the formation of radial mature fibrillated micro-crazes around the perforation area with 

stretched and broken fibrils connecting the two edges of the crazes (see inset of Figure 2a(iii)), 

indicating a brittle failure process under high-speed (200 m s-1 to 1 km s-1) projectile impacts. 

The radial micro-craze growth from the perforation hole with still load-bearing stretched 

nanofibrils demonstrates the roles played by the strong tangential tensile forces during the 

equibiaxial stretching of the thin film. In medium- to high-speed impacts (600 m s-1–1 km s-1), 

some polymer melt is found around the impact region, which was caused by the impact-induced 

adiabatic heating of the polymer.9 

 

Figure 2. (a) SEM images of perforated films with different crystallinities and impact speeds; 
the white, blue, and red dashed circles indicate the projectile size, impact influence 
(deformation) zone, and perforation hole, respectively. For the films that exhibited brittle 
behavior, the impact influence zone encircles the longest crazes around the perforation hole and 
the influence zone in the films that deformed in a ductile manner is directly measured from the 
electron channeling contrast in SEM images. Scale bar = 5 µm. (b) Influence zone area 
corresponding to different films from 1 km s-1 impact, and (c) Post-penetration residual speed 
of the projectile as a function of impact speed for different samples. 

 

The non-annealed P(VDF-TrFE) thin-films with same thickness (432 nm) as the 

annealed sample exhibit ductile behavior as evident in folded and significantly stretched film 

flaps around the perforation hole, Figure 2a(v). This brittle-to-ductile transition in failure 



     

7 
 

mechanism is associated with the decrease in both crystallinity (59% to 34%) and crystal size 

(10.3 nm to 8.8 nm). Since the segmental mobility of polymer chains in amorphous phase of 

the semi-crystalline polymers is highly restricted by the nearby crystalline domains, the 

reduction of such constraints in non-annealed films contribute to the improved polymer chain 

mobility, hence result in a ductile behavior. It is found that the annealed 432-nm-thick films 

with brittle failure exhibit twice as large influence zone than the non-annealed pristine 432-nm-

thick films (Figure 2b) (influence zone in brittle film is characterized by the farthest propagating 

craze). Since the Tg of P(VDF-TrFE) is -36 ˚C,30 the as-fabricated pristine polymer films are in 

rubbery state at room temperature. During impact by the spherical projectile, a strong 

equibiaxial tensile stress develops within the impact zone of the film, which stretches the film 

in a conical shape (Figure 2a(vi)), evidenced by the near circular shape of  perforation holes in 

films with all three thicknesses (Figure 2a(iv, vii, x)). These deformation characteristics are 

distinct from the damage zone morphology of annealed films with fractured edges and radial 

crazes, and of the previously studied glassy PS polymer thin-films with numerous radial and 

tangential crazes.9  

As the film thickness decreases to 73nm, an increase in the perforation hole area and 

the impact influence zone are evident (Figure 2b and S2), suggesting film-thickness-dependent 

dynamic deformation response of the polymer films. This enlarged deformed area implies 

higher strain delocalization that occurred in the thinner films during projectile penetration. The 

deformation and failure mechanism of 73 nm-thick films change as the projectile impact speed 

is decreased from 1 km s-1 to <400 m s-1, with strain rate decreases from 1×108 s-1 to 2×107 s-

1, as seen in the circular to oval shape change of the perforation hole, increase in the perforation 

hole area, and the extent of stretched film flaps (Figure 2a(x-xii)), which also indicate the 

significant contribution of viscoelastic and viscoplastic deformations. The Figure 2c shows the 

post-penetration residual speed of the projectile corresponding to each impact speed. The 



     

8 
 

critical impact speed necessary to perforate the films with 73, 165, and 423 nm thickness are 

~186, 325, and 440 m s-1, respectively. The annealed 432 nm and 79 nm films are penetrated at 

much lower critical speeds (<200 m s-1) compared to the pristine films with same thickness.  

The penetration energy (𝐸𝑝) of the material during projectile perforation is calculated 

from the kinetic energy loss of the projectile (∆𝐾𝐸): 𝐸𝑝 = ∆𝐾𝐸 =  
1

2
𝑚𝑝(𝑣𝑖

2 − 𝑣𝑟
2), where 𝑚𝑝 

is the mass of the projectile, and 𝑣𝑖 and 𝑣𝑟 are the impact and residual speeds of projectile right 

before and after perforation8 (calculated accounting for the air-drag-induced projectile 

deceleration, see supporting information). To quantitatively compare different materials tested 

at different sample thicknesses and with various projectile sizes, the specific penetration energy 

(𝐸𝑝
∗) is calculated by normalizing the penetration energy by the mass of the polymer films within 

the projectile strike area (mplug),  𝐸𝑝
∗ =  𝐸𝑝/(𝜌𝐴𝑠𝑡) , with polymer density 𝜌 , strike area 

𝐴𝑠(projected area of the projectile on the film), and sample thickness t. 9, 13 

 
 

Figure 3. (a) The specific penetration energy (Ep
*) of P(VDF-TrFE) films with different 

thicknesses, and (b) the Ep
* of as-fabricated and thermal-annealed P(VDF-TrFE) films impacted 

at different speeds.  
 

The Figure 3a shows the 𝐸𝑝
∗ of the P(VDF-TrFE) films as a function of projectile impact 

speed. The substantial film stretching in pristine films dissipates large amount of kinetic energy 

via highly nonlinear viscoelastic deformation, yielding, and viscoplastic flow at large strains 
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and high strain rates, similar to other bulk semi-crystalline polymers such as PTFE.17 The 

impact-induced adiabatic heating of polymer samples within the strike area rapidly raises its 

local temperature and causes a viscoelastic melt flow within the strike region. Compared to 

glassy PS that exhibited much of the energy dissipation through such melt flow,9 the pristine 

rubbery P(VDF-TrFE) films dissipate significantly more energy through film’s homogeneous 

viscoelastic and viscoplastic deformations that occur far beyond the strike region even at low 

impact velocities. As the impact velocity is increased, the 𝐸𝑝
∗ increases, potentially from the 

rate-dependent yield and hardening behavior in polymers.31, 32 When the film thickness is 

reduced to sub-100 nm, significant microstructure- and strain-rate-dependent dynamic response 

emerges. The 73-nm-thick P(VDF-TrFE) films impacted at 1 km s-1 exhibit the highest 𝐸𝑝
∗ of 

3.80 ± 0.47 MJ kg-1 (Figure 3a), which is ~76% higher than that of the 432-nm-thick films. The 

annealed samples exhibit much lower 𝐸𝑝
∗ in the entire range of projectile impact speeds (Figure 

3b). Considering its larger influence zone (Figure 2b), the brittle failure with highly localized 

craze growth is ineffective in dissipating kinetic energy compared to pristine films that exhibit 

ductile deformation. The ultra-thin (79 nm) annealed film, exhibits slightly higher 𝐸𝑝
∗ than the 

thick (432 nm) annealed films and the difference in their 𝐸𝑝
∗  increases as the projectile impact 

speed is increased. 

The geometric confinement of P(VDF-TrFE) in ultra-thin films induces considerable 

microstructural evolutions as illustrated in Figure 4a. The bulk polymer or thick films have 

greater number of large-sized crystalline domains (higher crystallinity) randomly distributed 

within the amorpohus polymer matrix, which constrains polymer chain mobility, especially 

within the interior regions. Higher crystallinity increases the modulus and decreases the 

ductility of bulk semi-crystalline polymers.24 The mobility of less-mobile polymer chains in 

thick films are further reduced at higher strain rates because of chain stiffening,33 which results 

in rather brittle-like localized deformation. In contrast, the thickness of the ultra-thin (73 nm) 
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films are comparable to the end-to-end distance (46 nm) of the polymer chains in amorphous 

regions, which amplifies the microstructural evolution. This geometric confinement results in 

reduction of crystallinity and crystalline domain sizes and increases the fraction of polymer 

chains in amorphous phase within the interior of the sample. Additionally, the fraction of less-

entangled highly-mobile polymer chains in near-free-surface region significantly increases with 

their preferential orientation parallel to the film surface,28, 29, 34 which results in higher strain-

to-failure of the film.35 The effects of mobile near-surface chains in ultra-thin films is also 

evident in the annealed films, where the ultra-thin annealed films exhibit higher Ep
* compared 

to the annealed thick films, regardless of their similar crystallinity (Figure 1f). When the 

projectile impact velocity is increased, the contribution of near-surface chains are further 

enhanced by the impact-induced adiabatic heating and the resultant energy dissipation from 

viscoelastic melt flow.9   
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Figure 4. (a) Geometric-confinement-induced nanostructural evolution of ultra-thin P(VDF-
TrFE) film, (b) Thinner polymer film exhibits higher tensile deformation, which brings in the 
significant improvement in strain delocalization and energy dissipation, (c) Cross-section of 
stretched film during projectile impact showing potential energy dissipation mechanisms, 
including polymer chain mutual sliding, re-orientation, flow towards the impact zone and intra-
crystal sliding and fragmentation of crystalline domains. 
 

Therefore, the sub-100-nm ultra-thin non-annealed films exhibit significant ductile 

behavior arising from the long-range polymer chain mobility in both near-surface and interior 

regions. During impact, the forward moving projectile causes equibiaxial tensile stresses and 

viscoelastically stretches the polymer film into a conical shape, Figure 4b. This material flow 

into the impact region engages substantial mutual polymer chains sliding and orienting along 

the principal stretch directions, Figure 4c. The van der Waals (vdW) interactions are the primary 

bonding between nearby chains in ultra-thin P(VDF-TrFE) films. Besides the weak dispersion 

forces from non-polar C-H bonds, existance of relatively stronger dipole-dipole interactions 

from strongly polar C-F bonds increases the intermolecular attractive forces. Significant energy 

can be dissipated as a result of the cumulative effects of vdW interactions among polymer 

chains that are highly extended along the film stretching direction. At high strains, intra-crystal 

sliding and fragmentation of crystalline domains also start to participate in dissipating energy. 

Because of the low crystallinity of piezoelectrically responsive β-phase (all-trans) in ultra-thin 

P(VDF-TrFE) films (Fig.1(e-f)), the contribution of Coulombic interactions to energy 

dissipation is negligible compared to other mechanisms described above. At high strains, 

adiabatic heating (>Tc~101 ̊ C) in the strike region can also deteriorate the piezoelectric effects. 

Synergistic interplay among these energy dissipation mechanisms leads to the observed 

superior Ep
* of the ultra-thin P(VDF-TrFE) films under supersonic micro-projectile impacts.   
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Figure 5. Specific penetration energy (Ep

*) of ultra-thin P(VDF-TrFE) films compared to 
annealed 432 nm-thick P(VDF-TrFE) films and other protective materials.8, 9, 13, 14, 36-41 
 

We compare the Ep
* of ultra-thin (73nm) P(VDF-TrFE) films corresponding to different 

projectile impact speeds to both bulk protective materials—including steel, aluminum, 

Kevlar/PVB composite, and carbon fiber reinforced plastics (CFRP)36-41—from macroscopic 

testing, and different kinds of nanomaterials—annealed 432nm-thick P(VDF-TrFE) films (this 

work), polystyrene and polycarbonate thin-films, multilayer graphene, and graphene oxide 

nanocomposites8, 9, 13, 14—from LIPIT, Figure 5. To ensure the validity of comparing our study 

with previous studies that utilized smaller sizes of microprojectiles in LIPIT, we additionally 

investigated the effects of a smaller projectile (4.08 µm) on the Ep
*of our ultra-thin P(VDF-

TrFE) films. The measured Ep
* (Figure S5) shows that the effects of projectile size are not 

considerable. The important experimental parameters of all these studies are summarized in 

Table S1 in Supporting Information. Compared to the widely used macroscopic protective 

materials, ultra-thin P(VDF-TrFE) films exhibit superior Ep
* across a broad range of projectile 

impact velocities. For instance, the Ep
* of P(VDF-TrFE) is ~5.8 times that of steel37, 38 and 

CFRP plates41 at ~1 km s-1 impact,  and ~4.3 times that of Kevlar/PVB composite plates36 at 

~400 m s-1 impact. Compared to nanomaterials, the P(VDF-TrFE) polymer thin-films exhibit 



     

13 
 

significantly higher dynamic mechanical performance with distinct energy dissipation 

mechanisms—Ep
* of ultra-thin P(VDF-TrFE) is ~2.2 times that of the annealed 432 nm-thick 

P(VDF-TrFE) film (1.74 MJ kg-1 at 1 km s-1 impact) and ~2.7 times that of multilayer graphene 

(1.26 MJ kg-1 at 900 m s-1 impact)8. Although the performance of ultra-thin P(VDF-TrFE) films 

is comparable to PS at high impact speeds (800 m s-1, with addition of direct kinetic energy 

transfered to plug to the reported 9 Ep
* to be consistent with other works 8), the P(VDF-TrFE) 

films exhibit outstanding performance across broad range of velocities unlike the PS—P(VDF-

TrFE) exhibits much higher Ep
* (~5.4 times) at low velocity (400 m s-1) impacts 9. 

In contrast to rigid protective materials, dynamic energy dissipation in polymeric 

materials always comes with relatively large deformations, which may result in significant 

behind armor blunt trauma (BABT)—a non-penetrating injury from rapid deformation of 

armor.42 This has limited the application of soft polymeric materials in ballistic protection. 

However, such deformable thin-films are suitable candidates for creating “ambient armors”, 

where the armor that is made of stacked nanoscale films is placed at a standoff distance from 

the target which needs protection.43 On the contrary to traditional armor design strategy, which 

utilizes ultra-strong and stiff materials to mitigate ballistic impacts, here we demonstrate that 

extensive viscoelastic and viscoplastic deformation of ultra-thin rubbery semi-crystalline 

polymer films lead to superior specific energy absorption over a broad impact velocity range 

from 100 m s-1 to 1 km s-1. For instance, to stop a projectile (diameter: 9.2µm) traveling at 1 

km s-1 velocity by a multi-layered stacked film (neglecting interactions between subsequent 

films), the required total film thickness decreases from ~4.3 µm for annealed 432 nm-thick 

films (10 layers) to ~1.4 µm for 73 nm-thick films (19 layers), which significantly reduces the 

weight of the “armor” by 67% (Figure S6; calculation method in supporting information). The 

layer-by-layer fabrication methods44 for large area ultra-thin polymer films will enable scaling 

up of the fabrication process with multi-material components that can function in different 

extreme environments. 
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In summary, we experimentally demonstrated the superior dynamic performance of 

ultra-thin P(VDF-TrFE) films using an advanced LIPIT technique and correlated their Ep
*and 

strain delocalization performance to the material’s fabrication processes and their 

nanostructural evolution for the first time. The highest Ep
* achieved for ultra-thin P(VDF-TrFE) 

film is significantly higher than that of macroscopic protective materials and previously studied 

nanomaterials. Geometric confinement in ultra-thin films hinders the crystallization process and 

facilitates the polymer chains to orient parallel to the film surface. With the contribution of 

those highly mobile two-dimensionally oriented polymer chains, extensive viscoelastic and 

viscoplastic deformation occurs during projectile penetration. The cumulative effects of 

relatively stronger vdW forces from the dipole-dipole interactions between polar C-F bonds in 

polymer chains oriented along the stretching direction further strengthens and toughens the 

P(VDF-TrFE) thin films. Along with local adiabatic heating within the strike region at high 

velocities, these deformation processes effectively dissipate the kinetic energy of the supersonic 

projectile. Our study opens novel design pathways for fabricating light-weight soft armor 

materials with superior dynamic performance by employing nanoscale semi-crystalline 

polymeric films with tailored micro/nanostructures.  

 

SUPPORTING INFORMATION 

Experimental details including fabrication of polymer film and post-processing treatment, 

dynamic mechanical performance characterization, microstructure characterization, and 

several complementary results are given in supporting information. 
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Fabrication of polymer film and post-processing treatment: 

The free-standing P(VDF-TrFE) thin-films were prepared by spinning coating. First, 

different amounts of P(VDF-TrFE) (70/30) copolymer (Piezotech® FC30, Mw: 450,000 g mol-

1) were dissolved in the dimethylformamide (DMF) solvent (99.8%, Sigma-Aldrich) via 

magnetic stirring at 70˚C for about 8 hours. Then, acetone (Electronic grade, Fisher Chemical) 

was added to the polymer/DMF solution and magnetic stirred for about 3 hours until a visually 

homogenous solution is obtained. The polymer solution with different P(VDF-TrFE) 

concentrations (3-8 wt.%) were prepared. A 3-inch silicon wafer treated with polyectrolyte 

polydiallyldimethylammonium chloride (PDAC) (Sigma-Aldrich, Mw: 1×105 - 2×105 g mol-1) 

1, was used as the substrate to fabricate polymer films in a spin-coater (Laurell WS-650-23B). 

Polymer solution (1-2 mL) was dropped on the rotating silicon wafer (300 rpm), then spun for 

60 s at 3000 - 5000 rpm. Polymer films with different thicknesses (73, 165, and 432 nm) were 

fabricated using different concentrations of polymer solution. The film thickness was obtained 

by measuring the height between the substrate and the film top surface across a cut step on the 

film using an atomic force microscope (AFM Bruker BioScope Catalyst). The silicon wafer 

with polymer films were slowly immersed into deionized water to detach the polymer film from 
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the wafer and float on the water surface, which is then collected on a metallic hoop. To promote 

the formation of crystalline structures, the as-fabricated 79 nm and 432 nm thick film is 

annealed at 125 ˚C for 1 hour. The annealing temperature is chosen to be 125 ˚C, being above 

the Curie temperature (Tc = 101 ˚C), and below the melting temperature (Tm = 150 ˚C) of 

P(VDF-TrFE), which promotes the formation of crystalline structure within polymer films.2 

The free-standing polymer films with different thicknesses and post-processing treatments were 

deposited on TEM grids with epoxy glue for subsequent LIPIT. 

Dynamic mechanical performance characterization: 

Monodisperse silica microspheres with 9.2 µm diameter (Cospheric) were dispersed in 

ethanol solvent via vortex mixing. The solution was drop casted and air dried on the launch 

pad—a microscope glass slide coated with 50 nm-thick gold followed by about 30 µm PDMS. 

An Nd-YAG ablation laser (Spectra-Physics Quanta-Ray INDI-40-10-HG) was used to launch 

projectile. The gold layer in the launch pad was ablated by a single laser pulse (6-9 ns pulse 

width, 1064 nm) to rapidly expand the PDMS layer which selectively launches an individual 

micro-projectile towards the sample placed at ~500 µm from the launch pad. The ablation laser 

energy is calibrated to launch the projectile at desired control speeds from 100 m s-1 to 1 km s-

1. A super-continuum white laser (NKT Photonics SuperK EXR-20) with pulse intervals of 103-

154 ns gated by an acousto-optic modulator (ISOMET 1250C-848) is used to provide the 

illumination pulses for multi-exposure imaging of the projectile in flight on a monochromatic 

camera (Allied Vision Mako G-234B). About 10 impact experiments were performed for each 

film thickness and impact velocity.  

Microstructure characterization:  

The post-impact deformation micro/nanostructures of polymer films were imaged by 

Zeiss LEO 1550 VP scanning electron microscope (SEM).  The X-ray diffraction spectrum 

(CuKα, wavelength of 0.154 nm) of the P(VDF-TrFE) films with different thicknesses and post-

treatments were obtained using Bruker D8 Discover X-ray diffractometer. The crystallinity was 
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calculated based on the relative area under the deconvoluted amorphous and crystalline peaks 

and the crystal size was calculated using Scherrer equation (K = 0.9) . 3 

 

 

 

 

 

 

 

 

The crystallinity of polymer film is calculated by dividing the area under the peak from 

crystalline phase (Ac) by the total area under the whole curve (Aa + Ac). 

𝐶𝑟𝑦𝑠𝑡𝑎𝑙𝑙𝑖𝑛𝑖𝑡𝑦 (%) =  
𝐴𝑐

𝐴𝑎+𝐴𝑐
                                             (1) 

The crystal size within each polymer film is calculated using Scherrer equation: 

𝑡 =  
0.9𝜆

𝐵𝑐𝑜𝑠(𝜃)
                                                           (2) 

where t is the thickness of the lamellar crystals (crystal size), 𝜆 is the X-ray wavelength, B is 

the full width at half maximum for the diffraction peak and 𝜃 is the half of the diffraction angle. 

 

Post-impact zone SEM images: 

Figure S1. Representative analysis of the XRD spectra of a 
non-annealed 432 nm-thick film. 



     

21 
 

 

 

Strain rate calculation: 
 

During the film perforation process, the strain rate is approximated by, 

∆𝜀

∆𝑡
≅

𝜀𝑚𝑎𝑥

𝑡𝑝
≅

𝑡𝑝

2
(

𝑣𝑖

𝑅𝑐
)2                                                      (3) 

where 𝜀𝑚𝑎𝑥 ≅ (
𝑣𝑖𝑡𝑝

𝑅𝑐
)

2

/2, based on the 1-D approximation of the maximum tensile strain for 

isotropic membrane with biaxial deformation. 𝑅𝑐  is the deformation cone radius, which is 

obtained from the radius of the circle enclosing deformed area. 𝑡𝑝 is the perforation time of the 

projectile, which is approximately equal to the ratio between cone radius and cone velocity. The 

cone velocity is calculated by 𝑣𝑐 ≅ 1.23𝑐||(𝑣𝑖/(√2𝑐||))2/3 , where 𝑐||  is the in-plane sound 

speed in the materials, which is directly related to the plane-strain elastic modulus (0.55 GPa) 

Figure S3. Failure zone images of 432-nm-thick film with 600 m s-1 impact. 

Figure S2. A projectile attached to the film showing the substantial stretching of the film and the 
polymer melt from impact around the projectile (Thickness = 165 nm) 
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2 and mass density of the polymer (1795 kg m-3). Therefore, the calculated strain rate for 73 

nm-thick film with 400 and 1000 m s-1 impacts are 1.9 × 107 and 9.6 × 107 S-1, respectively. 

Air-drag Velocity Corrections: 

To obtain accurate ∆KE, we consider two major sources of energy dissipation: projectile 

air-drag during flight and air drag due to target film deformation by the forward-moving 

projectile before perforation. 

1) Projectile air-drag in flight: 

During the flight of projectile, air-drag acts in the opposite direction to the relative 

motion of the projectile with respect to surrounding air. Air-drag dependents on the in-flight 

projectile velocity. To accurately measure the speeds of the projectile right before and after 

perforation of the target, we first measure the air drag coefficient as a function of projectile 

velocity from our experiments. The method is similar to that of described in the supporting 

information of Hyon J, et al.4 

The equation of projectile motion is described by, 

𝑚
𝑑𝑣

𝑑𝑡
= −

1

2
𝐶𝐷𝜌𝑎𝑖𝑟𝐴𝑣2                                                      (4) 

where 𝑚 is the weight of projectile, 𝑣 is velocity, 𝐶𝐷 is the drag coefficient, 𝜌𝑎𝑖𝑟 is the density 

of air (1.20 kg/m3), 𝐴  is the cross-sectional area of the projectile. The 𝐶𝐷  of projectile is 

dependent on geometry of projectile and the Reynolds number (𝑅𝑒~ 360 - 600). 

             The projectile trajectory equation is given by, 

𝑥(𝑡) =
1

𝐵
[ln (𝑡 − 𝑡0 +

1

𝐵𝑣0
) − ln (

1

𝐵𝑣0
)] + 𝑥0                                 (5) 

where 𝐵 =
𝐶𝐷𝜌𝑎𝑖𝑟𝐴

2𝑚
, and 𝑣0  is the velocity at time 𝑡0 . To calculate the drag coefficient, the 

trajectories of the projectiles were determined from the multi-exposure optical images of the 

projectiles launched at 1 km s-1, 800 m s-1, and 600 m s-1. Using the position and time of the 

first recorded projectile as the reference time (𝑡0) and position (𝑥0), the trajectories were fitted 

to find the drag coefficients, see Figure S4 for the 1 km s-1 projectile. The obtained drag 
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coefficient of the projectile at 1 km s-1 is ~0.42. For projectiles traveling at 800 m s-1 and 600 

m s-1, the drag coefficients are ~0.46 and 0.48, respectively. For the low speed projectile impact 

(< 400 m s-1), the effect of air-drag-induced projectile deceleration is negligible compared to 

the perforation-induced decrease in speed. Therefore, the speed correction is only performed 

for the high-speed projectile impacts (≥ 600 m s-1). To correct the impact and residual speeds 

of projectile for the air drag, first the impact and residual speeds of projectile were calculated 

by dividing the distances between adjacent snapshots of the projectile right before and after 

perforation by the known time interval (102.6 ns). Then, the corrected impact speed is 

calculated by subtracting the speed decrease due to air drag (Equation 4) during the travel 

distance between the last projectile location and the target (~ 150 µm). The corrected residual 

speed of the projectile is obtained by similar approach by adding the air-drag-induced speed 

decrease to the residual speed directly measured from the first two projectile snapshots post-

penetration. 

 

 
 

2) Film air-drag: 
 

Figure S4. Experimentally obtained projectile trajectory (solid square) and fitted trajectory (black 
solid line). The trajectory of projectile without air drag is represented as the red dashed line. (b) 
The projectile trajectory deviation from the drag-free condition. 
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The energy dissipation due to drag force from the deforming film during the projectile 

penetration is calculated by 4: 

 

𝐸𝑑𝑟𝑎𝑔 = ∫
1

2
𝜌𝑎𝑖𝑟𝐶𝐷𝜋𝑣𝑐𝑜𝑛𝑒

2 𝑥2𝑑𝑥
𝐷

0

=
1

2
𝜌𝑎𝑖𝑟𝐶𝐷𝜋𝑣𝑐𝑜𝑛𝑒

2
𝐷3

3
 

 

where the distance traveled by the projectile, 𝐷~𝑡𝑝𝑣𝑖 ≈ 8 𝜇𝑚, for 73 nm thick film at 1km/s 

impact.  𝜌𝑎𝑖𝑟  is air density (1.20 kg/m3). 𝐶𝐷 = 1.3  for film. 𝑣𝑐𝑜𝑛𝑒  is the base speed of the 

expanding thin-film cone, which is ~800 m s-1. Therefore, the calculated Edrag is about 0.27 nJ, 

which is a conservative estimate of the film air drag. This is significantly less than the measured 

energy dissipations, therefore neglected. 

 

Effect of projectile size on results: 

To ensure the validity of comparing various literature on LIPIT performed using 

different projectile sizes, we also performed experiments on the ultra-thin (79 nm) film with a 

smaller projectile (diameter = 4.08 µm). The air-drag coefficient CD  for the 4.08 µm projectile 

is obtained following the process described in the previous section, which are 0.51, 0.50, 0.46 

and 0.44 at 400, 600, 800 and 1000 m s-1, respectively. Following the air drag correction for the 

impact and residual speeds, the specific penetration energy of the ultra-thin films (thickness = 

79 nm) is obtained. The comparison between results from 9.2 µm and 4.08 µm projectile 

impacts is shown in Figure S5. The results demonstrate that changing projectile size from 9.2 

µm to 4.08 µm does not cause  significant difference in the specific penetration energy. 
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Figure S5. Comparison of specific penetration energy of thin P(VDF-TrFE) films impacted at 
different projectile impact speeds and with different projectile sizes. 

 
 
Calculation of end-to-end distance: 
 

The end-to-end distance of polymer chains within amorphous phase in the polymer film 

is calculated by using following equation, 

𝑅0 = 〈𝑅2〉1/2 = 𝑁1/2𝐶∞
1/2𝑙 

where R0 is the RMS end-to-end distance of the polymer chains with N bonds. l is 1.54 Å for 

C-C bonds. Characteristic ratio, 𝐶∞, of P(VDF-TrFE) is assumed to be similar to PVDF, which 

is about 6.9 5. Then, the end-to-end distance is calculated to be 46 nm. 
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Protective performances prediction of stacked films: 

Based on the experimentally measured residual speeds of projectiles after perforating a 

single layer film at various impact speeds (from about 200 m-1  to 1 km s-1, Figure 2c), the linear 

fits of residual speeds versus impact speeds of different thin films are obtained, an example of 

73 nm film is shown in Figure S6a. By assuming the initial impact speed of a 9.2 µm projectile 

to be 1 km s-1, the residual speed of projectile after perforating P(VDF-TrFE) film can be 

obtained from the experimental fit. Then, this residual speed is used as the impact speed for the 

second layer of film to calculate the residual speed after perforating that second layer. By 

iteratively using this approach (neglecting any interaction between subsequent films), the 

relationship between residual speed of projectile and the thickness of the number of films is 

obtained (shown in Figure S6b). The total number of layers that is required to stop the projectile 

is obtained when the residual speed of the projectile becomes zero. 

Table S1. Comparison of experimental parameters of LIPIT and macroscopic ballistic tests on 
various materials.4, 6-14 
 

Target materials Projectile 
parameters 

Impact 
speeds 

Air drag 
correction 
methods 

Reference 

LIPIT 

 

Figure S6. (a) Linear fitting of residual speed versus impact speed of 73 nm-thick film. (b) 
Calculated projectile residual velocities after perforating stacked films with different 
thicknesses, based on 73 nm, 165 nm and 432 nm-thick films, upon 1 km s-1 impact. 
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P(VDF-TrFE) 
 

t = 73 – 432 nm 

silica sphere 
 

d = 9.2 µm 

200 – 1000 
m/s 

With air drag 
calibration: 

Cd = 0.48-0.44 

This work 

Polystyrene (PS) film 
 

t = 75-290 nm 

silica sphere 
 

d = 3.7 µm 

350 – 800 
m/s 

With air drag 
calibration: 

Cd = 0.5-0.45 

[4] 

Polycarbonate (PC) film 
 

t = 140-271 nm 

silica sphere 
 

d = 7.6 µm 

~ 500 m/s Conducted in 
vacuum to minimize 

air drag 

[6] 

Multilayer graphene 
 

t = 10-100 nm 

silica sphere 
 

d = 3.7 µm 

600, 900 m/s With air drag 
calibration: 
Cd = ~0.5 

[7] 

Graphene/silk fibroin 
nanocomposite 
t = 80-150 nm 

silica sphere 
 

d = 7.6 µm 

400 m/s none [8] 

Macroscopic ballistic testing 
Kevlar KM2/phenolic-
polyvinylbutyral 50/50 

resin composite 
t = 4.7 mm 

Tungsten carbide 
sphere 

 
d = 12.7 mm 

298-422 m/s N/A [9] 

304 stainless steel 
 

t = 0.4 mm 

Steel sphere 
 

d = 8 mm 

176-592 m/s N/A [10] 

304 stainless steel 
 

t = 3 mm 

Steel sphere 
 

d = 12.5 mm 

480-997 m/s N/A [11] 

Aluminum 
 

t = 1.27 mm 

Steel sphere 
d = 12.7 mm and 

6.35 mm 

151-284 m/s 
and 201-853 

m/s 

N/A [12] 

Aluminum 
 

t = 1 mm 

Steel hemispherical 
projectile 

d = 19 mm 

92-115 m/s N/A [13] 

Carbon Fiber Reinforced 
Plastics (CFRPs) 
t = 2 and 6 mm 

Steel sphere 
 

d = 4 mm 

500 -1230 
m/s 

N/A [14] 
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