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Compositionally complex alloys (CCAs) have attracted significant attention over the past decade due to their
potential for exhibiting excellent mechanical properties even at elevated temperatures. The resistance to creep
deformation at temperatures greater than one-half of the melting point is primarily driven by atomic diffusion,
but experimental measurement of the diffusion coefficients at elevated temperatures is challenging due to the
instrumentation limitations and possible oxidation of the alloy. We employ molecular dynamics simulations and
first-principles calculations to examine the atomic diffusion of the various elemental species in a refractory CCA
containing Mo-Ta-Ti-W-Zr as the constituents. The predictions reveal that diffusion coefficients in CCAs are
slower than the corresponding diffusion in the pure metals by a factor of ~8-12, while the activation energies for
the diffusion are relatively much higher. A strong attraction between unlike atomic pairs in the CCA coupled with
the occurrences of low energy atomic traps due to preferential site-occupancy of the elements creates an ~1 eV
energy barrier that significantly impedes atom migration. The sluggish diffusion reduces the creep deformation
strain rates, increasing the resistance to creep for the CCA at high temperatures.

1. Introduction

Compositionally complex (multicomponent) alloys (CCAs), have
received widespread attention over the last decade [1,2]. This growth in
interest is partly attributed to the relatively high entropy of mixing that
stabilizes the solid-solution phase and prevents the formation of inter-
metallic compounds [3], whence the intriguing microstructural phase
formation and structural properties emerge. Certain CCAs have exhibi-
ted excellent high temperature mechanical strength [4,5], hardness [6],
stiffness [7], wear and corrosion resistances [8,9]. Hsu et al. [10]
defined a softening transition temperature (Tt) for these alloys, where a
change in the deformation mechanism reduces the hardness of CCAs
above the T1. While dislocation glide is the predominant creep defor-
mation mechanism below the softening transition temperature (typi-
cally > 0.5 Ty, [5], where Ty, is the absolute melting temperature) of
such concentrated solid-solutions, for higher temperatures, creep occurs
by diffusional flow of the atoms [10]. Diffusion in solids, primarily
driven by the presence of atomic defects, is 2-3 orders of magnitude
slower (i.e., sluggish) than in liquids. Thus, in effect, the creep resistance
above Tr depends on the ability of the different atomic species to
migrate to a neighboring vacancy.

Sluggish diffusion [11,12] has been cited, albeit with certain aber-
rations, as one of the four key factors for the novel material properties of
CCAs [13-16]. The liquid phase properties are important in that they
can potentially provide insights into the nucleation and crystal growth
processes [17], as well as growth kinetics and dendritic arm spacing in
microstructures during solidification [18]. Note that these multicom-
ponent alloys differ from their conventional counterparts in that no
distinct solvent or solute species can be specified. Consequently, due to
the presence of multiple species in the matrix, the enthalpies required
for vacancy formation and atomic migration from one lattice site to
another can significantly differ for each element [19]. These fluctuations
create variations in the lattice potential energy (LPE) across the atomic
sites, such that the sites with lower LPE act as atomic blocks with high
activation energies, and impede atom migration [20]. Here, we inves-
tigate the effect of alloy composition on atomic diffusion, and offer a
fundamental understanding of the physics underlying the (sluggish)
diffusion especially at elevated temperatures. We employ classical mo-
lecular simulations and first-principles calculations to model the diffu-
sion mechanism in a non-equiatomic CCA, viz.,
(Mog.95Wo.05)0.85Ta0.10(TiZr) o5 alloy that exhibits excellent tensile and
compressive strength [21]. The results, as elaborated below, reveal that
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the diffusion coefficient [22] near Ty, for these alloys is lower than that
in the corresponding pure metals because the formation of low energy
atomic traps in the alloy lattices increases the energy required for the
atom to migrate to a vacancy.

2. Computer simulation methods

Molecular dynamics (MD) simulations are employed using the
extensively parallelized Large-scale Atomic/Molecular Massively Par-
allel Simulator (LAMMPS) package [23], while VESTA [24] and OVITO
[25] are used for visualization and data-processing. A cuboidal simu-
lation box is constructed with Mo, Ta, Ti, W and Zr atoms distributed
randomly in a BCC lattice of (31.5a x 31.5a x 31.5a) nm? dimensions,
where a = 0.317 nm is the lattice constant [21]. Periodic boundaries are
imposed along all three directions. The atomic interactions are described
using the EAM potential [26]. We use the parameter combinatorial tool
built within the LAMMPS package [26] to obtain a hybrid potential
encompassing the 10 cross interactions between all the elements and
construct a collective forcefield for the Mo-Ta-Ti-W-Zr alloy system.
Such a technique has been previously validated to successfully simulate
the crystallographic phase and stress strain curves for the
(M00,95W0.05)0.85Ta0.1o(Tin)obos [21] and All()CI'COFeNi [27] alloys.
Additionally, the BCC phase and elastic modulus of the Mo-Ta-Ti-W-Zr
alloy system obtained from MD simulations were experimentally vali-
dated [21]. The alloy lattice is energy minimized by the conjugate
gradient method with an energy tolerance of 107!% eV and a force
tolerance of 107'° eV/A. The alloy is initiated at 3300 K under the
isothermal-isobaric (NPT) ensemble for 300 ps at 0 MPa pressure and
then rapidly quenched to 1100 K with a constant quenching rate of 200
K/ns. The equilibrated structure, shown in Fig. 1(a), is principally a
single-phase BCC solid-solution. To calculate the diffusion coefficients
(D) of each element, atomic positions and velocities are recorded at
3300 K, 2800 K, 2100 K and 1900 K for every 200 ps [28], after equil-
ibrating for 300 ps at each temperature similar to prior reports [21,28].
D is obtained from the slope of the linear mean square displacement
(MSD) [29] as

1.1 )
D—60<N2(x,~(t)x,-(0))>/dt ¢))

i=1

Here, N is the total number of atoms in the melt, and x;(t) is the
location of ith atom at time t. Additionally, we calculate the structural
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pair correlation function g, 4(r) that reveals the coordination tendencies
between like or unlike pairs of atoms in the alloy. g,.4(r) provides the
probability of the presence of another atom at a distance r from the atom
under consideration [30], and its integral provides the number of
nearest neighbors within a range r of that atom.

We compute the mean difference in the energies of the CCA crystal
lattice before and after an atom migrates to a vacancy using density
functional theory (DFT) calculations with the Vienna ab initio simulation
package (VASP) [31]. The system is initiated as a solid solution with a
BCC crystal and each metal has at least one atom occupying one body
center lattice site and at least one atom occupying the corner site. The
configuration employed for the first-principles calculations contains 16
atoms in a periodic box. The chosen simulation suffices our purpose to
interrogate the difference in energy within the alloy lattice arising from
the migration of an atom to a vacancy site. Previous reports [32] have
simulated systems of similar sizes to calculate vacancy formation en-
thalpies in a 4 component FeCoCrNi CCA. Projector-augmented-wave
(PAW) potential with Perdew-Burke-Ernzerhof (PBE) scheme is
employed and generalized-gradient approximation (GGA) is used for the
exchange correlation calculations [33-35]. For diffusion to initiate, the
activation energy barrier needs to be overcome to displace an atom from
its initial position to the vacancy. In a symmetrical environment (i.e.,
same metal atom at every lattice site), the minimum energy before and
after the atom displacement are equal as in the case of pure metals [19];
but in an asymmetrical environment (i.e., different metal atom at each
lattice site), the minimum energy before and after atom displacement
does not assume the same magnitude. There is a finite difference be-
tween the two energy levels that equals the mean difference in energy as
in the case of CCAs [20]. To simulate and calculate the mean energy
difference Ey, of the system for an atom of a certain metal to migrate to
a vacancy, the processes illustrated in Fig. 1(b) and (c) are employed.
One atom of that certain element is deleted at a time from the corner
position A of the cubic lattice, and the system is allowed to relax
completely, thus creating an initial vacant position at this site A. Next,
another atom of same metal is deleted from the body center position B of
the cell and the system is allowed to relax completely. This step connotes
that the atom from cube center has migrated to the cube corner. Ej, is
denoted as the difference in energy of the structures between the states
when an atom of the metal x is missing from position A, and then po-
sition B.

Fig. 1. (@) Analyses of the structural coordination for
the equilibrated (Mog 95sWo.05)0.85T20.10(TiZ1r)g 05 CCA
performed with the common neighbor approach re-
veals that 96.4% of the simulated alloy structure as-
sumes a BCC lattice configuration, consistent with the
literature [21]. This result verifies the choice and
accuracy of the potentials used for the MD simula-
tions. (b), (¢) The methodology to compute the mean
energy difference (E},;) of the alloy before and after a
Ti atom migrates to a vacant site is illustrated. Site A
is an initially available vacancy. The solid arrow in-
dicates the direction in which the Ti atom migrates.
(© EY, is calculated as the difference in energy of the

alloy structures before and after the migration of the
Ti atom from position B to A. In a structure consisting
of only pure Ti atoms, this difference in energy is nil,
but in case of the CCA, Ef,; = 1.54 eV (the lattice
potential energy with Ti atom at site A = 158.95 eV
and at site B = 157.41 eV). This prediction corrobo-
rates that in presence of multiple metal atoms in a
lattice, there exist low energy atomic traps that
hinder atom displacement from that location,
contributing in a 1-2 orders of magnitude lower
diffusion coefficients in CCAs as compared to pure
metals or conventional alloys.
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3. Results and discussion

In order to identify the melting temperature (Ty,) an approach pre-
viously described in the literature [36] is adopted. Fig. 2(a) reproduces
the change in volume of the simulation cell with temperature as the alloy
is quenched from 3300 K to 1100 K at a cooling rate of 200 K/ns. Only a
limited interval of the temperatures is presented to clearly depict the
transition zone. A sharp decrease in volume is noted at ~2114 K that is
considered as the theoretical crystallization temperature for the
(Mog.95Wo0.05)0.85Tag.10(TiZr)g.05s CCA. The absence of experimental
measurement to validate this temperature prediction is acknowledged.
Nevertheless, we utilize spatial correlation functions to derive addi-
tional information on the alloy microstructures at temperatures above
and below the hypothesized Ty,. Fig. 2(b) displays the radial distribution
function (RDF) of the alloy at 2300 K and at 1900 K from O to ~ 7 A (the
cutoff in the EAM potential is 7.15537 10\). The RDF plot excludes the
volume of the atoms for about 2 [o\, and is thus zero or near zero between
0 and ~2 A. While experimental results from X-ray or neutron diffrac-
tion data to potentially validate the simulation predictions for this CCA
is unavailable in the literature, our RDF results at 1900 K reveal simi-
larity in the profile with experimental characterization of a different
refractory CCA HfNbTaTiZr (Fig. 2 in Ref. [37]) between 0 and 7 A. The
broadening of the function beyond the first peak at 2300 K (dashed line)
reflects a typical signature of liquid behavior [30]. On the other hand, at
1900 K (solid line), the RDF evolution reveals the existence of distinct
peaks and hence, the presence of well-defined nearest neighbor shells
surrounding an atom displaying long-range order [38]. As reported in
the literature [39], we find the average number of atoms in the first shell
of this BCC crystallographic phase to be 8, followed by 6 in the next
shell. Given this observation we assert that 2114 K can indeed be hy-
pothesized as the Ty,. Hence, we calculate the diffusion coefficients of
the CCA at T = 1900 K to ensure that the properties obtained are
applicable for temperatures well above Tt and account for the entire
range of creep temperatures in the deformation mechanism map [40],
but lie well below the crystallization temperature, considering the de-
viation in identifying the Ty, from the MD simulations can be up to
~200 K. Since the MSD in eq. (1) relies upon the concept of random
walks experienced by atoms in a lattice, the transient evolution of the
random walks exercised by a single atom in the lattice produces a pulse

and saw tooth type of wave on a R? profile (R = _ ris the displacement
1

vector where n is the number of jumps for the random walks) as a
function of the ‘number of jumps’ [30]. But when the R?is sampled over
a large number of trajectories traced by all the atoms present in the
simulation cell, the variation approaches steadily towards a straight line
with a positive gradient [30]. These random walks of atoms are largely
dependent on the intrinsic ability of the elemental species to move from
one site to another in a lattice. Several factors decide the extent of these
jumps viz., the strength of the interatomic potentials between the atoms,
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the mass of the elements, the temperature of the system, and the strength
of the interatomic cross interactions between the various species. Fig. S1
shows the transient evolution of MSD for all the constituent metallic
elements in the (Mog.95Wo.05)0.85Tag.10(TiZr)g.05 CCAs. We note that Ti
and Zr exhibit relatively higher slope for the MSD with time, and
consequently greater extent of the diffusion relative to the other species
in the CCA driven by thermodynamic properties i.e., kinetic energy of
the system and atomic masses. At any given temperature, the mean ki-
netic energies of all the species in the alloy are similar. The atomic
masses of the elements are in the order Ti < Zr < Mo < Ta < W. Hence,
the lighter elements have a higher mobility under the same energy and
force field constraints. Accordingly, Ti has a higher MSD slope owing to
higher mobility followed by Zr and Mo. Since Ta and W occupy adjacent
locations in the periodic table, the difference in their mobilities is not
distinguishable via just the MSD.

The MSD for pure metals is also computed using an identical simu-
lation setup with each metal considered separately (the predictions are
illustrated in Fig. S2). We note that the MSD of pure metals are obtained
at a different set of temperatures than those used for the alloy. For Ta
and W, we use 3700 K, 3300 K and 2800 K to obtain the MSD because the
melting points of Ta and W are above 3200 K. Our objective is to predict
the atomic velocities and positions near the liquid to solid phase tran-
sition zone to analyze the diffusion behavior at the near liquid region.
Likewise, we choose the temperatures for obtaining the MSD of the other
metals but limiting the upper bound well below the respective vapor-
ization temperatures. In addition to calculating the diffusion coefficient
for the metals using Eq. (1), we estimate the activation energy (Q) from
Q= - 2‘3RM, following the procedure described elsewhere [41,

1
Alr

42]. The activation energies are listed in Table S1 as supplementary
information. There is strong agreement between the predictions and
prior literature data for Ti and Zr. However, for the other metals de-
viations between the experimental and computational results are noted
that we attribute to differences in the temperatures at which the mea-
surements are performed, and the choice of the interatomic potentials.
These diffusion coefficients obtained from MSD data are used to
compare the diffusion for the metals in the pure state against that in
CCAs, similar to a previous report [20] that had experimentally
measured diffusion in Co-Cr-Fe-Mn-Ni alloy and compared them with
the diffusion in the constituent metals in the pure state. To prove that
diffusion is slower in CCAs, we define an empirical parameter ie.,
normalized activation energy, calculated as the ratio of activation en-
ergy to the melting temperature. This normalized activation energy is
found to be one order of magnitude higher in CCAs than in pure metals,
thereby corroborating the retarded diffusion phenomenon in CCAs.
Nevertheless, this model has certain drawbacks and characterized as
predominantly correlational [22]. It has been reported [22] that in order
to compare the diffusion data of pure metals with corresponding

Fig. 2. (a) Variation of the average volume of the

(Mog.95Wo.05)0.85Ta0.10(TiZr)o.0s CCA with tempera-
ture during cooling at a rate of 200 K/ns. Upon
cooling the liquid metal mixture crystallizes into a
single-phase BCC solid solution as shown previously
in Fig. 1. A crystallization temperature of ~2114 K is
identified based on the steep change in the gradient of
volume shrinkage. (b) RDF of the atoms in
(Mog.95Wo.05)0.85Ta0.10(TiZr)o.0s CCA at 2300 K
(dashed line) and 1900 K (solid line) are presented.
Note that the evolution of peaks at 1900 K highlights
the onset of long-range order thereby evincing the
occurrence of crystallization. The absence of well-
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defined peaks at 2300 K indicates the nonexistence
of long-range order thereby corroborating that the
existence of liquid phase at 2300 K.
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diffusion data in CCAs, a reduced form of diffusion coefficients is rather
suitable [43,44]. This proposition arose from the various analyses of the
diffusion of, say metal A and metal B in the solid solution AB, where the
ratios of vacancy formation energy, self-diffusion energy and chemical
diffusion energy with solidus temperature was found to depend only the
relative concentrations. Therefore, to effectively compare the diffusion
coefficients of metals relative to when they exist within an alloy, an
alternate approach has been proposed with a dimensionless diffusion
coefficient as [43]:

D' = Dgexp (—%) (3]

e

Here, T" = , Q :% with k the Boltzmann constant, D, the

dimensionless temperature independent preexponential, Q the activa-

-05
tion energy, and D* =D (%) with a being the lattice constant and

M the atomic mass. We use T, = 2114 K as hypothesized from results of
Fig. 2(b) when calculating D* for the metals in the CCA, while a and M
are calculated using Vegard’s rule [44]. The variation of D* with inverse
of T* for the different elements of the CCA in Fig. 3, as anticipated re-
veals a consistent decrease in the diffusion of the various elements both
in the CCA as well as in the pure metallic forms. There is a systematic
downward shift in the solid straight lines that represent the alloy
compared to the dashed lines that represent the pure metals. The
dimensionless diffusion coefficients of the constituent elements in the
alloy are smaller than that in pure state by a factor of ~ 8-12. This
observation together with higher (~1.1-2.3 x ) activation energies
(Table S1) of elements in the alloy corroborate the sluggish diffusion
effect. In particular, Ti exhibits the highest increment in activation en-
ergy required for diffusing within the CCA although it has the smallest
atomic radius and greatest D amongst the constituent elements of the
alloy. We attribute this behavior to the strong interatomic interactions
(evinced by the strong affinity between unlike atomic pairs as shown by

a) ~~ Pure Mo =~ Pure Ta ~ 7 Pure Ti
2l @) — Mo in CCA (b) — Tain CCA © — Tain CCA
a4
8
-6
0.64 1.11  0.64 1.11  0.64 1.11
1/T*
d) -~ Pure W (e P‘TI:E Z,l' .
2 @ _ Whcca e = ZrinCCA
a4
E \\~
-6
0.64 1.47 0.64 1.11
1/T*

Fig. 3. Dimensionless diffusion coefficient (D*) as a function of inverse reduced
temperature presented for all constituent metals (a) Mo, (b) Ta, (¢) Ti, (d) W
and (e) Zr in the CCA. For all the elements, D* is higher in their pure metallic
form than when present in the CCA by a factor of ~ 8-12. The ratios of acti-
vation energies required for the diffusion of each of the elements in the CCA
relative to the corresponding pure metals are >1, as noted from Table S1,
confirming that higher activation energies are required when in the alloy. This
ratio is highest for Ti and together with its lowest atomic mass amongst the
constituent elements of this CCA, strongly retards its mobility due to the
interatomic interactions in presence multiple atomic species in the alloy.
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8q-p(r) in Fig. S3 provided as supplementary information) in the neigh-
borhood of a Ti atom in the concentrated solid solution. The relatively
limited momentum due to small atomic mass is insufficient to overcome
the interatomic forces requiring a steep increase in the activation energy
to diffuse through the alloy matrix as compared to that in the pure
elemental state.

The sluggish diffusion is caused by the presence of a variety of metals
in the matrix of the CCA, contributing to several competing strength-
ening mechanisms. Subsequently, certain superior properties at elevated
temperatures [45] are noted, such as excellent creep resistance [21,46].
At T > 0.5T,,, deformation by creep becomes significant in addition to
time independent yielding. The predominant creep mechanisms viz.,
dislocation glide creep (at relatively higher stress levels) and the diffu-
sional creep (Nabarro-Herring and Coble creep) are primarily governed
by mass diffusion at elevated temperatures. To correlate the sluggish
diffusion in CCA with the corresponding creep mechanisms, we consider
the Nabarro-Herring strain rate (¢yy) [47] and the Coble creep strain
rate (&¢) [47].

bvn = A (%) (%) @)

rem e () @

Here, ¢ is the normal stress, Q the atomic volume, D; the lattice
diffusion (diffusion through bulk material) coefficient, d the grain size,
while Ayg and A are geometrical parameters, Dgg is the grain boundary
diffusivity (a.k.a. surface diffusivity in case of single crystal), and § is the
grain boundary thickness.

At room temperature grain boundary diffusion is more pronounced
than lattice diffusion because of inefficient packing of atoms at grain
boundaries. Such an ineffective atomic arrangement results in lower
impedance to atom motion relative to the diffusion through the lattice.
But at higher temperatures, these diffusion rates converge and can be
quantified equally as the bulk diffusion coefficient [48], i.e., D. Lowering
D by an order of magnitude due to sluggish diffusion will reduce the
creep strain rates equivalently per Egs. (3) and (4). Hence, sluggish
diffusion increases the creep resistance of CCAs and augments the span
of elastic deformation at elevated temperatures for CCAs. We probe the
sluggish diffusion using two parameters viz., g, 4(r) and the Ey;,. g,-5(r)
can identify neighboring atoms that are (un)favorable for elemental
diffusion [27]. As mentioned above, from Fig. S3, we find that the unlike
pairs have a strong affinity to coordinate, and hence the inter-element
attractive forces dominates the interactions between like atoms, as
also noted in the literature [49].

The tendency to form single phase solid-solutions substantiates the
existence of strong metallic bonds between the constituent metals and
the absence of intermetallic microstructures. As a consequence of such
cross interactions, the atomic diffusion is severely constrained within
the multi-principle element matrix. Each element experiences a rela-
tively stronger force field in its neighborhood that resists any atomic
migration. We support this argument with predictions for the Ey;, of
each constituent metal. Note that the LPE before and after the migration
of atom to vacancy is same in a matrix that has a like environment in the
neighborhood of each atom as in a pure metal. Hence, E}, for the five
constituent metals in their pure form is zero, as also corroborated by our
DFT simulations. But for CCAs where multiple metal atoms coexist in the
lattice, Ey, # 0. Table 1 lists the corresponding Ef,, for each metallic
element in the CCA. Ejjvaries from 0.60 eV for Zr to 1.89 eV for
migration of a Ta atom to a vacant site. Since each particular atomic
configuration in the CCA lattice renders a unique LPE, atoms prefer to
arrange themselves in the lowest energy configuration. Such preferential
occupancy constrains the atoms from migrating to a vacancy since the
atomic reorientation can result in a higher and unstable LPE. Hence the
lower energy atomic sites, also referred to as low energy atomic traps
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Table 1

The mean difference in energies (Ejy;;) of the Lattice Potential Energy (LPE) for
all the metals in (Mo0g.95sWo.05)0.85Ta0.10(TiZr)g.05s CCA are listed. Each metal
atom is forced to migrate to a vacancy site and the difference in LPE before and
after migration is calculated as Ejy,. This analysis suggests that in CCAs, there
are some preferable sites for each atom type where the resulting LPE is the
lowest. Such a preferential element-specific site occupancy creates low energy
atomic traps that prevents atoms from migrating to vacancies, and sluggardizing
the diffusion by orders of magnitude below that of corresponding pure metals.

Solute Mo Ta Ti w Zr

Eyyp (eV) 1.29 1.89 1.54 0.67 0.60

[20], impede atomic diffusion in CCAs requiring a strong energy barrier
to be overcome for such motion. The effect of low energy atomic traps
coupled with the strong cross-interactions of the metals in the CCA
sluggardize the diffusion in multicomponent alloys.

4. Summary

Classical molecular simulations are employed to examine and un-
derstand the fundamental causes for the sluggish diffusion of atoms in a
representative refractory CCA. The reduced (by a factor of ~8-12)
diffusion coefficients of the constituent elements relative to their pure
metallic forms, together with higher (~1.5-3 x ) activation energies
corroborate the sluggish diffusion effect. We deduce that a two-fold ef-
fect causes such poor diffusion, and subsequently an enhanced creep
resistance. On one hand, the relatively pronounced attraction between
unlike pairs of elements in the CCA than that between like pairs, gen-
erates a strong attractive force field in the neighborhood of the atoms
that impedes their diffusion by increasing the resistance to atomic
movement through higher activation energies; on the other hand, the
presence of multiple elemental species in the alloy lattice creates low
energy atomic traps. Since the energy barrier associated with the
migration of an atom to a vacancy is ~1 eV, such energy penalty inhibits
atom movement contributing to a sluggish diffusion. Additionally, we
predict that both Nabarro-Herring and Cobble creep deformation strain
rates are lowered by an order of magnitude in the CCA relative to that in
the corresponding pure metals, supporting the enhanced creep resis-
tance of refractory CCAs at elevated temperatures. The results assist in
offering a quantitative reasoning for the sluggish diffusion of the ele-
ments in a CCA based on the lattice energies associated with atom
migration within the alloy, and activation energies required for atoms to
overcome and promote diffusion. The presented computational meth-
odology can be employed for any set of metals and their alloys, and the
results can describe the relative changes in their diffusion behaviors
when in the alloy compared to when in the pure metal state. This
knowledge and data can assist in quantifying the increase in creep
resistance of the alloy as recognized by Egs. (3) and (4), and tuning alloy
compositions for targeted applications.
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