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An Intrinsically Stretchable High-Performance Polymer 
Semiconductor with Low Crystallinity
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For wearable and implantable electronics applications, developing intrinsi-
cally stretchable polymer semiconductor is advantageous, especially in the 
manufacturing of large-area and high-density devices. A major challenge is to 
simultaneously achieve good electrical and mechanical properties for these 
semiconductor devices. While crystalline domains are generally needed to 
achieve high mobility, amorphous domains are necessary to impart stretch-
ability. Recent progresses in the design of high-performance donor–acceptor 
polymers that exhibit low degrees of energetic disorder, while having a high 
fraction of amorphous domains, appear promising for polymer semiconduc-
tors. Here, a low crystalline, i.e., near-amorphous, indacenodithiophene-co-
benzothiadiazole (IDTBT) polymer and a semicrystalline thieno[3,2-b]
thiophene-diketopyrrolopyrrole (DPPTT) are compared, for mechanical prop-
erties and electrical performance under strain. It is observed that IDTBT is 
able to achieve both a high modulus and high fracture strain, and to preserve 
electrical functionality under high strain. Next, fully stretchable transistors are 
fabricated using the IDTBT polymer and observed mobility ≈0.6 cm2 V−1 s−1  
at 100% strain along stretching direction. In addition, the morphological 
evolution of the stretched IDTBT films is investigated by polarized UV–vis 
and grazing-incidence X-ray diffraction to elucidate the molecular origins of 
high ductility. In summary, the near-amorphous IDTBT polymer signifies a 
promising direction regarding molecular design principles toward intrinsically 
stretchable high-performance polymer semiconductor.
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wearable,[1,2] implantable,[3] and health 
monitoring applications,[4–6] ranging from 
robotic sensory skins,[7] wearable com-
munication devices[8,9] to biocompatible 
integrated circuits.[10] Currently, stretch-
able electronics has been achieved using 
geometric approaches such as strain 
engineering,[11] induced buckling,[12] and 
Kirigami interconnects on rigid silicon-
based devices.[13] However, to achieve low-
cost, large-area, and high-density device 
manufacture, next-generation wearable 
and implantable electronic devices could 
greatly benefit from intrinsically stretch-
able materials. Transistors are basic ele-
ments for processing information and 
simple logic operations.[14,15] To enable 
fully stretchable transistors, each compo-
nent in the device, including stretchable 
dielectrics,[16,17] substrates,[18] and conduc-
tors,[19–21] has been developed. However, 
a major challenge remains in the design 
of stretchable semiconductor material 
that maintains good electronic properties 
under mechanical strain.[22]

The field of intrinsically stretchable 
polymer semiconductor has witnessed 
significant growth in recent years.[23] 
Various structural modification strategies 

have been reported, such as backbone engineering[24,25] and 
side-chain engineering,[26,27] which include flexible conjuga-
tion breakers,[28] longer and softer side chain,[29] or tuning the 
size and number of electron-donating thiophene groups.[30] 

Stretchable Electronics

Y. Zheng, Dr. G.-J. N. Wang, Dr. J. Kang, Dr. M. Nikolka, Dr. H.-C. Wu,  
Dr. H. Tran, Dr. H. Yan, J. Mun, Dr. J. B.-H. Tok, Prof. Z. Bao
Department of Chemical Engineering
Stanford University
Stanford, CA 94305-5025, USA
E-mail: zbao@stanford.edu
S. Zhang, Prof. X. Gu
School of Polymer Science and Engineering
The University of Southern Mississippi
Hattiesburg, MS 39406, USA
E-mail: xiaodan.gu@usm.edu

The ORCID identification number(s) for the author(s) of this article 
can be found under https://doi.org/10.1002/adfm.201905340.

1. Introduction

Stretchable and conformable electronic devices have recently 
gathered much interests for their potential in enabling advanced 
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The general design principle is to decrease the overall crystal-
linity of the polymer film while maintaining good electrical 
connections between aggregates, thus maintaining good charge 
transport. When a strain is applied, the amorphous region is 
more easily stretched through polymer conformation change 
to dissipate the strain energy, making the polymer film ductile 
and stretchable.[31] However, it remains challenging to main-
tain good charge transport properties while having mechanical 
compliance. This is due to the decreased π–π stacking between 
neighbor polymer chains when the overall crystallinity is 
decreased, resulting in reduced interchain transport efficiency 
across the film within these semicrystalline systems.[32] Other 
approaches, such as cross-linking[33] and nanoconfinement,[34] 
typically require fine tuning of processing conditions which 
may have a large number of parameter space to screen.

Recent reports have indicated that highly crystalline mor-
phology may not be necessary for polymer semiconductor to 
have high charge carrier mobilities.[35–37] Instead, short-range 
intermolecular aggregation combined with efficient intramolec-
ular charge transport was sufficient for good long-range charge 
transport, and the limiting step was “trapping” caused by 
energetic disorder. There has been much progress recently in 
designing donor-acceptor conjugated polymers that exhibit high 
charge carrier mobilities despite possessing near-amorphous 
morphology.[38,39] Herein, we investigate the potential of a 
conjugated polymer indacenodithiophene-co-benzothiadiazole 
(IDTBT) previously reported as “near-amorphous” as an intrin-
sically stretchable polymer semiconductor candidate. Indeed, 
despite its low crystallinity in a thin film, it exhibits high charge 
carrier mobility of 1.5–2.5 cm2 V−1 s−1 and near-ideal transistor 
current–voltage behavior.[40] We hypothesize that the lack of 
long range order and high fraction of amorphous regions may 
allow the IDTBT polymer chains to slide past each other or 
become stretched under strain, resulting in mechanisms for 
strain energy dissipation. Thus, high charge carrier mobility 
and high stretchability may be achieved simultaneously in 
one polymer system. In addition, IDTBT exhibits good air-sta-
bility,[41] which is important for operational shelf life stability 
of devices. Its high solubility in a wide range of solvents makes 
this polymer promising for plastic electronics.

Most studies on indacenodithiophene-based (IDT-based) 
donor–acceptor copolymer focused on its charge transport 
properties instead of its mechanical properties.[42] Luscombe 
and coauthors studied a series of alkyl-IDT polymers with dif-
ferent degrees of backbone twists,[43] and the elastic modulus 
and crack-on-set strain were measured by film-on-elastomer 
method. However, there is no systematic comparison study 
between the near-amorphous and semicrystalline conjugated 
polymer system, in terms of electrical and mechanical proper-
ties. In addition, no stretchable devices have been fabricated to 
characterize IDTBT in a final device and its potential for stretch-
able electronics. In this study, we chose IDTBT as a model 
compound to investigate the molecular design guidelines for 
next-generation intrinsically stretchable high-performance 
conjugated polymer, and with the semicrystalline thieno[3,2-
b]thiophene-diketopyrrolopyrrole (DPPTT) being employed 
as a comparison. We chose diketopyrrolopyrrole (DPP)-based 
polymer as comparison because it is a common donor-acceptor 
system reported to possess high charge transport properties.[44] 

Also, its strong intermolecular interactions have led to ordered 
microstructures with closely packed crystalline domains. In 
addition, DPP served as the building block for many developed 
intrinsically stretchable polymer semiconductors.[33,34,45]

As stated earlier, the unique near-amorphous morphology 
of IDTBT would make it potentially stretchable, while the rigid 
backbone configuration would maintain its charge transport 
under strain. Our performed mechanical characterizations indi-
cated that IDTBT does not follow the typical trend for most con-
jugated polymers because high modulus and high stretchability 
can be achieved simultaneously in this low-crystallinity system, 
which is different with the reported summarized relationship 
between modulus and stretchability of most donor-acceptor 
polymer.[30] Next, we proceeded to fabricate high-performance 
fully stretchable transistors with IDTBT as the polymer semi-
conductor to demonstrate that IDTBT has sufficiently good 
electrical properties under mechanical strain. Without strain, 
the devices showed ideal transfer characteristics with high 
mobility around 1.8 cm2 V−1 s−1. The mobility remained stable 
at ≈0.6 cm2 V−1 s−1 at 100% strain along stretching direction, 
compared to the rapidly decreasing of charge carrier mobility 
to 5  ×  10−4 cm2 V−1 s−1 for the semicrystalline DPPTT-based 
stretchable transistors. Furthermore, morphology investigation 
of stretched IDTBT films was carried out to show that the high 
stretchability originates from sliding and alignment of polymer 
chains, which can dissipate strain energy. The deformation 
modes for these two polymer films were different under strain 
(Figure 1), in which IDTBT showed higher stretchability while 
DPPTT was brittle. When the strain was released, in contrast 
to the crack size changes for DPPTT, wrinkles were formed for 
IDTBT film.

2. Results and Discussion

2.1. Mechanical Characterizations

According to our grazing-incidence X-ray diffraction (GIXD) 
results for spin-coated IDTBT and DPPTT films to be discussed 
in more details (Figure  4b), IDTBT showed face-on orienta-
tion and diffracted weakly, with broad and diffuse (010) peak 
(originated from π–π stacking diffraction) in the out-of-plane 
direction. In contrast, 2D GIXD images for DPPTT showed 
an edge-on orientation and strong diffractions of (h00) lamella 
peaks up to the fourth-order. This is consistent with earlier 
results that IDTBT has a near-amorphous microstructure[42] 
while DPPTT has a semicrystalline microstructure.[44] It has 
been reported that molecular weight of polymer strongly influ-
ences the degree of stretchability of semiconducting polymer 
thin films.[46,47] Therefore, we investigated IDTBT and DPPTT 
with comparable number average molecular weights Mn  
(108.6 and 80.1 kg mol−1, respectively) and dispersities (Table 1).

To study the impact of having nearly amorphous microstruc-
ture on thin film mechanical properties, pseudo free-standing 
tensile tests on the IDTBT and DPPTT were performed.[30,48] 
The experimental set up involves floating polymer thin films 
on water for stress–strain characterizations. This “film-on-
water” technique[49] decouples the effects from substrates thus 
allowing a more accurate measurement of the bulk polymer 
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film (typically microthick) mechanical properties, as compared 
to the traditional buckling method[50] and crack-on-set strain 
methods.[51] The latter two have been applied to thin polymer 
films (<1  µm thickness). The average elastic modulus and 
fracture strain are summarized in Table 1. Notably, the stress–
strain curve shows that IDTBT possesses a higher elastic mod-
ulus and higher fracture strain than DPPTT (Figure  2a). An 
averaged elastic modulus of 745 ±  90 MPa and fracture strain 
of 22  ±  1.1% were observed for IDTBT, whereas an averaged 
elastic modulus of 374 ± 25 MPa and fracture strain of 9 ± 3.3% 
were observed for DPPTT. This contradicted the typical obser-
vations that higher crystallinity usually correspondingly gives a 
higher modulus and lower stretchability.[52] IDTBT lacks long 
range π-π stacking, yet its modulus is still higher than DPPTT 
with high crystallinity. Based on a previous report, the near-
torsion-free backbone conformation of IDTBT is confirmed 
by pressure-dependent Raman spectroscopy and simulation 
results. It was concluded that the IDTBT backbone is rigid and 
coplanar in thin film state. Thus, we infer that the amorphous 
microstructure of IDTBT resulted in high stretchability, its high 
modulus was attributed to the rigid backbone configuration.[53] 
The high modulus of IDTBT was further confirmed with 
nanoindentation tests, where the elastic modulus was measured 
at different tip depths into the total film thickness. Consistent 
with our “film-on-water” results, IDTBT has a higher modulus 
than DPPTT (Figure 2b). It was previously reported that IDTBT 

exhibited a low elastic modulus (360 MPa);[43] this is attributed 
to the lower molecular weight (15 kg mol−1). Furthermore, the 
stress–strain curve for IDTBT film indicated yielding behavior 
before fracture. The yielding behavior is a plastic deformation 
mode under mechanical strain, commonly observed for duc-
tile polymer thin films.[54] It is typically attributed to molecular 
processes, such as secondary relaxation and flow of polymer 
chains. In addition, we performed stress relaxation measure-
ments to confirm the plastic deformation and elucidate the dif-
ference in viscoelastic properties between IDTBT and DPPTT. 
We observed that IDTBT indeed relaxed faster than DPPTT, 
and it can also reach a lower strain plateau after 500 seconds 
(Figure 2c). This indicates that the energy loss and dissipation 
via plastic deformation in the IDTBT thin film is faster than in 
DPPTT.[48] The stress–strain curve of IDTBT was typical for a 
polymer with high toughness.[55] IDTBT could withstand much 
more strain energy during stretching before its final failure.

The glass transition temperature (Tg) for a conjugated 
polymer is another important parameter for gauging the degree 
of ductility.[56,57] Typically, a lower backbone Tg corresponds 
to a higher tendency for plastic deformation upon stretching. 
Dynamic mechanical analysis (DMA) was performed for an 
IDTBT thin film drop-casted on polyimide substrate. An alkyl 
side chain Tg of −8.8  °C and a backbone Tg of 70.4  °C were 
observed respectively (Figure  2d). For the semicrystalline con-
jugated polymers DPPTT, only the alkyl side chain Tg could 
be observed by DMA measurement reported in our previous 
work.[58] The observation of backbone Tg for IDTBT film con-
firmed the presence of amorphous domains and free volume. 
This may explain its higher ductility.

The above mechanical characterizations suggest that IDTBT 
does not follow the typical trend observed for other conjugated 
polymers. First, a high modulus may not necessarily corre-
spond to a high crystallinity. IDTBT has a high modulus due to 
its rigid backbone but still possess a low crystallinity. Second, a 
high modulus may not always give a low stretchability. In the 
case of IDTBT, it exhibited ductility despite of its high modulus 
owing to its near-amorphous microstructure. Third, conjugated 
polymers with fused rings tend to be rigid and brittle.[59] How-
ever, IDTBT films did not show brittleness likely due to the 
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Table 1.  Molecular parameters and mechanical properties of semi-
conducting polymers. Number average molecular weight (Mn), weight 
average molecular weight (Mw), and dispersity (Ð) were measured by 
high-temperature gel permeation chromatography (HT-GPC).

Polymers Mn [kg mol−1] Mw [kg mol−1] Ð DPa) Eb) [MPa] Fracturec) 
strain [%]

IDTBT 108.6 295.4 2.7 81.9 745 22

DPPTT 80.1 243.1 3.0 62.4 374 9

a)Degree of polymerization; b)Average elastic modulus of polymer thin film meas-
ured by film-on-water experiments, as described in the Experimental Section; 
c)Average fracture strain of polymer thin films as determined by film-on-water 
experiments.

Figure 1.  Schematic illustrating the different mechanical deformation modes for semiconducting polymer thin films with different morphology: 
a) IDTBT; b) DPPTT.
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flexible alkyl side chains configurations that resulted in poor 
intermolecular packing, which may result in a mechanically 
weak direction.[60] Hence, IDTBT can serve as an interesting 
case study to understand critical parameters at the molecular 
level for the design of stretchable semiconductors.

For stretchable device applications, the polymer semicon-
ductor was deformed on a supported dielectric elastomer. Thus, 
we examined the crack on-set strain for the polymer thin films 
on poly(dimethylsiloxane) substrate (PDMS). The polymer 
films were transferred to PDMS, stretched, and monitored by 
optical microscope with increasing strain[61] (Figure  2e,f). For 
DPPTT, appearance of cracks was initially observed at 50% 
strain. Both the average crack size and density increased with 
increasing strain, which is typical fracture behavior of brittle 
polymer thin films (Figure S1, Supporting Information). 
In contrast, no cracks were observed for IDTBT until 100% 
strain. Even at 130% strain, only diamond-shaped microvoids 
were observed, which is a typical fracture behavior of ductile 
polymer thin films.[62] (Figure S1, Supporting Information). In 
addition, we performed SEM (Scanning Electron Microscope) 
for stretched IDTBT and DPPTT films (Figure S20, Supporting 
Information). At 100% strain, there is no crack formation for 
IDTBT, while for DPPTT, the cracks could be clearly observed. 
These results further confirmed the higher ductility of IDTBT 
thin films. IDTBT films that were stretched then released 
showed apparent wrinkles, whereas DPPTT films that were 

stretched then released showed closed cracks. In summary, 
these crack-on-set measurements confirmed the polymer semi-
conductors with different morphologies would fracture in dif-
ferent ways on supported dielectric elastomer. Without crack 
formation even at 100% strain, IDTBT is a promising candidate 
for stretchable electronics application.

2.2. Morphological Characterizations

Since the macroscopic characterizations of IDTBT thin films 
suggested promising mechanical properties, we investigated 
morphological evolution of IDTBT thin film under strain, using 
both UV–vis absorption and GIXD, to understand the interplay 
between mechanical and electrical properties. First, we studied 
the UV–vis absorption (Figure S2, Supporting Information) for 
IDTBT thin films at different strains and polarization to calcu-
late the dichroic ratio, the absorption ratio of the thin film with 
polarized light parallel and perpendicular to strain direction 
(Figure 3a). For IDTBT, the dichroic ratio increased linearly with 
applied strain, which correlates to a steady increase in polymer 
chain alignment along the strain direction[63] and absence 
of crack formation (Figure  3b). In contrast, for DPPTT, the 
dichroic ratio did not increase linearly with applied strain after 
25% strain, which correlated to crack formations (Figure  3b). 
Moreover, polymer chain alignment for IDTBT film was further 
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Figure 2.  Mechanical property characterizations for polymer thin films. a) The representative stress–strain curves for IDTBT and DPPTT obtained by 
the film-on-water technique. Thickness of the film: IDTBT 60 nm, DPPTT: 40 nm. b) The elastic modulus at different thin film depths for IDTBT and 
DPPTT measured by nanoindentation tests. c) Stress-relaxation behavior for polymer thin films upon deformation. Thin films were relaxed from before 
the fracture strain values. For IDTBT, 20% strain; DPPTT, 5% strain. d) Storage modulus (E′ ), loss modulus (E″ ), and tan δ of IDTBT measured by 
dynamic mechanical analysis (DMA) in the temperature sweep mode. Crack on-set strain measurement for e) IDTBT and f) DPPTT thin films supported 
by a PDMS substrate. Cracks were monitored by optical microscope from 0% strain to 100% strain.
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confirmed by polarized light microscopy (Figure 3c,d). Without 
applied strain, the film was isotropic, regardless of sample rota-
tion. However, when strain was applied, the IDTBT film dis-
played prominent anisotropic light transmission, indicating 
polymer chain alignment. For DPPTT, due to crack formation, 
the anisotropic light transmission is not as obvious as IDTBT 
during stretching (Figure S3, Supporting Information).

Next, morphological changes in IDTBT thin films under 
strain were further investigated using Grazing-incidence X-ray 
diffraction (GIXD). Compared to the UV–vis spectroscopy, 
GIXD is able to analyze orientation of crystalline domain, degree 
of crystallinity, and π-π stacking distance. Basically, IDTBT films 
were stretched by supporting them on PDMS with different 
strain levels, and then transferred back to Si substrates for 
GIXD measurement. We confirmed that there was no relaxation 
of the strained polymer chains during and after transferring by 
confirming that the dichroic ratio was unchanged (Figure S4,  
Supporting Information). Figure  4a shows a schematic with 
the GIXD X-ray beam in different direction relative to stretched 
IDTBT films. The 2D diffraction patterns (Figure  4b) of pris-
tine IDTBT film (0% strain) resembled the earlier studies of 
this polymer.[38,42] The broad and diffused peak in the out-of-
plane direction indicated that crystallinity of IDTBT was low 

and the stacking orientation was poor. This was characterized 
as a “near amorphous” morphology for IDTBT films in pre-
vious reports.[38,40] In addition, a (010) peak (i.e., π–π stacking) 
at qz direction of 1.55 Å−1 was observed, and a π-π stacking dis-
tance of 4.1 Å was calculated by Bragg equation (d  = 2π/q ). 
This π–π spacing is much larger than the usual high mobility 
conjugated polymers (e.g., 3.6 Å of DPPTT),[64] suggesting the 
large free volume of IDTBT backbone may be originated from 
the loose molecular packing and disorders observation of out-
of-plane π–π stacking. This suggests that the small fraction of 
crystalline IDTBT took face-on arrangement for the backbone 
relative to substrate, which may hence facilitate three-dimen-
sional charge transport pathway.[65] On the other hand, the 
(001) diffraction at q = 0.41 Å−1, corresponding to a d-spacing of  
15.5 Å, was observed in in-plane direction. It was assigned as 
the packing distance of repeating units along polymer back-
bone, which closely matched the theoretical repeat unit length 
calculation of 16.1 Å.[42] Similar molecular packing feature 
regarding backbone diffraction signals was observed with con-
jugated NDI-based polymer system.[66] Such backbone diffrac-
tion signal indeed can represent packing structures of IDTBT 
and, furthermore, described the polymer chain packing anisot-
ropy after stretching.

Adv. Funct. Mater. 2019, 1905340

Figure 3.  Morphology characterization for IDTBT thin films with optical spectroscopic methods. a) The experiment set-up for dichroic ratio meas-
urement. b) The change of dichroic ratio with increasing applied strain for IDTBT film. The absorption of PDMS substrate was corrected. Polarized 
microscope measurement for IDTBT film at different strain. The polarizer and analyzer were set perpendicular to each other: c) without sample rotation;  
d) with sample rotated by 45°.
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The 2D pattern of IDTBT films at a certain strain was 
obtained with the incidence beam set to be parallel or 
perpendicular to strain direction (Figure S5, Supporting Infor-
mation). For the spin-coated isotropic film, the (001) peak was 
present regardless of sample rotation relative to the beam 
direction. However, for a stretched film, polymer chain align-
ment induced by strain resulted in an increase in peak inten-
sity parallel to the strain direction, as compared to the peak 
intensity perpendicular to the strain direction.[67] We employed 
these two principles in our analysis of the molecular chain 
alignment of IDTBT thin films under strain. 2D diffraction 
images of IDTBT thin film at 50% strain with the scattering 
factor q parallel and perpendicular to stretching direction are 
shown in Figure 4b. The (001) backbone diffraction peak has 
a higher intensity along the strain direction, qualitatively con-
firming anisotropic polymer chain alignment of IDTBT under 
strain. The detailed information on change in crystallinity for 
stretched IDTBT films can be found in Figure S6 (Supporting 
Information).

The extent of alignment of crystalline regions for IDTBT 
films under strain may be extracted by calculating the relative 
degree of crystallinity (rDOC). The normalized crystallinity 
ratio is defined as the ratio of peak intensity between the par-
allel and perpendicular direction (R = I∥/I⊥). The trend for the 
normalized crystallinity ratio change with strain was observed 
to be quite different for (010) and (001) peaks (Figure  4c). 

For the (010) peak, the ratio remained close to 1; thus, the 
out-of-plane π-π stacking was deemed not to be disrupted by 
strain. For the (001) peak, the ratio increased by three times 
at 50% strain compared with 0% strain; thus, there was more 
backbone ordering in the direction parallel to the strain com-
pared to that in the perpendicular direction. This may be 
attributed to the reorientation of the small crystalline domains 
and polymer backbone alignment induced by strain. The cal-
culated crystallographic parameters of the (001) backbone 
diffraction peak for the stretched IDTBT films showed negli-
gible change in crystalline domain size under strain (Table S1, 
Supporting Information). The 2D GIXD patterns and detailed 
crystallinity information for stretched DPPTT films can be 
found in Figures S7 and S8 (Supporting Information). The 
in-plane π–π stacking (010) peak and out-of-plane lamella 
stacking (200) peak were chosen to calculate the normalized 
crystallinity ratio R during stretching. For the out-of-plane dif-
fraction peak, the ratio remained close to 1. For the in-plane 
diffraction peak, the ratio also increased (Figure S8c, Sup-
porting Information). However, when we compare the ratio 
change for the in-plane diffraction peak of DPPTT and IDTBT 
during stretching (Figure S8d, Supporting Information), we 
could see the alignment extent was weaker for DPPTT com-
pared with IDTBT below 50% strain, which was due to crack 
formation. After 50% strain, the cracks propagated rapidly for 
DPPTT film, resulting in significant decrease of peak intensity 
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Figure 4.  Grazing-incidence X-ray diffraction (GIXD) of IDTBT film under strain. a) GIXD experiments set-up schematic with X-ray beam in different 
direction relative to stretched IDTBT films. The polymer backbones take face-on arrangement relative to substrate. b) 2D diffraction patterns of pristine 
IDTBT and DPPTT film (0% strain). GIXD diffractogram of 50% stretched IDTBT film. With the incidence light parallel (left) and perpendicular (right) 
to strain direction. c) The normalized crystallinity ratio (R = I‖/I⊥) at certain strain value for backbone (001) and π–π (010) diffraction peaks. (d) The 
normalized crystallinity with the incidence light at different angles relative to stretching direction for IDTBT films stretched at 0%, 50%, and 100% strain 
(when θ = 0, the incidence light is parallel to strain direction). All of the calculated crystallinity were scaled for exposure time and illuminated volume.
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perpendicular to strain direction, thus R increased significantly 
from 50% to 75% strain.

To further confirm this morphology anisotropy during 
stretching, we conducted a rotation GIXD experiment.[68] We 
started with the sample placed along strain direction, and set 
θ as 0, then we rotated the sample by 180o, and calculated the 
rDOC at every 15o angle (Figure  4a). The normalized crystal-
linity (relative to the crystallinity at θ  = 0) at different angles 
at 0%, 50%, and 100% strain are shown in Figure  4d. At 0% 
strain (i.e., nonstretched), the crystalline domains had no 
preferential orientation. Once a strain was applied (e.g., at 50 
or 100% strain), interestingly, the films showed much higher 
crystallinity with the incident X-ray parallel (i.e., 0 and 180o) 
to strain direction, and the crystallinity gradually decreased 
when the sample was rotated, and reached the lowest point as 
the X-ray placed perpendicularly (i.e., 90o) to strain direction. 
This observed trend confirmed our previous conclusion that 
the small crystallites exhibit preferential alignment along the 
stretching direction. At 100% strain, the rDOC anisotropy was 
more significant than 50% strain. Overall, these optical spec-
troscopic characterization methods confirmed that IDTBT 
polymer chains were well aligned during stretching in both 
crystalline and amorphous regions.

2.3. Electrical Characterizations

Transfer printing of stretched thin films has been widely 
employed to test the stretchability of semiconducting poly-
mers.[29,45] Although devices for each strain must be individu-
ally fabricated, the transfer printing method largely excluded 
parameters that changes during stretching, such as the die-
lectric thickness and channel dimension. In this method, the 
thin film was transferred to a PDMS elastomer, stretched, then 
transferred to an azide-cross-linked SEBS dielectric, followed 
by deposition of Au electrodes (Figure S9, Supporting Informa-
tion). Observations under brightfield microscopy and atomic 
force microscopy (AFM) also did not show any visible cracks 
formation (Figures S10 and S11, Supporting Information). The 
average mobility (Tables S2 and S3, Supporting Information) 
for IDTBT was observed to remain stable until 100% strain for 
a single loading in both the parallel and perpendicular direction 
relative to strain (Figure 5b), while the transfer curves for IDTBT-
based OFET at different strain can be found in Figure S12  
(Supporting Information). This was in stark contrast to the 
DPPTT film, in which the average mobility for DPPTT film 
decreased rapidly during stretching: decreasing three orders 
of magnitude parallel to strain direction and decreasing two 
orders of magnitude perpendicular to strain direction,[34] where 
the DPPTT films were transferred to monolayer modified SiO2, 
such as n-octadecyltrimethoxysilane (OTMS) or benzocylobu-
tene (BCB). One key parameter was the dielectric and its impor-
tance in this comparative study between IDTBT and DPPTT 
device characteristics upon stretching. For IDTBT, we found 
that nonideal device characteristics (i.e., the square root drain 
current was nonlinear at high gate voltage) were observed when 
monolayer -modified SiO2 (OTS or BCB) was used as the dielec-
tric, rendering an ambiguous extracted mobility. Conversely, 
the transfer curves with SEBS as the dielectric were close to 

ideal (Figure S13, Supporting Information). Moreover, most 
previously reported transport studies of IDTBT used CYTOP 
as the dielectric[40] and showed near-ideal and excellent perfor-
mance. Thus, we speculated that nonpolar polymer dielectrics 
were desirable for IDTBT-based transistors. However, we 
observed the completely opposite phenomenon for DPPTT. We 
observed nonideal device characteristics when SEBS was used 
as the dielectric in bottom gate top contact device configura-
tion, while the transfer curves were ideal when transferred 
onto monolayer-modified SiO2. An important consideration 
when using the transfer printing method is the selection of an 
appropriate dielectric for both IDTBT and DPPTT. However, we 
found that the fully stretchable FETs with IDTBT or DPPTT as 
semiconductor showed ideal transfer characteristics, in which 
the extracted mobility value is reliable. Thus, in our compara-
tive study, we focused on fabricating fully stretchable FETs 
(rather than the transfer printing method) to comparatively 
evaluate the charge transport properties of IDTBT and DPPTT 
polymer semiconductors under strain.

Fully stretchable organic transistors were fabricated and sub-
jected to both a single loading and cyclic loading to evaluate 
the charge transport properties of the polymer films under 
strain. Our device architecture was bottom-gate top-contact, 
with PDMS as the stretchable dielectric and substrate, and 
conductive carbon nanotubes (CNTs) as the source, drain and 
gate electrodes (Figure  5a and Figure S14, Supporting Infor-
mation). Importantly, a PDMS-based elastomer[69] was used 
to embed the CNT network gate to prevent damages to the 
dielectric layer upon stretching. Without strain, the device 
showed ideal transfer characteristics with low hysteresis, with 
and a high mobility ≈1.8 cm2 V−1 s−1 and an on/off ratio of 106 
(Figure  5c). To the best of our knowledge, this is the highest 
mobility reported for a fully stretchable organic device to date. 
Due to its rigid and coplanar backbone configuration, there are 
less traps in this polymer system, even reaching “disorder-free” 
limits as previously reported,[40] and intrachain charge transport 
was largely increased, resulting in high charge carrier mobility.

Fully stretchable IDTBT-based transistors displayed little 
degradation in performance at different strains during a 
single loading, as evidenced by the transfer curves (Figure 5f). 
Remarkably, the charge carrier mobility remained stable at 
≈0.6 cm2 V−1 s−1 at 100% strain along the strain direction. The 
decrease of the on-current due to the channel dimension and 
dielectric thickness change is expected to be 0.5 times, which is  
0.25 times with observed decrease. In contrast, for a fully 
stretchable DPPTT-based transistor, the mobility decreased from  
0.4 cm2 V−1 s−1 at 0% strain to around 5 × 10−4 cm2 V−1 s−1 at 
100% strain along the strain direction (Figure 5e and Figure S15,  
Supporting Information). This observation again confirms 
that IDTBT can maintain sufficiently good electrical prop-
erties under mechanical strain due to its near-amorphous 
microstructure, compared with DPPTT with semicrystalline 
microstructure. The coplanar and rigid backbone configura-
tion of IDTBT makes the charge transport mainly occur along 
conjugated backbones, while only requires occasional hop-
ping across interchain π-π stacking. During stretching, IDTBT 
polymer chains slide past each other and dissipate strain 
energy, while the charge transport pathway is still maintained 
along conjugated backbones. For devices with active channels 
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in the direction perpendicular to strain, the average mobility 
decreased relatively more upon strain (Figure S16a, Supporting 
Information). At 100% strain, mobilities decreased from 1.8 to  
0.1 cm2 V−1 s−1 for IDTBT and from 0.4 to 1 × 10−5 cm2 V−1 s−1  
for DPPTT. Whereas the DPPTT mobility significantly 
decreased by four orders of magnitude upon strain due to crack 
propagation, the IDTBT mobility showed a minor decrease 
which may be due to more polymer chains were aligned along 
stretching direction, thus intrachain charge transport occurs 
more along strain rather than perpendicular to strain. In both 
parallel and perpendicular directions to strain, IDTBT had 

a much higher mobility than DPPTT. When we relaxed the 
IDTBT-based fully stretchable transistor from 100% strain, the 
charge transport decreased more parallel to strain direction 
(Figure S16c, Supporting Information) than the perpendicular 
direction, which was due to in-plane wrinkle formation 
(Figure 2e).

For practical applications, the device must reliably operate 
beyond a single loading cycling. Thus, we next evaluated the 
device performance of fully stretchable transistors over mul-
tiple stretching cycles. For both IDTBT and DPPTT, the mobility 
decreased correspondingly with increasing number of cycles at 

Adv. Funct. Mater. 2019, 1905340

Figure 5.  Electrical characterization of polymer thin films under strain. a) Bottom-gate top-contact device structure for fully stretchable organic tran-
sistors. b) Average mobility of stretched IDTBT films via the transfer-printing method, with azide-cross-linked SEBS as dielectric and Au as electrode. 
c) Transfer curve of a fully stretchable transistor with IDTBT as the semiconductor. Channel length L (150 µm), width W (1000 µm). The calculated 
dielectric capacitance is 8.85 ×  10−6 F m−2. d) Photograph of IDTBT fully stretchable transistor at 0%, 50%, 100% strain. e) Averaged normalized 
mobility of stretched polymer thin films in fully stretchable device configuration, with charge transport parallel to strain direction. f) Transfer curves 
of an IDTBT fully stretchable device under various strains, with the charge transport parallel to stretching direction. g) Average normalized mobility of 
IDTBT and DPPTT fully stretchable transistors at 50% strain over 2000 cycles. h) Average mobility of IDTBT fully stretchable transistors at 25% strain 
over 100 cycles. i) Optical microscope image of IDTBT film after 100 cycles at 50% strain. The mobility was extracted after channel dimension and 
dielectric capacitance correction.
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50% strain (Figure 5g and Figure S17, Supporting Information). 
However, we note that these device performance degradation 
mechanisms were different. For IDTBT, plastic deformation at 
50% strain was the main cause, as wrinkles were observed by 
optical microscopy after strain release (Figure  5i). For DPPTT, 
crack formation at 50% strain was the main cause. Distinct to 
the single loading results, the mobility for IDTBT was higher 
in the direction perpendicular to strain compared to the direc-
tion parallel to strain. This was due to the formation of in-plane 
wrinkling, where more chains were aligned perpendicular 
to strain direction when the film was relaxed.[70] The plastic 
deformation for IDTBT mode further supported the claim that 
IDTBT polymer chains can slide past each other due to large 
free volume and, thus, effectively dissipate strain energy. Since 
typical applied strain range from 20–30% for wearable applica-
tions,[7] we further tested the cyclic durability of IDTBT film at 
25% strain. The device performance remained relatively stable 
until 100 cycles (Figure  5h and Figure S18, Supporting Infor-
mation). However, in-plane wrinkling still formed at 25% strain 
(Figure S19, Supporting Information). These results indicated 
that the near-amorphous microstructures of IDTBT enabled its 
better stretchability under a single loading compared with sem-
icrystalline conjugated polymer like DPPTT. Instead of crack 
formation, wrinkle formation was the major contributor to 
decreased device performance over cyclic loading due to plastic 
deformation and its low yield strain value. While IDTBT is highly 
ductile and can maintain sufficiently good charge transport 
properties under single mechanical loading, it undergoes plastic 
deformation which leads to poor cyclability. Further efforts need 
to put to impart higher elasticity in this polymer system.

3. Conclusion

In summary, we have successfully demonstrated that the 
near-amorphous polymer IDTBT is a promising candidate for 
intrinsically stretchable electronics applications. Despite its 
low crystallinity, IDTBT exhibited excellent charge transport 
properties. Compared to the semicrystalline DPPTT, IDTBT 
films showed improved plastic deformation due to the large 
free volume of polymer chains, and it can also help dissipate 
strain energy, as no crack propagation was observed until an 
applied 100% strain. From a morphology perspective, IDTBT 
polymer chains were observed to be much better aligned 
during stretching, both in crystalline and amorphous regions. 
Upon fabricating fully stretchable organic transistors with both 
IDTBT or DPPTT as active layer, we observed IDTBT-based 
devices had better performance under single loading and cyclic 
loading. This work represents the first study to show the useful-
ness of low crystallinity microstructures of polymer semicon-
ductor to stable device performances under strain. Our results 
underscored the following molecular design guidelines toward 
achieving intrinsically stretchable high-performance polymer 
semiconductor, which are: i) low crystallinity could be achieved 
with long, bulky side chain attached on a tetrahedral carbon 
along polymer backbone, which may interrupt π–π stacking 
and reduce degree of crystallinity, and ii) rigid backbone con-
figuration is desirable to minimize energetic disorder, thus 
facilitating more efficient intrachain charge transport. These 

understanding will further improvement of next-generation low 
crystallinity polymer system to possess both higher charge car-
rier mobility and stretchability.

4. Experimental Section
Thin Film Preparation: The polymer semiconductor solutions 

(10  mg mL−1 for IDTBT and 5  mg mL−1 for DPPTT) were prepared by 
dissolving the conjugated polymers in anhydrous chlorobenzene and stir 
overnight. Right before spin-coating, the polymer solutions were heated 
to 85  °C for 30  min. For the fabrication of these films, the polymer 
solutions were spun-cast on the highly doped n-type Si(100) wafers 
with 300  nm thick thermal SiO2 modified with OTMS self-assembled 
monolayer following the reported method.[71] The IDTBT polymer thin 
film was prepared by spin-coating at 2000  rpm for 1 min, while the 
DPPTT polymer thin film was prepared by spin-coating at 1500 rpm for 
1 min and then annealed at 150 °C for 30 min in nitrogen atmosphere.

Mechanical Characterizations: Film-on-Water Technique: The stress–
strain curves were obtained from polymer thin films through 
pseudo-free-standing tensile test. The polymer thin films (≈50  nm) 
were first patterned into dog-bone shape according to previous 
report,[48] followed by floating transfer onto the top of water. 
Later, polymer films were unidirectionally pulled at a strain rate of  
5 × 10−4 s−1 until the film fractures. At least six independent samples 
were measured for each conjugated polymer to provide statistically 
averaged mechanical properties. The elastic modulus was obtained 
from the slope of the linear fit of the stress–strain curve using the 
first 0.5% strain (elastic region).

Mechanical Characterizations: Nanoindentation Test: The elastic 
modulus was measured using dynamic displacement nanoindentation 
(Nanomechanics, Inc. iNano, Oak Ridge, TN) at a constant strain rate 
of 0.2% s−1 and a frequency of 160 Hz. During a nanoindentation test, 
a Berkovich tip was compressed into the sample while measuring 
the force and displacement. The Oliver-Pharr method was used to 
determine the elastic modulus and a Poisson’s ratio of 0.3 was used 
for all calculations. Substrate effects were corrected for using the Hay-
Crawford model. For compliant films on stiff substrates, the model was 
able to correct for the substrate effects up to 40% depth into the total 
film thickness. Samples were made by spin-coating DPPTT and IDTBT 
polymer onto a bare silicon wafer. An array of 16 indents was made 
on each polymer and the reported elastic modulus was the average of 
the moduli in the range of 20–30% depth into the total film thickness. 
The total thickness of the DPPTT specimen was determined using the 
profilometry to be 110  nm and IDTBT 81  nm. Data below 15  nm of 
depth, i.e., below 19% of total film thickness for IDTBT and below 14% 
for DPPTT, are not shown because of the noise resulted from the first 
contact made between the indenter tip and the specimen. The elastic 
modulus of DPPTT was 1.12 ± 0.19 GPa and IDTBT 2.46 ± 0.47 GPa.

The crack-on-set strain was measured by transferring thin films 
of polymer semiconductor onto PDMS (Sylgard 184, Dow Corning, 
precursor to cross-linker of 20:1, cured at 70  °C overnight, 1.2  mm in 
thickness). Then the polymer films on PDMS were stretched using a 
stretching station and the crack-on-set strain was monitored by optical 
microscope (Leica DM4000 M LED) from 0% strain to 100% strain. 
DMA was performed on a TA Instrument Q800 with a static force 
of 0.01 N, an oscillation strain of 0.1% at 1.0  Hz and a ramp rate of  
2 °C min−1. The polymer solutions were drop-casted on a polyimide 
substrate (thickness: 0.01  mm), and then the polymer thin films on 
polyimide substrate were loaded between the tension clamps of TA 
Instrument.

Morphological Characterizations: UV–vis absorption spectra were 
recorded on an Agilent Cary 6000i UV–Vis–NIR. For dichroic ratio 
measurement, polymer films were transferred onto PDMS (Sylgard 
184, Dow Corning, precursor to cross-linker of 20:1, cured at 70  °C 
overnight, 1.2  mm in thickness) and stretched to certain strains, the 
absorption spectra were recorded with the polarized light parallel and 
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perpendicular to strain direction. The dichroic ratio for polymer films 
at different strain was also normalized by film thickness. The surface 
morphology of polymer thin film was obtained with a Nanoscope 3D 
controller AFM (Digital Instruments) operated in the tapping mode at 
room temperature. GIXD was performed at the Stanford Synchrotron 
Radiation Lightsource (SSRL) on beamline 11–3 and 7–2. The X-ray 
energy was 12.73 keV, and the incidence angle was 0.12°. Samples were 
measured in a helium chamber, and data analysis was performed in 
WxDiff.

Electrical Characterizations: Transfer Printing Method: Polymer 
semiconductor films on OTMS-treated SiO2 substrates were transferred 
to a PDMS substrate (Sylgard 184, base/cross-linker, 12:1), stretched to 
the desired strain with a mechanical stretcher then slowly laminated on 
1) highly doped n-type Si(100) substrate with dielectric layer as 300 nm 
thick thermal SiO2 modified with monolayer, such as OTMS or BCB. 
2) highly doped n-type Si (100) substrate with dielectric layer as azide-
cross-linked SEBS. Then the PDMS substrate was gently lift up, leaving 
the strained semiconductor film on the dielectric layer. Top-contact gold 
electrodes (40 nm) in both parallel and perpendicular to strain direction 
were subsequently deposited by thermal evaporation through a shadow 
mask with channel length (L) and width (W) defined as 50 and 1000 µm, 
respectively. Azide-cross-linked SEBS[72] was used as dielectric layer to 
test the stretchability of IDTBT. The reason why we use this dielectric 
layer is that the near-amorphous IDTBT is relatively much softer than 
other semicrystalline conjugated polymer, which makes it hard to be 
transferred onto SiO2 substrate with hydrophobic monolayer from 
PDMS. As SEBS is sticky, it could have good contact with IDTBT, thus 
we could obtain transferred strained IDTBT films with good quality. 
Bottom-gate top-contact devices were obtained, and the transistors 
were measured using a Keithley 4200 semiconductor parameter 
analyzer (Keithley Instruments Inc., Cleveland, OH, USA) under ambient 
atmosphere at room temperature.

Electrical Characterizations: Fully Stretchable OFET Fabrication: The 
semiconducting layer was prepared by spin coating polymer solution 
(10 mg mL−1 in chlorobenzene for IDTBT and 5 mg mL−1 for DPPTT) onto 
OTMS-treated Si wafer at 2000 rpm for 1 min for IDTBT, and 1500 rpm 
for 1  min for DPPTT. The resultant thickness for semiconducting layer 
was 40  nm. The solution for dielectric layer was prepared by diluting 
5 g PDMS (Sylgard 184 [10:1] base vs cross linker) into 20 mL hexane. 
The dielectric layer was prepared by directly spin coating onto the 
semiconducting layer at 5000  rpm for 2  min. Then the substrate with 
the two layers was annealed in glove box at 80  °C for 2 h and 150  °C 
for 30  min. The temperature sequence is to make sure the PDMS 
dielectric layer is fully cross-linked and the polymer semiconductor is 
annealed at the same time to achieve better device performance. The 
resultant thickness for dielectric layer is around 2.4 µm as confirmed by 
Profilometer. Carbon nanotube (CNT) solution for gate was prepared 
by dispersing P2-SWNT with P3HT into chloroform (14  mg P2-SWNT 
/ 4  mg P3HT/ 60  mL chloroform) through ultrasonication for 30  min 
at 30% amplitude using a 750 W ultrasonication probe, followed 
by centrifugation at 8000  rpm for 30  min. Then the gate layer was 
prepared by spray-coating CNT solution onto OTS treated Si wafer 
using a commercial airbrush (Master Airbrush, Model SB844-SET). 
PDMS-based tough elastomer[69] (PDMS-MPU0.4-IU0.6) solution 
(30  mg mL−1 in chloroform) was spin-coated onto the gate layer at 
3000  rpm for 1 min to embed CNT network. The stretchable substrate 
was prepared by directly spin coating PDMS (Sylgard 184 [12:1] base 
vs cross linker) at 500  rpm for 30  s onto the embedding layer. Then 
the wafer was annealed at 70  °C overnight to fully cross-link PDMS 
elastomer substrate. The resultant thickness for substrate is around 
1  mm. The gate layer was used to transfer the dielectric layer and 
semiconducting layer. Then we have the device structure from bottom 
to top as PDMS substrate, embedding layer, CNT gate, PDMS dielectric 
and polymer semiconductor. Finally, the source/drain electrodes 
were patterned by spray-coating dispersed P3-SWNT solution (6  mg/ 
20 mL isopropanol) onto semiconducting layer through a shadow mask  
(L = 150 µm, W = 1000 µm). The stretchable OFET device structure is in 
bottom-gate top-contact configuration.

Supporting Information
Supporting Information is available from the Wiley Online Library or 
from the author.
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