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Abstract

Research in the field of high-entropy alloys has been surging since 2010s. As widely
acknowledged, researchers’ interest to this field is largely sparked by the enormous possibilities
in compositions, microstructures, and properties. In the first decade of extensive investigations,
while many avenues of research in this vibrant field are being continuously opened, a considerable
portion of endeavors is in fact directed toward two very fundamentally important aspects. One is
the exploration of the huge compositional space and microstructures with the aid of
thermodynamics and kinetics, while the other is the characterization and comprehension of their
mechanical behavior from fundamental and practical perspectives. Each of these two aspects
contains numerous, scattered, sometimes confusing or conflicting data and findings in the
literature. Thank to a number of excellent comprehensive reviews [ 1-3], the accomplishments and
challenges in the first aspect are neatly presented to researchers in the field. Nonetheless, the
second aspect, i.e., the mechanical behavior of high-entropy alloys, is still largely afloat in
abundant literature. In consideration of this insufficiency, the present review intends to offer a
comprehensive, critical review on the mechanical behavior of high-entropy alloys and some
closely related topics. The content is organized in 10 independent chapters including Introduction
and Concluding remarks. In each core chapter, the topics of common concern are thoroughly
reviewed and discussed. Hopefully this work can serve as a useful guidebook for those who are
interested in learning, understanding, and researching high-entropy alloys, particularly their

mechanical behavior.
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1 Introduction

1.1 How did high-entropy alloys come out?

The human exploration of metallic materials began with pure metals (e.g., Cu), gradually
evolved to binary (e.g., Fe-C), ternary (e.g., Ni-Co-Al), quaternary (e.g., Ni-Co-Al-Cr), quinary
(e.g., Ni-Fe-Cr-Ti-Al), and higher-order alloys to acquire desirable properties to meet increasingly
demanding needs. In the whole history of alloy developments, the mainstream strategy is, to a
large extent, constrained to a niche, i.e., pick one element as the solvent and add small amounts of
alloying elements as solutes to tailor properties toward desired directions. Over past millennia, this
approach has enabled the discovery of a huge number of alloys. Nonetheless, the number of alloys
already found is still rather small in comparison to the total number of alloys available. One can
easily appreciate this by thinking a triangle-shaped ternary phase diagram, in which the summed
area of three corners, which represents the alloy compositions already or could be discovered by
the traditional alloy design strategy, is only a small portion of the total area of the triangle, which
represents all feasible alloy composition. This ratio becomes even smaller as we move to higher-
order alloy systems. After thousands of years of exploitation, alloys that humans can uncover with
the traditional approach are close to exhaustion, which is particularly true when considering our
pursuit of improved alloy properties or performances.

New hope is lighted up at the birth of high-entropy alloys (HEAs) in 2004, following the
publication of five journal articles by Yeh and co-workers [4-8] and a concurrent one by Cantor
[9]. This family of alloys is designed with a completely new strategy, i.e., use five or more principal
elements in equal or near-equal concentrations as alloying elements with no differentiation of
solvent and solute atoms. The new alloy design strategy, on one hand, expands alloy composition
space to the uncharted central region of phase diagrams. On the other hand, it produces alloys with
much simpler structures (e.g., disordered face-centered cubic solid solution) than expected for
multi-component alloys.

As a matter of fact, As a matter of fact, HEAs were not discovered overnight. The work
along this line in Yeh’s group can be traced back to six Master’s theses spanning from 1996 to
2002 [6], while the work on Cantor’s side started as early as in 1981 with an undergraduate thesis
followed by another in 1995 [10]. Cantor is also the first to use this strategy to make amorphous
alloys in 2002 [11]. After emergence, research in high-entropy alloys was slow-paced in 2000s but

substantially accelerated in 2010s.



1.2 What are high-entropy alloys?

In a series of papers in 2004, this new family of alloys were referred to as high-entropy
alloys, multi-principal element alloys, and multi-component alloys. High entropy alloys were first
referred to by Yeh et al. and were compositionally defined as alloys with at least five major
metallic elements, each of which has an atomic percentage varying from 5% to 35% [4, 12]. High
entropy was coined into the name because it was believed that random solid solutions prevail over
intermetallic compounds in these alloys primarily due to the high configurational entropy of
mixing in comparison to traditional alloys. By assuming alloys as ideal solutions as done by Yeh
et al., one can appreciate the rise of configurational entropy of mixing with the increase in the
number of composing elements and their concentrations with

ASmixidzeat = —RXiZ1  cilne, (1.1)
where R is the gas constant, c; is the molar fraction of the ith component, and n is the total number
of the constituent elements. In equiatomic alloys, Equation (1.1) can be further simplified to

ASmixigear = —RIn(n), (1.2)

with which, AS,;y i4eq In €quiatomic ternary, quinary, and senary alloys is calculated to be 1.39R,
1.61R, and 1.79R, respectively. The entropy idea later motived researchers to define HEAs in
terms of configurational entropy of mixing. At the first attempt, Yeh divided all alloys into three
groups based on their AS,,;y jgeq: Values, that is, (i) high-entropy alloys with ASpix igear = 1.61R
for alloys with more than five principal elements, (ii) medium-entropy alloys with 1.61R =
ASixidear = 0.69R for alloys with two to four principal elements, and (iii) low-entropy alloys
with ASpixidear = 0.69R for traditional alloys. Nevertheless, the entropy-based definition is
inconsistent with the composition-based definition as the former obviously exclude all non-
equiatomic quinary HEAs defined in the latter. To remedy this inconsistency, Miracle et al had
suggested to change the bound of HEAS to AS,,ix igeq: = 1.5R, which in reality still excludes a
fraction of quinary HEAs compositionally defined as the minimum AS, ;5 jqeq; for non-equiatomic
quinary HEAs is 1.36R.

Considering the ambiguity in the definitions of HEAs, some people like to refer to these
alloys in a more general sense, such as multi-principal element alloys, and multi-component alloys,
concentrated solid solution alloys [13], and complex concentrated alloys [14]. These terms

somewhat loosen the restrictions in both the composition- and entropy-based definitions, e.g.,



equiatomic quaternary alloys may also be classified into HEAs [15, 16]. But, for historic reasons,
HEA is the prevalent name used, but now not necessarily restricted to its original definitions, for
example, equiatomic ternary alloys are often also referred to as HEAs [17]. HEA is the name used

throughout the present paper.
1.3 Why are we interested in high-entropy alloys?

Vastly expanded compositional space of alloys: As stated early, the amounts of alloys that
can be located with the traditional alloy design strategy based on one (sometimes two) principal
element is very limited. Over thousands of years of explorations, only around 30 alloy systems
were discovered for common usages as documented in the ASM Metal Handbook. With the multi-
principal-element-based design approach, the compositional space of alloys can be considerably
expanded by moving from the small area of corners and edges to the large central area in phase
diagrams. According to Cantor’s conservative estimate, the total number of possible alloys that
may be mapped out of 60 feasible elements is in the order of 10”7 [10]. By the conventional
method, roughly 10'! alloys have been investigated [10], thereby leaving 10177 — 10! = 10! alloy
systems unexploited. HEAs and their derivatives (e.g., interstitial HEAs and medium-entropy
alloys) surely are offering the route to cover a significant portion of unexploited alloys systems.

Enormous possibilities in microstructures properties and: Expectedly, the expansion of the
compositional space alloys will undoubtedly bring about rich opportunities in achieving affluent,
diverse microstructures as well as structural and functional properties unseen before. As a matter
of fact, some compelling, previously unseen properties have already been reported. For instance,
the FeMnCoCrNi HEA with a single fcc phase were reported to exhibit extremely high fracture
toughness, particularly at cryogenic temperatures [18]. Besides, the strength and ductility in this
alloy shows unusual temperature dependence, that is, both get improved as temperature drops [18].
This type of temperature dependence is barely seen in conventional alloys and can make this alloy
very promising for cryogenic applications. Also, the long-standing strength-ductility trade-off is
overcome in a dual-phase FesoMn30Co10Crio HEA through a partial martensitic transformation
from a FCC structure to a HCP structure upon cooling [19]. As we get into specific topics in the
following chapters, more examples like these are to be seen.

Advancing metallurgical knowledge: The present physical metallurgy knowledge is

established primarily on the basis of investigating numerous conventional, dilute alloys with one



or sometimes two principal elements. As research in the field of HEAs proceeds, inapplicability
of existing physical metallurgy knowledge in certain aspects is continuously being revealed. A
classic example is the applicability of the Gibbs phase rule in predicting the number of phases that
could be present in an alloy. According to the Gibbs rule, the maximum number of phases in an

alloy is [10]

phase = 1+ 1 at equilibrium, (13)
ohase > N+ 1at, non — equilibrium, (1.4)

where n is the number of constituent elements. This rule normally works well for conventional
alloys. For instance, at room-temperature non-equilibrium conditions, binary alloys (n = 2)
usually comprise three or four phases, and ternary alloys (n = 3) usually have four or five phases.
Nevertheless, when it is applied to HEAs, the rule breaks down. The phases that could be present
in many HEAs are far less that the maximum phase number allowed by the Gibbs phase rule.
According to the Gibbs rule, the maximum phase number in a quinary HEA (e.g., FeMnCoCrNi)
should be six under an equilibrium condition and over six under a non-equilibrium condition.
Experiences in binary and ternary alloys further imply that the actual number of phases that may
appear in this alloy should be close the maximum number. The fact, however, is contrasting — this
alloy consists of a single FCC phase [9]. Another example that puzzle researchers is the solid
solution strengthening mechanism in HEAs, which is obviously distinct from that in conventional
dilute alloys. Thus, the studies of HEAs provide great opportunities to ameliorate, advance, and

refine the physical metallurgy knowledge.
1.4 What differentiate high-entropy alloys from conventional alloys?

It 1s commonly acknowledged that there exist four core effects in HEAs that differentiate
them from other alloys, which are high entropy, severe lattice distortion, sluggish diffusion, and
cocktail effect [20].

High entropy: The high configurational entropy of mixing in HEAs can be easily
recognized from Equations (1.1) and (1.2). The role of high entropy in promoting the formation of
simple solid solutions in HEAs can be understood from the thermodynamics standpoint.
Specifically, whether a reaction can win in competition with others is dictated by the Gibbs free
energy of mixing it involves, which is calculated as [3, 21]

AGmix == AHmix - TASmixr (15)



where T is the temperature. AH,,;, is the enthalpy of mixing, which is a measure of energy change.
AS,ix 18 the entropy of mixing, which is a measure of randomness of a system at the molecule
level. In the case of HEAs, consider the competition between a solid solution and intermetallic
compounds. In ideal solutions assumed for HEAs, AH > = 0. On the other hand, if assuming

ix,ideal

intermetallic compounds are perfectly ordered, AS,In”l-’x,ideal =0. As a result AGrfzSix,ideaz =

—TASSx iqear for the solid solution, while AGY, igeqr = AH, iqeq for the intermetallic

compounds. High entropy makes —TASpuy igear < AHp igeqr A0 AGioty igear < AGinix ideals
thereby promoting the formation of solid solutions rather than complex intermetallic compounds
in HEAs.

Severe lattice distortion: The level of lattice distortion in pure metals, conventional dilute
alloys, and HEAs can be appreciated by viewing their respective hard-sphere model of lattice. As
schematically illustrated in Figure 1.1, a pure metal has the same type of atoms occupying the
lattice sites and thus causes no distortion to the lattice at all. In conventional dilute alloys, the
invasion of a small amount of second atomic species causes slight distortion to the lattice. In HEAs,
the high concentrations of multiple different-sized atoms force them to randomly co-exist in the
lattice to create severe distortion. The severe lattice distortion in HEAs has been claimed to be
detected by X-ray and neutron diffractions [22-25]. Macroscopically, the lattice distortion is
believed to be responsible for strong strengthening as well as reduced thermal and electrical
conductivity as a result of strong electron and phonon scattering [20, 26].

Sluggish diffusion: Sluggish diffusion was first conjectured based on the observed tendency
of forming nano-size precipitates as well as nanocrystalline and amorphous phases in HEAs [4,
20]. Later investigations indeed provide proof on this by comparing the measured diffusion rates
of Ni in HEAs and medium-entropy alloys [27-31], as summarized in Figure 1.2. Sluggish
diffusion in HEAs is believed to originate from the need of cooperative diffusion of atoms of
different kinds [12], and affect all diffusion-controlled process, such as solidification, grain
growth, recovery and recrystallization, phase transformation, creep [20, 26].

Cocktail effect: Cocktail effect, a term originally used by Ranganathan for describing
amorphous alloys, gum metals, and HEAs [32], has a meaning in physical metallurgy that bending
many different element species could produce unexpectedly remarkable properties [1]. If one
views a HEA as a composite at the atomic level, the cocktail effect roots in the composite effect —

the interactions among all composing elements [20]. As a concrete example, the MoNbTaVW
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possess a Vickers hardness of 5250 MPa, far greater than the value of 1596 MPa calculated by the
rule of mixture [33].

Apart for the commonly recognized four core effects, there are also some other differences
observed between HEAs and conventional alloys. These differences, which is not a complete list

for sure, are tabulated in Table 1.1. Some of these are the derivatives of the four core effects.
1.5 Classification of high-entropy alloys

HEAs may be classified based on different considerations. Most classifications of HEAs
in the literature is based upon the compositions and microstructures of the HEAs reported so far,
with some being based on properties or a combination of microstructures and properties. These
classifications are compiled in Table 1.2. Those with a given reference are from the literature, and
one can refer to the respective work for the rationale behind each classification. Others simpler
classifications without an associated reference, such as equimolar vs. non-equimolar HEAs and
stable vs. metastable HEAs, are suggested by the authors in consideration of the prevalent usages

of these names in the literature.
1.6 A glance of constituting elements

The periodic table encompass 118 confirmed elements, 72 out of which are not noble gases,
halogens, or radioactive and may be used for alloying HEAs. Over 37 elements have been
employed for making hundreds of HEAs [1]. Among these elements, the top 15 elements used for
making HEAs are Fe, Ni, Cr, Co, Al, Cu, Ti, Mn, V, Zr, Mo, Nb, S1, Ta, and Sn. Fe, Ni, Cr, Co,
Cu, and Mn have been extensively utilized for exploring HEAs with a single fcc phase, following
the first reports of the FeNiCrCoCuAlx alloy system by Yeh [4], and the FeNiCrCoMn alloy by
Cantor [9]. In the periodic table, these 6 elements are neighbouring 3d transition metals with
comparable atomic sizes as seen from Figure 1.3. V, Zr, Mo, Nb, and Ta, refractory elements of
relatively large atomic sizes as seen from Figure 1.3, are normally used for making bce-structured
refractory HEAs [34]. Al, Ti, Si, and Sn are commonly varied at a range of concentrations to alter
the microstructures and/or properties of HEAs [35-41]. Mn is also an important element for tuning
phase stability in the metastable engineering of HEAs [19]. Other less used elements include Li,
Be, B, C, Mg, Sc, Zn, Ge, Y, Ru, Rh, Pd, Ag, Hf, W, Au, Nd, Gd, Tb, Dy, Tm, and Lu.
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1.7 A glance of microstructures

HEAs evoked wide interests in the beginning largely due to the unanticipated formation of
single-phase solid solutions. As research in this area continues to move on, interests has been
expanded to HEAs with dual phases or multiple phases given that many extraordinary properties
have been found in these alloys. The ultimate goal of any alloy research and development is to
make practically usable materials. In consideration of this, the question of how to make single-
phase HEAs becomes less important in comparison to the questions of what microstructures can
give high-performance alloys and how to achieve these microstructures.

According to a recent statistical analysis [1], among all single-phase HEAs reported, the
FCC structure appears most frequently followed closely by the BCC structure, while the reports
of the HCP structure are much less. In multi-phase HEAs, the intermetallic compounds that have
been observed include A5 (tl4, f-Sn), A9 (hP4, graphite), A12 (cI58, a-Mn), B2 (cP2, CICs, AINi),
C14 (hP12, MgZn;, Fe,Ti, hexagonal Laves phase), C15 (cF24, Cu;Mg, cubic Laves phase), C16
(t112, Al,Cu), D8y (tP30, o-CrFe), DO (cF16, BiF3, LixMgSn), DO11 (oP16, Ni3Si), D02 (tI8,
Al3Ti), D024 (hP16, Ni3Ti), D2y (t126, Mn12Th, AlFesZr), D8s (hR13, Fe7Ws, Co-Mo and Fe-Mo),
D8m (tI132, WsSi3, MosSi3), E93 (cF96, FesWsC, Fe-Ti); L1o (tP2, AuCu), L1> (cP4, AuCus), and
L2y (cF16, AlCuxMn, Heusler). The listed compounds are noted with the Strukturbericht notation,
with the first notation in the parentheses being the corresponding Pearson symbol, second being
the prototype phase followed by the reported phases when different from the prototype, if any. The
nicknames of compounds, if any, are given as the last in the parentheses. These intermetallic

compounds may influence the properties of HEAs positively or negatively.
1.8  Current status and trend

In 2010s, the research in this field of HEAs is substantially accelerated. Here, we use the
search engine in Web of Science as a tool to explore the trend in HEA research in the past 15 years
from 2004 to the end of 2019. For not losing generality, we limit our search to English journal and
proceeding papers collected in two primary databases, i.e., Science Citation Index Expanded and
Conference Proceedings Citation Index-Science. A number of naming conventions referring to
HEAs are used for search, including high entropy (high-entropy) alloy, multiprincipal (multi-
principal) element alloy, concentrated solid solution alloy, multicomponent (multi-component)

alloy, and complex concentrated alloy. We restrict the search of these keywords to the titles of
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articles, allowing us to attain a conservative but rather precise representation of published articles
in this field compared to searching these keywords otherwise. During searching, some of
aforementioned terms cannot exclusively define HEAs, for example, multicomponent alloys may
be ternary alloys [42] or metallic glasses and their derivatives [43, 44]. In such cases, we used
further refinements to narrow down the search results only to HEA-related ones. With these five
terms used, the searches returned a total of 2587 articles. Within these 2587 articles, high entropy
(high-entropy) alloy is the term predominantly used accounting for 93.62%, followed by
multicomponent (multi-component) alloy (2.09%), multiprincipal (multi-principal) element alloy
(1.70%), concentrated solid solution alloy (1.58%), and complex concentrated alloy (1.01%), as
graphed in Figure 1.4.

The growth of publications in the field of HEAs over years is bar-charted in Figure 1.5.
One can easily see that after 2013 the number of published articles experiences an exponential
growth. Overall, the trend on the number of publications against year approximately follows an
exponential relationship of y = 3.05exp(0.33x). Alongside shown in Figure 1.5 is the cumulative
citation over years. Till now, more than 50 thousands citations are generated for all 2587 papers.

We also sort out the top 12 universities and research institutes as well as top 13 journals
that have greatest HEA publications in amount, as given in Figure 1.6. The University of Tennessee
at Knoxville, University of Science and Technology Beijing, and Oak Ridge National Laboratory
lead by publishing 237, 186, and 138 papers, respectively. It is worth emphasizing that when
counting the number of papers published by different institutes, a single paper may go to multiple
organizations due to their collaborative relations. The most HEA papers are published in Journal
of Alloys and Compounds (280), followed by Materials Science and Engineering A (215),
Intermetallics (154), followed by others.
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Table Captions

Table 1.1 Differences between conventional dilute alloys and high-entropy alloys considered from

different aspects.

Table 1.2 Classification of high-entropy alloys based upon different features.
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Figure Captions

Figure 1.1

Figure 1.2

Figure 1.3

Figure 1.4

Figure 1.5

Figure 1.6

Schematics of lattice distortion in body-centered cubic pure metals, conventional
dilute alloys, and high-entropy alloys. A — D represent different element species in

general.

Diffusion coefficients of Ni, Dy; ,in a series of fcc alloys including high-entropy
alloys against the inverse homologous temperature, T,,/T, including NiCo [29],
NiFe [29], NiCoFe [29], NiCoCr [29], NiCoFeCr [29], NiCoFeCrMn [29], and
NiCoFeCrPd [45], CoCrFeMnNi [46], CoCrFeNi [46], and FeCoCrNiMnos [27,

30]. T,,, denotes melting temperature.

Periodic table of elements by atomic size. Courtesy of Sciencenotes.org at

http://sciencenotes.org/printable-periodic-table/.

Percentages of different naming conventions for “high entropy alloys”. The
statistics is based on merely considering the usages of these terms in the titles of

2587 papers from 2004 to the end of 2019.

Number of HEA publications by year, along with cumulative citations over years
from 2004 to the end of 2019. The growth of HEA articles can be described by an
exponential rise of y = 3.05exp(0.33x).

(a) Top 12 universities and research institutes, and (b) top 13 journals in publishing
HEA articles, sorted by the number of publications from year 2004 to the end of
2019.
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2 Deformation mechanisms

The deformation mechanism is always a hot topic since the occurrence of HEAs due to the
demand and pursues of mechanical properties improvement. In order to design HEAs with
enhanced mechanical properties, a detailed understanding of all active deformation mechanisms
and their interaction is essential. In this session, we would like to provide a general picture of the

deformation mechanisms on HEAs.
2.1 Dislocation mediated deformation
2.1.1 Face centered cubit alloys

The mechanical properties of HEAs, similar to those in the conventional metals and alloys,
strongly depend on the microstructure and, particularly, the structure of dislocations and
dislocation interactions. Take the single FCC structure CoCrFeMnNi HEA as an example. Similar
with traditional FCC metals, highly planar deformation involving dislocation arrays on {111} slip
systems was firstly observed by Otto et al. in the initial stages of plasticity in a large range of
temperatures (77-873 K), and the dissociation of some of the 2<110> {111} dislocations into
partials was reported [47]. Figure 2.1 clearly shows that the typical planar slip of 2<110>-type
dislocations along two {111} slip planes in the (CoCrNi)osAl3Tis MEA after ~2% deformation
[48]. The low stacking fault energy (SFE) in these FCC structured HEAs results in the widely
dissociated dislocations and extensive dislocation reactions. Lomer-Cottrell locks are also
observed, shown in Figure 2.2, in the deformed HEA by Xu et al. through investigating the face-
centered cubic Alo.1CoCrFeNi HEA, due to the widely dissociated dislocation cores with two
partials, responsible for the significant work hardening with a large hardening rate in the alloy
[49]. Patriarca et al. [50] reported the critical resolved shear stress (CRSS) to initiate slip for the
single crystal FeNiCoCrMn alloy was 70 MPa at room temperature while 175 MPa at 77 K. And
similar founding is proposed by Abuzaid et al. that the CRSS for slip activation in FeNiCoCrMn
alloy has a very strong temperature dependence increasing from ~ 55 MPa at room temperature to
around 150 MPa at 77 K. Such temperature dependence, which is common in BCC alloys, is
unusual for FCC alloys [51].

While owning to the concentration fluctuation in HEAs, there are unique dislocation
structure characters compared with that in conventional FCC solid solution alloys. Figure 2.3(a)

and (b) give the FCC crystal lattice of a dilute system and a high-alloy system containing an edge
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dislocation, respectively [52]. According to the conventional dislocation theory in dilute alloys,
the local potential energy for a dislocation segment in dilute alloys, AEp 4, is the sum of the
superposition of the local Peierls potential energy in the solvent pure metal, AEpm, and the energy
contribution of lattice distortion caused by the solute atom, AE} , [Figure 2.3(c)] [52]. While in the
high-alloy systems, the change of the local arrangement of elements can lead to the change in
bonding energy and lattice strain energy [52]. Therefore, extra activation energy, AE,,, should be
taken into consideration for dislocations to move in the crystal lattice in addition to AEp,, and
AE; p, as shown in Figure 2.3(d) [52]. Consequently, the average potential energy for a dislocation
in high-alloy systems is larger than that in dilute alloys even having similar average lattice
distortions to the high-alloy systems, resulting in an additional strengthening effect in high-alloy
systems [Figure 2.3(e) and (f)] [52]. Wu et al. [53] suggested the dislocations are narrower in a
family of CoCrFeMnNi alloy (wg = b at 0 K) than in pure FCC metals (wy = 1.5b at 0 K). Smith
et al. [54] observed the large variability of dissociation distances as a consequence of complex
solute configurations in CoCrFeMnNi alloy, indicating the variable value of dislocation
dissociation in this alloy, and proposed the local varied SFE instead of a global variable in these
concentrated solid solution alloys. Rao et al. [55] reported the core structure of a/2<110> screw
and edge dislocations in an FCC multicomponent alloy, CozoFe16.67Ni36.67T116.67, to be planar with
significant variations in the Shockley partial splitting along the dislocation line (factor of ~3) due
to concentration fluctuations through examining the behavior of a/2[110] screw and edge
dislocations via molecular statics and molecular dynamics simulations. And the critical stress to
move a/2<110> dislocations in the FCC multicomponent alloy at 0 K is found to be significantly
higher as compared to pure Ni [55]. Also, local fluctuations in the concentration of solutes are
proposed to have a strong effect on the effective cross-slip activation energy of screw dislocations

in the random alloy [55].
2.1.2 Body centered cubit alloys

Recently, Couzini¢é et al. [56] investigated the dislocation structuresin a BCC
Ti20Zr20Hf20Nb20Ta20 HEA after mechanical tests through TEM observations and observed that the
motion of screw dislocation with b = a/2<111> Burgers vector aligned in <I111> directions was
dominated at the initial stage of plastic deformation. The screw character of dislocation in this

alloy has been found to become stronger due to the reduced mobility of screw dislocations
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compared to edge dislocations with the increase of strain [57]. Rao et al. [58] have examined the
behavior of a/2[111] screw and edge dislocations in a model BCC multicomponent alloy,
Cois.67Fe36.67Ni16.67T130, and found, similar to simple BCC metals, the core structure of a/2[111]
screw dislocations was non-planar. Meanwhile, cross-slip of screw dislocations is observed in the
BCC HEAs [59]. Consequently, the screw dislocation motion is proposed to be more importance
in coordinating the plastic deformation in the BCC HEAs [59]. These observations allow the
clarification of the dislocation-mediated deformation mechanism of the multi-component alloy.
However, different from simple BCC metals and a mean-field version of the same alloy
composition, the multi-component random alloy has shown a much larger CRSS and activation
energy, which leads to a weak temperature dependence of the strengthening via atomistic modeling
the dislocation behavior in the BCC Coiss7Fess.67Nit667Ti30 alloy by molecular statics and
molecular dynamics simulations [58]. And significant core structure variations along equilibrium
a/2(111) screw dislocation are observed, presumably due to the local compositional fluctuations
that change the local SFEs on different possible slip planes, which contribute to the frequent

formation of super jogs [58].
2.1.3 Eutectic alloys

Recently, based on the eutectic-alloy concept, eutectic high-entropy alloys (EHEAs) are
designed, which combine the advantages of both high-entropy alloys (HEAs) and conventional
eutectic alloys, which usually show a fine dual phase lamellar microstructure [60-62]. Take the
AlICoCrFeNi2.1 eutectic high-entropy alloy as an example, which combines the high ductility of
the FCC (L12) phase and the high strength of the BCC (B:) phase [61]. Gao et al. [61] reported
the deformation mechanisms of FCC(L1;) and BCC(B2) phase with lamella structure were
different from each other in the sense the dislocation glide in a manner of planar slip is in the
former and precipitate-strengthening effect played an important role in the latter. And dislocations
are rarely observed in the BCC phase as the phase boundaries act as a potent barrier to dislocation
motion resulting in dense dislocation storage in FCC phases [60]. Based on the former
investigation, Shi et al. [62] proposed an AlCoCrFeNi» i alloy with an ultrafine-grained duplex
FCC and B2 lamellar structure an excellent combination of high strength and high ductility. Upon
tension, the soft FCC lamella matrix is more susceptible to starting plastic deformation [62].
Nevertheless, the soft FCC matrix cannot plastically deform freely, owning to the constraint by

the still elastic B2 lamellae [62]. Figure 2.4 shows the dislocation evolution of this alloy during
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tensile deformation [62]. In the early stage of deformation (¢=4%), there are more obvious
dislocations in soft FCC grains than hard P2 (the intergranular B2 grains) and B2 grains near phase
interfaces [62]. At medium strains (¢=13%), dislocations density significantly increases in FCC
grains and P2. With further deformation to fracture (¢=21%), the dual-phase lamellae and P2 show
apparent dislocations [62]. The modulated hard and soft eutectic lamellar structures of
AlCoCrFeNi>.1 EHEA are attributed to the excellent combination of high strength and high
ductility [62].

2.2 Twining medicated deformation
2.2.1 Microstructural process of twin formation

Mechanical twinning is another common deformation mechanism in metals and alloys,
which also has observed in HEAs [63]. Table 2.1 compiles previous reported HEAs that exhibit
twining medicated deformation. While, to our knowledge, the unusual plastic deformation
mechanism, mechanical twinning, are encountered by FCC HEAs, the characteristic of mechanical
twins in BCC and HCP HEAs are seldom reported. Same to the microstructural process of twin
formation in FCC metals, the deformation of FCC-structured HEAs involves the glide of Shockley
partial dislocations with a Burgers vector of a/6(112) on successive {111} planes [64] with
twinning elements K; = (111),7, = [112], K, = (111),7, = [112] and a shear s=1/v2 [47]

between the relative orientations of the parent crystal and the twins.
2.2.2  Evolution of twins

Nanoscale deformation twins, observed after interrupted tests in HEA, are proposed to
contribute to the excellent mechanism properties [53]. When focusing more on the deformation
mechanisms of these HEAs with twinning-induced plasticity (TWIP), a clear transition is seen
from prevalent dislocation slip at low strain to slip plus twinning at high strain [47, 53, 65]. There
is a critical strain level for the formation of deformation twins [65]. An example of the evolution
of twin density with strain in FeNiCoCrMn alloy at 77 K is shown in Figure 2.5 [65]. At the initial
stage of plastic deformation (2.1%), dislocation glide is controlled mechanism without the
observation of deformation twins [Figure 2.5(a)]; first, nanotwins are observed [Figure 2.5(b)]; at
the strain increasing to ~ 6%, and the volume fraction of twins increases systematically with the

strain increase [Figure 2.5(b)-(e)];; several intersecting twins are presented within the grains at
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~15% strain [Figure 2.5(e)] [65]. A similar deformation response is also reported by Wu et al. [53]

on a series of single FCC equiatomic solid solution alloys.
2.2.3 Competition between twins and dislocations
2.2.3.1 Critical twining stress

Previous reports have suggested the exist of critical stress for twinning in HEAs [65]. The
twinning behavior of HEAs is strongly dependent on the competition between the flow stress and
critical twinning stress. Sun et al. found the twining capacity in FCC HEAs was weakened by the
grain size refinement, due to the dramatically increased critical stress for twinning [66]. The critical

shear stress for twinning can be expressed by the following equation [67],
Y k
Ttwin = Fby + —2, (2.1)

where 7.y, 18 the critical resolved shear stress (CRSS) required to separate a leading Shockley
partial dislocation from the trailing partial and thus create a twin, y is the SFE, F is a fitting
parameter that was determined to be 2.0 by Narita and Takamura [68], b, is the Burgers vector of
a partial dislocation, k is the Hall-Patch constant for twinning and d is the grain size. The normal
twin stress (o4yin) 1S Obtained by multiplying 7, by the average Taylor factor (M). Apparently,
the value of critical stress for twinning is related with the SFE and grain size. The critical resolved
shear stress for twinning in the CoCrFeMnNi alloy is determined to be ~ 235 MPa in the range of

77-293 K, which is roughly temperature independent [65].
2.2.3.2 Compositional effect

Composition changing is an effective way to trigger a transition from dislocation glide
dominated plasticity to a mixed deformation mode consisting of dislocation glide and twining in
HEAs with FCC structure [63, 69-72]. According to Equation (2.1), it is plausible the critical
twinning stress decreases with the decrease of SFE, which is related to the constitute composition
[73, 74]. Hence, the transition of twinning behavior is supposed to be determined by the lowing
SFE through varying composition. Deng et al. [74] found that SFE can be reduced by lowering Ni
content in the CoCrFeMnNi alloy and developed a FesoMn4oCrioCoio alloy with mechanical
twinning controlled deformation mechanism during the tensile test at room temperature. Liu et al.
[73] reported the increased Co content decreased the SFE in an Fex0CoxNigoxCraoMnoo (x =20-27

at.%) HEAs, resulting in the deformation mode change from dislocation glide to mechanical
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twinning. Meanwhile, minor interstitial atoms addition, e.g. C, can promote the activation of
primary and secondary twinning systems in these interstitial strengthened HEAs at room
temperature [70, 71]. The strong substitutional or interstitial solid solution strengthening effect
results in the critical stress for twinning to be easily achieved, even though the interstitial atoms

may increase the SFE [69, 75].
2.2.3.3 Grain size effect

Twinning activity in HEAs has been found strongly related to grain size [64, 66, 76]. Sun
et al. [66] investigated the size effect on the deformation twinning behavior and observed the
deformation twinning becomes popular with the increase of grain size and absent when the grain
size falls in the ultrafine-grained (UFG) regime. Considering the grain size effect on the critical
stress for twinning in HEAs, large grains in HEAs can reduce the critical stress for twinning,
retarding the onset of strain localization [66], which indicates the twinning behavior of the HEAs
is strongly dependent on the competition between the flow stress and critical twinning stress with
grain refinement. The mechanical twinning is exhibited even at 500 °C because of the very large
grain size (>1000 um) in CoCrFeMnNi alloy [64]. Meanwhile, twinning spacing and twin
thickness are also grain-size dependents [77]. Increased twinning spacing and decreased twin

thickness in HEAs with small grain sizes will inhibit pronounced twinning activity [77].
2.2.3.4 By thermo-mechanical processing

Controlling the heat treatment process can also affect the activation of twinning [47, 76].
Chen et al. [78] suggested the twinning occurred only in the FCC phase during the SPS process
instead of the MA process in AlosCoNiFeTip4. Twinning in the FCC phase occurred during the
deformation and densification to facilitate deformation and achieve full densification [78]. Fu et
al. [79] reported the deformation twinning possibly occurred during mechanical alloying (MA)
due to the severe plastic deformation or spark plasma sintering (SPS) simultaneously with phase
evolution during the SPS process in the CoNiFeCrAlosTio4 alloy. Yu et al. [80] observed
nanotwins in the AlICoCuFeNi alloy, produced by melt-spinning. The Cu-rich nanotwins have a
face-centered-cubic (FCC) structure diffused in the ordered body-centered-cubic (B2) matrix,
which decomposes from the matrix with the K-S crystallographic relationship:

{111} rcell {110} 82 and < 110 >pcc | < 111 >3 [80].
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2.2.3.5 Temperature effect

The temperature-induced competition between slip and twinning in FCC HEAs is
commonly observed [53, 64, 81]. The deformation twinning in CrMnFeCoNi alloy is difficult to
observe when the deformation temperature increases from cryogenic temperature to room
temperature [47]. In contrast to the planar-slip-deformation controlled mechanisms at 298 K,
mechanical twinning is the dominated deformation mechanism at 77 K [81]. As the critical stress
for twinning slightly increases with the increase of temperature [64] whereas the strength decreases
with temperature increases, the critical stress for twinning is difficult to achieve to initiate twins at
room temperature. Hence, in order to overcome the temperature effect, efforts have been made,
i.e. introducing interstitial atoms and grain size effect, to induce deformation twinning at room and

even higher temperatures [64, 66, 69-71].
2.2.4 Interactions between twins and dislocations

A high density of twins is expected to have a significant strengthening effect due to the
interactions between twins and dislocations. The formation of deformation twinning during plastic
deformation continually introducing additional twin boundaries and decreasing mean free path of
dislocation and thereby enhance strain hardening, usually referred to as the “dynamic Hall-Petch”
effect [53]. And the twin boundaries also act as sites for dislocation nucleation and accumulation.
Therefore, increasing the density of twin boundaries can effectively increase the strength of HEAs
and, simultaneously, retain or improve their ductility. While Stepanov et al. [82] proposed the
“dynamic Halle Petch” in CoCrFeMnNi alloys is overestimated due to demonstrated low
efficiency of the high coherent twin boundaries (233 type) as an obstacle for dislocation glide. For
example, as shown in Figure 2.6, TEM investigations of the CrCoNi samples revealed that large
numbers of deformation twinning events occurred in samples deformed in uniaxial tension and the
twins typically had thicknesses ranging from ~100 nm to several micrometers [83].
Two types of twin boundaries are observed: }:;{111} coherent twin
boundaries (CTBs) and >33{112} incoherent twin boundaries (ITBs) [83]. Dislocations
interact with these TBs in various ways. And dislocation pile-ups at CTBs are observed when they
glide on a {111} plane that is not parallel to the CTB [83]. Meanwhile, Zhang et al. [83] reported
the intersected twin boundary of different twins provides multiple pathways enabling the fast

motion of dislocations and cross slip, resulting in homogeneous plastic deformation.
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2.2.5 Twin-twin interactions

When more than one twinning system operates, the twin-twin intersection can occur among
twin bands on different planes. The twin-twin intersections are commonly observed in materials
and usually give rise to high stress concentration in the intersected region. For example, the twin-
twin interactions resulted in severe lattice distortion and accumulation of high densities of
dislocations in the interaction areas [84]. Figure 2.7 shows twin-twin interactions in a FeCoCrNi
HEA introduced by high-pressure torsion (HPT) [84]. Three close twins (T2, T3, and T4)
propagate along the same direction, interacted with the pre-existing twin T1, are shown in the
HRTEM micrograph in Figure 2.7(a) [84]. The interactions result in the severe local stress
concentration at one side of T1 and the stress is partly released from the other side of T1 through
the twinning of TS5 and T6 [84]. A high density of dislocations (marked with “T”’) and severe lattice
distortion are observed near the interacted TBs in the Fourier filtered image obtained from the
twin—twin interaction area marked by a white dashed square in Figure 2.7(a) [Figure 2.7(b)] [84].
And a Lomer-Cottrell (L-C) lock is observed in the area (Fig. 3b), which is formed by the reaction
of two leading partials from two dissociated 60° lattice dislocations on two intercrossing slip
planes [84]. High densities of dislocations accumulated in the twin-twin interaction areas result in
local heavy lattice distortion. And the twin-twin intersected regions provide the sites for the
nucleation for phase transformation and amorphous phase due to the accumulation of dislocations
and SFs [85]. The intersected twinning boundaries can also lead to complex dislocation reactions

and the formation of more mobile and immobile dislocations [86].
2.2.6 Effect of precipitates on deformation mechanisms

Zhao et al. [87] found the deformation mode transfered from mechanical twinning in
CoCrNi alloy to stacking faults (SFs) controlled mechanism in (CoCrNi)osAl3Tis with L12 phase
strengthen. The appearance of mechanical twinning is not solely determined by the low stacking
fault energy, but also dependent on the critical twinning stress. The increased critical twinning
stress affected by the channel width of the matrix in the precipitation-strengthened with even lower
SFE results in the absence of mechanical twinning observed in the single-phase CoCrNi MEA
[87]. Tong et al. [88] developed a FeCoNiCrTio. alloy with coherent precipitates to investigate the
effect of precipitate on the twinning behavior of low SFE HEAs at cryogenic temperature.

Different from the single-phase FeCoNiCr HEA, twinning rarely happens in the y'-strengthened
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regions even when the aged FeCoNiCrTio» HEA is deformed at 77 K, suggesting that twin
nucleation is impeded by the y' nano-particles [88]. Microtwins, however, is observed in the
regions strengthened by chemically disordered lamellar precipitates, suggesting that the chemical
ordering of the ¥’ nano-particles dramatically increases the energy barrier for twin nucleation [88].
The fundamental understanding of the deformation micro-mechanism of the precipitation
strengthened HEAs can provide useful guidance for the development of precipitation hardened

concentrated multi-component alloys in the future.
2.2.7 Outcome of twinning

The mechanical properties, e.g. strength, ductility, and work hardening in HEAs, are
significantly enhanced by the introduction of deformation twinning [47, 53, 64-66, 69-71]. Several
factors related to the mechanical twinning in HEAs have been briefly discussed, which indicate
the activation of twinning in HEA can be enhanced to obtain excellent mechanical properties, even
comparable to those of advanced TWIP steels, through proper tuning these factors. The extensively
understood on the twinning mechanism in FCC HEAs can shed light on the alloy design for future

applications.
2.3 Deformation mediated by phase transformations

The “metastability-engineering” strategy, promoting plastic deformation via deformation-
induced transformation, recently has been introduced into HEAs to pursue further improving the
mechanical properties, which opens a new strategic path for designing high strength materials [89].
This section will review the unusual plastic deformation mechanisms, phase transformations,
encountered in HEAs summarized in Table 2.2. Combining the strong solid solution strengthening
effect and transformation-induced plasticity (TRIP) effect, the HEAs exhibit excellent mechanical
properties without strength and ductility trade-off [19]. Besides the transformation-induced
hardening effect, an additional phase interface, introduced by the deformation-induced phase
transformation, further enhances the dislocation slip resistance [19]. Moreover, the ductility has
also been improved by the increase of strain hardening capacity, which attribute to the dislocation

hardening of the stable phase and transformation-induced hardening of the metastable phase [19].
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2.3.1 Types of phase transformations
2.3.1.1 Phase transformation from face-centered-cubic structured HEAs

Through varying the content of Mn element of FesoxMnxCo10Crio (at%) system to tune
phase stability and achieve the TRIP effect, the dual-phase (DP) FesoMn3oCo1oCrio alloy,
consisting 72% FCC matrix and 28% HCP phase laminate layers, has been achieved with
significantly improved strength and ductility [19]. Figure 2.8 exhibits the EBSD phase maps of the
quinary dual-phase Co20Cra0FessMn2oNi¢ HEA with increasing tensile deformation at room
temperature [90]. Upon tensile straining, the metastable FCC phase shows a martensitic

transformation to the HCP martensite phase, and following monotonic deformation to a local
engineering strain of about 60%, the fraction of martensite increases to about 61% [90].
Concomitantly, intense strain hardening is observed [19]. The HCP phase exhibits higher
stability over the FCC phase at low temperature via thermodynamic calculations [91],
contributing the plastic accommodation and hardening at later stages of deformation via
multiple deformation mechanisms, including dislocation slip, twinning and the formation of
SFs [19]. The SFs, formed by the glide of Shockley partials of 1/6<112> Burgers vector in the
FCC matrix, provide the nuclei for the formation of the ¢ (HCP) martensite phase [92].
Meanwhile, metastability-promoted y (FCC phase) —¢ (HCP phase) phase transformation in
HEAs has induced the excellent fatigue performance [93]. Besides monotonic deformation,
these phase-transformation assisted HEAs also exhibit excellent fatigue properties [94, 95]. It
was shown that unlike the negative effect of HCP-martensite in the fatigue crack growth rate
of HEAs, the HCP-martensite in a metastable dual-phase HEA, Fe30MnioCr10Co1o (FCC matrix

and HCP second phase) possesses high plastic deformation and associated stress accommodation
capacity due to the large orientation gradient and high density of dislocations in it [94]. The initial
and the transformed HCP phase in the TRIP-DP-HEA are ductile and deform further via

dislocation slip at the different strain rates [95].
2.3.1.2 Phase transformation from Body-centered-cubic structured HEAs

Limited plasticity restricts the widespread use of body-centered cubic (BCC) HEAs. While

recent studies indicate the “metastability-engineering” approach can successfully be applied in the
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BCC HEAs to improve the limited ductility without the compromise of strength [89]. Through
reducing the BCC stabilizer element Ta, Huang et al. [89] successfully introduced the TRIP effect
in the BCC TaxHfZrTi HEA system with {110}bcc//{0001}hcp crystallographic orientation
relationship between the BCC and HCP phase. The controlled deformation mechanism is
determined by the competition between the dislocation slip and phase transformation mechanism
[89]. Phase transformation during plastic deformation can introduce significant strain-hardening
effect by dynamic strain/stress partitioning between the BCC and HCP phases and promote
continuous plastic deformation in the BCC matrix [89]. In situ scanning electron microscope
(SEM) observation of the lateral morphology evolution in alloy TaosHfZrTi as a function of
loading is shown in Figure 2.9 [89]. Lamellar hcp phase starts to form inside grains after the
macroscopic yielding of this alloy (about 700 MPa) and then multiplies and coarsens with further
loading [89]. Meanwhile, a TRIP assisted TizsZr»75Hf27.5NbsTas was developed by reducing the
content of B-stabilizers (Nb and Ta) in the BCC Ti-Zr-Hf-Nb-Ta system using the ‘d-electron alloy
design’ approach [96]. The architectural-type microstructures and a high volume fraction of
internally twinned stress induced the forming of martensite a” during plastic deformation
contribute the remarkable strain harden rate without the compromise of ductility, compared with
the TizZraoHf20Nb2oTazo alloy [96]. While it is worth noting that the investigation on
“metastability-engineering” in HEAs with the BCC phase is limited.

2.3.2 Tuning phase stability
2.3.2.1 By chemical compositions

HEAs with metastability of phases can be designed using element alloying strategy to tune
the stress/strain accommodation by favoring transformation and/or twinning during deformation.
One key approach is to reduce the amount of phase stabilizer element to tune the metastability of
the matrix [19, 73, 89]. Recent results on TRIP assisted FCC structured HEAs indicate that the
concurrence of Fe and Mn is needed for altering the (FCC) y phase stability during deformation
[19]. The “metastability-engineering” approach was successfully introduced to the Fesgo-
Mn,Co10Crio (at%) HEA system by reducing the Mn content [19]. And Li et al. [90] proposed the
Ab initio simulations of thermodynamic phase stabilities enables to obtain the promising
compositions showing the TRIP effect in HEAs, which extends the TRIP behavior exhibiting from
quaternary FeMnCoCr system to quinary system of Co20CroFes0-xMn2oNiy (x = 0-20 at. %) HEAs
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via changing the content of Ni. The deformation mode of the Fez0CoxNisoxCrooMnyy HEAs
changes from the dislocation slip of Fe20C023Ni117Cr20Mnzo to TWIP of Fe20Co27Ni13Cr20Mnoo, then
to TRIP of Fex0Co30NiioCr20Mn2o, owning to the negative relationship between Co content and
SFE [73]. Recent reports found the Ta level in the refractory TiZrHfTax system can destabilize the
body-centered cubic (BCC) phase and leads to the appearance of the hexagonal close-packed
(HCP) phase embedded in the BCC matrix, according to both experimental result [89] and first-
principle theory [97]. Figure 2.10 shows the phase constitution and structural evolution of the as-
cast TaxHfZrTi (x = 1, 0.6, 0.5, and 0.4) alloys, characterized by X-ray diffraction (XRD) and
electron backscatter diffraction (EBSD) analysis [89]. A small amount of hcp phase is detected
from the EBSD image when the Ta content is decreased from 25% to 16.7% and a dual-phase
microstructure consisting of interwove hcp lamella plates embedded in the bee matrix is observed
with the further decrease of Ta content t014.3% and 11.8% [89]. Besides adding transition
elements, another method is to introduce minor elements. It is shown that light weight elements
like Si, C, Al have a massive effect on the y phase evolution in TRIP assisted HEAs [98-100].
Nene et al. [101] reported the addition of Si can alter the FCC phase stability, promote pronounced
transformation induced plastic deformation in both as-cast and grain refined Fe42Mn3C010Cr15Sis
HEA, and result in very high strength (1.15 GPa) and work hardening (WH) ability due to the
decrease of the stability of FCC (y) matrix. And they also developed a new metastable
transformation-induced plasticity dual-phase alloy, Fe3oMn2oCo20Cri5SisAli, with excellent
strength and ductility by adding Si and Al elements [100]. Al, C addition can attain more sustained
work hardening in the material during deformation by tuning phase stability while enhancing the
stability of the FCC matrix [71, 100]. Therefore, in order to retain the metastability of the matrix
to obtain the TRIP effect, the content of Al and C element should be controlled to a small amount

[71, 100].
2.3.2.2 By thermo-mechanical processing

Lietal. [19, 102] reported that the strength-ductility profile TRIP assisted HEAs depended
not only on grain size but also on the fraction of the HCP phase and the density of stacking faults.
In order to improve the TRIP effect, thermomechanical processing, like friction stir processing
(FSP), has been applied in some TRIP assisted HEAs to tailor the microstructure of these alloy
[100]. Take the FesoMn30Co10Cr1o alloy as an example, which exhibits a significant tensile property

enhancement by grain size refinement through FSP [99]. Compared with 32% HCP phase with the
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grain size of 4.5 pm after cold rolling and annealing treatment [ 19, 102], the friction of HCP phase
is reduced to about 8% and 10% at similar grain sizes of ~ 5.2 and ~ 6.5 um after applying FSP,
respectively [99]. Therefore, FSP is an effective way to obtain fine-grained TRIP HEAs with
higher FCC-phase fraction, leading to a higher level of TRIP effect [99]. Enhanced strength and
ductility are achieved in these TRIP-assisted dual-phase HEA, attributed by the TRIP effect, grain
boundary strengthening, and effective strain partitioning between the two phases engineered via
FSP [99]. Hence, FSP can result in a highly transient microstructure in HEAs, helping alter grain
size, tune phase evolution, and retain chemical homogeneity of microstructure, which favors an

optimal fraction between y (FCC) phase and € (HCP) phase [99, 100].
2.3.2.3 By grain sizes

Li et al. [102] systematically investigated the grain size effect on the strength and ductility
of FesoMn3oCo1oCrio alloy. Figure 2.11 shows the representative EBSD phase maps corresponding
to various local strain levels in this alloy with different fine grains [102]. The transformation from
FCC to the HCP phase, obviously, is the primary deformation mechanism in all of these grain-
refined alloys [102]. However, the values observed for the retained FCC phase fraction at a certain
local strain level in different alloys differ, suggesting deviations in FCC phase stability among
these alloys [102]. Due to the dual effects of FCC grain boundary on HCP phase: providing the
prime nucleating sites and suppressing the growth of HCP phase due to the blocking effect of grain
boundaries and back-stresses, the variation phase friction of HCP phase is not linear with the
reduction of the FCC grain size, indicating FCC grain size on the martensitic transformation during
quenching depends on a variety of mechanisms [102]. Niendorf et al. [103] reported, during the
fatigue testing, phase fractions change more significantly in the same TRIP-FesoMn30Co10Crio

HEA with fine grained (~ 5 pum) than coarse grained (~ 10 pm). Meanwhile, the grain size
reduction can enhance the stability of the FCC phase grains against deformation-driven
transformation, resulting in a more uniform distribution of the y (FCC) — e (HCP)
transformation zones [19]. Meanwhile, considering the situation of variable grain size with

similar HCP phase friction in FesoMn30Co10Crio before load, the tensile properties, including yield
strength, ultimate tensile strength, and elongation, increase with the decrease of average grain size,

because of the Hall-Petch effect [102].
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2.3.3 Outcome of phase transformation

Deformation-induced phase transformation in the high-entropy alloy (HEA) has been
reported to overcome the strength-ductility balance [19, 89]. Phase transformation introduces
significant strain-hardening effect by effective strain/stress partitioning and the interface between
matrix and HCP phases and promotes continuous plastic deformation in the matrix. In particular,
the dislocation motion is inhibited at the interface between matrix and HCP phases, which realizes
high work hardening capacity and, accordingly, superior uniform elongation [19]. The high
fraction of the metastable phase in the matrix results in a significant TRIP effect [99]. Some factors,
like chemical composition, grain size, and thermal process, are associated with affecting the
metastability of the matrix phase [19, 73, 89, 102]. Indicating proper changing in the parameters,
new deformation-induced transformation HEAs with excellent mechanical properties can be

achieved.
2.4  Deformation mediated jointly by twining and phase transformation
2.4.1 Deformation mechanism

Among the aforementioned deformation mechanisms, the activation of mechanical
twinning and phase transformation has been reported to effectively enhance strain hardening of
HEAs without strength-ductility trade-off. Consequently, new HEAs with jointly twinning and
phase transformation, giving rise to an excellent combination of strength and ductility, are
developed, bringing a great challenge to deep understand the work-hardening mechanism [104].
Table 2.3 summarizes the HEAs with jointly twinning and phase transformation. When focusing
on the deformation mechanism on both phases in TRIP-DP-FesoMn3oCo10Crio alloy, in terms of
the FCC phase in this dual-phase alloy, the deformation-stimulated martensitic transformation is
the dominate deformation mechanism [Figure 2.12(a)], while the deformation-induced twinning is
dominated in HCP phase [Figure 2.12(b)][19]. Wang et al. [105] unraveled the mechanisms of
phase transformation and mechanical twinning in a model interstitial high-entropy alloys (iHEAs)
with a nominal composition of Fe-30Mn-10Co-10Cr-0.5C (at. %) and their effects on strain
hardening through analyzing interrupted in-situ and full in-situ tensile tests in a scanning electron
microscope (SEM) combining electron channeling contrast imaging (ECCI) and electron
backscatter diffraction (EBSD) techniques. A schematic sketch of microstructure evolution with

straining in the iHEA is provided in Figure 2.13, including the deformation-driven phase
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transformation and mechanical twinning. where black arrows point in the direction of increasing
strain [105]. The FCC y grains and a small portion of thermally-induced HCP ¢ phase (~0.2%)
[Figure 2.13(a)] are observed in the undeformed state. Upon straining, SFs form along {111}//TA
planes in the metastable FCC y grains [Figure 2.13(b)], which expand and multiple inside localized
microbands with the increase of strain, leading to a continuous decrease in the spacing among them
[Figure 2.13(c)] [105]. After 10%—14% strain, the intrinsic HCP ¢ nucleation due to the overlap
of SFs inside the microbanded regions reaches a critical density [Figure 2.13(d)], which are then
formed within each individual microband [Figure 2.13(e)] [105]. The deformation-induced € phase
grows into the adjacent deformed y grains and simultaneous formation of new € lamellae along the
microbands takes place with further strain. Besides phase transformation, mechanical twinning is
also active during the deformation process [Figure 2.13(d)] [105]. Recently, Fu et al. [104] have
uncovered the tensile deformation mechanism evolution in the FCC-to-HCP transformation-
induced plasticity high entropy alloy (TRIP-HEA) utilizing the real-time in situ neutron
diffraction. The state-of-art neutron diffraction technique offer the great opportunity to obtain the
FCC phase fraction evolution during the plastic deformation, shown in Figure 2.14, which can
provide direct evident for the FCC-to-HCP transformation. Four deformation stages,
corresponding to elastic, TRIP + Slip, TRIP + Slip + single twin, and TRIP + Slip + multiple twin,
are TRIP + Slip + single twin, are determined by stress redistribution at the aforementioned critical
mechanism transition load points [104]. The combination of easily triggered persisting TRIP with
the work-hardening potential of the HCP through twinning and dislocation slip contributes the

continuous work-hardening of HEAs, compared with single phase HEAs [104].
2.4.2 Simultaneous triggering of twinning and phase transformation
2.4.2.1 Compositional tailoring

We have a brief picture of the chemical compositions on the TRIP and TWIP effect in
HEAs. Along a similar line, a novel strategy for designing a joint activation of twinning- and
transformation-induced plasticity by incorporating additional interstitial elements to tune the
stacking fault energy in a TRIP-assisted HEA was reported [102, 105]. For example, Li et al. [102]
have designed a new HEA incorporating the additional interstitial element, C, by tuning the matrix
phase’s instability in a metastable TRIP-assisted dual-phase FesoMn3oCo10Crio HEA. Although the
addition of C actually increases the stacking fault energy in the Feso sMn30Co10Cri0Co s (at%) alloy
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and result in the reduce of metastability driven TRIP effect, resulting in the FCC phase has higher
stability that in the FesoMn30Co10Crio (at%) alloy [102], this new interstitial TWIP-TRIP-HEA
exhibits a twice tensile strength and identical ductility compared to a single-phase HEA with
similar composition incorporating, TWIP effect, TRIP effect, substitutional and interstitial solid

solution strengthening, and grain boundary and interface strengthening [102].
2.4.2.2 Thermo-mechanical processing

The sequence or respectively overlap in the activation of TRIP and TWIP effect, concurrent
with dislocation slip, depends not only on the loading process but also on the microstructures. Su
et al. [106] demonstrated a novel approach of utilizing a hierarchical microstructure design to
improve the mechanical properties of an interstitial carbon doped high-entropy alloy (iHEA) by
cold rolling and subsequent tempering and annealing. Two different microstructures are obtained
in Fe49sMn30Co10Cr10Co.s, as shown in Figure 2.15 [106]. After tempered treatment, the samples
contain bimodal microstructures consisting of nano-grains (~ 50 nm) near the shear bands and the
recovered parent grain (10-35 pm) with pre-existing nano-twins, yielding a superior yield strength
of 1.3 GPa, owing to the presence of nano-sized grains and nano-twins [106]. And trimodal
microstructure is obtained by partial recrystallization (annealing), characterized by small
recrystallized grains (<1 pum) associated with shear bands, medium-sized grains (1-6 pm)
recrystallized through subgrain rotation or coalescence of parent grains, and retained large
unrecrystallized grains [106]. The ductility in trimodal is significantly improved to 4.3 times that
in bimodal owning to a multi-stage work hardening behavior related to the sequential activation of
TRIP and TWIP effect combined with the grain size effect on the phase stability [106].
Consequently, the above instance gives proof that microstructure tuning through thermo-

processing can give rise to a wide range of mechanical properties for HEAs.
2.4.2.3 GQrain size effect

According to the aforementioned discussion, both deformation mechanisms are grain-size
dependent [66, 102]. The smaller FCC grain size increases the mechanical stability against
deformation-induced phase transformation [19] and weakens the activation of deformation
twinning [77]. Su et al. [106] observed the large grain size hierarchy in 49.5Fe-30Mn-10Co-10Cr-
0.5C can lead to a wide variation in phase stability, giving rise to the sequential activation of TRIP

and TWIP effect, contribute the strain hardening sequence in with the trimodal structure. Owing
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to the individual grain size dependence of the activation of the TRIP and TWIP effect in HEAsS,
strain hardening concurrent with excellent combinations of strength and ductility can be tuned and

adjusted over the entire deformation range by appropriate microstructure design.
243 Outcome

The new design approach introducing jointly mechanical twining and phase transformation
has open a broader window for achieving excellent mechanical properties for HEAs. Tuning
compositional variations, microstructure, and phase stability can tailor the sequence or respectively
overlap in the activation of TRIP and TWIP effect, leading to the significant strength hardening
and excellent combination of strength and ductility [102, 106]. A new interstitial TWIP-TRIP-
HEAs associated with multiple deformation mechanisms has successfully developed [105, 106],

which provides promising guidance for the future HEAs design.
2.5 Deformation mediated by stacking faults
2.5.1 Staking fault-controlled deformation

Stacking faults (SFs) are considered as an important crystal defect impacting on
mechanical behavior. Similar to grain size refinement, the spacing between SFs can be regarded
as the mean free path for dislocation movement, improving the strength of alloys, due to the
development of intersecting stacking fault bands [107]. And the SFs can prevent the planar
dislocation glide, resulting in the cross slip of dislocation and high work hardening rate. Huo et al.
[107] proposed the dominant deformation mechanism in CoCrFeNi alloy shifted from the
dislocation motion at the lower strain rates to stacking faults at the higher strain rates. Tong et al.
[88] reported in the precipitation-strengthened FeCoNiCrTio2 alloy, the dominated deformation
mechanism is SFs controlled mode at 77 K. Figure 2.16 shows the evolution of deformation defects
in the by TEM after interrupted tensile tests at 77 K. The appearance of SFs [Figure 2.16(a)]at the
early deformation stage and at 77 K prevents the planar dislocation glide, resulting in the cross slip
of dislocations and high work hardening rate at cryogenic temperatures. With the increase of strain,
the intersecting SFs are formed [Figure 2.16(b)], which further confines the direction of the
dislocation motion and makes an extra contribution to the work hardening, followed by the forming
of a defect network by intersecting multiple-layered SFs (i.e., SF bundles) and hierarchical SFs at

different length scales [Figure 2.16(c) and (d)]. Meanwhile, some hierarchical structure of SFs are

32


https://www.sciencedirect.com/topics/materials-science/mechanical-deformation
https://www.sciencedirect.com/topics/physics-and-astronomy/cryogenic-temperature

observed [Figure 2.16(d)] with the primary SFs running from the top left to the bottom right corner
and the secondary SFs oriented at an angle of ~70° with respect to the primary SFs [88].

2.5.2 Stacking faults mediated TWIP and TRIP effect

It should be pointed out SFs, usually occurs with concurrent dislocation slip, phase
transformation, and twinning in the constituent phase. The deformation mode in HEAs is mainly
determined by the value of the SFE which depends not only on the number of elements but also
on the chemical compositions in multi-element alloys. The planar slip is favored the decreasing
SFE, which promotes the formation of partial dislocation associated with the cross slip activation
barrier [108]. The intrinsic stacking fault energy (ISFE) is one of the essential parameters in
determining the competition between the gliding of dislocations and twinning [73]. At higher
stacking fault energies, deformation is controlled by dislocation glide whereas at very low stacking
fault energies deformation twinning is favored [73]. The SFEs of some previous reported HEAs
are listed in Table 2.4. Miao et al. [109] found the deformation twinning can occur in CoCrNi
ternary alloy with the increasing strain at both room temperature and cryogenic temperature, due
to the low stacking fault energy of CrCoNi alloy (22 + 4 mJ/m? [110]). The appearance of
deformation twins at room temperature deformation in twinning-induced non-equiatomic
Fe40Mn4oCo10Crio high entropy alloy indicates a lower SFE compared to the FeMnNiCoCr alloy
(30 £ 5 mJ/m? [111]) where no deformation twins were observed at room temperature [47].
Meanwhile, SFE relates to phase transformation, as the low ISFE favors the phase transformation
from the FCC phase to the HCP phase [112]. The overlap of SFs along {111} planes within
microbands leads the embryo of the HCP phase in the TRIP assisted HEAs. Meanwhile, the
interaction between the SF and the twin boundary leads the formation of HCP stacking along the
twin boundary which may provide sites for the growth of the HCP phase [109]. Figure 2.17
presents results obtained from the direct coupling of deformation and phase transformation from
FCC y to HCP ¢ observed at different strain levels in the Fes9sMn30Co10Cri0Cos alloy by
interrupted in-situ testing [105]. Upon tension, the density of SFs increases [Figure 2.17(b1)-(b3)]
and the HCP ¢ phase forms in the deformed structure [Figure 2.17(a3)] at 14% strain [105]. The
SFs form along {111} planes (black lines) and are accompanied by {111} slip traces (red lines)
[105]. Huang et al. [113] proposed that the SFE in FeCrCoNiMn HEA should be less than ~ 21
mJ/m? for the activation of the TWIP effect, while the TWIP-TRIP boundary somewhere close to

8 mJ/m?>.
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2.5.3 Tuning stacking fault energies

A great number of theoretical studies have been focused on the investigation of realizing
low SFEs in HEAs. Zaddach et al. [114] investigated the SFEs for a series of equiatomic and
nonequiatomic alloys ranging from pure Ni to CoCrFeMnNi based on the combination of ab initio
calculations of elastic moduli and experimental data, some of which show even better than
conventional low SFE alloy, revealing the tunability of SFEs through proper alloy composition.
And Bhattacharjee et al. [115] proposed that Suzuki mechanism doesn’t work in HEAs due to the
whole-solutes matrix and no segregation of solutes. The low SFEs value in HEAs originates from
the combined effect of the high energy level of the distorted matrix and the in situ decreased strain
energy by adjustment of solute atoms in the stacking faults. While Patriarca et al. [50] studied the
role of solute segregation effects, which emphasized the Suzuki mechanism, on the SFE by first-
principles calculations and claimed that the presence of Co atoms gathered near the stacking fault
reduced the SFE by almost 55% (from 38 mJ/m? to 17 mJ/m?), compared to the presence of Co
atoms away from stacking faults. Through employing first-principles calculations, Zhang et al.
[116] claimed that the negative SFEs of FCC CrNiCo and FeCrNiCo alloys came from the
thermodynamic metastablility of FCC stacking sequence and heavily influenced by the local
atomic environment. The negative values of stacking fault energies, predicted by simulations of
FCC HEAs, explain the twinning deformation mode in metastable alloy [116]. Rao et al. [55] and
Zeng et al. [117] also found the fluctuation of SFE depends on the local composition of alloys.
Figure 2.18(a) gives a picture of the variation of the stacking fault width along the dislocation line
[117]. The extended edge dislocation tends to remain in lower SFE regions with applied stress,
which means these zones serve as obstacles to hinder the dislocation motion and increase the
critical stress [117]. The relationship between critical stress increment, At the minimum applied
stress for extended dislocations glide, and the stacking fault region size for y =35.0mJ/
m2,84.7 mJ/m?,and 127.1 mJ /m? with o, = 12 mJ/m? is exhibited in Figure 2.18(b) [117].
The maximum region of Az, for each SFs region size indicates the strengthening has a maximum

when the particle size is closed to the stacking fault width inside the particles [117].
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2.6  Effect of short-range fluctuation
2.6.1 Short-range ordering

It should be pointed out multiple principle elements in HEAs have introduced short-range,
medium-range, and long-range stress fields. Wu et al. [118] illustrated that the short-range effects
contribute to this process for the alloy with very low activation volumes, due to the short-range
lattice distortion may lead to local fluctuations on the long-range lowing. Li et al. [119] have
proposed that lattice friction to dislocation motion has a significant relationship with short-range
ordering (SRO) in CoCrNi alloy. Ding et al. [120] also point out the SRO can be tuned through
proper design high-entropy alloy system and processing conditions, affecting the stacking-fault
energy. Zhang et al. [121] firstly observed the SRO in CoCrNi alloy using high resolution and
energy-filtered transmission electron microscopy and quantify the relationship between the degree
of SRO and mechanical properties in this alloy. Figure 2.19 shows energy-filtered diffraction
patterns and dark-field (DF) images in CoCoNi alloy after aging treatment at 1000 °C for 120
hours. The dark field imaging, in Figure 2.19(a), taken with the objective aperture positioned in
the center of the streaked region directly image the SRO domains [121]. It is known that the
formation of SRO has a significant impact on dislocation plasticity, where an increasing degree of
SRO tends to promote planar slip [47]. Instead of Shockley partial dissociation of perfect
dislocation cores leading to planar slip in FCC materials, the SRO is proposed to be the origin of
localized planar slip and dislocation pairs. Recently, Zhang et al. [121] observed SRO in CoCrNi
alloy using energy-filtered transmission electron microscopy, and reported the increasing degree
of SRO tends to increase the planarity of dislocation slip and promote the planar dislocation arrays.
Compared with a random distribution of dislocations in the water-quenched CoCrNi alloy without
SRO, a marked trend of localized planar configuration of dislocations was present in the 1,000 °C
aged CoCrNi alloy with SRO (Figure 2.20). Meanwhile, SRO is reported not only to affect the

plastic deformation but also the elastic performance due to the local bonding environment [121].
2.6.2 Concentration waves

Recently, Ding et al. [122] reported the element distributions in the CrFeCoNiPd alloy
exhibit strong inhomogeneous fluctuations with local aggregations in the form of concentration
waves. Due to the largest electronegativity of Pd, the introducing Pd promotes aggregations all

five elements, resulting in pronounced chemical inhomogeneities in this alloy, hence leading to
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the non-uniform distribution of lattice strain due to mismatch of atomic sizes. The concentration
waves are characterized as wavelength as small as 1-3 nm in the CrFeCoNiPd alloy, developing
through the competing action of lattice strains and concentration gradients on the system energy

[123]. The inhomogeneous element distribution has an importance effect on the microscopic

deformation mechanisms. Full dislocations %<1 10>{111} are dominated in the CrFeCoNiPd alloy
at room temperature deformation, in contrast with the combine of full dislocation §<1 10>{111}

and partial dislocation %<1 12>{111} in CoCrFeMnN:i alloy. In addition, pronounced concentration

fluctuations in the CrFeCoNiPd alloy lead to considerable pinning effect on dislocation motion
and modify the local value of stacking fault energy in the dislocation core, therefore, resulting in
frequent cross-slip in the pile-up owing to the high resistance to the motion of dislocations on the
primary slip plane. Hence, the formation of concentration waves and associated deformation
mechanisms introduce an excellent combination of strength, strain hardening, and ductility in the

CrFeCoNiPd alloy.
2.7  Summary and outlook

This chapter provides a rough picture of the deformation mechanisms in HEAs. The
dislocation motion in HEAs is quite similar to typical metals and alloys [47, 49]. However, the
nature of multicomponent in HEAs has introduced some unique features, i.e. the short-range
concentration fluctuation, leading to quite different characters [51, 53, 58]. The low stacking fault
energy (SFE) in these FCC structured HEAs results in the widely dissociated dislocations and
extensive dislocation reactions [54, 55], while the motion of screw dislocation is dominated in
plastic deformation in the BCC structured HEAs [57, 58]. Meanwhile, the activation of TRIP and
TWIP effect, concurrent with dislocation slip, depends not only on the loading process but also on
the microstructures, i.e. chemical composition, grain size, which overcome the strength-ductility
balance and introduce significant strain-hardening effect in the high-entropy alloy (HEA) [19, 47,
53, 64-66, 69-71, 73, 89, 102]. Alloy strategy focusing phase metastability instead of phase
stabilization and single phase in HEAs is significant importance in developing new alloys with
excellent strength-ductility combination. In addition, incorporating short-range fluctuation, e.g.
SRO and concentration waves, by tuning compositions can produce new deformation mechanisms
and mechanical properties in HEAs. Figure 2.21 shows the exceptional strength-ductility

combination of these TRIP/TWIP-TRIP-HEAs [102]. The materials exhibit excellent strength,

36


https://www.sciencedirect.com/topics/materials-science/screw-dislocation

dutility, and damage tolerance, characterized in terms of total elongation multiplied by ultimate
tensile strength, exceeding that of most metallic materials [102].

In order to design new HEAs with excellent mechanical properties, several efforts still need
to be done. First, compared with the extensive study TWIP effect on HEAs, the TRIP effect in
HEAs has not been systematically studied. And the investigation on mechanical twinning in HEAs
is focused on the Co-Cr-Fe-Mn system with FCC structure. Further systematic investigation in the
HEAs with BCC structure and other FCC alloy systems should carefully proceed. Second,
advanced characterization methods and modeling, e.g. in-situ neutron and synchrotron diffraction,
high-resolution transmission-electron microscopy (HRTEM), atomic-scale mapping of chemical
distribution and associated correlation analysis, density functional theory (DFT) and molecular-
dynamic (MD) calculations, are needed to reveal the deformation mechanisms of HEAs at the
micro- and atomic- level and optimize alloy design. Third, alloy strategy, making the utmost of
affecting factors associated with affecting the TRIP and TWIP effect in HEAs, including chemical
composition, grain size, and thermal process, should be well extensively investigated and

developed, which can shed light on the alloy design for future application.
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Table Captions

Table 2.1 High-entropy alloys reported with twining-mediated deformation.

Table 2.2 High-entropy alloys reported with phase-transformation assisted deformation.
Table 2.3 High-entropy alloys reported with both twinning and phase transformation.

Table 2.4 Stacking fault energy (SFE) of the high-entropy alloys obtained by various techniques.
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Figure Captions

Figure 2.1

Figure 2.2

Figure 2.3

Figure 2.4

Figure 2.5

Figure 2.6

Figure 2.7

TEM image of the deformed (CoCrNi)osAl3Ti3 medium-entropy alloy, indicating
planar slip of dislocations along with intersecting slip lines in two different {111}

planes [48].

Lomer-Cottrell (LC) junctions (e.g., the one marked by an arrow) formed on two

{111} slip plane intersections in the Alp1CoCrFeNi high-entropy alloy [49].

Schematics showing the changes in the arrangement of neighboring atoms caused
by an edge dislocation slip in the face-centered-cubic crystal lattices of (a) a dilute
solid solution and (b) a high-alloy system, respectively. Local Peierls potential
energy profiles around a dislocation segment are schematically illustrated for the
(c) dilute system and (d) high-alloy system [52]. Distributions of the average
potential energies in the (e) dilute system and (f) high-alloy system, which were
obtained by averaging the local potential energies shown in (c) and (d) along the

dislocation line [52].

Deformation micro-mechanisms in the hierarchical AICoCrFeNiz,; high-entropy

alloy with the increasing tensile strain [62].

TEM micrographs showing the evolution of twins with true tensile strain at 77 K
in the FeNiCoCrMn alloy [65]. (a) Both figures are bright-field images. (b-e)
Figures on the left are bright-field images while those on the right are dark-field
images. The dashed rectangles in the left column delineate areas that are magnified

in right column.

Bright-field TEM image showing the hierarchical twinning architecture in a grain
of the CrCoNi1 alloy [83]. A grain boundary (GB) is marked by the yellow line near

the top-left corner.

Twin-twin interactions in the FeCoCrNi alloy introduced by high-pressure torsion
(HPT) [84]. (a) HRTEM image showing three incident twins (T2, T3, and T4) in
the same direction interacting with one barrier twin (T1) and triggering the

formation of TS and T6 twins (twin boundaries highlighted by white lines). (b)
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Figure 2.8

Figure 2.9

Figure 2.10

Figure 2.11

Figure 2.12

Figure 2.13

Fourier filtered image of the framed part in (a), showing plenty of dislocations
(marked with white “T””) and an Lomer-Cottrell (LC) lock (indicated by five red
spots). [84]

EBSD phase maps of the dual-phase Co20Cr20Fe34Mn2oNis alloy deformed at room
temperature [90], reflecting the deformation-induced martensitic transformation as
a function of deformation. The local strain, ¢, of (a) 20%, (b) 40%, (c) 60% and
(d) 90% correspond to the early, medium and late uniform deformation and post-

necking stages, respectively.

In-situ SEM observation reveals the martensitic phase transformation process in the

Tao.sHfZrTi alloy during continuous loading [89].

XRD patterns and EBSD images of the as-cast TaxHfZrTi (x =1, 0.6, 0.5, and 0.4)
alloys [89]. The Ta concentration significantly influences the phase constitution of
this alloy system, rendering either single (bcc) or dual-phase (bcc + hep) structure
[89]. The decrease of the Ta content destabilizes the bcec matrix and promotes the

formation of the hcp phase.

Representative EBSD phase maps showing the microstructural evolution with the
increasing local strain, ¢;,., of the dual-phase FesoMn30Co10Cr1o alloy with different
fce grain sizes and initially available hep phase fractions: (ai-4) 4.5 um/32%; (bi-

4) 6 um/14% and (c1.4) 15 pm/31% [102].

The deformation in the FesoMn30Co10Crio alloy accommodated by phase
transformation and twining [19]. (a) EBSD phase maps revealing the deformation-
induced martensitic transformation as a function of deformation, with ¢, and TD
denoting the local strain and tensile direction, respectively. (b) ECCI analyses
showing the evolution of defect substructures in the fcc and hcp phases, where the
deformation-induced twinning is dominated in the hcp phase. g is the diffraction

vector, v 1s the fcc phase, and ¢ is the hcp phase.

Schematic sketch of microstructural evolution with straining in an interstitial high-

entropy alloys [105]. Black arrows point in the direction of increasing strain values.
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Figure 2.14

Figure 2.15

Figure 2.16

Figure 2.17

Figure 2.18

Figure 2.19

The dynamic evolution of the fcc phase fraction under tension in the TRIP-HEA
FesoMn3zoCo10Crio [104].

Schematic showing the thermomechanical processes for producing the bimodal and

trimodal microstructures in the Fe49 sMn30Co10Cr10Co s alloy [106].

Bright-field TEM images of dislocation structures and stacking faults (SFs) in the
precipitation-strengthened FeCoNiCrTio2 alloy after deformed to a true strain of
~2.5% (a), ~10% (b) and ~36% (c) at 77 K [88]. The inset in (c) is a SAED pattern
of the region in the red circle. (d) HRTEM image of the blue region in (c). (a) is
taken under the two-beam condition to see dislocations, and (c—d) are taken along

the zone axis of [011] to observe intersecting stacking faults.

Interrupted in-situ EBSD and ECCI observations of deformation and phase
transformation at varying strain levels in the interstitial Fe495sMn30Co10Cr10Co.s
high-entropy alloy [105]. (a) Overlay of phase map with image quality map. (b)
ECC images.

(a) Schockley partials revealed by theoretical calculations [117]. Left: the relaxed
dislocation configuration at zero stress. Right: the dislocation configuration at an
applied stress of 195 MPa. (b) The critical stress increment, Az, as a function of
the stacking fault region size d [117]. The stacking fault energies are chosen

randomly from uniform distributions.

Short-range ordering observed in the CoCrNi alloy [121]. (a) Energy-filtered
diffraction pattern taken from the sample aged at 1000 °C. The line plot shows the
periodic intensity of the “diffuse superlattice” streaks. (b) Energy-filtered dark-filed
image taken from the 1000 °C aged sample. (¢) Typical high-resolution TEM image
and the associated FFT image of the 1000 °C aged sample, where superlattices are
marked by the white circles and the associated streaking along the {111} direction

is marked by the white arrows in the FFT image.
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Figure 2.20

Figure 2.21

Dislocations in the water-quenched and 1,000 °C aged CoCrNi samples [121]. (a)
Two-beam bright-field image, showing the representative wavy configuration of
dislocations in the water-quenched sample. (b) Two-beam bright-field image,
showing the representative planar configuration of dislocations in the 1,000 °C aged

sample, with the leading dislocation pair indicated by the white arrow.

Strength-ductility profiles of various classes of metallic materials including high-

entropy alloys [102].
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3 Strengthening mechanisms

Like other polycrystalline metals and alloys, HEAs derives their basic strengths from the
intrinsic lattice resistance to dislocation motion (i.e., lattice friction), and additional strengths from
various incremental strengthening mechanisms. The yield strength (o)) of a HEA is then the
summation of the lattice friction stress (of,) and the contributions from all other strengthening
mechanisms, including solid solution strengthening (Agy), dislocation strengthening deduced
from pre-existing dislocations (Aogy;), grain boundary strengthening (Agy,), precipitation
strengthening (Ao,y,), twin boundary strengthening (Aoy,), and phase-transformation induced
strengthening (Ao, p, ). Thus, the overall yield strength of an alloy is written in an additive form as
follows

0y = Opr + Adgs + Aoy + Adyy, + Aopy: + Aoy, + Aoppe, (3.1)

Among these strength contributions, o, Adgs, Ady,;, and Agyy, are normally present in all
polycrystalline alloys, whereas Aay,., Aoy, and Aoy, can only arise in certain carefully tailored
alloys. Aagg can be further subdivided into substitutional solid solution strengthening, Ao, and
interstitial solid solution strengthening, Aggs. Aggss in HEAs is oftentimes smeared into o5, due
to indistinguishable solvents and solutes in certain alloys.

These strengthening mechanisms may not necessarily all exist in a single HEA. Depending
on the alloy design strategy adopted, a certain combination of strengthening mechanisms may
collectively contribute to the yield strength of a HEA in addition to the friction stress, of,.. For
instance, the strength of the (FeCoNiCr)osTi2Als HEA is a combined effect of o5, Adgs, Ady,,
Aayp, and Aoyy [124]. ofr, Ao, Ady;, Adgp, and Aoy, all contribute to the strength of the

nanocrystalline fcc AICoCrCuFeNi alloy [125]. In what follows, the lattice friction and each of

the major strengthening mechanisms that have been reported in HEAs will be discussed in detail.
3.1 Lattice resistance

A clear distinction between the solvent lattice and solute atoms exists in dilute alloys. Due
to the low concentration of solute atoms, the lattice resistance to dislocation motion in these alloys
is exclusively from the solvent lattice. Solute atoms, on the other hand, contribute to solid solution
strengthening by interacting with moving dislocations. The lattice resistance landscape, however,

becomes different when coming to concentrated HEAs due to the nonexistence of an unambiguous
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division between the solvent and solute atoms. In concentrated HEAs, all alloying elements are
intermixed and distribute randomly over all lattice sites. Because of element size mismatch, the
random distribution of these alloying elements naturally creates a significant lattice distortion —
one of the four “core effects” in HEAs [20]. It is expected that the lattice distortion increases with
the increasing number of constituent elements [24]. Thus, the lattice resistance in concentrated
HEAs originates from the distorted lattice, which essentially is the summation of the resistance
from the base lattice composed of a single element specie and the lattice distortion after
substituting the base element for other element species. Since the random distribution of
substitutional elements creates a nearly uniform lattice distortion across the full material domain,
the lattice resistance in concentrated HEAs can be viewed as the average resistance from all
constituent elements incorporating the “substitutional solid solution strengthening” [53].

It is, therefore, anticipated that the lattice resistance of a concentrated HEA is correlated
with the lattice distortion it encompasses. It is indeed justified that a linear relationship between
the lattice distortion (6") and the lattice friction stress (of,) or lattice distortion stress (Aoy,) exists
in a series of fce-structured and bee-structured equiatomic solid solution alloys [126, 127], as
illustrated by Aoy, /E versus 6" in Figure 3.1, where E is the Young’s modulus. Here, the lattice
distortion is characterized as

8" = (a— ao)/ay, (3.2)
where a is the lattice constant of the equiatomic alloys, a, is the lattice constant of the base pure
metal based on which the equiatomic alloys are constructed, i.e., Ni for the fcc alloys and Nb for
the bec alloys. The lattice distortion stress is calculated from

Aogy = Opr — Ofr, (3.3)
where o, is the friction stress of the equiatomic alloys, and o, ¢ is the friction stress of the base
pure metal, i.e., Ni for the fcc alloys and Nb for the bee alloys. o5, and o5, o are all calculated from

Oy = 0y — Adp; — Adgy, (3.4)
where o, is the yield strength of the alloy, Ag,; and Aogy, are the strength increments from
dislocation strengthening and grain boundary strengthening, respectively. o, may also be obtained
from the rule of mixtures of constituent elements [125, 128] or Hall-Petch analyses which will be

discussed shortly in Section 3.4.
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Overall, the linear relation for the bcc equiatomic alloys in Figure 3.1 exhibits a larger
slope than that in the fcc counterparts, indicating that the former possesses a greater lattice
distortion and lattice friction than the latter. As in many other alloys, the lattice friction in

concentrated HEAs may still be described by the Peierls-Nabarro stress given below [53, 126, 129]
-2
T = %exp( de), (3.5)

where G is the shear modulus, v is the Poisson’s ratio, wy is the dislocation core width, b is the

magnitude of the Burgors vector, and 5, is the friction shear stress. The friction normal stress is
then given as
ofr = Mty (3.6)
where M = 3.06 is the Taylor factor converting the shear stress to the normal stress.
From Equation (3.5), it is clear that the dislocation width is one of the major factors that

affect the lattice friction of alloys. The normalized dislocation widths of both the fcc and bee alloys

in Figure 3.1 are calculated reversely from Equations (3.5) and (3.6), i.e., =% = —In [ = ] )
b 2T U'fr(l_v)

and their values are graphed in Figure 3.2. For both the fcc and bcec alloys, it is seen that the
dislocation widths stabilize to an almost constant value after the number of principal elements

exceeds three, specifically, % = 0.95 + 0.03 for the bce alloys and % = 1.33 £+ 0.04. For either

fcc alloys or bee alloys, the smaller dislocation widths in the tertiary or higher-order equiatomic
alloys are indicative of higher lattice friction and more difficult dislocation glide in these alloys
than those in the corresponding pure metal or binary alloys. Comparing the fcc with bec alloys,
the normalized dislocation widths of the latter is overall below those of the former. This is a clear
indication that the lattice friction in the bcc alloys is greater than that in the fcc alloys, essentially
consistent with the trend shown in Figure 3.1.

The dislocation width is also suggested to be temperature-dependent. Its dependence on

temperature may be described by [53, 130]
Y _ Wdo oy (L) (3.7)

where wg o and by are, respectively, the dislocation width and magnitude of the Burgers vector at
0 K, T is the temperature, and T, is the melting temperature. The temperature dependence of the

dislocation widths in a series of fcc equiatomic solid-solution alloys was analyzed by Wu et al.

[53]
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3.2 Solid solution strengthening
3.2.1 Substitutional strengthening
3.2.1.1 Experimental evaluation

Without resorting to any predictive models, substitutional solid solution strengthening may
be evaluated by subtracting the strength of a substitutional alloy from its base alloy, after equating
or removing all other strengthening effects in both alloys [87, 88]. For example, after
approximately equating the Hall-Petch strengthening (by extrapolating to the identical grain size)
and dislocation strengthening, the strength difference between the (CoCrNi)e4Al3Tiz alloy at the
solid-solution state and the CoCrNi is the solid solution strengthening effect caused by the

substitutional Al and Ti solutes [87].
3.2.1.2 Fleischer model

The Fleischer model, one of the very first models on substitutional solid solution
strengthening in metallic alloys, built up on the assumption of low solute concentrations in alloys,
in which one solute specie is considered to be in isolation from other solutes [131, 132]. It
presumes strong pinning of isolated solute atoms to gliding dislocations as the source of solid
solution strengthening as illustrated in Figure 3.3(a), and is applicable to dilute solution alloys. As
HEAs fall into the category of concentrated solution alloys, the Fleischer model is not applicable
in principle. This assertion is flawless when referring to equiatomic HEAs. Nonetheless, with
approximate treatments certain non-equiatomic HEAs may be viewed as pseudo dilute alloys so
that the Fleischer model become pertinent. For instance, the FeCoNiCr as a whole can be treated
as the matrix in the (FeCoNiCr)o4Ti2Al4 [133] and FeCoNiCrTy [88] HEAs whereas other low-
concentration elements are thought of as solutes. Also, the HfIMoxNbTaTiZr HEAs may be viewed
as a pseudo binary alloy with HINbTaTiZr the matrix and Mo solutes [134].

The Fleischer model predicts the solid solution strengthening in dilute alloys as follow [88,

133, 135]

Mee; 1 (3.8)

Ao =
S5 700 '

where M = 3.06 is the Taylor factor, G is the shear modulus of the matrix, c¢ is the solute
concentration in the molar fraction, ¢ is the solvent-solute interaction parameter considering the

elastic modulus misfit, n,,., and atomic size misfit, n,, , defined as
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Nem
& = |Trosy — SNam|: (3.9)

. dG 1 da1 . . .
withn, = P andn,, = d—i;, where a is the lattice constant of the matrix.

The Fleischer model has been loaned from dilute alloys to predict solid solution
strengthening in certain non-equiatomic HEAs [88, 133, 135]. Nevertheless, the validity of the
Ao, ~ c'/? relation was challenged in some other HEAs such as the HfMoxNbTaTiZr [134],
MoxNbTiVZr [136], and AIxHfNbTaTiZr [137], where an approximately linear dependence of the

yield strength increase, Ao, on the solute concentration was suggested, as demonstrated in Figure

3.4 [134].
3.2.1.3 Labusch-type models

The Labusch model [138], a step forward to the Fleischer model, considers solute
strengthening in alloys with a medium concentration of solute atoms (0 — 20 at.% mostly [139]).
Due to the relatively high solute content, solute atoms no longer act isolatedly as pinning sites to
gliding dislocations as in the Fleischer model. Instead, a forest of solute atoms constantly interact
with and exert a friction effect on moving dislocations [131], causing a weak pinning effect as
illustrated in Figure 3.3(b) [118]. The Labusch model for binary alloys takes the following form

(3.10

)

where c is the solute concentration, and B is the hardening parameter depending on the alloy’s

Acgs = Bc?/3,

shear modulus, G, the mismatch parameter, €,,;5, and a constant, Z. B has a specific form of

43 (3.11
B =3ZGe,,., )
where e,,;; embodies the elastic misfit parameter, n’, and the atomic size misfit, n,, and is

expressed as

(3.12
)

where a,,,;5 1s a constant and was suggested to take 3 < a,,;s < 16 for screw dislocations and

€mis = (7],2 + arznisnczlm)l/z;

amis > 16 for edge dislocations [140]. o’ is calculated as

’ Nem

(3.13
y =

14+0.5[nem| )
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To extend the Labusch model from binary alloys to multicomponent alloys, Toda-
Caraballo et al. [131] adopted the following model proposed by Gypen and Deruyttere [141]
(3.14

)

where M is the total number of solutes in consideration. The application of the model in Equation

2/3
AGSSS = (Zﬁ\/l Bj3/2Cj)

’

(3.14) needs to construct a pseudo solvent, and then considers the additive strengthening effect of
each solute species. For instance, FeNbV can be considered as the pseudo solvent while Cr as the
solute in the (FeNbV)1xCrx HEAs [131]. Also, Ni may be considered as the solvent while Co and
Cr as the solutes in the NiCoCr HEA [118]. Obviously, in such an additive strengthening model,
the extensive solute-solute interaction in HEAs, as evidenced from the severe lattice distortion [2],
is not taken into account. The failure of incorporating the lattice distortion in this strengthening
model indeed caused large degrees of deviation of the predicted strengths from the experimental
values in certain HEAs [131].

The consideration of the solute-solute interaction in solid solution strengthening may still
start with the simplest case — binary alloys. In a highly concentrated binary alloys, the effect of the
solvent i on the solute j can be as large as the effect of the solute j on the solvent i. To account
for the interplay of the solvent and the solute in highly concentrated binary alloys, Toda-
Caraballo modified the Labusch model into the following, conveniently adopting a matrix form
[139]

(3.15
AO’;?S = ZBCiCj = (Ci, C])(O BBO )(Ci Cj ); )
where ¢; and ¢; are the solvent and solute concentrations, respectively.
Extending Equation (3.15) for binary alloys to highly concentrated multicomponent alloys
such as HEAs gives
(3.16

)

where n is the total elemental components contained in the alloy. In such a model, the solute-solute

AO-srgls = (C1: ---:Cn)(Bll Bln Bnl Bnn)(cl P Cp );

interaction (or lattice distortion) is embedded in the components of the matrix B. One can certainly
calculate each component in B using the full set of equations, i.e., Equations (3.11) and (3.12).

Nonetheless, given that a,,;s is normally taken a large value of 16 to accounts for a mixture of
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edge and screw dislocations, a2,;;m2,, is much greater than n'? in Equation (3.12). For this reason,
Equation (3.12) may be simplified to
(3.17
)

Here an extra constant ¢ is added to account for the difference in the activated slip systems in

€ = famislnamll

different crystal structures, taking 1 for fcc systems and 2 for bce systems [139]. Combing

Equations (3.11) and (3.17), the matrix B is written as [139]

B = (Bll + Byp i% Bpg o Bnn) =

YG(Q)g(O L e T P . RO (3.18
L I e |
dal*/3 1aa*/3
= s o),

. o . d .
where Y is a constant. Now the non-zero item in the matrix, —j-l, reflects the change of the unit cell
C:
l

parameter by substituting an atom of type j for an atom of type i, namely, the lattice distortion. ci]
is the new alloy composition after substituting an atom of type j for an atom of type i. For example,
cZ = (¢ = D€, €3 + NamC, -.., Cy) denotes the alloy composition after substituting an atom of

type 2 for an atom of type 1, with §c being an infinitesimal amount of concentration variation.

. d . . . . .
The calculations of both —? and a requires the use of the interatomic spacing matrix S = {si j}, as
Cc

detailed in [139].

The application of the model in Equation (3.16) to predicting the yield strengths of the
single crystals of some HEAs and their subsystems is given in Figure 3.5. The prediction for the
polycrystalline HEAs is given in Figure 3.6. In both cases, the predicted strengths align
satisfactorily with the measured ones [139]. The relatively large deviation of some alloys from the
diagonal line in Figure 3.6 is, in part, attributed to the Hall-Petch strengthening effect, which was

not subtracted from the experimental strengths.
3.2.1.4 First principles based models

Varvenne et al. [142] recently extended a solid solution strengthening model derived from
first principles for dilute random alloys [143-146] to concentrated random alloys with an effective

medium approximation, and applied it to predict the yield stress of single-phase HEAs [142, 146-
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150]. Considering a N-component random fcc HEA with a concentration c,, for the n*" element
GN_, ¢, =1), an effective medium with average properties (e.g., elastic and lattice constants)
of the true alloys is defined as the “matrix”, and each elemental atom in the alloy is viewed as a
“solute” embedded in it. This effective medium treatment is schematically illustrated in Figure
3.7(a) where an actual 3-component random HEA is given, and Figure 3.7(b) where the average
“matrix” is formed with an embedded “solute” A at position (x;,y;, Zx). Strengthening in an
effective alloy as in Figure 3.7(b) arises from the interaction energies between the solutes and
individual edge dislocations in the matrix, for example, U (x;, y;, z) for the interaction energy
between the “solute” A and a dissociated edge dislocation. Since solutes are randomly distributed
in the effective “matrix”, spatial fluctuations in the solute concentration inevitably arise, a direct
result of which is that dislocations are attracted to energetically favorable fluctuations but repelled
by energetically unfavorable fluctuations. As a result, the initially straight dislocation is forced
into a wavy configuration with a characteristic wavelength 2, and amplitude w, to minimize the
total energy of the entire alloy system. The wavy dislocation configuration is illustrated in Figure
3.8.

The full general model thus established is complex and has difficulty in measuring or
computing necessary input quantities such as full dislocation/solute interaction energies. To
facilitate its usages without sacrificing the predictive accuracy appreciably [147], the model was
reduced to an analytic form by only considering the elastic contribution to the solute/dislocation
interaction energy. The elastic interaction is due to the interplay of the pressure field of the
dislocation and the solute n misfit volume AV, at the given solute site, i.e., U;‘l(xi,yj,zk) =
—p(x;, yj)AV, (xi, Y Zk). In the reduced elasticity theory, two fundamental quantities, the zero-
temperature yield stress, 7,0, and the zero-stress energy barrier, AE},, are first computed. For
single-phase fcc HEAs, they are given as
(3.19

)
(3.20

)

where b is the magnitude of the Burgers vector of the N-component random alloy. agy = 0.123

JET) = 0051apa b6 (L2 /Sl V2L

4 1
AEI°(T) = 0.274a2,,b (”V) FLCWOIENY.,  caAV2TS,

is a dimensionless number. G(T) and v(T) are the temperature-dependent shear modulus and
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Poisson’s ratio, respectively, which may be obtained from measurements [ 142], empirical relations

[146], first-principle calculations [149], or a rule of mixtures base on the elemental elastic

constants Ey, Gp, and v, (ie, E=YN_;  CuEp, G =3N_; oG, andy =2 — 1) [148]. £/

and fA’;CC are numerical coefficients associated with the detailed dislocation core structures, and

their values are fo = 0.35 and f, /€€ = 5.7 for dislocation cores with stacking fault separations
greater than 10b [142, 146]. The elemental misfit volume can be acquired from first-principle
calculations [149] or using the Vegard’s law according to AV, =V, =V =V, = ¥N_, ¢,V =

3
2—" —¥YN_. c,V, where a, and V, are the lattice constant and volume of the solute n [142, 148].

Then, in the framework of the thermal activation theory, the yield stress at finite
temperatures and strain rates is given as

(3.21
)

2
2,(T, &) = 7,0(T) [1 _ (% In %o)ﬁl
where kg is the Boltzmann constant, and & is the reference strain rate.

The success of the elasticity theory in predicting the yield stress has been demonstrated in
the fcc Ni-Co-Fe-Cr-Mn alloys [142, 150], the fcc CoCrFeNiAlxand CoCrFeNiMnAlx HEAs with
dilute Al doping [with necessary modifications to the functional forms of Equations (3.19) and
(3.20)] [146], the fcc Pd-Pt-Rh-Ir-Au-Ag-Cu-Ni noble metal HEA systems [148, 149]. Examples
are illustrated in Figure 3.9 for the Fe-Ni-Co-Cr-Mn alloys [142].

The same framework was also extended to some single-phase bcc HEAs such as the
MoNbTaW and MoNbTaVW, where the strengthening of edge dislocations overwhelms that of
screw dislocations [147]. In single-phase bcc HEAs, the zero-temperature yield stress and the zero-
stress energy barrier are computed as

(3.22

)
(3.23

)
where £P¢¢ = 0.78 and f2¢¢ = 7.3. Comparing with Equations (3.19) and (3.20), it is seen that

B55T) = 0.05 a6 (22)' e W[ o2,

1
AEy(T) = 0.274a (m) faE WAIEN=1  cabZT5,

the bee model differs the fcc model only by the numerical coefficients and f; and f,r, which
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originates from the distinct atomic spacing along the edge dislocation and the slight difference in

analysis [142, 147].
3.2.2 Interstitial strengthening

Interstitial solid solutions form by squeezing small solute atoms into interstitial sites
between the solvent atoms. The invasion of the interstitial atoms deforms the alloy’s lattice,
leading to a local stress field that impedes dislocation motion to strengthen the alloy. Elements
commonly used for interstitial strengthening include carbon, boron, oxygen, nitrogen, hydrogen,
lithium, and sodium.

Cabon is the element most commonly used in HEAs for interstitial strengthening. Alloying
a low content of carbon into FeNiCoCrMn [70, 71, 151], Fe4soMnsoCo10Crio [69, 152],
Fe40.4Ni113Mn348Al75Crs [153], and FesoMn3oCo10Crio [102] HEAs can improve their strengths
while maintaining the original phase constitution, and increasing or decreasing ductility. The
increase in the strengths is scribed to the interstitial carbon atoms suppressing dislocation motion
and facilitating the formation of deformation twins [69-71]. An overdose of carbon can still
maintain the interstitial strengthening effect but will deteriorate ductility significantly, partly
because of the precipitation of carbides such as M7C3 and M23Cs at grain boundaries and/or in
grain interiors [69, 71, 154, 155].

Besides, boron, oxygen, and nitrogen have also been used for interstitial strengthening in
certain HEAs such as doping boron into the fcc Fe40.4Ni113Mn348Al7.5Cre [153], oxygen into the
bee ZrTiHfNbosTaos [156], and oxygen and nitrogen into the bee TiZrHfNb HEA [157].

Like substitutional solid solution strengthening, interstitial solid solution strengthening
also arises from the local stress fields caused by the atomic size mismatch between interstitial
solutes and the solvent. Nonetheless, interstitial solutes normally cause a tetragonal distortion to
the lattice, producing a shear field that strongly interacts with edge, screw, and mixed dislocations
[158]. The strengthening effect induced from such a shear stress field in interstitial solid solutions
is generally stronger than that from a spherically symmetric stress field without shear stress
components in substitutional solid solutions [158]. Fleischer estimated the yield strength increase

by interstitial strengthening as [155, 157-159]

MGAgcl/? (3.24
Aogiss = 3 s )
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where M = 3.06 is the Taylor factor, G is the shear modulus, ¢ is the concentration of the
interstitial solute, Ae is the difference between the longitudinal and transverse trains of the

tetragonal distortion source.
3.3 Dislocation strengthening

All crystalline metals contain pre-existing dislocations to a varying extent, and their
movements carry the plastic flow. When in motion, dislocations from various slip planes interact
with each other in different fashions. As a result, one group of dislocations oftentimes is the
obstacle or pinning points of another group. The mutual hindrance of dislocations to their motion
essentially requires a higher applied stress to keep the plastic flow continue compared to an ideal
crystal without dislocations or a well annealed material with a very low density of dislocations.
This dislocation interaction mechanism essentially constitutes the core of dislocation
strengthening. The larger the amount of dislocations in a material, the higher the strength increase
from the dislocation strengthening.

The dislocation strengthening is commonly described by the Taylor hardening model [125,
133, 135] as follows

2 (3.25

Ao, = MAt,; = MarGbp;,, )

where M = 3.06 is the Taylor factor, G is the shear modulus, b is the magnitude of the Burgers
vector, and p ;. is the dislocation density. To use Equation (3.25) to assess the strengthening effect
from dislocation interactions, the values of all parameters need to be determined.

With known Young’s modulus, E, and Poisson’s ratio, v, G can be calculated from G =

E/2(1 + v) if the material under examination is elastically isotropic. For fcc and bec lattices, b is

calculated as ||b| = (Z—l,/hz + KA+ 1P , Where b = %(hkl) is the Burgers vector, with a being the

lattice constant, and h, k, [ being the components of the slip direction. If more than one phases
coexist in an alloy, an average lattice constant may be used for calculating b [125].
The value of a; may be determined in different ways. Frequently, a7 is approximated as

0.2[133,135] or 1 [125]. For those alloys that only have strain hardening in presence during plastic
deformation, a; can be determined by carrying out a linear fitting to the % — b,ocll{s2 data pairs,

where Aoy, can be treated as the difference between the ultimate tensile strength and the yield
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strength. With this method, a in the fcc CrMnFeCoNi HEA was determined to be 0.4+0.1 [65],
as demonstrated in Figure 3.10(a).

One of the most widely used methods for determining the dislocation density, p ., use the

following relation [125, 133, 160, 161]

s (3.26
Pais = db '’ )

where d is the average crystallite size (i.e., grain size), and ¢, is the micro strain (or lattice strain)
present in materials. The average grain size, d, can be determined with any feasible methods (e.g.,
[125]). eyy may be determined with the Stokes-Wilson method [125, 162]. A more commonly used
technique to simultaneously determine d and ¢y, is the Williamson-Hall method [163, 164]. The
method is based on the theory that the line broadening of X-ray diffraction peaks, g, is a
superposition of three distinct broadening effects, i.e., the instrument broadening, g,,, the crystallite
broadening, 8., and the strain broadening, 8. One of their relations assumes a linear summation

and is expressed as

(3.27
B = Bc + Bs + Bo, )
(3.28
Awv
BG = I(;COS@'
)
- (3.29
BS = :;né)' )

where K is a constant and usually approximated to be 0.9, 4y, is the wavelength and equals
0.15405 nm for the Cu Ka radiation [133], and 6 is the Bragg angle of diffraction peaks,. The line
broadening of diffraction peaks is usually quantified as the full width at half maximum intensity
of the peak (FWHM).

Deducting the instrument broadening, B, from Equation (3.27), substituting Equations

(3.28) and (3.29) into Equation (3.27) and performing a rearrangement, one can reach

Ky _ (3.30
pcosO = =7 " 4sin@ - gy, |

After extracting the values of 6 and g of a couple of diffraction peaks, Equation (3.30) can be used

for a linear regression of Bcos8 against 4sinf, through which ¢, is exactly the slope and d can be
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calculated from the intercept. The dislocation densities in the (FeCoNiCr)osTi2Als HEAs processed
by two different routes were determined with this approach [133]. As shown in Figure 3.10(b),
the alloy by the Process 1 (P1) treatment (i.e., initial cold rolling of 30% — annealing at 1273 K
for 2 h - aging at 1073 K for 18 h - water quenching) results in )" = 0 and p57. = 0, primarily
because the alloy is well annealed to achieve a minimization of dislocations [133]. On the other
hand, the same alloy by the Process 2 (P2) treatment (i.e., initial cold rolling of 70% - aging at
923 K for 4 h > water quenching) has ef# = 0.102 and p/% = 5.02 X 10**m? because of the large

density of dislocations induced by the heavy cold rolling [133].
In some other materials, the following quadratic relationship among different line
broadening sources is used [165],

(3.31

B* = P&+ BS + B3, )
If using Equation (3.31), a nonlinear regression is required to determine d and ¢,.
The dislocation density may also be determined from the TEM images of samples using
the Ham’s method [65, 166]. In this method, a set of grid lines with a total length L is marked on
a given area of the TEM image, and the number of intersections that dislocations with the grid

lines is measured as N. Then, the dislocation density is estimated as

(3.32
)

where t is the thickness of the TEM foil. This method was used to measure the dislocation density

of the fcc CrMnFeCoNi HEA [65].

Puis = 2N/Lt,

Some authors claimed to use the Kubin and Mortensen method to retrieve the density of
the geometrically necessary dislocations (GND) for p [106, 135, 167-170], i.e.,
(3.33

)

where 6,,;s i1s the misorientation angle that can be determined from the kernel average

— 20mis
Pais =  ’

misorientation (KAM) plots [106, 135, 171, 172], [ is the unit length and is taken as 107> m in
some case [106]. With this method, p,;; in the interstitial FesosMn3oCo10Cri0Cos HEA and

Alj0sCra1.1Fe21.1C021.1Ni21.1M025C2.s HEA were estimated to be 1x 10**m=2 [106] and
5.42x 10"*m=2 [135], respectively.
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The strength increments resulted from the dislocation strengthening (i.e., Agy,;) as well as
the values of the parameters (i.e., ar, G, b, and p; ) used for evaluating Ao,; for a number of

HEAs are compiled in Table 3.1. Alongside shown is the information on the alloy processing

condition, phase constitution, and associated references.
3.4 Grain-boundary strengthening

As in other polycrystalline metals, the grain boundary strengthening in HEAs arises from
the impediment of grain boundaries to dislocation motion, which is further attributed to two
microstructural reasons, i.e., the necessity of changing the moving direction for dislocations at
grain boundaries due to the differing orientation of grains, and the discontinuity of the slip plane
from one grain to another [173]. The grain boundary strengthening effect in a material does not
remain constant but depends on the average grain size. Prior to reaching a critically small size
below which the inverse Hall-Petch relation sets in, grain refinement can result in the increase in
the yield strength of materials. This is because the stress required to move a dislocation from one
grain to another depends on the grain size. When the grain size is large, each grain contains a large
number of dislocations, a direct result of which is that many dislocations successively pile up at
grain boundaries [173]. Since a dislocation induces a repulsive stress field, each successive
dislocation will add an extra repulsive force to the dislocations piled up at the grain boundary. The
repulsive forces from all pile-up dislocations collectively reduce the energetic barrier for them to
move across the grain boundary [173]. Therefore, only a small applied force is needed to move the
dislocation across the grain boundary. In this case, the grain boundary strengthening is weak. In
contrast, fewer dislocations are contained in small grains and piles up at the grain boundary. As a
consequence, the magnitude of repulsive forces available to reduce the energetic barrier of the
grain boundary is diminished, and the amount of the applied stress to move a dislocation across
the grain boundary increases [173].

The increase of the yield strength with the decreasing grain size, Agg,, can be described by
the Hall-Petch strengthening

(3.34

)

where kg the Hall-Petch strengthening coefficient and d is the average grain diameter. To evaluate

AO'gb = ksd—l/Z'

the grain boundary strengthening effect, the value of kg must be known.
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To a first approximate, the kg value may be estimated using the rule of mixture of alloy
constituents [128]. Besides, using the ks value of a compositionally close alloy for approximation
(e.g., the kg value of the Fes0.4Nii13Mn348Al75Crs for the AliosCr21.1Fe21.1C021.1N121.1M025C2 5) 1S
also an alternative [135].

Nevertheless, a rigorous method for evaluating kg involves a curve fitting procedure using
the full Hall-Petch relation, i.e.,

(3.35

)

where o), is the overall yield strength; o, is the friction stress considering the contributions from

O'y = 0 + ksd_l/z,

the lattice resistance to dislocation motion and solid solution strengthening, and may be viewed
approximately as the yield stress of a very coarse-grained polycrystal.
The values of o, and kg can be rigorously obtained by fitting Equation (3.35) to the

experimental data of the yield strength, o, as a function of d-1/2

. Different grain size — yield
strength data points are acquirable by varying the control on materials preparation or processing
(e.g., heat treatments). For the accurate determination of both ¢ and kg using Equation (3.35), the
grain size in different samples should be the only variable. The presence of some other
strengthening mechanisms, such as precipitation strengthening, and the TWIP and TRIP effects,
may invalidate this premise as they are hard to be made identical in different samples.

The grain boundary strengthening of HEAs and their subsets was investigated by utilizing
Equation (3.35). The values of o, and ks obtained for various HEAs and their subsets are tabulated
in Table 3.2 along with other associated information. What is worth noting is that the same alloy
(e.g., CoCrFeMnNi, HfNbTaZrTi, and CoCrFeNi) investigated in different works manifest
slightly different oy and kg values. The first source of the discrepancy might be from the difference
in the alloy treatments, as found in Table 3.2. Additionally, the range of grain size and availability
of the data points used for curve fitting may affect the quality of the fitting. For example, when the
grain size goes beyond a certain threshold value, extra-hardening could add in some alloys to make

the o, — d~'/2 data deviate from the linearity. In this scenario, the selection of the data range for

curve fitting is critical to obtain reliable oy and kg values. This situation is demonstrated by the
CoCrNi MEA and the Ni-40Co alloy in Figure 3.11, in which the curve fitting (solid lines) was
conducted by excluding the data in the extra-hardening region (dashed lines) [174].
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oo and kg of the HEAs and their subsets with a single fcc or bee phase in Table 3.2 are
plotted in Figure 3.12. Alongside plotted are the fcc pure metals Ni, Al, and Cu as well as bee pure
metals Cr, Fe, Nb, Ta, Mo, V, and W for comparison [175]. Comparing the HEAs with the pure
metals of the same phase, i.e., fcc HEAs versus fcc pure metals and bcc HEAs versus bee pure
metals, it is seen that the HEAs possess both higher oy and kg values than their pure metal
counterparts. The higher oy value in HEAs is originated from their enhanced solid solution
strengthening compared to pure metals, attained by the severe size and modulus mismatch of
different atomic species [45, 174, 176]. The higher kg value in the HEAs is an implication of harder
slip transfer between grains and more significant grain boundary strengthening, which is caused
by the fact that dislocation lines twisted by the severe lattice distortion in HEAs slip more
difficultly than the straight ones in pure metals [177]. Comparing the bcc HEAs with fcc HEAs, it
is clear that the o, and kg values in the bcc HEAs are generally greater than those in the fcc HEAs,
a trend consistent with bce pure metals against fcc pure metals in Figure 3.12 and in the literature
[175, 178, 179]. It was inferred that the higher kg in bce metals is because the greater resolved
shear stress is required in bcc metals than in fcc metals to transmit plastic flow across grain
boundaries, also because higher activation energies are required for the nucleation of full
dislocations in bee metals than for nucleating partial dislocations in fcc metals [179].

It was suggested that in HEAs the kg value was primarily affected by the stacking fault
energy (SFE) and shear modulus of alloys [180], analogous to the correlation in other alloy systems
[53, 179, 180]. As pointed out by Fischmeister and Karlsson [181], the kg value decreases with
the increase in SFE because a high SFE promotes the formation of cell structures, whose
boundaries can limit the slip lengths of dislocations [53, 181, 182]. Meanwhile, an alloy with a
large shear modulus usually requires a greater shear stress to glide dislocations through the lattice
and across grain boundaries, thereby leading to a high ks value [180].

In the end, the values of the Hall-Peth coefficient for the hardness data, kj, along with

other relevant information for a number of HEAs are also compiled in Table 3.3 for reference.
3.5 Precipitation strengthening

Precipitation strengthening makes use of the declining second-phase solubility in the
matrix alloy with decreasing temperature to strength an alloy. Specifically, a two-step heat

treatment process is indispensable, that is, the alloy needs to be first solution treated at an elevated

58



temperature, followed by aging at a lower temperature to precipitate out second-phase particles.
The strengthening effect of precipitates essentially stems from their blockages to dislocation
motion. The way that precipitates interact with and thus retard moving dislocations determines
how a material is strengthened. Depending on the size and the lattice coherency with the matrix
material, precipitates may impede dislocation motions in two broadly distinct ways. For
precipitates that are small in size and coherent with the matrix, they resist dislocation motions by
forcing dislocations to cut through them [183]. This process is normally referred to as the particle
shearing mechanism, and may be affected by the coherency strain, stacking-fault energy, ordered
structure, modulus effect, interfacial energy and morphology, and lattice friction stress [183]. As
precipitation particles grow, they gradually become incoherent with the matrix to make the
shearing mechanism infeasible. In this case, another particle-dislocation interaction mechanism
called Orowan by-pass mechanism sets in, through which a dislocation loop is left around each
particle following the bowing and passing of the dislocation line between the two adjacent
particles, which exerts a back stress to strength the material [183].

Many attempts of using precipitation hardening as a means to enhance the strengths of
HEAs have also been made. Examples include the fcc Alo.3CoCrFeNiCo 1 [184], fcc CoCrFeNiMox
(x=0, 0.1, and 0.2) [185], fcc Alo3CoCrFeNi [186, 187], fcc CrisFe20CossNi2oMoio [188], fcc
FeCoNiCr [31, 133, 189], bcc Alo.sCrNbTi2Vo.5[190], fcctbee AlosCrFersMnNios [191], fectbec
AlpsCoCrFeNi [192], fcctbee CuCroFeoNiMn [193], eutectic CoCrFeNiNboas [194], duplex
AlosCrooFeNi2sVoo [195], duplex (FeNi)e7CrisMnioAlsxTix(x=3, 4, and 5) [196], and triplex
CoCrFeNiMoo.ss [197]. Among these trials, prevailing applications of precipitation hardening is
found in fcc HEAs in consideration of their low strengths.

One of the most widely investigated precipitation-hardened HEA is the
(FeCoNiCr)o4Ti2Al4, which results in a fcc FeCoNiCr matrix with nanosized, coherent L1,-Ni3(Ti,
Al) precipitates upon aging and water quenching [133]. The nano-size and coherency with the
matrix of the precipitates in this alloy makes the shearing mechanism prevail over the Orowan by-
pass mechanism. Prior to dislocations shearing through the particles, the particle-matrix coherency
and modulus mismatch are the mechanisms to rule, causing the respective strength increment of
[133, 198]

(3.36

)

_ 20 rfp \Y/?
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and

(3.37
)

where M = 3.06 is the Taylor factor; a, = 2.6 for a fcc structure; G is the shear modulus of the

Adys = 0.0055MAG? (Z’CTP)U2 (i)%m_l,

. Aa\ . . . . . . .
matrix; e, = g(;a) is the constrained lattice parameter mismatch with Aa being the lattice

parameter difference between the precipitates and the matrix and a being the lattice parameter of
the matrix; r is the average particle radius; fp is the volume fraction of the precipitates; b is the
magnitude of the Burgers vector; AG is the shear modulus mismatch between the precipitates and
the matrix; m is a constant taken to be 0.85 [133].

In the process of dislocations cutting through particles, the strength increment is primarily
dictated by atomic ordering, given by [133, 198]
(3nfp)1/2 (3.38
8 ' )

where y , 5 is the anti-phase boundary energy of the precipitates.

Ag,s = M0.81 y;";B

For the simplest scenario in which a single type of particle morphology is identified, for
example, the (FeCoNiCr)osTi2Als HEA by the Process 2 (P2) treatment in Ref. [133] (i.e., initial
cold rolling of 70% — aging at 923 K for 4 h - water quenching), the strength gained from the
shearing mechanism is simply the largest between Acg.s + Ag,,s and Ao,s, two sequential
strengthening processes. The strength gains from each individual mechanism are calculated
according to Equations (3.36) — (3.38). The values of Ao,g, Aoy, and Ag,,, together with the
ultimate strengthening from the shearing mechanism, Aoy, are compiled in Table 3.4.

A little more complicated scenario is that the heat treated alloy contains more than one type
of particle morphology, for example, the (FeCoNiCr)osTi2Als HEA by the Process 1 (P1) treatment
in Ref. [133] (i.e., initial cold rolling of 30% — annealing at 1273 K for 2 h - aging at 1073 K for
18 h - water quenching) was identified with two regions of distinct particle morphologies. In this
case, owing to the difference in the particle size, spacing, and distribution, the strength gained from
each micro-process in each individual region of an alike particle morphology needs to be computed
separately. Then, the overall strengthening can be derived from a simple composite model [133]

(3.39
)

_ I 1
Aoypr = f,Aappt + f,,Aaptp,
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where Aa,’, and Aa,’,’ are the precipitation strengthening resulting from the type I and II particle

morphologies, f; and f;; are the volume fractions of the regions containing the type I and II
particles, respectively. Ao, Ay, Ad,s for each particle morphology in the Pl-treated alloy in
Ref. [133], as well as the resulting Agy ¢, Agy,, and Aoy, are calculated this way and complied
in Table 3.4 as well.

Some other compositions, for example, (FeCoNiCr)osTilAu, (FeCoNiCr)oiTizAls, and
(FeCoNiCr)ssTizAly, may precipitate larger L21-(Ni, Co)>TiAl Heusler particles (radius from 150
to 350 nm) in addition to the nano-sized, coherent (radius from 4 to 20 nm) LI12-Ni3(Ti, Al)
particles [189]. For the nano-sized, coherent L1>-Ni3(Ti, Al) particles, the shearing mechanism
remains dominant. However, for the larger L2;-(Ni, Co)>TiAl Heusler particles, the occurrence of
Orowan bowing also becomes likely. As it is changeling to precisely identify a critical particle size
delimiting the shearing mechanism and the Orowan bowing, a workaround is to estimate the
contributions from both mechanisms and pick the greatest one as the final precipitation hardening
contribution [189]. The strength gain from the shearing mechanism, Aoy, is likewise computed
as the greatest between Ao + Agy,,s and Aog,s from Equations (3.36) — (3.38), while the

contribution from the Orowan bowing is calculated from [189, 199, 200]

) m(%) (3.40

Adyr = 0.4MGh ——=—1", :

where v is the Poisson’s ratio, r = /2/3 - r is the mean particle radius on the slip planes with r

being the average radius of particles, 1p = 2[( /% - 1) is the mean inter-particle spacing with

P
fp the volume fraction of precipitates. Aoy, for the fine L1,-Ni3(Ti, Al) particles and Ag,, for the
coarse L.21-(Ni, Co)>TiAl Heusler particles are calculated respectively for three compositions and
given in Table 3.4 [189]. For each alloy composition, the greatest between Adgg, and Ao, is
considered to be the ultimate precipitating strengthening result [189].

As precipitates grow with the prolonged aging time, the resultant strengthening effect
varies. Figure 3.13(a) displays the nanoindentation hardness variation of the precipitation-
hardened (FeCoNiCr)osTi2Als HEA with the aging time at three different aging temperatures [31].
It is seen that a peak hardness, preceded by the ascending hardness and followed by a decrease in
hardness due to overaging, features all temperatures. It is of interest to mechanistically capture this

increasing-decreasing strengthening trend. To begin, the focus is restricted to the particle-shearing
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mechanism, in consideration of the nano-sized, coherent precipitates in the alloy. As outlined early,
the shearing mechanism involves the strengthening from the particle-matrix coherency and
modulus mismatch (Ao, + Aog,,s) taking place prior to particle shearing as well as the order
strengthening (Ao,s) activated during shearing. Based on the previous calculations, it will not
cause appreciable errors to approximate the order strengthening as the sole contribution to the
shearing mechanism. Nevertheless, the order strengthening mechanism described in Equation
(3.38) lacks a precipitate size term to catch the increasing-decreasing strengthening trend in Figure
3.13(a). As a consequence, piece-wise, improved order strengthening models have to be employed.
Specifically, as dislocation pairs cut through small precipitates, they tend to be weakly coupled
and the resulting stress increment is given by [31, 201]

(3.41
)

Y arfpyars)/?
oty = Mgz () - g |

2
where I' = % is the estimated dislocation tension [202]. Equation (3.41) essentially describes a

Ac,s o 11/?

relation. On the other hand, when precipitates grows beyond a threshold size, the
coupling of dislocation pairs becomes strong and the resulting stress increment turns to be a
Ao, « r~1/2 type relation, as detailed by [31, 203]

(3.42
)

where wgp 1s a constant describing the elastic repulsion between the strongly coupled dislocation

0.18GbWERfI}/2 (ZHTYAPB 1)1/2
r WERGD? ’

AcSs =M

pairs, and can be approximated as 1 [31]. After converting the normal stress to the hardness with
AH = 3Acg, Equations (3.41) and (3.42) can nicely capture the increasing-decreasing hardness
increment with the changing precipitate size in Figure 3.13(b), a trend analogous to that in Figure
3.13(a). From Figure 3.13(b), a critical precipitate radius that marks the transition of the shearing
mechanism from weakly coupled dislocation pairs to strongly coupled dislocation pairs is

identified to be about 11-12.5 nm [31].
3.6 Twin-boundary strengthening

It is recognized that the appearance of deformation twins can increase both the strength
and strain hardening of alloys, which is attributable to the blockage of twin boundaries to
dislocation motion [204-208]. More specifically, twins generated during deformation gradually

introduces new interfaces to reduce the dislocation mean free path and thus contribute to
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strengthening [206-208]. The increased strain hardening, on the other hand, is caused by the
impediment of dislocation glide by deformation twins containing a high density of sessile
dislocations [65, 209-212].

The enhancement of the strength and strain hardening by nano-twins is also reported in
multiple HEA systems, for example, the fcc CrMnFeCoNi [18] and AICoCrCuFeNi with fcc and
B2 phases [125]. In the interstitial TRIP-TWIP HEA, Fe49 sMn30Co10Cr10Co.s with a fcc phase and
a hcp martensite, the strengthening from twin boundaries makes a primary contribution to the
improvement of the yield strength of the tempered and some annealed alloys, even greater than the
contribution from the grain refinement in some cases [106]. When containing a high density of
stacking faults, these nano-twins can further reinforce the strengthening effect, as revealed in the
fcc CoCrFeMnNi HEA [213].

As the strengthening effect of twins is primarily from the blockage of twin boundaries to
dislocation motion, it is not difficult to envision that the twin boundary strengthening in the first
place depends on the twin spacing. Thus, the strengthening effect from twins is usually described
by a Hall-Petch-type equation [106, 205, 214-216], given as

(3.43

)

where f; is the volume fraction of the grains with twins, k;;, is the twin boundary strengthening

-1/2
Aoy = frkepd, / P

coefficient, 1, is the average twin spacing (i.e., the average twin thickness). Equation (3.43) is
often referred to as the dynamic Hall-Petch relation [208, 213, 217].

To evaluate the strength gain from twins, the values of Vf, k7, and 1 are necessary to
know. f; and 1; may be retrieved from the statistical analysis of a series of micrographs (e.g., SEM
or TEM images) containing twins [77, 214]. The more micrographs used for the statistical analysis,
the more accurate the obtained f; and 4, values. It is worth noting that the analysis of two-
dimensional micrographs can only give the area fraction of the grains with twins, which may be
assumed to be f; to a first approximation [ 125, 214] or can be converted to f; by certain geometric
relationships (e.g., [218]). When a statistical analysis of twins is inconvenient because of, for
example, the limited availability in micrographs or the amount of twins is small, f; and 1, may be
crudely taken as the average of the a few discrete measurements [125]. A reliable way of

determining the k;;, value is to conduct a linear curve fitting of
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(3.44
)

to the measured oy, — /1;1/ ? data pairs, from which the slope is literally k.. The intercept, o,

O'y =] 0'1 +ftktb}{;1/zl

represents strength contributions from all mechanisms other than twins. To obtain a series of o, —

-1/2
At

data pairs, the alloy preparation or processing route needs to be parametrically controlled to
introduce samples with varying twin densities or spacing [205]. An example of using the curve
fitting method to obtain the k., value is illustrated in an interstitial carbon doped HEAs (i.e.,
FesoMn30Co10Cr10Co 5, at.%, with a fcc phase and a hcp martensite) in Figure 3.14 [106]. In this
case, HEAs with varied twin spacing, A;, are acquired by varying the annealing temperature and

time, as representatively given in Figure 3.14(a) — (c) [106]. By plotting the yield strength, o,,, of

these alloys against the twin spacing quantity, A, 1/ 2 inF igure 3.14(d) and carrying out a linear
fitting with Equation (3.44), k;, is determined to be 195 MPa-um®° [106].

When the curve fitting approach is difficult or impractical to use for obtaining the k;,
value, approximate methods may be utilized. One of the methods is to approximate k;;, with the
classical Hall-Petch coefficient, kg, in the nanocrystalline regime, considering that the grain size
in this regime is comparable to the size of nano-twins (i.e., both on the nanoscale). This method
was used in evaluating the twin boundary strengthening in the AlCoCrCuFeNi and
CozsNiasFezsAlrsCui7s HEAs [125, 214].

The values of kyy, f;, and 2, determined from both the curve fitting method and the
approximate method in different HEAs, along with the estimated strength increase from the twin

boundary strengthening, Aoy, , and other relevant information, are given in Table 3.5.
3.7 Phase-transformation strengthening

The concept of the transformation-induced plasticity (TRIP) found in certain high strength
steels [219-221] have been loaned to HEAs to improve both their strengths and ductility [19, 90,
98, 222, 223]. The TRIP effect in HEAs is induced by reducing the thermal and/or mechanical
stability of the parent phase, i.e., making the parent phase metastable [19, 222, 224]. The
metastable nature of the parent phase will enable it to partially transform into a martensitic phase
upon the action of thermal processing [19] or more commonly mechanical loading [19, 98, 222].
An alloy may be made metastable by cautiously tuning its stacking fault energy (SFE) [90],

practically through modifying the chemical composition or changing the deformation temperature
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[105]. An example of devising the parent-phase metastability through tuning SFEs is found in the
dual phase Co20Cr20Fe3sMn2oNis HEA exhibiting a fcc —» hep transformation [90]. The parent fcc
phase in the FegoxMnxCo10Crio and the FesxMn2gCo10Cri5Sis HEAs was made metastable through,
respectively, reducing the Mn content [19] and adding Si [101].

The HEAs and MEAs in which the TRIP effect have been observed are summarized in
Table 2.2. In general, two types of mechanically induced phase transformations have been reported
in HEAs and MEAs. One type commonly seen is the fcc - hpc transformation, as seen, for
example, in the FesoMn3oCo1oCrio [19, 98] and Co20Cr20Fe3aMn2oNis HEAs [90]. Another type is
the fcc —» bec transformation, as reported in the FesoCo15NiisCrio MEA at cryogenic temperatures
[222]. The initial phase constitution of a metastable HEA could be either a single parent phase
(e.g., fcc in the FesoCo15Ni15Crio MEA [222]) or dual phases with one being the parent phase and
another being the martensitic phase (e.g., the fcc parent phase and hcp martensite in the
FesoMn30Co10Crio HEA [19, 98]).

In the sequential operation of the deformation-induced martensitic phase transformation,
the improved strengths in TRIP HEAs is primarily attributed to the dynamically changing volume
fraction of each phase during deformation, whereas the ductility enhancement is mainly caused by
the boosted strain hardening [19, 90, 98] which sometimes exhibits multi-stage characteristics
[101, 222]. The strengthening effect from the TRIP effect may be expressed as the combined
strengths of two phases, i.e.,

(3.45
)

where 0,4y, and o4, are the strengths of the parent and martensitic phases, respectively. f,q, and

Ao-pht = Opar X fpar + Omar X fmarr

fmar are the volume fraction of the parent phase and the martensitic phase, respectively. Equation
(3.45) may be used for calculating the strengths of metastable alloys at any applied strains as along
as the volume fraction and strength of each phase can be satisfactorily quantified. Note that oy,
and o,,,4, are the strengths manifested in the two phases after considering all other strengthening
mechanism, e.g., solid solution strengthening, dislocation strengthening, and grain boundary
strengthening.

The strength of each phase, 0,4, 0T 014y, may be determined by conducting measurements
on the alloy with a single parent or martensitic phase. Their volume fractions, f,qr and fp4,, can

be determined from X-ray, neutron diffractions [89, 98, 222], and EBSD phase maps [19, 90]. As
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fpar and fiq,r keep on changing with the increasing applied strain (or stress), they need to be
quantified at different strain levels, as demonstrated in Figure 3.15. For the convenience of using
Equation (3.45), a better treatment is to represent the evolution of the volume fraction of the
martensite with the strain as a function in the form of f;,,4, = f(€). Then, frqr = 1 — fipqr- One
may carry out nonlinear regressions to the f,,,, — € data similar to Figure 3.15 to obtain such a
function. In the cases where the nucleation and growth of the martensitic phase is promoted by
deformation-induced shear bands at their interactions [222], the volumetric evolution of the
martensitic phase is expressed as [222, 225, 226]
(3.46

)
(3.47

)

where f;;, is the volume fraction of shear bands in the parent phase; ¢ is the strain quantity; agp is

fmar =1 —exp(=Bufsp),

fsp = 1 = exp(asge),

a parameter depending on strain rates and represents the formation rate of shear bands [226]. g,,

is the probability of the martensite nucleating at shear-band interactions, and it strongly depends
on the SFE which may be estimated from the alloy thermodynamics [227]. The exponent n
standards for the probability of shear-band interactions and was suggested to be 4.5 by Olson and

Cohen [226].
3.8 Summary and outlook

In terms of strengthening mechanisms, concentrated HEAs differs from conventional dilute
alloys primarily in the lattice resistance to dislocation motion and solid solution strengthening. The
severe lattice distortion in HEAs render them more resistant to dislocation motion than the dilute
counterparts, partly contributing to their outstanding strengths. Multi-components and the
indistinguishable solvent and solutes complicate the solid solution strengthening in HEAs.
Although the Fleischer model may be used for approximate the strengthening effect in certain
HEAs with dilute elements (e.g., FeCoNiCrTo.2 [88]), the Labusch-type model has to be adapted
with significant efforts to understand or predict the solid solution strengthening in HEAs,
particularly for those of equiatomic or near equiatomic compositions. All other strengthening
mechanisms found in HEAs behave rather similarly to those in pure metals and dilute alloys.

Therefore, the classical models used in pure metals and dilute alloys for these strengthening
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mechanisms can still be applied to HEAs for predicting strength gains. In addition to the widely
encountered strengthening mechanisms covered in this chapter, some other less common
strengthening mechanisms, such as ordering strengthening [157], have also be reported in HEAs.

Improving the understanding of lattice friction and solid solution strengthening in HEAs
remains a pressing topic in the near future. Although a linear correlation between the lattice
distortion and lattice friction has been demonstrated [126, 127], a physical connection between
them is still unclear. Further efforts are worthwhile to reveal the underlying physics. Both the
Labusch-type and the effective medium models adapted for predicting the substitutional solid
solution strengthening in equiatomic or near equiatomic HEAs require enormous endeavors to
obtain the model inputs, which largely restricts their widespread applications. It would be
practically more useful if the present solid solution strengthening models could be further
simplified or any other simpler model could be developed. In quantifying all other strengthening
mechanisms, the methods adopted vary from work to work, with some using rigorous procedures
while others use approximations. The varied methods lead to large uncertainties in the evaluated
values of key strengthening parameters, such as the Hall-Petch slope and the twin boundary
strengthening coefficient. Therefore, researchers are encouraged to employ rigorous methods and
reliable data to quantify various strengthening mechanisms, whenever possible, so as to minimize
the uncertainties. Furthermore, it is recommended that details for each step of strengthening

analyses are specified.
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Table Captions

Table 3.1 The values of the parameters used in the Taylor dislocation strengthening model for
high entropy alloys. Alongside given is the information on the alloy processing condition, phase

constitution, and estimated strength increment from the dislocation strengthening Ao;, and

associated references.

~1/2 of high entropy

Table 3.2 Hall-Petch intercepts and slopes, i.e., o¢ and k in o, = 0 + ksd
alloys and their subsets. Alongside given is the information on the alloy processing condition,

phase constitution, grain size, testing temperature and associated references.

Table 3.3 Hall-Petch intercepts and slopes based on the hardness, i.e., Hy and ky in H = Hy +
kyd=1/2, of high entropy alloys and their subsets. Alongside given is the information on the alloy
processing conditions, phase constitution, grain sizes, testing temperatures and associated

references.

Table 3.4 Theoretically estimated precipitation hardening in high entropy alloys. Ad.g, Adyys,
Aoys, Adgp, Aoy, and Aoy represent strengthening contributions from the particle-matrix
coherency, modulus mismatch, order strengthening, particle shearing mechanism, Orowan bypass

mechanism, and the ultimate precipitation strengthening, respectively.

Table 3.5 The values of f;, k¢, and 1; used in the twin strengthening model Aoy, = ftktblt_l/ 2
for a number of high entropy alloys. Alongside given is the information on the alloy processing
conditions, phase constitution, method to obtain k;;,, estimated strength increase Aagy,, and

associated references.
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Figure Captions

Figure 3.1

Figure 3.2

Figure 3.3

Figure 3.4

Figure 3.5

Figure 3.6

Figure 3.7

Figure 3.8

Figure 3.9

The linear correlations between the normalized lattice distortion stress, Aoy, /E,

and the lattice distortion, §*, for both the Ni-based fcc and Nb-based bec equiatomic
alloys [126].

The normalized dislocation core width, w, /b, for both the Ni-based fcc and Nb-
based bcce equiatomic alloys [126].
Schematics of the (a) Fleischer model and (b) Labusch model [118].

The linear scaling between the yield strength increase,Ag,, and the solute

concentration in the  HfMoxNbTaTiZr [134], MoxNbTiVZr [136], and
ALHfNbTaTiZr [137] HEAs.

Experimental yield strength, o,,, versus the predicted solid solution strengthening

effect, Aolss, for the single crystals of HEAs and their subsystems [139].

Experimental yield strength, o, versus the predicted solid solution strengthening
effect, Aaggs, for the polycrystalline HEAs [139]. Note that experimental o, in this

case does not exclude the grain size effect.

Schematics showing (a) the atom distribution in an actual 3-component HEA with
a dissociated edge dislocation and (b) the effective matrix of the same alloy with

“solute” 4 embedded at the position (x;,yj,2x), with an interaction energy

U4 (x;, Yj, Zx) with the dislocation [142].

Schematic of the low-energy wavy dislocation configuration formed by moving a
L long straight dislocation through the solute field with spatial fluctuations of
concentrations. The total dislocation energy is minimized when ¢ and w reaches

their characteristic values, ¢. and w, [142].

(a) Experimental vs. predicted yield strengths of the fcc FeNiCoCrMn HEA at
varying temperatures [142]. (b) Experimental vs. predicted yield strengths of the
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Figure 3.10

Figure 3.11

Figure 3.12

Figure 3.13

Figure 3.14

fcc HEA in the Fe-Ni-Co-Cr-Mn family at 293 K [142]. Note that the Hall-Petch

contribution to the strengths are subtracted.

(a) % plotted against b./pg;s for the fcc CrMnFeCoNi HEA, from which the

value of a in the Taylor hardening model can be determined from the slope of the
linear fitting line [65]. (b) The line broadening parameter of X-ray diffraction
peaks, Bcos@, plotted against the diffraction angle parameter, 4sinf, for the
(FeCoNiCr)o4Ti2Als HEA processed by two different processing routes, i.e.,
Process 1 and Process 2 (refer to the text for the specifics of each process). A linear
fitting to the pcosf — 4sin6 data pairs leads to the evaluation of the micro strain,

ey, from the slope [133].

The Hall-Petch relation of the CoCrNi and Ni-40Co alloys, with the dashed lines
indicating extra hardening at small grain sizes. The solid lines are the linear fitting
for the values of oy and kg, with the data in the extra-hardening region excluded for

use [174].

The friction stress, o, versus the Hall-Petch coefficient, kg, of the alloys listed in
Table 3.2. Alongside plotted are the fcc pure metals Ni, Al, and Cu as well as bcc
pure metals Cr, Fe, Nb, Ta, Mo, V, and W for comparison [175]

Precipitation hardening of the (FeCoNiCr)o4Ti2Als HEA at 750 °C, 775 °C, and 800
°C for varying aging durations [31]. (a) Variation of the nanoindentation hardness
with the aging time at three temperatures, with the solid lines delineating the trends.
(b) Hardness increment against the average precipitate radius at three temperatures,
where the symbols represent measurement data whereas lines are theoretical

predictions from Equations. (3.41) and (3.42).

Electron channeling contrast (ECC) images of the nano-twins with varying spacing
in the interstitial TRIP-TWIP Fe49.5Mn30Co10Cr10Cos HEA (with fcc and hep
phases) annealed at (a) 650 °C for 3 min, (b) 650 °C for 10 min, and (c) 750 °C for

3 min. (d) The yield strength, oy, as a function of the twining spacing quantity,
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/1;1/ ?, on which a liner curving fitting is performed to retrieve the twin boundary

strengthening coefficient, k., [106].

Figure 3.15  The volume fractions of the fcc parent phase and hcp martensitic phase in the
FesoMn30Co10Crio HEA at different local strain levels [98], which are quantified by
both the X-ray diffractions and EBSD map.
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4 Creep

Creep property, as one fundamental high temperature property, serves as an important
standard to evaluate service life and safety reliability of engineering components. Despite the
excellent properties of HEAs at room and cryogenic temperature [1, 228, 229], the creep behavior
of HEAs has not been studied systematically by far, which is of crucial importance for further
practice application.

Previous investigations have focused on the effect of temperature on the mechanical
properties of HEAs, which suggest that HEAs possess good high-temperature mechanical strength,
hardness, and thermal resistance [47, 230, 231]. The deformation mechanism of CrMnFeCoNi
alloy at elevated temperature has been investigated by Woo et al. [232] through in-situ neutron
diffraction, which suggests that deformation occurred by the dislocation glide at 800K transforms
to the diffusion-controlled dislocation at 1000K with a strain rate of 6.7x107 s!. Meanwhile,
superplasticity by grain boundary sliding can be another possible deformation mechanism of a
fine-grained CrMnFeCoNi alloy at high temperature, which results in the good ductility of this
alloy [233, 234]. Alloy design has provided a vast potential possibility for practical application.
Although HEAs is a new emerging class of novel materials, these investigations have shown that
the deformation mechanisms of HEAs are similar to those of common alloys [235], which provides
a clear direction for future work for alloy design.

It is worth noting that the long-term phase stability in HEAs at elevated temperatures and
the related mechanical performance has not been investigated in detail. Chang et al. [236] have
shown that AlxCo1s5CrFeNi;sTiy (x +y = 0.5) high entropy alloys possessed excellent hardness
from 773 K to 1273 K, comparable, even better than Inconel 718 with improving the thermal
stability of ¥ phase in the y matrix due to increasing Al content. The Alp2Tios and Alos3Tio2 can still
present good hardness at 1000 °C, although the ¥’ solvus temperature of Alo>Tio3 and Alo3Tio2 are
1010 °C and 970 °C, respectively, mainly because of limited testing time for fully dissolve of y’
phase [236]. And decomposition is a common phenomenon in HEAs [237-239], which may have
a significant influence on creep performance in HEAs. Even though the equiatomic CrMnFeCoN1
alloy is one of the well investigated HEAs, which was thought to be a single FCC structure at all
temperatures below its melting point [47]. Recent studies have shown that second phase
precipitates will be formed in the FCC matrix through severe plastic deformation (SPD) prior to

annealing [240] or long-time annealing treatment [241]. Plastic deformation may stimulate

72



precipitation in HEAs at high temperatures [242]. Consequently, the creep characteristics in HEAs
are very essential to enrich our knowledge of structure-property correlation in HEAs. This review
chapter will aim at discussing the potentials in creep performance in HEAs and clarify the effect
of precipitates on the creep behavior of HEAs, which are expected to shed light on future high-
temperature HEAs design.

4.1 Creep characterizations
4.1.1 Uniaxial tension/compression

Uniaxial tensile/compressive creep test is the most widely used method to investigate the
creep behavior of metals and alloys. Recently, the creep behavior of some HEAs under uniaxial
tensile/compressive mode has been investigated [243, 244]. Cao et al. [245] investigated the
uniaxial tensile creep behavior of the CoCrFeNiMn alloy with a grain size of ~25 um at
intermediate-temperature of 500, 550, and 600 °C under applied stresses of 140-400 MPa. Flat
dog-boned specimens with a dimension of 25 mm in gauge length and 5.6 mm x 1.5 mm in cross-
section were used in the creep tests. Dobes et al. [246] reported the effect of yttrium-rich nano-
sized oxide particles on the creep behavior of CoCrFeMnNi HEA at a temperature range from 973
K to 1073 K under uniaxial compression mode. Dog-boned specimens with a gauge length of
12mm and a diameter of 5 mm were used in this study. Compared with other creep methods, the

results from uniaxial tensile/compressive creep tests are the most reliable.
4.1.2  Stress relaxation test

Stress relaxation test is another widely employed uniaxial creep test. During the creep test,
the total strain &, is kept constant, which can be described as the sum of elastic deformation ¢, and
creep deformation e.. The creep behavior of Alp.1sCoCrFeNi and AlpsCoCrFeNi have been
investigated by Cao et al. employing the stress relaxation test (SRT) at 580—700 °C [247]. These
samples, with a diameter of 5 mm and a gauge length of 25 mm, were loaded up to a strain of 0.2%
at a loading rate of 8 x 107 57!, followed by a holding period of 4 h for stress relaxation [247]. And
the stress relaxation tests have also been conducted on the CoCrFeMnNi alloy at 873 K, 973 K
and 1073 K [248]. The relaxation tests were conducted by holding the samples for 4 min at 5
different engineering strains amplitudes (0.04, 0.06, 0.08, 0.1 and 0.12) along with the plastic
deformation [248].
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4.1.3 Strain-rate-jump tests

The high-temperature steady state flow of the FeCoNiCrMn alloy and (FeCoNiCr)osTi2Als
alloy was successfully investigated using strain-rate-jump test [249, 250]. High-temperature strain-
rate-jump tests were conducted through successively changing the strain rate during uniaxial
tension. For example, at a given temperature in the range of 1023—1173 K, a special strain-rate-
jump test was applied in a single sample with a wide range of strain rates from 1.282x107¢,
6.410x107¢ 3.205x1075, 1.603x107%, 8.013x107% to 3.205x107% in the (FeCoNiCr)osTirAl4
alloy [250]. Consequently, the correlation between stress and strain rate at a given temperature
was obtained. However, from a scientific view, the strain-rate-jump test is inadequate using a
single specimen at different temperatures due to the variation of microstructure during high

temperature deformation [245].
4.1.4 Nanoindention creep

Nanoindentation is another widely used method to investigate creep performance of metals
and alloys, without the limitation of standard sample size and long-time cost in uniaxial creep test,
which has been applied in HEAs [251-254]. Lee et al. [255] have applied spherical nanoindentation
to investigate the grain size effect in the creep behavior of the single phase CoCrFeMnNi HEA at
room temperature. Ma et al. [256] systematically investigated the structure effect on the creep
response of two typical HEA films namely CoCrFeNiCu (Al-0) with a face-centered cubic (FCC)
structure and CoCrFeNiCuAlys (Al-2.5) with a body-centered cubic (BCC) structure by
nanoindentation with a Berkovich indenter. Tsai et al. [257] evaluated the grain orientation effect
and solid solution effect on the creep behavior in FeCoNiCrMn alloy and dual-phase
Fe18Co1sN120CrigMnigAlg high-entropy alloys using a nanoindentation method over temperatures
range of 300-600 °C. In this study, the hardest <111> and softest <100> orientations were selected.
However, it worth mentioning the reliability of the nanoindentation creep mechanism using a
Berkovich indenter remains unclear [258], as overly large stress exponent was reported in several

studies [253, 259].
4.2 Key deformation quantities

Same with conventional alloys, to reveal the operating mechanisms of plastic deformation

in HEAs, the stress exponent (n), activation energy (Q), activation volume (V) are usually
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measured. These parameters for some HEAs are summarized in Table 4.1. It is important to
recognize that only a limited number of the above mechanisms may operate in a given material
depending on the chemical composition, grain size, stress and temperature involved in the

experiments.
4.2.1 Stress exponent
4.2.1.1 Uniaxial creep test

The stress exponent is the most widely used parameter to analyze the stress creep response.
Meanwhile, the strain rate sensitivity (m), which is equal to reciprocal of n, sometimes also used
to determine the deformation mechanism. Generally, the well-known power-law equation can be
used to analyze the creep data [260],

. __ ADoGb (b\P (a\" _Q
=55 @) e (-%) (4-1)

where n is the stress exponent, Q is the activation energy, b is the Burger’s vector length,

d is the grain size, P is the inverse grain size exponent, G is the shear modulus, and D, is the
diffusion coefficient. In uniaxial creep tests, the correlation between strain and time is obtained at
a given temperature and fixed stress amplitude. According to Equation (4.1), the value of n is
calculated by assuming the stress exponent n is independent of the temperature. Based on the stress
exponent of ~ 6.3, Dobes et al. [246] proposed the possible dislocation motion as the controlled
deformation mechanism in the CoCrFeMnNi alloy at a temperature range from 973 K to 1073 K.
They also reported the introduction of nano-oxides into the single-phase CoCrFeMnNi alloy
microstructure can significantly improve the creep resistance of this alloy, i.e., three orders lower
for 30 MPa stress level, compared with the non-ODS HEA at 800 °C in Figure 4.1(a) [246].
Obviously, the creep curve for oxide disperse strengthened (ODS) HEAs can be divided into two
regions, low stress level region (n ~ 1.8) and high stress level (n ~ 13.2). To characterize the creep
mechanism for HEA-ODS alloy, by considering particle strengthening, the Equation (4.1) can be

rewritten as

& — ADGb (Q)P (m)n, (4.2)

kT \d G

where, a4, 1s the threshold stress. Analysis of the creep mechanism of ODS HEA reveals that the
lattice-diffusion controlled creep at low stress changes into the power-law breakdown creep

characterized by the presence of threshold stress invoked by oxide particles at high stress region
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[246]. The interaction between oxide particles and high angle grain boundary (GB, location A), a
low-angle dislocation boundary (LADB, location B) and individual dislocations (location C), in
Figure 4.1(b), are attributed to the high value of stress exponent.

A stress-dependent transition is observed in the CoCrFeMnNi alloy with an average grain
size of 25 um at an intermediate temperature ranging from 773 K to 873 K [245]. In the low-stress
region (subsequently denoted as LSR-region), the stress exponent values vary in the range of 5 to
6. Stress-assisted dislocation climb controlled by lattice diffusion is suggested as a possible rate-
dominating mechanism at low stresses. While, in the high-stress region (denoted as HSR-region),
the stress exponents are in the range of 8.9 ~ 14 with an average value of 380 kJ mol™'. The applied
stress at which the transition occurred increased from 200 to 350 MPa with the temperature
decreasing from 873 K to 773 K. Contrary to LSR, nano-sized M23C¢ carbides and the Cr-rich
tetragonal phase have found precipitated along grain boundary, which indicates decomposition
occurs during high-temperature deformation of initial single phase CoCrFeMnNi alloy. In this
regard, dynamic recrystallization, precipitation, and lattice-diffusion controlled dislocation climb
are proposed as the deformation mechanisms for HSR, which have attributed the high stress
exponent. However, it is difficult to precisely estimate the values of boundary obstacle stress and
the decrease in the stress exponent, due to the ambiguous interaction between dynamic
precipitation and recrystallization. He et al. [249] investigated the high-temperature deformation
mechanism of a FeCoCrMnNi and a precipitate-hardened (FeCoNiCr)esTi2Als alloy applying
strain rate jump test methods. Based on the observations, it is proposed that the deformation
mechanism in the FeCoCrMnNi alloy has changed from dislocation glide (n < 3) at low strain
rate to dislocation climb (n = 5) at high strain rates [249, 250]. And the precipitate-hardened alloy
also exhibits two distinct deformation regimes depending upon the temperature [250]. Under a
relatively low temperature range of 1023-1123 K, the n value is greater than 5 (6-9),
corresponding to the power-law breakdown mechanism [250]. In this regime, coherent vy’
precipitates effectively block the dislocation motion, resulting in a threshold stress effect [250].
When the temperature is between 1148 K to 1173 K, the stress exponent n is about 4.5 with the
apparent activation energy of 350—450 kJ/mol [250]. Therefore, the dislocation climb mechanism
is proposed for this region because of the dissolution of y’particles above 1123 K [250].
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4.2.1.2 Nanoindentation creep test

The determine of stress exponent in the nanoindentation test is a little bit more complicated
compared with the uniaxial creep test, based on the displacement-time creep curve. The indentation

strain rate as a function of the creep time period can be depicted as [257]

. _1dh P

E= har H x n2 (43)

where t denotes the holding time, h refers to the indentation displacement, and P and H are the
indentation load and hardness, respectively. The displacement rate, %, could be measured by
fitting the displacement-holding time (h — t) on the basis of the empirical formula [261]:

h(t) = hy + a(t — ty)P + kt, (4.4)

where h refers to the displacement at the beginning stage of creep, and a, t,, p, and k are fitting

parameters. The relationship between the strain rate and the hardness could be written as

5 gl

£ = = ,H = co, (4.5)
where B and c are the parameters corresponding to the indenter as well as the material. Substituting
Equation (4.5) into Equation (4.1) and integrating the two sides of time, the relationship between

the hardness of creep and the holding time can be described as follows [261]:

— — An Q
In(H™" — H™) = In (ﬁ) —Z 4 In(t —t), (4.6)
where % is a structure-dependent constant. At a fixed temperature and under the usual assumption

of H*<<H{, resulting in the linear relationship between InH and In(t — t,). Therefore, the stress
exponent, n, can be measured through the slope of InH vs Int (t is the holding time, t, = 0
seconds). According to the value of n, Coble creep mechanism has been proposed for
nanocrystalline (nc) CoCrFeMnNi HEAs (with grain size ~ 49 nm, ~ 33 nm) at room temperature
applying spherical nanoindentation [255]. Tsai et al. [257] found, over the temperature range of
400600 °C, the creep stress exponent of {111} and {100} grains in single Fe20Co020Ni20Cr20Mn2g
and the dual-phase FeigCo1sNi2oCrisMnigAlg alloy is both about 3.8-5.0, suggesting the possible
dislocation climb mechanism.

However, it should be noted that the mechanism determined solely by the value of n,
sometimes, is misleading. Other analysis, for example, microstructure characterization, should be

taken into consideration accompanying with the value of n to determine the deformation
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mechanism. Shahmir et al. [262] reported CrCrFeMnNi alloy with an average grain size of 10 nm
exhibited excellent elongation (> 600%) at the temperature of 973 K with strain rate sensitivity of
m =~ 0.31. Superplasticity has been put forward as the deformation mechanism for this alloy,
although the strain rate sensitivity is lower than the usual value of 0.5 (n = 2). They proposed that
the low value of strain rate sensitivity was directly attributed to the occurrence of grain growth
from ~ 10 nm to ~ 1 um during the tensile testing. Meanwhile, the activation energy Q has been
measured to be 113 kJ/mole, which perfectly coincides with the activation energy for grain
boundary diffusion in pure Ni (~ 115 kJ/mole) [262]. Similar results were obtained in Ref [263]
that the CoCrFeNiMn alloy with an addition of 2 at.% Ti (~30 nm) exhibited excellent ductility
with a maximum elongation of 830% at a temperature of 973 K with stress strain rate sensitivity
of m = 0.3. Compared with the conventional CoCrFeNiMn alloy, the addition of a minor amount
of Ti can result in smaller grain size, a higher volume fraction of precipitates and a significant

improvement in the superplastic properties.
4.2.2 Activation energy

According to Equation (4.1), the value of activation energy, @, can be obtained by
estimating the dependence of the steady-state strain rate ¢ of on the reciprocal of the absolute
temperatures (1/T) at a stress level on a semi-logarithmic scale. Cao et al. [245] reported the
average activation energy @ in CoCrFeMnNi alloy takes a value of 268 kJ/mol in the low-stress
region, which is quite close to the range of activation energies for lattice diffusion of the constituent
elements in the alloy (288-317 kJ/mol [30]) and the reported activation energy value for the
steady-state flow behavior of the same alloy at higher temperatures and lower stress levels [249].
Therefore, a dislocation climb mechanism is proposed for this alloy in the low-stress region. While
the high value of activation energy of 380 kJ/mol in the high-stress region is attributed to the
combinative effects of dynamic recrystallization and precipitation [245].

However, it is difficult to identify the creep mechanism based upon activation energy value
alone. In the study of CoCrFeMnNi alloy at the stress range from 10—-100 MPa, the activation
energy is about 246 kJ/mol at temperatures between 973 K and 1023 K, and 704 kJ/mol at
temperatures between 1023 K and 1073 K [246]. The quite different Q values, however, are related
to the same dislocation motion mechanism for this alloy [246]. Because the measured activation

energy of creep represents an apparent value, as a real value can be obtained only if the phase
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composition is the same over the whole considered temperature range [246]. Meanwhile, due to
the severe lattice distortion in HEAs, the diffusion process is more complicated, involving in the
cooperative motion of several atoms in order to main compositional portioning [257].
Consequently, under the dislocation climb mechanism, it is hard to determine which single

elemental constituent would control the creep deformation [257].
4.2.3 Activation volume

Further insight into the mechanism of creep is obtained by estimating the value of the
activation volume, V*. Thermally activated mechanisms contributing to plastic deformation
processes in metals and alloys are often quantitatively interpreted by examining the activation
volume, V*. The activation volume is broadly defined as the rate of decrease of activation enthalpy
with respect to flow stress at a fixed temperature and which influences the rate-controlling
mechanisms in the plastic deformation of engineering metals and alloys [264]. It has been well
established that the activation volume varies by order of magnitude for different mechanisms, for
example, point defect migration 0.02 ~ 0.1 b3, diffusional creep about ~ b3, kink pairs in gliding
screw dislocation in BCC metals 1 ~ 5 b3, dislocation-twin interactions 1 ~ 100 b3, and forest
dislocation cutting ~ 10° b3. The activation volumes for some typical HEAs calculated from
different test methods are summarized in Table 4.1.

During the creep test, the strain is recorded as a function of time. For a strain-time curve
of a monotonic creep test, the slope of the curve yields the plastic strain-rate, €. The activation
volume was estimated by the following equation:

V* = \3kT (‘”i) (4.7)
do

where &4 s steady-state creep rate, and k is Boltzmann's constant. Dobes et al. [246] have
calculated the activation volumes of CoCrFeMnNi alloy under the compressive creep test in the
temperature range from 973 K to 1073 K. In order to obtain the activation volume, the steady-state
creep rate and stress curve can be drawn in semilogarithmic coordinates, and the slope of the curve
multiplied with the coefficient will give the value of activation volume at a certain temperature. In
this study, the values of V* has been estimated to be ranging from ~ 300 b3 to ~ 800 b3, which are
typical for a dislocation motion [246].

Similar to stress exponent, n, and activation energy, @, the value of activation volume also

needs to be carefully treated. Lee et al. [255] also employed this equation to estimate the activation
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volume of the CoCrFeMnNi alloy in the nanoindentation test. The activation volume of ~ 0.8 b3
is obtained in nc HEAs, indicating the diffusion mechanism, consistent with the mechanism based
on the value of stress exponent (n ~ 1) [255]. Whereas the value of activation volume (~ 4.6 b3)
for this alloy with coarse grains is smaller than that for the dislocation mediated mechanism
according to the stress exponent (n ~ 3) [255]. The possible reason for the reduced value of V* for
coarse-grain HEA is the existent of interfacial diffusion between the indenter tip and sample
surface . Meanwhile, a relatively large activation volume of about 140 A is obtained for
dislocation-climb controlled mechanism in single-phase Fe20Co020NigCraoMnao and dual-phase
Fei3Co1sNi20CrisMnigAlgalloys at 873 K [257]. Different from the simple one-to-one atom-
vacancy exchange during the vacancy diffusion in traditional metals and alloys, vacancy diffusion
(for dislocation climb) in HEAs involves a series of cooperative motion of several atoms in order
to maintain compositional partitioning, which can result in the enlargement in the activation

volume in HEAs [257].
4.3 Creep mechanism in CoCrFeMnNi alloy
4.3.1 Based on stress exponents

Among all these creep parameters, stress exponent is still the most reliable one to determine
the deformation mechanisms. In order to eliminate the effect of temperature on the determination
of the stress exponent, the uniaxial creep data of CoCrFeMnNi alloy from Ref. [243, 245, 246,
249] are recalculated in terms of normalized creep rates versus the normalized applied stresses
o/QG, where G is the shear modulus. The diffusivity of the slowest diffusing species, Ni (Dy;), 1s
used to normalize the strain rate by separating the temperature effect and clarify the role of stress
[249]. The normalized plot is shown in Figure 4.2 in which Dy; = 0.002 X exp(—317500/RT)
m?/s [249], G = 85 — 16/[exp(448/T) — 1] GPa [265]. Obviously, almost all data at different
temperatures collapse into one single line in each study. The slopes of these curves yield the stress
exponent, corresponding to different deformation mechanisms. According to Figure 4.2, the
dislocation glide-controlled mechanism, dislocation climb-controlled mechanism, and power-law
breakdown-controlled mechanism are all observed in the same CoCrFeMnNi alloy with various
fine grain sizes during high-temperature deformation under different stress/temperature
conditions. With the increase of normalized stress, the transitions of different mechanisms are

observed. And the dislocation creep is the most popular deformation mechanism in this alloy. And
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the power-law breakdown mechanism at high strength region mainly due to the occurrence of

decomposition phenomenon in this this alloy [245].
4.3.2 Deformation map

Deformation mechanism maps are often used to determine the dominate deformation
mechanisms under a set of external parameters such as temperature and applied stress. As the creep
equation has three major variables of applied stress (), temperature (T') and grain size (d), it is
possible to plot maps of d/b vs a/G for a constant temperature (T') or /G vs T /T, at constant
grain size (d). Chokshi [235] has developed a deformation mechanism map for CoCrFeMnNi alloy
at a fixed temperature of 1023 K with appropriate constitutive relations of four deformation
mechanisms, shown in Figure 4.3(a). This map works well for the data in Reddy [233] lying in the
superplasticity regime, and part of the data from He et al. [249] lying in the superplaticity region
and part lies in the power-law breakdown region, which maybe because of the Cr-rich precipitates
observed along grain boundaries. However, recent data from Dobes et al. [246], which are related
to the dislocation motion mechanism, are located in the Coble creep region in this map. Although
CoCrFeMnN:i alloy is one of the most well studied HEAs, the grain sizes (d), testing temperatures
(T), and methods are quite different in previous investigations. Therefore, more data is required to
improve the deformation mechanism map. Figure 4.3(b) summarizes the deformation mechanisms
of CoCrFeMnNi alloy according to the data compiled from reference [233, 243, 245, 246, 249,
255, 266]. The value of Burgers vector associated with dislocation in this alloy is 0.26 nm.

Despite the previous data cannot provide a detail mechanism map of this alloy with the
relationship between o/G vs T /T,,, some specific information can still be obtained. In Figure
4.3(b), five different deformation mechanisms of this alloy have been illustrated, including Coble,
superplasticity, dislocation glide, dislocation climb, and power-law breakdown. And limited
investigations focus on the mechanism during warm temperature (< 0.5 T;;,). In order to fully
understand the creep deformation behavior of HEAs, extensive investigations are critical

importance.
4.3.3 QGrain size effect on deformation mechanism

Generally speaking, coarse-grain materials favor the application at high temperatures. The
grain boundaries are high energy regions, which become weaker at high temperatures. The cracks

tend to propagate along these weaker grain boundaries under loading at high temperatures. And
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larger grain size can also result in smaller steady-state creep rate in diffusion-controlled and grain
boundary sliding creep. Therefore, coarse grain materials are usually used at high temperatures,
while the nanocrystalline (nc) alloys have never been used at elevated temperatures because of
their poor high-temperature strength and stability. However, recently, the creep behavior of nc
HEAs has attracted a lot of interest [256], which may open the opportunity for developing
thermally stable nanocrystalline systems that can retain high strengths over a wide temperature
range from both scientific and engineering application aspects. It seems the deformation
mechanisms in these nc HAEs are different from that in the HEAs with fine grain sizes under
similar stress and temperature range. Lee et al. [255] reported plastic deformation in nc and coarse-
grained FeCoNiCrMn alloy through nanoindentation creep analysis with a constant loading rate of
0.5mN!, 1000 s holding time at maximum loads and fully unloaded at room temperature. Through
high-pressure torsion (HPT) processing, the grain size was reduced from ~46 um to ~33 nm and
~ 49 nm [255]. Different grain sizes result in different deformation mechanisms in the sense that
the creep stress exponent, n, extracted from the nanoindentation creep test is ~3 for coarse grains,
corresponding to dislocation glide deformation, while n is ~1 for nc HEA, related to the Coble
creep [255]. And the nc HEA exhibits much higher creep resistance as compared to conventional
FCC nc metals mainly due to sluggish diffusion [255]. Recent experimental results on a
CoCrFeMnNi HEA are shown in Figure 4.4 in terms of the variation in the strain rate with stress
at T = 873 K for samples with initial grain sizes of 10 nm [266], and 25 um [245] under similar
stress range. The fine-grained material exhibits a transition from a stress exponent of ~ 5.6 to ~ 8.9
with an increase in stress, whereas the nc HEA exhibits n ~ 3. Dislocation climb and power-law
breakdown are proposed in the two stress regions in the fine grained HEA [245]. Superplasticity,
however, is proposed to be the dominated mechanism for this nc HEA. Shahmir et al. [266]

suggested that grain growth led to the apparent high stress exponent.
4.4 Factors affecting creep of HEAs

There are several unique effects in HEAs, which is relatively uncommon in conventional
alloys. These effects can attribute to the outstanding properties of HEAs, such as phase stability,
heat resistant, and high strength and ductility, which grant HEAs promising vast potentials for high
temperature application. In this section, how these unique effects of HEAs affect the creep property

1s discussed.
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4.4.1 High entropy effect

From a thermodynamic point of view, the large configurational entropy of mixing can lead
to the decrease of Gibbs free energy, stabilizing and forming disordered solid solution phase over
competing for intermetallic phases. Moreover, as TAS,,;, term dominates at high temperatures, it
is expected that solid solution phases will be relatively stable at high temperature without the
precipitation of harmful intermetallic, which indicate the possibility for better creep property.
However, the definition of HEAs has increasingly been argued that high entropy is not sufficient
alone to explain the formation of a single phase in HEAs [267]. Nevertheless, we cannot deny the
role of AS,,;, in the formation of HEAs. HEAs with appropriate compositions have the potential

to show superior high-temperature resistance over traditional alloys.
4.4.2 Severe lattice distortion effect

The lattices of HEAs are perceived to be severely distorted because of the large difference
of atom sizes [2], which is considered to an effective factor contributing to high strength and slower
kinetics in HEAs [268]. Meanwhile, the local lattice distortion in HEAs can be an order of
magnitude larger than the average, resulting in large energy barrier against dislocation movement,
significant solid-solution strengthening, sluggish atom diffusion [269]. Komarasamy et al. [270]
suggested the intrinsic lattice distortion is likely to be responsible for the observed high rate
sensitivity of the flow stress and low activation volume of dislocations in CoCrFeMnNi alloy. The
origin of local lattice distortion varies from size mismatch effect in FeCoNiCrMn alloy to chemical
short-range order in NiCoCr alloy [271]. These lattice distortion can result in large energy barriers
against dislocation movement, significant solid-solution strengthening, sluggish atom diffusion

[269], thereby promoting high-temperature performance in HEAs.
4.4.3 Sluggish diffusion

As the mobility of atoms increases rapidly with temperature, the diffusion-controlled
process is greatly important for creep deformation at high temperature, as the dominant plastic
deformation mechanism, including the diffusional creep, dislocation creep and grain boundary
sliding. Therefore, the diffusion rate is a key factor to affect the creep resistance of HEAs. Each
diffusional creep mechanism can be described by Equation (4.1) with specific values of diffusion
coefficient (D), inverse grain size exponent (P) and stress exponent (n). Therefore, the lower

diffusion coefficient in multicomponent HEAs can result in better creep resistance, which should
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be carefully discussed. The hypothesis retarded atomic diffusion has been considered crucial
especially to the high-temperature behavior of HEAs. Zhao et al. [31] found the coarsening of L1»
precipitates in the (NiCoFeCr)osTi2Al4 alloy was much slower than that in the conventional Ni-
based alloys because of sluggish diffusion, which indicated the remarkable thermal stability of the
L1, precipitates. Figure 1.2 depicts the diffusion coefficients as a function of the inverse
homologous temperature (T, /T, where T, is the melting temperature), aiming to compensate for
the different melting temperatures between some FCC HEAs from Ref [29, 30, 46]. The alloys
with higher compositional complexity exhibit in general lower diffusion coefficients against
homologous temperature, however, an exception is found that diffusion in the NiCoFeCrPd alloy,
which is faster than that in the NiCoFeCr and NiCoCr alloys. Clearly, the controversial in the
‘sluggish diffusion’ behavior of HEAs are existing [46, 272, 273]. Lee et al. [255] reported a
relatively larger Qg (~ 84 KlJ/mol) for nc CoCrFeMnNi alloy with GB diffusion creep
deformation at room temperature. Actually, the large activation energy turns out to be the sum of
Q¢p for Ni (~ 67 kJ/mol for SPD processed ultrafine-grained Ni [274]) and AQy by the sluggish
diffusion effect [255]. Therefore, sluggish diffusion is proposed to be the main reason for much
higher creep resistance in nc HEA as compared to conventional fcc nc metal [255]. Furthermore,
due to multiple principle elements with the equimolar or near-equimolar ratios in HEAs, the
vacancy diffusion in HEAs is complicated compared with traditional alloys [257]. It is unclear
which elemental constituent would make the first switch with the vacancy since the vacancy is
surrounded by various constituent elements, involving the cooperative motion of chemical

constitute atoms to keep the chemical homogeneity [257].
4.4.4 Stacking fault energy

Stacking fault energy (SFE) is another important factor affecting creep resistance,
especially for the solid solution strengthened alloys with the dislocation climb mechanism. In these
alloys, due to the strong interaction between stacking fault and solute atoms, the solid solution
strengthening is achieved by the reduction of SFE which is associated with the content of alloy
composition. The constitutive equation for climb-controlled dislocation creep rate with the

stacking fault energy effect can be described as [275]:.
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where A’ is a constant, y, is the stacking fault energy, G is the shear modulus, b is the Burgers

vector, Q is the activation energy of creep and ¢ is the applied stress. Obviously, low SFE favors
a high creep resistance. The SFE of the equiatomic NiFeCrCo and NiFeCrCoMn alloys measured
by XRD is approximately 20 mJ/m? to 25 mJ/m?, much lower than that of pure Ni and NiFe [114].
As alloy design has brought great opportunities for HEAs, through proper component design, the
SFE of HEAs can be tailored to a wide range of values, comparable to or even lower than
conventional low SFE alloys [120]. Recently, CoCrNi alloy has been reported to exhibit an
excellent creep resistance, much better than CoCrFeMnNi alloy, with dislocation climb-controlled
mechanism, and some commercial steels in the temperature range of 973-1023 K and stress range
0f 20-140 MPa in Figure 4.5(a) [276]. Meanwhile, comparing the creep lifetime of these alloys at
973 K in Figure 4.5(b), the creep lifetime of CrCoNi1 alloy is comparable to, or even better than,
some commercial precipitate-strengthened ferritic alloys under the same stress level [276]. The
lower stacking fault energy is proposed to be responsible for the much higher creep resistance in

this alloy [276].
4.4.5 Precipitation/particle effect

In previous studies, simple phase HEAs have attracted great attention [214, 277, 278].
However, most of these single-phase HEAs usually have some limited mechanical properties, such
as low strength for FCC structure HEAs [53] and low ductility for BCC structure [279, 280]. Thus,
precipitation/particle hardening has been taken into consideration to improve the properties of
HEAs [281]. Precipitation-strengthened alloys usually show superior mechanical properties at
high temperatures, particularly when the two phases have a high degree of coherence [70, 238,
282, 283]. The interactions between particles and dislocation can be divided into two categories:
Orowan bowing and particle shearing [264]. Usually, the size, morphology, coherency, and
distribution of precipitations are responsible for the dislocation mechanism [264, 284]. Wang et
al. [285] investigated an Alp7CoCrFe;Ni with cuboidal B2 nanoprecipitates coherently embedded
in the BCC matrix, which showed prominent tensile properties at both room temperature (ultimate
tensile strength is 1223 MPa and elongation to fracture is 7.9%) and elevated temperatures. Based
on the FeCoNiCr alloy, a coherent nano-size precipitate, i.e., L1,-Ni3(Ti, Al) hardened HEA
(FeCoNiCr)o4Ti2Al4) with outstanding tensile properties by adding 2 at.% Ti and 4 at.% Al has
been investigated [286]. In contrast with the single-phase FeCoNiCrMn alloy, this precipitate-
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hardened alloy, (FeCoNiCr)o4Ti2Als not only shows significant tensile strength but also exhibits a
large reduction of the steady-state strain rate (by ~2 orders of magnitude) at a temperature range
of 1023-1073K, indicating significant improvement in high-temperature properties [250].
Meanwhile, the introduction of oxides is found to be an effect way to improve the elevated
performance in alloys. Recently, Dobes et al. [287] found the introduction of yttrium-rich nano-
sized oxide particles in CoCrFeMnNi alloy can lead to the enlargement of the effective grain
boundary (50% grain size reduction to the size under 400 nm) and the dislocation pinning effects
with ultimate tensile strength and the yield strength increase of 30% at room temperature and of
about 70% at 800 °C. And the creep resistance of this alloy is significantly improved by the
presence of oxide particles at the temperature range from 973 to 1073 K [246]. At high stresses,
the creep behavior is characterized by the presence of threshold stress invoked by oxide particles

[246].
4.4.6 Solute addition effect

Recently, Kim et al. [288] developed a high-temperature deformation mechanism and
processing maps of cast AlpsCoCrFeMnNi that comprises face centered cubic (FCC) and body
centered cubic (BCC) phases (where BCC phase is a minor phase) at the temperature range of
1023-1323 K and at strain rates in the range of 10~ to 10' s™. At relatively low strain rates and
high temperatures, solute drag creep is proposed to be the rate-controlling deformation mechanism
due to the presence of Al solutes with a large atomic size in the FCC matrix phase [288]. Figure
4.6(a) shows the transition of creep mechanism from the climb-controlled creep (< 40 MPa) to
viscous glide creep (> 40 MPa) in CoCrFeMnNi alloy at intermediate temperatures (535-650°C)
[243]. In order to identify which element is the most responsible for the transition of creep
mechanism from the dislocation climb to dislocation glide, the comparison of the calculated
transition stress using the tracer diffusion coefficient of each element as Dg of glide-controlled
creep with experimental transition stress exhibits in [288]. Figure 4.6(b) and (c). The experimental
transition points of CoCrFeMnNi alloy at 600 °C and 650 °C marked on the Cr horizontal lines
locate well on the theoretical transition points in the sloped lines, suggesting the Cr is the most
influential element to the dislocation glide behavior at intermediate temperature associated with
the large atomic size misfit to relieve the dislocation line energy and the appropriate diffusivity
comparable to the dislocation velocity [243]. However, the comparable creep resistance in the

<111> orientation of FeCoNiCrMn alloy and 8 at.% Al-modified FeCoNiCrMn alloy over
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temperatures range of 300-600 °C suggest that the solid-solution effect (only ~4 at.% Al remaining
in the FCC grains) plays an insignificant role for the FCC {111} grains with the possible climb-

controlled dislocation creep [257].
4.4.7 Structure effect

Ma et al. [256] have studied the strain-rate sensitivity, m, and activation volume, V*, of an
nc CoCrFeNiCu (Al-0) HEA thin film with an FCC structure and nc CoCrFeNiCuAlz s (Al-2.5)
HEA thin film with a BCC structure at room temperature by nanoindentation technique, where the
BCC Al-2.5 exhibited a better creep resistance than the FCC Al-0. The creep characteristics of
HEA films could be related to the different lattice structures, which apparently affect the kinetics
of plastic deformation. The strain rate sensitivity and activation volume for the dislocation
nucleation have been determined, which are 0.048 and 0.51 nm?® in BCC Al-2.5 alloy and 0.035
and 0.08 nm® in the FCC Al-0 alloy, respectively [256]. The large discrepancy in the activation
volumes for the dislocation nucleation may result in the different creep performances of these two
HEA films [256]. However, the physical understanding of the distinction of the activation volumes
between nanocrystalline FCC and BCC HEAs is still unclear [256]. Cao et al. [247] reported the
Alo.15CoCrFeNi alloy with a single FCC structure exhibits a stronger creep resistance than the
Alp.s0CoCrFeNi alloy contained FCC+BCC duplex crystal structure. A rate limiting mechanism of
cross-slip is proposed for both alloys [247]. They suggested the creep resistant is closely related
to the stacking fault energy and the increased Al element tends to reduce the creep resistant

property of the AlxCoCrFeNi alloys by increasing the stacking fault energy [247].
4.5 Summary and future work

A rough picture of the creep behavior of HEAs can be imagined from these dedicated
investigations. To date, dislocation climb, dislocation glide, grain boundary sliding
(superplasticity), power-law breakdown, and Coble diffusion creep mechanism have been reported
for HEAs. Despite the high-temperature deformation mechanisms of HEAs are similar with that
of common alloys, microstructures (i.e., distorted lattices and sluggish diffusion) may impose
important impacts on diffusion and dislocation glide in HEAs, making them fundamentally
different from conventional alloys.

Nevertheless, the uniaxial creep behavior of HEAs has not quite been extensively studied

and many questions are still left obscure. First, from previous analysis, most of the previous studies
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are focused on the CoCrNi-based HEAs. Few studies are focused on the creep behavior of the
refractory HEAs which are designed for high-temperature applications. Second, creep resistance
is attributed to several parameters based on the deformation mechanism, i.e., difficusion, SFE. A
systematic investigation needs to proceed to develop the deformation maps for a practical guide.
Third, it is worth noting that HEAs are different from conventional metals by incorporating much
more principle elemental species into a single lattice. The correlation between creep behavior and
the unique feather of HEAs is still unclear. All these things deserve further in-depth investigations.
As alloy design can bring great potential for HEAs by changing constitute elements and
incorporating more minor elements, it is reasonable to deduce that HEAs have great potentials for

further high-temperature applications.
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Table Captions

Table 4.1 Key deformation parameters, including the stress exponent (n), activation energy (Q),
activation volume (V/), strain rate sensitivity (m), and the inferred deformation mechanisms of

high-entropy alloys.
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Figure Captions

Figure 4.1

Figure 4.2

Figure 4.3

Figure 4.4

Figure 4.5

Figure 4.6

(a) Dependence of the creep rates of the HEA-SP and HEA-ODS alloys on the
applied stress [246]. (b) STEM HAADF image of the microstructure formed during
creep at 1073 K and 67 MPa, for an accumulated strain of 9% [246]. The arrows
highlight three locations in which oxide particles interact with a grain boundary
(location A), a low-angle dislocation boundary (location B) and an individual

dislocation (location C).

Dependence of the normalized creep rates by the diffusion coefficient on the

normalized applied stresses for the CoCrFeMnNi alloy [243, 245, 246, 249].

(a) Deformation mechanisms for the CoCrFeMnNi alloy [233, 235, 246, 249]. (b)
Deformation mechanism map for the CoCrFeMnNi alloy at a fixed temperature of
1023 K [233, 243, 245, 246, 249, 255, 266]. The shaded areas correspond to four

different deformation mechanisms in this alloy.

Variation of the strain rate with the stress in the CoCrFeMnNi HEA with initial
grain sizes of 10 nm and 25 pum, tested at 873 K [245, 266].

Comparison of creep behaviors. (a) Steady-state creep rate versus the applied stress
for 304 stainless steel, commercial ferritic steels (P92, P122, and FBBS),
CoCrFeMnNi alloy (with/without ODS), and CoCrNi alloy at 973 K [276]. (b)
Applied stress versus time to rupture for commercial ferritic steels (P92, P122, T91,

and FBBS), and CoCrNi alloy at 973 K [276].

(a) The dependence of creep rates on the applied stress in the CoCrFeMnNi alloy.

kT

D
(eco-sGb3

)2 versus (Gy—b)3 =< (g)2 on a logarithmic scale at (b) 873 K (c) and 923 K
g

D

for the CoCrFeMnNi alloy [243].
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5 Fracture

Fracture is closely pertinent to the structural integrity of a material or components made of
it in practical applications. Prior to any concrete applications particularly in a structural sense, the
fracture characteristics of materials usually need to be thoroughly understood. One on hand, the
fracture resistance is required to be evaluated in order to decide if a given material or a class of
materials could retain desired structural integrity under conditions consisting of a combination of
loads, temperature, environment, etc. On the other hand, it is desirable to attain an in-depth
understanding about the fracture mechanisms associated with material failures so that the
composition or microstructure of materials may be further tuned in a favorable fashion so as to
improve their fracture resistance.

For the same reason, the fracture behaviors of HEAs were investigated since 2010s. As
HEAs cover broad compositional space and phase constitutions, their fracture properties
expectedly vary to a large degree. For instance, some HEAs posses fracture toughness of less than
5 MPay/m (e.g., the bcc NbasMoasTazsWas [289]) while others can reach above 200 MPavm (e.g.,
the fcc CrMnFeCoNi [18]). Besides, fracture mechanisms also vary from alloy to alloy,
particularly depending on their phase constitutions. Considering the variance, the key learnings so
far gained in the fracture of HEAs are to be summarized in the present chapter. The fracture
resistance of HEAs will be discussed in the background of different fracture toughness quantities,
such as the impact toughness and critical stress intensity factor K;.. The comparison of the fracture
resistance of HEAs with that of many other metallic and non-metallic materials will give us an
idea about how well certain HEAs could perform in resisting failures in anticipated applications.
Furthermore, fracture mechanisms in HEAs with different phase structures are to be revealed to

our best knowledge to mechanistically justify their respective fracture resistance.
5.1 Fracture resistance

A structural component in service may fracture in three basic modes, i.e., Mode I — opening,
Mode II — in-plane shear, and Mode III — out-of-plane shear, and their combinations. Among all
possible fracture modes, Mode I is encountered most frequently and thus of a priority concern. As
of the paper writing, fracture-characterization in HEAs is simply focused on Mode I failure. Two
primary groups of characterization techniques, pendulum impact testing for measuring impact

energy and fracture mechanics testing for deriving the fracture toughness, K;., or conditional
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fracture toughness, K, were employed. The majority of characterizations were conducted at room

temperature, with a few at cryogenic and elevated temperatures.
5.1.1 Impact toughness

The impact toughness of a number of HEAs was measured with pendulum-impact tests,
and their resulting impact energies are compiled in Table 5.1. With such a pendulum system, Chen
et al. [290] determined that the impact-toughness density (per unit cross-sectional area) in the
Ali5Cr21Fe20Co20Niai, Ali5.5Cr22.25Fe20C020Ni22.25, Al13Cr23 5Fe20Co20Ni23 5, and
Al10.5Cr24.75Fe20C020Ni2a.7s HEAs are 12, 15, 106, 477 kJ/m?, respectively. Since they used 6 x 6
x 55 mm?® samples with a 2 mm U-notch, the cross-sectional area is calculated to be 24 mm?, and
the total impact toughness of the four alloys are thus 0.29, 0.36, 2.54, and 11.45 J, respectively.
Utilizing the Charpy-impact tests standardized in ASTM E-23 [291], Li et al. [292] measured the
impact toughness values of the fcc Alp.1CoCrFeNi and Alp3CoCrFeNi HEAs hot forged at 1323
K. The measurements were made on 10 x 10 x 55 mm?® samples with a 2 mm deep V-notch in the
middle, and the impact toughness values of the Alo.1CoCrFeNi at 77, 200, and 298 K were reported
to be 292, 318, and 419 J, respectively. The Alp3CoCrFeNi has the impact toughness values of
329, 409, and 415 J at 77, 200, and 298 K, respectively. Also using the 10 x 10 x 55 mm? samples
with a 2 mm deep V-notch in the middle and Charpy-impact tests, Xia et al. [293] measured the
impact toughness of the fcc CoCrFeNi, fcc Alo.1CoCrFeNi, Alo.7sCoCrFeNi with fcc and B2
phases, and Al; sCoCrFeNi with bce and B2 phases at 77-298 K, and their corresponding values
are listed in Table 5.1. What is worth noting is that the impact toughness of the as-cast fcc
Alo.1CoCrFeNi HEAs measured by Xia et al. [293] (371, 327, and 294 J for the respective testing
temperature of 77, 200, and 298 K) are different than the values reported by Li et al. [292] By
comparing their samples and testing conditions, it is inferred that one possible source of the
difference is their distinct processing histories, namely, the as-cast alloys by Li et al. [292]
underwent hot forging at 1323 K whereas the same processing was not applied to the as-cast alloys
by Xia et al. [293]

In regard to the change of the impact toughness with temperatures in HEAs, two opposing
trends were reported. For the CoCrFeNi [293] and Alo.1CoCrFeNi by Xia et al. [293], their impact
toughness increases with the descending temperature. On the contrary, reducing the testing

temperature in the Alo75CoCrFeNi [293], AlisCoCrFeNi [293], and Alp.1CoCrFeNi by Li et al.
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[292] leads to a gradual decrease in their impact toughness values. Both trends are evident from
the data in Table 5.1. What is of particular interest here is that in two separate works by Xia et al.
[293] and Li et al. [292], temperature affects the impact toughness of the Alp.1CoCrFeNi HEAs in
completely opposite directions. The difference, again, might be due to that their alloys have
undergone different processing histories. However, further investigations are required to testify

this inference or reveal other causes.
5.1.2  Fracture toughness

Fracture toughness, derived from fracture mechanics, provides a more rigorous means to
assess the ability of a material to resist fracture. Depending on the extent of plasticity at the crack
tip, the fracture toughness of materials may be characterized by Kjc, K-R curve, Jic, or J-R curve
[294-299]. The fracture toughness characterizations in HEAs use predominantly Kjc, either
obtained from direct measurements or derived from other measures, e.g., Jic and J-R curve [18,
289, 290, 300-306]. The values of K;c or conditional fracture toughness, Ko, for a variety of HEAs
are compiled in Table 5.2.

Kicis defined, on the basis of linear elastic fracture mechanics (LEFM), as the critical stress
intensity factor above which crack growth begins [294]. The use of Kjc is restricted by the
requirements that testing specimens deform in a linear elastic manner and exhibit the minimal
plasticity at the crack tip prior to failure. To this end, samples need to be dimensioned so that a
plane strain condition at the crack tip prevails. The procedure of measuring Kjc by failing pre-
cracked specimens has been well documented in ASTM E399 [307]. Briefly speaking, a

conditional fracture toughness, Ky, is firstly determined from

Ky = PoS f (2)’ (5.1)

— ewis/ \w

where B, W, and S are the sample thickness, width, and span, respectively. a is the average crack

length. P is the critical load determined from the recorded load-displacement curve [307]. f (%)
is a geometry-dependent polynomial function that can be looked up from the standard [307]. Then,

the validity of K, as Kicis checked against a number of criteria, primarily including

0.45 < -~ < 0.5, (5.2)
K 2

B,a>25 (—Q) , (5.3)
Oy
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Prax < 1.1P,, (5.4)
where o, is the yield strength, and B4y is the maximum load on the load-displacement curve.

The single edge-notched bend (SENB) specimen is one of sample geometries specified in

ASTM E399 [307] for determining K;c. With SENB specimens, the average K;c of the as-cast
AL3Co15Cr23CusFe1sNijs HEAs with a bee structure was determined to be 5.8 MPavm [302].

Following ASTM E1304, a verification measurement with a chevron-notched rectangular bar

(CVNRB) specimens of the same HEA revealed a marginally small but overall consistent K;c of

5.4 MPa+/m [302]. The marginal difference between the two measured K;c values was ascribed to
the fact that the SENB specimens were not fatigue pre-cracked. Again with the SENB specimens,
Chen et al. [290] measured the fracture toughness of three as-cast HEAs, i.c., the
Ali18Cr21Fe20Co20Ni21 with a bee structure, Alis sCra225Fe20Co020Ni22.25 with bee and fee phases, and
Al13Cr23 5Fe20Co20Ni23.5 with a fce structure, and reported 9, 11, and 53 MPam, respectively.
Given that validity checks were not performed in the original work, here we attempt to check if
the measured K|, values for the three alloys are actually Kjc. Firstly, we note that all samples used

have W = 6 mm, B = 3 mm and a = 3 mm. These dimensions lead to % = 0.5, meeting the

requirement posted in Equation (5.2). Then, we substitute K, and o,, listed in Table 5.2 into
Equation (5.3), and the calculations suggest that B and a for the AligCr2iFe20Co2oNizi,
Ali55Cr2.25Fe20C020Ni122.25, and Al13Cr23.5Fe20C020N123.5s HEAs need to be greater than 0.58, 2.21,
and 12.16 mm, respectively. From these checks, it is clear that 9 and 11 MPa~/m for the first two
alloys are valid Kjc values whereas 53 MPa~/m for the last alloy should be regarded as K. Seifi
et al. [303] utilized the same method to determine K, of the as-cast Alo..CrFeNiTio. to be 32 —35
MPa~/m, and K, of the as-cast AICrFeNi>Cu HEAs at room temperature and 473 K to be 40 —
45 MPavm and 46 — 47 MPa+/m, respectively. Following the same validity check procedure
outlined above, 32 — 35 MPa~/m for the first alloy is decided to be a valid K;c whilst the values
reported for the second alloy at both temperatures are not. Zhang et al. [305] and Mohanty et al.
[301] both measured the fracture toughness of the equiatomic AlCoCrFeNi alloy, but reported
vastly different values. Zhang et al. [305] synthesized the alloy using spark plasma sintering (SPS)
at 1473 K; the alloy consists of a disordered fcc phase and a duplex bcc phase comprising
spinodally-decomposed ordered and disordered bcc structures. The fracture toughness

measurements adopted SENB samples according to ASTM E399 [307], and K; = 25.2 MPavm
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was reported. On the other hand, the same alloy was made by Mohanty et al. [301] also with SPS
but at sintering temperatures of 973-1273 K. The alloy consist of a disordered fcc phase, an Al-Ni
rich L1 phase, and a tetragonal Cr-Fe-Co based o phase. The fracture toughness measurements
utilized single-edge-V-notched beam (SEVNB) samples based on the EN 843-1 standard [301],
and a minimum fracture toughness of 1 MPavm and a maximum value of 3.9 MPa+/m were
reported for the alloys sintered at 1273 K and 973 K, respectively. From the above comparison,
we can reason that the significant discrepancy in the fracture toughness of the AICoCrFeNi alloys
from the two separate works [301, 305] is primary originated from their dissimilar phase
constitutions inherited from their distinct SPS parameters. The difference in the testing standards
on which their fracture toughness measurements were based may also have some contribution but
should be minimal if both groups strictly followed their respective standard.

The fracture toughness, K., may also be determined with micro-sized samples. The
fracture toughness determination of the refractory NbasMoasTazsWas HEA with a bee phase falls
in this kind. The alloys were made into cantilever samples with a length of ~ 6-8 pm and a thickness

and width of 1.5 - 2 um. The fracture tests were conducted through the in situ TEM bending of the

micro-cantilever samples, also according to ASTM E399 but with a modified f (%) function, as

found in Ref. [289]. With this approach, K;- of the single-crystal samples and the bi-crystal
samples with a grain boundary were measured to be 1.6 and 0.2 MPa+/m, respectively. Both
samples are brittle, but the presence of the grain boundary can induce further embrittlement.

For materials that are unavailable in bulk sizes, their fracture toughness values may also be
determined from nanoindentation tests. In the widely used Vickers indentation, the fracture

toughness i1s determined by [308]

Kie=a (E)O'si (5.5)

H atls’

where E is the Young’s modulus, H is the hardness, P is the indentation load, and a is the radial
crack length from the indentation center to the crack tip. a is a proportionality constant depending
on the indenter geometry. Equation (5.5) can be adopted as well in nanoindentation tests except
that a sharp cube-corner indenter with a center-to-face angle of 35.3° should be used to facilitate
radial cracking in tested materials [308]. With the nanoindentation approach, the room-temperature

fracture toughness values of two 1.5 mm thick, laser-solidified HEA coatings, i.e., the
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FeCoNiCrAls with a bee phase and FeCoNiCrCuTiMoAISiBeo s with a mixture of a bee phase and
lath-like martensite, were measured as 7.6 and 50.9 MPa+/m, respectively.

If a material exhibits the appreciable plasticity during deformation, the direct measurement
of K, according to ASTM E399 [307] becomes inconvenient or impractical. This is because very
large sample sizes may be required in order to secure a plane strain condition at the crack tip and
ultimately valid K. values. As a result, using the J-integral or J-integral resistance curve on the
basis of the elastic-plastic fracture mechanics (EPFM) to determine the fracture toughness of these
materials becomes a favorable alternative. The detailed procedure of using this approach is
documented in ASTM E1820 [309]. Briefly, one firstly needs to determine a J-integral resistance
curve (i.e., the J-integral against the crack extension), from which the critical J-integral near the
onset of the ductile crack extension, /¢, is determined by intersecting the resistance curve with the
0.2 mm offset line. One can certainly use J;- to denote the fracture resistance of a material.

However, for an easy comparison with other materials, /- can be converted to K; through K, =

EJic
1-v2’

where E and v are the Young’s modulus and Poisson’s ratio, respectively. With SENB

specimens, Chung et al. [300] used this approach to measure the room-temperature K; of the as-
cast CoCrFeNiNbg s HEA with an eutectic structure, concluding with 11.4-14.8 MPa+/m. The fcc
CrMnFeCoNi HEAs exhibit extensive plasticity (the tensile fracture elongation > 0.55) after
undergoing casting, homogenization, cold forging, cross rolling, and annealing for
recrystallization [18], and are also suited for the J-integral method. By applying this method to the
compact-tension (CT) samples, Gludovatz et al. [18] determined that K;, for the CrMnFeCoNi
HEAs at 77 K, 200 K, and 293 K were 219, 221, and 217 MPavm, respectively. It is evident that
the Kj of this alloy is insensitive to temperature reduction, opposed to many conventional metal
alloys suffering from the ductile-to-brittle transition (DBT) upon cold-temperature exposures. This
characteristic enables this HEA to stand out as an excellent candidate material for applications

under extreme cold conditions.
5.1.3 Other measures

The crack-tip-opening angle (CTOA), defined as the angle made by two cracking flanks,
is another measure characterizing the resistance of materials to plastic fracture. It is primary

applicable to thin-sheet structures subjected to a plane-stress condition. The rationale behind using
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CTOA as a fracture-resistance criterion is that the attainment of a steady-state CTOA normally
implies that the stable crack growth prevails in materials. Usually, a high steady-state CTOA value
is indicative of the great crack propagation resistance and vice versa.

To determine the steady-state CTOA in a CoCrFeNiMno, HEA made by the powder
metallurgy and composed of a fcc matrix and Cr-rich precipitates, Li et al. [310] conducted in situ
SEM fracture tests on single-edge-notched-tension (SENT) samples (40 x 10 x 1 mm?® with a 1
mm long notch), and measured CTOA from the interrupted SEM images as a function of crack
extension, Aa. Ultimately, the steady-state CTOA was determined to be 18°. This value was
believed by the authors to be a relatively high value, indicating the alloy under investigation
possess high fracture resistance. Nevertheless, as this criterion is not used as frequently as others
introduced before, its comparison with other criteria to rank the fracture resistance of different

HEAs turns out to be unlikely.
5.1.4 Comparison with other materials

The Ashby plot of the fracture toughness against the yield strength is a useful tool to
evaluate the overall damage tolerance of materials. With the valid K;¢ data (K, values excluded)
and corresponding oy, in Table 5.2, in Figure 5.1 we outline the damage tolerance space for HEAs
alongside many traditional metals and alloys and other material classes. The damage tolerance of
HEAs covers a wide space, with the yield strength running from 294 MPa to over 5.7 GPa and the

fracture toughness from 0.2 to 232 MPa+/m. Note that some unrealistically high strengths (e.g.,

3770 MPa for FeCoNiCrCuTiMoAlISiBeos [306]) estimated from the hardness data with ¢, = g

are excluded from plotting considering the crudeness of this relation. Overall, the HEA domain
manifests a slight backward tilting, with fcc HEAs (e.g., CrMnFeCoNi [18]) having high fracture
toughness (217 — 232 MPa+/m) but low strengths (294 — 760 MPa), bcc HEAs (e.g.,
Ali5Cr21Fe20Co20Nia1 [290]) having low fracture toughness (0.2 — 9 MPa+/m) but high strengths
(1020 — 5700 MPa), and those with multiple phases located in-between. According to the phase
constitution, the entire HEA damage-tolerance domain can be roughly subdivided into three
subdomains, that is, the single-fcc-phase, single-bcc-phase, and multi-phase subdomains, which
are located at the top, bottom, and middle of the HEA domain, as demonstrated in Figure 5.1. In
this subdivision, one exception is the spark-plasma-sintered AICoCrFeNi HEA with fcc, L1,, and

tetragonal Cr-Fe-Co based o phases, which comprises multiple phases but its damage tolerance
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falls in the bcc subdomain [301]. This is probably because the spark plasma sintering itself
introduced certain fluctuations in the phase constitution and mechanical properties of the alloys
compared to those made from traditional casting. But, the splitting of the damage-tolerance domain
by the phase constitution is in general in line with the classical physical metallurgy wisdom that
fcc phases are soft yet ductile, while the bee phase are hard yet brittle.

In comparison with other materials, a large portion of HEAs are located at the top-right
corner of the Ashby plot, a direction that material scientists have strived to search for extraordinary
damage-tolerant materials. HEAs with a single fcc phase is usually limited by their low strength,
while those having a single bcc phase oftentimes are brittle. With proper compositional and
microstructural designs, HEAs with multiple phases, however, are likely to overcome both the
strength and ductility constraints, standing out as remarkable fracture-resistant materials.

Likewise, with the data at 77 — 298 K in Table 5.1, an impact energy — yield strength plot
is generated for HEAs whose fracture resistances are quantified by impact toughness. Such a plot
is given in Figure 5.2, together with some selected conventional metals and alloys. Based on the
phase constitution, HEAs in Figure 5.2 are separated into two groups. The first group is located at
the top left of the plot with high impact toughness (177 — 420 J) but low strength (155 — 610 MPa),
corresponding to those HEAs with a single fcc phase, such as the CoCrFeNi [293], CoCrFeMnNi
[64], Alop1CoCrFeNi [292, 293], and Alp3CoCrFeNi [292, 293]. The second group sinks down at
the bottom of the plot with the very low impact energy (< 12 J) but a wide span of strengths. The
majority of HEAs falling in this group comprise either a single bcc phase or combined phases,
with one exception being the Ali3Cr23s5Fe20C020Ni23.5, which has a single fcc phase [290]. This
trend, again, is roughly aligned with the long-established understanding about the mechanical
behaviors of fcc and bcc metals. Compared with other metal and alloys, the fcc CoCrFeNi,
Alp.1CoCrFeNi, and Alp3CoCrFeNi alloys indeed show superior impact toughness, but their
strengths are relatively low, disqualifying them as materials of high damage tolerance. All other
HEAs located on the bottom, on the other hand, possess extremely low impact toughness (0.29 —
11.45J), and are not suitable for high damage-tolerance applications. Like the Ashby plot in Figure

5.1, the top-left corner in Figure 5.2 is a desirable direction for HEAs to be more damage-tolerant.
5.2 Fracture toughness — fractography correlation

A common method of fractographic analyses is to perform post-mortem on failed samples,

mostly by virtue of SEM. Cleavage or quasi-cleavage, a mechanism of brittle transgranular
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fracture, is commonly observed on the fracture surfaces of HEAs with low fracture/impact
toughness, the majority of which are bece alloys and some of which are those with mixed phases.
For example, the bcc Al3CoisCr3CusFeisNiis HEA with K;- = 5.4 - 5.8 MPay/m manifests
isolated facets and river lines on its fracture surfaces [302]. The fracture surfaces of the bcc
Al15Cra1Fex0Co20Nia; with K;c = 9 MPa+/m and impact toughness of 0.29 J show fan-like fracture
features, which are in fact facets separated by river lines [290]. River lines and facets are also
noticed on the fracture surfaces of the bcc (TiZrNbTa)soMozo HEA [304], the fcc + bce
Aly55Cr225Fe20Co20Nixn2s with K;c = 11 MPay/m and an impact toughness of 0.36 J [290], as
well as the fcc + B2 Al; sCoCrFeNi with an impact toughness of 0.64-1.28 J [293]. The cleavage
fracture morphology is representatively shown in Figure 5.3 with the Al; sCoCrFeNi HEA [293].

Additionally, some HEAs with low fracture toughness may also be failed by intergranular

fracture along grain boundaries, such as the bcc NbasMoxsTazsWas bi-crystal with K =

1.6 MPa+/m [289] and the bce TiZrNbTa [304]. The bee (TiZrNbTa)ooMoio HEA even finds a
mix of intergranular fracture and transgranular cleavage on its fracture surfaces [304]. The
granular fracture morphology is another sign of brittle transgranular or intergranular failures, as
observed in the AICoCrFeNi HEA, which comprise fcc, L12, and tetragonal ¢ phases and has
K;c =1 —3.9 MPaym [301]. The SEM image of the fracture TiZrNbTa HEA in Figure 5.4
represents a intergranular fracture morphology [304].

HEAs with high fracture resistance, on the other hand, usually see dimples on their fracture
surfaces, which are known to be formed through the nucleation, growth, and coalescence of
microvoids. For instance, prevailing dimples are observed on the fracture surfaces of the fcc
CrMnFeCoNi HEA with K, = 217 — 221 MPa~\/m [18], the fcc FeasCo20Cr10NiisVio with K;c =
219 — 232 MPaym [311], as well as the fcc CoCrFeNi, fcc Alg1CoCrFeNi, and fcc
Alp3CoCrFeNi HEAs with impact toughness of 287-398 J, 292-491 J, and 329-415 J [293],
respectively. An example SEM-imaged fracture morphology of this type is shown in Figure 5.5 on
the FessCo20CrioNi115Vio HEA [311].

For those HEAs with intermediate fracture resistance, a mix of cleavage fracture and
dimples is usually seen upon their failures. A roughly half-and-half blend of river patterns (in the
bece phase) and dimples (in the fcc phase) was found for the AICoCrFeNi HEA as shown in Figure
5.6, which consists of a fcc phase and a duplex bec phase and has K;c = 25.2 MPay/m [305]. The
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fcc + bee Alg2CrFeNiTio» HEA with Ko = 32 — 35 MPay/m exhibits apparent faceted zones
with small-scale dimples on its fracture surfaces [303]. Likewise, the fcc + bcc
Ali0.5Cr24.75Fe20C020Ni24.75 with impact toughness of 11.45 J presents on its fracture surfaces a
mixture of dimples and tear ridges [290]. Note that the formation of tear ridges is due to the blend
of cleavage facets with areas of dimple ruptures.

To sum up, HEAs with low fracture toughness (e.g., ~ < 10 MPa~y/m ) or impact toughness
(e.g., ~ < 10)) normally fail by either transgranular cleavage characteristic of river patterns and
faceted zones or intergranular fracture featuring grained morphologies. The granular fracture
morphology also falls into this category but can be incurred by either transgranular or intergranular
failures. HEAs with high fracture toughness (e.g., ~ < 100 MPa\/m ) or impact toughness (e.g., ~
< 100 J) typically exhibit dimples formed from microvoid coalescence. Those HEAs having their
fracture/impact toughness in between, as one can imagine, display a blend of cleavage morphology
and dimples, sometimes a fused feature — tear ridges. Representative fractographs for commonly
observed fracture modes in HEAs, including transgranular cleavage, intergranular fracture,
dimpled fracture, and hybrid fracture blending dimples and cleavage, is given in Figure 5.3.
Overall, these morphologies have no difference with those found in conventional metals and alloys

with similar phase constitutions.
5.3  Fracture mechanisms

For a good understanding about why some HEAs possess superior fracture resistance (e.g.,
fcc CrMnFeCoNi [18]) while others suffer from brittle failures (e.g., bcc AlisCra1Fe20Co20Ni2g
[290]), examining their respective fracture mechanisms, from both macro and micro perspectives,
is imperative. Besides, revealing their fracture mechanisms is also instructive to designing future
fracture-resistant HEAs with deliberate compositional, microstructural, and/or processing
controls. We herein summarize the fracture mechanisms in a number of HEA systems and group
them by phase constitutions. In general, the portrayal of fracture mechanisms involves the
initiation and propagation of cracks and their interactions with such microstructural features as

phases, dislocations, twins, precipitates, etc.
5.3.1 In face-centered-cubic alloys

The fracture mechanisms in the fcc CrMnFeCoNi HEA are mostly studied in consideration

of its top-ranked fracture toughness among structural materials ever known. It is disclosed in
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several investigations that the extraordinary fracture resistance in this alloy at both room and
cryogenic temperatures is a consequence of the integrated intrinsic toughening and extrinsic
toughening mechanisms [308, 312, 313].

The intrinsic toughening involves accomplishing a reconciled competition between
ductilization and strengthening, two contradictory processes in many conventional materials.
Microscopically, the balance between the ductility and stain hardening is achieved through unusual
dislocation and twining activities in the vicinity of the crack tip, as revealed by in situ TEM

observations. In the first place, the good ductility is made possible in the alloy by (1) extensive
dislocation motions near the crack tip via glide of both perfect % (110) dislocations [18] and % (112)

type Shockley partials [312]; (2) the activation of numerous deformation twins [18, 312, 313]; (3)
the unceasing emission of partial dislocations from deformation twin boundaries with the aid of
the stress field ahead of the crack tip [312, 313]. In the second place, strain hardening is attained
by (1) the blockage of dislocation motions by stacking fault parallelepipeds [e.g., Figure 5.7(a))
formed from interacting stacking faults [312]; (2) the blockage of fast-moving partial dislocations
by planar slip bands of perfect dislocations, as shown in Figure 5.7(b) [312]; (3) the blockage of
moving dislocations at twin boundaries [83, 313]; (4) the trapping of sessile dislocations in
deformation twins, as demonstrated by the almost immobile dislocation arrays contained in Twin
1 and Twin 2 in Figure 5.7(c) [313]; (5) the deflection and/or blockage of propagating cracks at
deformation twin boundaries, as depicted in Figure 5.7(d) [313]; (6) the retardation of crack
propagation by plastic relaxation through twining and detwining inside the crack-tip plastic zone
[313]. One last note about twining is that reduced temperatures and increased loading rates [18,
293], in addition to the low stacking fault energy (SFE), can facilitate the formation of abundant
nano twins. This is why the fcc CrMnFeCoNi [18], fcc CoCrFeNi [293], and fcc Alo.1CoCrFeNi
[292, 293] HEAs can retain or even gain improved fracture/impact toughness at cryogenic
temperatures.

Additionally, crack bridging, as an extrinsic toughening mechanism, acts behind the crack
tip to resist crack opening, further toughening the alloy. Via in-situ TEM observations, it is
demonstrated that the nano bridges binding crack faces together are formed through extensive
shear along the (111) plane [313] or the interaction of two {111} slip planes [312], as given in
Figure 5.7(e). Crack bridging is perceived to take place at the later stage of deformation to impede

the extension of long cracks. What accompanies the crack bridging in Figure 5.7(e) is the formation
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of microvoids, besides which some nanotwins are visible. In fact, in the later investigations of the
fcc FeaoMnaoCo10Crio [314] and fcc CoCrFeNiMo [315], it was suggested also with in-situ TEM
straining experiments that deformation twins promote the nucleation and coalescence of
microvoids, which eventually can evolve into microcracks propagating along twin boundaries. A

typical TEM image of crack propagation along the twin boundary is given in Figure 5.7(e) [314].
5.3.2 In body-centered-cubic alloys

From Section 5.2, it is known that bcc HEAs fail by either transgranular cleavage or
intergranular separation. Since both processes involve very limited plasticity, the associated
fracture mechanisms in bcc HEAs is not expected to be as complex as in fcc HEAs. Like all other
materials, cleavage in bcc HEAs also results from the breakage of weaker bonds between atoms
on certain crystallographic planes. On the other hand, the intergranular fracture may be caused by
the segregation of impurities at grain boundaries. In the case of the bcc NbasMozsTaxsWas HEA,
the impurities segregated at grain boundaries are N, C, O and induced oxides (e.g., TaO and NbO)
and nitrides (e.g., TaN and NbN) [289]. N and O were inferred to be introduced during the sample
preparation and annealing processes, while C was believed to be inherent to the raw materials. The
segregation of these impurity elements at grain boundaries, particularly after their reactions with
alloying elements to form brittle oxides and/or nitrides, is detrimental to the fracture resistance of

HEAs.
5.3.3 In alloys with face- and body-centered-cubic phases

The AlCoCrFeNi HEA constitutes a fcc phase and two distinct bee phases accounting for
approximately 17.2% and 82.8% volume fractions, respectively [305]. The two bec phases are
enclosed by the net-like fcc phase, as illustrated in Figure 5.8(a) [305]. The duplex bcc phase is
further composed of a spinodally-decomposed ordered matrix rich in Al and Ni and disordered
precipitates rich in Fe and Cr, as shown in the magnified microstructure in Figure 5.8(b). The crack
in this alloy is found to propagate inside the fcc phase or along the fcc-bee interfaces. Given that
the fcc phase has a net-like distribution in the alloy, the crack propagation is forced to be curvy,
which retains a greater amount of the surface energy than the straight one. In addition, cracks could
be blunted and arrested by the ductile fcc phase, bridged by the fcc-phase or bee-phase fragments,

and deflected by the fcc-bee interfaces. All these mechanisms seen in Figure 5.8(c) work
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synergistically to toughen the AICoCrFeNi HEA, leading it to an intermediate fracture toughness
of 25.2 MPav'm [305].

5.3.4 In eutectic alloys

Some carefully-tailored eutectic microstructures may benefit the fracture resistance of
alloys by positively affecting crack propagation. Such a demonstration is found in the
CoCrFeNiNbo.s HEA with a hierarchical, lamellar eutectic structure comprising Laves and fcc
phases in approximately equal volume fractions [300]. The hierarchical eutectic microstructure
overall has an appearance of grain-like colonial network, as shown by the optical microscopy (OM)
image in Figure 5.9(a). Each colony is further composed of fine lamella structures and coarse
lamella structures, as revealed by the top and bottom insets respectively in the SEM image in
Figure 5.9(b), respectively. This particular hierarchical, lamellar eutectic structure intrinsically
toughens the alloy. In the coarse lamellar structure (spacing ~ 250 nm), cracks tend to initiate and
propagate inside the brittle Laves phase, but arrested and blunted by the ductile fcc phase, as
exemplified by the crack path rectangled in Figure 5.9(c). As cracks advance into the fine lamellar
structure (spacing ~ 70 nm), the roles of the Laves and fcc phases are reversed. Specifically, the
crack propagation takes place within the embrittled fcc phase but is detoured by the ductilized
Laves phase, as representatively illustrated by the rectangle region in Figure 5.9(d). Cleavage
fracture favors the fcc phase in this structure because the crack-tip plasticity is suppressed in
ductile lamellas whose thicknesses are smaller than two times the crack-tip plastic zone [300]. On
the other hand, the nano-sized Laves phase in the fine lamellar structure experiences a size
controlled brittle-to-ductile (BTD) transition, becoming ductile [300].

Furthermore, as cracks prefer to grow in the direction parallel to the local lamella, randomly
oriented lamellas in both the coarse and fine lamellar structures continuously alter crack growth
paths. Simply put, the lamellar structure causes crack deflection and detouring, as seen in Figure
5.9(e). Also, due to the vast difference in toughness of the Laves and fcc phases, the crack
propagation can easily become discontinuous, forming intermittent ligaments bridging crack faces,
as shown in Figure 5.9(e) [300]. With SEM imaging, the bridging ligaments are found to form in
the fcc phase in the coarse lamellar structure but in the Laves phase in the fine lamellar structure
[300]. The crack deflection and bridging triggered by the nature of the lamellar structure serve as

extrinsic toughening mechanisms, additionally improving the fracture resistance of the alloy.
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5.3.5 In precipitation-hardened alloys

In the precipitation-hardened HEAs, for example, the CoCrFeNiMoo.» alloy with a fcc
phase and Cr-rich intermetallic particles of 1-3 pm in diameter [310], the high fracture resistance,
as indicated by a 18° CTOA value [310], is suggested to be fulfilled by (1) excellent ductility and
work hardening of the fcc matrix; (2) the nucleation of microvoids by the debonding of
intermetallic particles from the fcc matrix [Figure 5.10(a)], followed by their growth and
coalescence; (3) remarkable crack-tip blunting through massive plastic deformation in the fcc
matrix [Figure 5.10(b)], mediated by both dislocation slips and twinning; (4) crack branching
[Figure 5.10(c)]; (5) the formation of tortuous crack propagation paths by merging microcracks
(evolved from microvoids) into main propagating cracks [Figure 5.10(d)]. The synergy of these
mechanisms eventually leads to ductile fracture of the alloy, featuring a dimpled fracture
morphology [310]. Likewise, the formation of microvoids by debonding intermetallic o inclusions
from the fcc matrix is also noted in the precipitate-containing CrFeNiV HEA [316]. Moreover, the
breakage of brittle o precipitates is also in part account for crack initiation in this alloy. Both
cracking mechanisms, depicted in Figure 5.11, together lead to ductile fracture, rather than

intergranular or cleavage fracture, in the alloy.
5.3.6 In metastable alloys

In the mechanically metastable FessMn30Coi10Crio HEA, it was revealed that the
asynchronous FCC [THCP martensitic transformation in adjacent grains act as the primary trigger
to cracking at grain boundaries [317]. The specific cracking process is illustrated with a series of
schematics in Figure 5.12(a). Consider generically two touching FCC grains with distinct
cryptographic orientations and propensities to the inception of dislocation slip and martensitic
transformation. The one more prone to dislocation slip yet less to martensitic transformation is
referred to as the compliant grain, whereas the other more prone to martensitic transformation yet
less to slip is referred to as the stiff grain. Upon straining, a relatively large fraction of HCP
martensite yet less slip forms in the stiff grain. By contrast, plenty of slip yet less martensite forms
in the compliant grain. Since martensitic transformation is usually accompanied by a volumetric
contraction, the asymmetrical character of the transformation as well as distinct crystallographic
orientations in two adjacent grains inevitably creates a localized strain gradient (justified, for

example, by a high density of geometrically necessary dislocations [317]) at where they meet —
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the grain boundary. This strain gradient promotes the nucleation and coalescence of microvoids at
the grain boundary, ultimately resulting in cracking. The progressive steps of such a fracture
mechanism are evidenced in Figure 5.12(b) by an array of SEM images taken at various load levels
during in-situ uniaxial tension, in which the lower-left and upper-right grains can be regarded as
the stiff and compliant grains, respectively. In actual tests, the matrix-inclusion decohesion is
another cracking mechanism in addition to grain boundary decohesion. Nevertheless, this
mechanism is secondary in consideration of its scale as a result of a small fraction of inclusions is

much smaller than the widespread phase transformation.
5.4 Summary and outlook

Analogous to many other metal alloys used today, HEAs as a large family of novel metallic
materials may also fail in a brittle manner by cleavage and intergranular fracture or in a ductile
manner by the nucleation, growth, and coalescence of microvoids. The HEAs with a single fcc
phase normally exhibit greatest fracture resistance with high fracture toughness and impact
toughness. On the other extreme, the fracture toughness and impact toughness in most single bcc-
phased HEAs are rather low, making them poor fracture-resistant materials. In the middle, the
HEAs with multiple phases could have their fracture toughness and impact toughness vary from
very small numbers to very large numbers, covering wider fracture-resistance space. Obviously,
the fracture behaviors of multi-phase HEAs are much more complex and elusive that those in
single-phase ones. The same is also true to the fracture mechanism. The brittle fracture
mechanisms in bcc HEAs are quite straightforward to understand. The ductile fracture mechanisms
in certain representative fcc HEAs have been exhaustively studied and revealed with advanced
microscopic techniques. On the other hand, due to the fact that cracks in multi-phase HEAs may
interact in significantly different manners with their microstructures such as the phases and phase
interfaces, the fracture mechanisms in these HEAs are least understood.

As of now, the fracture resistance of HEAs has been quantified with the fracture toughness,
K¢, conditional fracture toughness, K, impact toughness, and crack-tip-opening angle (CTOA).
The diversified usages of fracture-resistance parameters, particularly those non-standard ones like

Ky, create difficulty in ranking the fracture resistance of different HEAs. In future research, it is

recommend to follow ASTM or other standards to test and report standard fracture/impact

toughness, preferably Kjc. The use of K, should be minimized. Occasionally, different
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fracture/impact toughness values were reported for the same alloy in the works by different
authors, for example, the AICoCrFeNi in Refs. [305] and [301] as well as the Alo.1CoCrFeNi in
Refs. [292] and [293]. This is an implication that certain fracture tests performed were not rigorous
and unreliable. More cautions should be taken in future tests to ensure data reliability and
reproducibility. The fracture mechanisms revealed for HEAs so far do not distinguish HEAs from
conventional dilute alloys. The severe lattice-distortion and sluggish diffusion are two important
effects in HEAs. How these effects would affect the deformation, crack initiation, and crack
propagation in HEAs is still unclear and barely studied. Tracking down the roles of these core
effects in influencing the fracture resistance of HEAs is also a critical direction for the future

research.
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Table Captions

Table 5.1 Impact toughness and associated information (phase constitution, processing,

temperature T, yield strength o, fracture elongation &f, and test method) for a variety of high

entropy alloys.

Table 5.2 Fracture toughness K¢, conditional fracture toughness K, and associated information
(phase constitution, processing, temperature T, yield strength o,,, fracture elongation e, and test

method) for a variety of high entropy alloys.
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Figure Captions

Figure 5.1

Figure 5.2

Figure 5.3

Figure 5.4

Figure 5.5

Figure 5.6

Figure 5.7

Figure 5.8

Ashby plot of the valid fracture toughness, K., against the yield strength, depicting
the damage- tolerance domains of HEAs as well as conventional metals and alloys

and other material classes [308]. The dashed lines represent the process-zone size

2
% (%) at the crack tip. The graphing of HEA domains is based on the data in Table
f

5.2, with the K, data and some extreme strengths estimated from o), = g excluded.

Impact energy plotted against the yield strengths for HEAs in comparison with
other metals and alloys [308]. The graphing of HEA domains is based on the data
in Table 5.1.

Transgranular cleavage with river markings and facets in the Al;sCoCrFeNi HEA

with bce and B2 phases failed at room temperature [293].
Intergranular fracture in the bec TiZrNbTa HEA failed at room temperature [304].

Hybrid fracture blending dimples and cleavage in the AICoCrFeNi HEA with a fcc

phase and two distinct bce phases failed at room temperature [305].

Ductile fracture characteristic of numerous dimples in the fcc CoCrFeNiMo HEA

[315], failed at room temperature.

Deformation and fracture mechanisms in the (a-e) fcc CrMnFeCoNi and (f) fcc
Fe4oMnsoCo10Crio revealed by in-situ TEM observations. (a) Formation of a
stacking-fault parallelepiped, with faces lying on three sets of {111} planes [312].
(b) Blockage of fast-moving partial dislocations by planar slip bands of perfect
dislocations [312]. (c) Dislocation arrays are made sessile by being enclosed inside
Twin 1 and Twin 2 [313]. (d) Deflection and blockage of the propagating crack at
deformation twin boundaries [313]. (e) Crack bridging [312]. (f) Crack propagation
along the twin boundary [314].

(a) Back-scattered image (BEI) of the overall microstructure of the spark-plasma-

sintered AlCoCrFeNi HEA consisting of spinodally modulated bcc regions
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Figure 5.9

Figure 5.10

Figure 5.11

Figure 5.12

enclosed by fce “nets” [305]. (b) Secondary electron image (SEI) of the magnified
bce region revealing a spinodally modulated structure composed of ordered and
disordered bee phases [305]. (c) Crack propagation trajectory observed in a fracture

test [305].

Microstructures and crack propagation in the CoCrFeNiNbos HEA with
hierarchical, lamellar eutectic Laves and fcc phases [300]. (a) The dark field optical
microscopy (OM) image of the eutectic structure. (b) Scanning electron microscopy
(SEM) image of the eutectic structure with the top and bottom insets showing the
fine and coarse lamella regions, respectively. The crack propagation paths in the
(c) fine lamella region and (d) coarse lamella region, which contribute to intrinsic

toughening. (e) Extrinsic toughening by crack deflection and bridging.

Crack initiation and propagation in the CoCrFeNiMoo, HEA with a fcc matrix and
Cr-rich precipitates [310]. (a) SEM observation of microvoid nucleation by the
debonding of the Cr-rich intermetallic particles. (b) Crack tip blunting by plastic
deformation. (c) Crack branching. (d) Formation of the tortuous crack propagation

path by merging microcracks (evolved from microvoids) into the main crack.

Crack initiation by precipitate-matrix deboning and the breakage of brittle o
precipitates in the precipitate-containing CrFeNiV HEA, which fractured in a
ductile fashion [316].

Cracking formation in the mechanically metastable (FCCIIHCP martensitic
transformation) FessMn35Co10Crio HEA [317]. (a) Schematics and (b) in-situ SEM
images progressively showing the cracking mechanism at the grain boundary,
triggered by the asynchronous phase transformation in two adjacent grains of

different crystallographic orientations.
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6 Fatigue

Fatigue is the weakening of a material under repeated loading and unloading, and is broadly
classified as high-cycle fatigue (~10*— 10® cycles) and low-cycle fatigue (< 10* cycles). High-
cycle fatigue takes place when a material is cyclically deformed in the elastic regime at relatively
low stress levels (usually less than 2/3 of the yield stress). By contrast, the applied stress in low-
cycle fatigue normally exceeds the yield point of a material to induce repeated plastic deformation
in it.

Three approaches are commonly used to characterize the fatigue behavior of a material:
the stress-life method, the strain-life method, and the linear-elastic fracture mechanics (LEFM)
method [318]. High-cycle fatigue is normally quantified by the stress-life method through plotting
the magnitude of the cyclic stress (S) against the number of cycles to failure (N), i.e, the S-N curve.
Some materials, such as steel and titanium, can manifest a plateau stress on the S-N curve below
which the material will not fail for any number of cycles. This plateau stress is referred to as fatigue
limit, fatigue strength, or endurance limit. In some other materials, such as aluminum, such a
plateau stress is absent. In this case, fatigue limit is customarily decided to be the stress magnitude
at a fatigue cycle of 10”. Owing to plastic deformation, low-cycle fatigue needs to be assessed with
a strain-life method, usually presenting the plastic strain (Ag,) against the number of cycles to
failure (Nf). Regardless of high cycles or low cycles, a fatigue failure needs to successively
experience crack initiation, crack propagation, and ultimate failure, just like material fracture under
monotonic loading. Accordingly, both high-cycle fatigue and low-cycle fatigue may be

characterized by the LEFM method, specifically, recording the variations of crack-growth rates,

da . . : .
ﬁ, with the applied stress intensity factor range, AK.

The fatigue behavior of HEAs with a variety of microstructures, including the fcc single
phase, bce single phase, multiple phases, and eutectic microstructures, has been studied in air and
reported. The vast majority of fatigue studies focuses on high-cycle fatigue using the stress-life
method, with some on fatigue-crack-growth behavior and few on low-cycle fatigue. Prior to
elaborating the fatigue behavior of each category of HEAs, a few commonly used terms are defined

as follows,
Omi P . .
R = 2 or imin g the fatigue ratio,
Omax Emax

_ Omax—%min

0q = is the stress magnitude,
2
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E. —&Emi . . .
g, = —4X MR s the strain magnitude
a 2 D)

AK = K45 — Kimin 1s the stress intensity factor range,
where o,,,;, and o4, are the minimum and maximum loading stresses, &, and &4, are the
minimum and maximum loading strains, K,;, and K4, are the minimum and maximum stress

intensity factors.
6.1 Fatigue of face-centered-cubic high-entropy alloys
6.1.1 Low-cycle fatigue

The low-cycle fatigue of the fcc CoCuFeMnNi HEA with Cu-rich nano-clusters was
examined with uniaxial tensile tests at a strain ratio of R = —1, with the strain amplitude, ¢,
varying at four different levels, i.e., 0.5%, 0.75%, 1.0%, and 1.5% [319]. As many other traditional
alloys, the low-cycle fatigue behavior of the CoCrFeMnNi HEA follows the classical Coffin-
Manson relation

ea = €(2N;)’, (6.1)
where ¢ is a constant known as fatigue ductility coefficient, 2N is the number of reversals to
failure, and c is a constant known as fatigue ductility exponent. Fitting the Coffin-Manson equation
to the low-cycle fatigue data gives ¢ = 0.34, slightly lower than the typical range of 0.5-0.7 found
for steels [320]. Microstructural analyses suggested that planar slip in this alloy assisted in slip
reversibility and thus fatigue resistance whereas the presence of Cu-rich nano-clusters arrested slip
reversibility and therefore deteriorated fatigue resistance. It was found additionally that the
annealing twin boundaries are less vulnerable to fatigue damage and was supposed to improve the

alloy’s fatigue performance when present in a large quantity [319].
6.1.2 High-cycle fatigue

Among many other HEAs, the high-cycle fatigue behaviors of the fcc CoCrFeMnNi HEAs
are mostly studied to date. The studies include the alloys with a single fcc phase as well as those

with a fcc matrix and different types of second-phase precipitates, produced by different synthesis

techniques and thermo-mechanical treatments. The fatigue strength (o) and fatigue ratio (%) of

these alloys, along with other key information such as the processing history, phase constitution,
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fatigue testing condition, and strengths are compiled in Table 6.1. Their S-N data in the forms of
stress amplitude, o, versus reversals to failure, 2Ny, are all plotted Figure 6.1.

Even though all the data are for the CoCrFeMnNi HEA and its precipitate-containing
derivatives, very different fatigue behaviors are noticed in alloys from different reports, primarily
due to the variation in microstructures and testing conditions. As a matter of fact, apart from the
expectedly minor effect of synthesis techniques and thermo-mechanical processing histories, the
phase constitution, grain size, stress ratio R, and fatigue frequency are four major factors that could
alter the fatigue properties of the alloys. Though the deconvolution of all four factor is infeasible,
the effect of some of these factors can still be inferred from Figure 6.1. Firstly, by separately
examining the two groups of alloys, one being those comprised of a single fcc phase (solid circles)
and the other being those additionally containing second-phase precipitates (hollow circles), the
general trend seen is that the increase in both the grain size and fatigue frequency deteriorates the
fatigue resistance. Then, at similar other conditions, the comparison of the single-fcc alloys with
those having additional precipitates suggests that the fatigue resistance is worsened by the second-
phase precipitates. The stress ratio (R) effect is not unambiguous because of its intermingling with
other factors. But, in certain traditional alloys, it was reported that a negative R value (e.g., -1) in
comparison with a positive R value (e.g., 0.1) can impart better fatigue resistance than can [321,
322].

In addition, the Basquin equation
oq = A(2N;)’, (6.2)
was fitted to the measurement data, and the values of the two constants, A and b, for all alloys are

listed in Table 6.1.
6.1.3 Fatigue crack growth

The fatigue crack growth of the CoCrFeMnNi HEA at both 293 K and 198 K were
examined by carrying out cyclic fatigue tests at a stress ratio R = 0.1 and a frequency of 25 Hz on

homogenized and recrystallized disc-shaped compact-tension specimens, according to ASTM

E647 (323, 324]. The fatigue crack growth rate, ddTa, as a function of the applied stress intensity
f

range, AK, for the alloy at both temperatures is replotted in Figure 6.2(a) and the relevant data are

compiled in Table 6.2 [324].
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Examining Region I, the near threshold region, it is found that reducing the temperature
from 293 K to 198 K increases the fatigue threshold of the alloy AK,, from ~ 4.8 MPa - m®> to
6.3 MPa - m%>. As AK,,, reflects the threshold stress intensity range below which crack growth is
suppressed, this result is a clear indication that the cryogenic temperature can markedly improve
the alloy’s resistance to initial crack growth. This statement is also true in the whole Region I: at
a given AK, the alloy at 198 K constantly exhibits a crack growth rate around one order of
magnitude smaller than the alloy at 293 K.

The excellent cryogenic-temperature fatigue property of the alloy in Region I is essentially
in accordance with prior findings on its enhanced strengths, ductility, and fracture toughness
retrieved from monotonic testing at cryogenic temperatures | 18, 47|. Nevertheless, the underlying
microstructural mechanisms for the cyclic and monotonic material deformation of the
CoCrFeMnNi HEA are different. In cryogenic-temperature fatigue tests, the nanoscale
deformation twining, which are routinely found in monotonic tests, disappears [324]. Instead, the
planar slip of dislocations was believed to be the dominant deformation mechanism in the
cyclically strained alloys at both temperatures, as typified by the cyclic slip steps with sharp edges
in Figure 6.2(b) and its inset.

But, salient differences were observed on the crack propagation paths and fracture surface
morphologies of the specimens tested at two different temperatures. SEM imaging in Region I of
the room-temperature fatigued alloy revealed that cracks propagate predominantly in a
transgranular manner [Figure 6.2(b)] with small-scale intergranular crack growths [inset of Figure
6.2(b)]. Conversely, the crack growth in the cryogenic-temperature fatigued alloy primarily
follows intergranular paths, as evidenced in Figure 6.2(c). It is easily envisaged that an
intergranular crack propagation mode is inclined to engender greater surface asperities between
two facing crack flanks than a transgranular mode. Thus, the intergranular fracture in the
cryogenic-temperature fatigued alloy indeed promotes roughness-induced crack closure, a well
acknowledged crack closure mechanism in the low stress intensity range to lower the crack driving
force at the crack tip, thereby strengthening its fatigue resistance [325]. On the contrary, the
roughness-induced crack-closure mechanism is minimal in a transgranular fracture mode that
produces very limited asperities on fracture surfaces, as in the room-temperature fatigued alloy.
Besides, the high strength of the cryogenic-temperature alloy is helpful for retaining the roughness

whilst the low strength of the room-temperature alloy makes it susceptible to roughness flattening
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by plastic deformation [324]. These factors function jointly to cause greater fatigue resistance of

the CoCrFeMnNi HEA at the cryogenic temperature than that at room temperature in Region 1.
In Region II, i.e., the stable crack growth region, the CoCrFeMnNi HEA exhibit fairly

comparable fatigue crack growth rates at room and cryogenic temperatures. The crack-growth

behavior in this region is often described by the Paris power law,

da _ m

where C and m are constants. Fitting the Paris law to the ;Ta — AK data in Region II yields m =
f

3.5 for the alloy tested at 293 K and m = 4.5 for the one tested at 198 K.

Apart from the CoCrFeMnNi HEA, the fatigue crack growth behaviors of the other two
fcc HEAs, CoCrFeNi and CoCrFeNiMoo .2, at room temperature were also examined at the same
stress ratio of R = 0.1 and a similar frequency of 6 Hz using the single-edge-notched tension
(SENT) thin plate specimens [326]. Figure 6.2(d) compares the crack growths of all three fcc
HEAs at room temperature. Clearly, at a given stress intensity range AK in Region II, the
CoCrFeNi HEA undergoes the fast crack growth, followed by the CoCrFeNiMoo., then the
CoCrFeMnNi. It was suggested that the addition of Mo into the CoCrFeNi lowers the alloy’s
stacking fault energy [327] and increases the lattice friction and shear modulus, which
synergistically promote slip planarity, eventually resulting in enhanced slip reversibility at the
crack tip and thus better fatigue crack growth resistance [326]. Considering that planar slip also
prevails in the fatigue deformation of the CoCrFeMnNi HEA, it is reasonable to conjecture that its
significantly improved fatigue crack growth resistance relative to the CoCrFeNi is ascribed to the

same mechanism.
6.1.4 Fatigue mechanism

Cyclic deformation in the fcc HEAs (e.g., CoCrFeMnNi, CoCuFeMnNi, and
CoCrFeNiMoo.) typically features planar slip. Therefore, they should share a similar fatigue
mechanism. Here we take the CoCrFeMnNi as example to illustrate the fatigue mechanism in these
fcc HEAs. Under straining, a localized dislocation slip line can act as the fatigue crack initiation
site. Since multiple slip lines exist in the alloy, fatigue cracks are anticipated to initiate
simultaneously at different locations and coalesce as they grow. The initiation of multiple fatigue

cracks at slip lines and their coalescence are evidenced in Figure 6.3(a). Dislocation planarity also
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makes fatigue crack propagation no longer follow a typical mode-I mode. Instead, mode-II type
crack propagation characteristic of a zig-zag path constitutes the fatigue crack propagation
mechanism. Such a mechanism is schematically illustrated in Figure 6.3(b). Considering an
initiated crack, the stress field at the crack tip promotes localized dislocation slip, which can further
evolves into extrusion/intrusion and eventually a sub-crack upon cyclic loading. Then, the main
crack propagates and merges with the sub-crack to form a zig-zag propagation path.

Apart from planar dislocation slip, some researchers also suggested that annealing and
deformation twins in the CoCrFeMnNi could serve as the initiate sites and propagation paths of
fatigue cracks [328-330]. The competition of planar slip and twin boundaries in initiating and
propagating fatigue cracks is elucidated in Figure 6.4 [331]. The SEM images in Figure 6.4(a) and
(b), respectively, present the initiation and propagation of fatigue cracks along planar slip bands,
which penetrates a twin ahead, and along a twin boundary. Statistical analyses of over a hundred
of such SEM and EBSD images with fatigue cracks along either slips bands and/or twin boundaries
revealed that the Schmid factor difference between the matrix and twin governs the dominance of
which cracking mechanism. Depicted in Figure 6.4(c), irrespective of grain size, the increase in
the Schimid factor difference favors twin-boundary cracking and vice versa. At intermediate
Schimid factor differences, the dominance of any one of the two fatigue cracking mechanisms is
weakened and both categories of cracks can coexist, as indicated by the shaded band in Figure
6.4(c). Furthermore, as the grain size reduces, the threshold value of Schimid factor difference
migrates toward smaller values, implying that twin-boundary cracking is facilitated in fine-grained
alloys.

In addition, like many other metals and alloys, high-angle grain boundaries are also weak
spots prone to fatigue-crack initiation in HEAs. When second-phase precipitates is present in the

alloy, they act as additional fatigue crack initiation sites [330].
6.2 Fatigue of body-centered-cubic high-entropy alloys

6.2.1 High-cycle fatigue

The bcc HfNbTaTiZr HEA is a refractory alloy possessing both high strength and
satisfactory ductility, specifically having a yield strength of ~ 950 MPa and an uniform elongation
of ~0.15[332, 333]. The high-cycle fatigue properties of this alloy, after being cold-rolled and

annealed, were evaluated with four-point bending tests at room temperature [332]. The fatigue
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tests on this alloy were intended to carry out at a stress ratio R = 0.1 and a frequency of 10 Hz.
Nevertheless, the samples could not be fatigue-failed unless the maximum applied stress, o4,
exceeded the yield stress. As a result, plastic deformation indeed appears in the alloy during the
high-cycle fatigue testing, contrasting the elastic deformation constraint in the generic high-cycle
fatigue definition. An associated consequence is that the commonly used elastic beam bending
equation

_ 3P(So—Si)

Omax — T, (64)

turns invalid for estimating o,,,, On the plastically deformed fatigue samples, where P is the
applied load, S, is the outer span distance, S; is the inner span distance, w is the specimen width,
and h is the thickness. In other words, the stress distribution through the sample thickness no longer
follows a linear elastic distribution. Rather, plastic yielding will take place at the locations where
omax 18 1n excess of the yield stress. The stress distribution in a plastically bent beam is
schematically illustrated in Figure 6.5(a), where the nonlinear zones from p, to % and —pp to —%
indicate the plastic zones.

In this scenario, an elasto-plastic model has to be employed to estimate o,,,4,. With the
model outlined in Refs. [332, 334, the maximum stress in the plastic regime, ob, ., was evaluated
and plotted as a function of the number of cycles to failure, N¢, in Figure 6.5(b). It is seen that all
ob . data are located in a narrow range between the yield strength, ay, and the ultimate tensile
strength, oyrs. The o4, — Ny data also exhibit a typical trend that the fatigue life increases with
the decreasing stress level until reaching a plateau. In terms of the maximum stress, the fatigue
endurance is 966 MPa at 107 cycles. Plotting the widely used S-N curve in the form of stress
amplitude ¢, against N¢, however, does not yield a declining trend as usually observed. Instead,
all fatigue data stay around a constant %, of ~ 430 MPa, as shown in Figure 6.5(c). This is firstly
because the plastic deformation confines both oh,,, and % in a narrow range, secondly because
the actual stress ratio, RP, considering the plastic stress is not fixed at the intended value of 0.1.
Rather, RP varies from 0.105 to 0.145. In terms of the stress amplitude, the fatigue endurance of
the HINbTaTiZr HEA may be thought of as ~ 430 MPa.

It is easily envisioned that in the elasto-plastically fatigued HEA samples, the fatigue
failure is majorly dictated by the plastic deformation rather than elasticity as usual. The impact

of plastic deformation on the fatigue life of the HfNbTaTiZr HEA can be easily perceived from
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a plot of plastic width ratio, Pl,,, against N in Figure 6.5(d). The plot was generated using the
data above a stress level that the specimens assuredly failed, i.e., ob,,, > 977 MPa as marked

by the dashed line in Figure 6.5(b) [332]. Pl,, =1 — pr, where Py the distance from the neutral

2

plane to the initial yielding location, can be evaluated from

h/2 P(So=Si)) Oypp>
fpp 0,(e(2))zdz = (4W ) _ s (6.5)

where o, (e(z)) is the flow stress as a function of the strain. After obtaining a continuous
op (e(z)) function by performing a polynomial regression to the measured uniaxial true plastic
flow stress-true plastic strain data, the left side of Equation (6.5) can be evaluated and Py is thus

determined [332]. From Figure 6.5(d), it is clear that the increased plastic width tends to reduce
the fatigue life of the alloy. The reliance of the fatigue life of the HfNbTaTiZr HEA on the plastic

zone width can be empirically described by Pl,,, - Nfﬁ ' = (1, where g, and C; are constant.

6.2.2 Fatigue crack growth

The fatigue crack growth of the bcc HfNbTaTiZr HEA was studied with the four-point
bending tests of single-edge-notched bending (SENB) specimens at a constant stress ratio of R =
0.10 and loading frequency of f = 10 Hz in air and at room temperature [335]. Figure 6.6(a)
displays the resulting crack propagation rate, da/dNy, as a function of the applied stress intensity
factor range, AK, which obviously gives a Paris slope of m = 2.2 and a fatigue threshold of

AK,, = 2.5 MPa - m%>.

6.2.3 Fatigue mechanism

The EBSD images of the embryonic and mature cracks confirmed that fatigue cracks
initiated in an intergranular manner at grain boundaries on the tensile surface of the sample [332].
Unlike the very flat fracture surface usually seen in intergranular fractures, torn crystallographic
structures were noticed on the crack initiation site of the HfNbTaTiZr HEA. The formed non-flat
texture 1s presumably caused by the intersection of the activated slip planes with the grain
boundary. Once initiated, the fatigue cracks propagate through grains in a transgranular manner.
The crystallographic crack propagation is evidenced by the facets noticed on the fracture surface

of the ally failed at AK = 3.6 MPa in Figure 6.6(b), while numerous tear edges observed on the
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fracture surface at AK = 10.6 MPa in Figure 6.6(c) were presumed to be caused by the activation

of slip systems unfavorably oriented relative to the model-I loading [335].
6.3 Fatigue of metastable high-entropy alloys
6.3.1 Low-cycle fatigue

The low-cycle fatigue was conducted on the metastable, dual-phase FesoMn30Co1oCrio
HEA. This transformation-induced plasticity-assisted HEA (TRIP-HEA) consists of a metastable
fcc phase (y) and a hcp martensite phase (¢), and is best known for its simultaneous achievement
of the high strength and ductility via a synergy of interface hardening and transformation-induced
hardening as deformation drives a martensitic transformation from y to ¢ [ 19].

Two different sets of alloys, one with fine grains (average grain size d ~ 5 um) and ~ 3
vol% initial € phase and the other with coarse grains (average grain size d = 10 um) and < 1 vol%
initial £ phase, were obtained through different thermo-mechanical processing routes. Their low-
cycle fatigue behaviors along with dynamic microstructural evolution were investigated by

performing full reversed push-pull loading in a strain-controlled mode, with the applied strain
magnitude (%) varying from 0.23% — 0.6%. The phase evolution upon cyclic deformation is

similar to that under monotonic deformation | 19], namely, the martensitic transformation marches
on till the volume fraction of the ¢ phase reaches beyond 85 vol% [19, 103], as representatively
shown by the coarse-grained alloy in Figure 6.7(a). Nevertheless, the mechanical manifestations
are different for the two different loading modes. Under the monotonic loading, extensive strain
hardening was observed | 19]. On the other hand, no appreciable strain hardening in both the fine-
grained and coarse-grained HEAs was observed under low-cycle fatigue, as shown in Figure 6.7(b)
and (c), respectively [103].

It is, therefore, inferred that the underlying deformation mechanisms for the monotonically
and cyclically (in the low-cycle fatigue regime) deformed FesoMn30Co10Crio HEA are distinct. It
was postulated that the absence of strain hardening in the cyclically deformed alloy in the low-
cycle fatigue regime is due to the planar nature of slip and partial reversibility of deformation,
which impair the interaction between the e-martensite and dislocations [ 103]. But, this postulation

is not quite convincing and may still require further justification.
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6.3.2 High-cycle fatigue

The group led by R.S. Mishra modified the FesoMn30Co10Crio HEA to another two
metastable compositions — Fe4xMnogCri5Co10Sis [ 93, 99] and Fesg sMn2oCo20Cri5SisCui.s [336], in
which Si and Cu are used to tune the phase stability of the FCC phase. With the use of multi-pass
friction stir processing (FSP), mean grain sizes of ~ 1.97 um and ~ 0.77 um were achieved for the
Fe4xMn2gCri5Co10Sis [93] and Fess sMnooCo20Cri5SisCuis HEAs, respectively [336]. The high-
cycle bending fatigue data of the both alloys, conducted at R = —1 and a frequency of 20 Hz, are
provided in Figure 6.8(a), from which it is seen that the fatigue strengths of the
Fe42Mn23Cr15C010Sis5 and Fesg sMn20Co20Cri5SisCui s HEAs are ~ 535 MPa and 700 MPa. Taking
into account of the ultimate tensile strengths of 1158 MPa for the former and 1126 MPa for the
latter, their respective fatigue ratios are 0.46 and 0.62, respectively. In comparison, the
Fesg sMn20Co20Cr15SisCurs HEA has both higher fatigue strength and fatigue ratio than the
FesxMn2sCri5Co10Sis HEA. Superimposed are the Basquin fits with Equation (6.2), with the values
of fitting parameters listed in Table 6.1.

6.3.3 Fatigue crack growth

The Fe3oMni9Co10Cr HEA is another metastable HEA with a fcc matrix (y) and a hcp
martensite phase (¢). Its fatigue crack growth behavior was investigated on compact tension

samples with a stress ratio R = 0.1 and a frequency of 1 Hz, in accordance with ASTM standard

E647 [94, 323]. Its crack growth rate, ddTa, as a function of the applied stress intensity range, AK,
f

is given in Figure 6.9. By fitting Equation (6.3) to the data, the Paris slope is determined to be m =
3.5. The examination of the crack propagation revealed a straight and smooth path in this alloy, in
a sharp contrast to the zig-zag crack propagation in the conventional austenitic steels (e.g.,
Fe3oMn6si) with a similar deformation-induced y — & martensitic transformation [94, 337].
However, the microstructural evolution inspection around the crack tip revealed that extensive
plastic deformation had taken place in the ¢ phase. The high plastic deformability of the ¢ phase in
the present HEA contrasts its brittleness in conventional metastable austenitic steels, and was
believed to slow down the fatigue-crack growth [94]. Like the FesoMn30Co10Crio HEA undergoing
low-cycle fatigue, deformation twins observed in the monotonic deformation of the same alloy

[19] is absent under the cyclic fatigue [94].
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6.3.4 Fatigue mechanism

The good high-cycle fatigue property of the metastable FesxMnsCrisCo10Sis HEA is
attributed to the delay of crack propagation by crack blunting, crack branching, and crack
deflection at the crack tip [93], as illustrated in Figure 6.8(b). One source of crack blunting,
branching, and deflection is the localized work hardening entitled by the prevailing FCC [ HCP
transformation in the plastic zone [93]. The other source is the formation of deformation twins in
the HCP phase in the plastic zone, a direct result of which is that cracks branch or deflect along
the formed twin boundaries, as demonstrated in Figure 6.8(c). Likewise, the FCC [ HCP
martensitic transformation plays a crucial role in retarding fatigue crack propagation in the
metastable Fesg sMn20Co20Cr15SisCuis HEA [336]. Figure 6.8(d) clearly shows that pronounced
FCC [0 HCP transformation has taken place in the vicinity of the crack tip. Furthermore, the

ultrafine grains in this alloy contribute to delaying fatigue crack initiation.
6.4 Fatigue of eutectic high-entropy alloys
6.4.1 High-cycle fatigue

The as-cast AlICoCrFeNi»; HEA, abbreviated as EHEA., features a eutectic structure
comprising ordered fcc (L12) and bee (B2) lamellae [338]. Its lamellar structure along with the
fraction of each phase is shown by the EBSD image in Figure 6.10(a). The magnified eutectic
structure further reveals that the bcc phase contains numerous Cr-rich nanoprecipitates [338], as
pointed out by the arrow in the BSE image of Figure 6.10(b). Subjecting EHEA. to 50% cold-
rolling followed by heat treatment at 700 °C for 12 h induced the recrystallization of both fcc and
bce phases, ultimately leading to a hierarchical eutectic structure in the worked HEA, hereafter
referred to as EHEAy,. The recrystallized eutectic structure in EHEAy is illustrated by the EBSD
image in Figure 6.10(c). The structural hierarchy can be viewed from the enlarged BSE image in
Figure 6.10(d), from which it is seen that B2 particles of various morphologies precipitate out in
the ordered fcc lamellae while Cr-rich nanoparticles are detected within the ordered bec lamellae.

The high-cycle bending fatigue of both EHEA. and EHEAy, was investigated with a
custom-made tabletop mini-fatigue fixture at R = —1 and 20 Hz frequency [338]. The resulting S-
N curves for both alloys are presented in Figure 6.10(e). It is clear that the hierarchy in the eutectic

structure bestow improved fatigue life on EHEA, in comparison to EHEA. at any identical stress
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amplitude. Also, EHEA, possesses an endurance limit of ~ 500 MPa, which is 28.2% higher than
~390 MPa for EHEA.. Lines in Figure 6.10(e) are Basquin fits with Equation (6.2), with the values

of fitting parameters given in Table 6.1.
6.4.2 Fatigue mechanism

The fatigue mechanism of both alloys were investigated by examining crack initiation and
propagation separately, according to that the total number of cycles to failure can be decomposed

into number of cycles to crack initiation and number of cycles to crack propagation, i.e., Ny =
N; + N,. For addressing the number of cycles to crack initiation, N;, the full history of fatigue
cycles at o, = 600 MPa for EHEA. and 700 MPa for EHEAy, is plotted in Figure 6.10(f). The

crack initiation can be detected as an abrupt change in the slope of the curves. The fatigue cycles
at which crack initiation is detected for EHEA. and EHEA,, are 30,000 and 85,000 cycles,
respectively, as indicated in Figure 6.10(f). Clearly, the hierarchical eutectic structure substantially
postpones crack initiation in EHEAy, even at a higher stress amplitude than that in EHEA..

It is known that fatigue cracks usually initiate along persistent slip bands (PSBs) or at the
locations that PSBs interact with grain boundaries or twin boundaries [338, 339]. In the eutectic
structure of EHEA., clearly defined PSBs can be easily trigged in the fcc phase through planar
slips, as depicted in Figure 6.10(g). These straight, well-defined PSBs in EHEA. are low energy
pathways for facilitated fatigue crack initiation either along them or at the fcc-bee interfaces. On
the other hand, planar slips and thus straight PSBs are hindered in EHEA due to the presence of
B2 particles in the fcc phase. Instead, the B2 particles tend to bend or deviate PSBs, as shown in
Figure 6.10(h), through which PSBs are broken into small segments to delay the crack initiation.

The B2 particles in the fcc phase is also supposedly to improve the number of cycles to

crack propagation (N,) in EHEAy by deflecting the crack propagation paths. Counterintuitively,
Figure 6.10(f) sees a shorter N, in EHEAy than in EHEA.. This reason for this unexpected

tendency is still unclear and may deserve further investigations.
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6.5 Fatigue of multi-phase Al-Cr-Fe-Ni high-entropy alloys
6.5.1 High-cycle fatigue

In the AIl-Cr-Co-Fe-Ni HEA system, the high-cycle fatigue properties of the
AlpsCoCrCuFeNi [340, 341], Alo3CoCrFeNi [342], and Alo7CoCrFeNi [343] have been
characterized. As shown in Figure 6.11(b), the AlpsCoCrCuFeNi has a duplex microstructure
comprising of a dendritic fcc phase (dark color) and a Cu-rich interdendritic fcc phase (light color)
[340]. The Alo3CoCrFeNi is characteristic of a triplex microstructure containing the ultrafine-
grained fcc matrix phase, and nano-sized B2 and tetragonal Fe-Cr-rich ¢ precipitates formed at
grain interiors and boundaries, as shown by the EBSD phase map in Figure 6.11(c) [342]. The
homogenized Alo7CoCrFeNi [343] consists of fcc and B2 phases while the annealed
Alp7CoCrFeNi is composed of fcc and B2 phases plus nano-sized L12 precipitates, as shown in
Figure 6.11(d) and (e), respectively.

The room-temperature bending fatigue properties were examined at R = 0.1 and a
frequency of 10 Hz for the AlosCoCrCuFeNi HEA [340, 341] whereas at R = —1 and 20 Hz
frequency for the Alo3CoCrFeNi [342] and Alp7 CoCrFeNi HEA [343]. The S-N curves along with
Basquin fits for all alloys are given in Figure 6.11(d) [340-342], while detailed fatigue data along
with other associated information are listed in Table 6.1. When comparing the Alo3CoCrFeNi with
the Alo.7 CoCrFeNi of two distinct microstructures, it is clear that they all have comparable fatigue
performance, with the fatigue strengths in the range of 410 — 460 MPa. It may imply that the fatigue
properties of the AlxCoCrFeNi HEAs are insensitive to microstructural alternations. On the other
hand, both the Alp3CoCrFeNi and Alp.7 CoCrFeNi HEAs manifests superior fatigue resistance to
the AlpsCoCrCuFeNi HEA, who has a fatigue strength of 360 MPa. Note that the
AlpsCoCrCuFeNi HEA made from high purity raw materials (> 99.9%) and with minimized pre-
existing defects is selected for comparison. The same HEAs made from less pure raw materials
were reported to exhibit great scatter in their S-N fatigue data due to the presence of pre-existing
defects such as aluminum oxides, cracks and pores introduced during casting or cold-rolling [340,

341].
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6.5.2 Fatigue crack growth

The fatigue crack growth of the as-cast Alo2CrFeNiTio» and AICrFeNi>Cu HEAs, both
having a dendritic structure composed primarily of fcc and bee phases, was studied at a frequency

of 20 Hz according to ASTM E647 [303, 323]. At a stress ratio R = 0.1, the crack growth rate,
Cfi—aNf, as a function of the stress intensity range, AK, for both alloys is comparatively plotted in

Figure 6.12(a) [303]. Compared to the Alp>CrFeNiTio» HEA, which has a fatigue threshold of
AK,, = 16 MPa-m®5 and Paris slope of m = 4.9, the AlCrFeNi>Cu HEA possess a slightly
larger AK,), of 17 MPa - m®5 and smaller m of 3.4. In both the near threshold region (Region I)
and the stable crack growth region (Region II), the latter shows greater crack growth resistance
than the former. As in many other conventional metals [344-346], Figure 6.12(b) shows that
increasing the stress ratio, R, tends to shift the entire crack growth curve towards the small AK
region (smaller AK}y,), thereby deteriorating the crack propagation resistance of the alloy. More
fatigue crack growth data of these two alloys can be found from Table 6.2.

Fractographic examinations with SEM revealed that the AlCrFeNiCu HEA exhibited
fatigue striation in the Paris law regime, and a combination of faceted brittle cleavage and ductile
dimple-like features in the final failure stage, whereas the fracture surfaces of the Alp>CrFeNiTio
HEA is characteristic of much more extensive faceted brittle appearance with very limited ductile
dimple-like features [303]. The observed fractographic features are well correlated with their
respective crack growth rates, i.e., the relatively large-scale ductile fracture features in the
AICrFeNi;Cu HEA retards the crack growth rate in this alloy whilst the predominance of brittle
fracture features in the Alo2CrFeNiTio2 HEA makes it amenable to fast crack growth.

6.5.3 Fatigue mechanisms

6.5.3.1 In AlpsCoCrCuFeNi

A very first act to comprehend the fatigue mechanism is to examine fractographs. Figure
6.13(a) gives the overall view of the fatigue-failed surface of the AlpsCoCrCuFeNi HEA made
from high purity raw materials (> 99.9%) [341]. Like many other crystalline metals, three distinct
regions can be recognized: the crack initiation region, the stable crack propagation region, and the
fast fracture region. The zoomed-in image of each region is given separately in Figure 6.13(b) and

(c). In Figure 6.13(b), it is obvious the fatigue cracks initiate from multiple pores (and/or oxide
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inclusions), thereafter leading to varyingly oriented striations in the course of crack propagation.
In the stable crack propagation region in Figure 6.13(c), a mix of fatigue striations and cleavage
facets is seen, indicating that the fatigue cracks propagate in both ductile and brittle manners.
Finally, the fast fracture region in Figure 6.13(d) manifests numerous dimples, implying ductile
fracture in this region. The initiation of fatigue cracks from oxides is confirmed by a spotlighted
oxide in Figure 6.13(e) [341], around which fatigue cracks initiate and extensive plastic
deformation is noted. In addition, fatigue cracks are also noticed to form along slip bands as shown
in Figure 6.13(f) [341].

Further TEM analyses of the undeformed structure revealed that the HEA contained
nanotwins and tangled dislocations even prior to fatigue testing. Cyclic deformation triggered the
evolution of more pronounced nanotwins and tangled dislocations. It was anticipated that a large
amount of nanotwins had already been induced by cyclic deformation prior to crack initiation. The
nanotwins promote working hardening, delay crack initiation, and contribute to the fatigue

resistance of the alloy [18, 341].

6.5.3.2 In Alp3CoCrFeNi

In the Alo3CoCrFeNi HEA with fce, B2 and ¢ phases, fatigue cracks were observed to
initiate and propagate along the interface between the fcc matrix and hard second phase particles
(B2 and o), as illustrated in Figure 6.14(a) [342]. These interfacial cracks are believed to be
transformed from the accumulation of numerous geometrically necessary dislocations (GNDs) at
the phase interfaces, which are necessary to accommodate compatible deformation of different
phases [342]. Analogous to the duplex AlpsCoCrCuFeNi HEA, extensive micro- and nano-sized
deformation twins were observed in the fcc matrix of the triplex Alo3CoCrFeNi HEA as shown in
Figure 6.14(b), which can intensify working hardening, and thus give rise to a high fatigue strength
[342]. The pile-up of dislocations at fcc/B2 or fcc/o interfaces is thought to advocate the formation

of deformation nano-twins [342].

6.5.3.3 In Alp7CoCrFeNi

The crack trajectories of the Alp.7CoCrFeNi HEA with two different microstructures, one
consisting of fcc and B2 phases while the other comprising fce, B2, and L12 nano-sized particles,

are shown in Figure 6.15(a) and (b), respectively [343]. In both cases, the cracks can initiate from
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two locations, that is, at the fcc/B2 lamellar phase boundaries and at persistent slip bands (PSBs).
Crack propagation in a zigzag pattern along the persistent slip bands is observed for both cases.
By measuring the angles made by intersecting persistent slip bands, it is confirmed the activation
of various {111}<110> slip systems. The presence of the L1, nano-sized particles seems not affect
the fatigue mechanism appreciably. It was inferred that these nano-sized precipitates were sheared
by dislocations during cyclic deformation, thereby not resulting in appreciable difference in the

fatigue performance of the alloy with two distinct microstructures.
6.6 Fatigue of films

The fatigue characterization of HEA films is still nascent. Two preliminary studies were
carried out on the fcc CoCrFeNi film [347] and the (FeCoNi)2s(AlTiZr)7s film with a mixture of
fce and the amorphous phases [348], by means of dynamic nanoindentation testing. As the surface
of thin films is cyclically loaded at a given frequency, fatigue failure will take place at certain
cycles.

The fatigue failure in the ~ 2.98 pm CoCrFeNi film sputtered on the Si substrate was

probed by monitoring the changing rate of the nanoindentation penetration depth with respect to
the fatigue cycle (i.e., %) as fatigue marches on [347]. It was revealed that the nanotwined
CoCrFeNi films with a grain size of ~ 7.8 nm exhibit history-independent fatigue responses with

dh . . . . . .

= being almost zero throughout full cycles, in contrast to the progressive failure in the bulk,
. . ... dh . -

coarse-grained counterparts with positive o values, as schematically shown in Figure 6.16(a). The

L . dh . . . . . . .
variations in —- imply that the nanotwined CoCrFeNi film has superior fatigue resistance to its

coarse-grained counterpart, as also confirmed by the atomic force micrographs of damaged
surfaces [347].

Another way of examining the nanoindentation fatigue in films is to detect the sudden drop
of the contact stiffness as fatigue cycle increases. This was adopted in the fatigue study of the
(FeCoNi)25(AlTiZr)7s film [348]. As shown in Figure 6.16(b), a sudden drop in the contact stiffness
of the film is noticed to happen at the time of 312 s, corresponding to a fatigue life of 1.40 x 10*
cycles.

Like other thin films, the nanoindentation fatigue mechanism in HEA thin films is thought

to follow three consecutive stages: compressional deformation stage, the buckling and layering
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stage, and the crack and delamination stage, as schematically depicted in Figure 6.16(c). The
sudden drop of the contact stiffness, which signifies the initiation of the fatigue failure, occurs in

the second stage.
6.7 Comparison

6.7.1 High-cycle fatigue

o‘af

oyrs’

The fatigue strength o, fatigue ratio and coefficients of the Basquin fitting equation

of all HEAs characterized to date in air and at room temperature are compiled in Table 6.1.
Alongside given is relevant information on processing, microstructure, testing, and uniaxial
mechanical properties. The compilation only takes into account the alloys that have experienced
cyclic elastic deformation but excluding the bcc HfNbTaTiZr HEA in which plasticity already set
in. While the high-cycle fatigue S-N data of the HEAs categorized in the same group by phase
constitution are compared and discussed in the preceding sections, the high-cycle fatigue of HEAs
of distinct alloy categories are compared in Figure 6.17(a) by picking representative alloys from
each category. For clarity, the S-N data for each HEA are overlaid with trend lines resembling
Basquin fits. It is reminded that the HEAs in comparison have different grain sizes. Also, most of
the HEAs have fatigue tests conducted at a stress ratio R = —1 with the only exception being the
duplex AlopsCoCrCuFeNi HEA with R = 0.1. The loading frequencies are in the rang of 10 — 30
Hz.

From Figure 6.17(a), it is seen that the Fes2Mn23Cr15Co10Sis HEA with a metastable fcc
phase and a hcp martensite phase exhibits a highest fatigue strength of 535 MPa, followed by the
wrought eutectic AICoCrFeNi>; (EHEAyw) with a fatigue strength of 469 MPa, the triplex
Alo3CoCrFeNi at a level of 450 MPa, and the duplex Alp7CoCrFeNi with 410 MPa. The duplex
AlosCoCrCuFeNi have an intermediate fatigue strength of 361 MPa. The lowest fatigue strength
occur to the fcc CoCrFeMnNi, with a value of 190.

To offset the strength effect in Figure 6.17(a), the fatigue ratio is obtained by normalizing
the fatigue strength o, by the ultimate tensile strength oy and plotted in Figure 6.17(b). This
time, the metastable FesxxMn2sCrisCo10Sis remain on the top, followed by the triplex
Alo3CoCrFeNi HEA and then the duplex Alo7CoCrFeNi. The duplex AlosCoCrCuFeNi sinks to
the very bottom, just next to the fcc CoCrFeMnNi. The wrought eutectic AICoCrFeNi>.1 HEAs
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(EHEAy) is located in the middle. Considering Figure 6.17(a) and (b) jointly, the metastable
Fe4x:Mn2sCri5Co10Sis HEA possess superior fatigue resistance to all other HEAs. On the other
hand, the fatigue resistance of fcc CoCrFeMnNi is close to the worst.

Prior comparisons with other crystalline and non-crystalline alloys indicate that the fatigue
strength and fatigue ratio of the duplex AlosCoCrCuFeNi outperformed some steels, aluminum
steels, nickel alloys, titanium alloys, and superalloys [258, 340, 341]. Considering that the duplex
AlpsCoCrCuFeNi HEA is a low performer in Figure 6.17(b) and a middle performer in Figure
6.17(a), it is not implausible to infer that the majority of HEAs investigated so far have superior
fatigue resistance to many conventional metallic materials.

From Table 6.1, it is seen that the investigated HEAs have fatigue ratios, ;57{5,

varying
from 0.2 to 0.62. Comparing to many steels, aluminum alloys, magnesium alloys, nickel alloys,

titanium alloys, and bulk metallic glasses which have 0.15 < :Lf < 0.35[332], HEAS shift up to
UTS

a high-fatigue-ratio region.
6.7.2 Fatigue crack growth

Likewise, important fatigue-crack-growth properties of investigated HEAs such as the

threshold stress intensity AK;, and Paris slope m are complied in Table 6.2 along with associated
information. The crack growth rate dd—a Ny as a function of the stress intensity AK for HEAs tested

at room temperature, a stress ratio of R = 0.1, and loading frequencies from 1 Hz to 25 Hz is
selected to plot in Figure 6.18 for comparison. In terms of the threshold stress intensity AK;p, the
bec HfNbTaTiZr holds a smallest value of 2.5 MPa-m®5 (easiest fatigue crack initiation),
followed by the fcc CoCrFeMnNi with AK,;, = 4.8 MPa - m®%, the duplex Alo>CrFeNiTip» with
AK,, = 16 MPa - m®°, and lastly the duplex AICrFeNi,Cu with AK,, = 17 MPa - m®> (hardest
fatigue crack initiation). In the nearly full stress intensity range, the duplex AlICrFeNiCu has the
slowest fatigue growth rate while the highest is found to the fcc CoCrFeNi and CoCrFeNiMoo...
All other HEAs have intermediate fatigue crack growth rates. Overall, the bcc HINbTaTiZr HEAs
has the most inferior fatigue-crack growth resistance while the resistance in the duplex
AICrFeNi>Cu is the most superior.

In prior comparisons, it was suggested that the fatigue-crack-growth resistance of the fcc

CoCrFeMnNi HEA exceeded the Inconel 718 superalloy and was comparable to the 304L steel,
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TWIP-XIP1000 steel, and Zrs1.2Ti13.8Cu12.5sNi10Be2z s bulk metallic glass [258, 324]. Considering
that the duplex Alp2CrFeNiTio2 and AICrFeNi;Cu HEAs outperform the CoCrFeMnNi, it implies
that the two Al-containing HEAs are in possession of favorable fatigue-crack-growth resistance in

comparison with many conventional metal alloys.
6.8 Summary and outlook

The fatigue behaviors of a couple of bulk HEAs with varying compositions and
microstructures have been investigated. The investigations essentially cover bulk HEAs with
single face-centered cubic phase (e.g., CoCrFeMnNi), single body-centered cubic phase (e.g.,
HfNbTaTiZr), dual phases accompanying phase transformation (e.g., FesoMn3oCoi1oCrio and
Fe4>Mn23Cr15Co10Sis5), eutectic phases (e.g., AlCoCrFeNiy), and multiple phases (e.g.,
Alp3CoCrFeNi and AlCrFeNi;Cu). The investigation primarily focused on the high-cycle fatigue
and fatigue crack growth, with few on the low-cycle fatigue. Nearly all the fatigue tests were
conducted in air at room temperature with a few at cryogenic temperatures. Fatigue mechanisms
in certain HEAs were suggested by virtue of fractographic or microstructural observations with
microscopes such as scanning electron microscopes (SEM) and transmission electron microscopes
(TEM). Overall, fatigue data in bulk HEAs are rather scattered, with some exhibiting superior
fatigue resistance to many conventional metallic materials at comparable conditions. In addition,
there are also some initial attempts in examining the fatigue behavior of HEA films [e.g.,
CoCrFeNi and (FeCoNi)»s(AlTiZr)7s | with nanoindentation techniques.

Nevertheless, what we can only draw from the existing scattered data is that certain HEAs
may potentially serve as high fatigue-resistant structural components. But, this is not conclusive
until we do more in-depth fatigue investigations, particularly in revealing the fatigue mechanisms
linked with their excellent fatigue resistance. Fatigue mechanisms disclosed in alike alloys are
sometimes contradictory. For instance, in one study of the fcc CoCuFeMnNi it was suggested that
twin boundaries were resistant to fatigue damage [319] while in the other of CoCrFeMnNi they
become crack initiation sites [331]. Besides, the present studies are mostly limited to in-air and
room-temperature conditions. Considering that many HEAs particularly those known as refractory
HEAs have great potential for high-temperature applications, such as in gas turbine engines,
investigations of the thermal fatigue or the fatigue at elevated temperatures of these alloys should

be considered in the future research. Likewise, some HEAs exhibit remarkable corrosion resistance
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[349-352] and may be promising for applications in corrosive environments (e.g., bio-applications
in human bodies). In consideration of this potential, it is also meaningful to evaluate the corrosion

fatigue of HEAs with potential applications in corrosive environments.
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Table Captions
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Table 6.1 High-cycle fatigue properties (fatigue strength o, fatigue ratio

of the Basquin equation) of HEAs in air and at room temperature. Alongside shown is the
information on the thermomechanical processing, phase constitution, average grain size d, uniaxial

yield strength o, ultimate tensile strength o7, and fatigue testing parameters such as the stress

ratio R and loading frequency f.

Table 6.2 Fatigue crack growth properties (threshold stress intensity range AK;, and Paris slope
m) of HEAs. Alongside shown is the information on thermomechanical processing, phase
constitution, grain size d, testing temperature T, stress ratio R, testing frequency f, and testing

method.
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Figure Captions

Figure 6.1

Figure 6.2

Figure 6.3

Figure 6.4

Figure 6.5

S-N data, in terms of the stress amplitude o, against the number of reversals to
failure 2Nf, of the CoCrFeMnNi HEAs tested at different conditions, lines

indicating the Basquin fits. Associated alloy and testing information is found in

Table 6.1.

. d . . .
(a) Fatigue crack growth rate, ﬁ, versus the applied stress intensity range, AK, of

the CoCrFeMnNi HEA at 293 K and 198 K [324]. Fractographs of the
CoCrFeMnNi HEA fatigued at (b) AK ~ 6 MPa - m%° and 293 K and (b) AK =~
6.9 MPa - m®> and 198 K [324]. (c) Comparison of the fatigue crack growth rates
of three fcc HEAs, namely, the CoCrFeN, CoCrFeNiMoo» and CoCrFeMnNi at
room temperature. Lines are the Paris-law fits, and AK;, is the threshold stress

intensity range. Other details about the alloys and fatigue tests can be found in Table

6.2.

Planar-slip governed fatigue mechanism in the fcc CoCrFeMnNi HEA [353]. (a)
Concurrent fatigue crack nucleation and propagation along multiple planar slip
lines, as indicated red lines. Microcracks formed at slip lines merge subsequently,
leading to crack tips indicated by two white arrows. (b) Schematic illustration of

fatigue crack propagation in a zig-zag fashion promoted by slip planarity.

Competition between planar slip-band cracking and twin-boundary cracking in the
fatigue of the CoCrFeMnNi HEA [331]. SEM images of (a) planar slip-band
cracking with apparent extrusions/intrusions and (b) twin-boundary cracking. (c)
The influence of Schmid factor difference and grain size on the competition between

slip-band cracking and twin-boundary cracking.

High-cycle fatigue behavior of the plastically deformed bcc HfNbTaTiZr HEA

[332]. (a) Schematic stress distribution in a plastically bent beam, where the plastic

zones range from p,, to % and from —pp to — g S-N data plotted in terms of (b) the

maximum plastic stress oh,,, versus the number of cycles to failure Ny, and (c) the
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Figure 6.6

Figure 6.7

Figure 6.8

Figure 6.9

Figure 6.10

stress amplitude o versus Nf. (d) Variation of the plastic width ratio, Pl,, = 1 —

fo , with Ny at oh ax > 977 MPa, i.e., the data above the dashed line in (b).

wrs]

High-cycle fatigue in the bcc HfNbTaTiZr HEA [335]. (a) Crack growth rate.
Fractographs at (b) AK = 3.6 MPa and (¢) AK = 10.6 MPa.

Low-cycle fatigue behavior of the metastable FesoMnzoCo10Crio HEA [103]. (a)
Upon cyclic deformation at a strain amplitude % = 0.6%, about 95 vol%

metastable fcc phase (y) transforms into the hcp martensite phase (&) in the coarse-
grained HEA with an average grain size of ~10 pm, who originally contains less

than 1 vol% e. Stress amplitude o, against the number of fatigue cycles N at the
strain amplitude 0.23% < % < 0.6% for (b) the fine-grained HEA with an average

grain size of 5 pm and (c) the coarse-grained HEA with an average grain size of 10

um.

High-cycle fatigue behaviors of the metastable Fe42MnygCri5Co10Sis with a mean
grain size of 1.97 um [93] and Fesg sMn2oCo020Cri5S15Cui s with a mean grain size
of 0.77 pm [336]. (a) S-N data in terms of the stress amplitude o, against reversals
to failure 2Ny, the lines indicating the Basquin fits. Crack propagation trajectories
in the Fe42MnogCri5Co10Sis HEA [93 ], revealing (b) crack deflection and branching
and (c) crack branching along the twin boundaries. (d) EBSD phase map at the
vicinity of the crack tip of the Fess sMn20Co20Cr15SisCui.s HEA [336].

Fatigue crack growth rate along with the Paris law fit of the Fe;oMni10Co10Cr HEA,

which is composed of a metastable fcc matrix and a hcp martensite phase [94].

Microstructures and fatigue properties of the AlCoCrFeNiy; eutectic HEA
comprising ordered fcc (L12) and bee (B2) lamellae [338]. (a) EBSD phase map of
the as-cast alloy, EHEA.. (b) BSE image of EHEA. with the arrow pointing to Cr-
rich nanoprecipitates in the bee phase. (¢) EBSD phase map of the wrought alloy,
EHEAw. (d) BSE image of EHEA revealing Cr-rich nanoprecipitates in the bec
phase and B2 particles in the fcc phase. (e) S-N curves of EHEA. and EHEA with
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Figure 6.11

Figure 6.12

Figure 6.13

Figure 6.14

the Basquin fits. (f) Full history of fatigue cycles at 6, = 600 MPa for EHEA.and
700 MPa for EHEA.. (g) BSE image of the fatigued EHEA showing the formation
of straight PSBs in the fcc phase. (h) BSE image of the fatigued EHEA showing
the formation of curved PSBs by the deflection of B2 particles in the fcc phase.

(a) S-N curves of the AlosCoCrCuFeNi [341], Alo3CoCrFeNi [342], and Al
CoCrFeNi [343] HEAs along with the Basquin fits. (b) SEM micrograph showing
that the AlpsCoCrCuFeNi HEA has a duplex microstructure comprising of a
dendritic fcc phase (dark color) and a Cu-rich interdendritic fcc phase (light color)
[340]. (¢) EBSD phase map of the Alp3CoCrFeNi HEA showing a triplex
microstructure containing the ultrafine-grained fcc matrix phase, and nano-sized
B2 and tetragonal Fe-Cr-rich o precipitates [342]. EBSD phase maps and SEM
micrographs of the Alp7CoCrFeNi HEA with two different lamellar
microstructures, (d) fcc and B2 phases, (e) fcc, B2, and nano-sized L1, precipitates

[343].

Fatigue crack growth behavior of the Alp>CrFeNiTio» and AlCrFeNi;Cu HEAs
[303]. (a) Fatigue crack growth rate and Paris law fits of both HEAs at a stress ratio
of R = 0.1. (b) Effect of the stress ratio R on the fatigue crack growth rate of the
Alo2CrFeNiTio» HEA.

Fracture morphologies of the AlosCoCrCuFeNi HEA made from high purity raw
materials (> 99.9%), failed at 6, = 495 MPa [341]. (a) Overall view. (b) The crack
initiation region. (c) The stable crack propagation region. (d) The fast fracture
region. (e) Initiation of fatigue cracks from oxides. (f) Formation of cracks along

slip bands.

Fatigue mechanism in the Alp3CoCrFeNi HEA with fcc, B2 and o phases [342]. (a)
Formation of fatigue cracks along the interface between the fcc matrix and hard
second phase particles (B2 and o). (b) Extensive micro- and nano-sized deformation

twins in the fcc matrix to intensify working hardening and thus fatigue resistance.
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Figure 6.15

Figure 6.16

Figure 6.17

Figure 6.18

The crack trajectories of the Alp7CoCrFeNi HEA with two different
microstructures [343]. (a) fcc and B2 phases. (b) fcc, B2, and L1, nano-sized

particles.

Nanoindentation fatigue of HEA thin films. (a) The changing rate of the
nanoindentation penetration depth with respect to the fatigue cycle, %, against the

fatigue cycle for the coarse-grained and nanotwined CoCrFeNi films at different
impact energies [347]. (b) Variation of the contact stiffness over time for the
(FeCoNi)25(AlTiZr)7s film, on which the sudden drop in the contact stiffness marks
the initiation of fatigue [348]. (c¢) Three stages of nanoindentation fatigue
mechanics of thin films: compressional deformation stage, the buckling and

layering stage, and the crack and delamination stag [348].

Comparison of the high-cycle fatigue responses of different categories of HEAs

classified by phase constitution. (a) S-N data in terms of stress amplitude o, versus

Jq

reversals to failure 2N¢. (b) Fatigue ratio versus 2Ny. For clarity, the data points

oyTs

in (a) and (b) are overlaidwith trend lines.

Comparison of fatigue crack growth rates of HEAs tested at similar conditions, i.e.,

room temperature and a stress ratio of R = 1.
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7 Small-scale mechanical behaviors

The small scale refers to the micro, submicron, and nano scales, contrary to the macro scale
in millimeter and above. The mechanical behaviors of HEAs at small scales are of interest due to
three major reasons. First, some HEAs are potentially useful in miniature structures and devices,
e.g., microelectromechanical systems. Second, HEAs may exhibit different mechanical properties
and deformation mechanisms at small scales than those at the macro scale, analogous to other
metallic systems [354]. Third, certain material behaviors (e.g., incipient plasticity and hardness)
or material forms (e.g., thin films) are conveniently measured by small-scale mechanical testing
techniques, such as nanoindentation.

The small-scale mechanical behaviors of HEAs have not been studied in a systematic way
compared to their macroscopic mechanical responses. To date, nano- and micro-pillar
compression, nanoindentation, and in-situ transmission electron microscope (TEM) testing are
predominant techniques used for characterizations. The majority of investigations are focused on
fcc FeNiCrCoMn [111, 355, 356] and bcc NbMoTaW [59, 357, 358], with some others on fcc
CoCrCuFeNi [359], fcc Alo.1CoCrFeNi [360], fce Alo3CoCrFeNi [253], bee TiZrHND [361], and
duplex Alp7CoCrFeNi [362], as detailed in the following. Some aspects of the mechanical
behaviors of these HEA systems have been covered in other chapters for the convenience of
organizing contents of similar theme, e.g., naonindentation creep in Chapter 4, and in-situ TEM

fracture in Chapter 5. The present chapter serves to discuss the remaining key aspects.
7.1  Nano- and micro-pillar compression

Strengthening mechanisms covered in Chapter 3 refer to intrinsic means of manipulating
microstructures to improve the strength of HEAs. For a particular microstructure, the strength
improvement normally scales with its characteristic length scale, for example, grain size for Hall-
Petch strengthening, precipitate size for precipitation hardening, twin boundary spacing for twin
boundary strengthening. These strength-microstructural length scaling relations are known as the
intrinsic size effect, which governs the mechanical properties and deformation at all sample
dimensions. In recent years, an extrinsic size effect was also revealed in some single crystalline
and nanocrystalline metals and alloys [354, 363], which was primarily investigated by
compressing nano- and/or micro-pillars with aspect ratios between 2:1 and 5:1 milled from the

focused ion beam (FIB).
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Pillar compression experiments were first introduced by Uchic et al. [363] and Greer et al.
[364] to investigate the small-scale plasticity of the Ni micro-pillars and Au nanopillars. Following
their work, compressions of micro- and nano-pillars have been conducted on various metallic
systems, including fcc pure metals (e.g., Cu [365-367] and Al [368-370]), bcc pure metals (e.g.,
W [371], Nb [372], Ta[371], Mo [373, 374], and V [375]), nanocrystalline metals (e.g., Ni [376]
and Ni-4%W [377]) among others, to investigate their plasticity in a small volume. Intriguingly,
distinct scaling behaviors between the pillar strength and pillar diameter were reported for alloys
of different crystal structures [354].

But, in general, power law scaling between the strength and pillar size was suggested for

most metallic materials, which may be expressed in a generic form as [354, 378]

o =AD™, (7.1)
or in a normalized form as [354, 366, 378]
T D\™
t=4(3), (7.2)

where o is the compressive flow stress, 7 is the resolved shear stress, G is the shear modulus, D is
the pillar diameter, b is the magnitude of the Burgers vector, m is the size-effect exponent, and A
is a constant. Note that m and A in Equations (7.1) and (7.2) do not necessarily have identical

values for the same set of data.
7.1.1 Single crystalline face-centered cubic pillars

In-situ SEM micro-pillar compressions along different crystallographic orientations have
been carried out on fcc FeNiCrCoMn single crystals with a circular or square cross section [111,
355] as well as cylindrical fcc CoCrCuFeNi single crystals. Equation (7.1) and its variant, T =
AD™, were employed to describe the correlation between the pillar strength and the pillar diameter
in many cases [111, 355]. For a consistent comparison, we utilize the data available in the
literature, or our best judgements when required information is unavailable, to convert the strength-
pillar dimeter relation into the form as in Equation (7.2). Specifically, the stress needs to be
resolved onto proper slip systems and normalized by the shear modulus, while the pillar size needs

to be normalized by the magnitude of Burger’s vector. Afterwards, conducting power law fitting
to the é - % data for each HEA can give the value of the size-effect exponent, m. All information

and results pertinent to these operations are compiled in Table 7.1.
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For single crystalline fcc pure metal pillars, the compilation of the é - % data can almost

give a universal power law correlation described in Equation (7.2), with a size-effect exponent of
m = —0.66 [354]. From the ultimately calculated m values for single crystalline fcc HEAs in
Table 7.1, it is seen that all single-phase fcc HEAs [111, 359] but the FeNiCrCoMn HEA by
Raghavan et al. [355], as well as the fcc phase in a duplex HEA [362], have m close to the universal

value of —0.66 for fcc pure metal single crystals. This turns out to be more evident after plotting
the universal power law dependence in fcc pure metals (line) as well as é—% data of HEAs

(symbols) together in Figure 7.1.

The exact reason for the deviation of the FeNiCrCoMn HEA by Raghavan et al. [355] is
unclear and require further investigations. The loading orientation seems not be the cause, as a
separate work on the same alloy showed that m is nearly independent of crystallographic
orientations [111].

A cylindrical and a square FeNiCrCoMn micropillars are, respectively, imaged by the SEM
following deformation to reveal deformation modes. For the cylindrical pillar loaded in the [11 3
5] crystallographic direction in Figure 7.2(a), the deformation is accommodated by the planar slip
along the (111)[110] slip system [355]. Likewise, planar slips on the {111}(110) slip system are
also observed in the square pillar compressed in the [123] direction [111], as illustrated on the

two orthogonal surfaces in Figure 7.2(b).
7.1.2  Single crystalline body-centered cubic pillars

The single crystalline bcc NbMoTaW micropillars with the diameters ranging from 0.2-2
um have been compressed along the [316] and [001] crystallographic orientations. The resulting
engineering stress-strain curves of various sizes of pillars are illustrated by the [316] pillars in
Figure 7.3(a) [59], from which several striking features are noticed. First, the yield strength and
flow stress of the pillars increase expectedly with decreasing pillar size. Second, the strain
hardening rate enhances as the pillars go smaller. Third, stress drops arise in the pillars of all sizes,
and become gradually more prevalent and greater in magnitude as the pillar size reduces.

SEM observations of the post-compressed [316] pillars reveal distinct deformation modes
in the large pillars and small pillars. Specifically, a single slip system traverse the 2 pym and 1 um
pillars, leaving parallel slip bands ~ 40 — 70° off the loading axis, as representatively shown by the
2 um pillar in Figure 7.3(b). On the other hand, multiple slip systems are activated in the 0.5 um
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and 0.25 pum pillars, causing intersecting slip bands, as illustrated by the deformed 0.5 um pillar in
Figure 7.3(c). The activation of multiple slip systems in the small pillars might be caused by a
slight misalignment between the pillar top and the flat punch or by the tapering of the pillars (~ 2
— 39). The interaction of multiple slip systems is most likely responsible for the improved strain
hardening in the smaller pillars seen in Figure 7.3(a). Dislocation slips in the [001] pillars, on the
other hand, exhibit wavy traces, which were inferred to be caused by the cross-slip of screw
dislocations along (111) directions like in some pure bcc metals [59, 372].

For single crystalline bec pure metal pillars investigated so far, a universal scaling between

é and % does not exist as in fcc pure metal pillars [354]. Instead, based on Peierls barrier heights,

they can be classified into three groups, with each group has a universal scaling relation [354].
These three groups are, Nb and V: low-barrier group with an average m = —0.82; Mo and Ta:
mid-barrier group with an average m = —0.42; W: high-barrier group with an average m = —0.32
[354]. In Figure 7.4, each group is represented as an average solid line. Following the same

procedure in fcc HEA pillars, the flow stress (at 5% strain) and dimension data for the bcc
NbMoTaW HEA pillars are transformed into é and % using the information in Table 7.1, and

plotted in Figure 7.4 alongside three groups of bce pure metal pillars for comparison. From Figure
7.4, 1t 1s clear that bcc HEA pillars are located above all bce pure metal by having larger normalized

strengths é, owing to solid solution strengthening. By shifting both the m = —0.32 curve for W

and the m = —0.42 curve for Mo and Ta towards the HEA pillar data, it is seen that all HEA data
fall closely around the m = —0.32 curve. It is also confirmed by the m values obtained for
individual bcc HEAs in Table 7.1, which are all around —0.32. This trend is rational considering

HEAs usually possess greater Peierls barrier heights than the pure metal with an identical crystal

structure [53, 379].
7.1.3 Nanocrystalline single-phase pillars

Both the strength and ductility of metals at the micro scale may be further enhanced by
introducing grain boundaries in nano-/micro-pillar samples, i.e., making nanocrystalline nano- or
micro-pillars [376, 377, 380]. Zou et al. have milled 70 — 580 nm diameter nanocrystalline bce
NbMoTaW nanopillars out of the thermally stable nanocrystalline thin films produced from the
normal direct current magnetron co-sputtering technique (Normal) and the ion beam-assisted

deposition method (IBAD) [357, 381]. The pillars made from both processes possess strongly
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textured, nanosize, columnar grains, as schematically illustrated for a large pillar in Figure 7.5(a)
which contain many columnar grains, and for a small pillar in Figure 7.5(b) which contain only a
couple of columnar grains.

Compressions of the nanocrystalline bcc NbMoTaW nanopillars indicate that their ductility
and strengths increase concurrently with decreasing sample dimeters. The greater ductility in the
small pillars than that in the large samples is attributed to that the large pillars are more vulnerable
to intergranular fracture [e.g., Figure 7.5(c)] while small ones feature more uniform deformation
[e.g., Figure 7.5(d)]. At the approximately identical pillar diameter of 500 nm, the nanocrystalline
pillar produced from the ion beam-assisted deposition method (IBAD) has a yield strength of ~
6.5 GPa, which is about twice that of the single crystal pillar, and six times that of the bulk
polycrystalline sample. The nanocrystalline NbMoTaW nanopillars were also found to be the
strongest among many other nano- and micro-pillars, including nanocrystalline nickel (Ni) [376,
377], copper (Cu) [380], platinum (Pt) [382], and rhodium (Rh) pillars [383], as well as single
crystalline NbMoTaW [59], tungsten (W) [371, 372], gold (Au) [384], and nickel (Ni) pillars
[385].

The strength-pillar diameter data in nanocrystalline metals are usually presented in the

form of é versus D, considering the nonexistence of a unique Burger’s vector in different grains.
Unfortunately, for the é — D data reported in the literature, a consistent trend is not existent [354].

As shown in Figure 7.6 for the 30-nm grained nanocrystalline Ni pillars [376] and the 60-nm
nanocrystalline Ni-4%W pillars [377], they literally exhibit the opposite power-law dependences:
the normalized strength of the nanocrystalline Ni pillar increases with decreasing pillar diameter
whereas an overall decreasing trend is noticed for the nanocrystalline Ni-4%W pillar. The
nanocrytalline Ni-4%W pillar results in a positive size-effect exponent of 0.16 whilst the value is
about -0.9 for the nanocrystalline Ni pillar. Plotting the same strength-pillar size data for the
nanocrystalline NbMoTaW HEA pillars with grain sizes ranging from 70 nm to 1160 nm in Figure
7.6 manifests a “small is stronger” trend analogous to the Ni pillar. The size-effect exponent of
the nanocrystalline NbMoTaW HEA pillars produced from both the normal direct current
magnetron co-sputtering technique (Normal) and the ion beam-assisted film deposition (IBAD)
[357] is evaluated to be -0.2, as documented in both Table 7.1 and Figure 7.6. Certainly, the
NbMoTaW HEA has a bce structure whereas Ni and Ni-4%W are fcc metals.

139



7.1.4 Multi-phase pillars

When a HEA contains more than one phase, mechanical properties of each individual phase
or microstructural region may be characterized by nano-/micro-pillar compressions, in addition to
macroscopic mechanical characterizations of the alloy as a whole. Doing so can help understand
the mechanical characteristics of each constituent phase or microstructural region. To this end,
nano- or micro-pillars need to be milled out of each phase or microstructural region using a focused
ion beam (FIB) system, followed by pillar compressions.

For example, in the as-cast AlpsCoCrCuFeNi HEA with two fcc phases plus one bee phase
[386], micropillars were milled out of three distinctive microstructural regions, i.e., one fcc
dendritic region and two distinct interdendritic regions (each with more than one phase). Following
the micropillar compressions, the yield strengths of the dendritic region and two interdendritic
regions were determined to be ~764 MPa, ~958 MPa, and ~825 MPa, respectively, almost twice
the strength of the bulk alloy (~470 MPa) [386].

The approach was also utilized to separately examine the small-scale mechanical behavior
of the fcc and bece phases present in the forged Alo.7CoCrFeNi HEA [362]. The size effect in each
phase was investigated by compressing the pillars with diameters ranging from 400 nm to 2 um
(fcc phase along the [001] direction, bee phase along the [324] direction). Each phase exhibits a
classical smaller-is-stronger trend, with the smallest fcc pillar having a yield strength of ~1.2 GPa

and the smallest bce pillar of ~2.2 GPa, which are about 1.2 times and 1.5 times greater than their
respective bulk counterparts. Fitting Equation (7.2) to the é - % data gives size-effect exponents

m = —0.66 for the fcc micropillars and m = —0.28 for the bee micropillars. m = —0.66 for the
fce phase is equivalent to the universal size-effect exponent suggested for nearly all fcc pure metals
such as Ni, Cu, Al, and Au [354]. m = —0.28 for the bcc phase is lower than the value of most
bcce pure metals (e.g., -0.42 for Mo and Ta, -0.82 for V and Nb [354, 362]), but indeed falls in the
range of W, which has m ranging from -0.34 to -0.21 depending on the loading orientation [371,

372,387]. The é - % data for the fcc- and bee-phase pillars milled out of the Alp7;CoCrFeNi HEA

are included in Figure 7.1 and Figure 7.4, respectively.
7.1.5 Temperature effect on pillar strength

The strengths of nearly all metal alloys, in either a single crystalline form or a

nanocrystalline form, deteriorate with increasing operating temperatures. Nanocrystalline metals
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are particularly vulnerable to strengthen reduction at elevated temperatures (even at ambient and
modest temperatures) due to pronounced grain boundary migration, grain boundary sliding,
diffusion-mediated plasticity, and grain coarsening [388-392]. For assessing the potential high-
temperature applications of the single crystalline and nanocrystaline NbMoTaW HEAs at small
scales, their temperature-dependent strengths were investigated with micropillar compressions at
temperatures ranging from 298 K to 873 K [358].

The temperature-induced variation of the yield strengths, defined as the flow stress at 0.2%
offset strain, of the single crystalline and nanocrystalline NbMoTaW micropillars of ~1 pm in
dimeter as well as the coarse-grained bulk polycrystalline NbMoTaW [16] is given in Figure
7.7(a). At all testing temperatures, the nanocrystalline pillars exhibit the highest strengths,
followed by the single crystalline pillars and then the bulk polycrystalline samples [16]. In
addition, the yield strength of the nanocrystalline pillars seems to reduce more slowly than that of
the other two. Normalizing the yield strengths of three types of samples at all temperatures by their
respective strengths at room temperature, aﬁT, leads to Figure 7.7(b). Now it become more clear
that the nanocrystalline pillar samples have better strength retainment at elevated temperatures
than the single crystalline pillars and bulk polycrystalline samples [16]. Specifically, as the
temperature ramps from 298 K to 873 K, the strength of the nanocrystalline pillar reduces by ~20%
while the reduction in the single crystalline pillars and the bulk polycrystalline samples are as high
as ~50%. Also graphed in Figure 7.7(b) is the nanocrystalline Cu-Ta alloy for comparison [393],
whose strength reduction rate with temperatures is close to the single crystalline pillars and bulk
polycrystalline samples.

Given the high strength and remarkable resistance to temperature-induced strength
softening, the nanocrystalline NbMoTaW micropillars are also compared against other

nanocrystalline, ultrafine-grained, and coarse-grained metals and alloys. At first, the critical
resolved shear stress normalized by the shear modulus, é, at the homologous temperature (%, with
T,, being the melting temperature) ranging from 0 to 0.5 is plotted in Figure 7.8 for selected
materials. Obviously, the nanocrystalline NbMoTaW micropillars outperform many coarse-
grained [394] and nanostructured metals and alloys [393, 395-400]. Overall, the strength of the
nanocrystalline NbMoTaW micropillars fall in the ultrastrength regime of ~G/50 — G/30,
approaching the theoretical strength of G/10. The nanocrystalline NbMoTaW micropillars also
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outperform all other metal alloys in comparison in terms of specific strength, %, where p is the
density of a material, as demonstrated in Figure 7.9. The specific strength of the nanocrystalline
NbMoTaW micropillars can reach ~ 0.4 — 0.5 MJ/kg, which is comparable to that of carbon lattices

and carbon-ceramic lattices (~ 0.2 — 0.8 MJ/kg) [401].
7.1.6  Deformation mechanism

The extrinsic size effect (smaller is stronger) in fcc pure metals is usually rationalized by
two prominent mechanisms: mobile dislocation starvation in which surface nucleation of
dislocations follows the annihilation of pre-existing dislocations at the free pillar surface [364,
402], and the single-arm source theory in which dislocations are created by the operation of single-
arm sources (or partial Frank-Read sources) [403-405]. In bce pure metals, the extrinsic size effect
is believed to be associated with formation of mobile kinks, dislocation segments, and ultimately
hard dislocation junctions whose size scales with the pillar diameter [406-408].

With the aid of in-situ TEM nanopillar (500 — 700 nm in diameter) compressions,
deformation in the fcc Alo.1CoCrFeNi HEA, however, is proven to be mediated by dislocation
avalanche, a microprocess opposite to mobile dislocation starvation [360]. The dislocation
avalanche is in particular pertinent to stress drops observed during pillar compression, as to be
explained in Figure 7.10. Figure 7.10(a) gives the recorded resolved shear stress as a function of
loading time, which is divided into three stages (I, II, and III) based on the significance of stress
drops. In Stage I, no stress drop is observed, the corresponding deformation mechanism captured
by in-situ TEM imaging is provided in Figure 7.10(b). In this stage, dislocations generated from
the pillar top cluster quickly to form a dislocation band (dark region indicated by the red arrows)
and migrate downward with increasing load. The formation and migration of the dislocation band
1s made more evident by taking the difference of Image 2 and Image 1, as given by Image 1-2 in
Figure 7.10(b). Stage Il is characteristic of medium stress drops, corresponding to mild dislocation
avalanches, as evidenced in Figure 7.10(c), particularly Image 3-4. In Stage III, dislocation
avalanches have led to large stress drops and crystal slips as indicated by the SEM image in Figure
7.10(e) although Figure 7.10(d) does not clearly reveal the extent of dislocation avalanches in this
stage. More detailed in-situ TEM examinations imply that the formation of dislocation avalanches
is closely related to dislocation pileups in the front of dislocation bands, whose give-up triggers

the avalanche.
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7.2  Nanoindentation

Instrumented nanoindentation is a mechanical testing technique widely used for
characterizing many aspects of mechanical properties of materials by indenting small volumes. It
can be applied to materials in both bulk and thin film forms. The applications of nanoindentation
in HEAs involve the characterizations of Young’s modulus and hardness [409-414], friction and
wear [415], incipient plasticity [356, 361], strain rate sensitivity and activation volume [356, 361,
412, 416], indentation size effect [409], flow serration [259], creep [253, 255, 256, 417], and phase
stability [413]. While some of these topics have been covered in other chapters (e.g.,
nanoindentation creep in Chapter 4), this section primarily focus on other important aspects, as

will be detailed shortly.
7.2.1 Young’s modulus and hardness

The most common usage of nanoindentation is to map the Young’s modulus and hardness
of a material, either in a bulk or thin film form, using the classical Olive-Pharr method [418]
executed in testing systems. Additionally, the determination of Young’s modulus is facilitated by
utilizing the load-displacement (P-4) data at shallow indentation where the indenter tip is spherical

and the P-h curve can be well described by the Hertzian theory [419], which is given as
4
P= ;ErR1/2h3/2, (7.3)

where P is the applied indentation load, h is the penetration depth, R is the tip radius of the

indenter, and E, is reduced modulus of the indenter-sample system, given as

1 1-v?  1-v2
= L4 —S' (74)
Ey E; Eg

where E; and v; (1141 GPa and 0.07 for diamond) are the Young’s modulus and Poisson’s ratio
of the indenter, E and v, are the Young’s modulus and Poisson’s ratio of the material. Practically,
P-h data at shallow indentation may be used in two distinct ways to reach Young’s modulus. One
way is through individual curve fitting with the Hertzian theory, specifically, fitting the Hertzian
theory in Equation (7.3) to the P-h data prior to a pop-in event, as exemplified in Figure 7.14(a).

The fitting constant, e.g., 3.65 in Figure 7.14(a), equals %ErRl/ 2 in Equation (7.3) [356]. Knowing

this equivalence and the value of R, the value of E,. can be calculated. Further with Equation (7.4)
and appropriate treatment of v, the value of the material’s Young’s modulus, E;, is obtained. The

second approach follows the same principle but used a collection of P-4 data pairs from many
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more tests, with each data point from a single P-/ curve at the first pop-in. All the data are plotted
in the form of P — h3/? and then are linearly fitted to obtain the slope constant. An example is
demonstrated in Figure 7.11 for the FeCoCrNiMn HEA [356]. At this point, the method converge

to the same point as the first method, i.e., the fitting slope [3.7 in Figure 7.11] is made equal to
%ErRl/2 to compute E, and then E.

With the nanoindentation method, the Young’s modulus and hardness of the
FeCoCrNiMn HEA at varying temperatures were measured and given in Figure 7.12 [416]. From
Figure 7.12(a), it is seen that the Young’s modulli of both the nanocrystalline and the coarse-
grained (measured on the elastically softest <110> grains) samples decrease with increasing
temperature, following an alike linear fashion. The measurements from nanoindentation are
essentially consistent with those measured by the resonant spectroscopy on the FeCoCrNiMn with
grains ~ 4 pm [420] and ~ 15 um [150] in size, though the moduli from nanoindentation is slightly
smaller. A similar declining trend with increasing temperature is also noticed for the hardness of
both the nanocrystalline FeCoCrNiMn and the <110> grain in the coarse-grained FeCoCrNiMn,
as depicted in Figure 7.12(b). The difference is that hardness reduces much more pronouncedly
than the Young’s modulus. Besides, hardness of the nanocrystalline samples is about three times
higher than that of the coarse-grained counterparts due to Hall-Petch hardening.

Phase transformation, if any, may also be detected by monitoring the change of Young’s
modulus with temperature. Any sharp change can be indicative of a phase transformation.
Examples are provided in Figure 7.13 for the nanocrystalline fcc FeCoCrNiMn HEA, alongside
shown are the coarse-grained and microcrystalline samples for comparison [413]. The Young’s
modulus hump of the nanocrystalline FeCoCrNiMn at ~ 773 — 973 K implies the formation of
additional phases, and the followed reduction is a result of dissolution of the new nanophases and
restoration of the single fcc phase. The phase transformation inferred from the Young’s modulus-
temperature variation is justified by phase evolution studies on the same nanocrystalline alloy

[240].
7.2.2 Incipient plasticity

Nanoindentation on a crystal often exhibits a distinct displacement burst (or pop-in) on the
load-displacement (P-/4) curve, as show in Figure 7.14(a) for the FeCoCrNiMn HEA for example

[356]. Since the indented volume is rather small (of the order of nanometer) and most likely devoid
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of dislocations, the pop-in event is believed to be associated with the nucleation of dislocation in
the crystal [421-425]. Therefore, statistical analyses of pop-in events in a material is instructive to
gain insights to the atomistic and energetic processes of dislocation nucleation in it [426-428].
The approach was adopted in the fcc FeCoCrNiMn HEA for extracting the activation
energy and volume, from which the mechanism of the onset of plasticity can be inferred. The
derivation of the activation volume first requires statistical nanoindentation on one or more
individual grains (e.g., ~120 tests per grains) to obtain the cumulative probability of the maximum
shear stress at the first pop-in normalized by the shear modulus, t,,,,,/G. An example is given in

Figure 7.14(b). According to the contact mechanics [419], 7,4, can be calculated from

1/3
Tmax = 031 (%) (7.5)

3R2

where P is the applied load, R is the tip radius of the indenter, E, is the reduced modulus of the

indenter-sample assembly, which is accessible from performing Hertzian fitting (P =
%ErR 1/2p3/2) t9 the elastic portion of a P-i curve, as exemplified in Figure 7.14(a).

In a theory proposed by Schuh and the coworkers [427, 428], the cumulative probability,
F, is considered to be related to the pop-in load, P, by

In[—In(1 — F)] = aP'? + B, (7.6)
where g is a weak function of P, « is related to the activation volume, V, through
m (3R\%/3
V= E(E) kT - a, (7.7)

where k is the Boltzmann constant and T is temperature.

According to Equation (7.6), transforming the cumulative probability F into the form of
In[—In(1 — F)] and plotting it against P*/3 followed by the linear fitting with Equation (7.6) can
give the value of a from the slope, as demonstrated for the FeCoCrNiMn HEA indented at three
different loading rates in Figure 7.14(c). Then, with known «, the activation volume V' is directly
calculable from Equation (7.7). The activation volume V may also be alternatively determined
through V' = kT /ts, where the strain rate sensitivity s can be obtained from the slope of the linear
fit to 7,4, averaged over a series of indentations versus the indentation strain rates [361].

The determination of the activation energy H (or activation enthalpy) relies on obtaining
the cumulative probability curves at a range of temperatures. Then, at a specific level of cumulative

probability, F, the pop-in load, P, and temperature, T, are related by
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13 = n (3R\*?H
P YkT + 0.47 (41;}) v’ )

where y is a complex function whose form is not of particular importance. Fitting Equation (7.8)
to the P1/3 — T data pairs at a specific level of F can lead to % from the intercept, as demonstrated
in Figure 7.14(d) for the FeCoCrNiMn HEA. H then can be derived with known V. Note that fitting
at different levels of F in principle will converges to a single intercept and thus a single % value,

as also demonstrated in Figure 7.14(d).

With the above methods, the activation volume for pop-ins in the fcc FeCoCrNiMn was
determined to be 34+7 A3, equivalent to 3 atoms whereas the corresponding activation energy is
1.72+0.35 eV [356]. It was rationalized that both values favored a vacancy or vacancy-like
mediated heterogeneous dislocation nucleation, rather than a homogeneous dislocation nucleation,
as the mechanism of the onset of plasticity in the fcc FeCoCrNiMn. The three-atom activation
volume (as compared to one atom in fcc pure metals) as well as the slightly higher activation
energy (as compared to 0.9-1.6 eV for fcc pure metals [356, 429]) in the fcc FeCoCrNiMn suggest
that cooperative motion of several atoms, instead of the traditional direct atom-vacancy exchange,
accommodates vacancy migration in the fcc FeCoCrNiMn HEA.

With the same approach, the activation volume in the bce TiZrHfNb HEA was determined
to be ~3-5 atomic volumes, slightly greater than 3 atomic volumes in the fcc FeCoCrNiMn [361].
Furthermore, the pop-in activation energy in the TiZrHfNb was also proved to be greater than that
in the FeCoCrNiMn. These were attributed to the fact that the nucleation of full dislocations was
favored in the bcc HEA whereas the plasticity in fcc HEAs was mediated by the nucleation of
partial dislocations [361].

7.2.3 Nanoscale friction and wear

Nanoscratch can be configured in an instrumented nanoindentation system to quantify the
friction and wear properties of a material. The method was employed to a bcc equiatomic
TiZrHfNb HEA to study its coefficient of friction, wear rate, wear resistance, and associated
mechanisms under both ramping and constant loading conditions [415].

The friction under a ramping load mode exhibits two distinct regimes: the elastic regime
below the normal load of ~ 180 pm and plastic regime beyond. The elastic regime is characteristic

of an ever-decreasing coefficient of friction (COF, defined as the ratio of the lateral force to normal
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force) with increasing normal loads, whereas a steady-state coefficient of friction of ~ 0.16 features
the plastic regime. The same two-regime friction is also spotted for the friction tests at constant
loads ranging from 10 to 1000 pum, exhibiting also a steady-state COF value of ~ 0.16. The two-
regime friction behavior of the TiZrHfNb HEA is schematically illustrated in Figure 7.15. The
emergence of the elastic-plastic friction regimes is rationalized as follows [415, 430]. In the elastic
regime, the adhesion force existing at the indenter-material interface to shear the material ahead
of moving indenter contribute predominantly to friction. On the other hand, both the adhesion
force and an extra plowing force accompanied by plastic deformation of the material involves in
the plastic regime. The steady-state coefficient of friction in the TiZrHfNb HEA was found to be
fairly smaller than ~ 0.27 and ~ 0.24, respectively, for the Nb and C103 alloys tested under the
same condition, and comparable to many hard amorphous alloys [431]. The low coefficient of
friction in the TiZrHfNb HEA was believed to be attributed to its relatively high hardness and
considerable elastic recovery.

The wear rate, W, in a nanoscratch test can be calculated through dividing the volume of
removed materials, V/, by the corresponding scratch distance, x. The wear resistance coefficient

Ry, defined as the ratio of the hardness, H, to wear coefficient, K [431-433], can be computed

from Ry, = FK, where F, is the applied normal force, according to the recast Archard equation W =
n

£= % [415, 434, 435] for dry wear. With such a routine, Ry, for the TiZrHfNb HEA was

calculated to be 7.81 x 1010 Pa, evidently greater than 4.02 X 10 Pa and 5.46 x 101° Pa for Nb
and C103, respectively. The remarkable wear resistance in the TiZrHfNb HEA 1is again ascribed
to its high hardness.

7.2.4 Thin film mechanics

It is particularly convenient to use the nanoindnetation technique to characterize the
mechanical properties of thin film materials. Young’s modulus, hardness, strain rate sensitivity,
activation volume and their dependences on the composition and film thickness have been
investigated with nanoindentation in such thin film HEAs as bcc NbMoTaW [436, 437],
AlxCoCrFeNi (x = 0, 0.1, 0.3) [438], and CoCrFeNiZrx (x = 0, 0.3, 0.5, 1) [439]. In the
AlxCoCrFeNi (x = 0, 0.1, 0.3) thin films, it was reported that with increasing Al content, both the
hardness and activation volume increases whereas the strain rate sensitivity decreases, which was

ascribed to a combined effect of the reducing grain size and fraction of nanotwins [438]. The
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increase in the Zr content in the ~1 um thick CoCrFeNiZrx (x = 0, 0.3, 0.5, 1) films drove the
microstructure to evolve from crystal (x = 0) to crystal + amorphous (x = 0.3 and 0.5), and
ultimately to amorphous (x = 1) [439]. Correspondingly, the hardness keeps increasing prior to x
= (.5, then, followed by a drop after the alloy’s structure turns amorphous [439].

An external size effect was reported to the NbMoTaW HEA, that is, both the hardness and
Young’s modulus reduces with increasing film thickness, as shown in Figure 7.16(a).
Nevertheless, the film thickness is not an independent variable in the work. Rather, it is correlated
with the grain size in a positive linear manner, as illustrated in Figure 7.16(b). The first impression
from the correlations in Figure 7.16 might be that the reduction in at least the hardness is caused
by grain coarsening. However, the authors argued, without convincing justifications, that the grain
boundary strengthening should be excluded, because in nanocrystalline metals with grain sizes
less than 50 nm dislocations emitted from a grain boundary cannot accumulate in grain interiors
but are absorbed by opposite grain boundaries [437, 440, 441]. The size effect eventually was
rationalized as a combined result of solid solution hardening (increases with increasing grain size
or film thickness), dislocation strengthening (independent of grain sizes or film thickness), and the

dislocation source strength (decreases with increasing grain size or film thickness) [437].
7.3 Summary and outlook

Single crystalline HEA pillars at the nano and micro scales exhibit higher strengths than

their bulk counterparts. As pure metal pillars, the variation of pillar strengths with pillar sizes in
m
HEAs are well described by a power-law scaling, é =A (%) . Specifically, the é - % data of the

single crystalline fcc HEA pillars fall on a universal power law with m = —0.66, which is also the
exactly the size-effect exponent found for many fcc pure metal pillars [354]. The size-effect
exponent in the single crystalline bcc HEA pillars is summarized to be m = —0.32, which is close
the value reported for bee pure metal pillars with large Peierls barrier heights (e.g., W). The studies
of nanocrystalline HEA pillars have only been conducted on the NbMoTaW. Compared with their
single crystalline and bulk counterparts, some striking excellences are found in their strengths,
including significantly higher strengths at temperatures from room temperature to 873 K, better
resistance to temperature-induced softening, and higher specific strengths.

Nevertheless, the small-scale mechanics of HEA pillars is still insufficiently investigated

and many questions are still left obscure. First, more nano- and/or micro-pillar compression data
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are needed to confirm or rebut the power law relations summarized for single crystalline fcc and
bee HEA pillars as well as nanocrystalline HEA pillars. Second, the understanding of strength-
sample size relationships spanning fully from the macroscopic scale to the nanoscale is lacking.
Third, deformation mechanisms in HEA nano- and micro-pillars and their differences with
corresponding macroscopic deformation mechanisms are not clearly revealed, although
dislocation avalanche was reported in the fcc Alp.1CoCrFeNi nanopillars. Fourth, differences in
deformation mechanisms between fcc and bcc HEA pillars, which are responsible for their distinct
strength-pillar size relationships, are far from understanding. Fifth, if the four core effects would
play roles in affecting the strengths and deformation of HEA pillars and differentiate them from
pure metal pillars is unclear. All these questions deserve further in-depth investigations.
Clarifications of these questions are beneficial to finding the sample size, microstructure, and
deformation mechanism that can achieve the highest strength in HEA pillars as well as to
constructing predictive micromechanical models for HEAs.

The use of nanoindentation in HEAs at the nano- and micro-scales are mostly limited to
some routine investigations by virtue of their convenience and high efficiency. Examples include
the quick mapping of Young’s moduli and harnesses in varying conditions such as different
temperatures or film thicknesses, examination of nano-friction and wear behaviors, and estimate
of activation volumes. Moving forward, nanoindentation should be leveraged to reveal more useful

mechanical and structural information about HEAs at small scales.
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Table Captions

Table 7.1 The estimated size-effect exponent m, along with alloy information, testing condition,
slip system, pillar size D (diameter and edge length, respectively, for circular and square pillars),

lattice constant a, the magnitude of Burger’s vector b, shear modulus G, and Schmid factor S. m
for single crystalline (sc) HEAs was obtained by fitting Equation (7.2) to the é~% data, but for

nanocrystalline (nc) HEAs it was from the é~D fitting.
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Figure Captions

Figure 7.1

Figure 7.2

Figure 7.3

Figure 7.4

Figure 7.5

Figure 7.6

The power-law dependence of the resolved shear stress normalized by shear
modulus, é, on the pillar dimeter divided by the magnitude of Burger’s vector, %,

for single crystalline fcc pure metals and HEA pillars. The numbers enclosed by
square brackets in the legend are loading crystallographic direction. Corresponding

data for HEAs are found in Table 7.1.

Planar slip traces on the {111}(110) slip system in the single crystalline fcc
FeNiCrCoMn micropillars. (a) Cylindrical pillar compressed in the [11 3 5]
crystallographic orientation [355]. (b) Square pillar compressed in the [123]

orientation [380]. Both imaged by scanning electron microscopes (SEM).

Compression of the single crystalline bcc NbMoTaW micropillars along the [316]
crystallographic orientation [59]. (a) Engineering stress-strain curves of the 0.2-2
um dimeter pillars. Scanning electron microscopy images of the deformed pillars

with approximate diameters of (b) 2 um and (¢) 0.25 um.

The power-law dependence of the resolved shear stress normalized by shear
modulus, é, on the pillar dimeter divided by the magnitude of Burger’s vector, %,
for the single crystalline bce pure metal and HEA pillars. The numbers enclosed by

square brackets in the legend are loading crystallographic direction. Corresponding

data for HEAs are found in Table 7.1.

Nanocrystalline bcc NbMoTaW nanopillars [357]. Schematics of (a) a larger pillar
and (b) a small pillar containing textured, nanosize, columnar grains. Scanning

electron microscopy images of the post-compressed (c) 1 pm and (d) 100 nm pillars.

The power-law dependence of the resolved shear stress normalized by shear
modulus, é, on the pillar dimeter, D, for the nanocrystalline Ni, Ni-4%W, and
NbMoTaW HEA pillars. Normal and IBAD denote pillars produced from the
normal direct current magnetron co-sputtering technique and the ion beam-assisted

film deposition, respectively [358].
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Figure 7.7

Figure 7.8

Figure 7.9

Figure 7.10

Figure 7.11

(a) The temperature-dependent yield strengths of the single crystalline and
nanocrystalline NbMoTaW HEA micropillars of ~ 1 um in dimeter [358] as well
as the coarse-grained bulk polycrystalline NbMoTaW [16]. (b) Temperature-
induced strength reduction for the nanocrystalline and single crystalline NbMoTaW
pillars [358], bulk polycrystalline NbMoTaW [16], and nanocrystalline Cu-Ta alloy
[393].

The critical resolved shear stress normalized by the shear modulus, é, as a function

of the homologous temperature, Tl, for the single crystalline (sc) and

nanocrystalline (nc) NbMoTaW HEA micropillars [358], nc Ni [397], and nc Cu-
Ta alloy [393], ultrafine-grained (ufg) Al [396], ufg Cr [398], coarse-grained (cg)
Mo and W [394]. All tested at a strain rate of ~ 1073 s™!.

The specific strength, %y, as a function of the temperature,T, for the single

crystalline (sc) and nanocrystalline (nc) NbMoTaW HEA micropillars [358], nc Ni
[397], and nc Cu-Ta alloy [393], ultrafine-grained (ufg) Al [396], ufg Cr [398],
coarse-grained (cg) Mo and W [394]. All tested at a strain rate of ~ 103 s,

In situ compression of a Alp.1CoCrFeNi pillar and the observation of dislocation
avalanches by the transmission electron microscope (TEM) [360]. (a) Measured
shear stress-time curve, on which three deformation stages (I, II, and II) are
delimited. (b-d) TEM-observed deformation process at each stage. 1-2 and 3-4 are
the differences of two consecutive TEM images (i.e., 1 and 2, 3 and 4), in which
the positive and negative intensities are indicative of the creation and annihilation
of dislocations, respectively. (e) Scanning electron microscopy (SEM) image

showing a large slip step in the deformed nanopillar.

An example linear fit to a collection of P — h3/? data at nanoindentation pop-ins
for extracting the Young’s modulus from the slope constant according to the
Hertzian theory in Equation (7.3). The example is demonstrated by ~ 120
nanoindentation tests on the fcc FeCoCrNiMn HEA [356].
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Figure 7.12

Figure 7.13

Figure 7.14

Figure 7.15

Figure 7.16

Young’s modulus and hardness of the fcc FeCoCrNiMn HEA measured by
nanoindentation [416]. (a) Temperature dependence of Young’s modulus and (b)
hardness of the nanocrystalline and the coarse-grained (measured on the elastically
softest <110> grains) samples [416]. Alongside compared are the resonance
spectroscopic measurements on the same alloy with grains ~ 4 um [420] and ~ 15

um [150] in size.

Temperature dependence of the Young’s moduli of the nanocrystalline,
microcrystalline, and coarse-grained alloys [413], with the hump indicative of

certain phase transformation in the nanocrystalline alloy.

Incipient plasticity in the fcc FeCoCrNiMn HEA studied by nanoindentation [356].
(a) A typical load-displacement curve showing a pop-in event marking the onset of
plasticity. The elastic portion prior to the pop-in is well fitted by the Hertzian theory
[419]. (b) Representative cumulative probability of the normalized maximum shear
stress by the shear modulus, t,,,4,/G, at pop-ins of ~ 120 indentations. (¢) Linear
fits to the In[—In(1 —F)] versus P'/3 data at three different loading rates
according to Equation (7.6), from which the pop-in activation volumes can be
determined from the slopes. (d) Linear fits to the P/3 versus T according to
Equation (7.8), from which the pop-in activation energies can be retrieved from the
intercepts. Note that the fits at three cumulative probability (F) levels converge to

a single intercept, thus a single activation energy.

Friction behavior of the bcc TiZrHfNb HEA studied by nanoscratch tests [415]. (a)
Coefficient of friction (COF) of the high entropy (HE), Nb, and C103 alloys under
a ramping load linearly increasing from 0 to 1000 uN. (b) COF of the HEA under
constant loads from 10 to 1000 uN, with each point being the average COF under
an individual constant load. In both loading modes, an elastic deformation
dominated region (Region I) is followed by a plastic deformation dominated region

(Region II).

The size effect in the naoncrystalline NbMoTaW thin films [437]. (a) The variation

of the hardness and Young’s modulus (measured at a strain rate of 0.1 s™') with the
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film thickness. (b) The linear correlation between the film thickness and the grain

size.

8 Other properties and potential applications

Some long-existing alloys prior to the coining of the high entropy alloy concept may also
be classified as HEAs in a broader sense (or multi-principal element alloys or complex
concentrated alloys). Some of these alloys, for example, the non-equimolar Co-Cr-Fe-Mo-Ni
quinary alloys, have found wide engineering applications. We refer the readers to early discussions
of such applications [1]. The present chapter focus itself on the discussion of applications of HEAs
discovered after the concept was coined in 2004.

Overall, the vast majority of HEAs are still at the stage of laboratory investigations of their
metallurgies, microstructures, properties, and suitability for practical applications, with none
reported to be actually commercialized for engineering applications as of the writing of this article.
Nevertheless, two parallel categories of endeavors are underway promoting engineering
applications of certain promising HEAs. The first category, accounting for a significant portion of
all endeavors, is the fundamental research to comprehensively understand the manufacturability,
microstructures, and properties of HEAs. The second category is the application-oriented
investigations. Some projects led by companies in collaboration with universities and research
institutes are advancing the applications of HEAs. For example, Directed Vapor Technologies
International Inc. is investigating the application of HEAs in thermal barrier coating systems under
a Department of Energy (DOE) contract since 2015 [442]. QuesTek Innovations LLC, in
collaboration with the University of Tennessee, is exploring HEAs for turbine applications also
under a Department of Energy contract since 2016 [443].

In what follows, the potential structural and functional applications of HEAs in various
forms (i.e., bulk, thin film, and powder) are summarized from the endeavors aforementioned. Some
HEAs are believed to be potential in certain applications often because they possess key properties
required by the applications. A tree map briefly summarizing the potential applications of HEAs
along with their determining properties are given in Figure 8.1. Details in each application branch,

along with an example alloy, are found in Table 8.1, as will be explained in the following.
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8.1  Structural properties and applications
8.1.1 Bulk alloys

The mechanical properties of bulk HEAs have been most extensively studied. Some
properties reported in bulk HEAs imply their great promise in engineering applications across an
array of industries such as machining, soldering, molding, automotive, aecrospace, energy, extreme
storage, mining, nuclear, ship, biomedical sector, among others.

Some HEAs, e.g., AlooLi2oMgioSc20Ti30 [444] produced by mechanical alloying, possess
room-temperature hardness comparable to some ceramic materials, and can be potentially used in
cutting tools. The high room-temperature hardness of some HEAs, e.g., NiCuCoFeo25Mn1.75[445],
also enables them promising brazing and soldering materials. The high hardness of certain HEAs,
e.g., AlICoCrFeMoNi [446], can be better retained at temperatures up to 1000 °C compared to
commercial alloys, making them ideal for high-temperature applications, such as hot-working
molds and dies with minimal wear-out. Some HEAs, e.g. CoisCrFeNiisTi [447], exhibit
outstanding wear resistance, partially due to their high hardnesses.

HEAs made primarily of light metallic elements, such as Al, Mg, Ti, and Li, are potential
lightweight structural components in both automotive and aerospace industries. Two example
lightweight HEAs are the AlaoLi2oMgi0Sc20Ti30[448] and Al sCrFeMnTi [449], while many more
can be found in Ref. [450]. HEAs that can achieve a good strength-ductility balance, e.g.,
FegoxMnxCo10Crio[19], are also crucial to the advancement of modern transportation industries. A
number of Al-containing HEAs, e.g., Alo.1CoCrFeNi [292], were reported to possess high energy
absorption capacity under impact loading, and are thus promising materials for crash applications.

Some HEAs exhibit surprisingly extraordinary performance under extreme loading
conditions. For instance, at cryogenic temperatures the well-known CrMnFeCoNi [18] manifests
fracture toughness comparable or even exceeding that under ambient temperature, making it fairly
suitable for applications under cryogenic conditions such as for storage tanks of liquefied oxygen,
hydrogen, etc. On the other temperature extreme, refractory HEAs (e.g., TaNbHfZrTi [333, 451])
and high entropy superalloys (e.g., AlMoosNbTaosTiZr [452]) manifest remarkable creep
resistance, and can retain their high strengths even at temperatures as high as 1400 °C [453]. These
HEAs are prospective as replacement materials for commercial superalloys, such as Inconel 718

and Haynes 230, which cannot withstand temperatures greater than 1400 °C.
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HEAs like FeNiMnCr [454] exhibit superior radiation resistance comparable to
conventional single-phase Fe-Cr-Ni austenitic alloys, and are regarded as promising base
compositions for demanding nuclear energy applications.

Moreover, exceptional corrosion resistance found in some HEAs render them favorable for
a wide range of applications involving corrosive liquids, for example, boilers and heat exchangers
that are subjected to high temperature corrosives, ship propellers that are constantly exposed to
seawaters, medical devices and implants functioning in corrosive environments of human bodies
[455]. Corrosion-resistant HEAs include Alo1CrCoFeNi [456], AlCrFeCuCo [350],
CrFe1sMnNios[352], AlICoCrFeNi [457], TiZrNbTaFe [458], among many others.

Biological applications of HEAs may be enable by meticulous alloy designs to warrant
sufficient levels of biocompatibility, corrosion resistance, and mechanical performance. The
equiatomic TiZrNbTa [459], TiZrNbTaFe [458], TINbTaZrMo [460-462], and some of their non-
equiatomic counterparts (e.g., Tiir4Zri.4NbosTaosMoos [463]) were reported to achieve a
satisfactory balance among these key properties pertinent to bio-applications. For instance, the
equiatomic TiNbTaZrMo HEA exhibits superior biocompatibility to the CP-Ti, superior
mechanical strength to the Ti-6A1-4V alloy [460] as well as good corrosion resistance under the
isotonic sodium chloride solution at 310 K [464]. With these encouraging properties, these alloys

are promising in such applications as orthopedic implants and biomedical devices.
8.1.2  Thin films

In addition to bulk HEAs, high hardness and wear resistance were also reported in thin film
HEAs and their nitrides. For example, high hardness, excellent wear resistance, and good
resistance to brittle cracking have been reported in the AICrCoFeNiMoTio.75S10.25 [465] and
AlCoCrFeNiTi HEAs [466]. The HEA nitride, (Alo34Cro22Nbo.11Si0.11Ti0.22)50N50, furthermore,
exhibits excellent oxidation resistance [467]. The excellence in hardness and wear resistance make

these HEAs and their nitride ideal candidates for cutting tool coatings.
8.2  Functional properties and applications
8.2.1 Bulk alloys

Potential functional applications of a portion of HEAs are enabled by their extraordinary
electrical, magnetic, energy conversion, hydrogen storage, superconducting, catalytic, and shape

memory properties.
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In the magnetic domain, the bulk FeCoNiMng2sAlp2s HEA exhibits high saturated
magnetization, low coercivity, and high Curie temperature [468]. High saturated magnetization
and low resistivity are also found in the FeCoNi(AlSi)x (0 <x = 0.8 in molar ratio) [469],
CoFeNiCrAgo37 [470], CoFeNiCrAuo.29 [470], CoFeNiCrogCuos4 [470], and CoFeMnNiX (X =
Al, Cr, Ga, and Sn) [37]. The excellent magnetic properties of these alloys, particularly after
combining with their special structural properties such as large ductility and good malleability,
warrant their potential applications as soft magnets in nuclear energy, motors, magnetic resonance
imaging, etc.

Some HEAs, such as NixoFe20Mo010Co35Cris [471] and hep Iro.190s0.220Re0.21Rho.20Ru0.19
[472], possess high electrocatalytic activities. When combining with the remarkable corrosion
resistance, they may function as highly active and stable electrocatalyst for chemical and
electrochemical reactions in energy conversion.

Hydrogen storage is another area in which HEAs might have great potential due to their
capability of storing a large amount of hydrogen. The TiVZrNbHf HEA can retain a high
hydrogen-to-metal molar ratio of 2.5 (i.e., forming MH> s metal hydrides), which traditionally can
only be accomplished in alloys based on rare-earth elements [473]. The high hydrogen storage
capacity, attributed to hydrogen absorption in both tetrahedral and octahedral interstitial sites
enabled by severe lattice distortion, suggests that this alloy is a promising hydrogen storage
material.

The shape memory effect via martensitic transformation was first reported in the
TiZrHfCoNiCu HEA [474]. A recently discovered shape memory HEA without the presence of
platinum and gold, (Ni,Pd)so(Ti,Hf,Zr)s0, has austenite finish temperatures beyond 700 °C [475].
This alloy could extend the shape memory effect to ultra-high temperatures and may find impactful
usages in controlling the tolerance between turbine blades and the turbine case to improve the
thrust-specific fuel consumption and regulating the size of the core exhaust nozzle to allow more
efficient operation when a plane is in the air and reduce noise at touchdown.

HEAs could also advance the development of solid-state cooling systems by virtue of their
impressive magnetocaloric effect [476, 477]. The hep rare-earth GdADyErHoTb HEA, for example,
was suggested to have a small magnetic hysteresis, large magnetocaloric effect (8.6 J kg™! K'! at
the 5T magnetic field) and largest refrigerant capacity (~ 627 J kg™! at the 5T magnetic field)

reported to date, and is a promising material for magnetic refrigeration applications [477].
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Four different types of HEA superconductors, i.e., Type-A that crystallizes on a bee lattice
(e.g.,TazaNbssHfgZr14Tiin  [478]), Type-B that crystallizes on a o-Mn lattice [e.g.,
(HfTaWIr)o.sReo.4 [479]], Type-C that crystallizes on a CsCl lattice [e.g., (ScZrNbTa)o.cs(RhPd)o.35
[480]], and Type-D that crystallizes on a hcp lattice (e.g., Reo.ssNbo.11Tio.11Zro.11Hf0.11[481]), have
also been reported to date. All known HEA superconductors have their superconducting transition
temperatures, T, varying from 1.9 to 9.3 K, located between those of amorphous alloys and simple
binary alloys [482]. Compared to the binary alloy superconductors which have been
commercialized as superconducting magnets, such as NbTi and Nb3S, the HEA superconductors
known so far exhibit inferior upper critical magnetic fields [482]. Nnotheless, superior
superconductors are anticipated to be found in the realm of HEAs considering the enormous

compositional space.
8.2.2 Thin films

Some other HEAs are more functionally useful in a thin film form. For example, the
NiCoo.6Feo2Cr1.5S1AlTio2 coating was reported to have good oxidation resistance by forming a a-
AL Os protective layer on the surface, as well as a lower thermal conductivity and thus better heat
insulation at elevated temperatures [483]. Overall, the properties of this HEA coating outperform
the commonly used high-temperature CoCrAlY and NiCrAlY coatings, making it a promising
substitute for overlay coatings in high-temperature applications [483].

The AIMoNbSiTaTiVZr HEA in the Cu/AIMoNbSiTaTiVZr/Si sandwich structure was
found to be able to effectively prevent inter-diffusion between Cu and Si up to 700 °C for 30 min
[484]. It, therefore, has great potential to act as a diffusion barrier in copper metallization and other
similar applications.

Good electrical properties are also the characteristics of some HEA coatings. For instance,
the Ni-Cr-Si-Al-Ta HEA could exhibit a temperature coefficient of resistance of as small as -10
ppm/°C and an electrical resistivity of as high as 2215 pQ-cm, and are useful in thin film resistor

applications [485].
8.2.3 Powders

Certain HEAs, when they are present in a powder form, can manifest remarkable
electromagnetic properties, potentially useful in electromagnetic wave absorption and interference

shielding. In two independent studies [486, 487], FeCoNiCrAl powders made from mechanical
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alloying were reported to have excellent microwave shielding and absorption at middle and high
frequencies. FeCoNiCrAl powders are thus regarded as promising materials for electromagnetic
wave absorption applications.

The quinary CoMoFeNiCu nanoparticles was also reported to possess very high catalytic
reactivity [488]. Compared to the precious metal Ru catalysts, these HEA particles manifest
substantially enhanced catalytic activity and stability when used for decomposing ammonia, with
an improvement factor exceeding 20. Furthermore, their catalytic activity can be tuned to
maximize the catalytic reactivity for specific needs by varying the Co/Mo ratio, making them

promising for applications in a wide range of reaction conditions.
8.3  Summary and outlook

From the properties reported, great potential in structural and functional applications
spanning diverse fields is found in HEAs of bulk, thin-film and powder forms. Some potential
applications are critical in addressing pressing societal challenges (e.g., transportation), advancing
energy sustainability (e.g., nuclear reactors and hydrogen storage), reinforcing national security
(e.g. aerospace and ballistic applications), accelerating modern industrial progression (e.g.,
applications in cutting tools, magnetic refrigeration, and electronics), and addressing national
health priorities (e.g., biomedical applications).

Despite the application promise in a wide variety of industries, huge gaps still exist from
laboratory explorations to practical engineering applications. Laboratory investigations more or
less focus on one or two primary properties crucial to a certain application whereas practical
applications need to be justified by considering a combination of many properties. For example,
HEAs used for energy conversion or shape memory also need to possess good strength and
ductility to maintain structural integrity in harsh conditions. In this sense, more application-driven
or application-focused research with investigating all necessary properties is required to close the
gaps. Benchmarking against commercial materials, if any, is also an important step toward
justifying HEAs in certain applications. Above all, the cost could generally be a critical issue for

applications of HEAs, which requires meticulous considerations.
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Table Captions

Table 8.1 Potential applications and associated properties of high entropy alloys, grouped by the
application field and alloy form. For each category of applications, one typical example alloy is

suggested.
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Figure Captions

Figure 8.1 Tree map of structural and functional applications along with determining
properties for various forms of high entropy alloys.
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9 Closing remarks

Fascinated by the enormously large compositional space and the great potential of offering
innumerable microstructures and properties, there has been seeing a worldwide rush in the research
of HEAs and their derivatives (e.g., medium-entropy alloys, high-entropy ceramics and polymers),
particularly since 2010s, six years following the first introduction of the concept. While many
avenues of research in this vibrant field are being opened each year or each month, a considerable
portion of endeavors is still directed toward two very fundamental aspects. One predominant area
is the exploration of the huge compositional space and microstructures with the aid of
thermodynamics and kinetics, while the other is the characterization and comprehension of their
mechanical behavior from fundamental and practical perspectives.

Expansive investigations of the mechanical behavior of HEAs at the early stage is
unsurprising. Like many other metallic materials available in bulk, the envisaged applications of
HEAs are primarily in the structural domain. However, the data or findings with regard to the
mechanical behavior of HEAs are buried in hundreds of reports, intermingled with each other, and
literally hinder researchers from gaining unobscured appreciations of key accomplishments
achieved to date and guiding their next-step research. Through a thorough review in this regard,
the present work highlights key findings and accomplishments in each sub-domain of the
mechanical behavior of HEAs. These sub-domains cover not only the first- and second-tier
mechanical properties of HEAs (e.g., strength, ductility, creep, fracture, and fatigue), but also the
scientifically important physics that dictate these properties (e.g., deformation and strengthening
mechanisms). The way that the content is organized as a whole and in each chapter is to facilitate
a quick grasp of key discoveries in each topic of concern to the researchers in this field. Readers
are, therefore, referred to each chapter or section for details of their concern.

Meanwhile, some generic comments about the mechanical behavior of HEAs are made
here for the consideration of researchers in this field. From the perspective of fundamental physics,
deformation and strengthening mechanisms found in HEAs still in general resemble those
established in dilute alloys. Multi-principal elements in high concentration can alter deformation
mechanisms on occasion (e.g., the prevalence of nano-twining and low stacking fault energies),
but any convincing correlations between the atomic and/or lattice level structures (in particular the
lattice distortion) and these deformation characteristics are not yet constructed. All strengthening

mechanisms but the solid solution strengthening are not proven yet to be distinct from those in

162



dilute alloys. Strengthening models conventionally established for dilute alloys, including the
Fleischer-type solid solution strengthening model, are constantly used in HEAs to account for their
strengthening effects. Attempts of adapting existing solid solution strengthening models, including
the Labusch-type models [118, 139] and the effective medium models [ 142, 146, 148, 489], gained
some success. But these models remain phenomenological to HEAs, lacking key physical
quantities characteristic of this particular family of alloys, such as the lattice distortion, elastic
misfit, and local chemical order [119, 122], in their governing equations. In simple words, the
fundamental differences between HEAs and conventional alloys have not yet been adequately and
indisputably revealed, which will likely serve as an crucial line of endeavors in future fundamental
research.

Considering application potential, hundreds of HEAs investigated by far, including those
with a single fcc structure, a single bece structure, and multi-phase structures, seems to exhibit no
apparent advantages in both the first- and second-tier mechanical properties over conventional
alloys already commercialized. Some unusual mechanical properties are sparsely reported, for
example, the high fracture resistance at cryogenic temperatures in the fcc CrMnFeCoNi [18] and
the remarkable high-temperature softening resistance in some bcc HEAs (e.g., [16]). For
application-drive research, considering that exhaustive investigations of all HEA compositions is
unlikely, the search of alloys with advantageous combinations of properties compared to
traditional alloys should be the focus of future search. The search is supposed to be guided by
increasingly mature fundamental understanding of this family of alloys for efficiency and
effectiveness.

In addition, the high-throughput experimentation and computation have never ever been so
critical in the investigation of bulk metallic materials. At present, the trial-and-error approach
prevalently used in conventional bulky metals and alloys still prevail in searching and investigating
HEAs. One of the fundamental differences between HEAs and conventional alloys, i.e., the nearly
limitless compositions in the former, makes this approach very ineffective in dealing with HEAs.
Taking the past decade of research as an example, the findings of very few alloys with compelling
properties are at the expense of the consumption of a tremendous amount of resources after
laboriously screening hundreds of compositions. In confrontation of the enormous HEA
compositions, high-throughput experimentation and computation are effective tools for screening

and eliminating. Unfortunately, the presently available high-throughput methods or tools are far
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from enough for handling such a huge compositional database of bulky alloys. High-throughput
experimentation is mostly limited to thin-film materials, while high-throughput experimentation
lacks sound multi-scale coupling. Besides, the uses of high-throughput experimentation and
computation are often decoupled. To address the high-throughput needs in the field of HEAs, the
further evolution of high-throughput experimentation and computation platforms, particularly for
bulky structural materials, is anticipated. Along this line, a large material library is also expected

to be established, which will surely benefit the whole material science community.
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Tables

Table 1.1 Differences between conventional dilute alloys and high-entropy alloys considered from

different aspects.

Aspects
compositional space
composition

alloy design strategy

concentration of secondary
elements

solid solution

phase diagram
configurational entropy of mixing
modulus mismatch
atomic size mismatch
lattice distortion
microstructure
properties
diffusion
solid solution strengthening

Conventional dilute alloys
low-dimensional
limited
based on one principal
element

dilute

distinguishable solvent and
solute atoms
corners and edges
low
mild
mild
mild
less diversified
limited possibilities
relatively quick
weak

HEAs
high- and hyper-dimensional
limitless
based on multiple principal
elements

concentrated

indistinguishable solvent and
solute atoms
central region
high
severe
severe
severe
more diversified
numerous possibilities
sluggish
strong
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Table 1.2 Classification of high-entropy alloys based upon different features.

Based upon
Composition

Composition

Microstructure

Microstructure
Microstructure
Microstructure
Microstructure

Microstructure

Microstructure +
properties
Mechanical
properties
Phase stability

Classification
(i) Equimolar HEAs, (ii) non-equimolar HEAs
(i) 3d transition metal HEAs, (ii) refractory metal HEAs, (iii) light metal
HEAs, (iv) lanthanide transition metal HEAs, (v) HEA brasses and bronzes,
(vi) precious metal HEAs, and (vii) interstitial compound HEAs
(i) single-phase HEAs, (ii) dual-phase HEAs, (iii) multi-phase HEAs
(i) FCC AlCoCrCuFeNi and derivatives, (ii) FCC CoCrFeMnNi and
derivatives, (iii) BCC refractory HEAs, (iv) HCP HEAs, (v) other HEAs
(i) terminal solutions, (ii) intermediate solutions, (iii) intermetallic
compounds
(i) random solid solutions, (ii) ordered solid solutions, (iii) intermetallic
phases
(i) simple disordered phases, (ii) simple ordered phases, (iii) complex
ordered phases
(i) solid solutions, (ii) intermetallic compounds, (iii) a mixture of solid
solutions and intermetallic compounds
(i) FCC strong and ductile HEAs, (ii) BCC refractory HEAs, (iii) HCP HEAs,
(iv) lightweight HEAs, (v) precious functional HEAs
(i) FCC 3d-transition metals, (ii) transition metals with larger-atomic-
radius elements, (iii) BCC refractory metals, (iv) others
(i) stable HEAs, (ii) metastable HEAs

Ref.

(1]

[26]
[490

[490
[490
(1]
[491

[492
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Table 2.1 High-entropy alloys reported with twining-mediated deformation.

Composition

CoCrNi
CoCrNi
CoCrNi
CoCrNi
CoCrNi—-3W
CoCrNi—-3W
CoCrFeNi
CrMnFeCoNi
CrMnFeCoNi
CrMnFeCoNi
CrMnFeCoNi
CrMnFeCoNi
CoCrFeMnNi
CoCrFeMnNi
CoCrFeMnNi
CoCrFeMnNi
CoCrFeMnNi
F820C027Ni13cr20Mn20
CoCrFeNiMnCy
(x>0.1)
FeNiCoCrMn-0.5C
FeNiCoCrMn-0.5C

CONiFeCFA|o,6Tio_4

VCrMnFeCoNi
Fe4Mn4oCo10Crio
(FesoMn4oCo10Cri0)96.7C3.3
Fe4o|V| n40C010CF10-1.0MO-1.0C

FesoMn30C0o10Crio

FECONiCFA|o,1
Alo_1CoCrFeNi
Alp1CoCrFeNi
Alp3CoCrFeNi
Aly1CrFeCoNi
Alp1CoCrFeNi
Aly3CoCrFeNi
Alp3CoCrFeNi
AlosCoCrCuFeN:i
A|o_5CONiFeTio,4
AlCoCuFeNi
TaNbHfZrTi

Phase

FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC

FCC+M5Cs

FCC
FCC
FCC1+
FCC2+BCC
FCC
FCC
FCC
FCC

HCP+FCC

FCC
FCC
FCC
FCC+B2+o
FCC
FCC
FCC+B2
FCC+BCC+o
FCC
FCC+BCC
BCC
BCC

Processing

HPT
HPT+AN
Swaged+FR
Swaged+FR
CR+AN
CR+AN
HPT
FR
FR
CR+FR
CR
CR
HF+CR+FR
As-cast
As-cast
As-cast
As-cast
CR+FR

CR+FR
CR+FR

MA+SPS

CR+FR
CR+FR
As-cast
As-cast
HR+Homo+
CR+FR
As-cast
As-cast
FR
CR+FR

HD
CR+FR
CR
MA+SPS
MP
HIP

T(K)

298
77
77

293
77

293

298
77

293
77
77

293

298

295

473

673

773

298

298

77
293

298

298
298
298
298

298

298
298
298
298
298
298
77
298
298

298

Twining initiation
strain (%)

6.7
12.9

~7.4
~25
~20-38

CRSS for

twinning (MPa)

260 + 30
260 + 30

235+10
235+10

87
102
116
121

186

Ref.

[493]
[494]
[110]
[110]
[495]
[495]
[496]
(65]
(65]
[47]
(82]
(82]
(66]
(64]
(64]
(64]
(64]
(73]

[71]

[70]
[70]

[79]

[76]
[314]
[69]
[152]

[19]

[497]
(771
(771
(63]
[72]
[72]
(81]

[342]

[341]
(78]

[498]

[499]



Notes: “HR”, “Homo”, “CR”, “MA”, “SPS”, “HD”, “HIP”, “HPT”, “FR”, “PR”, “MP”, and “AN” refer to
hot-rolling, homogenization, cold-rolling, mechanical alloying, spark plasma sintering, hot-drawing, hot
isostatic pression, high pressure torsion, fully recrystallization, partially recrystallization, melt-spinning,
and annealing, respectively. CRSS denote the critical resolved shear stress.
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Table 2.2 High-entropy alloys reported with phase-transformation assisted deformation.

Alloy

FesoMn30Co10Crio0

Fea9.5Mn30C010Cr10Co.s

Co20CraoFe3sMnyoNie

CozsNizsFessAlysCuiys

FegoCo1sNi1sCrig

Fe20Co30Ni10Cr20Mnzo

Fes2Mn28Co10CrisSis

F639|V| nzoCOZOCI"lssisAl
1

FeCoCrNi

CrCoNi

Tao,4Her'Ti
TaogsHfZrTi

Tao,erZrTi

Processing

Melted in a vacuum induction
furnace, cast, hot-rolled,
homogenized, water-quenched,
grain refined by cold rolling,
annealed, and water-quenched
Melted in a vacuum induction
furnace, cast, hot-rolled,
homogenized, water-quenched,
cold-rolled, and
tempered/annealed, and water-
quenched
Melted in a vacuum induction
furnace, cast, hot-rolled,
homogenized, and water-quenched

Molecular dynamic simulations

Melted in a vacuum induction
furnace, cast, homogenized, pickled,
cold-rolled, annealed, and water-
guenched

Arc-melted, drop-cast,
homogenized, cold-rolled, annealed

Arc-melted, drop-cast, and
subjected to multi-pass FSP,

Arc-melted, drop-cast, and
subjected to double-pass FSP,
annealed, and water-quenched
Melted by vacuum induction
levitation, cast, annealed, and hot-
forged
Arc-melted, cast, homogenized,
water-quenched, cold-rolled, and
annealed

Arc-melted and drop-cast
Arc-melted and drop-cast

Arc-melted and drop-cast

Initial
phase

fcc+hep

fcc+hep

fcc+hep

fcc

fcc

fcc+hep

fcc+hep

fcc+hep

fcc

fcc

bcec+hep
bcec+hep

bcec+hep

Phase
trans.

fcc—hce
p

fcc—hce
p

fcc—hce

fcc—bcec

fcc—bcec

fcc—hce
p

fcc—hce
p

fcc—hce
p

fcc—hce
p

fcc—hce
p

bcc—hce
p

bcc—hce
p

bcc—hce

p

Benefits

Strength,
ductility, and
work hardening

Strength,
ductility, and
work hardening

Strength,
ductility, and
work hardening
Strength,
ductility, and
work hardening

Strength,
ductility, and
work hardening

Strength,
ductility, and
work hardening
Strength,
ductility, and
work hardening
Strength,
ductility, and
work hardening

n/a

Strength

Ductility and
work hardening
Ductility and
work hardening
Ductility and
work hardening

Approach

Modify the
Mn content

Modify the
Mn content

Tune SFE by
composition
al change

Low SFE

Substitute Fe
for (CoNi)
and cryo-

deformation

Tune SFE by

composition
al change

Add Si

Add Si and Al

Cryo-
deformation

Cryo-
deformation

Modify the
Ta content
Modify the
Ta content
Modify the
Ta content

188

Ref.

[19, 95,
98, 99]

[105,
106, 223]

[90]

[500]

[222]

(73]

[101]

[100]

[92]

[501]

(89]
(89]

(89]



Melted by the arc and frequency

induction technique, cast, cold-

rolled, solution-treated, and air-
guenched

Ti352r27,5Hf27,5N b5Ta5

Notes: SFE — stacking fault energy.

bcc

bcc—
orthorh

ombic

phase

Work hardening

Composition
al
modification
on
TiZrHfNbTa

189

[96]



Table 2.3 High-entropy alloys reported with both twinning and phase transformation

Phase
Composition T(K) Phase Twin Outcome Ref.
trans.
Strength 1 [102]
Twin in o
FeawosMnsCo10CrioCos 298 fccthep  fec—hep Ductility— [105]
fcc phase
Strain Hardening?  [106]
Twin in hcp Stren'g.th i
FesoMn30Co10Crio 298 fcc+hep fcc—hep Ductility [19]
phase

Strain Hardening?

Notes: 1, |, and — indicate that the mechanical properties are better, worse, and similar to
those in the alloys’ equiatomic counterparts.
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Table 2.4 Stacking fault energy (SFE) of the high-entropy alloys obtained by various techniques.

Composition

NiFeCrCo
CrMnFeCoNi
Ni2sFe20Cr14C020Mnzo
Niz3Fe20Cri17Co20Mnao

Ni1aFe20Cr6Co20Mnyo

Ni1sFe21.5Cr21.5C021.5Mna1 5

CoCrNi
CoCrFeNi
CoCrFeNi

CozsNizsFezsAl7sCuiys
FeCoNiCrCu
CrCoNi
CrMnFeCoNi
FeCrCoNiMn
FeCrCoNiMn

NiCoCr

FeCoNiCr
FeCoNiCrMn
(FeCoNiCr)esMng
(FeCoNiCr)gsM N1a
FeoCoisN i25Cr20M N2o
FeCoNiCrAlo.1

CoCrNi

CoCrNi

CoCrNi

CoCrNi
CoCrFeNi

CoCrFeNiCugs
CoCrFeNiCu
CoCrFeNiCuAlo3
CoCrFeNiCuAlgs
CoCrFeNiCuTios
CoCrFeN iAlo_zs
CoCrFeNiAlg 3
CoCrFeN iA|0_375
COCFFENiA|o_3Ti0_1
CoCrFeNiAlosMog.1

Structure

FCC

FCC

FCC

FCC

FCC

FCC

FCC
FCC
HCP
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC

T (K)
0

O oo o

300
298
293
77
298
77
298
298
298
298
298
298
298

O 0O 000000000 o o oo

SFE (mJ/m?)
17.4-34.3

18.3-27.3
57.7
19.7
3.5

7.7

-18, -49, -77
-117, -82, -180
-8,43, 142
25.6 4.6
49+37
224
30+ 5
~21
~3.4
18+4
27+4
26.5+4.5
28+4
29+4
386
~30
-24
-43-30
—62
—-41
31.6+0.9
29.0+1.9
27.5+13
33.8+2.2
32.0+2.1
374+24
38.7+2.6
35.2+23
33.7+23
42.4+3.0
37.2+2.6

Technique to calculate SFE
EMTO'+CPA"
VASP!"
EMTO+CPA
VASP
EMTO+CPA
VASP
EMTO+CPA
VASP
EMTO+CPA
VASP
EMTO+CPA
VASP
First-principles method +5QS"
First-principles method +SQS
First-principles method +SQS
MDY simulation
VASP
TEM!

TEM
First-principles calculation
First-principles calculation
TEM
TEM
TEM
TEM
TEM
TEM
TEM
Ab initio calculations
First principles calculation
DFT calculations
DFT calculations
DFTVII calculations
DFT calculations
DFT calculations
DFT calculations
DFT calculations
DFT calculations
DFT calculations
DFT calculations
DFT calculations
DFT calculations
DFT calculations

191

Ref.
[114]

[114]
[114]
[114]
[114]

[114]

[116]
[116]
[116]
[500]
[112]
[110]
[111]
[113]
[113]
[502]
[502]
[502]
[502]
[502]
[502]
[497]
[83]
[120]
[503]
[501]
[504]
[504]
[504]
[504]
[504]
[504]
[504]
[504]
[504]
[504]
[504]
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https://www.sciencedirect.com/topics/physics-and-astronomy/dft-calculations
https://www.sciencedirect.com/topics/physics-and-astronomy/dft-calculations
https://www.sciencedirect.com/topics/physics-and-astronomy/dft-calculations
https://www.sciencedirect.com/topics/physics-and-astronomy/dft-calculations
https://www.sciencedirect.com/topics/physics-and-astronomy/dft-calculations
https://www.sciencedirect.com/topics/physics-and-astronomy/dft-calculations
https://www.sciencedirect.com/topics/physics-and-astronomy/dft-calculations
https://www.sciencedirect.com/topics/physics-and-astronomy/dft-calculations
https://www.sciencedirect.com/topics/physics-and-astronomy/dft-calculations
https://www.sciencedirect.com/topics/physics-and-astronomy/dft-calculations
https://www.sciencedirect.com/topics/physics-and-astronomy/dft-calculations

CoCrFeNiMn
CoCrFeNiMnCu
CoCrFeNiPd
A|0,15COCFFENi
A|0,15COCFFENi
A|0,15COCFFENi
A|0,15COCFFENi
Alo.15CoCrFeNi
Alo_soCOCFFENi
Alo_soCOCFFENi
Alo_soCOCFFENi
Alo_soCOCFFENi
Alo_eoCOCFFeNi
FeCoCrNiMoo.23
Fe0.4Ni11.3Mn34.8Al7.5Cres
(Fes0.4Ni11.3Mn34.8Al7.5Cre)99.93Co0.07
(Fes0.4Ni11.3Mn3a,8Al7.5Cre)os 9C1.1

Notes: : Exact muffin-tin orbital; ": Coherent potential approximation;
simulation packages; IV: Special quasirandom structure;
electron microscopy; ¥ Density functional theory.

FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC+BCC
FCC+BCC
FCC+BCC
FCC+BCC
FCC+BCC
FCC
FCC
FCC
FCC

0
0
298
853
898
923
948
973
853
898
923
948
973
298
298
298
298

29.7+1.2
27.0+1.2
66
126.9
132.8
136.0
139.3
142.5
147.4
152.9
155.9
159.0
162.0
~19
22.2+1.9
20.1+£1.0
10.2+0.9

\Y%

DFT calculations
DFT calculations
TEM
First principle calculation
First principle calculation
First principle calculation
First principle calculation
First principle calculation
First principle calculation
First principle calculation
First principle calculation
First principle calculation
First principle calculation
Neutron diffraction
TEM
TEM

TEM
I

. Vienna ab initio
: molecular dynamics; V!: Transmission-
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[504]
[504]
[122]
[247]
[247]
[247]
[247]
[247]
[247]
[247]
[247]
[247]
[247]
[505]
[153]
[506]
[506]


https://www.sciencedirect.com/topics/physics-and-astronomy/dft-calculations
https://www.sciencedirect.com/topics/physics-and-astronomy/dft-calculations
https://www.sciencedirect.com/topics/physics-and-astronomy/neutron-diffraction
https://www.sciencedirect.com/topics/physics-and-astronomy/neutron-diffraction

Table 3.1 The values of the parameters used in the Taylor dislocation strengthening model for
high entropy alloys. Alongside given is the information on the alloy processing condition, phase
constitution, and estimated strength increment from the dislocation strengthening Aog;, and

associated references.

p ,
G b dis AG
Alloy Processing Phase ar X -
(MPa) (nm) mlfm_z) (MPa)
Arc-melted, drop-cast, fee matrixtLl
. ; o 2-
(FeCONICr)osTizAls homogenized, cold-rolled 30%, Nis(Ti, Al) 785 02 0% 0 0
annealed, aged, and water recipitates 5
quenched precip
Arc-melted, drop-casted, fcc matrix+L1,-
. . . . 0.25
(FECONICr)o4TizAlg homogenized, cold-rolled 70%, Nis(Ti, Al) 78.5 0.2 5 5.02 274.5
aged, and water quenched precipitates
Melted in a vacuum induction
AlipsCrai1Fez11Co211 furnace, gas-atomized into powder, fcc+B2 and 0.26
74 2 42 276.2
Ni21.1M025Cas cooled down, and powered hot M23Cs 0 2 > 6

extruded into bars
Mechanical alloying, followed by
AlCoCrCuFeNi consolidation via SPS to produce fcc+B2 65 1.0 0.23 4.29 949
ultrafine grained samples
Cast, hot-rolled, homogenized,
Fes9.5sMn30C010Cr10Co water-quenched, cold-rolled, 0.25
5 temperedqat 400 °C or annealed at T 76 0.2 1.0 >7
650 and 750 °C for various time
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Ref.

[133]

[133]

[135]

[125]

[106]



Table 3.2 Hall-Petch intercepts and slopes, i.e., o¢ and k in o, = 0 + ksd

-1/2

, of high entropy

alloys and their subsets. Alongside given is the information on the alloy processing condition,

phase constitution, grain size, testing temperature and associated references.

Alloy

CoCrFeMnNi

CoCrFeMnNi

CoCrFeMnNi
with 1 at.% C

A|0,1COCFFeNi

Alp3CoCrFeNi

Alp3CoCrFeNi

CoCrNi

HfNbTazrTi
HfNbTazrTi
WNbMoTaV

Alo_1CrNbVMo

(COCFNi)94A|3Ti3

Processing

Melted and solidified by
magnetic levitation melting,
solution-treated, hot-forged,

(cold-rolled), annealed

Arc-melted, drop-cast,
solution-treated, cold-rolled,
annealed

Arc-melted, cast, solution-
treated, cold-rolled, annealed
Induction-melted, hot isostatic

pressing, friction stir
processing
Arc-melted, drop-cast, cold-
rolled, annealed
Prepared by a plasma arc
furnace, homogenized, cold-
rolled, annealed
Arc-melted, cast, cold-rolled,
homogenized, high-pressure
torsion, annealed
Arc-melted, drop-cast, cold-
rolled, annealed
Arc-melted, drop-cast, cold-
rolled, annealed
Ball-milled, spark plasma
sintered
Ball-milled, spark plasma
sintered, annealed
Arc-melted, drop-cast,
homogenized, cold-rolled,
annealed, aged

Phase

fcc

fcc

fcc

fcc

fcc

fcc

fcc

bcc
bcc
bcc

bcc

fcc+ll,
precipitat
es

d (um)

0.5-89

4.4-155

1.4-69.7

0.95-
1281

5.7-144

0.8-148

0.32-500

27-206
38-250
5.3-80

0.6-2.8

~67

T
(K)
293

77
293
473
673
873
107

293
293
293

293

293

293
293
293

293

293

0Op
(MPa)

194

310
125
83
57
43

69

288

174

95

144

218

942

919

1050-
1078

1680

216

ks
(MPa:um®>
)

490

538
494
425
436
421

127

935

371

824

674

265

270
240
1462-1774

811

568

Ref.

[507]

[47]
[47]
[47]
[47]
[47]

[47]

[75]

[178]

[186]

[508]

[174]

[451]
[509]
[510]

[45]

[87]

Table 3.3 Hall-Petch intercepts and slopes based on the hardness, i.e., Hy and ky in H = Hy +

kyd=1/2, of high entropy alloys and their subsets. Alongside given is the information on the alloy
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processing conditions, phase constitution, grain

sizes, testing temperatures and associated

references.
ky
Alloy Processing Phase d (um) T(K) Hg(Hv) (Hv-um®® Ref.
)
Co@ R | TR, CRER-CER Eals fec 39262 RT 125 69 (177,
rolled, annealed 180]
Go@ R | TR, R e, fec 3.7-210  RT 122 103 [180]
cold-rolled, annealed
SommeRany | AT EMER, CERG NEIMeEECe, fec 6.9-293  RT 193 85 [180]
cold-rolled, annealed
AI0,3CquFeN Arc-melted, drop-cast, cold- fec 5.7.144 RT 111 297 [186]
i rolled, annealed
SeEmay | R, GRS, EmeEIECe), fec 42-154  RT 115 146 [180]
cold-rolled, annealed
Arc-melted, drop-cast,
CoCrFeNi homogenized, cold-rolled, fcc 3.5-105 RT 118 166 [53]
annealed
CoCrFeNi Spark plasma sintered UBHALR/ GO (())1226 RT 108 163 [511]
3 5
G | AT TGRS CE8 e e fcc 9.8208  RT 112 104 [180]
cold-rolled, annealed
Nigegs | USRI, CoR M) fe 4.0-153  RT 129 249 [180]
cold-rolled, annealed
Arc-melted, drop-cast,
NiCoCr homogenized, cold-rolled, fcc 1-73 RT 147 197 [53]
annealed
. Arc-melted, cast, homogenized, 17.2-
CoMnNi cold-rolled, annealed e 166.4 RT 126 127 [0
Arc-melted, drop-cast, 7.8
CoFeNi homogenized, cold-rolled, fcc 77' - RT 97 131 [53]
annealed '
Arc-melted, drop-cast, 34.9.
FeNi homogenized, cold-rolled, fcc 93' 9 RT 105 113 [53]
annealed '
Arc-melted, drop-cast,
CoNi homogenized, cold-rolled, fcc 4-75.8 RT 62 167 [53]
annealed
Arc-melted, drop-cast, fcc 27.6- RT 69 34 [53]
Ni homogenized, cold-rolled, 142.6

annealed

Table 3.4 Theoretically estimated precipitation hardening in high entropy alloys. Aggg, Adyys,

Aoy, Aogy, Aoy, and Aogy,y,: represent strengthening contributions from the particle-matrix
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Alloy

CONin)94Ti2A|4

CONiCF)94Ti2A|4

CONiCF)gsTi1A|4
CONiCF)ngi3A|5

CONicr)ggTi3A|9
lo.1CrNbVMo
gNile n36A|gTi2

eCoNiCrTig2

68MnN1g 63F€19.68

.68Ni19.6sNbo.sCo.

8

Processing

Arc-melted, drop-cast,
homogenized, cold-rolled
30%, annealed at 1273 K for
2 h, aged at 1073 K for 18 h,
water quenched
Arc-melted, drop-cast,
homogenized, cold-rolled
70%, aged at 923 K for 4 h,
water quenched

Arc-melted, drop-cast,
homogenized, cold-rolled
30%, annealed at 1273 K for
2 h, and aged at varying
temperatures and time

Spark plasma sintered
Arc-melted, drop-cast, cold-
rolled 70%, annealed
Arc-melted, drop-cast,
homogenized, cold-rolled
80%, annealed, water-

guenched, aged at 1073 K for

1h
Arc-melted, drop-cast,
homogenized, cold-rolled
88%, annealed, water-
guenched

Precipitates

L1,-Nis(Ti, Al),
morphology |

L1,-Nis(Ti, Al),
morphology Il

L1,-Nis(Ti, Al)

L1,-Nis(Ti, Al)

L2:-(Ni, Co),TiAl

L1,-Nis(Ti, Al)

L2:-(Ni, Co),TiAl

L1,-Nis(Ti, Al)

L22-(Ni, Co),TiAl

alumina

(Ni, Al, Ti)-rich B2

Ni- and Ti-rich
lamellar

NbC and Mngs

Size
(nm)

<40

>70

20-100

12
188
12
231
11
350
71
223-
553

1-8

42

Ao
(MPa)

216.8

346.5

240.0

n/a
n/a
n/a
n/a
n/a
n/a
n/a

n/a

n/a

n/a

mechanism, and the ultimate precipitation strengthening, respectively.

Aoy
(MPa)

29.8

35.6

298

n/a
n/a
n/a
n/a
n/a
n/a
n/a

n/a

n/a

n/a

Ao,
(MPa)

305.6

254.8

327.7

n/a
n/a
n/a
n/a
n/a
n/a
n/a

n/a

410

n/a

Ao'sh
(MPa)

305.6

382.1

327.7

244.3
n/a
202.2
n/a
134.3
n/a
n/a

n/a

n/a

coherency, modulus mismatch, order strengthening, particle shearing mechanism, Orowan bypass

Ao,
(MPa)

n/a

n/a

n/a

n/a
29.9
n/a
330.7
n/a
299.6
86

28

391

196

Aappt
(MPa)

326.7

327.7

2443
330.7

299.6
86
28

412

391

[

[



Table 3.5 The values of f;, k;;,, and 4, used in the twin strengthening model Aoy, = fikepA,

1/2

for a number of high entropy alloys. Alongside given is the information on the alloy processing

conditions, phase constitution, method to obtain k;,, estimated strength increase Aoy, and

associated references.

Alloy Processing Phase [, (%)

Mechanical alloying, followed by
AlCoCrCuFeNi consolidation via SPS to produce  fcc+B2 11
ultrafine grained samples
Mechanical alloying followed by

NizsFezsAl
CozsNizsFeasAl.sCuar. consolidation via SPS to produce fcc 5
> nanocrystalline samples
Cast, hot-rolled, homogenized,
water-quenched, cold-rolled,
Fes5Mn30C010Cr10C feethe
#STIROLEIOMI0M0 tempered at 673 K or annealed n/a
° at 923 and 1023 K for various

time

At (nm)

43

61

68-126

kep
(MPa-um®>
)

270

350

195

Method to
obtain kyp

Approximat
e

Approximat
e

Curve fitting

197

Aatb
(MPa)

143

71

13-
468

Ref.

[125]

[214]

[106]



position

FeMnNi

FeMnNi

FeMnNi

FeMnNi

FeMnNi

rCuFeN;i

iCr)94Ti2AI4

NiCrMn

FeMnNi

FeMnNi

Table 4.1 Key deformation parameters, including the stress exponent (n), activation energy (Q),

activation volume (V/), strain rate sensitivity (m), and the inferred deformation mechanisms of

high-entropy alloys.

Grain size

46 pm

49 nm

33 nm

10 nm

1.4 pm

2.1um

15.7 pm

12 um

25 um

21.7 um

Structure

FCC

FCC

FCC

FCC

FCC

L12+B2+
BCC

FCC

FCC

FCC

FCC

Testing

Spherical
nanoindentati
on
Spherical
nanoindentati
on
Spherical
nanoindentati
on

Tensile test

Strain rate
jump

Tensile test

Strain rate
jump

Strain rate

jump

Tensile creep

Tensile creep

T(K)

298

298

298

773-1073

1023

1073-
1273

1023-
1173

1023-

1123

773-873

808-923

V*(b?)

4.6

0.8

0.8

67.6—
123.6/
38.3-68.5

Q (KJ/mol)

113

273-394

> 600(1023—-
1023 K )/
350-450

(1148-1173

K)
280(low
strain rate
regime )/
330(high
strain rate
regime)

268(low—
stress region
)/380(high—
stress region)

305-320(<
40
MPa)/235—
250(> 40
MPa)

n/m

291

1.03

1.30

m=0.31

m~0.59 at

107457t -

m~0.25 at
107%s7!

1.8-2.7

6-9/4.5

<=3/5

5-6/8.9-14

~3/~6

Deformation
Mechanism

Dislocation
mediated

GB Diffusion

GB Diffusion

Superplasticity

Superplasticity

Superplasticity

Precipitation
strengthening/
Dislocation
climb

Dislocation
glide/
Dislocation
climb

Dislocation
climb/ dynamic
recrystallization,

precipitation
and dislocation
climb

Dislocation

glide/
Dislocation
climb
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~oCrFeNi

oCrFeNi

FeMnNi

VInNi—ODS

Co16.9Cr7.4Feg
oNb1.,Wo.4Co.

4

HfNbTa

FeMnNi

_rFeNi

)CrNi

)CrNi

1FeCoNi

oCrFeNi

1FeCoNi

CrCuFeNi

800 nm

400 nm

80 um

100 -110 pm

100 -110 pm

100 -110 pm

149 pm

17 um

millimeter

~10 nm

FCC

FCC+BCC

FCC

FCC

FCC+L1,

BCC

FCC

FCC

FCC

FCC

FCC

FCC

FCC

FCC+BCC

Stress
relaxation

Stress
relaxation

Compressive
creep

Compressive
creep

Tensile creep

Stress
relaxation

Strain-rate
jump

Strain—rate
jump

Strain-rate
jump

Tensile creep

Repeated
stress
relaxation

Repeated
stress
relaxation
Tensile test
Berkevich
nanoindentati
on

853-973

853-973

973-1073

973-1073

1023-
1255

298

77-293

77-293

77-293

973-1023

77-423

298

873-1073
298

3.15-5.22

4.3-6.74

300 - 800

30-50

18-82

19-77

15-50

100-200

60-500 (at
yield
stress)

263-284

385

334

246(973-
1023 K)/
704(1023-
1073 K)
210 (low
stress
region)/
580(high
stress region)

290

370

~113

5.56

8.82

6.3

1.8/13.2

53

m=0.31

121-129

Cross-slip
deformation
mechanism
Cross-slip
deformation
mechanism

Dislocation
motion

lattice diffusion/

Precipitation
strengthening

Precipitation
strengthening

Peierls
mechanism
Labusch-type
solution
strengthening
Labusch-type
solution
strengthening
Labusch—type
solution
strengthening
Dislocation
climb
Hall-Petch
strengthening,
solid solution
strengthening,
and forest
hardening

Superplasticity

Superplasticity

Dislocation
glide-climb



CrCuFeNi

FeNiA|o,3

‘FeNiCu

ENiCUA'z,s

‘FeCuNi

‘FeCuNi

Qizocrzoano
111)

Qizocrzoano
111)

izocrlgM n13A|
111)

FeMnNi

FeMnNi

15-20 um

40-80 nm

50-90 nm

40-80 nm

60— 100 nm

50 um

50 um

10 pm

1-2 pm

38 nm

FCC+BCC

FCC

FCC

BCC

FCC

FCC+BCC

FCC

FCC

FCC+BCC

FCC

FCC

Berkevich
nanoindentati
on
Berkevich
nanoindentati
on
Berkevich
nanoindentati
on
Berkevich
nanoindentati
on
Spherical
nanoindentati
on
Spherical
nanoindentati
on
Berkevich
nanoindentati
on
Berkevich
nanoindentati
on
Berkevich
nanoindentati
on
Berkevich
nanoindentati
on
Berkevich
nanoindentati
on

473

298

298

298

298

298

873

873

873

298

298-573

0.08 nm?

0.51 nm?

15-24

>259

>239

>260

48-147

84-97

m= 0.0048.

m= 0.035

m= 0.0048

m=0.41-
0.14

m=0.25—-
0.27

3.8

4.3

14.34 -
18.34

36—66

dislocation
glide-climb

dislocation
dominated

dislocation
dominated

Dislocation
climb

Dislocation
climb

Dislocation
climb

Dislocation
motion

Grain boundary
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Table 5.1 Impact toughness and associated information (phase constitution, processing,

temperature T, yield strength o, fracture elongation &f, and test method) for a variety of high

entropy alloys.
T o Impact
Composition Phase Processing (K) (M;a) Ef energy Test
0)
124 610 0.42 177
175 541 0.35 194
. Vacuum-induction 213 494 0.39 208 Charpy-in
CoCrFeMnNi fcc el sae 300 429 0.40 213 notched spec
373 n/a n/a 206
423 n/a n/a 196
Al13Cr3 5Fe20C020Niz3 5 fcc AEIEESe, RT 760" 0.06" 2.54 mead z(;s(
Vacuum levitation 77 4127 ~0.97 289 Charoveirr
Alp1CoCrFeNi" fcc melted, cast, hot forged 200 2957 ~0.65" 318 notchedzy .
at 1323 K 208 2507 ~0.547 420 P
Vacuum levitation 77 5157 ~0.747 328 Charov-in
Alo3CoCrFeNi fcc melted, cast, hot forged 200 3107 ~0.66" 409 notchedzy -
at 1323 K 298 2207 ~0.65T 413 .
o 77 n/a n/a 398 .
CoCrFeNi fcc Vacmuzlr:eldev(l:’;as’ilon 200 n/a n/a 322 nOtCCrt\:dr[:;y—elr;
’ 298 1557 0.67 287 .
o 77 n/a n/a 371 .
Alo1CoCrFeNi™ fcc Vacmuzweiiev;';asilon 200 n/a n/a 327 nOtCC}:w:dr[:;y-elr;
! 298 n/a n/a 294 P
Arc-mel |
AlsCraFessConNing bec rc-melted, cast RT ~ 3707 o 0.29 mpact ';«:;s(
Al F Ni Arc-mel |
15.5Cr22.25F€20C020Ni22.2 feerbee rc-melted, cast RT ~ 5907 o 036 mpact ';«:;s(
5
Al10.5Cr24.75F€20C020Ni24.7 feerbee Arc-melted, cast RT 3707 0.25T 11.45 Impact ';«:;s(
5
77 n/a n/a 1.82
Alo.75CoCrFeNi fec+B2 Vacn:z?efvégitt'on 200 n/a Oné: = nOtcc::(;[:;y-;r;
’ 298 800-1400°¢ e 3.58 £
0.55
77 n/a n/a 0.64
. . 2 . _.
Al,sCoCrFeNi bec+B2 Vacm“zl'l“eldevc':tt'on 00 1%33 i e notcc::(; o
’ 298 n/a 1.28 :

1867"
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Notes: RT indicates room temperature; the superscript T, €, and  represent that the data are sourced from tensile tests,
. . . . H .
compressive tests, and hardness (the yield strength is estimated from g, = 2); the superscript O and @ denote the

same alloy from different works.
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Table 5.2 Fracture toughness K¢, conditional fracture toughness K, and associated information

(phase constitution, processing, temperature T, yield strength o,,, fracture elongation &, and test

method) for a variety of high entropy alloys.

Composition

CrMnFeCoNi

Fe4sC020CrioNiisVio

Al13Cra3.5Fe20C020Niz3 5

FeCoNiCrAls

A|23C015CI'23CU8F615Ni15

Single-crystal NboMoTaW

Bi-crystal NbMoTaW

Nanocrystalline
NbMoTawW

TiZrNbTa
(TizZrNbTa)ssMos
(TiZrNbTa)soMo10
(TiZrNbTa)soMo20

Al15Cra1Fe20Co20Niz

Alo,zcheNiTio,z

Ali5.5Cra2.25F€20C020Niz2.25

Phase

fcc

fcc

fcc

bcc

bcc

bcc

bcc

bcc

bcc

bcc

bcc

bcc

two bcc

fcc + bee

fcc + bee

Processing

Arc-melted, cast,
cold forged and
rolled, recrystallized
Vacuum induction
melted, cast,
homogenized, cold-
rolled, annealed,
and water-
guenched

Arc-melted, cast

Laser-solidified
coating (1.5 mm
thick)

Vacuum induction

melted, cast

Arc-melted, cast,
homogenized

Arc-melted, cast,
homogenized

2-3 um thick film
deposited

Arc-melted, cast
Arc-melted, cast
Arc-melted, cast
Arc-melted, cast

Arc-melted, cast

Vacuum levitation
melted, cast
Arc-melted, cast

T (K)
77

200
298

77

298

298

298

298

298

298

298
298
298
298
298
298

298
298

Oy
(MPa)

7597
5187
4107

4707

2947

760"

2500"

1260¢

2640 M

1058 MC

~5700M¢
1020¢
1180¢
1300°¢
1460°¢
~ 3707

1666"
~ 5907

&f
0.717

0.67
0.577

0.627

0.36"

0.06"

n/a

0.21¢

0.026°

0.026¢

n/a
>0.5¢
~0.51¢
~0.26°
~0.07¢

o7

n/a

OT

K/c or KQ
(MPa Te:
mO.S)
219
J-R curve test
221 (AS
217
232
J-R curve test
(AS
219
K testing o
53 (A
7.6 Nanc
K testing on
5.4-5.8 and CVNRB
Bending o
1.6 cantilever spe
a
Bending o
0.2 cantilever spe
a
2933 Bending c
cantilever spe
K testing o
28.5 (AS
K testing o
22.
> (A
K testing o
2
. (A
K testing o
18.
8.7 (A
9 K testing o
(AS
K testing o
2 -
32-35 (AS
11 K testing o
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AlICrFeNi,Cu

CoCrFeNiNbos

FeCoNiCrCuTiMoAISiBegs

AlCoCrFeNi!"

AlCoCrFeNi™

FeCrNiV

fcc + bee

eutectic,
fcc + Laves

bcc +
martensite

fcc +
duplex bcc
fcc+ L1, +
tetragonal

o

fcc+o

Vacuum levitation
melted, cast

Arc-melted, cast

Laser-solidified
coating (1.5 mm
thick)

SPS at 1473 K

SPS at
973-1273 K

Vacuum induction
melted, cast,
homogenized, cold-
rolled, and annealed

298

473

298

298

298

298

77

298

1049"
n/a

1700°¢

3770"

12627

333-
2667"

571-8197

352-587"

n/a
n/a

~ 0.7

n/a

~0.29"

n/a

0.43-
0.737
0.39-
0.647

(AS

40-45 K testing o
46-47 (A
11.4-14.8 IR curve
specimer
50.9 Nanc
K testing o
25.2 (A
1-3.9 K testing on
(E

244-278
J-R curve test
160-189 e85

Notes: The superscript T, ¢, 1!, and MC indicate that the data are sourced from tensile tests, compressive tests, hardness

(the yield strength is estimated from o, = ;), and micro-compression tests, respectively; the superscript @ and

indicate the same alloy from different works; Ky is used for the shaded numbers in the fracture-toughness column; &r

=0.026 for the NbysMosTasWos HEAs are from their polycrystalline counterparts [16];
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Table 6.1 High-cycle fatigue properties (fatigue strength o, fatigue ratio %, and coefficients

of the Basquin equation) of HEAs in air and at room temperature. Alongside shown is the

information on the thermomechanical processing, phase constitution, average grain size d, uniaxial

yield strength o, ultimate tensile strength oy, and fatigue testing parameters such as the stress

ratio R and loading frequency f.

Composition

CoCrFeMnNi

CoCrFeMnNi

CoCrFeMnNi

CoCrFeMnNi

CoCrFeMnNi

CoCrFeMnNi

CoCrFeMnNi (welded)

Fes2Mn,gCrisCo10Sis

Fess.sMnz0Co20Cr15SisCus.

5

As-cast AlCoCrFeNi;.1
(EHEA.)

Wrought AlCoCrFeNi;.1
(EHEAW)

Processing

Alloy powder ball-milled,
compacted by SPS

Magnetic levitation
melted, cast, solution-
treated, hot-forged, cold-
rolled, annealed
Vacuum induction
melted, cast, hot-rolled,
solution-treated, water
guenched

Synthesized by SHS
Magnetic levitation
melted, cast, solution-
treated, hot-forged, cold-
rolled, annealed
Vacuum induction

melted, cast, hot-rolled,
homogenized

Synthesized by SHS

Cast, multi-pass FSP

Cast, multi-pass FSP

Cast

Cast, cold-rolled,
annealed

Phase

fcc

fcc

fcc

fcc

fcc+Cr-rich
precipitates

fcc+CrMn,0,
particles

fcc+M5Cs particles

metstable fccllhcp

metstable fccllhcp

eutectic,
hierarchical
fce (L1,)+bcec (B2)
eutectic,
hierarchical
fce (L1,)+bcec (B2)

& (MaFy’a)
0.6 n/a
30 300

41/77° 254
éig 159
0.65 800

245.5 293
o
1.97 957
0.77 850
n/a 746
n/a 1110

OyTs

(MPa)

n/a

676

585

362

888

626

349

1158

1126

1057

1340

Jaf

(MPa)

450

190

250

83

280

126

89

535

700

383

469

205

Uaf

ouTsS

n/a

0.28

0.43

0.23

0.32

0.2

0.26

0.46

0.62

0.36

0.35

Basql
fit
A=10

0.04
A=54

0.05

0.19



AlosCoCrCuFeNi

Alo3CoCrFeNi

Alo7CoCrFeNi

Alp7CoCrFeNi

Note: FSP-friction stir processing; SPS-spark plasma sintering; SHS-self-propagating high-

temperature synthesis; “Two different mean grain sizes, 41 and 77 pm were reported for the same

Arc-melted, cast
annealed, quenched,
cold-rolled
Arc-melted, cast,
solutionized, cold-rolled,
annealed
Arc-melted, cast, hot-
rolled, cold-rolled,
homogenized, water-
guenched
Arc-melted, cast, hot-
rolled, cold-rolled,
homogenized, water-
guenched, annealed

set of fatigue data in two separate works.

dendritic fcc +
interdendritic fcc

fcc+B2 and o
precipitates

fcc+B2

fcc+B2 and L1,
precipitates

n/a

0.71

n/a

1284

900

780

1050

1344

1074

1040

1400

361

450

410

460

206

0.27

0.42

0.36

0.33

A=34

0.16
A=13

0.06
A=34

0.12

A=14

0.07



Table 6.2 Fatigue crack growth properties (threshold stress intensity range AK;, and Paris slope

m) of HEAs. Alongside shown is the information on thermomechanical

processing, phase

constitution, grain size d, testing temperature T, stress ratio R, testing frequency f, and testing

method.

Composition

CoCrFeMnNi

CoCrFeMnNi

CoCrFeNi

CoCrFeNiMoo

HfNbTaTiZr

FegoM nloCrloCo

Alo_zCFFENiTio_z

AlCrFeNi,Cu

Note: SENT-single-edge notched tension; DC(T)-disc-shaped compact-tension;

Processing
Vacuum induction melted, cast,
homogenized, swaged, annealed
Vacuum induction melted, cast,

homogenized, swaged, annealed

Powder metallurgy

Powder metallurgy

Arc-melted, cast, cold-rolled, annealed

Vacuum induction melted, cast, hot-
rolled, homogenized, hot-rolled,
solutionized, quenched

Vacuum levitation melted, cast

Vacuum levitation melted, cast

edge notched bending; CT-compact tension;

Phase

fcc

fcc

fcc

fcc

bcc

metastab
le fcc
Blhcp

fce+bec

fce+bec

(um)

15

12

~60

n/a

n/a

n/a

T (K)

198

293

293

293

293

293

293

293

R

0.1

0.1

0.1

0.1

0.1

0.1

0.1
0.3
0.7
0.1
0.3
0.7

f(Hz)

25

25

10

20

20

m

4.5

3.5

7.4

6.0

2.2

3.5

4.9
53
25.8
3.4
6.5
14.5

SENB-single-

207

AKep,

(MPa -
0.5)

6.3

4.8

n/a

n/a
2.5

n/a



Alloy
NiCrCoMn
NiCrCoMn
NiCrCoMn
oCrCuFeNi
\bMoTaW

\bMoTaW

\bMoTaW
(IBAD)
\bMoTaW
(Normal)

0.7CoCrFeNi

Table 7.1 The estimated size-effect exponent m, along with alloy information, testing condition,
slip system, pillar size D (diameter and edge length, respectively, for circular and square pillars),

lattice constant a, the magnitude of Burger’s vector b, shear modulus G, and Schmid factor S. m
for single crystalline (sc) HEAs was obtained by fitting Equation (7.2) to the é~% data, but for

nanocrystalline (nc) HEAs it was from the é~D fitting.

. Loading . .
Phase Structure Pillar direction Slip system D (um) a (A) b (nm) G (GPa) S
fcc sc cylinder  [1135] (111)[110] 1-10 329 02539 80 0.48
3.59
fcc sC square [126] (111)[101] 1-8.3 0.2539 80 0.488
e 3.59
fcc square [123] (111)[101] 1-8.3 0.2539 80 0.467
: 3.54
fcc sc cylinder [100] {111}110) 0.5-2 0.2503 70 0.408
bee >¢ olinder  [316]  (112)[111] 0252 >*** 02789 114 0.41
bee >¢ olinder  [001]  (112)[111] 0252 >*** 02789 114 0.47
bce nc cylinder n/a n/a %0775 3.222 n/a 212 n/a
bce nc cylinder n/a n/a ?1?176 3.222 n/a 212 n/a
fec >¢ cylinder  [324]  (111)[011] 0.4-2 3572 0.2526 75 o.zizz
bcc >¢ cylinder  [001]  (101)[111] 0.4-2 2868 2484 70 0.408

Notes: sc and nc denote single crystalline and nanocrystalline, respectively; IBAD denotes the ion beam-assisted film
deposition; Normal denotes the normal direct current magnetron co-sputtering technique; * : the value of 0.634 in Ref.
[362] seems to be incorrectly calculated as the Schmid factor cannot exceed 0.5 in general; It is, therefore, recalculated

here.
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0.30

0.33

0.20
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0.71

0.27
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Table 8.1 Potential applications and associated properties of high entropy alloys, grouped by the

application field and alloy form. For each category of applications, one typical example alloy is

suggested.
Field Alloy form Key properties Potential applications Example
. Cutting tools, brazing, and .
High hardness - o.o > raZ|r?g an NiCuCoFeo.
soldering materials
Retained high hot hardness Hot-working molds and dies AlCoCrFel
Wear resistance Hardfacing materials Co1s5CrFel
. . Weight-critical applications, such .
High strength and low densit ) : ’ AloLizoMg1o!
'8N strength and fow censity as in the transportation sector 20-20VIg10
- Aut ti d
Strength-ductility balance utomotive and aerospace FesgoxMnyCc
sectors
o Crashandi t
High impact toughness rashan |mp§c ey Alo.1CoCrl
Bulk absorption
High fracture tough t . )
Structural 'gh Trac .ure SHE Storage tanks for liquefied gases CrMnFe(
cryogenic temperatures
Retained high st th at elevated . . Refractory Ta
etained high strength at elevate Turbine blades and hypersonic elractory fa
temperatures and creep vehicles and HE sup«
resistance AlMoo sNbT
Radiation-damage resistance Nuclear reactors FeNiMr
. . Boilers, heat exch , and shi
Corrosion resistance LSS, IECL SAAE IS, Sl S Alo.1CrCol
propellers
Corrosion resistance and Biomedical applications, such as .
. - . . TiZrNbT:
biocompatibility orthopedic or dental implants
Thin film High hardr.mess and wear Wear—re5|.stant coat|ngs, such as AlCoCrEe
resistance cutting tool coatings
High . —
'gh saturation m'ag'ngtlzatlon and Magnetic applications FeCoNiMng
low resistivity
High electrocatalytic activity and . — .
'8 . 4 I, Wity Energy conversion applications NizoFe20Mo1g
Bulk corrosion resistance
High hydrogen storage capacity Hydrogen storage TiVZrNEk
Shape memory effect at large Ultra-high temperature shape . .
(NI,Pd)so(TI,|
temperature ranges memory alloys
. ) Magnetocaloric effect Magnetic refrigeration GdDyErH
t
uncl 'ona Superconductivity Superconductors TazaNbssHfsg
Heat and oxidation resistance, and  Thermal barrier coatings in high- .
. . . NiCoo.6Feo.2Cr;
thermal expansion temperature applications
Fil Th | stability and sluggish I . .
m ermats a' ! Yan SUBBIS Diffusion barriers AIMoNDbSIT
diffusion
Good electrical properties Thin-film resistors Ni-Cr-Si-A
Excellent electromagnetic Electromagnetic wave absorption EeCoNiC
Powder properties and interference shielding
Catalytic reactivity and stability Catalysts CoMokFel
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Pure metal Dilute alloy HEA

Figure 1.1 Schematics of lattice distortion in body-centered cubic pure metals, conventional dilute

alloys, and high-entropy alloys. A — D represent different element species in general.
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NiCo, Jin et al. (Mater. Res. Lett. 2018)

NiFe, Jin et al. (Mater. Res. Lett. 2018)

NiCoCr, Jin et al. (Mater. Res. Lett. 2018)

NiCoFe, Jin et al. (Mater. Res. Lett. 2018)
NiCoCrFe, Jin et al. (Mater. Res. Lett. 2018)
NiCoCrFe, Vaidya et al. (J. Alloys Compd. 2016)
NiCoCrFeMn, Jin et al. (Mater. Res. Lett. 2018)
NiCoCrFeMn, Vaidya et al. (J. Alloys Compd. 2016)
NiCoCrFeMnO_S, Tsai et al. (Acta Mater. 2013)

NiCoCrFePd, Jin et al. (Mater. Res. Lett. 2018)

mmnnnnT ALY B
GO 00 IEVAPY

1077 F
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g [

10—19 I 1 1 1 1 I 1 1 1 1 I 1 1 1 1 I 1 1 1 1 | 1 1 1 1 I 1 1 1 1 I 1 1 1 1 I
1 1.1 12 13 14 15 16 17

T IT
m

Figure 1.2 Diffusion coefficients of Ni, Dy; ,in a series of fcc alloys including high-entropy
alloys against the inverse homologous temperature, T,,/T, including NiCo [29], NiFe [29],
NiCoFe [29], NiCoCr [29], NiCoFeCr [29], NiCoFeCrMn [29], and NiCoFeCrPd [175],
CoCrFeMnNi [271], CoCrFeNi [271], and FeCoCrNiMngs [27, 30]. T,, denotes melting

temperature.
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° Periodic Table of the Elements .

, Atomic Radius
H 2He

. . L J © °® ° . °

5B 6 ™ 80 9F 10Ne
Atom sizes are relative to the largest element, Cesium.

. . Dimmed elements have no data. . . ) @ ® @
Elements 87, 88, and 104-118 have no data and were omitted.

1iNa  12Mg 131 14si  15p 18 17¢) 18Ar

Q@00 000O0COCOCOGCOBOGOGEESE OSSO o

19K 20Cca  21s¢  22Ti 23V 24Cr  25Mn 26Fe  27Co  28Ni 29Cu  307Zn  31Ga 32Ge 33As 345 3IBBr 36K

37Rp 38gr 407¢ 41Np 42Mo 43Te 44Ry 45Rh 46 pd 47Ag 480d 49| 508np 51g8p 52Te 53] S4¥a

5505 56Ba T2Hf  73Ta  TAW  T75Re 760s 77 78pt 79Ay 80Hg B1T| 82pp  83g] B4pg  85At  B6Rp

575 58Ce 59pr 6ONd 61pm 62Sm 63y 64Gd 65Tp 66Dy 67Hg 68Er 69Tm  70vp  7iLy

89pac 90TH 91pg 92y 9BNp  %Mpy  SAm  9Cm  9Tpk 98BCf 99gg 100Fm 101pgg 102N 103 p

Figure 1.3 Periodic table of elements by atomic size. Courtesy of Sciencenotes.org at

http://sciencenotes.org/printable-periodic-table/.
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1.58%

1.01%
SN/

2.05%

Total = 2587

. High entropy (high-entropy) alloy

. Multicomponent (multi-component) alloy

[ Multiprincipal (multi-principal) element alloy
Concentrated solid solution alloy

. Complex concentrated alloy

Figure 1.4 Percentages of different naming conventions for “high entropy alloys”. The

statistics is based on merely considering the usages of these terms in the titles of 2587 papers from

2004 to the end of 2019.
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Figure 1.5 Number of HEA publications by year, along with cumulative citations over years
from 2004 to the end of 2019. The growth of HEA articles can be described by an exponential rise
of y = 3.05exp(0.33x).
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Figure 1.6 (a) Top 12 universities and research institutes, and (b) top 13 journals in publishing

HEA articles, sorted by the number of publications from year 2004 to the end of 2019.
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Figure 2.1 TEM image of the deformed (CoCrNi)e4Al3Tis medium-entropy alloy, indicating

planar slip of dislocations along with intersecting slip lines in two different {111} planes [46].
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Figure 2.2 Lomer-Cottrell (LC) junctions (e.g., the one marked by an arrow) formed on two
{111} slip plane intersections in the Alp.1CoCrFeNi high-entropy alloy [47].
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Figure 2.3 Schematics showing the changes in the arrangement of neighboring atoms caused

by an edge dislocation slip in the face-centered-cubic crystal lattices of (a) a dilute solid solution
and (b) a high-alloy system, respectively. Local Peierls potential energy profiles around a
dislocation segment are schematically illustrated for the (c) dilute system and (d) high-alloy system
[50]. Distributions of the average potential energies in the (e) dilute system and (f) high-alloy
system, which were obtained by averaging the local potential energies shown in (c¢) and (d) along

the dislocation line [50].
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200 nm

Figure 2.4 Deformation micro-mechanisms in the hierarchical AICoCrFeNiz,; high-entropy

alloy with the increasing tensile strain [60].
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£ ey

Figure 2.5 TEM micrographs showing the evolution of twins with true tensile strain at 77 K
in the FeNiCoCrMn alloy [63]. (a) Both figures are bright-field images. (b-e) Figures on the left
are bright-field images while those on the right are dark-field images. The dashed rectangles in the

left column delineate areas that are magnified in right column.
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Figure 2.5 TEM micrographs showing the evolution of twins with true tensile strain at 77 K
in the FeNiCoCrMn alloy [63]. (a) Both figures are bright-field images. (b-¢) Figures on the left
are bright-field images while those on the right are dark-field images. The dashed rectangles in the

left column delineate areas that are magnified in right column.
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Figure 2.7 Twin-twin interactions in the FeCoCrNi alloy introduced by high-pressure torsion
(HPT) [82]. (a) HRTEM image showing three incident twins (T2, T3, and T4) in the same direction
interacting with one barrier twin (T1) and triggering the formation of TS5 and T6 twins (twin
boundaries highlighted by white lines). (b) Fourier filtered image of the framed part in (a), showing

plenty of dislocations (marked with white “T”’) and an Lomer-Cottrell (LC) lock (indicated by five

red spots). [82]
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(@) &.=20% (D) e.=40%  (C) &.=60%  (d) e £,.=100%
N L 7 N o T T

il FCC 72%
|_HCP 28%

Figure 2.8 EBSD phase maps of the dual-phase Co20Cr20Fe3aMn2oNie alloy deformed at room
temperature [88], reflecting the deformation-induced martensitic transformation as a function of
deformation. The local strain, ¢, of (a) 20%, (b) 40%, (c) 60% and (d) 90% correspond to the

early, medium and late uniform deformation and post-necking stages, respectively.
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o =600 MPa o = 860 MPa o =930 MPa o =980 MPa
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Figure 2.9 In-situ SEM observation reveals the martensitic phase transformation process in the

Loading

Tao.sHfZrTi alloy during continuous loading [87].
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Figure 2.10  XRD patterns and EBSD images of the as-cast TaxHfZrTi (x =1, 0.6, 0.5, and 0.4)
alloys [87]. The Ta concentration significantly influences the phase constitution of this alloy
system, rendering either single (bcc) or dual-phase (bce + hep) structure [87]. The decrease of the

Ta content destabilizes the bce matrix and promotes the formation of the hcp phase.
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Figure 2.11  Representative EBSD phase maps showing the microstructural evolution with the
increasing local strain, ¢, of the dual-phase FesoMn30Co10Crio alloy with different fcc grain sizes
and initially available hcp phase fractions: (ai-4) 4.5 pm/32%; (b14) 6 um/14% and (c14) 15
um/31% [100].
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Figure 2.12 The deformation in the FesoMn30Coi0Crip alloy accommodated by phase
transformation and twining [19]. (a) EBSD phase maps revealing the deformation-induced
martensitic transformation as a function of deformation, with ¢;,. and TD denoting the local strain
and tensile direction, respectively. (b) ECCI analyses showing the evolution of defect
substructures in the fcc and hep phases, where the deformation-induced twinning is dominated in

the hep phase. g is the diffraction vector, y is the fcc phase, and ¢ is the hcp phase.
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Figure 2.13  Schematic sketch of microstructural evolution with straining in an interstitial high-

entropy alloys [103]. Black arrows point in the direction of increasing strain values.
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Figure 2.14  The dynamic evolution of the fcc phase fraction under tension in the TRIP-HEA
FesoMn30Co10Crio [102].
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Figure 2.15  Schematic showing the thermomechanical processes for producing the bimodal

Thickened SRX in
nano-twins shear bands

and trimodal microstructures in the Fes9 sMn3oCo10Cri0Co.s alloy [104].
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Figure 2.16  Bright-field TEM images of dislocation structures and stacking faults (SFs) in the
precipitation-strengthened FeCoNiCrTio.2 alloy after deformed to a true strain of ~2.5% (a), ~10%
(b) and ~36% (c) at 77 K [86]. The inset in (c) is a SAED pattern of the region in the red circle.
(d) HRTEM image of the blue region in (c). (a) is taken under the two-beam condition to see
dislocations, and (c—d) are taken along the zone axis of [011] to observe intersecting stacking

faults.
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Figure 2.17  Interrupted in-situ EBSD and ECCI observations of deformation and phase
transformation at varying strain levels in the interstitial Fe49. sMn30Co10Cr10Co.s high-entropy alloy

[103]. (a) Overlay of phase map with image quality map. (b) ECC images.
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Figure 2.18  (a) Schockley partials revealed by theoretical calculations [115]. Left: the relaxed
dislocation configuration at zero stress. Right: the dislocation configuration at an applied stress of
195 MPa. (b) The critical stress increment, Az, as a function of the stacking fault region size d

[115]. The stacking fault energies are chosen randomly from uniform distributions.
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Figure 2.19  Short-range ordering observed in the CoCrNi alloy [119]. (a) Energy-filtered
diffraction pattern taken from the sample aged at 1000 °C. The line plot shows the periodic
intensity of the “diffuse superlattice” streaks. (b) Energy-filtered dark-filed image taken from the
1000 °C aged sample. (c) Typical high-resolution TEM image and the associated FFT image of
the 1000 °C aged sample, where superlattices are marked by the white circles and the associated

streaking along the {111} direction is marked by the white arrows in the FFT image.
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Water-quenched Aged at 1,000 °C

Dislocation morphology

Figure 2.20  Dislocations in the water-quenched and 1,000 °C aged CoCrNi samples [119]. (a)
Two-beam bright-field image, showing the representative wavy configuration of dislocations in
the water-quenched sample. (b) Two-beam bright-field image, showing the representative planar
configuration of dislocations in the 1,000 °C aged sample, with the leading dislocation pair

indicated by the white arrow.
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Figure 3.1 The linear correlations between the normalized lattice distortion stress, Aoy, /E,

and the lattice distortion, §*, for both the Ni-based fcc and Nb-based bee equiatomic alloys [124].
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Fleischer model: strong pinning Labusch model: weak pinning

Figure 3.3 Schematics of the (a) Fleischer model and (b) Labusch model [116].
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Figure 3.4 The linear scaling between the yield strength increase,Ao,, and the solute

concentration in the HfMoxNbTaTiZr [132], MoxNbTiVZr [134], and AlxHfNbTaTiZr [135]
HEAs.
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Figure 3.5 Experimental yield strength, o, versus the predicted solid solution strengthening

effect, Aalys, for the single crystals of HEAs and their subsystems [137].
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Experimental yield strength, o,,, versus the predicted solid solution strengthening

effect, Ao, for the polycrystalline HEAs [137]. Note that experimental o,, in this case does not

exclude the grain size effect.
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Figure 3.7 Schematics showing (a) the atom distribution in an actual 3-component HEA with
a dissociated edge dislocation and (b) the effective matrix of the same alloy with “solute” 4

embedded at the position (x;, y;, Zx ), with an interaction energy U A(x;, Yj, Zx) with the dislocation
[140].
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Figure 3.8 Schematic of the low-energy wavy dislocation configuration formed by moving a
L long straight dislocation through the solute field with spatial fluctuations of concentrations. The

total dislocation energy is minimized when ¢ and w reaches their characteristic values, ¢, and w,

[140].
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Figure 3.9 (a) Experimental vs. predicted yield strengths of the fcc FeNiCoCrMn HEA at
varying temperatures [140]. (b) Experimental vs. predicted yield strengths of the fcc HEA in the
Fe-Ni-Co-Cr-Mn family at 293 K [140]. Note that the Hall-Petch contribution to the strengths are

subtracted.
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Figure 3.10  (a) % plotted against b\/@ for the fcc CrMnFeCoNi HEA, from which the
value of « in the Taylor hardening model can be determined from the slope of the linear fitting line
[63]. (b) The line broadening parameter of X-ray diffraction peaks, Scos6, plotted against the
diffraction angle parameter, 4sin6, for the (FeCoNiCr)osTioAl4 HEA processed by two different
processing routes, i.e., Process 1 and Process 2 (refer to the text for the specifics of each process).

A linear fitting to the fcos@ — 4sinf data pairs leads to the evaluation of the micro strain, g,

from the slope [131].
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Figure 3.11  The Hall-Petch relation of the CoCrNi and Ni-40Co alloys, with the dashed lines
indicating extra hardening at small grain sizes. The solid lines are the linear fitting for the values

of oy and kg, with the data in the extra-hardening region excluded for use [172].
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Figure 3.12  The friction stress, o, versus the Hall-Petch coefficient, kg, of the alloys listed in
Table 3.2. Alongside plotted are the fcc pure metals Ni, Al, and Cu as well as bee pure metals Cr,
Fe, Nb, Ta, Mo, V, and W for comparison [173]

249



6.5 T T
| @ 750°C (a) ;(b) ! @ 750°C
[ A 775°C ] F A 775°C
3 o 1 =25F om ]
6l ¢ so0° 4 F7°F _ ¢ s800°C
L 1o é L ]
5 3 2r ! ]
& 55 4 - 4
=L 1 T
w f g P 6 M a
§ | @ 1.5 } i - < |
e s 12 F o | T
© L * L £ -
I w1+ %I -
Q L aQ .
S F S |
+ 4 B L =
45 - % L § | strong pair-coupling
F . 0.5 x | -
r o |
[ N
4 MR 1 Lol L O‘r‘.......|‘!.‘\..‘.|.‘..m..m.u.|u.‘
10° 104 10° 10° 107 0 5 10 15 20 25 30 35 40
Aging time (s) Mean precipitate radius, r (nm)

Figure 3.13  Precipitation hardening of the (FeCoNiCr)osTi2Al4 HEA at 750 °C, 775 °C, and 800
°C for varying aging durations [31]. (a) Variation of the nanoindentation hardness with the aging
time at three temperatures, with the solid lines delineating the trends. (b) Hardness increment
against the average precipitate radius at three temperatures, where the symbols represent

measurement data whereas lines are theoretical predictions from Equations. (3.41) and (3.42).
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Figure 3.14  Electron channeling contrast (ECC) images of the nano-twins with varying spacing
in the interstitial TRIP-TWIP Fe49sMn30Co10Cr10Co.s HEA (with fcc and hep phases) annealed at
(@) 650 °C for 3 min, (b) 650 °C for 10 min, and (c) 750 °C for 3 min. (d) The yield strength, a,,

as a function of the twining spacing quantity, /1;1/ ?_ on which a liner curving fitting is performed

to retrieve the twin boundary strengthening coefficient, k;, [104].
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Figure 4.1 (a) Dependence of the creep rates of the HEA-SP and HEA-ODS alloys on the
applied stress [245]. (b) STEM HAADF image of the microstructure formed during creep at 1073
K and 67 MPa, for an accumulated strain of 9% [245]. The arrows highlight three locations in
which oxide particles interact with a grain boundary (location A), a low-angle dislocation

boundary (location B) and an individual dislocation (location C).
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Deformation mechanism map for the CoCrFeMnNi alloy at a fixed temperature of 1023 K [232,
242, 244, 245, 248, 254, 265]. The shaded areas correspond to four different deformation

mechanisms in this alloy.
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Figure 4.5 Comparison of creep behaviors. (a) Steady-state creep rate versus the applied stress
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Figure 5.1 Ashby plot of the valid fracture toughness, K¢, against the yield strength, depicting

the damage- tolerance domains of HEAs as well as conventional metals and alloys and other

2
material classes [308]. The dashed lines represent the process-zone size %(%) at the crack tip.
f

The graphing of HEA domains is based on the data in Table 5.2, with the K, data and some extreme

. H
strengths estimated from o, = 3 excluded.
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Figure 5.3 Transgranular cleavage with river markings and facets in the Al1sCoCrFeNi HEA

with bee and B2 phases failed at room temperature [293].
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Figure 5.4 Intergranular fracture in the bee TiZrNbTa HEA failed at room temperature [304].
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Figure 5.5 Hybrid fracture blending dimples and cleavage in the AICoCrFeNi HEA with a fcc

phase and two distinct bce phases failed at room temperature [305].
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Figure 5.6 Ductile fracture characteristic of numerous dimples in the fcc CoCrFeNiMo HEA

[315], failed at room temperature.
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Figure 5.7 Deformation and fracture mechanisms in the (a-e) fcc CrMnFeCoNi and (f) fcc
Fe4oMny4oCo10Crio revealed by in-situ TEM observations. (a) Formation of a stacking-fault
parallelepiped, with faces lying on three sets of {111} planes [312]. (b) Blockage of fast-moving
partial dislocations by planar slip bands of perfect dislocations [312]. (¢) Dislocation arrays are
made sessile by being enclosed inside Twin 1 and Twin 2 [313]. (d) Deflection and blockage of
the propagating crack at deformation twin boundaries [313]. (e) Crack bridging [312]. (f) Crack
propagation along the twin boundary [314].
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Figure 5.8 (a) Back-scattered image (BEI) of the overall microstructure of the spark-plasma-
sintered AICoCrFeNi HEA consisting of spinodally modulated bee regions enclosed by fcc “nets”
[305]. (b) Secondary electron image (SEI) of the magnified bce region revealing a spinodally
modulated structure composed of ordered and disordered bee phases [305]. (¢) Crack propagation

trajectory observed in a fracture test [305].
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Figure 5.9 Microstructures and crack propagation in the CoCrFeNiNbos HEA with
hierarchical, lamellar eutectic Laves and fcc phases [300]. (a) The dark field optical microscopy
(OM) image of the eutectic structure. (b) Scanning electron microscopy (SEM) image of the
eutectic structure with the top and bottom insets showing the fine and coarse lamella regions,
respectively. The crack propagation paths in the (c) fine lamella region and (d) coarse lamella
region, which contribute to intrinsic toughening. (e) Extrinsic toughening by crack deflection and

bridging.
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Figure 5.10  Crack initiation and propagation in the CoCrFeNiMoo> HEA with a fcc matrix and
Cr-rich precipitates [310]. (a) SEM observation of microvoid nucleation by the debonding of the
Cr-rich intermetallic particles. (b) Crack tip blunting by plastic deformation. (¢) Crack branching.
(d) Formation of the tortuous crack propagation path by merging microcracks (evolved from

microvoids) into the main crack.
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Figure 5.11  Crack initiation by precipitate-matrix deboning and the breakage of brittle o
precipitates in the precipitate-containing CrFeNiV HEA, which fractured in a ductile fashion

[316].
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Figure 5.12  Cracking formation in the mechanically metastable (FCCIJHCP martensitic
transformation) FessMn3sCo10Crio HEA [317]. (a) Schematics and (b) in-situ SEM images
progressively showing the cracking mechanism at the grain boundary, triggered by the
asynchronous phase transformation in two adjacent grains of different crystallographic

orientations.
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fee, d=0.6 pm, R=0.1, =20 Hz, Chlup et al. (Metals 2019)

fce, d=30 pm, R=-1, f=30 Hz, Tian et al. (J. Mater. Sci. Technol. 2019)

fce, d=41 pm, R=-1, =30 Hz, Suzuki et al. (Int. J. Fatigue. 2020)

fee, d=200-500 pm, R=0.1, /=128 Hz, Kashaev et al. (Mater. Sci. Eng. A. 2019)

fcc + Cr-rich precipitates, d=0.65 pm, R=-1, =30 Hz, Tian et al. (J. Mater. Sci. Technol. 2019)
O fce + CrM”204 precipitates, d=245.5 ym, R=0.1, =20 Hz, Kim et al. (Intermetallics 2019)

fcc + M7C3 precipitates, d=100-300 xm, R=0.1, =128 Hz, Kashaev et al. (Mater. Sci. Eng. A. 2019)
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Figure 6.1 S — N data, in terms of the stress amplitude o, against the number of reversals to

failure 2Ny, of the CoCrFeMnNi HEAs tested at different conditions, lines indicating the Basquin

fits. Associated alloy and testing information is found in Table 6.1.
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Figure 6.2 (a) Fatigue crack growth rate,

d . . .
ﬁ, versus the applied stress intensity range, AK, of

the CoCrFeMnNi HEA at 293 K and 198 K [324]. Fractographs of the CoCrFeMnNi HEA fatigued
at (b) AK =~ 6 MPa-m®%5 and 293 K and (b) AK =~ 6.9 MPa-m®° and 198 K [324]. (c)
Comparison of the fatigue crack growth rates of three fcc HEAs, namely, the CoCrFeN,
CoCrFeNiMog.2 and CoCrFeMnNi at room temperature. Lines are the Paris-law fits, and AK,, 1s

the threshold stress intensity range. Other details about the alloys and fatigue tests can be found in

Table 6.2.
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(a) BB S ;-;‘ w !, (b) Slip line is formed. Slip deformation is promoted
X A gk o by crack-tip stress field.

:/"? \», e

Figure 6.3 Planar-slip governed fatigue mechanism in the fcc CoCrFeMnNi HEA [489]. (a)
Concurrent fatigue crack nucleation and propagation along multiple planar slip lines, as indicated
red lines. Microcracks formed at slip lines merge subsequently, leading to crack tips indicated by
two white arrows. (b) Schematic illustration of fatigue crack propagation in a zig-zag fashion

promoted by slip planarity.
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Figure 6.4 Competition between planar slip-band cracking and twin-boundary cracking in the
fatigue of the CoCrFeMnNi HEA [331]. SEM images of (a) planar slip-band cracking with
apparent extrusions/intrusions and (b) twin-boundary cracking. (¢) The influence of Schmid factor
difference and grain size on the competition between slip-band cracking and twin-boundary

cracking.
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Figure 6.6 High-cycle fatigue in the bcc HfNbTaTiZr HEA [335]. (a) Crack growth rate.
Fractographs at (b) AK = 3.6 MPa and (c) AK = 10.6 MPa.
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Figure 6.7 Low-cycle fatigue behavior of the metastable FesoMn30Co10Crio HEA [101]. (a)
Upon cyclic deformation at a strain amplitude % = 0.6%, about 95 vol% metastable fcc phase (y)

transforms into the hcp martensite phase (&) in the coarse-grained HEA with an average grain size

of ~10 pm, who originally contains less than 1 vol% e. Stress amplitude o, against the number of
fatigue cycles N at the strain amplitude 0.23% < % < 0.6% for (b) the fine-grained HEA with an

average grain size of 5 um and (c) the coarse-grained HEA with an average grain size of 10 um.
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Figure 6.8 High-cycle fatigue behaviors of the metastable Fe42Mn2sCri5Co10Sis with a mean
grain size of 1.97 pm [91] and Fe35.sMn20Co20Cr15SisCuy s with a mean grain size of 0.77 um [336].
(a) $-N data in terms of the stress amplitude o, against reversals to failure 2N, the lines indicating
the Basquin fits. Crack propagation trajectories in the FesxMn2gCrisCo10Sis HEA [91], revealing
(b) crack deflection and branching and (c) crack branching along the twin boundaries. (d) EBSD
phase map at the vicinity of the crack tip of the Fesg sMn20Co20Cr15SisCuis HEA [336].
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Figure 6.9 Fatigue crack growth rate along with the Paris law fit of the Fe3oMni10Co10Cr HEA,

which is composed of a metastable fcc matrix and a hep martensite phase [92].
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Figure 6.10  Microstructures and fatigue properties of the AICoCrFeNiz eutectic HEA
comprising ordered fcc (L12) and bee (B2) lamellae [338]. (a) EBSD phase map of the as-cast
alloy, EHEA.. (b) BSE image of EHEA. with the arrow pointing to Cr-rich nanoprecipitates in the
bee phase. (¢) EBSD phase map of the wrought alloy, EHEA. (d) BSE image of EHEA revealing
Cr-rich nanoprecipitates in the bee phase and B2 particles in the fcc phase. (e) S-N curves of
EHEA. and EHEA, with the Basquin fits. (f) Full history of fatigue cycles at o, = 600 MPa for
EHEA.and 700 MPa for EHEA,. (g) BSE image of the fatigued EHEA. showing the formation of
straight PSBs in the fcc phase. (h) BSE image of the fatigued EHEA showing the formation of
curved PSBs by the deflection of B2 particles in the fcc phase.
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Figure 6.11 (a) S-N curves of the AlosCoCrCuFeNi [341], Alp3CoCrFeNi [342], and Alo7
CoCrFeNi [343] HEAs along with the Basquin fits. (b) SEM micrograph showing that the
AlpsCoCrCuFeNi HEA has a duplex microstructure comprising of a dendritic fcc phase (dark
color) and a Cu-rich interdendritic fcc phase (light color) [340]. (¢) EBSD phase map of the
Alp3CoCrFeNi HEA showing a triplex microstructure containing the ultrafine-grained fcc matrix
phase, and nano-sized B2 and tetragonal Fe-Cr-rich o precipitates [342]. EBSD phase maps and
SEM micrographs of the Alo.7CoCrFeNi HEA with two different lamellar microstructures, (d) fcc
and B2 phases, (e) fcc, B2, and nano-sized L1> precipitates [343].
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Figure 6.12  Fatigue crack growth behavior of the Alo2CrFeNiTio> and AICrFeNi;Cu HEAs
[303]. (a) Fatigue crack growth rate and Paris law fits of both HEAs at a stress ratio of R = 0.1.
(b) Effect of the stress ratio R on the fatigue crack growth rate of the Alo>CrFeNiTio> HEA.
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Figure 6.13  Fracture morphologies of the AlpsCoCrCuFeNi HEA made from high purity raw
materials (> 99.9%), failed at o, = 495 MPa [341]. (a) Overall view. (b) The crack initiation
region. (¢) The stable crack propagation region. (d) The fast fracture region. (e) Initiation of fatigue

cracks from oxides. (f) Formation of cracks along slip bands.
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Figure 6.14  Fatigue mechanism in the Alo3CoCrFeNi HEA with fcc, B2 and o phases [342]. (a)
Formation of fatigue cracks along the interface between the fcc matrix and hard second phase
particles (B2 and o). (b) Extensive micro- and nano-sized deformation twins in the fcc matrix to

intensify working hardening and thus fatigue resistance.
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Figure 6.15 The crack trajectories of the Alo7CoCrFeNi HEA with two different
microstructures [343]. (a) fcc and B2 phases. (b) fcc, B2, and L1, nano-sized particles.

285



————
! | Ny =312,
(a) | 18 _.-'.. | l\ "m, = ..; (b)
i nﬂ_s L il LAV TR R
© o
o 1 o6 M
>
5 Coarse-grained] & i .
] £ :
= =10 .
O L
E 0 ‘5‘ L \l'.‘.
S | Nanotwined | £ . \
i (o] r \
O , , , LT
CoCrFeNi film L (FeCoNi),s(AITiZr)z5 film \-/
- P T T TR I T T TR N T I R T 2 TYRSE [NV NSO [SS ES S | — L L
0 200 400 600 800 1000 0 100 200 300 400
Cycle Time, s
(C) ante Indenter Indenter
Indenter
Ny X Film ’A\VVL_\ Film _ "\ y;
[Film>! €V=2q i%g ¢ > €V e N, > <o | T,
e W e o e il T, e N L il =) e W N i
— > -— 5 —y
2a — 2a —_— 2a
Substrate Substrate Substrate
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Variation of the contact stiffness over time for the (FeCoNi)»s5(AlTiZr)7s film, on which the sudden

drop in the contact stiffness marks the initiation of fatigue [348]. (c) Three stages of

nanoindentation fatigue mechanics of thin films: compressional deformation stage, the buckling

and layering stage, and the crack and delamination stag [348].
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Figure 6.17  Comparison of the high-cycle fatigue responses of different categories of HEAs

classified by phase constitution. (a) S-N data in terms of stress amplitude o,versus reversals to

failure 2Nf. (b) Fatigue ratio

a;']‘;s versus 2N;. For clarity, the data points in (a) and (b) are

overlaidwith trend lines.
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Comparison of fatigue crack growth rates of HEAs tested at similar conditions, 1.e.,
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- Fcc pure metals, Greer et al. (Prog. Mater. Sci. 2011)
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[ FeCrCoMnNi, [-1 2 6], Okamoto et al. (Sci. Rep. 2016)
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- (Extreme Mech. Lett. 2016)
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Figure 7.1 The power-law dependence of the resolved shear stress normalized by shear

modulus, é, on the pillar dimeter divided by the magnitude of Burger’s vector, %, for single

crystalline fcc pure metals and HEA pillars. The numbers enclosed by square brackets in the legend

are loading crystallographic direction. Corresponding data for HEAs are found in Table 7.1.
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(a)

Figure 7.2 Planar slip traces on the {111}(110) slip system in the single crystalline fcc
FeNiCrCoMn micropillars. (a) Cylindrical pillar compressed in the [11 3 5] crystallographic
orientation [354]. (b) Square pillar compressed in the [123] orientation [379]. Both imaged by

scanning electron microscopes (SEM).
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Figure 7.3 Compression of the single crystalline bcc NbMoTaW micropillars along the [316]
crystallographic orientation [57]. (a) Engineering stress-strain curves of the 0.2-2 pm dimeter
pillars. Scanning electron microscopy images of the deformed pillars with approximate diameters

of (b) 2 pum and (c) 0.25 pum.
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V, Nb, Greer et al. (Prog. Mater. Sci. 2011)
Mo, Ta, Greer et al. (Prog. Mater. Sci. 2011)
— W, Greer et al. (Prog. Mater. Sci. 2011)
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The power-law dependence of the resolved shear stress normalized by shear

modulus, é, on the pillar dimeter divided by the magnitude of Burger’s vector, %, for the single

crystalline bce pure metal and HEA pillars. The numbers enclosed by square brackets in the legend

are loading crystallographic direction. Corresponding data for HEAs are found in Table 7.1.
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D
Figure 7.5 Nanocrystalline bcc NbMoTaW nanopillars [356]. Schematics of (a) a larger pillar
and (b) a small pillar containing textured, nanosize, columnar grains. Scanning electron

microscopy images of the post-compressed (¢) 1 pum and (d) 100 nm pillars.
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Figure 7.6

10 10° 10*
D (nm)

The power-law dependence of the resolved shear stress normalized by shear

modulus, é, on the pillar dimeter, D, for the nanocrystalline Ni, Ni-4%W, and NbMoTaW HEA

pillars. Normal and IBAD denote pillars produced from the normal direct current magnetron co-

sputtering technique and the ion beam-assisted film deposition, respectively [357].
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Figure 7.7 (a) The temperature-dependent yield strengths of the single crystalline and
nanocrystalline NbMoTaW HEA micropillars of ~ 1 um in dimeter [357] as well as the coarse-
grained bulk polycrystalline NbMoTaW [16]. (b) Temperature-induced strength reduction for the
nanocrystalline and single crystalline NbMoTaW pillars [357], bulk polycrystalline NbMoTaW
[16], and nanocrystalline Cu-Ta alloy [392].
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Figure 7.8 The critical resolved shear stress normalized by the shear modulus, é, as a function

of the homologous temperature, TL, for the single crystalline (sc) and nanocrystalline (nc)
m

NbMoTaW HEA micropillars [357], nc Ni[396], and nc Cu-Ta alloy [392], ultrafine-grained (ufg)

Al [395], ufg Cr [397], coarse-grained (cg) Mo and W [393]. All tested at a strain rate of ~ 107 s~
1
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Figure 7.9 The specific strength, %y, as a function of the temperature,T, for the single

crystalline (sc) and nanocrystalline (nc) NbMoTaW HEA micropillars [357], nc Ni [396], and nc
Cu-Ta alloy [392], ultrafine-grained (ufg) Al [395], ufg Cr [397], coarse-grained (cg) Mo and W

[393]. All tested at a strain rate of ~ 107 s,
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Figure 7.10  In situ compression of a Alo1CoCrFeNi pillar and the observation of dislocation
avalanches by the transmission electron microscope (TEM) [359]. (a) Measured shear stress-time
curve, on which three deformation stages (I, II, and II) are delimited. (b-d) TEM-observed
deformation process at each stage. 1-2 and 3-4 are the differences of two consecutive TEM images
(i.e., 1 and 2, 3 and 4), in which the positive and negative intensities are indicative of the creation
and annihilation of dislocations, respectively. (e) Scanning electron microscopy (SEM) image

showing a large slip step in the deformed nanopillar.
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Figure 7.11  An example linear fit to a collection of P — h3/2 data at nanoindentation pop-ins
for extracting the Young’s modulus from the slope constant according to the Hertzian theory in
Equation (7.3). The example is demonstrated by ~ 120 nanoindentation tests on the fcc

FeCoCrNiMn HEA [355].
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Figure 7.12  Young’s modulus and hardness of the fcc FeCoCrNiMn HEA measured by
nanoindentation [415]. (a) Temperature dependence of Young’s modulus and (b) hardness of the
nanocrystalline and the coarse-grained (measured on the elastically softest <110> grains) samples
[415]. Alongside compared are the resonance spectroscopic measurements on the same alloy with

grains ~ 4 um [419] and ~ 15 um [148] in size.
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Figure 7.13  Temperature dependence of the Young’s moduli of the nanocrystalline,
microcrystalline, and coarse-grained alloys [412], with the hump indicative of certain phase

transformation in the nanocrystalline alloy.
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Incipient plasticity in the fcc FeCoCrNiMn HEA studied by nanoindentation [355].

(a) A typical load-displacement curve showing a pop-in event marking the onset of plasticity. The

elastic portion prior to the pop-in is well fitted by the Hertzian theory [418]. (b) Representative

cumulative probability of the normalized maximum shear stress by the shear modulus, 7,,,,/G, at

pop-ins of ~ 120 indentations. (c) Linear fits to the In[—In(1 — F)] versus P/ data at three

different loading rates according to Equation (7.6), from which the pop-in activation volumes can

be determined from the slopes. (d) Linear fits to the P1/3 versus T according to Equation (7.8),

from which the pop-in activation energies can be retrieved from the intercepts. Note that the fits

at three cumulative probability (F) levels converge to a single intercept, thus a single activation

energy.
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Figure 7.15  Friction behavior of the bee TiZrHfNb HEA studied by nanoscratch tests [414]. (a)
Coefficient of friction (COF) of the high entropy (HE), Nb, and C103 alloys under a ramping load
linearly increasing from 0 to 1000 uN. (b) COF of the HEA under constant loads from 10 to 1000
uN, with each point being the average COF under an individual constant load. In both loading
modes, an elastic deformation dominated region (Region 1) is followed by a plastic deformation

dominated region (Region II).
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Figure 7.16  The size effect in the naoncrystalline NbMoTaW thin films [436]. (a) The variation
of the hardness and Young’s modulus (measured at a strain rate of 0.1 s™') with the film thickness.

(b) The linear correlation between the film thickness and the grain size.
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Ballistics
— High hardness Cutting tools

Brazing and soldering

— High hot hardness — Molds and dies

— High strength, low density —— Transportation

— Strength-ductility balance —— Automotive and aerospace
— High impact toughness —— Impact energy absorption

High fracture toughness at

Bulk  —— ryogenic temperatures — Storage tanks
Turbine blades
— Softening and creep resistance —[
Hypersonic vehicles
— Wear resistance — Hardfacing materials
— Structural — — Radiation resistance —— Nuclear reactors
Boilers
) ) Heat exchangers
— Corrosion resistance ]
Ship propellers
Biomedical applications
'— Thin film — High hardness and wear resistance — Cutting tool coatings
— High saturation magnetization —— Magnetic applications
HEAs — — High electrocatalytic activity —— Energy conversion
— High hydrogen storage capacity —— Hydrogen storage
— Bulk —
— Shape memory effect —— Shape memory alloys
— Magnetocaloric effect —— Magnetic refrigeration
— Superconductivity —— Superconductors
— Sluggish diffusion —— Diftusion barriers
— Functional —— Thin film — . ) . .
L— Electrical properties —— Thin-film resistors
. . Electromagnetic wave
— Electromagnetic properties — . C 1
L Powder —i absorption & shielding
— Catalytic reactivity and stability —— Catalysts
Figure 8.1 Tree map of structural and functional applications along with determining

properties for various forms of high entropy alloys.
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