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Bulk-metallic glasses (BMGs) and high-entropy alloys (HEAs) have attracted extensive
attention in the field of metallic materials research for several decades due to their extraordinary
properties. Many scientists and researchers have significantly contributed to developing new
classes of metallic alloys, such as BMGs and HEAs, for various applications. Liaw’s group and
his colleagues have focused on the fundamental understanding of unique features, structures,
and properties in BMGs and HEAs as well as the development of new types of metallic
materials. In this article, we summarized the research work of Liaw’s group and his colleagues
by reviewing relevant papers. The goal is to provide an understanding of the current research
progression in BMGs and HEAs while further encouraging young and junior researchers to be
involved in the field of structural materials research pertaining to these classes of exotic alloy
systems.
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I. INTRODUCTION

THE first metallic glass, which was composed of gold
and silicon, was produced in 1960 by rapid quenching
from its melt.[1] In 1974, the first bulk-metallic glass
(BMG) with a required cooling rate (Rc) of 10

3 K/s was
developed, and consisted of palladium, copper, and
silicon.[2,3] More recently, BMGs with diameters greater
than the micrometer-thickness range have been success-
fully fabricated.[4] For instance, Johnson et al. produced
a Zr41.2Ti13.8Cu12.5Ni10Be22.5 with a diameter of 14 mm
and Rc £ 10 K/s.[5] Inoue proposed three empirical rules
for the high glass-forming ability (GFA) in metallic
glasses.[6] The first rule states that a multicomponent
system must have more than three elements. The second
rule states that the three main constituent atoms must
have a size difference of at least 12 pct. These first two
rules comprise what is known as the ‘‘confusion

principle’’,[7] where the number of atoms coupled with
the size disparity results in poor atomic bonding. This
poor bonding scheme hinders the formation of a crystal
structure, thereby reducing the Rc required to produce
an amorphous structure.[8] It should also be mentioned
that according to Johnson et al., very small changes in
alloy composition can have a large and systematic
impact on the glass-forming ability of BMGs.[9] The
confusion principle is therefore tied to the structural
stability of a BMG and has also been linked to its
crystallization resistance during irradiation.[10] Finally,
the third rule required for high GFA in BMGs is the
negative heats of mixing among the three main con-
stituent elements.
BMGs exhibit desirable properties, such as excep-

tional corrosion resistance,[11–13] high strength and
hardness,[14–18] irradiation resistance,[19] good fatigue
resistance,[20–23] and excellent magnetic properties.[24,25]

Figure 1 features a plot of the Young’s moduli and the
tensile strengths for different BMGs and conventional
alloys.[26] It is apparent that the BMGs exhibit signif-
icantly lower Young’s moduli and higher tensile
strengths as compared to the super high-strength and
stainless steels. This combination of high tensile
strengths and relatively-lower Young’s modulus, there-
fore, make them a very appealing material with many
potential applications in industry.
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In addition to the tensile strength and modulus, the
fracture toughness of BMGs has also been investigated.
For instance, investigations that examined the fracture
toughness (Kc) of Zr41.2Ti13.8Cu12.5Ni10Be22.5 (atomic
percent, at. pct) (Vitreloy 1) reported that Kc ranged
from ~ 17.9 to 68 MPa m1/2, while another study
recorded a measured value of ~ 17.9 MPa m1/2.[27–29]

In another study, a BMG alloy with the composition of
Zr52.5Cu17.9Ni14.6Al10Ti5 (Vitreloy 105) displayed tough-
ness values of 28 to 69 MPa m1/2.[30]

Liaw’s group and his colleagues have been partici-
pating in the investigative work on BMGs and HEAs for
almost 20 years. His first publication on the BMGs and
HEAs occurred in 2002 and 2008, respectively, which
discussed the corrosion effects in a Zr-based BMG,[13]

and the alloy design strategy of solid-solution HEAs.[31]

Besides his first publications on BMGs and HEAs with
his colleagues, his work has also spanned a wide range
of topics on BMG, including fatigue,[32–34] fracture,[35,36]

irradiation effects,[37] thermal response,[38] and the
serrated plastic flow.[39–41] In the meantime, his group
also has focused on HEAs, including design of new
HEAs,[31,42,43] lightweight HEAs,[44,45] phase stabil-
ity,[45–47] microstructural investigations,[45,48,49] mechan-
ical behaviors/mechanisms,[46,49–51] fatigue,[52,53] and
corrosion resistance[54–56] of various HEAs, using exper-
imental efforts coupled with theoretical calculations.
According to the Web of Science database, Liaw’s group
and his colleagues have published 354 papers related to
BMGs and 200 papers related to HEAs as of December
2020. Furthermore, he and his colleagues have also
edited one BMG and one HEA books on the subjects,
respectively.[4,57]

The research on a new class of multicomponent
metallic materials, namely high-entropy alloys (HEAs),
was pioneered by Profs. Cantor[58] and Yeh[59] in 1981
and 1995, respectively. They established the brand-new
concept of multicomponent metallic alloys, suggesting
that the high mixing entropies of their solid phases
improve the phase stability according to the Gibb-
s-phase rule.[58] HEAs typically contain at least five
principal elements, each with at. pct between 5 and 35
pct.[60] Furthermore, HEAs possess large configura-
tional entropies [> 1.5R (R is the ideal gas constant)] in
a random state, no matter whether they are of a single
phase or multi-phase at room temperature (RT).[43]

Although the vast majority of the reported HEAs
contain more than one phase, the carefully-designed
HEAs can possess a single-phase structure rather than
ordered phases from regular solidification routes, such
as body-centered-cubic (BCC), face-centered-cubic
(FCC), and hexagonal-close-packed (HCP)
structures.[42,58,61–65]

Historically speaking, HEAs have their roots in the
work of Cantor and Yeh.[58,59] More specifically, Cantor
et al.[58] was the first to produce the single-phase
FeCoCrMnNi HEA and Yeh et al.[59] defined the
HEA concept by his own experimental results and
related theories. Importantly, their groundbreaking
achievements have significantly inspired Liaw’s group
and his colleagues to study these advanced materials.
Moreover, this inspiration has led to the active collab-
oration between Liaw and Prof. Yong Zhang on the
fundamental HEA research that has resulted in pub-
lished papers on the subject, including the first article in
2008, which gives the empirical information on the
formation of BMGs and HEAs, as described below.[31]

According to several review papers and books, Diao
and Liaw et al.[66] have classified the HEAs into four
groups that are based on alloy compositions and
mechanical properties, as shown Figure 2. The first
group of HEAs consists of the 3d-transition-metal-con-
taining HEAs (CoCrFeMnNi, CoCrFeNi, CoCrMnNi,
CoFeMnNi, etc.),[58,67–70] which typically show soft
mechanical characteristics. The second group contains
alloys with combinations of transition metals with
larger-atomic radius elements.[46,52,53,71–75] Moreover,
most of the HEA compositions in this group include Al
elements to decrease the density while maintaining high
strength, as compared to alloys in Group 1. The third
group pertains to refractory-type HEAs, which have
been designed to have high strengths at elevated
temperatures.[42,49,61,62,76–78] The fourth group, which
include rare-earth elements, have also been studied to
explore the various HEA compositions. Liaw’s group
and his colleagues have studied the different alloy
compositions with a variety of crystalline structures,
covering most of groups in Figure 2.
Among the designed HEAs that have been discussed

above, Liaw’s group and his colleagues have signifi-
cantly focused on three different compositional HEAs,
such as Al-containing HEAs (AlxCoCrFeNi and
Al1.3CoCuCrFeNi),[46–48,50,52,53] lightweight HEAs
(AlxCrFeMnTix),

[44,45] and refractory HEAs (NbTa-
TiV),[49] aiming to extend the range of applications. The
detailed research processes for these three-types of
HEAs in Liaw’s group and his colleagues are schemat-
ically described in Figure 3. New HEA compositions
have been designed by thermodynamic calculations,
such as CALculation of PHAse Diagram (CALPHAD)
modeling, through collaborations with Drs. Michael C.
Gao and Chuan Zhang. CALPHAD describes the
thermodynamic properties using phenomenological
models.[44–46,49]

The specimens of newly-designed HEAs were fabri-
cated by arc-melting the mixture of elemental metals
with purity greater than 99.9 weight percent (wt pct) in a
Ti-gettered high-purity argon environment. The mixture

Fig. 1—Tensile strengths vs Young’s moduli for different BMGs and
conventional alloys (reproduced from Ref. [26] with permission).
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of melted elements was subsequently casted by a drop-
and suction-casting technique to fabricate various sizes
and shapes of samples for experiments. To control grain
sizes and optimize mechanical properties, various treat-
ment processes were applied to the prepared specimens.

The suitable temperatures for the heat treatment were
determined from the outcomes of the differential thermal
analysis and CALPHAD modeling. Several other treat-
ments, including the homogenization, water-quenching,
cold-rolling, and hot-isostatic-pressing, were combined

Fig. 2—The classifications of HEAs with four or more elements (reproduced from Ref. [66] with permission).

Fig. 3—The research process for HEAs in Liaw’s group and his colleagues.
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and adjusted according to the experimental results to
achieve the desired mechanical properties. The phase
identification and microstructural characterization of the
designed alloys were carried out, using various tech-
niques, as illustrated in Figure 3. The mechanical behav-
ior, such as tension, compression, creep, and fatigue were
assessed via room and/or elevated temperature experi-
ments to determine alloys, which exhibit the desired
mechanical properties. With the results from the prelim-
inary studies on the newly-designed HEAs, in-depth
investigations on the microstructural evolution and
deformation mechanisms for several selected HEAs were
carried out, using state-of-the-art techniques, such as
in situ transmission electron microscopy (TEM) and
in situ neutron/synchrotron diffractions. The deforma-
tion mechanisms were further verified via theoretical
calculations, such as first-principles calculations,machine
learning (ML), ab initio molecular dynamics (AIMD)
simulation, and crystal-plasticity finite-element simula-
tion (CPFEM).

The first HEA paper in Liaw’s group and his
colleagues[31] outlined a potential design strategy for
HEAs, i.e., empirical solid-solution formation rules,
considering the mixing enthalpy (DHmix) and atom-

ic-size difference Delta ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi

P

N

i¼1

ci 1� ri=�rð Þ2
s

 !

,[79] where

N is the number of the components in the alloy system,
ci is the atomic percentage of the ith component, ri is the
atomic radius, and �r is the average atomic radius, as
presented in Figure 4(a). The suggested solid-solution
formation rules were verified by experimental efforts,
such as the phase identification and microstructural
investigation for six of the alloy compositions, as shown
in Figures 4(b) and (c). The CrFeCoNiAlCu0.25, VCu-
FeCoNi, and Al0.5CrFeCoNi HEAs, which have a
relatively small atomic-size difference and small absolute
values of DHmix, tend to possess a single FCC or BCC
solid-solution phase, as shown in the X-ray diffraction
(XRD) and scanning electron microscopy (SEM) images
in Figure 4(b). On the other hand, the Ti2CrCuFeCoNi,
AlTiVYZr, and ZrTiVCuNiBe HEAs formed com-
pounds (Figure 4(c)) with large values of Delta and
DHmix. The proposed HEA design strategy, therefore,
significantly paved the way for designing the single
solid-solution HEAs with desirable properties.

The present article summarizes the past and present
research works of Liaw’s group and his colleagues,
which have extensively contributed to the fields of
BMGs and HEAs research. In terms of BMGs, this
paper will mainly focus on the experimental work
pertaining to the shear band and shear-transforma-
tion-zone-mediated serrated plastic flow as well as
fatigue behavior. Additionally, this current work will
discuss how they modeled and analyzed the serrated
flow using analytical techniques, such as the mean-field
theory model and complexity methods. In terms of
HEAs, factors, such as new design strategies,
microstructural and mechanial properties of designed
HEAs, and in-depth studies of the microstrutural
evolution and deformation behaviors, using state-of-art
facilities coupled with theoretical calculations, will be

discussed. It is expected that the results produced from
Liaw’s group and his colleagues, as discussed in this
work, will provide a clear discussion as to the research
progress in BMGs and HEAs. It is also anticipated that
this text will help encourage/guide junior researchers in
their research plans regarding the future of BMGs and
HEAs as structural materials.

II. RESEARCH ON BULK-METALLIC GLASSES

A. Microstructure of Bulk-Metallic Glasses

1. Free volume
In terms of their structure, BMGs consists of an

amorphous structure that contains regions of lower
density that are composed of free volume.[4] The free
volume in a metallic glass, as defined by Spaepen, is the
part of an atoms nearest neighbor cage in which the
atom can move around without a change in its
energy.[80] Importantly, the free volume of a BMG is
actually a part of the volume[81] that can be annihilated
during the thermally induced structural relaxation.[82–84]

On the other hand, free volume can be introduced
during the glass transition.[83,85] To produce free vol-
ume, an atom with a volume, v, must have sufficient
energy such that it can be squeezed into a smaller hole of
size v*. The required energy may be provided via an
externally applied force, such as compression, which
causes a localized shearing event. Spaepen defined the
driving energy for the creation of free volume as[80]:

DG ¼ sX� S
t� � tð Þ2

t
¼ sX� 2

3
l
1þ t
1� t

v� vð Þ2

v
½1�

here s is the atomic-level shear stress, X is the atomic
volume, S is the elastic-distortion energy required to
squeeze the atom into the smaller hole, l is the shear
modulus, and t is Poisson’s ratio. Figure 5 illustrates the
hopping event and creation of free volume due to an
applied shear stress on a group of atoms.[80,86]

The free volume, once it is created, can be annihilated
due to the structural rearrangement caused by diffusing
atoms.[80] Spaepen suggested that the number of diffu-
sive jumps required for annihilation can range from 1 to
10. The atomic jumping process can be enhanced via an
applied shear stress, which enables the annihilation of
free volume.[87] The annihilation of free volume is
important since it is generally accompanied by the
structural relaxation of the BMG.[84]

2. Shear transformation zones
Shear transformation zones (STZs) are defined as

the localized atomic deformation patches induced by
shear and are thought to be the plasticity carriers in

cFig. 4—(a) Relationship between the mixing enthalpy (DHmix) and
atomic-size difference (Delta) for HEAs and typical multi-component
bulk-metallic glasses. X-ray diffraction patterns and SEM images for
(b) CrFeCoNiAlCu0.25, VCuFeCoNi, Al0.5CrFeCoNi HEAs and (c)
Ti2CrCuFeCoNi, AlTiVYZr, and ZrTiVCuNiBe HEAs (reproduced
from Ref. [31] with permission).
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amorphous solids, such as BMGs.[88] Argon proposed a
model to quantify this phenomenon, which describes the
nonlinear nature of the STZ to the deformation in the
solid.[89] Here, the shear-stress evolution during an STZ
event is ascribed to the movement of two short rows of
4–6 atoms around a free volume site and is modeled
according to a skewed sinusoid.[89,90] The STZ theory
was extended to include a model that featured two-state
dynamics of the STZs as well as an effective disorder
temperature that could accurately account for the
large-scale deformation in metallic glasses.[91] For the
first state, system jamming occurs when all available
STZs have been transformed during an applied stress
which prevents plastic deformation in the direction of
the stress. In contrast, the second state occurs at higher
stresses, where the system becomes unjammed due to the
rapid creation and annihilation of STZs.

More recently, Kosiba et al.[92] examined how manip-
ulating the orientation of STZ activation could affect the
overall plastic deformation of BMGs. Here, they gen-
erated a smoothly varying residual elastic stress field in a
Cu44Zr44Al8Hf2Co2 BMG using flash annealing. They
found that when the energy stored along the path at 42
deg was insufficient, the propagation direction of the
shear band would change. Such a modification in the
direction of propagation, they surmised, would improve
the malleability of the glass.

3. Shear bands
Although BMGs exhibit high strengths and elastic

limits, they also display poor ductility during mechan-
ical deformation. This lack of ductility is caused
primarily by the formation of shear bands (SBs) that
results in undesirable effects, such as cracking during
post-yield plastic deformation.[4,93,94] SBs are often

attributed to defects and structural inhomogeneity in
the glassy matrix that result in stress concentrations.[95]

The inhomogeneity may be a consequence of different
factors, such as the local production of free volume or
the restructuring of short-range order motifs. Once
initiated, the shear band initiates and then propagates
until the applied strain is fully accommodated by the
shear accumulated within the band.[96] It should be
noted that the lack of plasticity in BMGs is especially
apparent during tension, where the severe localization of
plastic deformation will occur, resulting in fracture
without appreciable elongation.[97]

There are two types of SBs that, namely primary and
secondary, which can be observed on the surface of
BMGs that experience failure during mechanical testing.
Liaw’s team observed such SBs after compression tests
(with a strain rate of 5 9 10�5 s�1) on Zr64.13Cu15.75-
Ni10.12Al10 BMG (see Figures 6(a) and (b)).[98] The
primary SBs typically propagate through the material at
~ 45 deg while the secondary bands are generally smaller
and branch off the primary type.
The microstructure of SBs has been examined, using

TEM.[99–104] Jiang et al. observed that nanocrystalline
phases had formed in the shear bands during deforma-
tion via TEM imaging.[100,101] It was hypothesized that
the nanocrystal formation was caused by the deforma-
tion-assisted atomic transport. Another TEM investiga-
tion revealed that shear bands in amorphous alloys have
thicknesses, which can range from 10 to 100 nm.[95]

The heat content generated during the operation of
SBs has been widely studied.[41,105–107] Previously, the
heat content has been determined, using several meth-
ods, such as measuring the width of hot band using a
fusible coating method[107] or examining the entire work
performed by shear using an approximated coeffi-
cient.[106] To elucidate the thermal behavior of shear
bands, Liaw’s group and his colleagues examined the
shear-banding behavior in a Vitreloy 105 BMG, using
an infrared camera (IR).[108] For their experiments,
BMG samples were tension tested at RT under a loading
rate of 44.5 N/s. During the experiment, an IR camera
was used to record the changes in the surface temper-
ature, using a frame rate of 725 Hz, which amounted to
1.4 9 10�3 s between frames.
Figures 7(a) and (b) display a sample undergoing

tension with the corresponding heat map, as detected by
the IR camera. As can be observed in Figure 7(b), the
temperature reached a maximum of ~ 296 K at the
shear-band-initiation site. Furthermore, the temperature
decreased along the shear-band, where it reached a local
minimum of 294.4 K at its end. It was found that the
mean width of these higher temperature bands was
approximately 0.40 mm. From the results, the authors
estimated that the temperature increase in the shear
band could be as high as 650 K.
From the results, a free-volume-exhaustion mecha-

nism was proposed to explain how propagating shear
bands can stop in the absence of dislocations and grain
boundaries.[108] According to the theory, the extra free
volume is distributed in an elongated plastic zone ahead
of the shear-band tip during shear-band propagation.
During this process, the free volume ‘‘leaks out’’ of the

Fig. 5—Illustration of free volume creation by squeezing an atom of
volume, v*, into a neighboring hole of smaller volume, v (reproduced
from Refs. [80], [86] with permission).
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plastic zone around the shear-band tip, resulting in a
decrease in the shear strain along the band. This
decrease in the shear strain and free volume content is
accompanied by a decrease in the temperature. Ulti-
mately, the free volume and temperature in the mobile
plastic zone will decrease until they go below a threshold
value, and the shear band becomes immobilized.

Liaw’s group and his colleagues also developed a
model to estimate the probability of shear-band prop-
agation given the shear-band-tip temperature.[108] For
their model, they assumed that the free volume can only
migrate either within or without the plastic zone of the
shear band. The probability that the free volume
migrates within the shear band is written as:

P ¼ 1� 0:008
e
� DG

kT0

e
�DG

kTi þ e
� DG

kT0

" #N

½2�

where DG is the activation energy for an atomic jump, k
is Boltzmann’s constant, T0 is environmental tempera-
ture, and Ti is the temperature inside the plastic zone.
For the present work, DG is set at 2 eV,[80] T0 is the RT,
and N is the number of atomic jumps. Using Eq. [2], the
authors calculated the probability that a shear band
would propagate 1 mm (see Figure 8) as a function of
the shear-band-tip temperature. Initially, the probability
has a sharp increase until it reaches a temperature of
~ 450 K, where there is a 90 pct chance that the shear
band will propagate 1 mm. Furthermore, the probability
reached about 50 pct at a temperature of 418.5 K.

B. Plastic Deformation Behavior and Serrated Flow
Phenomenon

During dynamic strain aging, a BMG will exhibit the
serrated flow, which is a type of plastic-deformation
behavior. This phenomenon can be observed in the form

Fig. 6—(a) Fractured Zr64.13Cu15.75Ni10.12Al10 BMG sample after compression testing at a strain rate of 5 9 10�5 s�1 and (b) a magnified
region, as indicated by a red rectangle in (a), which displays the interaction between multiple secondary SBs (Reprinted from Ref. [98] under the
terms of the Creative Commons CC BY-NC-ND) (Color figure online).

Fig. 7—Characterization of a shear band in a BMG specimen during
tensile testing observed by thermography with an IR-camera frame
rate of 725 Hz: (a) a thermographic image of a shear band during
the experiment; (b) three-dimensional (3D) temperature profile of the
shear band in the third image of (a) (reproduced from Ref. [108]
with permission).

Fig. 8—The probability that a shear band will propagate 1 mm
plotted as a function of the shear-band-tip temperature (reproduced
from Ref. [108] with permission).
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of fluctuations in the stress–strain or stress–time graph
and can be comprised of a mix of decreasing and
increasing stress values or rapid drops in the applied
stress.[109] Serration behavior is important since it is
typically linked to plastic instabilities that is accompa-
nied by a loss in the ductility as well as the degradation
of the surface quality of a material.[109,110] This type of
deformation behavior has been found to occur not only
in BMGs,[98,111–116] but also in Al-Mg alloys,[117–122]

steels,[123–129] and high-entropy alloys
(HEAs).[96,109,124,130–136] In contrast to crystalline alloys,
where the serrated flow is typically due to the locking of
dislocations by solute atoms,[123,130,137] the serrated
plastic flow in BMGs occurs due to shear-banding
dynamics.[98,112,124]

The serrated flow typically depends on the tempera-
ture or the applied strain rate, and has been categorized
into five distinct types.[138] These types are known as A,
B, C, D, and E (see Figure 9).[96,124] Furthermore,
serrations can exhibit combinations of different serra-
tion types such as A + B and B + C. These different
serrations exhibit characteristically different behavior.
For instance, Type-A serrations are characterized by the
periodic behavior and are generally associated with high
strain rates, while Type-B serrations contain rapid
fluctuations and have been associated with chaotic
dynamics.[117] In contrast to Type-A and B serrations,
Type-C serrations consist of relatively-larger stress-drop
events, while Type-D serrations exhibit a stair-stepping
pattern. Lastly, Type-E serrations display irregular
fluctuations that occur with diminutive work-hardening
during band propagation.[138]

In BMGs, the serrated flow occurs due to different
mechanisms, such as shear-band formation and propa-
gation as well as the agglomeration of liquid-like sites
and flow-defect units.[4,139–142] As for shear bands, they
are generally initiated by the local structural softening
that is attributed to free-volume generation.[143] The
activation and percolation of the flow units, on the other
hand, are activated by factors, such as an applied stress
or exposure to an elevated temperature.[144]

Figure 10 features a basic schematic of the serration
event that is attributed to the flow-defect accumulation
that is followed by the shear-band initiation and
propagation in a BMG.[96,139] During the first step of
the process (step I in the graph), the applied stress
results in the stress concentrations that are caused by
differences in the moduli between the glassy matrix and
the flow units, resulting in the activation of the flow
units. During the next step, which is labelled II in the
graph, the flow units expand and coalesce with neigh-
boring regions. In step III, the applied stress reaches a
local peak that is followed by the shear-band initiation
in the amalgamated liquid-like region, yielding the
propagation of the shear band and subsequent stress
drop. During the stress drop, the stored elastic energy is
dissipated until a sufficient amount is released, and the
shear band is arrested. Upon arrest (step IV), the stress
begins to increase, and the process repeats.

C. Methods Used to Analyze Serrated Flows in BMGs

1. Mean-field theory
The mean-field theory (MFT), which posits that the

long-range behavior of the serration statistics is universal
and does not depend on the small-scale structural
details.[145,146] Furthermore, the model assumes that
typical materials have weak spots and that a slowly-in-
creasing shear stress or a slow shear rate triggers weak
spots to slip.[98] This technique has been used to predict
the distribution of avalanches sizes in a wide range of
systems. These systems include bulk alloys, slowly-com-
pressed nano-crystals, earthquakes, the magnetization of
soft magnetic materials, and granular materi-
als.[43,98,131,145,147–152] The associated mean-field model
consists of a power-law distribution of stress-drop values
that is multiplied by an exponential cutoff function. The
model predicts that the distribution of stress-drop
magnitudes obeys the following relationship[98]:

D S;Xð Þ � S�jD0 SX�k� �

½3�

where D(S, X) is the distribution of stress-drop magni-
tudes based on some testing parameter, X, D(SX�k) is an
exponentially decaying function, j and k are universal
exponents. It should be mentioned that the testing
parameter could, for example, be the strain rate or the
test temperature. According to the MFT, these expo-
nents are j = 1.5 and k = 2,[153] which is related to the

maximum observed stress drop, Smax, as Smax � Xk.
Another important statistic is known as the comple-

mentary cumulative distribution function (CCDF), C (S,
X), which is also known as the survival function. This
quantity defines the probability that a stress-drop
magnitude greater than S will occur and is typically
written as[98]:

C S;Xð Þ ¼
Z

1

S

DðS0;XÞdS0 � X�k j�1ð ÞC0 SX�k
� �

½4�

where, C0 SX�k
� �

is a universal scaling function such that
k j� 1ð Þ ¼ 1, based on the MFT in the steady-state

Fig. 9—The five types of serrations that may occur during plastic
deformation (Reprinted from Ref. [96] under the terms of the
Creative Commons CC BY 4.0).
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condition.[148] Once the CCDF is determined for each
strain rate, the critical exponents are tuned until the
curves are superimposed (scale collapse).[98,146,150,151]

Importantly, the exponents determined from this scale
collapse allow one to predict the stress-drop statistics for
any strain rate, making the MFT model a very powerful
predictive tool.

2. Complexity analysis
Many different phenomena, such as biological sig-

nals,[154–157] financial-time series,[158,159] chaos,[160] and
serrated-flow behavior in BMGs and other alloy sys-
tems,[39,40,109,123,161,162] have been analyzed, using entro-
py-based calculations. For these calculations, the sample
entropy quantifies the degree of complexity of the
system.[154,155,163,164] The complexity of a dynamical
system is typically correlated with the amount of
irregularity inherent in the system.[157] It is important
to note that the complexity of the time-series should not
be equated with the variation in the signal.[165]

As for the serration behavior in conventional
alloys, it has been reported that higher sample
entropy values correspond to the amount (or variety)
of interactions that transpire during plastic deforma-
tion, such as the solute atom–dislocation interac-
tions.[109,129,162] In BMGs, on the other hand,
serration behavior that is relatively more complex
has been attributed to a greater amount of free-vol-
ume defects and shear-band interactions.[39,40] Fur-
thermore, it has been hypothesized that higher sample
entropy values indicate that a BMG can better adapt
to an applied load.[39]

An example of an algorithm that has been used to
calculate the complexity of dynamical behavior is the
refined composite entropy multiscale entropy (RCMSE)
method,[164] which has been implemented to study a host
of phenomena, including the cognitive function,[166]

noise,[160] and serrated flows in BMGs.[39,40] The discus-
sion below will give a basic step-by-step procedure on
how to evaluate the serration time data, using this
algorithm.
As an initial step, the underlying strain-aging trend

that occurs during plastic deformation is omitted from
the stress vs time data. This step is completed by
applying a moving average or polynomial fitting to the
data and deleting the underlying trend from the original
time series.[123,167] After the trend is eliminated, one
evaluates the coarse-grained time series, ysk;j, via the

following equation[164]:

ysk;j ¼
1

s

X

jsþk�1

i¼ j�1ð Þsþk

xi; 1 � j � N

s
1 � k � s ½5�

here xi is the ith data point in the given stress–time
series, k defines at which point in the given data to ini-
tiate the algorithm, s is the scale factor (typically
ranges from 1 to 20), and N is the total number of
points from the original time series. Next construct the
template vectors of dimensions with sizes of m and m
+ 1:

ys;mk;i ¼ ysk;iy
s
k;iþ1 . . . y

s
k;iþm�1

n o

; 1 � i � N�m;

1 � k � s
½6�

Fig. 10—The basic serration process that results from the flow defect accumulation during compressive deformation in a BMG where the
numbered sections represent the different stages during the serration event as: I. activation of flow units in the liquid-like regions during
compression, II: growth and amalgamation of the liquid-like cites with neighboring cites as the stress increases, III: initiation of a shear band
when a critical stress is reached, IV: a stress-drop that is followed by the shear-band arrest and restoration of the local structure in the shear
plane (Reprinted from Ref. [96] under the terms of the Creative Commons CC BY 4.0).
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In general, m is set to 2 to decrease the standard error in
the sample-entropy results.[155] Next, determine whether
the template vectors match (for m, m + 1) via the
following equation [160]:

ds;mab ¼ ys;ma � ys;mb1

¼ max ys1;a � ys1;b

�

�

�

�

�

�
. . . ysiþm�1;a � ysiþm�1;b

�

�

�

�

�

�

n o

<r

½7�

here a r value of 0.15r (r is the standard deviation of
the data) is chosen to make sure that the sample
entropy values are independent of the variance of the
stress-time data.[109] Once the number of matching
pairs are determined, one totals them up for m,
m + 1. One then solves for the RCMSE values, as a
function of s, for the stress–time series by[164]:

RCMSE y; s;m; rð Þ ¼ Ln

Ps
k¼1 n

m
k;s

Ps
k¼1 n

mþ1
k;s

 !

½8�

where nmk;s and nmþ1
k;s are the total numbers of matching

vectors, as determined from Eq. [7].

D. Experimental Studies

1. Serrated flow behaviors
Liaw’s group and his colleagues examined and

modeled the serration behavior of Zr64.13Cu15.75-
Ni10.12Al10 pillars that were compressed at constant
strain rates ranging from 5 9 10�5 to 1 9 10�3

s�1.[98,168] For the tests, the samples were cylindrical
with a length of 4 mm and diameter of 2 mm (aspect
ratio of 2). The results of the experiment can be
observed in Figure 11, which features the engineering
stress vs time data. The results indicate that the time
until rupture increased with a decrease in the strain
rate, where it was a maximum for the strain rate of 5 9
10�5 s�1. For strain rates of 2 9 10�4 and 1 9 10�3

s�1, the samples failed before they could reach the
steady-state condition. The insets of the figure show a
magnification of the serration curves, which display the
sudden, pronounced decrease in the stress that is
characteristic of the serrated flow.

Figure 12 shows the results of the MFT modeling
and analysis of the data from Figure 11, where the
CCDF was plotted as a function of the stress-drop,
S. The CCDF curves display a parabolic shape in
which the maximum stress drop increased with a
decrease in the strain rate. This result agrees with the
MFT model, which states that larger stress
drops occur more frequently in samples that are
strained at a slower rate.[169] The inset displays the
collapsed curves with the corresponding universal
exponents, j and k, which were determined to be
1.42 ± 0.20 and 0.22 ± 0.02, respectively. The value
for k, which is significantly lower than the expected
value of 2 according to the MFT, was thought to be
due to the samples breakage before they could
reach the steady-state condition at the higher strain
rates.

In another study, Liaw’s group and his colleagues
examined the serration behavior of Vitreloy 105 that
was subjected to uniaxial compression in the constrained
and unconstrained conditions.[39] Samples were tested at
RT and strain rates of 2 9 10�5 to 2 9 10�3 s�1. The
resulting detrended stress–time data for the constrained

Fig. 11—Compression stress-time profiles for the
Zr64.13Cu15.75Ni10.12Al10 BMG cylindrical samples compressed at
strain rates of 1 9 10�3, 2 9 10�4, and 5 9 10�5 s�1 (RT)
(Reprinted from Ref. [98] under the terms of the Creative Commons
CC BY-NC-ND).

Fig. 12—The CCDF curves for the Zr64.13Cu15.75Ni10.12Al10 BMG
cylindrical samples compressed at strain rates of 1 9 10�3, 2 9 10�4,
and 5 9 10�5 s�1 (RT). The inset features the curves that were scale
collapsed with MFT exponents of j = 1.42 ± 0.20 and k = 0.22 ±
0.02 (Reprinted from Ref. [98] under the terms of the Creative
Commons CC BY-NC-ND).

cFig. 13—The detrended stress-time data for the Zr55Cu30Ni5Al10
BMG subjected to compression in the (a) constrained conditions
with strain rates of 2 9 10�5 to 2 9 10�3 s�1, and the (b)
unconstrained conditions with strain rates of 5 9 10�5 to 2 9 10�3

s�1 (reproduced from Ref. [39] with permission).
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and unconstrained conditions is presented in
Figures 13(a) and (b), respectively. For Figure 13(a),
it is apparent that the time between successive serra-
tions decreases with an increase in the applied strain
rate. It can also be observed that the irregularity of the
stress fluctuations increases with respect to the strain
rate. As compared to the other strain-rate conditions
(for the constrained geometry), the stress drops are
significantly larger for the sample tested at 2 9 10�5

s�1. As for Figure 13(b), which displays the results for
the samples tested in the unconstrained condition,
there was a similar decrease in the time between
stress-drops, as was observed in Figure 13(a). Further-
more, the irregularity of the serrated flow also increases
with an increase in the strain rate. Moreover, the
irregularity of the serrated flow also increases with an
increase in the strain rate. Finally, it was also deter-
mined that the time before failure increased with an
increase in the strain rate.

Figure 14(a) features the sample-entropy values for
the specimens tested in the constrained condition for
strain rates of 2 9 10�5 to 2 9 10�3 s�1. It is apparent
that the sample entropy curves exhibited an overall
increase with the scale factor, which suggests that the
serrated flow exhibited complex behavior across multi-
ple scales. Moreover, the sample-entropy curves

displayed an increasing trend as the strain rate
increased, indicating that an increase in the strain rate
led to an increase in the complexity of the serrated flow.
This increase in the sample-entropy curve was most
pronounced for the strain rate of 2 9 10�3 s�1. Similar
to Figure 14(a), the sample-entropy curves from
Figure 14(b) also generally increased with the strain
rate. It should also be mentioned that for the strain rate
of 2 9 10�3, the sample entropy was markedly greater
(by a factor of ~ 2) for the sample compressed in the
constrained condition. This result suggests that at the
highest strain rate, the sample compressed in the
constrained condition exhibited more complex dynam-
ical behavior during the serrated flow.
From the results, it was surmised that the increasing

complexity of the serration behavior with strain rate was
a result of the increase in the defect creation.[39] This
increase in the free volume content with the strain rate
has also been reported in Reference 170. In this scenario,
the created free-volume results in a greater number of
free volume and anti-free volume defects[171,172] that can
interact with propagating microcracks during the ser-
rated plastic deformation. Here, such an increase in the
number and variety of interactions is an indication of
more complex dynamics. On a final note, it was
suggested that the higher sample-entropy values and
longer sample lifetimes indicate that the complexity of
the serrated flow may correspond to the capacity of a
BMG to accommodate an applied load.
In a similar investigation, Liaw’s group and his

colleagues studied the effect of annealing and strain
rate on the complexity of the serrated flow in Vitreloy
105 during compression.[40] Before testing, some of the
samples were annealed in a sealed quartz tube at a
temperature of 300 �C for 1 week. Subsequent bulk
X-ray diffraction characterization confirmed the amor-
phous structure of the annealed samples. For compres-
sion testing, samples were subjected to strain rates of 2
9 10�5 and 2 9 10�4 s�1 in the unconstrained condition.
A data acquisition rate of 100 Hz was used.
Figures 15(a) through (d) present the detrended

stress vs time data for the as-cast and thermally-an-
nealed samples that underwent compression at strain
rates of 2 9 10�5 and 2 9 10�4 s�1. The serrations for
the annealed samples were noticeably different, as
compared to those for the as-cast sample. For instance,
there were a greater number of serrations in the
annealed samples such that the serrated flow appeared
more irregular. As for the strain rates, there was also a
greater number of stress-drops in the samples that were
tested at 2 9 10�4 s�1, for both the as-cast and
annealed specimens.
The corresponding sample-entropy results are pre-

sented in Figures 16(a) through (d). For all the condi-
tions, the sample-entropy curves increased with the scale
factor, indicating that the serrations exhibited complex
behavior at all scales. As with a previous investiga-
tion,[39] the sample entropy markedly increased with the
strain rate. Furthermore, annealing of the sample
(300 �C, 1 week) also led to a significant increase in
the sample-entropy values. From the above results, it
can be said that annealing and increasing the strain rate

Fig. 14—Sample-entropy results for the Zr55Cu30Ni5Al10 BMG
subjected to compression in the (a) constrained conditions for strain
rates of 2 9 10�5 to 2 9 10�3 s�1 and the (b) unconstrained
condition for strain rates of 5 9 10�5 to 2 9 10�3 s�1 reproduced
from Ref. [39] with permission).
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resulted in an increase in the complexity of the serration
behavior in the Vitreloy 105.

It has been reported that annealing of a BMG leads to
a decrease in the amount of free-volume defects in the
glass.[84,173] Based on the above discussion, it would be
expected that annealing should result in a decrease in the
complexity of the serrated flow. However, it was
surmised that the higher complexity in the annealed
sampled was a result of more localized secondary shear
bands that exhibit more correlated behavior during the
serrated flow.

Liaw’s group and his colleagues performed another
study on the serration behavior in compression tested
Vitreloy 105.[41] Samples were compressed at RT, using
a Material Test System (MTS) 810 machine. Here, the
sample underwent compression at a strain rate of 2 9
10�3 s�1 with a data acquisition rate of 100 Hz. To
observe the dynamic surface temperature evolution of
the samples during testing, a FLIR SC5000 Infrared
(IR) Imaging System with a frame rate of 300 Hz was
used.

Figures 17(a) and (b) show both the temperature
evolution (blue) and the stress (red) as a function of
time. It is apparent that the stress-drops coincide with
the abrupt rise in the temperature. Furthermore, the
end of the stress-drop is accompanied by the end of

the heat-releasing process where the heat band widens
due to the heat dissipation. After the stress-drop
event, the heat continues propagating to the sur-
rounding low-temperature region, which leads to a
significant decrease in the surface temperature. After a
certain amount of time, another serration event
occurs, and the process repeats. It was also found
that temperature bursts occurred during smaller
stress-drop events (see Figure 17(b)). Figure 17(c)
displays the calculated magnitudes of the temperature
rise as a function of the stress-drop values. As can be
seen, there is a strong linear correlation between the
two quantities.
Importantly, the heat content carries the informa-

tion regarding the extent to which the sample
deformed. Therefore, this quantity should be associ-
ated with each individual serration event since this
factor is necessary to better understand the shear-
band evolution. To help gain a better understanding
of this phenomenon, a spatiotemporal modeling pro-
cedure was proposed to derive and couple the
thermographic data with the heat content for each
stress-drop event. To accomplish this goal, the tem-
perature change during a serration was calculated via
a one dimensional thin-film based heat-diffusion
equation[41]:

Fig. 15—The detrended stress-time data for the compressed (a) as-cast Vitreloy 105 with a strain rate of 2 9 10�4 s�1, (b) annealed (300 �C, 1
week) Vitreloy 105 with a strain rate of 2 9 10�4 s�1, (c) as-cast Vitreloy 105 with a strain rate of 2 9 10�5 s�1, and (d) thermally annealed (300
�C, 1 week) Vitreloy 105 with a strain rate of 2 9 10�5 s�1 (Reprinted from Ref. [40] under the terms of the Creative Commons CC BY 4.0).
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where H is the heat content, q (6730 kg/m3 [174]) is the
density, Cp (330 J/kg K[175]) is the specific heat capacity
of the Vitreloy 105 BMG, t is the elapsed time from the
first frame, tc is the time between the beginning of the
heat generation and first frame camera captured, x is the
distance from the shear-band center, and a is the
thermal diffusivity (3 9 10�6 m2/s[106]) of the Vitreloy
105 BMG. From Eq. [9], one can solve for H and tc,
using the experimentally determined temperature profile
during a serration event.

The thermal profile and temperature distribution (as a
function of space and time) can be observed in
Figures 18(a) and (b). A surface-fitting technique that
is based on the globally-optimized least-squares method
was used to determine H and tc. Then, the H was plotted
with respect to the accumulated energy stored for each
serration event, which was calculated from the stress–s-
tress curves (see Figure 18(c)). From the results, it was
determined that the average conversion rate of the
stored energy to the heat is 0.71 ± 0.17.

From the results, the authors made several important
conclusions.[41] Firstly, the local temperature increase

amplifies the thermal fluctuations of atoms that further
facilitate the activity of STZs. These fluctuations affect
their surroundings in such a manner that may eventually
trigger an avalanche of STZ activities, resulting in the
stress-drop event. Second, shear banding results in an
increase in the free-volume content in the shear-band
plane that increases the likelihood that another shear-
band initiation will occur here, as compared to other
planes. Third, the deformation during the serrated flow
can be divided into two stages, namely immature and
mature shear-band stages. During the first stage, a
shear-band plane is formed that acts as a potential
sliding path. Here, the heat generated at the top and
bottom ends of the shear-band plane correspond to
non-uniform heat generation inside this plane. During
the second stage, the activated weak zones percolate
from both ends of the shear-band plane such that a
continued heat band forms as more heat is generated.

2. Fatigue behaviors
In addition to examining the serrated flow in BMGs,

Dr. Liaw’s group and his colleagues have also per-
formed very important research regarding the fatigue
behavior in this type of material system.[32,176–180] For
example, Liaw’s group and his colleagues compared
the fatigue behavior of a zirconium-based BMG,

Fig. 16—The sample entropy, as a function of the scale factor, for the compression tested (a) as-cast Vitreloy 105 with a strain rate of 2 9 10�4

s�1, (b) thermally-annealed (300 �C, 1 week) Vitreloy 105 with a strain rate of 2 9 10�4 s�1, (c) as-cast Vitreloy 105 with a strain rate of 2 9
10�5 s�1, and (d) thermally-annealed (300 �C, 1 week) Vitreloy 105 with a strain rate of 2 9 10�5 s�1 (Reprinted from Ref. [40] under the terms
of the Creative Commons CC BY 4.0).
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Zr-10Al-5Ti-17.9Cu-14.6Ni [fabricated at the Oak
Ridge National Laboratory (BAM-11) and developed
at the California Institute of Technology (Vitreloy 105)]
with other high-strength alloys such as D6AC steel,

Ti-6Al-4V alloy, and 300 M steel.[32,176] For the exper-
iments, the BAM-11 BMG round-bar notched samples
underwent tension fatigue testing at various stress
ranges with a load ratio (R) of 0.1 (minimum/maximum

Fig. 17—(a) The stress-drop vs time and maximum temperature data for each frame, (b) a magnified region for times ranging from 19.9 to 20.5 s
from (a), as demarcated by the green rectangle, and (c) the linear relationship between the stress-drop values and the temperature. (reproduced
from Ref. [41] with permission).

Fig. 18—(a) The linear profile of the temperature data that was used for the spatial calculation. The lines represent the data used to achieve
average values. (b) Spatial-temporal surface modeling of the temperature data from the thermograph. (c) The relationship between the released
heat and the stored energy that was obtained from the spatial-temporal surface. The marked numbers indicate the sequence of serration events
(reproduced from Ref. [41] with permission).
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stress) and a frequency of 10 Hz. Each fatigue test was
conducted until sample failure or for a total of 107

cycles. The fatigue-endurance limit, which is based on
the applied stress range defined at 107 cycles, for the
above BMG was found to be 907 MPa. Furthermore,
the fatigue ratio, which is the fatigue-endurance limit
divided by the ultimate tensile strength, was determined
to be 0.53. Figure 19 shows the stress-range/fatigue life
for Vitreloy 105 BMG and other alloys. The former
displays noticeably greater values, as compared to the
other materials. However, the authors noted that these
comparatively better fatigue properties that were exhib-
ited by the BMG may have been related to the
differences in the chemical composition and/or the
variations in specimen geometries and testing
procedures.

In a later study, Liaw’s group and his colleagues
examined the four-point-bending fatigue behavior of a
Vitreloy 105 BMG.[177] Here, samples were subjected to
RT bending tests at frequencies of 10 Hz and a load
ratio of 0.1. The fatigue tests were performed until
sample failure or for a total of 107 fatigue cycles. The
fatigue-endurance limit, which is based on the stress
amplitude, was determined to be ~ 425 MPa, which is
equivalent to a fatigue ratio of 0.25. SEM imaging
revealed the presence of particles on the fracture
surfaces (see Figures 20(a) through (d) and 21(a) and
(d)).

Specifically, there were three types of particles
observed on the fracture surface. The first set of particles
had diameters that ranged from 5 to 20 lm and located
in isolated or small groups (see Figure 20). The second
group of particles, which can be seen in Figures 21(a)
through (d), formed arcs across the fracture surface.
Similar to the first set of particles, most of the arcs

consisted of particles that had diameters of 5 to 20 lm.
The last set of particles, which were contained in ‘‘large
sheets’’ of material, were smaller than the other two sets
where their diameters ranged from 3 to 5 lm (see
Figures 22(a) through (c)). These particles are Al-, Ti-,
Cu-, Ni-rich oxides. Importantly, it was determined
from the results that the fatigue lifetime was inversely
proportional to the quantity of the particles observed.
In a more recent study, Liaw’s group and his

colleagues developed the first statistical framework for
modeling the S–N behavior in BMGs.[178] For the
experiment, they performed four-point-bending tests on
a Zr50Cu30Al10Ni10 BMG samples with an inner span of
10 mm and outer span of 20 mm.
Furthermore, samples were subjected to a load ratio

of 0.1, and a sinusoidal waveform was employed with a
frequency of 10 Hz. One of the models that they
developed to analyze the fatigue behavior, which is
based on a Weibull distribution, was a size-effect
fatigue-life model that incorporated a mechanistic
understanding of fatigue failure in BMGs. The model
is written as:

F Njb; h0 Sð Þð Þ ¼ 1� e
�h�1 N

h0 Sð Þ

� �b

½10�

where N is the number of cycles to failure, b is a Wei-
bull shape parameter, h is the thickness of the material
under bending, and h0(S) is a stress-dependent Weibull
scale parameter that is given by:

log h0 Sð Þð Þ ¼ g0 þ g1 log S� S0 hð Þð Þ; S>S0 hð Þ ½11�

here g0 and g1 are material based fitting parameters. The
importance of the model arises from its mechanistic
understanding as to how shear bands affect the fatigue

Fig. 19—The stress-range/fatigue-life data of notched Vitreloy 105 (BAM-11) specimens tested in air and compared with the fatigue endurance
limits of high-strength alloys (reproduced from Ref. [32] with permission).
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and failure tolerance of the BMG. Figure 23 displays
the median fatigue lives in addition to the 95 pct
predictive intervals, as predicted by the model from
Eq. [10] for the Zr50Cu30Al10Ni10 BMG. Here, data was
based on samples with thicknesses of 2 and 3 mm. In
Figure 23, thicker samples with less numbers of shear
bands tend to exhibit greater fatigue life. The findings
indicated that the results of the model support the
theory that the number of shear bands formed during
the bending tests can play a role in the fatigue life of the
BMG.

3. Corrosion resistance studies
Hua et al.[181] compared the corrosive-wear resistance

of a Pd40Cu30Ni10P20 BMG to conventional alloys, such
as CoCrMo, 316L stainless steel, and Ti6Al4V alloys.
Here, the samples were exposed to a phosphate buffer
solution (PBS) and were then characterized, using
multiple techniques, including wear experiments and
potentiodynamic-polarization tests (PPTs). Figure 24
presents the results of the wear tests where the BMG
displayed lower wear rates, as compared to the other
alloys for sliding in air (dry) and PBS. The results of the
PPTs is displayed in Figure 25 for the four materials. It
was determined that the corrosion potentials of the
Pd-based BMG, CoCrMo alloy, 316 L SS, and Ti6Al4V
alloy were � 0.14, � 0.74, � 0.39, and � 0.47 V,

respectively. This result indicates that the BMG exhib-
ited a comparatively-greater surface stability, and hence
corrosion resistance, as compared to the other alloys.
In a similar study, Hua et al.[182] compared the

behavior of a Fe41Co7Cr15Mo14C15B6Y2 BMG with a
CoCrMo alloy and 316L stainless steel. They found that
the wear rate was considerably lower, as compared to
the other materials (see Figure 26). Furthermore, the
BMG that was exposed to PBS had a lower wear rate, as
compared to the dry condition. This trend is in contrast
with the CoCrMo and 316 stainless steel where the wear
rate increased. It was also reported that the Fe-based
BMG exhibited the lowest corrosion current density
during tribo-corrosion testing. The good anti-corrosion
behavior of the Fe-based BMG was attributed to the
protective surface oxide film that forms during exposure
to the PBS. It was also suggested that FeMoO4 could be
formed on the surface, which hinders the propagation of
the corrosion pit.[183] From the results, the authors
surmised that the comparatively-good corrosion resis-
tance that was exhibited by the BMG makes it an
excellent candidate for biomedical applications.
Hua et al. also investigated the effects of partial

crystallization on the corrosion performance of a
Zr68Al8Ni8Cu16 BMG.[18] To induce crystallization in
the BMG, samples were annealed at temperatures
ranging from 673 K to 773 K using a ramp rate of

Fig. 20—Fractographs of the particle-and-crater morphology in (a) small groups and (b) in isolation. The particles on the fracture surface in (c)
corresponded to craters on the opposite surface in (d), and vice-versa (reproduced from Ref. [177] with permission).
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20 �C/min. To minimize oxidation, samples were heated
in pure argon. XRD determined that the crystallized
samples contained Zr2Ni and Zr2Cu crystalline phases
(see Figure 27). Further analysis of the patterns revealed
that for annealing temperatures of 673 K and 713 K, the
crystallinity of these phases was 10 and 77 pct, respec-
tively. For the corrosion tests, PPTs were performed in
which as-cast and annealed samples (673 K and 713 K)
were immersed in a 1 M HCl solution for 1 week. The
results of the tests showed that crystallization led to an
increase in the corrosion current density. More specif-
ically, this value increased from 1.42 9 10�3 A/m2 for
the as-cast sample to 2.55 9 10�3 and 1.68 9 10�2 A/m2

for the samples annealed at 673 K and 713 K,
respectively. Such a result indicates that crystallization
of the BMG reduced the corrosion resistance of the
alloy.

To complement the PPTs, weight loss measurements
were performed to determine the corrosion rate of the
samples. Figure 28 features the corrosion rate for the
three samples, which are labeled Zr68A (as-cast), Zr68B
(673 K), and Zr68C (713 K). It was determined that the
weight loss of the as-cast, 673 K annealed, and 713 K
annealed samples were 5.36, 5.95, and 7.95 g/m2h,
respectively. This result further corroborates those of

the PPTs, where crystallizing the BMG reduced the
corrosion resistance of the alloy.

III. RESEARCH ON HIGH-ENTROPY ALLOYS

A. Design of New HEAs via Thermodynamic
Calculations

The empirical formation rules,[31] which were previ-
ously discussed from Section I, can provide an effective
way to select solid-solution HEAs from alloy composi-
tion pools. However, this alloy-design approach could
not provide either the structural information or the
effects of temperature on phase formation in HEAs. To
overcome this issue, Liaw’s group and his colleagues
have designed new HEAs, using the thermodynamic
approach, i.e., CALculation of PHAse Diagrams
(CALPAHD) simulations.[43,44,46,49,55,77] Coupled with
appropriate elemental databases, the multicompo-
nent-phase diagram for HEAs can be predicted, prior
to fabrication. CALPHAD describes the thermody-
namic properties using phenomenological models. Ther-
modynamic and phase equilibria data are utilized to
calculate the Gibbs free energies (G) for multicompo-
nent systems, which can be described as:

Fig. 21—Fractographs of (a–c) short and (d) long arcs of particles observed on the fracture surfaces of the bend samples. The arrows in (d)
denote the arc of particles across the top portion of the bend sample[177] with permission.

2050—VOLUME 52A, JUNE 2021 METALLURGICAL AND MATERIALS TRANSACTIONS A



G ¼
X

n

i

XiG
0
i þ DGmix ½12�

where Xi is the composition of the component, i, G0
i is

the Gibbs energy of the component, i, and DGmix is

Fig. 22—SEM fractographs illustrating the morphology of (a) multiple large sheets of small particles that commonly form concentric arcs across
the fracture surfaces in various locations. (b and c) Low and high-magnification images of a single sheet of particles (reproduced from Ref. [177]
with permission).

Fig. 23—Predictive results for the model represented by Eq. [10]
(solid line: median fatigue life when h = 3 mm; dotted line: 95 pct
predictive interval for fatigue life when h = 3 mm; dashed line:
median fatigue life when h = 2 mm; dashed–dotted line: 95 pct
predictive interval for fatigue life when h = 2 mm) (reproduced
from Ref. [178] with permission).

Fig. 24—Wear rates for the Pd-based BMG, CoCrMo alloy, 316 L
stainless steel, and Ti6Al4V during sliding in air and the PBS
solution (reproduced from Ref. [181] with permission).
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the change of the Gibbs energy when mixing compo-
nents, which can be expanded as:

DGmix ¼ Dmix
ideal þ GXS ¼ �TSmix

ideal þ GXS ½13�

where DGmix
ideal is the ideal part of the change of the Gibbs

energy when mixing, T is the temperature, Smix
ideal is the

ideal configurational entropy (can be calculated as
R
P

Xi lnXi), and GXS is the excess Gibbs energy, which
includes the non-ideal mixing enthalpy and entropy.
Using CALPHAD simulations, Liaw’s group and his

colleagues have designed large numbers of HEA com-
positions. In collaboration with Drs. Michael C. Gao
and Chuan Zhang, his group has focused more on the
design of Al-containing HEAs (AlxCoCrFeNi),[43,46,55]

lightweight HEAs (AlxCrFeMnTix),
[44,45] and refractory

HEAs (NbTaTiV),[49,184] in which the results of their
simulation efforts can be observed in Figure 29.
Figure 29(a) shows the calculated vertical section of

the AlxCoCrFeNi with x varying between 0 and 2. This
predicted phase diagram clearly indicates that the phase
relation is very sensitive to the Al contents in the
AlxCoCrFeNi HEA. The single-phase FCC can only be
produced when the Al ratio is kept small, while the BCC
and/or B2 phases will precipitate if a higher Al ratio is
used, and a mixture of FCC + BCC phases and/or B2
phase should form when x is an intermediate value. In
order to provide a better understanding of the
stable phases and their fractions as well as the distribu-
tion of each alloying element within the different phases
of the AlxCoCrFeNi (x = 0.3, 0.5, and 0.7) HEA,
equilibrium calculations were performed, as shown in
right side of Figure 29(a). For the Al0.3CoCrFeNi HEA,
two kinds of disordered BCC phases were present at low
temperatures. Furthermore, the sigma phase forms at
temperatures below 720 �C but disappears at 350 �C,
and the ordered L12 phase could form below 600 �C.
With the increase of temperature, the ordered B2 phase
forms at 1026 �C, but then the only single FCC phase
could be found at temperatures ranging from 1,026 �C
to 1402 �C. In the Al0.5CoCrFeNi HEA, the ordered B2
phase could form in a larger temperature range that
varied from 200 �C to 1350 �C. It was also found that
the sigma phase begins to form at a temperature of
820 �C. Furthermore, the ordered L12 and disordered
BCC phases could form at low temperatures. On the

Fig. 25—Current density vs potential, as determined from the PPTs
for the Pd-based BMG, CoCrMo alloy, 316 L stainless steel, and
Ti6Al4V (reproduced from Ref. [181] with permission).

Fig. 26—Wear rates for the Fe-based BMG, CoCrMo alloy, and
316L stainless steel during sliding in air and the PBS solution
(reproduced from Ref. [182] with permission).

Fig. 27—The XRD patterns for the Zr68Al8Ni8Cu16 BMG annealed
at temperatures ranging from 673 to 773 K (reproduced from Ref.
[18] with permission).

Fig. 28—Corrosion rates of the Zr68Al8Ni8Cu16 BMG samples for
the as-cast (Zr68A), 673 K (Zr68B) and 773 K (Zr68C) conditions
(reproduced from Ref. [18] with permission).
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other hand, the BCC phase is observed in a temperature
range of 900 �C to 1350 �C for the Al0.7CoCrFeNi
HEA. In addition, the sigma phase disappears at
350 �C, which was similarly observed in Al0.3CoCrFeNi
and Al0.5CoCrFeNi HEAs. The trend of formation of
L12 and two disordered BCC phases are also the same
with Al0.3CoCrFeNi and Al0.5CoCrFeNi alloys.

The lightweight HEAs with the composition of
Al1.5CrFeMnTix have also been designed by Liaw’s
group and his colleagues,[44,45] as presented in
Figure 29(b). The BCC phase is the first one to form
at about 1403 �C in the Al1.5CrFeMnTi alloy, and it is
the primary phase in the higher temperature range of
700 �C to 1360 �C. It was also found that the fraction of

Fig. 29—CALPHAD-calculation data for (a) AlxCoCrFeNi HEA, (b) Al1.5CrFeMnTix, and (c) NbTaTiV HEAs (reproduced from Ref. [45], [48],
[49], [185] with permission).
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the C14 phase was relatively high (about 45 pct at
800 �C). According to the thermodynamic information,
the L21 phase is stable at temperatures below 837 �C.
Furthermore, the calculated isopleth of the Al1.5Cr-
FeMnTix HEA (Figure 29(b)) indicate that the con-
stituent phases (BCC + L21 + Laves-C14 structures) in
the present composition of the Al1.5CrFeMnTi alloy. It
is worth noting that a BCC + L21 two-phase region is
observed in the calculated isopleth [highlighted by the
light green region in Figure 29(b)].

In addition to the Al-containing and lightweight
HEAs, Liaw’s group in collaboration with Dr. Michael
C. Gao have moved to design the refractory-type HEAs,
as presented in Figure 29(c).[49] The predicted equilib-
rium and non-equilibrium phase mole fraction versus
temperature plots for the NbTaTiV refractory HEA are
illustrated in Figure 29(c). A single BCC solid-solution
is predicted to form within the bulk composition of the
Nb23.8Ta25.5Ti24.9V25.8 HEA, at. pct. Moreover, the
calculated liquidus and solidus temperatures were cal-
culated to be Tliq = 2161 �C and Tsol = 1941 �C,
respectively. The BCC solid-solution decomposes into a
minor HCP phase at the Tdec = 432 �C. The simulation
predicts the formation of a single BCC solid solution
with chemical segregation associated with Ta, Ti, and V
during the entire non-equilibrium solidification. It is
also found that the BCC phase is rich in Ta at earlier
stages of solidification in the dendritic arms, while the
interdendritic region is enriched in Ti and V in the latter
stages, as the temperature decreases.

B. Microstructural and Mechanical Properties
of Various HEAs

1. Microstructural and mechanical properties
of Al-containing HEAs

The various, newly-designed HEAs, as determined by
CALPHAD simulations (see above), have been exper-
imentally verified by phase-identification methods,
microstructural-investigations, and mechanical-behav-
ior studies. These alloys include Al-containing (Alx-
CoCrFeNi), lightweight HEAs (AlxCrFeMnTix), and
refractory HEAs (NbTaTiV). Figure 30 displays the
features of the microstructures, phase constitutions, and
phase fractions of both FCC and BCC/B2 phases in
AlxCoCrFeNi HEAs (x = 0.3, 0.5, and 0.7) after the
homogenization treatment at 1250 �C.[48,55] The forma-
tion of a single solid-solution FCC phase (A1) in the
Al0.3CoCrFeNi HEA was observed from the back-scat-
tered-electron (BSE) images and electron backscatter
diffraction (EBSD) results, as exhibited in Figures 30(a)
and (b). The randomly oriented equiaxed grains with a
size of about 300 lm are clearly observed from the
phase-identification map (Figure 30(c)). Note that the
annealing twins also formed during the heat treatment.
The Al0.5CoCrFeNi HEA consists of the FCC (A1) and
B2 phases with the volume fractions of 98 and 2 pct,
respectively (Figures 30(d) through (f)). The microstruc-
ture was dramatically changed with an increase in the Al
content to x = 0.7. Additionally, as presented in
Figures 30(g) through (i), the formation of the solid-so-
lution FCC (Al) phase with solid-solution BCC (A2) +

B2 phases can be clearly observed. The volume fraction
of the A2/B2 phases is 22 pct, which consists of the
randomly-orientated FCC (Al) phase and [101]-oriented
BCC (A2) + B2 phases. The phase identification of
AlxCoCrFeNi HEAs have further been obtained via
neutron diffraction (ND), as shown in Figure 30(j). As
consistent with these microstructural investigations, the
Al0.3CoCrFeNi HEA consists of a single FCC phase
(A1), while the Al0.7CoCrFeNi HEA has a combination
of FCC (A1), BCC (A2), and B2 phases. The nano-scale
structures for AlxCoCrFeNi (x = 0.5 and 0.7) were
further investigated by TEM, in which the results are
featured in Figures 30(k) and (l). The presence of the B2
phase in the Al0.5CoCrFeNi HEA was confirmed by the
dark-field image, which is produced by the super-lattice
spot (100). For the Al0.7CoCrFeNi HEA, the TEM
images of the BCC-structured phases indicate the
formation of a BCC (A2) phase in the B2 matrix.
Figure 31 presents the tensile engineering stress-strain

curves of the AlxCoCrFeNi HEA subjected to a strain
rate of 2 9 10�4 s�1 at RT.[48] The tensile yield strength
(ry) and ductility of the Al0.3CoCrFeNi HEA are 210
MPa and 97 pct, respectively. The yield strength is
significantly improved when the Al content is increased
whereas the ductility of the AlxCoCrFeNi HEA is
gradually decreased. The detailed values for the yield
strength and ductility of the AlxCoCrFeNi HEA (x =
0.3, 0.5, and 0.7) are listed in the Figure 31.
As seen in Figure 31, the Al0.5CoCrFeNi HEA has an

excellent combination of yield strength and ductility
among the Al-containing HEAs. These exceptional
properties eventually led Liaw’s group and his col-
leagues to further study the additional mechanical
properties, i.e., fatigue behavior of this alloy.[52,53] The
four-point bending high-cycle fatigue experiments were
conducted at various applied loads or cycles until either
specimen failure or 107 cycles were completed.
Figure 32(a) shows the four-point-bending fatigue
results plotted as the stress range versus the number of
cycles to failure (or 107 cycles) to give the stress number
of cycles to failure (S–N) curve. The maximum stress

was calculated by the equation, r ¼ 3P S0�Sið Þ
2BW2 , where P is

the applied load, S0 is the outer span length (20 mm), Si

is the inner span length (10 mm), B is the thickness (3
mm), and W is the height (3 mm) of specimens. The
typical fatigue behaviors for the above HEAs were
obtained, indicating that the number of cycles to failure
increases with a decrease in the stress level. Most of the
sample failures occurred within 35,000 to 450,000 cycles
with the maximum stress level of 1250 MPa. However,
overall, the data points of the fatigue tests were
noticeably scattered at various stress levels, especially
in the lower stress ranges. The scattering of fatigue life in
the S–N curve (Figure 32(a)) is probably due to the
presence of different defect densities or microcracks in
the samples. The ranges of fatigue-endurance limits,
which were estimated by the Weibull mixture predictive
model are 540 to 945 MPa. Based on the obtained
results of four-point bending high cycle fatigue tests,
Liaw’s group and his colleagues further predict the
fatigue life of the HEAs using the statistical models,
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such as a Weibull predictive and Weibull mixture
predictive models.[52,53] The results of the Weibull
mixture predictive model show that data points of the
Al0.5CoCrFeNi HEA can be categorized by two groups,
as the strong and weak groups, which depends on the
amounts of defects. The strong group has a predicted
median time to failure of greater than 107 at 858 MPa.

The fatigue ratio between the fatigue-endurance limit
(based on the stress range) to ultimate tensile strength is
0.402 to 0.703, which are comparable with conventional
materials, as illustrated in Figures 32(b) and (c). As seen
in Figures 32(b) and (c), some of the materials, such as
ultra-high strength steels and wrought aluminum alloy,
show the lower fatigue ratios than HEAs, even though

Fig. 30—The SEM-BSE images, phase map, and inverse pole-figure (IPF) of the homogenized (a to c) Al0.3CoCrFeNi, (d to f) Al0.5CoCrFeNi,
and (g to i) Al0.7CoCrFeNi HEAs. (j) Neutron-diffraction pattern of the AlxCoCrFeNi HEA. Characterization of a disordered/ordered BCC
phase (A2/B2) by the dark-field TEM in (k) Al0.5CoCrFeNi and (l) Al0.7CoCrFeNi HEAs (reproduced from Ref. [48], [55] with permission).

METALLURGICAL AND MATERIALS TRANSACTIONS A VOLUME 52A, JUNE 2021—2055



they have higher tensile strengths. Overall, the fatigue
limit of HEAs is significantly higher than other conven-
tional alloys, indicating that the HEA have great
potential for use in structural applications.

2. Fatigue behavior of HEAs
Recently, Li et al.,[186] have further reviewed the

reported fatigue properties of HEAs to discover and
design the good fatigue-resistant HEAs. Figure 33(a)
shows the summarized plots of fatigue endurance limit
(fatigue strength) versus ultimate tensile strength for
various metallic materials. It was found that the fatigue
strength of the CoCuFeMnNi HEA is higher than most
of conventional alloys except steels, Ni-based superal-
loys, and BMGs. However, the multi-phase AlxCoCr-
FeNix HEAs indicate higher and similar fatigue
strengths than the CoCuFeMnNi HEA, steels, Ni-based
superalloys, and BMGs, whereas the
metastable Fe-Mn-Co-Cr-Si-Cu HEA system shows
higher fatigue strength than other conventional alloys.
Li et al. have also summarized the fatigue ratio (based
on stress amplitude) vs ultimate tensile strengths of
HEAs and conventional alloys, as shown in
Figure 33(b). As similar to the average slopes of fatigue
strength in Figure 33(a), the multi-phase AlxCoCrFeNix
HEAs indicate comparable fatigue ratios, compared to
other conventional alloys, and the metastable HEAs
possess higher fatigue ratios.

3. Microstructural and mechanical properties
of lightweight HEAs

Liaw’s group and his colleagues also designed light-
weight and low-cost HEAs, such as AlxCrFeMnTiy (x
= 1.0, 1.5, 2.0, 3.0, and 4.0, y = 0.25 and 1.0) for

high-temperature applications.[44,45] Figure 34 shows the
XRD patterns of lightweight AlxCrFeMnTiy HEAs.
The major phases of all the alloys are a BCC phase while
the additional two peaks that are centered at rela-
tively-low angles (26 and 30 deg) are indexed as the
Fe2AlTi-type L21 structure. In case of the AlxCrFeMnTi
(x = 1.5 and 2.0) HEA, the presence of an intermetallic
C14 Laves phase was observed, as displayed in
Figures 34(e) and (f). When the alloys contained a large
amount of the Al content (Al3.0CrFeMnTi0.25 and
Al4.0CrFeMnTi0.25), some complex structures could be
observed in the XRD patterns, which were identified as
Al8Cr5-type (cI52, I-43m) and Al58.5Cr10.3Fe31.2-type
(hR26, R3m) phases. Based on the phase identifications,
the surface microstructures of these investigated light-
weight HEAs were characterized by SEM, as shown in
Figures 34(a¢) through (f¢). The simple solid-solution
microstructures were observed for Al1.0CrFeMnTi0.25
and Al2.0CrFeMnTi0.25 HEAs, while Al3.0Cr-
FeMnTi0.25, Al1.5CrFeMnTi, and Al2.0CrFeMnTi
HEAs exhibit multi-phase structures, which are consis-
tent with XRD results. The black dots appearing on the
SEM images are defects produced during the casting
process.
In addition to these preliminary investigations on

lightweight HEAs, Liaw’s group and his colleagues have
also focused on a particular composition, namely the
Al1.5CrFeMnTi HEA. Here, they examined the phase
and microstructural evolution as a function of the
heat-treatment conditions.[45] Figures 35(a) through (e)
show the microstructures of the Al1.5CrFeMnTi HEA,
which are subjected to systematic annealing at temper-
atures of 750 �C, 850 �C, 1000 �C, and 1200 �C,
respectively. As predicted by CALPHAD simulations
that were discussed in the previous section,[45] the
formation of multi-phases (BCC-based phase + C14
phase) in all the annealed samples were identified from
the EBSD images. It was also found that the volume
fraction and morphology of the composed phases
significantly changed with an increase in the annealing
temperature. Moreover, the embedded C14 phase within
the BCC-based phase was observed after annealing at
750 �C and 850 �C. Furthermore, it was found that the
BCC-based phase becomes the primary phase, and the
volume fraction of the C14 phase was reduced when the
annealing temperature reaches 1200 �C (see
Figures 35(a) through (e)). The phase identifications
for the as-cast and 750 �C and 850 �C-annealed
Al1.5CrFeMnTi samples were characterized via syn-
chrotron XRD patterns, or which the results are
displayed in Figure 35(f). The complex diffraction pat-
terns were seen in all samples, which indicates the
presence of multi-phases, as determined by the other
microstructural investigations. The major diffraction
peaks were identified as a BCC phase whereas the minor
diffraction peaks belong to the C14 phase. Furthermore,
two unique low-angle diffraction peaks are present in
the as-cast and 750 �C-annealed samples, which are
identified as a L21 phase. However, the L21 peaks
immediately disappear when the annealing temperature
reached 850 �C, which implies that the L21 phase in this
alloy system is thermodynamically unstable at high

Fig. 31—Tensile engineering stress-strain curves for AlxCoCrFeNi
HEAs (x = 0.3, 0.5, and 0.7) (reproduced from Ref. [48] with
permission).
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temperatures. To further investigate the possible phase
transformation at elevated temperatures (RT, 800 �C,
1000 �C, 1200 �C, and 1400 �C), the in situ neutron
experiment was performed, as presented in Figure 35(g).
Similar to the synchrotron-diffraction results, the as-cast
alloy is composed of BCC, C14, and L21 phases.
However, the absence of diffraction peaks is found for
the L21 phase when the temperature exceeded 1000 �C.
Moreover, the magnitudes of the diffraction peaks for
the C14 phase are significantly reduced at a temperature
of 1400 �C, indicating the decrease of the C14 phase at
high temperatures. From the results of the microstruc-
tural investigations and phase evolution in the as-cast
and annealed Al1.5CrFeMnTi HEAs, it was concluded

that the size, morphology, coherency, and spatial
distribution of the L21 phase were subsequently changed
after annealing at 750 �C and 850 �C. Finally, the L21
phase has nucleation advantage due to the small
interfacial energy between the L21 and BCC phases.[45]

4. Microstructural and mechanical properties
of refractory HEAs
As described above, Al-contained HEAs show rela-

tively-low yield strengths, as compared to conventional
metallic alloys. Only one composition, an Al0.3CoCr-
FeNi HEA, consists of a single FCC phase. In case of
lightweight HEAs (Al1.5CrFeMnTi), the morphology
and volume fraction of the composed phases are

Fig. 32—Four-point bending fatigue results for HEAs, as illustrated by the (a) S–N curve for the Al0.5CoCrFeNi HEA plotted as the stress
range versus the number of cycles to failure. (b and c) Comparison of the fatigue ratio [equal to a fatigue endurance limit (based on the stress
range)/UTS] between Al0.5CoCrFeNi HEA and other structural materials (reproduced from Ref. [52] with permission).
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dramatically changed at elevated temperatures, indicat-
ing low phase stability at high temperatures. Due to
these features of microstructural evolution and mechan-
ical properties of the two different types of HEAs, the
Al0.3CoCrFeNi and lightweight HEAs are not good
candidates for high-temperature applications. To over-
come the shortcoming of the designed HEAs, Liaw’s
group and his colleagues developed the refractory
HEAs,[49] which have exhibit excellent phase stability
and desirable mechanical properties at elevated
temperatures.

Figures 36(a) through (c) show the SEM and EBSD-
phase-map images of the as-cast NbTaTiV refractory
HEA. The typical dendritic microstructure without any
second phases was observed in the as-cast condition,
which is consistent with the CALPHAD prediction in
the previous section.[49] Furthermore, the dendritic
features of the microstructures originate from the
chemical inhomogeneity, which is due to the various
solidification temperatures of the constituent elements.

The results of the EBSD-phase map (Figure 36(b)) and
ND pattern (Figure 36(c)) indicate the presence of a
single BCC solid-solution phase. To achieve a homoge-
neous single phase without the compositional segrega-
tion in the as-cast alloy, the NbTaTiV alloy was
subjected to a homogenization treatment of 1200 �C
for 3 days. The simple microstructure was observed after
the homogenization treatment, where no dendritic
structure could be observed, as presented in
Figure 36(d). Additionally, the ND pattern and EBSD-
phase map show that the single BCC phase formed
without the obvious formation of a secondary phase or
phase transformation that could have occurred after the
homogenization treatment (Figures 36(e) and (f)). In
short, the chemical segregation in the as-cast state was
effectively eliminated by a proper heat-treatment pro-
cess, and the single-phase solid solution with the
homogeneous elemental distribution was successfully
produced.
In addition to the microstructural studies, as dis-

cussed above, the mechanical properties of these refrac-
tory HEAs have also been investigated via uniaxial
compression tests. Figure 37(a) shows the compressive
engineering stress–strain curves for the NbTaTiV refrac-
tory HEAs that were tested at RT, using a strain rate of
1 9 10�3 s�1. The yield strengths of the as-cast and
homogenization-treated alloys were 1236 and 1273
MPa, respectively. The results indicate that no fracture
occurred at a compressive strain limit of 30 pct for both
alloys, indicating that these HEAs exhibit high yield
strengths. Moreover, the findings imply that the chem-
ical inhomogeneity of the NbTaTiV refractory HEA
does not significantly influence its mechanical proper-
ties. Additional compressive mechanical tests were
performed at elevated temperatures, where the results
are displayed in Figure 37(b). Here, the yield strength
gradually reduced from 1273 to 688 MPa, as the
temperature increased from RT to 900 �C. Similar to
the RT results, the significant strain hardening is
retained up to 800 �C whereas a slight reduction of the
hardening capability occurred at 900 �C. The strength-
ening mechanism will be discussed in following section.
Overall, Liaw’s group and his colleagues have

designed and developed various HEA systems, such as
Al-containing (AlxCoCrFeNi), lightweight HEAs
(AlxCrFeMnTix), and refractory HEAs (NbTaTiV),
using thermodynamic predictions (a CALPHAD
approach). The phase identification, microstructural
characterizations and mechanical properties of designed
HEAs have been comprehensively studied, employing
various experimental techniques, such as SEM, EBSD,
TEM, XRD, synchrotron and ND. The phase forma-
tion, yield strength, and plastic strain of newly designed

Fig. 33—Fatigue properties of HEAs compared to conventional
alloys. (a) Fatigue strength (based on the stress amplitude) vs
ultimate tensile strength. (b) Fatigue ratio (based on the stress
amplitude) versus ultimate tensile strength (reproduced from Ref.
[186] with permission).

cFig. 34—XRD patterns and SEM images of a newly designed
lightweight HEA. (a and a¢) Al1.0CrFeMnTi0.25, (b and b¢)
Al2.0CrFeMnTi0.25, (c and c¢) Al3.0CrFeMnTi0.25, (d and d¢)
Al4.0CrFeMnTi0.25, (e and e¢) Al1.5CrFeMnTi, (f and f¢)
Al2.0CrFeMnTi HEAs (Reprinted from Ref. [44] under the terms of
the Creative Commons CC BY 4.0).
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HEAs in Liaw’s group and with his colleagues are
summarized in Table I. The detailed and in-depth study
of the microstructural evolution and deformation
behavior of these designed HEAs via state-of-the-art
experimental techniques and theoretical calculation will
be elaborated upon in the following sections.

5. Microstructural and mechanical properties
of eutectic HEAs

In addition to microstructural investigation and
mechanical behaviors in Al-containing, lightweight,
and refractory HEAs, Liaw’s group and his colleagues
have also architected a dual-phase heterogeneous
lamella (DPHL)-structured eutectic high-entropy alloy
(EHEA) with the composition of AlCoCrFeNi2.1.

[187]

Figure 38 shows the microstructure of the as-cast
EHEA and tailored DPHL HEA. The typical lamellar
morphology was observed by EBSD and SEM images
(Figures 38(a) and (b)). These lamellae consisted of B2
(NiAl-rich) and FCC (Fe- and Cr-rich) phases
(Figure 38(e)), and annealing twins were occasionally
observed in FCC grains (Figures 38(d) through (g)).
There is also the precipitated-out BCC phase of different

sizes in FCC lamellae, as presented in Figures 38(c)
through (f). More specifically, they presented two types
of NiAl-rich precipitates: the small and scarce P1
(intragranular B2 grains) and the large and primary P2
(intergranular B2 grains) (Figure 38(f)). These results
reveal a complex phase decomposition from the initial
FCC lamellae, which has now been detected in the
EHEA category. Furthermore, as schematically illus-
trated in Figure 38(h), the presented DPHL-structured
AlCoCrFeNi2.1 EHEA indicates a two-hierarchical
heterogeneity, which consisted of the submicron-grade
FCC/B2 grains within the FCC lamellae and the
micro-grade alternate FCC/B2 lamellae.
Figure 39(a) exhibits mechanical properties of as-cast,

ultra-grained (UFG), complex and hierarchical (CH),
and tree DPHL HEAs.[188] An UFG EHEA shows a
twice higher yield strength than the as-cast EHEA but
comes at loss of ductility. On the other hand, DPHL700
and DPHL740, which have inherited lamellar geome-
tries, reveal a simultaneous strength-ductility enhance-
ment, compared to the as-cast EHEA. The DPHL 660
exhibit a higher yield strength of 1490 MPa, and
comparable ductility of 16 pct. The detailed values of

Fig. 35—SEM, EBSD-phase mapping, and diffraction patterns of the Al1.5CrFeMnTi HEAs. (a) as-cast state, (b) annealed state at 750 �C for
168 h, (c) annealed state at 850 �C for 168 h, (d) annealed state at 1000 �C for 504 h, and (e) annealed state at 1200 �C for 168 h. (f) The ex-situ
synchrotron X-ray diffraction patterns in the as-cast, 750 �C- and 850 �C-annealed states. (g) The in situ neutron scattering at RT, 800 �C,
1000 �C, 1200 �C, and 1400 �C (reproduced from Ref. [45] with permission).
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mechanical properties of the present HEAs are summa-
rized in Table I. The significant enhancement of
mechanical properties for the hierarchical DPHL HEAs
could be reasonably explained by deformation pro-
cesses. During tensile deformation, the soft FCC lamel-
lar matrix is more susceptible to starting plastic
deformation after the soft FCC and hard B2 phase
co-deformed elastically. The existence of plastic-strain
gradients in the soft lamellar matrix near lamella
interfaces.[189,190] Consequently, this process produces
a long-range back stress, which causes the difficulty of
dislocation movement in FCC grains until B2 grains

start to yield deformation.[191] Ultimately, under such
two-hierarchical constraints, the FCC grains appear
much stronger than when they are not constrained,
producing so-called synergetic strengthening and elevat-
ing the yield strength of materials.[192] The good ductility
for the complex and hierarchical EHEA mainly origi-
nated from the strong back-stress hardening effect. Such
a hierarchical architecture can provide substantial
domain boundaries separating areas of diverse hardness,
consequently being particularly favorable to benefiting
from back-stress hardening. In the hierarchical struc-
ture, there are coarse non-lamellar regions, which

Fig. 36—Phase and microstructural characterization of as-cast and homogenized NbTaTiV refractory HEAs. (a) SEM image, (b) EBSD-phase
mapping, and (c) neutron-diffraction pattern of an as-cast NbTaTiV refractory HEA. (d) SEM image, (e) EBSD-phase mapping, and (f)
neutron-diffraction pattern of a homogenization-treated NbTaTiV refractory HEA (reproduced from Ref. [49] with permission).

Fig. 37—(a) Engineering compressive stress-strain curves of the as-cast and homogenization-treated NbTaTiV refractory HEA at RT. (b)
Mechanical properties of NbTaTiV refractory HEA at elevated temperatures (reproduced from Ref. [49] with permission).
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consist of the soft FCC matrix and hard B2 phases.
Although these regions allow significant strain parti-
tioning to induce back-stress strengthening, the soft
FCC phase also facilitate the material to yield at low
stresses due to the absence of the lamellar constraint
effects.[192] Figures 39(b) and (c) display a comparison of
mechanical properties of the hierarchical DPHL HEAs
with various traditional alloys and other reported
HEAs. The tensile strengths and elongations of reported
HEAs, including current DPHL HEAs, are separated
from the general trend for traditional metallic materials,
indicating a favorable tensile strength-ductility combi-
nation (Figure 39(b)). In contrast, the yield
strength-elongation map in Figure 39(c) suggests that
only current DPHL HEAs stand out from the mechan-
ical trend. This trend reveals a common phenomenon/
problem, from which it is currently possible to achieve
great tensile strength-ductility balance in HEAs.
Through the comprehensive work from Prof. Liaw’s
group and his colleagues, it provides a pathway for
strengthening eutectic alloys and widens the design
toolbox for high-performance materials based upon
EHEAs.

C. Serrated Flow-Behavior of HEAs

Similar to BMGs, Liaw’s group and his colleagues
have performed a multitude of studies on the plastic
serrated flow phenomenon in HEAs.[96,109,130–134,136,193]

Figure 40 presents a schematic of the pinning–unpin-
ning cycle, which features 4 stages of a serration.[96,130]

During stage I, dislocations are caught and pinned by
diffusing solute atoms. During stage II, the dislocation
remains pinned while the stress increases until a critical
stress is reached. In stage III, the critical stress is
reached, and the dislocation is able to break free,
resulting in a stress drop in the stress vs strain curve.
Stage IV represents the repinning of the dislocation by
solute atoms.

Other studies have analyzed the serration dynamics
using different analytical techniques (see Sec-
tion II–C–1).[109,131,134] For example, the RCMSE tech-
nique was used to analyze the serrated flow in an
Al0.5CoCrCuFeNi HEA.[109] Here, samples were sub-
jected to compression testing at strain rates ranging
from 5 9 10�5 to 2 9 10�3 s�1 and temperatures of
400 �C to 600 �C. Figure 41 displays the stress–strain
curves for the samples tested in the above conditions. As
can be seen, serrations could be observed in all the
conditions. Type-C serrations were observed in the
samples tested at 600 �C, while Type-A or B serrations
occurred in the samples tested at 400 �C and 500 �C. In
terms of their microstructures, synchrotron XRD
revealed that the samples tested below 600 �C consisted
of only an FCC structure, while a combination of FCC
and B2 structures was seen in the sample tested at 600
�C.

Figure 42 displays the results of the RCMSE analysis
for the samples tested at 5 9 10�5 to 2 9 10�3 s�1 and
temperatures of 400 �C to 600 �C. From the results, a
few observations can be made. Firstly, the

sample-entropy curves exhibited generally increasing
trends (beyond a certain scale factor), which indicates
that the serrated flow exhibited complex dynamical
behavior in all the experimental conditions. Secondly,
the sample-entropy curves were the greatest at 500 �C
and lowest at 600 �C, for each strain rate. Third, the
samples-entropy curves increased with respect to the
strain rate, for all temperatures.
The above findings suggest the following matters. The

relatively-lower complexity for the samples tested at 600
�C corresponded to Type-C serrations. These types of
serrations are characterized by a two-step process that
consists of the rapid pinning and unpinning of disloca-
tions by solute atoms, which is characteristic of simple
behavior. As for the serrations that occurred in the
sample tested at 500 �C, the serrations were character-
ized by a three-step process that is likely attributed to
more complex dynamics underlying the serrated flow,
such as the solute atom-dislocation line, dislocation
line-dislocation line, dislocation line-precipitate interac-
tions, and solute atom–solute atom interactions.[109]

Finally, the increase in the complexity of the serrated
flow with the strain rate, as indicated by the increase in
the sample-entropy curves, may be attributed to the
following matters. The increase in the complexity from
the lowest to highest strain rates may be caused by the
decrease in the plastic relaxation time between succes-
sive drops. However, once the reloading time exceeds
that of the relaxation time, new bands can form in the
field of the unrelaxed internal stresses, leading to a
hierarchy of length scales that corresponds to more
complex dynamical behavior.[117]

D. In-depth Study of Microstructural Evolution
and Deformation Behaviors of Various HEAs Via
State-of-the-art Facilities

To gain a more comprehensive understanding of the
microstructural evolution and mechanical behaviors of
designed HEAs, such as the atomic-scale elemental
distributions, dynamic structural evolution, and
mechanical behavior, Liaw’s group and his colleagues
have conducted further experimental efforts through the
use of TEM, atom probe tomography (APT), in situ
TEM, and in situ neutron studies.

1. In situ TEM studies for Al-containing HEAs
Figure 43 illustrates the bright-field (BF) images of

the Al0.3CoCrFeNi HEA, which were obtained by
in-situ TEM, during heating from RT to 900 �C
(Figures 43(a) through (e)), as well as during cooling
down to RT (Figure 43(f)).[48] Importantly, these in situ
TEM results provide information about the dynamic
structural evolution of the designed Al-contained HEAs
at elevated temperatures. Being consistent with CAL-
PHAD simulations,[48] SEM and neutron-diffraction
results in the previous section, the secondary phases are
presented when the temperature increased up to 500 �C
(Figures 43(b) and (c)). Above 500 �C, the proportion of
secondary phases increases with an increase in temper-
ature up to 900 �C (Figures 43(d) and (e)). However, the
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Table I. The Phases, Yield Strengths, and Plastic Strains of Newly-Designed HEAs[44,45,48,49,55,187]

Alloys Phases
Yield Strength

(MPa)
Plastic Strain

(Pct)

Al-contained HEAs Al0.3CoCrFeNi single FCC 210 97
Al0.5CoCrFeNi FCC + B2 550 56
Al0.7CoCrFeNi FCC + B2 + BCC 600 8

Lightweight HEAs Al1.0CrFeMnTi0.25 BCC + L21 — brittle
Al2.0CrFeMnTi0.25 BCC + L21 — brittle
Al3.0CrFeMnTi0.25 BCC + L21 + I-43m + R3m — brittle
Al4.0CrFeMnTi0.25 BCC + L21 + I-43m + R3m — brittle
Al1.5CrFeMnTi BCC + Laves (C14) + L21 — brittle
Al2.0CrFeMnTi BCC + Laves (C14) + L21 — brittle

Refractory HEAs as-cast NbTaTiV single BCC 1236 > 30
homogenized NbTaTiV single BCC 1273 > 30

Dual-Phase Heterogeneous
Lamella HEAs

DPHL740 FCC + B2 1154 25
DPHL700 FCC + B2 1263 21
DPHL660 FCC + B2 1490 16

Fig. 38—Microstructures of the as-cast EHEA and the hierarchical DPHL700. (a) EBSD phase image of the as-cast EHEA. (b and c)
Scanning-electron-microscope (SEM) image and EBSD-phase image of the DPHL HEA. (d) Scanning TEM (STEM) image exhibiting a more
detailed DPHL structure. (e) EDS maps of the identical region marked in d showing the distribution of Al, Ni, Co, Fe, and Cr. (f) Enlarged
STEM image and the corresponding selected-area diffraction patterns (SADPs) and EDS composition profiles. (g) TEM image showing
annealing twins. (h) Microstructural schematic sketch of the DPHL structure.[187]
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quantity of the secondary phases decreases as the
temperature decreases from 900 �C to RT, as shown in
Figure 43(f). Figures 43(g) through (l) present the
BF-TEM images for the AlxCoCrFeNi HEAs (x =
0.3, 0.5 and 0.7) at RT and after heating at 500 �C for 10
minutes, respectively. The dislocations in the FCC
solid-solution phase were observed at RT for the
Al0.3CoCrFeNi HEA. Furthermore, all the HEAs
(Al0.3, Al0.5, and Al0.7) indicate the precipitation of
secondary phases from the FCC solid-solution phase
after heating at 500 �C for 10 minutes.

Interestingly, the apparent structural-evolution in
the Al0.7CoCrFeNi HEA was observed before and
after annealing at 900 �C for 10 minutes, as presented
in Figures 43(m) through (r). The nano-sized BCC
phase is homogenously-distributed in the FCC matrix
without the presence of precipitation before annealing.
The BCC and FCC phases have a perfect crystallo-
graphic-orientation relationship, namely (110)BCC//
(200)FCC, [001]BCC//[001]FCC, as illustrated in the
electron-diffraction-pattern that is presented in
Figure 43(n). On the other hand, the formation of

many precipitates in the FCC matrix was clearly
observed after annealing at 900 �C for 10 minutes and
then cooling down to RT. There are two types of
precipitates, i.e., equiaxial (Cr-rich r phases) and
rod-like (Al-rich h phases) phases, which are identified
by the electron-diffraction-patterns that are presented
in Figures 43(p) and (q). The Cr-rich r phases belong
to a tetragonal system with a space group of P42/mnm
(136), and the Al-rich h phases belong to a monoclinic
system with a space group of C2/m (12). The electron
diffraction pattern for the Al0.7CoCrFeNi HEA after
annealing 900 �C for 10 minutes. Figure 43(r) indicates
that the isolated precipitate is an FCC phase. Some
satellite spots are distinguished from the main spots
due to the presence of smaller-sized precipitates
around it. This feature proves that the residual matrix
can form the Ni-rich solid-solution. In short, these
in-depth structural investigations via in-situ TEM
provide a greater fundamental understanding of the
phase stability and evolution of both the single-phase
(Al0.3CoCrFeNi) and dual-phase (Al0.5CoCrFeNi and
Al0.7CoCrFeNi) HEAs.

Fig. 39—(a) Mechanical properties of as-cast EHEA, UFG EHEA, CH EHEA, and three DPHL HEAs. (b and c) Tensile properties and yield
strengths of the hierarchical DPHL HEAs in comparison with the traditional metallic materials and the previously-reported hardened HEAs.[187]
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2. TEM and APT analyses for lightweight HEA
Based on the phase identification and microstruc-

tural evolution results for the lightweight HEAs
(Al1.5CrFeMnTi),[45] which behave as a function of
the heat-treatment condition (described in the previous
section), the crystal structures of the constituent phases
were further identified by TEM characterization, as
shown in Figure 44.[45] Figure 44(a) exhibits the dark-
field, selected area electron diffraction (SAED), and
high-resolution TEM images of the as-cast Al1.5Cr-
FeMnTi HEA. The dark-field image of L21 particles
was taken, using the (101)-type superlattice reflection
along the h001iL21+BCC zone axis. The presence of
highly-ordered spatially-distributed L21 particles in the
BCC matrix with a size of ~ 30 nm can be observed.
The morphology of BCC/L21 phases in the as-cast
condition is similar to typical c/c¢ phases found in
Ni-based superalloys. The significant increasing and
coarsening of the L21 particles were observed after
annealing at 750 �C (Figure 44(b)), which are consis-
tent with the SEM results in Figure 34(e¢). The misfit
dislocations were present along the interface between
the L21 precipitates and the BCC matrix, implying a
large lattice misfit. After annealing at 850 �C for 168
hours, the size of the L21 particles significantly
decreased (~ 4 nm), and the superlattice reflection
spots unique to the L21 phase were must less notice-
able, as indicated in Figure 44(c). The inverse fast
Fourier transform (IFFT) image (Figure 44(c)) shows
the short-range order in the L21 phase, indicating the
nucleation stage of the L21 phase. With the nano-s-
caled structural investigation performed via TEM, the

detailed chemical composition of the L21 and BCC
phases present in the matrix of the as-cast, 750 �C and
850 �C-annealed samples were measured by the APT,
as shown in Figures 44(d) through (f). In the as-cast
condition, small Cr-rich particles can be observed in
the large FeTi-rich L21 precipitates. From the proxim-
ity histogram, Cr migrates from the L21 precipitates to
the Cr-rich particles, whereas Fe and Ti diffuse from
the Cr-rich particles to the L21 precipitates.
Figure 44(e) exhibits the elemental distributions of the
constituent elements in the BCC and L21 phases for the
750 �C-annealed samples. Due to the long annealing
process, the nano-scaled chemical inhomogeneity of Cr,
Fe, Mn, and Ti was observed in both the BCC and L21
phases. The detailed decomposition amplitude in both
phases are determined by the peak-to-trough Cr
composition, as shown in Figure 44(e). For the 850
�C-annealed samples, the nano-scaled Cr-depleted L21
particles are observed in the BCC matrix, as displayed
in Figure 44(f). A similar feature was observed for the
chemical distribution of the as-cast and 750 �C-an-
nealed samples (Fe and Ti are enriched in L21
precipitates, and Cr is enriched in BCC phases). The
detailed composition of the BCC and L21 phases were
determined from the proximity histogram, as presented
in the graph from Figure 44(f). Therefore, these sys-
tematic TEM and APT experiments provided a much
greater understanding of the structural evolution and
elemental distribution of lightweight HEAs. Further-
more, it is anticipated that the results of these
investigations will provide a road map to develop
future novel lightweight HEAs.

Fig. 40—A schematic of the serration process that results from the pinning and unpinning of dislocations by solute atoms. Each numbered
section corresponds to the different interactions between the solutes and dislocations during the serration event as follows: (I) the solute atoms
pin a moving dislocation, which corresponds to the onset of the serration; (II) the dislocation remains pinned as the stress increases; (III) after
an enough stress builds up, the dislocation escapes; and (IV) the solute atoms catch and re-pin the dislocation (Reprinted from Ref. [96] under
the terms of the Creative Commons CC BY 4.0).
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3. Neutron diffraction studies
In addition to the dynamic phase and structural

investigations of AlxCoCrFeNi and Al1.5CrFeMnTi
HEAs, which involved various state-of-the-art micro-
scopy techniques (in-situ TEM and APT), Liaw’s group
and his colleagues have also examined the phase
formation and transformation in Al1.3CoCrCuNi HEA
(RT to elevated temperatures) via ND with aerodynamic
levitation.[47] Figure 45(a) shows the schematic for the
levitation ND experiment. The Al1.3CoCrCuNi HEA
specimen was simultaneously levitated via flowing gas
and heated up to its melting temperature (~ 1400 �C)
using a laser beam. It is important to note that this
levitation method allows one to examine the intrinsic
phase transformation of the alloy since it eliminates any
possibility that the sample will undergo any phase
transformations due to contact with the container. As
for the experiment, the ND patterns can be obtained at
different temperatures by changing the heating laser
power. Figure 45(b) presents the ND patterns from the
levitation study of the Al1.3CoCrCuFeNi HEA. The
presence of multi-phases (FCC + BCC + B2 phases) in
the HEA was identified from the ND pattern at RT.
Typically, the phase transformation from the FCC

(triangle symbols) to BCC/B2 (square symbols) phases is
clearly observed as the temperature increases from 20 �C
to 1400 �C. Furthermore, the B2 superstructure reflec-
tion persists from RT to 1150 �C. However, as can be
seen in Figure 45(c), the intensity of the B2-related
diffraction peaks disappear once the temperature
exceeded 1150 �C, in which the primary phase is the
disordered BCC solid-solution. Based on the results of
this experimental effort, Liaw’s group and his colleagues
suggested that the levitated ND experiments are an
appropriate technique to investigate the real-time phase
transformation in various designed HEAs.[47]

As described above, Liaw’s group and his colleagues
have focused on the phase and microstructural investi-
gation of HEAs, using various state-of-the-art tech-
niques such as in-situ ND experiments.[46] With the
comprehensive deformation behavior and microstruc-
tural information on these HEAs that were gained from
these experiments, they have established the strong link
between phases/microstructures and mechanical behav-
iors. Figure 46 shows the schematic for the setup of the
ND during tension deformation. The neutron beam
impinges on the sample at a 45 deg angle of incidence,
relative to the loading direction. The diffracted neutron

Fig. 41—Stress vs strain graph for the Al0.5CoCrCuFeNi HEA samples tested at strain rates of (a) 2 9 10�3 s�1, (b) 2 9 10�4 s�1, and (c) 5 9
10�5 s�1 for temperatures of 400 �C to 600 �C (reproduced from Ref. [109] with permission).
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beams are collected by two sets of detectors that are
positioned perpendicular to the path of the incident
beam.

The neutron is a unique probe for investigating the
structures of various materials due to its high penetra-
tion depth. Furthermore, the ND can be used for
conducting a precise characterization of the atomic
structures of various HEAs, such as crystallographic
textures and lattice constants of composed phases.
Moreover, this technique allows for the measurement
of bulk components as well as the detection of light-
weight elements, such as hydrogen, carbon, and lithium,
which cannot be observed from the XRD methods.
Importantly, when the samples are subjected to contin-
uous mechanical tests, the in-situ neutron experiments
can provide three critical pieces of information about
bulk HEAs. These pieces of information include the
evolution of (I) d-spacing, (II) diffraction peak intensity,
and (III) diffraction peak width, during elastic and
plastic deformation. Additionally, the evolution of
diffraction peak positions (d-spacing) can provide the
lattice strains of the average phases and crystallographic
orientations. The evolution of the lattice strains as a
function of the applied stress (during elastic deforma-
tion) can help elucidate the elastic deformation behavior

of HEAs. In addition, the lattice strain evolution is a
measure of the elastic modulus for the composed phases
and each grain orientations. The excellent merits of ND,
as discussed above, led Liaw’s group and his colleagues
to use this method to investigate the deformation
behavior of an Al0.3CoCrFeNi HEA. The results of
their experiments found that single FCC solid-solution
phase remained in the matrix after the homogenization
treatment and multi-phase formation and after long-
time heat-treatment at 700 �C for 500 hours.
The in situ ND, where the sample was subjected to

continuous tension, has been used to examine the
lattice-strain changes as a function of stress in
Al0.3CoCrFeNi HEA after the homogenization treat-
ment of 1250 �C for 2 hours. Here, the macroscopic
stress–strain behavior during in situ tension at RT was
measured (Figure 47(a)). In the elastic region, the
machine is operating in the stress-control mode, i.e.,
the tension tests are interrupted, and the stress level is
held for 10 minutes at values of 20, 40, 60, 80, 100, 120,
and 140 MPa. Subsequently, the experiment is per-
formed in the strain-control mode. The macroscopic
stress-strain curve is shown in Figure 47(a). As can be
seen, the yield strength is around 145 MPa. The
neutron-scattering geometry allows for the simultaneous

Fig. 42—The results of the RCMSE analysis (sample entropy vs scale factor) for the Al0.5CoCrCuFeNi HEA samples tested at strain rates of (a)
2 9 10�3 s�1, (b) 2 9 10�4 s�1, and (c) 5 9 10�5 s�1 and temperatures of 400 �C to 600 �C, where the sample entropy was plotted for scale
factors ranging from 1 to 20 (reproduced from Ref. [109] with permission).
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Fig. 43—TEM images of AlxCoCrFeNi HEAs during in-situ TEM heating. Al0.3CoCrFeNi at (a) RT, (b) reaching 500 �C, (c) 500 �C for 30 s,
(d) reaching 700 �C, (e) reaching 900 �C, and (f) cooled down back to RT. The snapshots of AlxCoCrFeNi HEAs before and after heating at
500 �C for 10 mins. (g and h) Al0.3CoCrFeNi, (i and j) Al0.5CoCrFeNi, and (k and l) Al0.7CoCrFeNi HEAs. (m) A BF image and (n)
energy-diffraction-pattern (EDP) of the Al0.7CoCrFeNi HEA before heating. The BF image (o) and EDPs (p–r) of the Al0.7CoCrFeNi HEA after
heating at 900 �C for 10 mins. (reproduced from Ref. [48] with permission).
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measurement of two scattering vectors, as shown in
Figure 46. Figures 47(b) and (c) show the typical
diffraction patterns (RT, 10-minute data collection) of
the Al0.3CoCrFeNi HEA after the homogenization
treatment of 1250 �C for 2 hours. All peaks are indexed
to an FCC structure, as presented in Figures 47(b) and
(c). The intensity difference between Figures 47(b) and
(c) indicate that the material has a strong texture. The
lattice-strain evolution of the (200), (220), (311), and
(331) planes within the homogenized (1250 �C, 2 hours)
Al0.3CoCrFeNi HEA during tensile deformation at RT
is displayed in Figure 47(d). The results signify that the
lattice-strain change is strongly dependent on the grain
orientations, indicative of the strong elastic anisotropy.
The {200} grains present the largest elastic strain along
the loading direction and a significant shift, relative to
their linear-elastic response, which manifests the elas-
tic–plastic transition. The {311} grains exhibit the
second largest elastic strain while maintaining nearly a
linear response. The {220} and {113} grains, on the
other hand, display a lower elastic strain, indicating that
they have a larger elastic stiffness. The macroscopic true
stress-strain curve during in-situ tension at RT for
Al0.3CoCrFeNi HEA after aging at 700 �C for 500 hours
is presented in Figure 47(e), where the 0.2 pct proof
stresses of Al0.3CoCrFeNi was determined as 300 MPa.
Figures 47(f) and (g) show the ND patterns for
Al0.3CoCrFeNi HEA after aging at 700 �C for 500

hours. It is clearly found that the secondary phase, B2
phase, was detected after long-time aging with primary
FCC phase. The evolution of the {hkl} lattice strains of
the FCC matrix and B2 phase, as a function of the
applied true stress at RT, are illustrated in Figure 47(h).
In contrast to the lattice-strain evolution for homoge-
nization-treated samples in Figure 47(d), the load trans-
fer from the FCC matrix to B2 phase during plastic
deformation was found, manifesting that the slope of
the elastic strain of the FCC phase is increased, relative
to the linear-elastic response, while the slope of the
elastic strain of the B2 phase is reduced. As a result, the
heat treatment introduces the secondary B2 phase into
the FCC matrix, resulting in an increase in the yield
strength from 145 to 300 MPa. During tensile deforma-
tion, the reduced slope of the elastic strain of the B2
phase reflects that the precipitate is still deforming
elastically, and the additional plastic strain from the
FCC matrix is transferred to the B2 phase.
As we described above, the deformation behaviors

and strengthening mechanism for the FCC-structured
Al0.3CoCrFeNi HEA, using the in-situ neutron experi-
ments. However, the yield strength of the Al-containing
HEAs, including the Al0.3CoCrFeNi HEA are lower
than the BCC-structured HEAs, as mentioned in previ-
ous sections. Hence, Liaw’s group and his colleagues
went on to explore the unique deformation behaviors
for refractory-type HEAs, employing the in situ neutron

Fig. 44—TEM images of AlxCoCrFeNi HEAs during in-situ TEM heating. Al0.3CoCrFeNi at (a) RT, (b) reaching 500 �C, (c) 500 �C for 30 s,
(d) reaching 700 �C, (e) reaching 900 �C, and the (f) cooled to RT. The snapshots of the AlxCoCrFeNi HEAs before and after heating at 500 �C
for 10 mins. (g and h) Al0.3CoCrFeNi, (i and j) Al0.5CoCrFeNi, and (k and l) Al0.7CoCrFeNi HEAs. (m) A BF image and (n)
energy-diffraction-pattern (EDP) of the Al0.7CoCrFeNi HEA before heating. The BF image (o) and EDPs (p-r) of the Al0.7CoCrFeNi HEA after
heating at 900 �C for 10 mins (reproduced from Ref. [45] with permission).
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experiments as similar to the previous works in the
Al0.3CoCrFeNi HEA. The in-situ ND with compression
tests on the homogenization-treated NbTaTiV refrac-
tory HEA were carried out by Liaw’s group and his
colleagues to investigate the elastic-deformation behav-
ior of grains with different orientations at elevated
temperatures.[49,51] Figure 48 shows the lattice-strain
evolution along the axial and transverse directions of the

{110}, {200}, {211}, and {310} planes, during elastic
deformation at elevated temperatures (RT, 500 �C, 700
�C, and 900 �C). The lattice strains were obtained from
the following equation[49]:

ehkl ¼
dhkl � dihkl

dihkl
½14�

where dhkl is the hkl lattice spacing of the corresponding
applied stress, and dihkl is the hkl lattice spacing before
loading. The slope of the lattice-strain evolution vs the
applied stress, during elastic deformation, determines
the diffraction elastic constants for the specific {hkl}-ori-
ented planes. Different from the deformation behavior
of the FCC-structured Al0.3CoCrFeNi HEA in
Figure 47(d),[46] the variation in the diffraction elastic
constants among all the oriented grains is not clearly
observed, indicating the elastically-isotropic deforma-
tion behavior, as presented in Figure 48(a).
Unlike the lattice-strain evolution at RT, different

slopes in the lattice strain vs applied stress at elevated
temperatures are observed due to the increased elastic
anisotropy, as presented in Figures 48(c), (e) and (g). At
higher temperatures, where the overall stiffness is
reduced, the anisotropy increases. The {200}-oriented
grain exhibits the largest elastic lattice strain with the
lowest stiffness, and the {310} grains undergo the second
largest elastic strain with a nearly-linear response. On

Fig. 45—(a) Schematic of the setup for the levitated ND experiment, and (b) ND patterns for the Al1.3CoCrCuFeNi HEA at various
temperatures (The open square represents the disordered BCC phase, the solid squares are the BCC/B2 structures, and the triangles are FCC
structures). (c) The weak B2 superstructure peak is present at temperatures up to at least 1150 �C.[47]

Fig. 46—Schematic of the sample dimension (unit in mm) and
position for ND measurements of lattice-strain distributions during
in-situ tensile loading for the Al0.3CoCrFeNi HEA. The beam size is
5 mm (reproduced from Ref. [46] with permission).
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the other hand, the {110} and {211} grains display lower
lattice strains and higher directional strength-to-stiffness
ratios than other orientations. Moreover, the diffraction
elastic moduli, Ehkl, of the different crystallographic
planes at elevated temperatures shows almost the same
values of elastic moduli in different orientations. This
trend indicates that the NbTaTiV HEA exhibits the
unique elastic-isotropic-deformation behavior at RT.
Moreover, the elastic anisotropy gradually increases at
elevated temperatures, but the variation in the rate of
increase is not significant, which can be distinguished
from other conventional alloys, including FCC-struc-
tured Al0.3CoCrFeNi HEA.

To better understand the underlying elastic-deforma-
tion behavior of the NbTaTiV refractory HEA, as a
function of temperature, the macroscopic elastic, shear,
and bulk moduli (EM, GM, and KM) was obtained from
the diffraction elastic moduli (Ehkl) and Poisson’s ratio
(v), by applying the Voigt, Reuss, and Kroner mod-
els.[194, 195] Figures 48(b), (d), (f), and (h) indicate the
reciprocal diffraction elastic moduli (1/Ehkl and vhkl/Ehkl)
as a function of the elastic-anisotropy factor, Ahkl,
h2k2þk2l2þl2h2

h2þk2þl2ð Þ2

h i

, which were obtained from the experimen-

tal elastic-lattice strain and calculated by the Voigt,
Reuss, and Kroner models at room and elevated
temperatures. It was found that the Kroner model is
in the best agreement with the experimental data for all
temperature ranges, as compared to the Voigt and Reuss
models. The calculated single-crystal elastic constants,
Cij, macroscopic elastic (EM), shear (GM), bulk (KM)
moduli, and Poisson’s ratio (m) at room and elevated
temperatures are listed in Figure 48. Further analysis of
the elastic moduli was performed, using the resonant-ul-
trasound-spectroscopy.[51] The elastic constants, Cij,
were determined from ~ 45 resonances where the
frequencies ranged from 100 to 650 kHz, by employing
an iteratively inverse fitting process of the measured
resonances.[51] The obtained values of the elastic moduli

for the NbTaTiV alloy are summarized in Figure 48,
indicating good agreement with the in-situ neutron data.

4. Characterization of mobile dislocation in refractory
HEA
With the investigation of elastic-deformation behav-

iors above, the plastic-deformation behaviors of the
NbTaTiV alloy, the line-profile modeling and analyses
as a function of the macro-strain and temperatures are
further conducted to confirm the dislocation motions.
The plastic deformation leads to significant broadening
of diffraction peaks, which is mostly caused by the
formation of inhomogeneous strain fields. The inhomo-
geneity of the sub-grain structure is usually more
associated with the accumulation of dislocations.[196]

Hence, it gives rise to strain fluctuations with the strain
field around dislocations responsible for diffrac-
tion-peak broadening.[197] Liaw’s group and his col-
leagues have investigated the evolutions of
diffraction-peak widths at different strain levels for the
NbTaTiV refractory HEA, employing the Wil-
liamson–Hall peak-broadening analysis approach.[51,198]

Figure 49 exhibits the Williamson–Hall (W–H) plots
for the NbTaTiV alloy corresponding to the macro-
strain range from 0 to 15 pct. The response of linear
fitting of the plot, which is obtained from the assump-
tion of specific types of dislocations, refers to the
dominant mobile dislocation character during plastic
deformation.[199] When treating q and Ch00 values as
pure screw dislocations (q= 2.2244 and Ch00 = 0.2415),
the non-monotonous deviation of DK as a function of
K2C gradually increases with an increase in the
macro-strain, as exhibited in Figure 49(a). On the other
hand, when the values of DK and K2C obtained with the
pure edge-dislocation consideration (q = 0.0673 and
Ch00 = 0.1937), the obtained data follows a linear trend
at all strain levels, as exhibited in Figure 49(b). These
results reveal that edge dislocations are the dominant
type of mobile dislocations of the NbTaTiV refractory

Fig. 47—In situ neutron-diffraction results for the Al0.3CoCrFeNi HEA after the homogenization treatment at 1250 �C for 2 h and aging at 700
�C for 500 hours. (a and e) The tensile stress-strain curves, (b and f) ND patterns, detected by Bank-1 detector, (c and g) ND patterns, detected
by Bank-2 detector, and (d and h) evolution of lattice-strain result, obtained from the loading direction detector, of the current HEA as a
function of applied stress during tension (reproduced from Ref. [46] with permission).
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HEA is in the initial condition (non-deformed) at
elevated temperatures. Moreover, with increasing
macro-strains (up to 15 pct deformed), the h111i {110}
edge dislocation remains as a dominant mobile disloca-
tion character at room and elevated temperatures
(Figures 49(b) through (d)).

Typically, the BCC metallic materials contain edge
dislocations, which move faster than screw dislocations
due to their core properties of dislocations during plastic
deformation.[200] The critical stress, which forces the
edge-dislocation movement, is quite small (<10 MPa for
the pure BCC Fe), leading to the easy annihilation of the
edge dislocations, which results in the screw/edge
anisotropy in the apparent mobility deviation.[200]

Therefore, the remaining dislocations tend to have more
screw character in BCC metals. In contrast to the
conventional BCC metals, the dominant mobile dislo-
cations of the investigated NbTaTiV BCC refractory

HEA, which has severely distorted lattices, are close to
h111i {110} edge dislocations with increasing macro-
strain, as presented in Figure 49(b).
To support the results of identification of type of

mobile dislocations, using W–H modeling, the visible
evidence of the type of mobile dislocations was
provided by the TEM study. Figures 49(e) and (f)
show the filtered the high-angle-annular-dark-field
(HAADF) scanning-transmission-electron-microscopy
(STEM) image of the 15 pct RT-deformed NbTaTiV
HEA, which are acquired along the [108] zone axis. The
formation of edge dislocations is clearly observed with
extra planes on the image, described by the symbol,
‘‘^’’, which is consistent with line-profile modeling,
using W–H results (Figure 49(b)). It is found that these
edge dislocations were formed on different oriented
planes, indicated by various colored symbols of edge
dislocations. Based on the reported comprehensive

Fig. 48—Lattice-strain evolution in the NbTaTiV refractory HEA as a function of the applied stress, obtained from the in-situ ND experiments
during the elastic deformation and plots of elastic moduli of differently-oriented crystals as a function of the elastic-anisotropy factor and fitting
with the Kroner, Voigt, and Reuss models at (a and b) RT, (c and d) 500 �C, (e and f) 700 �C, and (g and h) 900 �C. The experimentally and
theoretically obtained single-crystal and macroscopic-elastic moduli of the NbTaTiV alloy at elevated temperatures are summarized in
table (Reprinted from Ref.,[51] under the terms of the Creative Commons CC BY-NC).
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investigations of dislocation motions from Liaw’s
group and his colleagues above, it is clearly concluded
that the severely-distorted lattice induces the deviation
of the formation of dislocations from their neutral
dislocation planes, which consequently, leads to a
significant reduction in the mobility of edge disloca-
tions during plastic deformation. Thus, the edge
dislocations are believed to be the dominant disloca-
tion type for the BCC refractory HEA, which is
atypical, as compared to the conventional BCC metals
and alloys.

In addition, Chen et al.[201] have investigated the
dislocation motion in BCC-structured Co16.67Fe36.67-
Ni16.67Ti30 HEA, using the atomistic simulation to

confirm the dislocation mobility of edge and screw
dislocations, compared with the a-Fe and Fe-5 at. pct Al
solid solution. Different from the conventional BCC
metals, the BCC HEAs inhomogeneity-imposed trap-
ping of nanoscale segments of the moving dislocation
constitutes the primary resistance to dislocation motion.
The resultant inhomogeneities, while locally promoting
kink nucleation on screw dislocations, trap them against
propagation with an appreciable energy barrier, replac-
ing kink nucleation as the rate-limiting mechanism.
Edge dislocations encounter a similar activated process
of nanoscale segment detrapping, with a comparable
activation barrier. As a result, the mobility of edge
dislocations, and hence their contribution to strength,

Fig. 49—Neutron-diffraction pattern line-profile modeling for the homogenized NbTaTiV alloy during plastic deformation at elevated
temperatures. HAADF-STEM images of the RT-deformed NbTaTiV alloy. The peak-broadening analysis, DK2, as a function of K2C, for the
sample compressed from 0 pct to 15 pct, considering the dominant type of dislocations as a pure (a) h111i screw dislocation at RT, (b) h111i
{110} edge dislocation at RT, (c) h111i {110} edge dislocation at 700 �C, and (d) h111i {110} edge dislocation at 900 �C, respectively. (e) and (f)
The visible investigation of the presence of edge dislocations for the 15 pct RT-deformed NbTaTiV HEA by the HAADF-STEM study
(Reprinted from Ref. [51] under the terms of the Creative Commons CC BY-NC).
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becomes comparable to screw dislocations. Wang
et al.[202] further investigated the multiplicity of disloca-
tion pathways at various temperatures in a refractory
medium entropy alloy (MoNbTi), using the experimen-
tal observation coupled with atomistic calculations.
Their results have confirmed the multiplanar non-screw
dislocation dominant slip in MoNbTi, encouraged by
the broad dispersion in the glide resistance for disloca-
tions, owing to the atomic-scale chemical inhomogene-
ity. The ability of dislocations to choose the easy gliding
direction and plane in the random field of multiple
atomic species results in an excellent combination of
strength and plasticity in the MoNbTi alloy with
non-screw dominant dislocations, which is also an
unusual mechanical characteristic, compared to conven-
tional metallic alloys.

E. Corrosion Resistance and Biocompatibility Studies

Liaw’s group and colleagues have performed multiple
studies, which have examined the biocompatibility and
corrosion behavior of HEAs.[146,203–208] Hua et al.
examined the biocompatibility of a TixZrNbTaMo
HEA (x = 0.5, 1, 1.5, and 2).[203] Here the samples
biocompatibility was assessed, using multiple experi-
mental techniques, such as wear and corrosion behavior
testing. For corrosion testing, samples underwent PPTs
in a PBS solution. For the wear behavior tests, samples
were tested by a HSR-2M tribology tester using a
6-mm-diameter Si3Ni4 ball. The wear volume of the
samples was evaluated employing a MT-500 Probe-type
material surface-profile measuring instrument.

Results of the PPTs indicate that the HEAs exhibited
corrosion rates that were comparable to the Ti6Al4V. In
terms of the wear tests, Figure 50 displays a comparison
of the wear rates for the HEAs and the Ti6Al4V under
dry and wet sliding in the PBS solution, respectively. As
indicated by the graph, the wear rates of the HEAs were
all below 3.0 9 10�7 mm3ÆN�1Æmm�1 for both the wet
and dry sliding conditions. This trend is in contrast to
the Ti6Al4V alloy, which had wear rates exceeding 3.0 9
10�7 mm3ÆN�1Æmm�1 for both conditions. Furthermore,
the wear rate for the wet-sliding condition in the HEAs

was either lower or within a standard deviation of the
dry-sliding condition. In contrast, the wear rate for the
Ti6Al4V alloy was significantly greater for the wet
sliding, as compared to the dry-sliding condition. It was
surmised that the comparatively-better anti-corrosion
and wear properties exhibited by the HEAs was likely a
consequence of its multi-principal element composition.
Based on the above results, the authors concluded that
the Ti-Zr-Nb-Ta-Mo HEAs would perform better in
biological environments, as compared to the Ti6Al4V
alloy, making it a potential candidate for applications in
the field of orthopedic-implant materials.
In Reference 146 Shi et al. investigated the potentio-

dynamic-polarization behavior of a AlxCoCrFeNi (x =
0.3, 0.5, and 0.7) HEA exposed to a 3.5 weight percent
(wt pct) NaCl solution. Here, samples were subjected to
scan rates ranging from 10 to 1000 mV/min, from an
initial potential of � 0.25 V vs the open circuit potential
until the current density attained a value of 1 mA/cm2.
For reproducibility, the corrosion tests were performed
3 times per experimental condition.
The results of XRD characterization revealed that

with an increase in the Al content, the alloy transformed
from containing a solely FCC structure to containing
both FCC and BCC phases. To complement the results
of the XRD characterization, energy-dispersion X-ray
spectroscopy (EDS) was also performed, see
Figures 51(a) through (c). In Figure 51(a), the elements
were distributed homogeneously in the Al0.3CoCrFeNi.
In contrast, the Al0.5CoCrFeNi and Al0.7CoCrFeNi
HEA samples contained FCC and BCC regions that
were (Al, Ni) and (Fe, Cr)-rich, respectively.
In terms of the corrosion tests, it was found that

increasing the Al content in the alloy led to a decrease in
its corrosion resistance. This decrease in the resistance
was due to the corresponding rise in the amount of (Al,
Ni)-rich, Cr-depleted BCC regions that are prone to
attack by the Cl- ions. The authors were also able to
apply the MFT [see Eq. [4]] to the current fluctuations
that occurred in the Al0.3CoCrFeNi HEA sample during
the polarization tests. Figure 52 displays the CCDF
curves for the current fluctuations. Where the scan rates
varied from 50 to 300 mV/min. The inset of the
figure shows the scale collapse with the corresponding
MFT exponents of 1.39 and 0.23. It was suggested that
the deviation of the first exponent from the model’s
prediction of 1.5 may be due to non-steady state
fluctuations.[98]

Ching et al. examined the electronic structure, inter-
atomic bonding, and mechanical properties of 13
bioinspired HEAs using advanced computational tech-
niques, such as the Vienna Ab initio Simulation Package
(VASP).[209,210] To determine the mechanical properties,
they used the response analysis scheme [211] on a
fully-relaxed BCC supercell (consisting of 250 atoms)
structure that was produced via the VASP. Here, the
stress was determined by the following equation:

ri ¼
X

6

j¼1

Cijej ½15�Fig. 50—Comparison of the wear rates for the TixZrNbTaMo (x =
0.5, 1, 1.5, and 2) HEAs and Ti6Al4V alloy under dry and wet
sliding in the PBS solution, respectively (reproduced from Ref. [203]
with permission).
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where Cij is the elastic coefficient, and ej is the strain.
From here, factors, such as the porosity, stress tensor,
bulk modulus, shear modulus, Young’s modulus, and
Poisson’s ratio could be obtained, using the Voigh-
t-Reuss–Hill polycrystalline approximation.[212] In addi-
tion to the above factors, quantum mechanical metrics,
such as the total bond order density (TBOD) and partial
bond order density, were also determined. Figure 53
displays the bulk modulus, K, as a function of the

TBOD. It is apparent from the figure that that there was
a clear correlation between K and the TBOD.
The results of the study led to the following important

conclusions. First, the investigation provided a
proof-of-concept that supercell modeling can provide a
guideline on how to introduce porosity to reduce the
Young’s modulus in HEAs to improve their biocom-
patibility. Second, quantum mechanical metrics, such as
TBOD and the partial bond order density (PBOD),
could be implemented to better understand the structure
of HEAs. Thirdly, the methods and approaches used in
this study can be readily extended to other multi-phase
HEAs. Lastly, it is possible to more realistically model

Fig. 51—EDS mappings that show the phase and elemental distribution in the (a) Al0.3CoCrFeNi, (b) Al0.5CoCrFeNi, and (c) Al0.7CoCrFeNi
HEAs (reproduced from Ref. [146] with permission).

Fig. 52—The CCDF curves for the Al0.3CoCrFeNi HEA sample
that underwent polarization tests at scan rates ranging from 50 to
300 mV/min. The inset of the figure features the scaling collapse of
the curves with the MFT universal exponents of 1.39 and 0.23
(reproduced from Ref. [146] with permission).

Fig. 53—Plot of the bulk modulus vs TBOD for 13 HEAs
(Reprinted from Ref. [209] under the terms of the Creative
Commons CC BY 4.0).
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biocompatible HEAs in an aqueous solution or body
fluids to better understand their behavior in environ-
ments typical of implant materials.

F. Structural and Thermodynamic Modeling of HEAs

The comprehensive experimental investigations of
various HEAs have been conducted, such as phase
identifications, microstructural evolution, mechanical
properties, and deformation behaviors, using sta-
te-of-the-art techniques, as described in previous sec-
tions. Based on these extensive experimental efforts,
Liaw’s group and his colleagues have verified the
deformation mechanism and local atomic structures
through the theoretical calculations and modeling, such
as first-principles calculations, machine learning (ML),
ab initio molecular dynamics (AIMD) simulations, and
crystal-plasticity finite-element-modeling
(CPFEM).[45–47,50,51]

1. First-principles calculations
With the in-situ neutron experimental results for the

Al0.3CoCrFeNi HEA, which are displayed in
Figure 47(d), confirm the elastic properties of the
Al-containing HEA that were predicted by first princi-
ples calculations.[50] The elastic constants of the HEA
were calculated using a special-quasi-random-structure
(SQS) with the density-functional-theory (DFT) and
exact-muffin-tin orbitals-coherent-potential-approxima-
tion (EMTO-CPA). Figure 54 presents the calculated
and experimentally obtained elastic constants for the
Al0.3CoCrFeNi HEA, which shows that the SQS model
is in good agreement with the ND data. The Young’s
and shear moduli and Poisson’s ratio also have been

predicted by DFT calculations, based on theoreti-
cally-obtained elastic constants. The obvious anisotro-
pic elastic properties of the Al0.3CoCrFeNi HEA are
presented in Figure 55, indicating that there is a large
deviation from the spherical geometry in the three-di-
mensional (3D) representation. Moreover, the Young’s
modulus changes significantly for different crystal ori-
entations. The lowest and highest calculated values of
Young’s modulus are 126.8 GPa in the [001] orientation
and 324.1 GPa in the[109] orientation, respectively
(Figures 55(a) and (b)). Furthermore, it is also clearly
found that the shear modulus significantly depends on
the stress direction, and Poisson’s ratio has similar
characteristics. The lowest and highest values for the
shear moduli are 45.9 GPa in the[109] direction, and
135.5 GPa in the [001] direction, respectively. The
Poisson’s ratio is maximized at m = 0.728, as the
stretching along the diagonal directions,[98] induces the
lateral contraction along the axial directions, [010]. It
also can be seen in Figures 55(c) through (f) that there
was a negative Poisson’s ratio of m = � 0.155 in the
h110i directions. A negative Poisson’s ratio along certain
crystallographic directions in the Al0.3CoCrFeNi HEA
is in line with various studies of materials with the large
anisotropy.[213–215] The calculated bulk, shear moduli,
and Poisson’s ratio by DFT and EMTO-CPA are 177,
85 GPa, and 0.29 (DFT) and 196, 96 GPa, and 0.29
(EMTO-CPA), respectively. The bulk and shear moduli
have been further predicted by ML. The ML models
have the advantage of being extremely fast, compared to
computing the property values using DFT. The gradient
boosting trees algorithm,[216,217] for example, is used to
build a model to predict the bulk and shear moduli. The
features of the model are subsequently analyzed to
obtain insights into the dependence of the predictions on
feature values. Figures 55(g) and (h) indicate the learn-
ing curves for the bulk and shear moduli of the
Al0.3CoCrFeNi HEA. The y-axis corresponds to the
mean squared error (MSE) values. The models were
applied to log-normalized bulk and shear modulus
values, and an MSE value reflects a ratio between the
predicted and actual values, as opposed to an arithmetic
difference. The ML-predicted values of the bulk and
shear moduli for the Al0.3CoCrFeNi HEA are 161 and
73 GPa, indicating the good agreement with the
DFT-calculation and ND experimental results.

2. Crystal plasticity finite element methods
The crystal plasticity finite element method (CPFEM)

has been employed to simulate the strain evolution of
the Al0.3CoCrFeNi HEAs during tensile deformation
and validate the in-situ neutron-diffraction tension

Fig. 54—Comparison of experimental and calculated elastic
constants. Elastic constants of C11, C12, and C44, elastic moduli:
bulk modulus, B, and shear modulus, G. Comparison of
experimental (ND) and calculated (SQS and CPA) elastic constants
and elastic moduli of the Al0.3CoCrFeNi HEA (reproduced from
Ref. [50] with permission).

cFig. 55—Spatial dependence of Young’s and shear moduli and
Poisson’s ratio and machine learning model of the Al0.3CoCrFeNi
HEA. (a), (c), and (e): The two-dimensional (2D) projections of
Young’s moduli, shear moduli, and Poisson’s ratios on the XY, XZ,
and YZ planes, respectively. (b), (d) and (f): The 3D visualization of
Young’s moduli, shear moduli, and Poisson’s ratios. Learning curves
showing the dependence of model prediction performance (mean
squared error) on number of samples in the training dataset. (g)
Shear modulus learning curves. (h) Bulk modulus learning curves
(reproduced from Ref. [50] with permission).
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results (Figure 47).[46] The CPFEM is based on the
crystal-plasticity theory.[218] The plastic-deformation
rate for the Schmid-type crystal plasticity can be
calculated as the summation over all slip systems[219–221]:

_Fp
ikF

p�1
kj ¼

X

Nslip

a0¼1

_c a0ð Þs
a0ð Þ
i m

a0ð Þ
j ½16�

where F
p
kj is the plastic-deformation gradient, Nslip is

the total number of all activated slip directions, _c a0ð Þ is

the slip rate of the a0-th slip, s
a0ð Þ
i , and m

a0ð Þ
j are the slip

direction and the slip plane normal, respectively. The
slip rate can be given by the power-law flow
rule[220,221]:
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where _c0 is the reference value of the slip rate, s a0ð Þ and

s a0ð Þ
flow are the resolved shear stress and flow strength of
the a0-th slip, respectively, and n0 is the stress expo-

nent. The flow strength, s a0ð Þ
flow, can also be described by

the Peirce–Asaro–Needleman hardening law:
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where ha0b0 is the hardening moduli, and the self-hard-
ening modulus can be represented as[219–221]:
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where h0 is the initial hardening modulus, s0 is the ini-
tial slip strength, and ss is the saturated slip strength,
and c is the accumulated shear strain on all slip
systems[219,221]:
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The latent-hardening moduli are given by[219–221]:

ha0b0 ¼ h cð Þ qþ 1� qð Þda0b0
� 	

½21�

where a0 6¼ b0, and q is the latent hardening coefficient.
Among all the grains, we choose the ones whose {hkl}
planes satisfy the diffraction condition. That is, their
hhkli directions are parallel to the diffraction vector. In
practice, a small tolerance of ± 5 deg is allowed
between these two vectors to obtain the sufficient frac-
tion of grains. Then, the lattice strain, ehkl, is evaluated
by[219,220]:

ehkl ¼
PNgrain

N¼1
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R
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where Ngrain denotes the number of grains whose direc-
tion is within ± 5 deg with respect to the diffraction

vector, qi is the component of the diffraction vector,
eelasticij is the Lagrange–Green strain[219,220]:

eelasticij ¼ 1

2
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ikF

e
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where Fe
ik is the elastic-deformation gradient.

The predicted CPFEM results of the stress–strain
curves and lattice strain evolution for the Al0.3CoCr-
FeNi HEAs after the homogenization treatment at 1250
�C for 2 hours (single-phase) and aging at 700 �C for 500
hours (dual-phase) are presented in Figure 56.[46] For
the single-phase Al0.3CoCrFeNi HEA in Figure 56(c),
the lattice-strain splitting during elastic deformation
displays the elastic anisotropy for different grains, which
agree with the experimental results. More specifically,
the stresses transfer among differently-oriented grains
after yielding. Furthermore, the hard-oriented grains
undertake higher stresses with larger lattice strains,
whereas the soft-oriented grains undergo lower stresses
with lower lattice strains, resulting in nonlinear lat-
tice-strain evolution during plastic deformation.
Figure 56(d) shows the stress distribution in the repre-
sentative volume element (RVE) after deformation for
the dual-phase Al0.3CoCrFeNi HEA. The highlighted
green cubic units represent grains of the B2 phase, which
indicates that the B2 phase is subjected to a higher stress
than the FCC matrix after plastic deformation. The
predicted lattice-strain evolution as a function of the
applied stress is presented in Figure 47(d). The solid
lines are prediction data, while the symbols are exper-
imental results. Different from the lattice-strain evolu-
tion in the single-phase Al0.3CoCrFeNi HEA in
Figure 47(d), the rate of increase in the lattice strain of
the B2 phase drops dramatically after yielding. Addi-
tionally, the huge splitting of the FCC and B2 phases
imply the stress partitioning in the dual-phase HEA. As
a result, the stresses transfer to the B2 phase from the
FCC matrix, which could delay the localized failure and
enable an overall higher degree of plastic deformation.
In addition to the in-depth study of elastic- and

plastic-deformation behaviors via DFT and CPFEM
modeling for single and dual-phase Al0.3CoCrFeNi
HEAs, Liaw’s group and his colleagues have investi-
gated the possible local-ordering behaviors for the
Al1.3CoCrCuFeNi HEA, using the pair distribution
function (PDF) analysis resulting from the ND exper-
iments coupled with AIMD simulation.[47,222–224]

Figure 57 shows the neutron PDF and calculated results
of the Al1.3CoCrCuFeNi HEA at RT. The observed
PDF approximately matches the periodic atomic
arrangement related with the present structures, such
as B2, BCC, and FCC structures. However, the greatest
mismatch also occurs at short distances (less than 10 Å),
which results from the presence of local lattice distor-
tions that are due to the atomic-size mismatch in solid
solutions. The cumulative effect of the local lattice
distortion is similar to that of thermal displacement at
long distances. Hence, the observed PDF matches well
with the ideal model at large distances, as presented in
Figure 57(a). When the temperature increases to 1400
�C, the observed PDF result shows reasonably good
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agreement with a model having short- and medium-
range order. Furthermore, the amplitudes of the
PDF peaks diminish at distances beyond ~ 15 Å, which
is consistent with a liquid phase or BMG[84]

(Figure 57(b)). Overall, the present PDF experiments
indicate that there is an interesting connection between
the short- and medium-range structures of liquid and
solid phases.

3. Ab initio molecular dynamics (AIMD) simulations
The local atomic structure of the liquid status in the

Al1.3CoCrCuFeNi HEA have been further predicted by
AIMD simulations, as presented in Figures 57(c)
through (e). Figure 57(c) illustrates the AIMD snapshot
of a liquid structure at 1400 �C. The AIMD-simulations
were run, both with and without constraints from the
experimental input.[47,225] The AIMD simulated PDF
results are in good agreement with the experimen-
tally-observed PDF data (Figure 57(d)) when con-
strained to match the density obtained from the
experimental fit (Figure 57(b)). The unconstrained
AIMD predicts a higher density, with peaks shifted to
smaller pair separations. The AIMD-simulated PDF
may be separated into the partial pair correlation
function (gab) for all possible atom pairs. The predicted
gab values indicate that Al-Ni, Cr-Fe, and Cu-Cu

nearest-neighbor pairs occur much more frequently
than Al-Al and Cr-Ni pairs, as shown in Figure 57(e).
The predictive nature of AIMD simulations suggests
that they can be used to qualitatively guide screening
single-phase HEA compositions that should minimize
short-range chemical ordering or segregation in the
liquid state.[47,225]

4. Monte Carlo simulations
Furthermore, Liaw’s group and his colleagues have

developed the prediction of phase and microstructure
evolution methods for Al-containing HEAs, through
high-throughput Monte Carlo (MC) technique.[226] The
MC model is based on the experimental data of the
AlxCoCrFeNi phases. The predicted phase evolution
during cooling involves only redistributions of the
atomic population, as an approximation to the behavior
of presented alloys undergoing sublattice ordering and
coherent phase separation. Figure 58 illustrated the
predicted two-step phase evolutions of AlxCoCrFeNi
for 1 < x < 2 HEA during cooling. The BCC
solid-solution phase transforms into a partially-ordered
B2 phase at high temperatures. The atomic distributions
for a series of different temperatures have been deter-
mined, using supercells, composed of 12 9 12 9 24 cubic
unit cells, where each unit cell contains one a and one b

Fig. 56—The finite element simulation, as performed on a tension specimen after homogenization treatment at 1250 �C for 2 h and aging at 700
�C for 500 h. Each grain of (a) is represented by 8 cubic elements in the overall setup in (b and d). The lattice strain evolution for the
Al0.3CoCrFeNi HEA after homogenization at 1250 �C for 2 h (c) and aging at 700 �C for 500 h (e) (reproduced from Ref. [46] with permission).

METALLURGICAL AND MATERIALS TRANSACTIONS A VOLUME 52A, JUNE 2021—2079



Fig. 57—The local structure of the Al1.3CoCrCuFeNi HEA. (a) Neutron PDF and calculated PDF data at RT (b) Neutron PDF and calculated
PDF data at 1400 �C, (c) AIMD simulation snapshot of the liquid structure at 1400 �C, (d) Neutron PDF and AIMD-simulated PDF data at
1400 �C, and (e) Selected partial pair correlation functions, gab(r) simulated by AIMD.[47]
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sites. The supercells are ‘‘cut’’ to highlight configura-
tional ordering, such that the side surfaces contain
Al-rich a sites, and the top surface contains Al-poor b
sites. Based upon the element-specific long-range order
parameters, it is found that the BCC solid-solution
phase transforms into a partially-ordered B2 phase
during cooling to 800 �C. Upon further cooling, the
partially-ordered phase transforms into a mixture of the
disordered Cr-Fe-enriched BCC and strongly ordered
Al-Co-Ni-enriched B2 phases. This calculation result is
consistent with the experimentally observed main phase
transformation in the AlxCoCrFeNi HEA.[47,227–229]

To further demonstrate the feature of phase evolu-
tions in the AlxCoCrFeNi HEAs during cooling, the
configurational order of composed elements has been
simulated by MC simulations, as presented in Figure 59.
These calculations are the described feature of the
ordering onset, i.e., where the HEA is cooled below the
ordering temperature, Tc. The Al elements segregate to
one sublattice with the Ni and Co primarily occupying
the other sublattices. The influence of the Al content on
phase evolution was clarified by comparing the higher
Al-content (Al2CoCrFeNi) and lower Al-content
(AlCoCrFeNi) HEA systems. In the Al2CoCrFeNi
alloy, Tc is above the experimental melting point, such
that the alloy cannot form disordered phases. Instead,
the alloy could partially form ordered phases at the
melting temperature. On the other hand, the AlCoCr-
FeNi, Tc occurs in the solid phase, near 1200 �C. The
fraction of Al-Al pairs is low at all temperatures,
exhibiting that the Al atoms are primarily pairing with
the transition metals even above the B2-transformation
temperature. Interestingly, as the Al content increases,
the fraction of Al-Al pairs decreases, opposite of what
would normally be expected for a disordered material.
Thus, it can be concluded that the short-range order
around the Al atoms can be formed in the disordered
BCC phase at high temperatures.

The advantage of the MC simulations is that it could
build in the enthalpies associated with forming ordered
phases, while simultaneously capturing the large
amounts of disorder, which occurs in each of the
phases. These high-throughput simulations are based

entirely on nearest-neighbor interactions on a rigid
lattice, in the same fashion as the early studies on binary
systems, and successfully reproduce major features of
the phase evolution observed in Al-containing HEAs.

5. Calculations and measurements of lattice distortion
As described in previous sections, the BCC refractory

HEAs have a high yield strength and comparable
plasticity at elevated temperatures among the newly-de-
signed HEAs (Table I). The present refractory HEA,
NbTaTiV, possesses a single BCC solid-solution phase
with chemical homogeneity.[49] Thus, the dominant
strengthening mechanism should be solid-solution
strengthening. Liaw’s group and his colleagues have
demonstrated the solid-solution strengthening effect on
yield strength for the NbTaTiV refractory HEA, using
theoretical calculations coupled with first-principles
calculations.[49] The solid-solution strengthening of the
NbTaTiV refractory HEA was determined, considering
the elastic-modulus and atomic-size mismatches, as
expressed by the following equation[63, 78, 230]:

Drs ¼ DrG elastic - modulusmismatchð Þ
þ Dra atomic - size mismatchð Þ

¼ aG
9

8

X

cjdGij


 �4
3
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2
3

i þ aGb
9

8

X

cjdaij


 �4
3

c
2
3

i ½24�

where a is a dimensionless material constant (0.04),[78]

G is the shear modulus of the alloy, which is deter-
mined by the rule of mixtures (49.5 GPa for NbTa-
TiV), b is the dislocation type-dependent constant, cj is
the atomic fraction of the jth element in the alloy, daij
and dGij are the atomic-size and modulus differences,

daij ¼
2 ri�rjð Þ
riþrjð Þ , dGij ¼

2 Gi�Gjð Þ
GiþGjð Þ , ri Gið Þ, and rj Gj

� �

are the

atomic radii (shear moduli) of the ith and the jth ele-
ments, and ci is a solute concentration. Based on the
theoretical calculation of strengthening by the atomic-
size mismatch, the relationship between the degree of
strengthening and distorted lattice of the HEAs was
quantitatively determined by theoretical and experi-
mental approaches. The lattice distortion factor,

MD ¼ 8p2 �u2
� �D sin h

k

� �2
, is simply formulated from the

Debye–Waller temperature factor, MT ¼ 8p2 �u2
� �T

sin h
k

� �2
, where h and k are the angle and wavelength of

the incident X-ray beam, and the amplitude of the
deviation displacement of atoms �uDð Þ was substituted
instead of the thermal vibrational amplitude �uTð Þ.[231]
In this case, the �uD is a dominant effective term to
determine the lattice-distortion factor, MD, which is
expressed as[231]:

�uD ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi

X

n

i

deffi � �d
� �2

=n

s

½25�

where deffi is the effective interatomic distance of the
ith element, �d is the average interatomic distance of n
elements, which are obtained from the lattice constant
of the incorporated elements associated with their
respective crystal structures, and n is the number of

Fig. 58—Monte Carlo simulations of a two-step cooling transformation
in the AlCoCrFeNi HEA[226]
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constituent elements. The effective interatomic distance
of the ith element will be obtained, considering the
atomic fraction, fj, and change of the atomic volume
of the ith element dissolving into the jth element, DVij,
as exhibited in the following equation:

deffi ¼
X

n

j

fj 1þ DVij

Vi


 �1
3

di ½26�

where fj is the atomic fraction of the jth element, Vi is
the atomic volume, and di is the lattice constant of the
ith element, and DVij is the atomic-volume change of
the ith element dissolved into the jth element. With
this mathematical approach, which quantifies the lat-
tice distortion, the values of �uD were experimentally

verified from the measured chemical compositions and
lattice constants, substituting the atomic fractions, fj,

and average lattice constants, �d, into the Eqs. [24] and
[25], which are obtained from the APT measurement
and synchrotron X-ray/neutron-diffractions in previous
sections. The obtained lattice distortion, �uD (0.2373
Å), for the NbTaTiV refractory HEA, applying these
experimentally-measured values, is fairly close to the
theoretically-calculated parameter (0.2344 Å). In order
to quantitatively understand the local lattice distortion
of the present NbTaTiV refractory HEA, the distribu-
tion of atomic distances in a relaxed 64-atom NbTa-
TiV SQS was analyzed and shown in Figure 60(a).[49]

The interatomic distance of all nth nearest-neighboring
(NN) pairs extends over a wide range, suggesting that

Fig. 59—Simulated configurational order. The element-specific B2-order parameters obtained from Monte Carlo simulations are plotted for the
AlxCoCrFeNi family of alloys. A comparison of four different Al contents, (a) x =1.0, (b) x =1.3, (c) x = 1.6, and (d) x =2.0.[226]

2082—VOLUME 52A, JUNE 2021 METALLURGICAL AND MATERIALS TRANSACTIONS A



many of the atoms deviate substantially from their
ideal lattice sites. Thus, it leads to a severe local lattice
distortion in this HEA. The average interatomic dis-
tances for the atomic pairs with and without consider-
ing the local atomic relaxation are r = 2.80, 3.23,
4.57, 5.42, and 6.47 Å and r = 2.80, 3.24, 4.58, 5.37,
and 5.61 Å for the first to fifth NN pairs, respectively.
It was found that the deviation in the average inter-
atomic distances from an ideal BCC lattice for the
4NN and 5NN is noticeable. These results suggest that
while the BCC lattice is maintained on average for the
NbTaTiV HEA, a severe lattice distortion is predicted
to be noticeable over longer ranges of atomic dis-
tances. Figure 60(b) presents the NN interatomic dis-
tance of the aforementioned pairs in the SQS after the
structural optimization. The NbTaTiV HEA has ten
different types of atomic pairs, i.e., the homoatomic
pairs of Nb-Nb, Ti-Ti, Ta-Ta, and V-V, and the het-
eroatomic pairs of Nb-Ti, Nb-Ta, Nb-V, Ti-Ta, Ti-V,
and Ta-V. Additional DFT calculations were per-
formed for the homoatomic and heteroatomic pairs
with BCC and B2 crystal structures to obtain the refer-
ence bond length for the interatomic pairs. The mean
and median of the interatomic distance of each pair
are also shown in Figure 60(b). Considering both the
range of the interatomic distance and the mean value
of a pair, a large number of atoms in the SQS shift
strongly away from their ideal lattice sites, indicating a
severe local lattice distortion in the NbTaTiV HEA.
The lattice distortions can be defined as the change of
the bond length with respect to the reference bond
length:

Lattice distortion ¼ di � drj j
dr

� 100 ½27�

where di is the interatomic distance of a pair in the
relaxed SQS, and dr is the interatomic distance obtained
for a pair with a BCC or B2 structure. Using this

equation, the largest lattice distortion pairs are V-V and
Ti-Ti, which are 4.7 and 5.1 pct, respectively. Among the
heteroatomic pairs, the largest lattice distortions are the
Nb-V and Ti-V pairs with a lattice distortion of 6.1 and
8.1 pct, respectively. In short, the dominant strengthen-
ing mechanism for the NbTaTiV refractory HEA was
found to be solid-solution hardening, which originated
from the lattice distortion. The distorted lattice of the
NbTaTiV HEA was quantitatively determined by the
experimental efforts and theoretical modeling, such as
first-principles calculations. The results of the modeling
and analysis suggest that the severe lattice distortions
are induced, due to the atomic-size mismatch and local
atomic interactions in the NbTaTiV refractory HEA.

G. Additive Manufacturing in HEAs

Recently, the additive manufacturing (AM) technique
has attracted increasingly attention and has been applied
in high-entropy alloys (HEAs), due to the better perfor-
mances of properties, such as reduced defects, low cost,
and high efficiency compared to typical casted alloys.
Most previous research in HEAs have more focused on
casted alloys and their microstructure tuning through
secondary processing methods, such as cold rolling,
forging, or annealing treatment.[232] However, it is a still
large challenge to control the casting defects (shrinkages
and pores) without the variation of phase formation and
microstructures, which could strongly affect mechanical
properties, through the secondary treatments. Compared
with the conventional up–down fabrication method, the
AM processing technique has been applied to the
fabrication of three-dimensional (3D) printing, enables
the fabrication of 3D objects based upon computer-aided
design (CAD) models, which have been accepted as a
transformative technology across multiple indus-
tries.[233,234] To keep up with the new trend of HEAs
processing, Liaw’s group and his colleagues have man-
ufactured and studied the FCC-structured HEAs, using

Fig. 60—First-principles calculations for NbTaTiV refractory HEA. (a) Distribution of the interatomic distances for the first to fifth nearest
neighbors (NN) of the BCC NbTaTiV HEA calculated from the optimized SQS. (b) Box plot presenting the distribution of interatomic distances
of 1NN bonds in the SQS for the BCC NbTaTiV HEA. The box shows the first and third quartile of the bond lengths for a type of atomic
bonds. The reference bond lengths, calculated from comparable BCC structures for the homoatomic pairs and B2 structures for the heteroatomic
pairs, are presented in blue squares (reproduced from Ref. [49] with permission).
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the selective laser meting (SLM) technique.[235] First of
all, the carbon-containing FeCoCrNi HEA was fabri-
cated by SLM and have investigated the effect of
processing parameters on microstructural evolution
and mechanical properties of the present HEA.[236]

Figure 61 indicates the evolution of density in the
FeCoCrNiC0.05 HEA as a function of laser powers and
scanning speeds during AM processing. It is found that
the increase of the SLM scanning powers and the
decrease of the scanning speeds lead to the increase of
density. Especially, when the FeCoCrNiC0.05 HEA
manufactured using a low laser scanning speed about
800 mm/s, the near full density was achieved (above 99
pct). Figure 62 shows the microstructures of the top,
middle, and bottom parts of the SLMed FeCoCrNiC0.05

HEA, which was prepared under the laser power of 400
W and laser scanning speed of 800 mm/s. As illustrated
in Figure 62(a) (an inverse pole figure of EBSD), the
distribution of randomly-oriented grains is verified
along the whole sample regions. The shape of grains is
related to the thermal gradient and cooling rate.
Figure 62(b) exhibits local misorientation maps, indi-
cating the high level of local deformations. The large
amount of low-angle grain boundaries and high density
of dislocation also can be seen in grain boundaries maps
(Figure 62(c)). These local deformations could lead to
strain concentration and occurrence of microcracks.

With the investigation of microstructures of the
SLMed FeCoCrNiC0.05 HEA above, the mechanical
properties of the present HEAs, which were manufac-
tured by various scanning speeds and laser powers, are
shown in Figure 63. The detailed parameters of mechan-
ical properties are summarized in Figure 62. The engi-
neering stress–strain curves data indicates that the yield
strength of the SLMed FeCoCrNiC0.05 is not strongly
influenced by the manufacturing condition. However,
the elongation shows notable changes with varying the
processing condition. When the highest scanning speed
of 1200 mm/s and laser power of 400 W were applied,
the elongation (EL) was 7.7 pct. Sample 4 (400 W and
800 mm/s) exhibits a good ductility (13.5 pct). From the

present work, we can conclude that the carbon-contain-
ing FeCoCrNiC0.05 HEA with a full density can be
successfully processed by SLM. The density of HEAs
increases with the increasing scanning power and the
decreasing scanning speed. With a full density, the grain
size increases with increasing the scanning power and
decreasing the scanning speed. The present HEAs of full
density have a high tensile yield strength of 656 MPa.
The ductility increases with the scanning power but
decreases with the scanning speed.
Based on the comprehensive investigation on

microstructures and mechanical properties for the
SLMed FeCoCrNi HEA above, Liaw’s group and his
colleagues have further manufactured the CoCrFeMnNi
HEA, using a SLM technique with various scanning
speeds and laser powers.[237] Figure 64 shows the
microstructures of the SLMed CoCrFeMnNi HEA,
which are obtained by optical microscopy, SEM, EBSD,
and bright-field STEM. The typical hierarchical
microstructure with semi-elliptical scan tracks of melt
pools was observed from the SLMed sample
(Figure 64(a)), which have been manufactured by a
scanning speed of 2000 mm/s and laser power of 240 W.
The SEM image in Figure 64(b) shows the formation of
columnar grains along the building direction (BD),
signalizing the epitaxial growth. Figure 64(c) reveals the
formation of a cellular structure, which could be
correlated with the solidification conditions. Further-
more, some nanovoids tend to distribute along cell
walls. The EBSD IPF map along the BD in Figure 64(d)
indicates that many grains tend to grow along the
preferred growth direction of h001i during the solidifi-
cation process. The EBSD image quality (IQ) map in
Figure 64(e) exhibits that the as-built sample contained
a high fraction of low-angle grain boundaries, whereas
the Kernel average misorientation (KAM) map
(Figure 64(f)) delineates local misorientations on the
order of 0.2 deg to 0.9 deg across grains. The
nano-scaled structures of the SLMed CoCrFeMnNi
HEA were further investigated by a bright-field STEM
technique, as illustrated in Figures 64(g) and (h). A
typical sub-micron cellular structure with an average
size of 0.34 lm was observed. Moreover, the cell walls
are decorated with a high density of dislocations. The
inset corresponding selected area electron diffraction
(SAED) pattern in Figure 64(g) exhibits small misori-
entation among the cells. The homogenized elemental
distribution was confirmed from the EDS analysis,
which is associated with the area of Figure 64(h), since
the fast-cooling process could suppress the chemical
segregation.[238]

After the heat treatment, as shown in Figure 65, the
cellular structure almost disappears and indicates a
much lower dislocation density, which could imply the
thermodynamically-metastable nature of the cellular
structure. The existence of a small amount of dislocation
may be due to the low heat-treatment temperature or
short annealing time. With the investigation of
microstructures of the SLMed CoCrFeMnNi HEA
above, the mechanical properties of the present HEAs,
which are manufactured by various scanning speeds and
heat treatments, are shown in Figure 66. The as-built

Fig. 61—Relative density of the SLMed FeCoCrNiC0.05 HEA
(reproduced from Ref. [236] with permission).
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V2000 HEA, which has been manufactured by the
scanning speed of 2000 mm/s and laser power of 240 W,
indicates an excellent combination of strength and
ductility, comparable to the as recrystallized and as-cast
CoCrFeNiMn sample.[239] The yield strength of the
as-built V2000 possesses a nearly-doubles value, com-
pared with the as recrystallized counterparts. After the
heat treatment, although the yield strength decreases
due to the recovery of the cell structures, the ductility
increases. For the V2500 HEA, which has been manu-
factured by a scanning speed of 2500 mm/s and laser
power of 240 W, the decrease of ductility may be due to
the existence of pores, which could act as critical sites for
stress concentration.[240]

In order to understand the deformation mechanisms
of the as-built samples, the microstructures of the
as-built V2000 strained to fracture were examined, using
EBSD and STEM, as presented in Figure 67. The plastic
deformation is mainly accommodated by dislocation
motions, as illustrated in Fig 67(a). According to a
recent investigation,[28] the critical stress for initiating
deformation twins in this HEA is 720 ± 30MPa.
However, the KAM map related with the geometrically
necessary dislocations in Figure 67(b) exhibits a local
misorientation up to 1.6 deg, demonstrating the dom-
inance of the dislocation-mediated plasticity during
deformation. The bright-field STEM image in

Fig. 62—EBSD analyses of the SLMed FeCoCrNiC0.05 HEA (400 W, 800 mm/s) (a) IPF, (b) Local misorientation (LM) maps, (c) Grain
boundaries (GB) maps of the FeCoCrNiC0.05 HEA (reproduced from Ref. [236] with permission).

Fig. 63—Room-temperature tensile strain-stress curves for
FeCoCrNiC0.05 alloys (The numbers corresponded to the insert
table) (reproduced from Ref. [236] with permission).
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Figure 67(c) suggests a remarkable dislocation trapping
and retention mechanism within the cells, leading to an
apparent increase of the dislocation density inside the
cell walls. Another fingerprint of dislocation substruc-
tures is the planar slip bands, as shown in Figure 67(d).
These slip bands significantly interact with cellular
structures to form a three-dimensional dislocation
network.

IV. FUTURE TRENDS AND PROSPECTS

Although some research has been done by Liaw’s
group and his colleagues regarding the fundamental
study and design of new metallic alloys, microstructural
investigations, deformation behaviors, and mechanisms

in BMGs and HEAs, there is still plenty to investigate.
For example, future investigations could involve the
modeling and analysis of the serrated flow behavior in
BMGs and HEAs using techniques, such as the
detrended fluctuation analysis[241] and complexity algo-
rithms. Moreover, theoretical models involving
finite-element methods, machine-learning algorithms,
and molecular dynamics could be used to thoroughly
investigate the effects of composition, temperature, and
strain rate on the serrated flow dynamics in BMGs.
Advanced microstructural-characterization techniques,
such as high energy in-situ XRD and ND could be
coupled with the results of the modeling and analysis to
gain foundational insight regarding the interplay
between the deformation behavior and microstructures
of BMGs during the serrated flow.

Fig. 64—(a) OM and (b) SEM images of the front surface. (c) SEM image of the cellular structure. (d) The EBSD IPFs of the front surface. (e)
EBSD IQ map with high-angle GBs (blue lines) and low angle GBs (red lines) superimposed. (f) KAM image of the front surface. (g)
Bright-field STEM image of the cellular structure with the corresponding SAED pattern. (h) Bright-field STEM image of the selected area
illustrated by a square in (g) and the elemental-distribution maps of the area for the SLMed CoCrFeMnNi HEA (reproduced from Ref. [237]
with permission).
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Moreover, future investigations could examine how
the combinations of temperature and irradiation dose
affects the serrated flow dynamics in BMGs and HEAs.
One example of such future studies could involve the
nanopillar compression of ion-irradiated BMGs. Here,
ions would bombard the sample with energies high
enough such that the ions would be implanted beyond
the region of interest, which will ensure a uniform

damage profile. During the experiment of BMGs,
samples would be exposed to temperatures well below
the glass-transition temperatures of the alloys to avoid
thermally-induced crystallization during irradiation.
The serration behavior of the pillars subjected to
compression would be analyzed, using the complexity
and the MFT analysis. Such studies would be extremely
important as it would assess how irradiation-induced
rejuvenation and thermal relaxation could affect the
serration dynamics in BMGs. Another important exper-
iment could involve analyzing the serrated flow of
neutron-irradiated BMG and HEA samples subjected to
compression testing at different strain rates and test
temperatures.
In addition to the serrated flow behavior, there should

be future studies regarding the bio applications of
BMGs and HEAs, such as implant materials. These
investigations could involve the fatigue behavior of
BMGs in environments typical of joint environments.
The microstructure evolution during mechanical testing
could be examined via in-situ ND or TEM. Further-
more, the fatigue behavior could be modeled and
analyzed, using statistical models. The results of the
microstructural and mechanical behavior characteriza-
tion could then be coupled to help gain a more
fundamental understanding as to the potential of BMGs
and HEAs for implant applications.
Furthermore, high-throughput CALPHAD model-

ing and machine learning techniques, coupled with
first-principles calculations and molecular-dynamics
simulations, could be applied to efficiently design
new HEA compositions. The designed HEAs also
could be fabricated by new technologies, such as
additive manufacturing. Based on the study of
microstructural investigations and mechanical behav-
iors in HEAs from Liaw’s group and his colleagues,
we could extend the range of applications by studying
the thermoelectric, magnetic, electrochemical, and
bio-properties of a wide range of HEAs. In the
meantime, theoretical modeling, such as machine
learning, quantum mechanical modeling, classical
interatomic potentials, and molecular-to-mesoscale
modeling, should be developed to further verify the
detailed mechanical mechanisms of HEAs. Figure 68
illustrates the example world-wide collaborations with
Liaw’s group. These extensive collaborations with
various Universities and National Laboratories will
accelerate the development of new structural materials,
including BMGs and HEAs.
Above all, it is critical to design and develop BMGs

and HEAs with desirable properties for many industrial
applications through fundamental research activities.

Fig. 65—Bright-field STEM image of the as-built CoCrFeMnNi
after the heat treatment (reproduced from Ref. [237] with
permission).

Fig. 66—The engineering stress–strain curves of the as-built
CoCrFeMnNi samples with different conditions (reproduced from
Ref. [237] with permission).
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V. CONCLUSIONS

In conclusion, this paper covered the past and more
recent investigative work being undertaken by Liaw’s
research group and his colleagues regarding BMG and
HEA materials. In terms of the former, the present
work includes the study of shear-banding dynamics
and the modeling and analysis of the serrated plastic
flow. As for HEAs, his group has been active in the
design of HEAs using state-of-the-art experimental and
computational approaches. Furthermore, Liaw’s group
and his colleagues have performed the fundamental
work regarding the mechanical and microstructural
behavior of HEAs, using advanced ex-situ and in-situ
characterization techniques, such as thermography,
neutron and synchrotron diffraction. Especially, his

group and his colleagues have focused on various
HEAs, such as Al-containing HEAs, lightweight
HEAs, and refractory HEAs, aiming to extend the
range of applications. Moreover, possible future direc-
tions of research have also been discussed, such as
using additive manufacturing techniques to produce
designed HEAs and combining modeling and analysis
methods with advanced in situ characterization tech-
niques to gain a more fundamental understanding of
the serrated plastic flow phenomenon, mechanical and
phase-transformation behavior in BMGs and HEAs. It
is our hope that with our continual fundamental
research on BMGs and HEAs, the materials with
desirable properties can be designed and developed for
many industrial applications.

Fig. 67—(a) EBSD IPF, (b) KAM map, and (c and d) Bright-field STEM images of an as-built CoCrFeMnNi sample strained to fracture. The
arrows show the deformation twins (reproduced from Ref. [237] with permission).
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