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Heterogeneous-structured materials are a new class of metallic materials that have recently emerged due
to development of advanced processing and structural/architectural design techniques. These materials
are made of heterogeneous domains having different constitutive behaviors and achieve superior me-
chanical properties, such as extra strengthening and work hardening, that are not accessible to conven-
tional homogeneous-structured materials. Here we review recent experimental, theoretical and compu-
tational studies on microstructures, mechanical properties and deformation behaviors of heterogeneous-
structured metals/alloys, highlighting the relationships between structural heterogeneity and mechanical
property improvements, as well as some perspectives towards achieving fundamental understanding of
plastic deformation based on strain gradient theory.

© 2020 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.

1. Introduction

The strength and work hardening capability of metallic mate-
rials can both be enhanced by geometrically necessary disloca-
tions (GNDs) [1,2] that are required to accommodate the lattice
curvature arising from inhomogeneous plastic deformation often
measured in the form of a plastic strain gradient [3-6]. In ad-
dition to GNDs, other dislocations that glide to carry the plastic
strain are called statistically stored dislocations (SSDs). The incor-
poration of GNDs into continuum theories of plasticity has led to
the establishment and development of various phenomenological
and mechanism-based theories of strain gradient plasticity [3,7-
10], where an intrinsic length scale typically on the order of a few
microns is often introduced to reflect the effects of strain gradi-
ent [3-6]. These theories have been successfully used to explain
size-dependent plastic behaviors in metals under different loading
conditions [7-10].
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In recent years, inspired by biological materials, structural het-
erogeneity has been applied to engineering metals and alloys
through various advanced manufacturing techniques, leading to
the emergence of heterogeneous-structured (HS) metallic materi-
als [11-28]. HS metals and alloys are often composed of hetero-
geneous domains with drastically different constitutive behaviors
and mechanical properties. Compared with their homogeneous-
structured counterparts, HS metals and alloys have achieved a
combination of superior mechanical properties, such as higher
strength, better ductility, higher work hardening rate and greater
fracture resistance [11-28]. Remarkably, HS metals and alloys can
overcome the strength-ductility trade-off, which is a critical defi-
ciency for many homogeneous-structured materials. Experimental
studies have indicated that the additional strengthening and hard-
ening of HS metals and alloys can be attributed to inhomogeneous
plastic deformation resulting from their intrinsic structural hetero-
geneity [22-25]. In HS materials with both soft and hard domains,
the soft domains usually sustain plastic deformation prior to the
hard domain. Compatibility in deformation leads to plastic strain
gradients across the domain interfaces, and such strain gradients
are accommodated by GNDs [6,22-25]. The GNDs often pile up in
the soft domains against their boundaries and act as obstacles that
hinder the motion of SSDs, contributing to the work hardening
of the material [2,6,22-25,29-38]. Recent experimental and com-
putational studies [14-21] have shown that GNDs indeed play an
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Fig. 1.. Microstructures of various HS metals and alloys. (a) SEM and TEM images of GNG Cu fabricated by surface mechanical rolling treatment [17]. (b) TEM image of
GNL Ni produced by surface mechanical grinding treatment [18]. (c) SEM and TEM images of GNT Cu (with a dual gradient in grain size and twin size) fabricated by
electrodeposition [20]. (d) SEM image of heterogeneous laminated Cu/CuZno produced by accumulative roll binding [21]. (e) TEM image of heterogeneous lamella Ti with
micrograined lamellae embedded in an ultrafine-grained lamella matrix [16]. (f) EBSD image of bimodal-grained Cu with a harmonic structure [27]. (g) TEM image of
nanodomained Ni, where the nanoscale Ni domains with an average size of 7 nm and a small misorientation (<15°) are randomly distributed in the coarse-grained Ni
matrix [28]. (h) EBSD image of a CrCoNi alloy with a three-level heterogeneous grain structure, in which the grain size varies from the nanometer to micrometer range.
In particular, nanosized grains nucleate at the triple junctions of ultrafine grains [26]. Note that HAGBs and LAGBs represent high-angle and low-angle grain boundaries,

respectively.

important role in the plastic deformation of various HS materials
resulting in improvement of their mechanical properties. At this
point, the structure-property relationships of HS metals and alloys
need to be better understood before their potential can be fully
explored.

Here, we aim to discuss some recent progresses in understand-
ing the deformation mechanism and structure-property relation-
ships of HS materials from a mechanics point of view. The discus-
sions will cover the microstructural features of various HS metals
and alloys fabricated by different processing techniques, highlight-
ing the characteristic length scale of structural heterogeneity. Our
attention will then focus on the strengthening and work harden-
ing behaviors of selected HS metallic materials and the underly-
ing deformation mechanisms. Finally, to stimulate more in-depth
research on HS materials to optimize their mechanical properties
and performance, we conclude with a perspective and outlook on
some of the open questions in the field.

2. Microstructures of HS materials

Fig. 1 shows the microstructures of some HS metallic materi-
als recently fabricated by different processing techniques. Materi-
als with structural gradients (such as grain-size gradients, lamella-
thickness gradients and twin-size gradients) are typical HS materi-
als. As shown in Fig. 1(a), gradient nanograined (GNG) Cu exhibits
an apparent gradient distribution in grain size from the surface
layer to inner core. The grain size is approximately 42 nm in the
surface layer and then gradually increases to approximately 160-
300 nm at depths of 50-100 pum. For a coarse-grained (CG) sample

subjected to surface mechanical rolling treatment, this GNG struc-
ture is generated on the surface layer with a depth of ~700 pm
[17]. Fig. 1(b) shows transmission electron microscopy (TEM) im-
ages of gradient nanolaminated (GNL) Ni fabricated by surface
mechanical grinding treatment [18]. The topmost layer of such a
sample has an average lamella thickness of approximately 20 nm,
which is several times smaller than that of the ultrafine structures
in Ni induced by conventional severe plastic deformation [18]. Over
a depth range from 5 pm to 150 pm, the average thickness grad-
ually increases from ~100 nm to ~390 nm. The gradient struc-
tures in GNG and GNL samples are generated from grain refine-
ment under severe plastic deformation, whereas the gradient dis-
tribution is mainly determined by the strain rate and strain gradi-
ent induced by the surface mechanical treatment [17,18]. Recently,
electrodeposition has been used to fabricate gradient nanostruc-
tured metallic materials with more precise and controllable gra-
dient distributions [19,20]. Bulk Ni plates with controllable grain-
size gradient distributions have been synthesized by continuously
adjusting the current density and additive content during electro-
plating deposition [19]. Mechanical testing on these GNG Ni sam-
ples showed that there exists an optimal gradient distribution cor-
responding to a combination of high strength and good ductility
[19]. More recently, gradient nanotwinned (GNT) Cu with gradi-
ents in both grain size and twin thickness has been fabricated by
stepwise variations in the electrolyte temperature during direct-
current electrodeposition. In Fig. 1(c), the average grain size of GNT
Cu increases from 2.5 pm to 15.8 ym from bottom to top, and
the corresponding average twin thickness increases from 29 nm
to 72 nm. Fig. 1(a)-(c) show that in the GNG, GNL and GNT met-
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als, the length scale of the gradient nanostructures generally spans
from tens to hundreds of micrometers.

Fig. 1(d) shows a scanning electron microscopy (SEM) image
of a heterogeneous laminated composite with alternating CG Cu
layers and nanostructured CuZnjq layers fabricated by accumula-
tive roll bonding [21]. The layer thickness (i.e., interface spacing)
is controlled to vary from 3.7 um to 125 pm. The average grain
sizes in the Cu and CuZny layers are approximately 4.8 pm and
100 nm, respectively. Such a large difference in grain size be-
tween neighboring layers produces significant mechanical incom-
patibility during plastic deformation, which is accommodated by
a pileup of GNDs near the interfaces [21]. In situ high-resolution
strain mapping near the interfaces indicates that the length scale
of the GNDs is approximately 5-6 pum, which is nearly half of
the optimal interface spacing corresponding to the best mechan-
ical properties of the heterogeneous laminated composite [21]. In
contrast to the samples with gradient and laminated structures,
HS metals and alloys with bimodal and multimodal grains have
been prepared via thermomechanical routes involving severe plas-
tic deformation followed by appropriate heat treatments [22-25].
Fig. 1(e) and (f) show the microstructures of heterogeneous lamella
Ti and bimodal-grained Cu, respectively. The heterogeneous lamella
Ti contains micrograined lamellae embedded in an ultrafine-
grained lamella matrix [16]. The average grain sizes of micro-
grained and ultrafine-grained lamellae are approximately 4 pm and
400 nm, respectively. The thickness of micrograined lamellae is
up to several to tens of micrometers and reflects the characteris-
tic length scale for the accumulation of GNDs. The heterogeneous
lamella Ti is produced by asymmetric rolling and partial recrystal-
lization [16]. The bimodal-grained Cu exhibits a harmonic struc-
ture [27], i.e., the soft CG core areas are surrounded by a con-
tinuous network of hard ultrafine-grained shell areas. The aver-
age grain sizes of CG and ultrafine-grained areas are approximately
28.2 ym and 2.0 pm, respectively. The harmonic structure is pro-
duced by mechanical milling followed by spark plasma sintering
or hot roll sintering [27]. Experimental studies have shown that
bimodal-grained Cu with harmonic structures containing 40% ul-
trafine grains exhibits the optimum combination of strength and
ductility [27]. As a novel class of HS materials, nanodomained Ni
has recently been synthesized by pulse electroplating. As shown
in Fig. 1(g), such nanodomained Ni contains a large number of
nanoscale Ni domains with an average size of 7 nm and small mis-
orientation (<15°), which are randomly distributed in the CG Ni
matrix [28]. The average spacing between adjacent nanodomains
is on the order of tens of nanometers, indicating the presence of
abundant domain interfaces. As a result, a high density of GNDs is
generated across these interfaces during plastic deformation, lead-
ing to self-dispersion strengthening without a second phase [27].
Fig. 1(h) shows an electron backscatter diffraction (EBSD) image of
CrCoNi medium-entropy alloy (MEA) with a three-level heteroge-
neous grain structure. In such heterogeneous MEAs, the grain size
spans from hundreds of nanometers to several micrometers. The
coarse grains have a mean grain size of 2.3 pm, the intermediate
ultrafine grains have a mean grain size ranging from 250 nm to
1 pum, and the smallest nanoscale grains have a grain size of less
than 250 nm. These heterogeneous grain structures were fabricated
by electromagnetic levitation melting and the following heat treat-
ments. The formation of heterogeneous grain structures is associ-
ated with the low stacking fault energy of the alloy. During plastic
deformation, many corner twins evolved into nanosized grains at
triple junctions of the ultrafine grains [26], which made the grain
structure more heterogeneous. This induced a steep strain gradient
across neighboring grains, contributing to the high strain harden-
ing and uniform tensile ductility [26].

The HS materials shown in Fig. 1(d)-(h) involve heteroge-
neous nanostructures with bimodal or multimodal grain sizes that

have different spatial arrangements and/or shapes. These hetero-
geneous nanostructures can play a dual role in dislocation activi-
ties, wherein they block and accumulate dislocations while leaving
ample space to allow for the multiplication of dislocations [24].
Notably, these HS materials (Fig. 1(d)-(h)) have significant struc-
tural heterogeneity and abundant interfaces, which leads to a pro-
nounced strain gradient and associated accumulation of GNDs dur-
ing deformation, leading to a combination of high strength and
good ductility.

3. Strength-ductility synergy and additional work hardening of
HS materials

Over the past few years, a number of experimental studies
[11-29] have shown that the introduction of various heteroge-
neous nanostructures into metallic materials is beneficial for en-
hancing the mechanical properties of materials. Some of the devel-
oped HS metals and alloys exhibited superior mechanical proper-
ties, including a strength-ductility synergy [11-29]. Fig. 2(a) sum-
marizes the normalized yield strength (normalized by the corre-
sponding Young’s modulus) versus the uniform elongation of HS
metals and alloys [13,19-26]. Some data from the homogeneous-
structured counterparts of these materials are included for compar-
ison. For conventional metallic materials with homogeneous struc-
tures, a strength-ductility trade-off is indicated by the “banana-
shaped” curve in Fig. 2(a). In contrast, the corresponding data of
HS materials occupying the top-right region lie above the “banana-
shaped” curve, indicating that the HS materials can overcome the
strength-ductility trade-off. This finding confirms that introducing
heterogeneous structures is effective for enhancing strength while
maintaining good ductility. This finding also suggests that a de-
sirable strength-ductility synergy can be achieved by regulating
the structural heterogeneity, including the volume fraction, mor-
phology, topology and distribution of heterogeneous domains. It is
important for the design and fabrication of HS metals and alloys
to determine the correlation between the structural heterogeneity
and the resultant property enhancement. However, it has been dif-
ficult to quantitatively characterize structural heterogeneity, which
to some extent restricts the design and fabrication of HS materials.
Currently, a few experimental and theoretical studies have been
conducted on gradient nanostructured materials, which indicates a
relationship between the structural gradient and mechanical prop-
erties [19-21].

Currently, most gradient and laminated metallic materials are
composed of a CG core sandwiched in between two nanostruc-
tured layers. According to the rule of mixtures, a simple way to
tailor their mechanical properties is to tune the volume fraction
of the CG core (or the nanostructured layers). Recent experimen-
tal studies on the GNG steel and multilayered Cu in Fig. 2(a) have
shown that the strength values of the gradient samples increase as
the thickness of the CG parts decreases; however, this also leads to
a certain reduction in uniform elongation [14,15,29]. Moreover, the
strength values of the gradient samples can be higher than predic-
tions from the rule of mixture; this discrepancy is mainly ascribed
to the long-range internal stress induced by the pile-up and accu-
mulation of GNDs [15]. The contribution of this long-range stress
to additional strengthening will be further discussed in the next
section. In addition to the volume fractions of the constituents in
materials, some microstructural parameters can also be tuned to
improve the mechanical properties. As exemplified by the inset in
Fig. 2(a), the strength of heterogeneous laminated Cu/CuZn;y com-
posites increases with decreasing laminate thickness (i.e., the inter-
face spacing between two adjacent laminates) [21]. Such strength
enhancement is attributed to the nucleation and pile-up of higher
density GNDs near the interfaces as the laminate thickness de-
creases [21].
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Fig. 2.. Strength-ductility synergy and additional work hardening of some HS metals and alloys. (a) Normalized yield strength (normalized by the corresponding Young’s
modulus) versus uniform tensile strain of various metals and alloys with homogeneous and heterogeneous structures [13,19-21,26]. (b) Variations in the work hardening rate
with respect to the true strain in GNT Cu [20]. (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.)

For gradient nanostructured metals, the structural gradient is a
key parameter in determining the strength of materials. Recent ex-
perimental studies on GNT Cu indicated a relationship between the
structural gradient and mechanical properties [20]. The structural
gradient distribution of GNT Cu can be controlled by adjusting the
processing parameters during direct-current electrodeposition [20].
The structural gradient can be characterized by the gradient varia-
tion in local hardness, which is denoted as s. The value of s in the
fabricated GNT Cu varies from s=1.75 GPa/mm to s=11.6 GPa/mm.
Mechanical testing on these GNT Cu indicated that simultaneous
enhancement in strength and work hardening can be achieved by
solely increasing the hardness gradient [20]. More interestingly, the
tensile strength of the GNT sample with the steepest structural
gradient exceeds that of the strongest component of the gradient
microstructure [20], indicating additional strengthening. To explain
this unusual phenomenon and further elaborate the strain gradi-
ent effects on additional strengthening, a gradient plasticity model
was recently developed by incorporating the plastic strain gradient
into the hardening rate relation of the classical J, flow theory [30].
Numerical simulation results showed that the additional strength
Ao is linearly proportional to the square root of the hardness gra-
dient s (i.e., Ao = B+/s, where 8 is a fitting coefficient) as well
as the saturated plastic strain gradient in the fully yielded GNT
samples [30]. This nonlinear relationship between the additional
strength and structural gradient not only revealed the original ad-
ditional strength of GNT metals but can also be used to predict the
optimal gradient structures and associated gradient strength distri-
butions [30].

In addition to increased strengthening, nearly all HS metals
exhibited respectable to superior ductility compared to their CG
counterparts [31], as shown in Fig. 2(a). This phenomenon is usu-
ally attributed to the additional work hardening capability caused
by the heterogeneous structure [14-16,20-26]. Based on Hart's
criterion, an increased working hardening rate can ensure stabi-
lized plastic deformation and good ductility. As shown in Fig. 2(b),
the work hardening rates of GNT Cu with a dual gradient are
much higher than those of gradient-free samples during the over-
all straining stage [20]. In particular, when the strain is less than
4%, the work hardening rate of GNT Cu increases with increasing
structural gradient. This finding indicates that the additional work
hardening results from the built-in gradient structure. However,
it is noted that as the degree of the gradient becomes stronger,

the work hardening rate can decline rapidly due to the disap-
pearance of the plateau stage. Detailed TEM observations showed
that the additional work hardening of GNT Cu stems from the for-
mation of bundles of concentrated dislocations (BCDs), which are
essentially an assembly or tangle of GNDs [20]. A recent study
showed that heterogeneous laminated CuZn;y composites exhib-
ited good ductility and a high work hardening rate [21]. The results
revealed that the work hardening rate of the laminated CuZnig
composites increased with decreasing laminate thickness (i.e., in-
terface spacing). These phenomena are related to the accumula-
tion of GNDs near the interfaces and associated long-range inter-
nal stress. Interestingly, there exists a critical laminate thickness
corresponding to the maximum elongation, as shown in the inset
in Fig. 2(a). In situ high-resolution strain mapping indicated that
many GNDs nucleate and then pile up near the interfaces, leading
to the formation of an interface-affected zone [21]. When two ad-
jacent interface-affected zones start to overlap, the heterogeneous
laminated composite achieves the best ductility. Further theoreti-
cal analyses showed that the critical size of the interface-affected
zone is half of the laminate thickness and is consistent with the
length of the GNDs piling-up against the interface (correspond-
ing to the characteristic length scale of strain gradient plasticity),
Ienp ~ (pfoy)?b, where w is the shear modulus, oy is the yield
strength and b is the magnitude of the Burgers vector [21].

4. Inhomogeneous deformation and strain gradient plasticity

Owing to the microstructural and strength heterogeneity of dif-
ferent constituent domains, HS metallic materials exhibit inhomo-
geneous plastic deformation under an applied load. During the
deformation of HS materials, plastic yielding progressively prop-
agates from the soft domains to hard domains. Such inhomoge-
neous deformation has been indicated in a large number of exper-
iments and finite element simulations on the tensile behavior of
various HS metallic materials [32-34]. To maintain strain continu-
ity at the continuum level, a pronounced strain gradient is gener-
ally generated across the domain interfaces of HS materials. Conse-
quently, many GNDs nucleate and accumulate near the interfaces
to accommodate this strain gradient [25]. Fig. 3(a) shows the in-
homogeneous deformation process in a dual-phase heterogeneous
laminated AlCoCrFeNi,; high-entropy alloy (HEA), which captures
the evolution of the dislocation structures at different deformation
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Fig. 3.. Inhomogeneous deformation and evolution of GNDs in some typical HS metals and alloys. (a) Deformation process and microstructural evolution in dual-phase
heterogeneous lamella AlCoCrFeNi,; HEA and corresponding schematic illustrations. This implies the progressive plasticity of soft and hard domains with different phases
and the pile-up of GNDs against phase interfaces (indicated by red dashed lines) [35]. (b) TEM images based on the two-beam diffraction technique of the BCD structures in
GNT Cu [20]. The BCD indicated by the red arrows is a representative example of the GNDs in GNT Cu. Mode I and II dislocations are indicated by green and orange arrows
in (b), respectively. The inset shows the Thompson tetrahedron to identify the Burgers vector of the dislocations. Note that gy and gr represent the diffraction vectors of the
two beams. (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.)

stages [35]. Obviously, the soft face-centered cubic (FCC) matri-
ces first sustain plastic deformation. Due to the constraints from
the hard body-centered cubic (BCC) and intergranular P2 phases,
a high density of GNDs start to pile up against the interfaces be-
tween the soft and hard phases to accommodate the strain gra-
dient, as indicated by the dashed red lines in the TEM image in
Fig. 3(a). The pile-up of these GNDs significantly strengthens the
heterogeneous HEAs. After both the BCC and P2 phases yield, the
FCC matrix will bear more plastic strain to balance the total ap-
plied strain, as indicated by the TEM image and schematic illustra-
tion in Fig. 3(a). This leads to further strain gradient with ongoing
plasticity, which requires more GNDs to accumulate near the inter-
faces. Fig. 3(b) shows a representative example of GNDs generated
during the plastic deformation of GNT Cu with a dual gradient in
grain size and twin size [20]. As mentioned in Section 3, in this
specific case the GNDs are also called BCDs. Both TEM observa-
tions (based on a two-beam diffraction technique) and atomistic
simulations showed that a BCD is composed of both mode I and
Il dislocations, which commonly prevail during plastic deformation
of homogeneous NT metals [20]. The mode I dislocations repre-
sent dislocations slipping inclined to the twin boundaries, whereas
the mode II dislocations represent threading dislocations confined
between neighboring twin boundaries. The activities of both types
of dislocations lead to strengthening and hardening. The density
of mode II dislocations in a BCD is nearly one order of magnitude
higher than that of mode I dislocations [20]. The accumulation and

interaction of these BCDs not only block further dislocation motion
but also facilitate the delocalization of plastic deformation, eventu-
ally contributing to high strength and good ductility [20].

Recent experimental studies have shown that the nucleation
and accumulation of GNDs significantly contribute to the addi-
tional strengthening and hardening of HS metallic materials [14,16,
20,35]. The contributions of GNDs to the strengthening of HS ma-
terials can be understood in three ways. First, the GNDs can block
the motion of other mobile dislocations. Thus, the strengthening
effect from GNDs can be described by the Taylor hardening law
[8,36,37],

Ao = Ma b,/ penp + Pssp (1)

where M is the Taylor factor, « is a material constant (typically
0.2-0.4), 1 is the shear modulus of the material, b is the magni-
tude of the Burgers vector of dislocation, and pgyp and pgsp are
the densities of GNDs and SSDs, respectively. Second, when the
GNDs pile up against some interfaces or barriers, an internal long-
range stress is generated due to the self-stress and interaction of
GNDs. This long-range stress, called the back stress, can hinder fur-
ther dislocation motion. In addition to the forest hardening pro-
vided by the GNDs themselves, the back stress is able to contribute
to increased strengthening or hardening [16,22,38]. When consid-
ering only the self-stress of GNDs with a continuous distribution
of density pgnp, the back stress o, is scaled as [39,40]

9 PeND
~ 2~ FGND
op ~ UbR X (2)
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where R is the radius of the integral circular domain for GNDs con-
tributing to the back stress, which is typically on the same order of
magnitude as the length of the GND distribution (i.e., a character-
istic length scale of strain gradient placidity [39]), and dp¢gnp/dx
represents the first-order derivative of pgyp with respect to the
distribution location. Note that pgyp is linearly proportional to the
strain gradient [2,5,8]. Thus, d pgyp/0x represents the second-order
derivative of strain with respect to the location, indicating that the
back stress is actually related to the second derivative of strain.
Third, the nucleation of GNDs accelerates the statistical storage of
dislocations during deformation, which is beneficial for additional
hardening [37]. According to the Kocks-Mecking-Estrin model, the
derivative of the density of SSDs pssp with respect to the plastic
strain &P can be expressed as [41,42]

aapgiD = M(% - kannpSSD) (3)
where L is the mean free path of dislocations and kgn, is the an-
nihilation rate of dislocations, which is related to the strain rate
and temperature. The first term in the bracket on the right side
of Eq. (3) reflects the dislocation multiplication, whereas the neg-
ative second term in the bracket represents the dislocation anni-
hilation due to dislocation reactions or interactions between dis-
locations and various interfaces. The mean free path of disloca-
tions is a key parameter to describe dislocation interactions and
is associated with the grain size d and the total density of dislo-
cations p=pssp+pcnp- When considering the long-range trapping
effect of dislocations, one can obtain an equation for the mean
free path of dislocations expressed as 1/L = kg/d + ky./0ssp + PGND»
where kg is a geometrical parameter related to the grain shape and
kq is a proportionality factor [42]. Eq. (3) has been used in finite
element simulations based on the strain gradient plasticity to de-
scribe the evolution of SSDs and to investigate their contribution
to the deformation of GNG metallic materials [42].

According to previous strain gradient plasticity theory, the den-
sity of GNDs is defined as [2,5,8]

19y
PaND = 55 (4)

where y is the shear strain induced by dislocation slip. Eq. (4) in-
dicates that the density of GNDs is directly linked to the strain gra-
dient. For a polycrystal undergoing uniaxial tension, the density of
GNDs within a grain that make up the deformation incompatibility
between neighboring grains is approximated as [2]

é
PaND ~ 4 (5)

where d is the grain size and & is the applied plastic strain.
When modeling HS materials with heterogeneous domains, quan-
tifying the density of GNDs and describing their evolution is a crit-
ical issue. In recent models of GNG materials [40,42], the den-
sity of GNDs is usually calculated in an average manner. Under
plane strain conditions, the GNG sample is modeled as a perfectly
bonded multilayered structure with gradient grain sizes from the
outermost layer to the core layer. During uniaxial tension, due to
plastic instability, the outer layers (with smaller grain sizes) tend
to shrink or neck faster in the lateral direction than the inner lay-
ers (with larger grain sizes). However, the deformation of the outer
layers is constrained by the deformation of the inner layers, lead-
ing to nonuniform deformation between adjacent layers. Such de-
formation can be accommodated by GNDs [40]. In these models,
the dislocation line of each GND is assumed to be a straight line
along the tensile direction of the sample under plane strain condi-
tions. Thus, the density of GNDs is given by [40]

a

T b(Ah)? ©

_¢
PGND= v

where ¢ represents the total length of GNDs in a unit layer with
a thickness of Ah, V is the volume occupied by the GNDs, and a
is the displacement difference in the lateral direction between two
neighboring layers, which reflects the nonuniform deformation. In
recent crystal plasticity simulations for GNG metals [42], the GND
density inside a grain is represented by the number of dislocations
per unit area, i.e., pcnp = N/d?, where N is the number of dislo-
cations and d is the grain size. By combining the evolution of the
dislocation number N with the plastic strain &P, a grain-size de-
pendent evolution law for the GNDs is given by [42]

dpeND _ &(1 _ ﬁ) 7)
aep d? N+

where Ny represents the initial number of piled-up dislocations
and N* is the saturated number of dislocations. For simplicity, both
N and N* are assumed to be linearly dependent on the grain size
[42]. Note that the evolution laws for GNDs and SSDs (Eqs. (3) and
(7)) are from theoretical models, but the derivations of these equa-
tions involve some empirical or phenomenal assumptions for sim-
plification. The latest experimental studies on heterogeneous cop-
per/bronze laminated composites estimated the density of GNDs
via an in situ 2D digital image correlation technique [21,37]. Under
uniaxial tension, the average tensile strain &y is statistically uni-
form, whereas the lateral strains €y and &, of the tested sample
exhibit an obvious gradient along the thickness direction x of the
sample. Note that to ensure the constant volume of the sample
during plastic deformation, ex+¢&y+&,=0. Taking the derivative of
this equation, &,=-¢}, where ¢} and &, are the first-order deriva-
tives of ey and e, with respect to x, respectively. This equation
indicates that due to the structural heterogeneity along the x di-
rection, the gradients in two lateral strains exist only along the
x direction and are mutually dependent. According to the original
definition (i.e., Eq. (4)) of pgnp and the deformation features of a
heterogeneous laminated sample with two lateral strain gradients,
the density of GNDs is re-expressed as [37]

penp=V 3&"* + €"*z2/2b (8)

where ¢, and ¢ are the first- and second-order derivatives of
measured strain &x with respect to x, respectively, and z is the z
coordinate (i.e., the width direction of the sample). By using the
in situ 2D digital image correlation technique to measure the lat-
eral strain ey, one can estimate the GND density using Eq. (8) and
further characterize the evolution of GNDs in HS metallic materials
during plastic deformation.

Fig. 4(a) shows a comparison of the modeling predictions and
experimental estimations for the distribution of the GND density
along the depth of a GNG sample at different strains. The mod-
eling predictions based on strain gradient plasticity account for
the evolution of GNDs and resultant back stress [40]. In contrast,
the experimental estimations of the GND density are based on the
hardening law due to the generation of GNDs (i.e., Eq. (1)) and
experimental measurements of the local hardness distribution of
the GNG sample along the depth. Fig. 4(a) shows that the varia-
tion trends of the GND density predicted by the model are con-
sistent with those from the experimental estimations. In particu-
lar, the maximum values of GND density appear in the gradient
layer and near the interface between the gradient layer and the
coarse-grained core. Note that there are obvious quantitative dis-
crepancies between the modeling predictions and the experimental
estimations. Such discrepancies suggest that the theoretical mod-
els cannot accurately capture the evolution of GND density. Fig.
4(b) presents a comparison of the modeling predictions and exper-
imental measurements of the yield strength versus uniform elon-
gation of GNG steels [40]. Fig. 4(b) shows that if the model con-
siders both the GNDs and the back stress, the modeling predic-
tions agree well with the experimental measurements. This find-
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ing implies that the additional strengthening and work hardening
arise from the GNDs including their back stress. Fig. 4(b) quantifies
the contributions of the structural gradient, GND and back stress
to the strength-ductility synergy of GNG steels from the modeling
predictions. Region I reflects the strength-ductility trade-off in ho-
mogeneous samples. Region II reflects the contribution from the
structural gradient, i.e., without GNDs and back stress. Region III
reflects contributions from both structural gradient and GNDs. Re-
gion IV reflects contributions from the structural gradient, GNDs
and back stress. These findings indicate that the structural gradi-
ent and GNDs play a more significant role than the back stress in
enhancing the strength and ductility.

As discussed above, the GNDs significantly contribute to ad-
ditional strengthening and work hardening, especially the syn-
ergy between strength and ductility. For HS metallic materials, a
quantitative relationship between the structural heterogeneity and
GND distribution is essential for a comprehensive understanding
of the structure-deformation-property relation of HS materials. It
is clear that structural heterogeneity induces the deformation gra-
dient, which further gives rise to the accumulation of GNDs. There-
fore, how GNDs evolve with respect to plastic deformation (mainly
plastic strain) is an important issue for establishing a relationship
between the structural heterogeneity and GND distribution. Cur-
rently, there are several theoretical models to describe the evolu-
tion of GNDs with respect to plastic strain, but these models are
based on certain theoretical assumptions and simplifications, with
apparent gaps between the corresponding model predictions and
experimental measurements. Therefore, further effort is needed to
establish more accurate evolution laws of GNDs in HS metallic ma-
terials during plastic deformation, which can be accomplished by
combining advanced experimental techniques and theoretical mod-
eling approaches.

5. Perspectives

In summary, experimental, theoretical and computational stud-
ies have indicated that introducing structural heterogeneity into
engineering metals and alloys is an effective way to achieve
strength-ductility synergy and additional work hardening. The
inhomogeneous deformation (characterized by a strain gradi-

ent) arising from structural heterogeneity gives rise to additional
strengthening and hardening of HS metals and alloys. Detailed ex-
perimental observations revealed that the nucleation and accumu-
lation of GNDs near the interfaces between soft and hard domains
of HS materials play an important role in improving the mechan-
ical properties of these materials. The long-range back stress pro-
duced by the interaction of GNDs not only contributes to coun-
teracting the applied stress but also obstructs accumulated dislo-
cations. These results are helpful for elaborating the strengthen-
ing and hardening behaviors of HS metals and alloys. However,
the relation between the structural heterogeneity and mechanical
properties of HS materials is yet to be quantitatively determined.
Much of the current design and optimization of HS materials are
still based on empirical strategies. Developing more theoretical and
computational modeling approaches to quantify the correlation be-
tween structural heterogeneity and mechanical properties is neces-
sary for more efficient design and optimization of HS materials. To
this end, further effort is needed to develop a unified design prin-
ciple and mechanistic strategy for HS materials.

To date, most computational models of HS materials have
mainly focused on GNS materials. A few mechanism-based mod-
els have been recently proposed on the basis of strain gradient
plasticity, which were implemented by finite element modeling to
study the mechanical properties and behaviors of GNS metals and
alloys. These models showed that the enhancement in mechani-
cal properties and behaviors of GNS materials can be quantitatively
explained by the strain gradient plasticity involving GND activities
and the resultant back stress. A core part of these models is the
evolution law of GND density with increasing plastic strain. How-
ever, the adopted evolution laws are often hindered by assump-
tions with various limitations. At this point of time, an open chal-
lenge for modeling HS materials is how to establish more accu-
rate, rational and general evolution laws of GND density based on
a combination of dislocation dynamics and experimental observa-
tions. Once these laws are established, we may be able to investi-
gate more general HS materials with more complicated structures.
Furthermore, hierarchical HS materials with multiple characteristic
length scales can exhibit greater strengthening and hardening due
to the high density of domain interfaces [24,25]. It is interesting to
develop both experimental and modeling/simulation techniques for
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hierarchical HS materials with multiple length scales. The recent
development of digital representation tools may make this possi-
ble with the help of EBSD techniques. Integration of better models
(involving more accurate evolution laws of GNDs and characteriza-
tion of structural heterogeneity) and realistic microstructures may
open up further opportunities to study the structure-property re-
lationship of HS materials and to guide the design and fabrication
of such materials with unprecedented mechanical properties.
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