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A B S T R A C T

The Ti–6Al–4V alloy wires were plastically deformed using the accumulative angular drawing (AAD) process at
room temperature with a maximal logarithmic strain ε~0.51. Microstructure and microtexture evolution and
inhomogeneity of the Ti alloy wires were investigated quantitatively using the electron backscattered diffraction
technique within the scanning electron microscope and compared to wires after conventional linear drawing.
Moderate grain refinement was observed after deformation. The kernel average misorientation parameter in-
creased significantly, pointing to evolution of subgrain structure. The yield stress and ultimate tensile strength
increased after the AAD and linear drawing and decrease in hardness was observed after the first pass of the AAD
and linear drawing process. However, the AAD introduced inhomogeneity in hardness values at the sample cross
section. Hardness variation correlates with a local texture asymmetry parameter, while no correlation between
hardness and grain size was observed. A Schmid factor analysis indicated that the AAD is inhomogeneously
introducing grain orientations that are favorable for prismatic and pyramidal dislocation slip, having a positive
effect on the plasticity of Ti–6Al–4V alloy wire during drawing.

1. Introduction

Titanium alloys are widely used in aerospace, chemical, and med-
ical industries due to their high specific strength and excellent corrosion
resistance [1,2]. One of the most commonly used titanium alloys in
industry, the “workhorse” alloy, is Ti–6Al–4V, which is a two phase
α+β alloy, consisting of a hexagonal close packed α phase and a body
centered cubic β phase [3]. It is largely used to make various fasteners,
such as bolts and rivets, for the aerospace industry. Producing parts in
this shape involves wire drawing and subsequent forging. One of the
most important steps in the Ti6Al4V production process is the former
drawing step. Unfortunately, due to a low number of easily activated
slip systems in the α-phase, plastic deformation at room temperature is
limited. In order to achieve wires of sufficiently fine diameters for
forging, the drawing process of Ti6Al4V is performed at elevated tem-
perature, which results in a number of problems such as the unwanted
grain growth, the potential development of hard and brittle alpha case,
and an increased rate of tool wear.

The limited plasticity during wire drawing is connected to the
strong plastic anisotropy of the hcp α Ti phase. The dislocation slip

underlying plasticity can occur either in the a direction on the (0002)
basal and {101‾0} prismatic planes, or in the +c a direction on the
{101‾1} 1st order, and {112‾2} 2nd order pyramidal planes [4]. Between
the two types of< a> slip, the {101‾0} prismatic slip is the preferred
one for the α Ti phase. At room temperature, the critical resolved shear
stresses (CRSS) for the +c a slip is approximately twice as high as that
for the prismatic slip [1]. Generally in the α Ti and its alloys, the hard
+c a slip can be replaced by deformation twinning, with the main

twinning modes being {101‾2}, {112‾1}, and {112‾2} [1]. Twinning ac-
commodates c axis deformation and, therefore, can compete with the
pyramidal +c a slip, particularly when the crystal is poorly oriented for
deformation in the< a>direction. However, in the Ti6Al4V the pre-
sence of aluminum effectively suppresses twinning and thus the +c a
slip becomes an important mechanism controlling the plasticity of the
Ti6Al4V alloy [4]. Strong preference for the {101‾0} prismatic slip over
+c a slip promotes localization of slip bands on the {101‾0} prismatic

planes, in those grains that are initially suitably oriented for the pris-
matic slip and those that reorient with deformation to orientations that
are suitable for the prismatic slip.

A related factor contributing to a limited ductility is texture
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development. During the drawing process, the Ti6Al4V wire becomes
strongly textured with a typical fiber texture [5], wherein the [0001]
directions are perpendicular to the drawing direction, and {101‾0} poles
are highly oriented parallel to the drawing direction. In this orientation,
most grains become favorably oriented for the prismatic slip. Conse-
quently as strain accumulates with repeated drawing steps, slip loca-
lizes on the prismatic slip planes, the crystals rapidly work harden,
failure ensues, and the plastic regime ends.

The accumulative angular drawing (AAD) is a recently developed
technique that is able to circumvent the aforementioned issues and
produce wires with enhanced microstructure and mechanical properties
[6,7]. Fig. 1 shows the AAD equipment set up. The AAD allows for the
controlled introduction of complex strain paths, such as bending,
burnishing, shearing and torsion, into the drawing process. Such a
composite of deformation modes generates complex internal stress and
strain states, which can increase the number of active slip systems and
the shear provided by them, distributing slip in the individual crystals.
Mechanically diffusing slip can thwart the tendency for the material to
localized slip, even in materials such as the Ti6Al4V, which intrinsically
prefer to slip using predominantly their easiest slip system. Accord-
ingly, complex strain paths can potentially extend the plastic regime.
Severe plastic deformation techniques with changing strain paths, such
as ECAP [8,9] or KoBo [10,11], have enabled titanium and titanium
alloys to achieve large strains and produced materials with extended
plasticity. These methods, however, still require specialized equipment
and elevated processing temperatures. The AAD setup, on the other
hand, uses existing wire drawing facilities.

In this work, application of the complex strain path and strain path
changes via the AAD (Fig. 1d) is used to successfully deform the
Ti6Al4V wire to large strains at room temperature. The microstructure
of the resulting wires is then investigated using the electron back-
scattered diffraction (EBSD) in the scanning electron microscope (SEM)
to evaluate the influence of local heterogeneities, initially identified
numerically (Fig. 2), on the material response.

2. Experimental methods

The drawing process was realized with the AAD tool that is pre-
sented in Fig. 1a. It consists of 3 resistive plates in which the drawing
dies are placed very close to each other. Position of the consecutive
drawing dies can be changed both in the circumferential and radial
direction. This way, different strain path can be applied. In the current
work, two positionings of the dies were used: (1) stepped die

positioning (Fig. 1c), where the consecutive drawing dies were twisted
with respect to each other by an angle of 7° while their radial positions
were constant; and (2) linear positioning (Fig. 1b), where the drawing
dies were mounted at the same positions in the resistive plates, so the
was no change of strain path, and thus, the process was realized in a
similar way to traditional wire drawing, where only area reduction is
used as the deformation mechanism.

In the current studies, three stages of drawing were realized (see
Fig. 1d). In the first stage, the initial wire rod with the diameter of
6.24mm was drawn down to the diameter of 5.6 mm with three
drawing dies. For comparison purposes this process was realized with
stepped dies positioning (marked as AAD) and with linear dies posi-
tioning (marked as LIN). During the 2nd stage, the wire was further
deformed – without any annealing – down to the diameter of 5.0mm.
This time, however, the deformation process was only possible with the
complex strain path (AAD) – the linear drawing was not successful (the
wire was breaking). It is interesting to note, however, that the appli-
cation of the complex strain path (AAD) to the wire that was previously
drawn in the linear manner, was successful. Finally, the 3rd drawing
stage was applied – the calibration stage. This stage was realized using
only one drawing die and the final diameter of the wire was 4.8 mm.

The initial material was Ti6Al4V wire rod provided in the as-hot
rolled conditions with its diameter of 6.24mm. Before the drawing
process, the surface of the wire was treated with a NaCl dissolved in hot
water. This operation ensures the proper application and adherence of
the lubricant (MoS2) during the AAD process. Before the drawing, the
wire's surface was marked with 3 scratches (along the surface of the
wire) in order to track the position of the wires during the drawing. The
wire drawing process was realized with very small speed (2mm/min)
so the temperature raise due to plastic deformation was negligible.
After every stage of the drawing, from each wire, two samples for
tensile tests were cut. The quasi-static tensile tests were performed
using the Zwick 200 kN tensile frame to assess both mechanical prop-
erties and ductility.

Presented in Fig. 2 FEM modelling results confirm that during the
AAD equivalent plastic strain distribution, both along the length and at
the cross-section of the drawn wire is much more inhomogeneous,
compared to the typical, linear wire drawing process. This suggests that
additional deformation mechanisms, that are characteristic for the AAD
(shearing, bending, burnishing), may have beneficial effect on room
temperature deformation of Ti6Al4V activating more slip systems.

The complex strain paths and severe strains are expected to lead to
substantial texture development. Here the effect of applied strain path

Fig. 1. Angular Accumulative Drawing method: a) the AAD tool; b) the linear drawing setup; c) the stepped drawing setup; d) applied deformation schedule.
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history on texture development, grain shape, grain size, and sub-
crystalline misorientation in the Ti6Al4V wire samples after the
drawing process were investigated by means of the EBSD mapping in
the high-resolution FEI Versa 3D SEM. To estimate dislocation densities
in deformed samples the XRD measurements were made using
PANalytical Empyrean X-ray diffractometer (Cu Kα radiation) with the
step size 0.01° at the room temperature. The TEM investigations were
performed using FEI Tecnai TF-20 X-TWIN microscope. Samples for
microstructure characterization were prepared by sectioning with a SiC
cut-off wheel, followed by mechanical grinding with SiC papers up to a
grit 4000. Finely ground samples were subsequently polished using a
colloidal silica suspension with the addition of hydrogen peroxide.
Polishing times of up to 30min were used to achieve flat, deformation-
free surfaces suitable for investigation with the EBSD technique and the
XRD measurements. Samples for the TEM observations were prepared
by the twin-jet electropolishing using Struers A3 electrolyte at 35 V and
−30 °C.

Microstructural studies were performed on samples after different
stages in the AAD process. For comparison, we also evaluated samples
deformed to nominally the same drawing strain as the AAD but by a
conventional, linear (LIN) wire drawing process. In what follows,
samples are designated by the starting wire diameter (INIT 6.2), process
used (AAD or LIN) and the final wire diameter in mm. EBSD maps were
collected from 60 μm×60 μm areas of the samples with a step size of
100 nm. In the case of the INIT 6.2, AAD 5.6, and AAD 4.8 samples, the
investigations were carried out at transverse (trans), and longitudinal
(long) cross sections of the drawn wires, i.e. from surfaces perpendi-
cular and parallel to the drawing direction. In addition, Vickers hard-
ness mapping of the cross-section surface combined with the EBSD
analysis was performed for the initial 6.2 samples and after the first
strain step via the AAD (AAD 5.6) and the linear drawing (LIN 5.6). A
2.94 N force was used for each indent.

In anticipation of processing induced heterogeneities in the micro-
structure from the surface to center, EBSD scans and Vickers hardness
tests were conducted at different areas of the wire cross-section. Fig. 3

shows the location of these measurements in the case of the AAD 5.6
wire. For the LIN 5.6 and INIT 6.2 samples, the measurement areas
were selected arbitrarily, as the samples were not subjected to axially
asymmetrical process; however, the same counter-clockwise convention
of the measurement area numbering presented in Fig. 3 is used. Vickers
hardness measurements were performed in these nine areas. In each
area a total of nine Vickers indents were performed in 3×3 matrices,
with a 200 μm distance between indents, and at least 200 μm between
indents and the surface of wire. For each area, an average hardness
value and standard error of the mean were calculated. For the AAD 5.6
sample, EBSD maps were collected in the same nine regions as the
hardness measurement areas and in the same nine selected areas for the
LIN 5.6 sample, and three areas for the INIT 6.2 sample.

From each the EBSD scan, grain size distributions and kernel
average misorientation (KAM) were obtained. A grain in this case is
defined as a group of minimum five points with a neighbor to neighbor
misorientation angle below 15°. The size of a grain is measured as the
diameter of the equivalent circle approximating each grain. The mean
grain diameter was calculated as area weighted averages. KAM values

Fig. 2. Inhomogeneity of equivalent plastic strain along a) the surface of the AAD drawn wire and comparison of equivalent plastic strain distribution at the cross-
section of the wire drawn in the b) AAD and c) linear manner.

Fig. 3. Schematic presentation of the EBSD and Vickers hardness analysis
placements. Analyses were performed in eight areas close to a surface of the
wire (E01-E08), and in the middle of the wire (M).
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were calculated for one neighbor kernels with a maximum mis-
orientation of 15°, and then, the average KAM value was calculated for
each measured EBSD map.

Local microtexture analysis was performed using all collected EBSD
maps. Pole figures (PF) for the main crystallographic hcp directions:
(0002), (101‾0) and (112‾0), were recalculated from orientation distribu-
tion functions (ODF) using Mtex software [12]. Before additional or-
ientation analysis, the ODF from each EBSD map was subjected to a
centering procedure in order to eliminate potential differences in or-
ientations between samples due to imperfect sample sectioning. After
the centering procedure, a pole figure asymmetry parameter was cal-
culated based on the difference (error value) between the measured PF,
and the same PF rotated by a specified angle around the z (normal)
direction. For each PF analyzed, the error value was calculated for each
original/rotated PF pair with rotation angle values from 5° to 180° with
5° step. Calculated error values were then averaged over all rotation
angles resulting in an average error–asymmetry parameter for each PF.

Additional orientation analysis based of calculation of Schmid fac-
tors for the prismatic and pyramidal +c a slip systems was also per-
formed using the Mtex software. The distributions of Schmid factors for
each EBSD map were calculated based on the orientation data corrected
using the rotations obtained from the ODF centering procedure.

3. Results

3.1. The microstructure evolution during accumulative angular drawing

Fig. 4 shows the initial microstructure of the Ti6Al4V wire using the
EBSD maps. Statistical analysis indicates that the initial microstructure
consists of alpha-phase grains, varying widely in grain sizes from 0.5 to
6 μm and containing well developed subgrain structure, as well as a
small number of fine beta-phase grains, located predominately at the
alpha grain triple junctions. Grains observed in the longitudinal cross
section (Fig. 4b) are elongated in the direction parallel to the wire axis.
In both cross sections, subgrain structures are observed inside the re-
latively larger grains in the form of low angle grain boundaries.

Local changes of grain orientations are visible, indicating presence
of the geometrically necessary dislocations (GND). The GND content
(density) can be associated with increased average KAM value [13]
(1.32°) typical for materials after thermomechanical working, which in

this case, is the hot rolled initial wire rod.
The data analysis indicate that the beta grains deform more heavily

than the alpha grains. The quality of the EBSD data can be measured by
the indexing rate, where a high number indicates data from which or-
ientations can be accurately assessed. After the first stage of the de-
formation (AAD 5.6 sample, Fig. 4c and d), the indexing rate of the beta
phase is drastically reduced and the beta grains are no longer observed
in the IPF map, while the indexing rate of the alpha phase remains
relatively high. This evolution suggests that beta grains deform heavily
during the drawing process, resulting in high number of stored dis-
locations, which leads to severe blurring of electron backscattered dif-
fraction patterns, and prohibits accurate indexing. As a consequence,
the white areas appear in the IPF maps, representing microstructure
with heavily deformed crystal lattice. The mean grain diameter de-
creases from 2.68 μm in the initial state (INIT 6.2) to 2.01 μm after first
deformation stage (AAD 5.6) in the transverse cross section (Fig. 4g),
and from 5.62 μm to 4.55 μm in the longitudinal cross section (Fig. 4h).
Grain refinement during the first stage of deformation results in an
increased fraction of grains with a diameter below 1.5 μm; however, the
large grains are still present in the microstructure. The average KAM
value increases further to 1.80°. Analysis of the KAM values in micro-
structure fractions containing different ranges of grain size (Fig. 5a)
suggests that the accumulation rate of the GND is similar in fine grains,
as well as in the relatively larger grains.

After the third stage of the AAD process (the AAD 4.8 sample, Fig. 4
e,f), only a slight additional microstructure refinement is observed at
the transverse cross section (average grain size 2.02 μm), and at the
longitudinal cross section, the average grain size is reduced to 4.06 μm.
The average value of KAM increases slightly to 1.81°, suggesting that
the GND density does not increase during the third AAD stage. Average
KAM in large grain fraction is slightly decreased, compared to AAD 5.6,
which could be interpreted as a result of dynamic recovery during the
AAD process. The DRX (dynamic recrystallization) has been observed
for Ti alloys after ECAP, where the KAM values and dislocation density
increased after the 1st and 4th pass and then decreased after the 8th
pass, what was attributed to dynamic recrystallization and recovery
[14]. In the case of the AAD the continuous dynamic recrystallization
(CDRX) is more likely mechanism governing the evolution of the mi-
crostructure due to much lower strain accumulated per single pass and
low temperature of deformation. During the CDRX accumulation of

Fig. 4. Microstructure evolution during the AAD process. IPF crystal orientation maps (left), and grain size histograms (right) of transverse (upper row) and
longitudinal cross sections (lower row) of Ti6Al4V samples: a,b) INIT 6.2; c,d) AAD 5.6; e,f) AAD 4.8. Black arrow in b) indicates the drawing direction. (For
interpretation of the references to color in this figure legend, the reader is referred to the Web version of the article.). (For interpretation of the references to color in
this figure legend, the reader is referred to the Web version of this article.)

J. Kawałko, et al. Materials Science & Engineering A 764 (2019) 138168

4



dislocations the misorientation angle of the low angle grain boundaries
(LAGB) gradually increases resulting in formation of the new high angle
grain boundaries (HAGB) [15,16]. As seen in Fig. 5 b) both the LAGB
and the HAGB density increases considerably after the first stage of the
AAD. After the third AAD stage the LAGB increase is much lower sug-
gesting that the LAGB to the HAGB transformation rate due to dis-
location accumulation increased relatively to the rate of formation of
the new LAGB. On the other hand, a visible increase in the number of
white areas in the IPF maps, representing incorrect indexing of electron
diffraction pattern in heavily deformed areas, suggests that deformation
locally accumulates in regions adjacent to the boundaries of large
grains and in the fine-grained regions of the microstructure, which may
result in underestimation of the HAGB density as well as KAM values.

From the EBSD analysis, we find that the drawing process in-
troduces additional crystallographic orientations into the micro-
structure. Orientations can be visualized in the IPF maps by changes of
dominating colors between different stages of the deformation and also
in the PFs presented in Fig. 6. The initial sample (INIT 6.2) has a {101‾0}
fibre texture typical for hcp metals after axially symmetric deformation
process, such as extrusion, rolling or straight drawing [5]. In this tex-
ture, the 101‾0 directions are oriented parallel to the wire direction, and
the {0001} poles become evenly distributed in the plane perpendicular to
the wire direction.

When the additional non-axially symmetric deformation is applied
to the material during the AAD process, the texture begins to gradually
deviate from the initial one. The asymmetry parameter (average error
value) of (101‾0) pole figure increases from 0.078 in the INIT 6.2 sample
to 0.172 in the AAD 5.6 and to 0.174 in the AAD 4.8 samples. The
increase in PF asymmetry after the third stage of the AAD process is
much lower than after first one. This was expected from the numerical
investigation as the orientation of titanium wire with respect to the
AAD die assembly is not kept constant between drawing stages; there-
fore, additional non-axial deformation can occur in different directions
at different stages. This randomization of deformation direction results
in broadening of PF peaks, and decreased PF peak intensity, but not
necessarily in increased asymmetry.

The mean error values of (112‾0) PF: 0.082, 0.167 and 0.189 follow
similar trends as in the case of the (101‾0) PF, while the mean error
values for the (0002) PF remains at low and nearly constant value:
0.069, 0.062 and 0.057 respectively for INIT 6.2, AAD 5.6 and AAD 4.8
samples. These texture changes could have resulted from prismatic
dislocation slip since it is the main deformation mechanism operating
during drawing of the Ti6Al4V wire. However, this result requires
further evaluation via the TEM or crystal plasticity modelling.

3.2. Mechanical properties

The macro mechanical behavior of the AAD-processed wires is
summarized in Fig. 7 by logarithmic strain-true stress curves acquired

during an uniform tensile test performed on wires after subsequent
stages of deformation. Also, uniform elongation of the deformed wires
is assessed here using the Consideré criterion. It can be seen that during
the second stage of the AAD process, the wire is characterized by an
increased strength and uniform elongation, whereas during the final
pass (AAD 4.8) both values slightly drop again. Most importantly,
however, it should be noticed, that application of the AAD process in-
creases both strength and ductility, compared to the linear drawing
(after the first drawing pass).

The average hardness values for all sample areas are plotted in
Fig. 8a. The distribution of values for AAD 5.6 sample points to in-
homogeneity of mechanical properties across the cross section. The
overall standard deviation of mean values for this sample is equal to
8.3, compared to 4.2, and 2.5 in the case of LIN 5.6, and INIT 6.2
samples respectively. This suggests that the inhomogeneity does not
occur in the initial sample, and much lower inhomogeneity is obtained
after linear drawing (LIN 5.6). Moreover, the inhomogeneity in case of
AAD 5.6 results mostly from decreased hardness values measured in
areas grouped together at the wire surface in the measurement areas
E01, E02, E03 and E08, while in the case of LIN 5.6 the only outliner is
the measurement in the middle of wire (M).

Variation of the hardness values across the cross section of the AAD
5.6 sample is not entirely compatible with the observed grain size
variation. According to the Hall – Petch relation, there is a straight
relation between grain size and mechanical properties. This however is
not observed for the entire range of measured hardness values. In the
case of AAD 5.6 local correlation can be found (for instance for sample
areas E01, E02 and E03), on the other hand hardness in areas E05 and
E07 is increased in relation to E01-E03, but grain size is almost the
same.

Similarly, in the case of distribution of average KAM values, high
KAM is not associated with increased hardness, what would be expected
in areas with higher density of accumulated dislocations. This analysis
suggests that the microstructural features are not solely responsible for
the variation of mechanical properties on the Ti6Al4V cross section
after the AAD process, and therefore it is suspected that texture effects
are influencing the measured properties.

3.3. Microtexture

Local microtexture was analyzed using (101‾0) PF calculated from
the EBSD data collected in 9 areas on the Ti6Al4V sample cross-sec-
tions. Calculated PF are presented in Fig. 9. Both types of deformed
samples have certain degree of asymmetry introduced to the pole fig-
ures during the drawing process. Common feature in all figures is a
slight ellipticity of the central peak corresponding to {101‾0} fiber
component of the texture. The ‘elongation’ of the PF central peak is in
most areas oriented parallel to the radius of the wire. The introduction
of this scatter results in decreased intensity of the texture, with respect

Fig. 5. a) KAM analysis in grain size fractions, b)grain boundary density in AAD samples.
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to LIN 5.6M PF where the axial symmetry is retained. In the case of the
AAD 5.6, in addition to elongation of central peak, the secondary ring in
the PF is affected, and clearly there are two distinct regions with dif-
ferentiated character of introduced texture asymmetry. The biggest

qualitative changes in the PF are observed in the sample AAD 5.6 for
areas E01, E02, E03 and E08. These areas are associated with strain
softening. On the other hand, in the areas where PF is least affected
(E05, E06, E07) the measured hardness values are the closest to hard-
ness values of the initial sample INIT 6.2 (Fig. 8a). The asymmetry
parameters (error values) have been calculated for all analyzed PF
(Fig. 10a). The correlation with hardness distributions presented in
Fig. 8a can be clearly observed. Inhomogeneity of PF asymmetry
parameter is observed in the AAD 5.6 sample. On the other hand, in LIN
5.6 sample where no axially asymmetric deformation mode was applied
during the drawing process, the distribution of PF asymmetry para-
meter is relatively homogeneous.

4. Discussion

The observed increase in the PF asymmetry is connected to de-
formation softening both during the AAD and LIN drawing. In the case
of AAD 5.6 wire a correlation between (101‾0) PF asymmetry and
measured hardness value is presented in Fig. 8b.

Orientation dependence of hardness presented here is corroborated
by results published by Zambaldi et al. [17], where highest values of
indentation depth were observed for nanoindented α-titanium grains
close to [21‾ 1‾0] orientation. In the present study the softening is ob-
served in sample areas where {101‾0} fiber texture is partially rando-
mized resulting in increased intensity of [21‾ 1‾0] orientation component.

Fig. 6. Pole figures calculated from the EBSD crystal orientation data of the Ti6Al4V samples after different stages of the AAD process: INIT 6.2 (upper row); AAD 5.6
(middle row); AAD 4.8 (lower row).

Fig. 7. Logarithmic strain-true stress curves obtained from tensile test per-
formed on wires after subsequent stages of the AAD. Uniform elongation values
marked using the Consideré criterion.
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As mentioned before, during the drawing process the Ti6Al4V wire
is repeatedly deformed by tension in the drawing direction, which in-
volves activation of the prismatic slip. Because there is no change in the
deformation mode between consecutive passes through the drawing
dies, dislocation slip is activated on the same crystallographic planes
leading to increase in the texture intensity and rapid work hardening of
activated slip systems. This is observed in case of the LIN 5.6M pole
figure, where the asymmetry is the lowest, while the pole figure max-
imum intensity increases from 13 in INIT 6.2 (Fig. 6) to 15. It can be
assumed that in the AAD 5.6 sample in the areas where the highest PF
asymmetry is observed, additional texture components are introduced
during the AAD process due to the activation of additional deformation
modes. Since the stepped setup of the AAD is inherently asymmetric,
those additional texture components are introduced inhomogeneously
in the areas of the wire where the strain path change effect is most
pronounced. The Schmid factor analysis performed for the EBSD data
sets (Fig. 11) indicates that new grain orientations introduced in areas
characterized by high PF asymmetry and strain softening (E01-E03 and
E08) are more favorably oriented for112‾0 {101‾0} prismatic slip, as well
as for 112‾3 {112‾2} 2nd order pyramidal slip.

As presented in Fig. 11 a,d, additional grain orientations appeared
in the AAD 5.6 sample resulting in shift towards the high values on
Schmid factor distribution plots. This is especially visible in the case of
+c a pyramidal slip where additional high peaks appeared in the

Schmid factor distribution (Fig. 11d). On the other hand, the LIN 5.6

sample has almost identical distributions of Schmid factors in all
measurement areas, and the Schmid factor distributions are con-
centrated around lower values for the prismatic and pyramidal slip
systems.

Additional analysis was performed in an attempt to identify active
slip systems in the investigated Ti6Al4V alloy during the AAD proces-
sing. The TEM observation was conducted for samples extracted from
the area of AAD5.6 wire corresponding to the highest asymmetry
measured (E02). However due to the high density of accumulated lat-
tice defects (Fig. 12a) the exact analysis of dislocations type and density
through the HRTEM or the invisibility method [18] was not possible.
Next, the XRD analysis was performed on the transverse AAD 5.6
sample, and the modified Williamson - Hall method [19] was used for
the dislocation density estimation. In order to confirm the presence of
dislocation types the following three combinations of slip systems were
assumed: 1) basal a and prismatic a; 2) prismatic a and pyramidal
+c a {101‾1}; 3) prismatic a, pyramidal +c a {101‾1}, and pyramidal
+c a {112‾2}. The Williamson – Hall plots for each of these slip system

combinations are presented in Fig. 12 b-d. Dislocation densities and
calculated size of coherent domain for each combination are presented
in Table 1. The R-square parameters indicate that the best fit is obtained
when prismatic and both 1st and 2nd order pyramidal +c a slip sys-
tems are assumed. In case of only prismatic and 1st order pyramidal
+c a the fit is still relatively good, but R-square is decreased, while for

a prismatic and a basal the linear fit is significantly worse. The

Fig. 8. Analysis of mechanical and structural inhomogeneity on the cross sections of Ti6Al4V wires: a) Vickers hardness distribution; b) grain size distribution; c)
average KAM value distribution.

Fig. 9. Local microtexture variation on the cross-section surface of the Ti6Al4V samples after the AAD (left) and the linear/straight drawing (right). The pole figures
are calculated from the EBSD maps measured in areas E01-E08 (near the edge of wire) and in area M (in the middle of the wire).
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dislocation density obtained with the third assumed slip system com-
bination (Table 1) for alpha titanium is in agreement with values ob-
tained for alpha phase in alpha-beta titanium TC6 alloy [20] deformed
to similar strain as in the case of AAD 5.6 sample.

In the light of the analysis presented here, the increased plasticity
due to activation of +c a {112‾2} pyramidal slip, would be tempting yet

a controversial conclusion. The +c a on {112‾2} have been reported for
all hcp metals except for titanium and zirconium, with the inclusion of
the Ti6Al4V alloy where +c a dislocations have been observed mostly
on {101‾1} planes [21–24]. Nevertheless it was suggested by computer
simulations, and later shown experimentally that +c a dislocations can
glide on {112‾2}planes in titanium under shear stress conditions,

Fig. 10. a) Distribution of local pole figure asymmetry parameters for INIT 6.2, AAD 5.6 and LIN 5.6 samples; b) correlation between local mechanical properties
(hardness value) and local texture asymmetry parameter in AAD 5.6 sample.

Fig. 11. Schmid factor analysis in AAD 5.6 (a,b,d,e) and LIN 5.6 (c,f) samples. For clarity the Schmid factor distributions for AAD 5.6 prismatic (a,b) and pyramidal
(d,e) slip system are divided in the separate plots according to the measurement area. (For interpretation of the references to color in this figure legend, the reader is
referred to the Web version of the article.). (For interpretation of the references to color in this figure legend, the reader is referred to the Web version of this article.)

Fig. 12. a) TEM image of dislocations in titanium alpha grains (sample AAD5.6). Williamson – Hall plots for assumed slip system combinations: b) basal a and
prismatic a; c) prismatic a and pyramidal +c a {101‾1}; d) prismatic a, pyramidal +c a {101‾1}, and pyramidal +c a {112‾2}, where: K - the length of the diffraction
vector, b - the Burgers vector of dislocations., C – average contrast factor of dislocations in the case of a particular reflection, B – the parameter determined by the
effective outer cutoff radius of dislocations.
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corresponding to compression along the c axis, and specifically as ac-
commodation slips around deformation twins [25]. While in the
Ti6Al4V deformed by the AAD the twinning is not observed, conditions
where grains are compressed along the c axis are certainly met, as those
directions are parallel to the wire diameter which is being reduced. The
source and operation mechanism of +c a dislocations was also in-
vestigated in-situ in the transmission electron microscopy (TEM) na-
nocompression experiments [26], where +c a dislocation growth and
propagation was observed in grain with the Schmid factor for 112‾3
{112‾2} slip system at 0.45. On the other hand, mobility of +c a dis-
locations in the same study was reported as low, and their pileup was
connected to significant work hardening of the sample. It is, therefore,
difficult to conclude whether or not the +c a {112‾2} slip is involved in
the introduction of observed additional texture components. A detailed
TEM study of dislocation activity in the Ti6Al4V alloy after the AAD
process was beyond the scope of the current study but is considered to
further investigate the reported increase in plasticity.

5. Conclusions

The AAD process was successfully applied in order to deform the
Ti6Al4V wires at room temperature to ε ~0.51, which was previously
impossible using the conventional linear drawing technique. The in-
creased plasticity is attributed to application of deformation path
change during the AAD, resulting in activation of additional deforma-
tion modes. The changes of the deformation path are responsible for
introduction of additional texture components, and texture randomi-
zation. Resulting texture asymmetry has inhomogeneous distribution
across the cross section of the wire and is connected to inhomogeneous
sample softening due to application of the AAD process. The micro-
structure parameters such as average grain size and distribution, as well
as presence of subgrain structure quantified by KAM parameter was
shown to have less influence on hardness values than texture variation.
The continuous dynamic recrystallization process was suggested as a
possible mechanism influencing microstructure and texture evolution
during the AAD. In the areas with measurable sample softening, the
introduction of texture components with grain orientations more fa-
vorable for a prismatic and +c a pyramidal slip was observed.

Data availability

The raw/processed data required to reproduce these findings cannot
be shared at this time as the data also forms part of an ongoing study.
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