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In this work, we study the deformation behavior in amorphous/crystalline metallic composites (A/C-
MCs) through nanoindentation experiments and molecular dynamic (MD) simulations. The atomic 
deformation processes in both crystalline (C-) and amorphous (A-) phases near the amorphous-
crystalline interface (ACI) are investigated and correlated with the material’s overall constitutive behavior 
at the microscale. Our major findings are (i) the ACIs enable a co-deformation of the A- and C-phases 
through “stiffening” the soft phases but “softening” the stiff phases in A/C-MCs through different micro-
mechanisms; (ii) there exists an ACI-induced transition zone with a thickness of ~ 10 nm; (iii) the strong 
coupling between shear transformation zones (STZs) and dislocations can be quantified through 
carefully designed indentation experiments and simulations; and (iv) the nanoscale MD-simulation-
predicted mechanisms can be mapped to the “pop-in” or “excursion” events on the force–indentation 
depth curves extracted from microscale experiments, although there is a length-scale gap in between.

Introduction
Amorphous alloys, which are formed by rapid quenching to 
prevent crystallization [1–3], demonstrate limitless desirable 
properties such as high strength, high elastic properties, and 
corrosion resistance [4]. However, fast quench rates produce 
extremely brittle structures, limiting the practical use of such 
materials [5–9]. To tackle this issue, amorphous and crystalline 
metals can be integrated into one material system and leads to 
an amorphous/crystalline metallic composite (A/C-MC). The 
A/C-MCs combine the advantages of both crystalline (C-) and 
amorphous (A-) phases [5, 10] to expand the strength–ductility 
trade-offs by facilitating co-deformations near the amorphous-
crystalline interfaces (ACIs), resulting in a significant improve-
ment in strength and ductility [11, 12]. Understanding the effect 
of ACIs on the overall performance of such composite systems 
under different loading conditions has attracted great attention 
recently [13–19]. Nevertheless, the mechanisms responsible for 
the co-deformation of the A- and C-phases at the ACI remain 

not fully clear due to two main complexities: (a) there exists 
a structure transition from atomic-scale short-range order 
(SRO), to nanoscale medium-range order (MRO), and then 
to long-range microscale order (LRO) across the ACI; and (b) 
when such materials are under deformation, especially plastic 
deformation, the two different plasticity carries, dislocations in 
C-phases and shear transformation zones (STZs) in A-phases, 
are strongly coupled with each other [20]. In detail, the plastic 
flow near an ACI involves dislocation nucleation induced by 
the interaction between a shear banding and the ACI, and also 
STZs activation due to an interaction between dislocation-medi-
ated plastic flow and the ACI [11, 19]. The complex material 
microstructure near the ACI, together with the dislocation-STZ 
interplay, necessitates a proper characterization of such mate-
rial’s constitutive response near the ACI for understanding its 
atomistic-to-microscale deformation behavior.

In the past decades, an analysis of the co-deformation 
between the amorphous and crystalline phases in A/C-MCs 
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has been intensively attempted through both experimental [6, 
11, 12, 15, 18, 21–24] and computational [13, 14, 19, 25–28] 
efforts. For instance, in one of the most pioneering works, at 
the macroscale, Wang et al. [11] performed tensile tests on a 
typical A/C-MC, the multilayered Cu/CuZr nanolaminate, and 
found that it exhibits a combination of high strength and high 
ductility. These two properties usually contradict each other in 
traditional engineering materials. Wang et al. [11] attributed 
such a unique material property to the presence of the ACIs in 
Cu/CuZr. In details, they articulated that the ACIs act as the 
high-capacity sinks for the dislocations, i.e., the ACIs absorb the 
free volumes and energies carried by dislocations when plasticity 
flows from Cu to CuZr, although a direct experimental evidence 
to support this articulation is not provided in their work [11]. 
This leads to a series of nanoscale experimental studies of the 
interaction between dislocations and the ACIs in multilayered 
Cu/CuZr using high-resolution transmission electron micros-
copy (HRTEM) [22–24, 29]. Near the slip-ACI intersection in 
multilayered Cu/CuZr nanopillars under compression, it was 
found [22–24, 29] that the dislocations flowing from Cu to CuZr 
are not only absorbed by the ACIs as proposed in [11] but also 
induce a local crystallization, i.e., deformation-induced devitri-
fication (DID) of A-phases at the nanoscale. Zhang et al. [22–24, 
29] argued that such DID processes nearby the ACI significantly 
contribute to the overall performance of A/C-MCs and may 
“self-toughen” the material during deformation. By contrast, 
Guo et al. [18] were aware that, when correlating such nanoscale 
deformation mechanisms with the micro-/macroscale deforma-
tion behavior, the characteristic length scales of the material’s 
microstructure, e.g., the layer thickness in multilayered Cu/
CuZr, might also play an important role and need to be consid-
ered. Their experiments showed that in multilayered A/C-MCs 
under nanoindentation, the sharp propagation of shear bands 
near the ACI could only be suppressed when the thickness of 
the Cu layer was increased from 10 nm to 100 nm. There is no 
doubt that all the above experiments have largely advanced the 
understanding of the deformation behavior of A/C-MCs. Nev-
ertheless, the commonly agreed knowledge on the mechanisms 
responsible for the co-deformations of the A- and C-phases in 
A/C-MCs is still not established yet due to the lack of answers 
to a series of questions, such as (i) how does the ACI transfer 
the plastic flow from C- to A-phases and from A- to C-phases? 
(ii) is there a transition zone near the ACI? If such a transition 
zone does exist, at what length scale does it span? Nanometers, 
micrometers, or even above? Is it possible to control the plastic 
flow through a fine tune of the characteristic length scale, e.g., 
the layer thickness of C- and A-phases, of the material’s micro-
structure? (iii) how does such an ACI-induced transition zone 
affect the activities of dislocations or STZs? Answering these 
questions at a fundamental level necessitates computer simu-
lations as support for interpreting experimental observations.

Historically, the continuum-level computer simulations 
based on the theory of plasticity at the macroscopic level have 
enjoyed the most popularity in understanding how materials 
plastically deform. Traditional continuum theories are con-
cerned with the macroscopic phenomena in which the small-
est characteristic length is much larger than plasticity carriers 
such as dislocations or STZs. Therefore, a continuum model has 
a limited resolution and requires empirical constitutive rules 
for dislocation-/STZ-mediated plasticity and its interaction 
with the ACIs in A/C-MCs. For example, in a diffuse-interface 
model [30] for A/C-MCs, the material points in A-phases and 
C-phases are incorporated with localized slip events. In a recent 
phase-field model [31] of A/C-MCs, the localized plastic flow 
is treated as the collective behaviors of structural transforma-
tion. The model parameters for either localized slip events or 
collective behavior of structural transformations need to be 
pre-determined from experiments or fine scale, e.g., atomistic 
simulations. With the advent of high-performance computing, 
molecular dynamics (MD) has become a very powerful tool to 
study plasticity in crystalline as well as amorphous materials. 
MD simulations are not only capable of revealing mechanisms 
but also have the power to link interface structural details with 
interface properties, as well as to isolate the contributing factors, 
both of which are difficult to achieve in laboratory-scale experi-
ments. Over the past decades, as far as the deformation behavior 
of A/C-MC is concerned, extensive MD simulations [13, 14, 19, 
25–27] have been performed to gain knowledge that cannot be 
directly accessible to experiments. For instance, through MD 
simulation of Cu/Cu46Zr54 nanolaminates under uniaxial com-
pression, Arman et al. [19] showed that dislocation-mediated 
plastic slip in Cu, rather than the loading direction, dictated the 
orientation of the shear bands (SBs) in CuZr. This is different 
from traditional wisdom in that the orientation of SBs in amor-
phous phases is only determined by loading directions. In order 
to quantify the effect of the characteristic length scale, e.g., the 
thickness of C- and A-phases, on the constitutive response of 
A/C-MCs, Jian et al. [25] conducted an MD simulation of plas-
tic deformation of Cu/Cu64Zr36 under nanoindentation. One of 
their major findings is as follows: when the layer thickness was 
increased from several nanometers to tens of nanometers, there 
indeed exists a transition from inhomogeneous deformation to 
co-deformation of C- and A-phases. Obviously, MD simulations 
are capable of providing valuable information on advancing the 
understanding of the deformation behavior of A/C-MCs in 
experiments. However, it should also be fully aware that, due 
to a large length-scale gap between atomistic simulations and 
experiments, MD does not resolve all the aspects associated with 
the complexity of the A/C-MC’s deformation behavior yet. Great 
caution needs to be taken in experimental/computational model 
setup to achieve a reasonably good correspondence in between. 
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Otherwise, a direct interpretation of the experimental observa-
tions using MD results might be misleading.

As a preliminary attempt along this direction, through lever-
age of the strengths of MD and nanoindentation experiments, 
here we perform a series of experimental and computational 
analysis on how the ACI mediates the plastic flow in A/C-MCs 
with a primary focus on (a) mapping the atomistic deforma-
tion mechanisms to the material’s constitutive response, i.e., the 
force-indentation depth curves, near the ACI under indentation; 
and (b) quantifying the correlation between indentation depth, 
dislocation density, and the critical stresses required for dislo-
cation/STZ nucleation near the ACI. This paper is organized 
as follows. In “Sample preparation, experimental, and compu-
tational setup” section, the experimental sample preparation, 
the nanoindentation setup, the MD computer model, as well 
as the computational setup (sample preparations, interatomic 
force fields, boundary conditions, loading conditions, and so 
on) are introduced. Results from both experiments and MD, 
such as the force–indentation depth curves, the atomic structure 
evolution, and the measurement of the critical stress required for 
dislocation nucleation near the ACI, as well as their dependence 
on the distance away from the ACI, are discussed and analyzed 
in “Experimental and simulation results” section. In “Summary 
and discussion” section, the major findings, limitations of this 
work, as well as our future research are briefly summarized and 
discussed.

Sample preparation, experimental, 
and computational setup
In our experiments, an A/C-MC (Cu/Ni59Zr20Ti16Si2Sn3) sample 
is used to study the role of the ACI in the material’s response 
to the nanoindentation. This composite sample is fabricated by 
the warm extrusion technique [32]. The crystalline phase has an 
average grain size of 5.8 μm. Before the indentation, the sample 
is polished to remove any contamination and/or oxidation on 
the surface. Hysitron TI-950 TriboIndenter and a nanoDMA III 
transducer with a 90° cube-corner diamond indenter tip with a 
tip nose radius of 300 nm are used to perform all nanoindenta-
tion tests. All indentations are performed under load control 
mode with a constant strain rate continuous stiffness measure-
ment load function (CMX) with a 500 μN peak load at room 
temperature. The load profile has three segments. The first 
segment is performed at a constant loading rate of 16.67 μN/s, 
while a small oscillatory force is simultaneously superimposed 
to facilitate continuous measurement of the material response. 
Thereafter, in the second segment, the indenter is held at the 
peak load for 2 s before the unloading stage, which lasts for 5 s. 
We performed 15 indentation sets with 10 (on average) indents 
across the ACI at shallow angles to increase the spatial sam-
pling resolution across the ACI as well as to obtain a statistically 

significant dataset. To avoid possible interference of plastic zones 
of two consecutive indentations, the distance between indents 
is kept fixed at ~ 2.5 µm. To make sure this separation distance 
is sufficient, we measured the size of the plastic zone for several 
impressions according to the empirical relation proposed by 
[33]. Durst et al. [33] postulated that the radius of the plastic 
zone, RPZ , can be related to the contact radius, ac , through a 
scaling factor, f  , such that RPZ = fac . Here, the plastic zone size 
factor, f  , gives the average contribution of geometric necessary 
dislocations (GNDs) to the hardness increase at small depths, 
which is take to be 2.0 for the spherical tip [33]. The estimated 
plastic zone sizes were much smaller than the gap between adja-
cent impressions. To eliminate the spatial bias during the inden-
tations, we eliminate results of any wavy ACIs, retaining only 
data of planner interface, which amounted to more than 95% of 
all indentation testes. After all indentations are performed, the 
data are collected and averaged according to their spatial dis-
tance from the interface within the A- or C-phase, and thereby 
suppressing the measurement uncertainties.

In our MD simulations, due to the lack of a well-established 
interatomic potential for multi-component alloys and, in par-
ticular, for the Ni59Zr20Ti16Si2Sn3 system indented in our experi-
ments, we model the Ni60Zr20Ti20 amorphous system to approach 
the chemical composition of our experimental samples as close 
as possible. The interactions between species in the Ni60Zr20Ti20 
are modeled by the embedded atom method (EAM) potential 
from [34]. In addition, we used a different amorphous system 
of Cu64Zr36 as another reference material to test our hypothesis 
about the effect of the ACI on the mechanical response of A/C-
MCs. The adaptation of the Cu64Zr36 model is attributed to several 
reasons: (i) the CuZr-based A/C-MCs exhibit a combination of 
high-strength and high-ductility [11], which renders such alloy 
for potential structural and engineering applications; (ii) several 
interatomic potentials for this system have been derived and well 
developed [35–37], which can be directly deployed in our MD 
simulations without introducing additional uncertainties; and (iii) 
our previous atomistic models and results in [14] can be leveraged 
without duplicated efforts. Both Ni60Zr20Ti20 and Cu64Zr36 amor-
phous models are generated from a reference FCC single crystal 
of Ni and Cu atomic arrangements, with the proper concentration 
of each element such that a small cubic cell of 40 Å side length is 
constructed for each model. Thereafter, the constructed cells are 
heated up from 0 K to a temperature of 2000 K, relaxed for 500 ps 
at 2000 K, quenched from the melting to a temperature below the 
glass transition temperature, Tg, and relaxed for 500 ps. The cells 
are then annealed at sub-Tg (Tg is the glass transition temperature) 
for 600 ns before cooling them down to 300 K from the sub-Tg 
temperature. All the quenching and equilibration processes are 
performed under isothermal-isobaric (NPT) ensemble with zero 
external stress and periodic boundary conditions in all directions, 
as implemented in LAMMPS [38]. More details on the preparation 
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of the glassy model have been reported in [14]. Large cells are 
then obtained by replicating the prepared model along x-, y-, and 
z-directions. In this way, the replicated cell contains 5.86 × 105 
atoms. Thereafter, the replicated cells are annealed at temperatures 
below Tg to remove any residual stresses [14]. For the Ni60Zr20Ti20 
sample, the annealing temperature is 850 K (Tg = 900 K). In con-
trast, for the Cu64Zr36 sample, the annealing temperature is 700 K 
(Tg = 750 K). The annealed cells are then combined with single-
crystal Cu cells with a desired crystallographic orientation, as 
illustrated in Fig. 2a. Thereafter, the combined samples of Cu/
Cu64Zr36 and Cu/Ni60Zr20Ti20 are equilibrated for another 100 ps. 
The final computational cell is in a dimension of 25 × 50 × 13 nm3 
and contains 1.3 × 106 atoms. All simulations are conducted using 
LAMMPs [38] under NVT canonical ensemble at a temperature 
of 300 K. Periodic boundary conditions along x- and y-directions 
and traction-free boundary condition along z-direction (inden-
tation), as shown in Fig. 2a. The crystallographic orientation of 
the C-phase is also shown. To prevent the rigid-body motion of 
the whole sample in space, five atomic layers at the bottom of the 
sample (z = 0) are fixed. An EAM interatomic potentials [34, 37] 
and a time step of 2 fs are employed in the simulations. To simulate 
the material’s response to the indentation loading near the ACI, a 
rigid spherical indenter with a radius of 50 Å is used to indent the 
model along the vertical direction. During the indentation, the 
per-atom force induced by the indenter is expressed as follows:

(1)F(r) =

{

−K(r − R)2, r < R

0, r ≥ R
,

where R is the indenter radius, r is the distance between the atom 
and the center of the indenter, and K is a force constant, which 
is set to be 10 eV/Å2.

Several indentation simulations are performed on each 
model, with the indentation sites being at different distances 
away from the ACI. The load–displacement (F–h) curves are 
directly extracted from the simulations. The OVITO software 
[39] has been utilized to perform post-processing and to pro-
duce snapshots showing the atomic arrangements, the evolution 
of dislocation structures, as well as the activities of STZs.

Experimental and simulation results
The load–displacement curves

In this section, the load–displacement (F–h) curves extracted 
from the nanoindentation experiments and MD simulations are 
presented. In experiments, to assess the effect of the ACI, we 
performed several sets of indentations (the yellow-dotted line 
in Fig. 1a) under continuous stiffness measurements mode to a 
maximum load of 500 μN. Each indentation set has a shallow 
angle with the ACI (white-dashed line in Fig. 1a) to increase 
the spatial resolution of sampling the interface region [40] 
without overlapping each other. The indentation sets start in 
the amorphous glass region and cross the ACI to the crystalline 
phase, as shown in Fig. 1a. Several indents are also performed 
in the amorphous and crystalline phases (blue and green-circled 
regions in Fig. 1a) to compare the response of each phase close 

Figure 1:   Nanoindentation experiments on a sample A/C-MC system: (a) an illustration for the amorphous/crystalline interface (ACI) and the 
indentation sites on the sample. Two indentations (black and red circles) are located nearby the ACI (white-dashed line) such that the black circle 
denotes the indentation nearby the ACI from the crystalline region, whereas the red circle indicates the indentation site nearby the ACI from the 
amorphous phase. Two indentations (green and blue circles) are located far from the ACI such that the green circle denotes the indentation on the 
crystalline region and the blue circle represents the indentation site on the amorphous phase; (b) the corresponding force–indentation depth curves 
for the four selected indentation sites along with the elastic Hertzian fit (red-dashed lines with black circles). The inset in (b) is a magnified view for the 
elastic portion of the load–displacement curves where the deviation from the Hertzian contact fit can be clearly indicated at the first “pop-in” events.
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and far from the ACI on the same grain for the case of the Cu 
phase. Four corresponding F–h curves for the indentations at 
sites 1–4 are plotted in Fig. 1b.

In Fig. 1a, site-1 indicates an indentation site in the crystal-
line phase (Cu) (green circle), site-2 indicates an indentation 
site at the ACI near the crystalline region (black circle), site-3 
is an indentation site at the ACI on the side of the amorphous 
phase (red circle), and site-4 indicates an indentation site far 
away from the ACI in the amorphous region (blue circle).

Corresponding to the shift of the indentation sites from 
site-1, to site-2, to site-3, and then to site-4 (Fig. 1a), the local 
material’s constitutive responses underneath these four different 
sites significantly differ from each other, as shown in Fig. 1b. 
Our several major findings are as follows: (i) when the mate-
rial is indented at sites far away from the material interface 
(d/R > 10 ), where d is the distance from the indentation site 
to the ACI, the effect of the ACI on the material’s constitutive 
response is considered to be minor. A comparison of the green 
curve (site-1, micrometers away from the ACI, an indentation 
on the Cu side) and the blue curve (site-4, also micrometers 
away from the ACI, but indentation on the BMG side) in Fig. 1b 
shows that the amorphous phase, i.e., Ni59Zr20Ti16Si2Sn3, in this 
sample is significantly stiffer than the crystalline Cu. Quantita-
tively, from the blue and green curves in Fig. 1b, the modulus 
of the amorphous and crystalline Cu phases are estimated from 
nanoindentation away from the interface to be 139 ± 5.6 GPa 
and 104 ± 5 GPa, respectively. Here, modulus values are the aver-
age values of the steady-state portion of the modulus–indenta-
tion depth curves obtained from the continuous measurements 
during the indentation process. One standard deviation is also 
noted. This is not surprising because the modulus of a bulk 
Ni59Zr20Ti16Si2Sn3 is indeed larger than that of crystalline Cu; 
(ii) when the material is indented at sites very close to the inter-
face (d/R < 1 ), the presence of ACI may largely alter the mate-
rial’s constitutive response. For instance, the Cu very close to 
the ACI can be much stiffer than the Cu far away from the ACI. 
This can be concluded by comparing the black curve (measured 
from indentation experiments at site-2) with the green curve 
(measured from indentation experiments at site-1 in Cu phase) 
in Fig. 1b. Similarly, when comparing the red curve and the blue 
curve in Fig. 1b, we found that the amorphous phase very close 
to the ACI is significantly “softer” (site-3, red curve) than its 
counterpart (site-4, blue curve in amorphous phase) far away 
from the ACI. Overall at the scale of the experiment, the ACI 
seems to have “stiffened” the soft phase (Cu here) but “softened” 
the stiff phase (amorphous phase here) instead. Quantitatively, 
we also measured the critical force, i.e., the force at the first 
displacement excursion where the load–displacement curve 
deviates from the Hertzian fit (indicated by light blue lines in 
the inset of Fig. 1b). When the indentation site is located on 
the crystalline Cu side, this critical force might be used to cal-
culate the critical shear stress required to nucleate a homoge-
neous dislocation loop, τcr , underneath the indenter (see more 
details in “The critical stresses, τcr, and the dislocation density 

Figure 2:   MD simulation of the deformation in Cu/Ni60Zr20Ti20 under 
indentation at a series of different sites: (a) the computer model 
setup. The gray atoms stand for the crystalline phase (single-crystal 
Cu), and the red, blue, and yellow atoms refer to Ni, Zr, and Ti species, 
respectively, in the amorphous phase. Nineteen indentations were 
performed on the crystalline and amorphous phases at different 
distances from the ACI (white-dashed line); Two indentations (2 and 
3) are located at 20 Å from the ACI in the crystalline and amorphous 
phase, respectively. Two indentations (1 and 4) are located at 80 Å from 
the ACI in the crystalline and amorphous phase, respectively; (b) the 
corresponding force–indentation depth curves for the four selected 
indentation sites along with the elastic Hertzian fit (red-dashed lines 
with black circles); (c) the corresponding force–indentation depth curves 
for the four selected indentation sites along with the elastic Hertzian fit 
for the Cu/Cu64Zr36 sample. The inset in (b) and (c) is magnified views for 
the elastic portion of the load–displacement curves where the deviation 
from the Hertzian contact fit can be clearly indicated at the first “pop-in” 
events.
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in the sample under indentation at τcr” section). When the 
indentation site shifts from site-1 to site-2 and site-3, the criti-
cal force increases from 18 µN at site-1 in the crystalline Cu to 
62 µN and 154 µN, respectively. The critical indentation depth, 
at which the critical force has occurred, also increases as the 
indenter approaches the ACI. In detail, it increases from 4.7 nm 
at site-1 to 8.4 nm and 13.9 nm at site-2 and site-3 nearby the 
ACI, respectively; (iii) there clearly exists a finite-sized transition 
zone near the ACI, and this transition zone is believed to play an 
important role in enabling a co-deformation of crystalline and 
amorphous phases in A/C-MCs.

In order to provide a direct evidence to support that such 
a transition zone near the ACI does exist, here we also per-
form MD simulations to investigate the material’s constitutive 
response at a series of indentation sites with different distances 
away from the ACI. Figure 2a shows our MD model setup for a 
bi-layered Cu/Ni60Zr20Ti20 sample, which is also similar to the 
Cu/Cu64Zr36 sample. Different from many existing MD simula-
tions where an ultrahigh cooling rate at a level of 107–1013 K/s 
is used for preparing the amorphous phases in such materi-
als, here, the amorphous phases of Cu64Zr36 and Ni60Zr20Ti20 
are prepared at an experimentally comparable cooling rate of 
104 K/s as described in detail in Ref. [14]. An indentation load-
ing is imposed at a series of indentation sites (Fig. 2a) with dif-
ferent distances away from the ACI, at a constant indentation 
velocity of 0.05 (Å/ps) which is equal to 5 (m/s). To investigate 
the effect of loading rate, we performed indentations at four 
different indentation velocities ranging from 1 to 20 m/s. Our 
results reveal that the loading rate has a negligible effect on the 
elastic responses of the tested sample as well as the location 
of the first “pop-in” events. However, when the comparison 
between computer simulations and experiments becomes a pur-
pose, the indentation speed needs to be carefully controlled in 
MD. Given the micrometer-level sample size and the low inden-
tation speed (16.67 μN/s, which corresponds to an indenter 
velocity in the range of 1–5 nm/s) in our current nanoindenta-
tion experiments, we consider our experimental samples to be 
deformed in a quasi-static manner. Thus, to approximate such 
a loading condition, although an indentation speed of 5 m/s 
has been applied in our MD simulations, the simulation cell is 
allowed to relax for a duration of 10 ps after each unit increase of 
the indentation depth to mimic a quasi-static loading strategy. In 
this way, the simulation cell is considered to be in an equilibrium 
state during the whole indentation process.

Figure  2b–c shows the force–indentation depth curves 
extracted from a series of MD simulations of Cu/Ni60Zr20Ti20 
and Cu/Cu64Zr36, respectively, under indentation at a variety of 
sites on both crystalline and amorphous sides. It is seen that: (i) 
again, when the indentation site is away from the interface, e.g., 
8 nm (site-1) away from the ACI in this nanoscale MD model 
(d/R = 1.6 ), the effect of the ACI on the material’s constitutive 

response to the indentation loading is negligible. Thus, the 
force–indentation depth curves extracted from MD simulation 
at site-1 (blue curve) and site-4 (purple curve) are considered to 
be for bulk crystalline Cu and either of the glassy phases, respec-
tively. Different from Ni59Zr20Ti16Si2Sn3 in our experiments where 
the amorphous phase has a larger modulus than crystalline Cu, 
here the amorphous Ni60Zr20Ti20 phase (purple curve) in our 
MD models, while stiffer than the Cu64Zr36, are obviously less 
stiff than the crystalline Cu phase (blue curve). This seems to be 
counter intuitive and may not be consistent with some experi-
mental observations [41–43] but agrees well with the results from 
many existing MD simulations [13, 44–48], which use the same 
empirical potentials and cooling rates; (ii) on the side of the stiffer 
phase (Cu in MD models), when the indentation site gets closer 
to the ACI, i.e., a shift from site-1 to site-2, and then to site-3 
(Fig. 2a) (d/R < 1 ), the slopes, the critical forces as well as the 
critical depths (indicated by the deviation from Hertzian contact 
response and/or the ‘excursions’ in the inset pictures of Fig. 2b–c) 
on the force–indentation depth curves decrease (Fig. 2b–c). Simi-
larly, on the side of the softer phase (Ni60Zr20Ti20 or Cu64Zr36 in 
MD models), the slopes, the critical forces, as well as the criti-
cal depths (indicated by the ‘excursions’ in the inset pictures of 
Fig. 2b–c) on the force–indentation depth curves, also decreases 
(yellow and purple curves in Fig. 2b–c) when the indentation site 
approaches the ACI by shifting from site-4 to site-3. Clearly, this 
result confirms our experimental finding on “the ACI stiffens the 
soft phase (Ni60Zr20Ti20 or Cu64Zr36 in MD models) but softens the 
stiff phase (Cu in MD)”; (iii) a finite-sized transition zone nearby 
the ACI can be, thus, also identified from our MD simulations 
within the range of −1 < d/R < 1 . Although the transition zone 
spans a significantly less physical space than that in experiments 
due to a length-scale mismatch between our current nanoscale 
MD simulations and microscale indentation experiments, when 
normalized with the indenter radius, the transition zone spans a 
similar relative range of d/R ratio for both cases.

The critical stresses, τcr, and the dislocation density 
in the sample under indentation at τcr

In order to quantify the size of the transition zone near the ACI as 
well as the effect of the ACI on the material’s behavior, dislocation 
nucleation, or STZ activation, for instance, here in our nanoin-
dentation experiments and MD simulations, we measure the criti-
cal shear stress, τcr , together with the corresponding dislocation 
density,ρ, at each indentation site in the Cu phase. As mentioned 
before, the critical shear stress, τcr , which occurs when the force 
underneath the indenter reaches a critical value corresponding to 
the first dislocation excursion noted by deviation from the initial 
Hertzian contact. The corresponding τcr can be calculated from the 
elastic Hertzian contact, using Eq. (2) [49–51] as follows:

(2)τcr ≈ 0.31

(

6E2

π3R2
Fcr

)1/3

,
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where E is the reduced modulus (in our experiment 
E = 105GPa ; in our MD simulation E = 67GPa for the 
C-phase), R is the radius of the indenter (in our experiment 
R = 300nm ; in our MD simulations R = 5nm ), and Fcr is the 
critical force at the deviation from Hertzian contact or first 
excursion in both experiment and MD.

In MD simulations, the reduced modulus values were cal-
culated based on the linear fitting of the upper one-third of the 
unloading curves at each indentation site using the Oliver-Pharr 
method [52]. The modulus value of 67 GPa is for the bulk single-
crystal copper (i.e., far from the ACI).

We then assess the dislocation density underneath the 
indenter in both the experimental setup and the MD simula-
tion as a function of proximity from the ACI. In experiments, 
we utilize the continuum-level theories [33, 53–55] to relate the 
macroscopic hardness of the material, H, with the density, ρ, of 
dislocations underneath the indenter through a Taylor harden-
ing model [55] using von Mises’ rule [53] and Tabor’s factor of 3 
to correlate the hardness and flow stress [33, 54]. First, the hard-
ness is directly measured from the continuous stiffness measure-
ments mode to calculate the actual contact depth. We evaluate 
the hardness first from Fcr and the corresponding contact area, 
Ac , such that

The corresponding dislocation is then calculated from the 
correlations:

where σ is the normal flow stress, τ is the shear flow stress, µ is 
the shear modulus, which is estimated to be 26 GPa for Cu single 
crystal, α is a constant and taken to be 0.5 in our model [56], b is 
the magnitude of Burger vector, which is 2.55 Å for Cu (in our 
calculations), and ρ is the total dislocation density.

Here, the shear modulus is obtained by utilizing the rela-
tion between Young’s modulus, E , Poisson’s ratio, ν , and the 
shear modulus, µ , such that µ = E/2(1+ ν) . In our study, we 
use the reported value in the literature of Poisson’s ratio of cop-
per of 0.35 [57, 58]. In MD simulations, we use the Dislocation 
Extraction Algorithm (DXA) embedded in OVITO software 
[39] to extract the total length of the dislocation underneath 
the indenter at the critical indentation depth (depth at the criti-
cal force). The dislocation density is obtained by dividing the 
dislocation length by the volume of the cell. Furthermore, we 
extended the same procedure highlighted by Eqs. (3, 4) to get 
the projected dislocation density right after nucleation in MD. In 
detail, we measure the contact area in LAMMPS by checking the 
in-contact atoms with the indenter at each time step. We then 

(3)H =
Fcr

Ac

(4)
H ≡ 3σ = 3

√
3τ

= 3
√
3αµb

√
ρ

calculate the highest and lowest z coordinates of the in-contact 
group of atoms. By subtracting the lowest z from the highest z, 
we obtained the true contact depth, hc . Thereafter, the area of 
the spherical cap produced by the indenter is computed at each 
time step such that Ac = 2πRhc . Ultimately, by implementing 
the hardness values obtained using Eq. (3) into Eq. (4), we can 
approximately estimate the total density of dislocations involved 
in the plastic zone underneath the indenter. We found that the 
obtained dislocation density from the DXA algorithm and that 
from Eq. (4) was in good agreement.

The critical shear stress, τcr , required for dislocation nuclea-
tion in Cu phases, the inverse of the dislocation density, ρ−1 , 
underneath the indenter at τcr , as well as the distance, d , between 
the indentation site and the ACI, are correlated with each other 
in Fig. 3. In this figure, the data from both experiments and 
MD simulations have been included. Figure 3 shows that (i) in 
experiments, τcr increases with the decrease of distance d from 
the ACI. This is reasonable because, as discussed before, in a 
Cu/Ni59Zr20Ti16Si2Sn3 system, “the ACI has stiffened the soft 
phase”, i.e., Cu, nearby; and (ii) in MD simulations, τcr decreases 
with the decrease of d instead. This is also consistent with our 
previous argument on “the ACI has softened the stiff phase, i.e., 
Cu, in Cu/Ni60Zr20Ti20 and Cu/Cu64Zr36 systems.” Quantita-
tively, in experiments, τcr increases from 2.2 to 3.7 GPa when 
the indentation site is shifted from d ≈ 5.8 μm to d ≈ 0.17 μm 
or d/R shifted from 14.5 to 0.425. In contrast, in MD simula-
tions of Cu/Cu64Zr36, τcr decreases from 4.8 to 3.3 GPa when 
the indentation site is shifted from d ≈ 8.0 nm to d ≈ 0.5 nm (d/R 
shifted from 1.6 to 0.1). The dislocation density remains con-
stant far from the ACI for as indicated from the experiment 
and MD simulations, as shown in Fig. 3. Both experimental 
and MD simulation results presented here for the same range 
of d/R ratio, though with different spatial resolution, suggest 
that, through correlating the critical stress, τcr, with the distance, 
d, between the indentation site and the ACI, high-throughput 
nanoindentation tests may be utilized to assess the thickness of 
an ACI as well as its quantitative effect on the material’s local 
constitutive behavior. Also, although there exists an agreement 
between our current experiments and MD simulations, such an 
agreement is only qualitative at this stage and should be taken 
with caution. A quantitative agreement between our current 
simulations and experiments has not been achieved yet due to 
the limited length scales in MD. This is also one major reason 
why the critical stress, τcr, and also the dislocation density, ρ, 
in our simulations are significantly higher than that in experi-
ments (Fig. 3). Furthermore, it can be noted that the critical 
shear stress of the Cu phase in the Cu/Ni60Zr20Ti20 system (blue 
crosses in Fig. 3) is slightly higher than the stress of the same 
phase in the Cu/Cu64Zr36 system (red circles in Fig. 3). Such dif-
ference is attributed to the difference in the two EAM potentials 
used in our study [34, 37].
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To fill the length-scale gap between MD and experiments, 
a multiscale computer model, e.g., the recent concurrent atom-
istic-continuum (CAC) model [59–69] that can simultaneously 
resolve the long-range dislocation-mediated plasticity and the 
atomic-level complexities nearby the ACI, is needed and will be 
discussed in “Summary and discussion” section.

As a preliminary attempt of using the obtained data to 
quantify the thickness of an ACI, Fig. 4a and b presents the 
experimental and computational results, respectively, to cor-
relate the critical shear stress, τcr, with the distance, d, between 

the indentation site and the ACI. Here, d is normalized by the 
radius, R, of the indenter to achieve a dimensionless comparison 
between MD and experiments. Figure 4 shows that, according 
to the level of critical shear stress, the whole A/C-MC sample 
can be clearly split into three regions. This includes two bulk 
regions (crystalline and amorphous), where the ACI serving as 
a finite-sized transition zone between C- and A-phases can be 
clearly identified. In this zone, the shear stress distribution has 
the maximum variance. As we utilized two different interatomic 
potentials for the Cu/Cu64Zr36 [37] and Cu/Ni60Zr20Ti20 [34] 

Figure 3:   The variation of the 
critical shear stress with respect 
to the inverse of the density, ρ, 
of dislocations underneath the 
indenter at different distances, 
d, away from the ACI (top scale; 
Right experiment in μm, Left 
MD in nm). The black boxes with 
error bars in the plot represent 
the experimental data, and red 
circles and blue crosses stand 
for data from MD simulations for 
Cu/Cu64Zr36 and Cu/Ni60Zr20Ti20, 
respectively. Experimental data are 
averaged, and errors bar with ± 1 
standard deviation from the mean 
superimposed on the data points.

Figure 4:   The variation of the critical 
shear stress, τcr, as a function of the 
distance away from the ACI. Here 
the distance, d, is normalized by 
the radius, R, of the indenter tip. (a) 
Acquired trend from experiments. 
Experimental data are averaged on 
multiple indentation lines across 
ACI, with one standard deviation 
shown. (b) Acquired trend from MD 
simulations for Cu/Cu64Zr36 and 
Cu/Ni60Zr20Ti20, over approximately 
the same normalized range, 
though with very different spatial 
resolutions.
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systems, the critical shear stress of the Cu phase in the two sys-
tems is slightly different, as shown in the Cu side in Fig. 4b. It 
is also worth pointing that the modulus of the Ni60Zr20Ti20 is 
higher than Cu64Zr36 which leads to an increase in the shear 
stress, as shown in the amorphous side in Fig. 4b. Based on our 
MD simulation results, as shown in Fig. 4b, the thickness of 
this zone can be estimated to be ~ 10 nm. By contrast, in experi-
ments, due to the limited number of data points and limited spa-
tial resolutions, we cannot accurately measure the ACI’s thick-
ness yet. However, we may still project an interface thickness 
from a numerical calibration of the hardness and moduli near 
the ACI as illustrated in [40], where the thickness of a transition 
zone near a polymeric interface was measured through nanoin-
dentation tests. Using a scaling law in [40], the experimentally 
estimated thickness of ACI in Fig. 4a could be in the order 
of ~ 100 nm, which is an order of magnitude larger than that 
from the present MD simulations but can be achieved through 
CAC simulations [59–69]. Though, several critical observations 
can be highlighted, especially for the Cu/Cu64Zr36 system. (i) In 
the C-phase, a gradual reduction of τcr can be observed as the 
indentation site is nearing the ACI for d/R < 1. This could be 
attributed to an ACI-induced stress concentration, which would 
reduce the dislocation nucleation barrier. Such trend cannot 
discreetly be observed in the experiment due to the resolution 
limitations. (ii) In the A-phase, a slight increase in τcr could 
be identified within d/R < 0.5. This might be attributed to the 
increase in randomness near the interface and thereby increase 
the stress level required for nucleation of STZs near the ACI. We 
have not been able to clearly identify these trends in the experi-
mental measurements due to the lack of measurement resolution 
and disparity in scales. These trends might also be identified in 
Fig. 4b for the Cu/Ni60Zr20Ti20. However, since both the A- and 
C- phases have exhibited similar levels of τcr, a clear trend could 
not be assertively identified.

Mapping the atomistic mechanisms to the constitutive 
responses of A/C‑MCs

In this part, leveraging the strengths of MD simulations, we 
attempt to establish a correlation between the atomistic-sim-
ulation-predicted mechanisms and the material’s constitutive 
response characterized from our nanoindentation experiments 
for A/C-MCs. In particular, the atomic process of the disloca-
tion–STZ interaction and its reflections on the force-indentation 
depth curves is analyzed in great detail. Figure 5a presents the 
force–indentation depth curve from nanoindentation experi-
ments with the indentation site being located at site-1, as shown 
in Fig. 1a. There clearly exist several excursions (circled by the 
dash lines in Fig. 5a) on the force–indentation depth curve. 
Since the indentation loading is applied on the crystalline 
Cu side, the first excursion (circled by the black dash line) is 

believed to be caused by dislocation nucleation underneath 
the indenter, as shown in Fig. 5c–f. Once dislocations nucleate, 
with the increase of the indentation depth, they migrate away 
from the region underneath the indenter, and some eventually 
arrive at the ACI, as shown in Fig. 5d–g. When the dislocation-
mediated plasticity flows into the amorphous phases, STZs may 
be activated, shown in Fig. 5e–i. Correspondingly, the second 
excursion (circled by the blue dash line in Fig. 5a) appears.

An argument that the 2nd excursion is for STZ activation 
and the 1st excursion is for dislocation is based on a clear obser-
vation on the force–indentation depth curve: the occurrence of 
the 2nd excursion spans a significantly larger indentation depth 
increase than the 1st excursion does. This is reasonable because 
the activation volume of STZ is significantly larger than that of 
dislocations. As further evidence to support this interpretation, 
Fig. 5b-i presents the MD-simulation-predicted force–indenta-
tion depth curve, the dislocation structure evolution, and also 
the STZ activation upon the dislocation’s arrival at the ACI, 
respectively. Similar to what has been observed in Fig. 5a, two 
excursions (one for dislocation nucleation, the other is for STZ 
activation) are also seen on the force–indentation depth curve 
from MD (Fig. 5b). Corresponding to the 1st and the 2nd excur-
sions in Fig. 5b, c–g present the dislocation nucleation under-
neath the indenter and the structures of dislocations when they 
start interacting with the amorphous phases. When dislocations 
are absorbed by the ACI, STZs can be activated, as shown in 
Fig. 5e–i. The above analysis also suggests that when the C-phase 
in an A/C-MC is indented, STZs may be activated with the dis-
location-mediated plasticity flow from C- to A-phase.

Based on the above result, an immediate hypothesis that 
we can make is: when the A-phase in an A/C-MC is indented, 
dislocations may be activated with the STZ-mediated plasticity 
flow from A- to C-phase. Both nanoindentation experiments 
and simulations have been performed to test this hypothesis. 
The relevant results are presented in Fig. 6. In Fig. 6a (experi-
mental results) and Fig. 6b (MD simulation results), when the 
A-phase is indented, the first notable excursion (black-dashed 
ellipse in Fig. 6a and b) is believed to be caused by the activation 
of STZs underneath the indenter. This can be clearly evidenced 
in the snapshots of the atomic arrangements from MD simu-
lations at an indentation depth of 10 Å (Fig. 6c–e). With the 
increase of the indentation depth, the second burst occurs on 
the force–indentation depth curve and is believed to be caused 
by dislocation nucleation in the A-phase upon the arrival of the 
STZ-mediated plasticity at the ACI (Fig. 6d–f).

Overall, there obviously exists a good correspondence 
between our nanoscale MD simulations and microscale indenta-
tion experiments, although this correspondence is only qualita-
tive at this stage. In this work, again, due to the length scale and 
spatial resolution gaps between MD and experiments, a quan-
titative agreement, indentation forces, and depths in particular, 
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between experiments and computer simulations have not been 
achieved yet but will be intensively pursued in our future work 
through the deployment of a concurrent atomistic-continuum 
approach [59–69].

Summary and discussion
In this paper, we present a combined experimental and com-
putational analysis on how the buried material interface 
mediates the plastic flow in amorphous-crystalline metallic 
composites under nanoindentation. We have (i) characterized 

the local constitutive behavior of the materials nearby the 
ACI through extracting the force–indentation depth curves 
through both experiments and simulations; (ii) measured 
the critical stress required for dislocation nucleation when 
the crystalline phase in A/C-MC is indented at sites nearby 
the ACI; and (iii) mapped the atomistic-simulation-revealed 
deformation mechanism to the force–indentation depth 
curves obtained from indentation experiments. Our sev-
eral major findings are (1) a co-deformation of the C- and 
A-phases can be achieved because the ACI “stiffens” the soft 
phase but “softens” the stiff phase in an A/C-MCs; (2) there 

Figure 5:   The atomistic-simulation-based mechanism for the dislocation-assisted STZ activation and its connection with the material’s constitutive 
behavior characterized in experiments: (a) the force–indentation depth curve from an indentation experiment on the Cu side at a site of 0.17 µm 
( d/R = 0.425 ) away from the ACI (the black circle in Fig. 1a); (b) the force–depth curve from molecular dynamics (MD) simulation of indentation on the 
Cu side at a distance of 8 nm away ( d/R = 1.6 ) from the ACI; (c–d) and (f–g) are two sets of snapshots from MD simulations for Cu/Cu64Zr36 and Cu/
Ni60Zr20Ti20, respectively, of dislocation (light blue atoms) and stacking fault (green atoms) structure evolution in Cu underneath the indenter at site-1 
with an indentation depth of 6 Å and 10 Å, respectively. Here only the atoms participating in dislocations and stacking faults are displayed through 
coloring them using the centrosymmetry parameter; and (e and i) the activation of STZs in the Cu64Zr36 and Ni60Zr20Ti20, respectively, when the 
dislocations arrive at the ACI. Here, the atoms are encoded with the atomic-level von Mises strain implemented in OVITO. The atoms with a strain of 0.2 
and above are considered participating STZs.
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exists an ACI-induced transition zone in compromising the 
properties of C- and A-phases in between. According to our 
MD simulations, the finite thickness of this transition zone 
is at a level of ~ 10 nm. This, of course, needs to be further 
confirmed from high-fidelity experiments and will depend 
on material chemistry, processing conditions, and many 
other factors; and (3) when the dislocation-mediated plastic-
ity flows from the C- into the A-phase, STZs can be activated, 
and vice versa, when the STZ-mediated plasticity flows from 
the A- into the C-phase, dislocations may be nucleated. Such 
a two-way coupling between dislocations and STZs has been 

confirmed by our MD simulations and also reflected on the 
force–indentation depth curves extracted from experiments.

The knowledge gained from this research may be utilized 
to advance the understanding of the deformation behavior of 
A/C-MCs and, in turn, provide support for designing such 
material systems with an optimized property. However, it 
should be taken with caution due to several major limita-
tions of this work: (1) the chemistry of the material system 
in the present experiment (Cu/Ni59Zr20Ti16Si2Sn3) is differ-
ent from that in MD simulations in (Cu/Ni60Zr20Ti20) and 
(Cu/Cu64Zr36). The material chemistry mismatch may have 

Figure 6:   The atomistic-simulation-based mechanism for the STZ-induced dislocation nucleation and its connection with the material’s constitutive 
behavior characterized in experiments: (a) the force–indentation depth curves from an indentation experiment on the Ni59Zr20Ti16Si2Sn3 side at 
a site of 0.2 µm away from the ACI (the black circle in Fig. 1a); (b) the force–depth curve from molecular dynamics (MD) simulation of indentation 
on the amorphous side at a distance of 2 nm away from the ACI; (c-e) one snapshot from MD simulations showing the activation of STZs when the 
amorphous phase in Cu/Cu64Zr36 and Cu/Ni60Zr20Ti20, respectively, is under indentation. Here, the atoms are encoded with the atomic-level von Mises 
strain implemented in OVITO. The atoms with a strain of 0.2 and above are considered participating STZs, and (d–f ) the dislocation (light blue atoms) 
and stacking fault (green atoms) structure evolution in Cu when the STZ-mediated plastic flow arrives at the ACI. Here only the atoms participating in 
dislocations and stacking faults are displayed through coloring using the centrosymmetry parameter.
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introduced uncertainty when comparing experimental results 
with that from MD. Such uncertainty might be suppressed 
through (a) performing MD simulations of deformation in 
Cu/Ni59Zr20Ti16Si2Sn3 once a reliable interatomic force field 
is established for such a complex system or (b) fabricating 
the Cu/Cu64Zr36 materials and conducting the correspond-
ing in-house indentation experiments. This is currently being 
attempted through a collaboration with DOE Ames Labora-
tory and will be reported in our future work; (2) the length 
scale (sample size, indenter size, etc.) in the present nanoscale 
MD model is significantly smaller than that in experiments. 
The properties obtained by such nanoscale MD obviously 
do not necessarily reproduce the values in experiments due 
to its severe spatiotemporal limitations. In particular, the 
MD model contains only two layers with a layer thickness 
of ~ 13 nm (in the z-direction). Such atomistic models (a) will 
not be able to predict the overall performance of A/C-MCs 
because each ACI in such materials does not exist in isolation 
and its evolution depends on the surrounding microstruc-
tures; (b) will enforce the absence of dislocation arrays and 
will only allow the confined slip mediated by single dislo-
cations gliding in C-phases. Such MD models alone, thus, 
can neither model the complex microstructure nor predict 
its macroscale constitutive responses. Understanding the 
plastic deformation in A/C-MCs necessitates experimentally 
validated multiscale simulations to overcome many inherent 
limitations in continuum and fully atomistic models. This will 
be attempted and reported through the deployment of our 
concurrent atomistic-continuum method [59–69].
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