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Abstract 

A series of sustainable aliphatic polyester thermoplastic elastomers (APTPEs) consisting of multi-

arm star polymers with arms of poly(L-lactide)-b-poly(-methyl-ε-caprolactone), were 

investigated and compared to analogous linear poly(L-lactide)-b-poly(γ-methyl-ε-caprolactone)-

b-poly(L-lactide) triblock polymers. Linear analogues with comparable arm molar mass and 

comparable overall molar mass were synthesized to distinguish architectural and molar mass 

effects. Overall, the star block polymers significantly outperformed their linear analogues with 

respect to ultimate tensile strength and tensile toughness, exhibiting more pronounced strain 

hardening than corresponding linear APTPEs. The stars exhibited high ultimate tensile strengths 

(~33 MPa) and large elongations at break (~1400 %), outperforming commercially relevant, 

petroleum-derived, and non-degradable styrenic TPEs. The star polymers also exhibited superior 
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recovery characteristics during cyclic strain cycles and reduced stress relaxation compared to the 

linear APTPEs, highlighting the impact of architecture on improved TPE mechanical properties. 

Dynamic mechanical thermal analysis suggests that the star architecture increases the usage 

temperature range does not negatively influence processability, an important feature for future 

applications. Overall, this work illustrates that simple and convenient changes in the 

macromolecular architecture in sustainable APTPEs results in materials with greatly enhanced 

mechanical properties. A comprehensive understanding of the relationship between polymer 

architecture and mechanical properties can be capitalized on to develop property-specific and 

industrially relevant sustainable materials.  
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Introduction 

Due to their low cost of manufacturing, versatile properties, and ability to undergo rapid 

(re)processing, thermoplastic elastomers (TPEs) are used in applications ranging from adhesives 

to personal care products. The most common architecture for TPEs is that of a linear ABA triblock 

polymer, where the A end blocks consist of a hard (high glass transition (Tg) or high melting 

temperature (Tm)) polymer, while the B midblock is a soft (low Tg) and rubbery polymer.1 

Characterized by their high tensile strength, tunable modulus, and efficient elastic recovery, TPEs 

behave similarly to chemically crosslinked elastomers at their usage temperatures. These 

elastomeric properties are a direct result of microphase separation, where the A blocks, which 

make up the minority component, form discrete hard domains within a matrix of the rubbery B 

component;1 the hard domains act as anchors that physically crosslink the rubbery midblocks. 

Additionally, any trapped entanglements in the rubbery domain act as effective cross-links, further 

enhancing elastomeric behavior and material strength.2  

The majority of commercial TPEs are petroleum-derived, typically containing hard 

polystyrene (PS) end blocks and either a polybutadiene (PB) or polyisoprene (PI) midblock.1,3,4 

Significant research has been devoted to the development of sustainable alternatives to 

petrochemical-based TPEs that improve upon both renewability and degradability.5–14 Previous 

aliphatic polyester TPEs (APTPEs) of poly(L-lactide)-b-poly(γ-methyl-ε-caprolactone)-b-poly(L-

lactide) (PLLA–PMCL–PLLA) reported by our group exhibited ultimate tensile strengths (B) 

and elongations at break (B) comparable to commercial incumbents.1,9 However, while these 

materials showed promising stress-strain behavior, they had an undesirable stress relaxation 

behavior in the strained state at moderate temperatures.  



 

 4 

Stress relaxation can be caused by chain pullout, where the A end-blocks are forced from 

the hard domains into the rubbery B phase upon deformation.15 The extent of this chain pullout is 

temperature-dependent and increases significantly as the system approaches the glass transition 

temperature of the hard blocks (Tg,A).15 Chain pullout, paired with permanent deformation of the 

hard domains under sufficient applied stress, leads to the observed stress relaxation as well as 

undesirable creep behavior, which can in turn result in increased permanent set (higher residual 

strains).15–20 Such aspects of TPEs can impact long-term material performance.  

Attempts to mitigate these deleterious effects in TPEs and further improve mechanical 

properties have included the introduction of  composite hard domains (i.e., containing both glassy 

and crystalline blocks),21,22 chain extension to generate –(AB)n– multiblock polymers,6,23–25 end-

group functionalization with supramolecular, self-associating moieties (e.g., hydrogen bonding 

units), and the use of nonlinear block architectures.26,27 In particular, (AB)n star block polymers, 

where n is the number of arms, have received significant attention due to their simple, well-defined 

architectures and advantageous rheological properties (i.e., relatively low melt viscosities).28,29 

Star block TPEs have been shown to outperform their linear analogues in terms of ultimate tensile 

strength and display a reduced sensitivity to diblock contamination;29–34 however, this is often 

accompanied by a decrease in the elongation at break.28–31 The improved mechanical properties in 

star TPEs are thought to result from the core of the star, which acts to more effectively distribute 

applied stresses during deformation.28,29  

While the implementation of star architectures in styrenic TPEs has been well-studied,26–

33 reports of aliphatic polyester star block TPEs are comparatively rare.35–38 In 2000, Joziasse et 

al.35 detailed the synthesis and characterization of star block polymers of poly(trimethylene 

carbonate-co-(-caprolactone)) from a variety of initiators. Further reaction of the rubbery cores 

with mixtures of D,L-lactide and glycolide provided star block polymers with hard block wt % of 
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67–83%. However, the composition of these polymers (fA > 0.50) resulted in materials that 

displayed yielding and ductile tensile behavior, characteristic of rubber modified plastics with 

enhanced toughening39 rather than the elastomeric behavior of TPEs. Kong et al.37 reported 4-arm 

stars comprised of poly(caprolactone-co-L-lactide) cores and poly(L-lactide) end blocks. Cyclic 

strain experiments showed that the star polymers with 22 wt % PLLA recovered >10% more (lower 

residual strains) than linear analogues when extended to 150% strain.40 However, despite the 

improvement in recovery, the star polymers displayed fairly low ultimate tensile strengths (~4 

MPa) and moderate elongations at break (300–600%). Recently, Lee et al.38 synthesized and 

characterized a series of multi-arm star block polymers of poly(-decalactone) and poly(L-lactide) 

with constant molar mass (180 kg mol–1) and volume fraction PLLA (fPLLA = 0.27). They found 

that at a fixed molar mass and block ratio, material tensile properties were highly dependent on 

the number of arms (n). The ultimate tensile strength was found to increase from 8 to 15 MPa as 

the arm functionality was increased from 2 to 6; however, the reported elongations at break 

decreased from about 1800% to 1000%.  

In this work, we seek to systematically study the effect of arm number and molar mass on 

the mechanical properties of APTPEs of PMCL and PLLA. We posit that the implementation of 

a star architecture will both improve mechanical properties and mitigate stress relaxation through 

the ability of the permanent crosslink from the core of the star to maintain elastically effective 

connections between the rubbery and hard domains even when chain pullout occurs.31 We report 

the convenient synthesis and characterization of a series of sustainable (poly(L-Lactide)-b-poly(-

methyl--caprolactone))n, (LLM)n, multi-arm star block polymers with rubbery inner blocks and 

semicrystalline and glassy hard blocks by a one-pot, two-step synthesis methodology. We discuss 

the impact of catalyst selection on the mechanical properties of the APTPEs and demonstrate the 
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advantages of the star architecture in these materials. We then investigate the impact of increasing 

arm number on thermal, rheological, tensile, and stress relaxation behavior while holding the arm 

molar mass constant. To distinguish the impact of architecture from molar mass effects, the 

mechanical properties of the star APTPEs were compared to those of linear analogues at similar 

overall molar masses, as our previous work has shown that high-molar-mass TPEs are 

mechanically superior to their low-molar-mass variants.9 Lastly, we study the effect of increasing 

star functionality on systems with constant, moderate molar mass to explore advantages of the star 

architecture in the lower-molar-mass limit.  

 

Experimental Summary 

 Details for the synthesis and purification of the (LLM)2, (LLM)4, and (LLM)6 star block 

APTPEs and appropriate monomers are comprehensively covered in the Supporting Information 

(SI). Specifics regarding the processing methodology used to prepare polymer samples for analysis 

by differential scanning calorimetry (DSC), small angle x-ray scattering (SAXS), size exclusion 

chromatography (SEC), dynamic mechanical thermal analysis (DMTA), tensile testing, and stress 

relaxation experiments, as well as the relevant characterization parameters and instrument details, 

are also included in the SI. 

 

Results and Discussion 

Polymer Design and Synthesis 

 Our initial studies maintained a constant arm molar mass (Marm) in each of the star 

polymers. With respect to self-assembled phase behavior, Matsen41 has argued that appropriate 

comparisons between star polymers with differing numbers of arms (n) require a fixed number of 

repeat units in each arm. With this in mind, star functionalities of 2 (the parent ABA triblock case 
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or 2-arm “star”), 4, and 6 were selected based on previous reports that ultimate tensile strength in 

star polymers reaches a plateau at around n ≥ 5.28,29,31 Recent work from our group has suggested 

that the high-performance poly(L-lactide)-b-poly(MCL)-b-poly(L-lactide) APTPEs can be 

accessed through a bulk, one-pot strategy.9,42 However, that work focused on the synthesis of 

lower-molar-mass materials (<50 kg mol–1). We explored this approach for the synthesis of high-

molar-mass (poly(L-lactide)-b-poly(-methyl--caprolactone))n ((LLM)n) star block polymers.  

 

 

Scheme 1. Representative synthesis of star block thermoplastic elastomers (LLM)n. Polyol 

initiators used for synthesis of 2-, 4- and 6-arm stars are benzene dimethanol (BDM), 

pentaerythritol (PET), and dipentaerythritol (DPET), respectively. The catalysts indicated are 

1,8-diazabicyclo[5.4.0]undec-7-ene (DBU) and tin(II) octoate (Sn(Oct)2). 

 

We first synthesized a series of hydroxy-terminated PMCL star polymers with varying 

numbers of arms by Sn(Oct)2-catalyzed ring-opening transesterification polymerization (ROTEP) 

in the melt using an appropriate initiator (Scheme 1): 1,4-benzene dimethanol (BDM) for n = 2; 

pentaerythritol (PET) for n = 4; and dipentaerythritol (DPET) for n = 6. Conversion was monitored 

by 1H NMR spectroscopy, and the reactions were stopped at < 90% conversion to avoid increases 

in molar mass dispersity due to any intermolecular transesterification at high conversions.9,43 At 

that point, L-lactide, CH2Cl2, and 1,8-diazabicyclo[5.4.0]undec-7-ene (DBU) (2 mol % to L-
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lactide), were then added directly to the same reaction vessel under inert atmosphere. Although 

DBU is an effective catalyst for the ROTEP of lactide, it is not for the ROTEP of caprolactone 

without the addition of a thiourea co-catalyst to simultaneously activate the monomer.44 This, 

paired with the negligible catalytic activity of Sn(Oct)2 at room temperature,45 makes this catalytic 

system a judicious choice for polymerization of L-lactide in the presence of any residual MCL 

monomer. Evidence for this approach facilitating the orthogonal polymerization of L-lactide in the 

presence of residual MCL is given in the Supporting Information (Figure S1). The room 

temperature, organocatalyzed ROTEP of L-lactide using hydroxy-telechelic PMCL as a 

macroinitiator was monitored over time by taking aliquots of the polymerization mixture for 

analysis by 1H NMR spectroscopy. The reaction reached approximately 95% conversion of L-

lactide after 40 min and near quantitative conversion after 75 min (Figure S2). A summary of the 

block polymers is given in Table 1. 
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Table 1. Summary of the star block polymers  

sample ID 
(Mn,total, fPLLA) 

Mn,arm,PMCL
a 

(kg/mol) 
Mn,arm,PLLA

a 
(kg/mol) 

Mn,arm,total
a 

(kg/mol) 
Mn,total

a 
(kg/mol) 

fPLLAb Đ c 
Tg, 

PMCL
d 

(°C) 

Tg, 

PLLA
d 

(°C) 

Tm, 

PLLA
e 

(°C) 

d f 
(nm) 

(LLM)2 

(67, 0.17) 26.5 6.7 33.2 67 0.17 1.31 –59 31 145 30 

(LLM)2 

(69, 0.22) 26.6 9.0 35.6 69 0.22 1.27 –58 46 142 26 

(LLM)2 

(149, 0.20) 57.4 17.2 74.6 149 0.20 1.53 –59 45 141 38 

(LLM)2 

(197, 0.20) 75.8 22.9 98.7 197 0.20 1.39 –59 51 141 45 

(LLM)4 

(70, 0.17) 13.9 3.5 17.6 70 0.17 1.22 –58 26 139 20 

(LLM)4 

(74, 0.22) 13.9 4.6 18.5 74 0.22 1.21 –57 32 141 22 

(LLM)4 

(138, 0.17) 27.6 6.8 34.4 138 0.17 1.53 –58 38 144 26 

(LLM)4 

(147, 0.22) 27.6 9.1 36.7 147 0.22 1.42 –59 36 145 32 

(LLM)6 

(68, 0.17) 9.1 2.2 11.3 68 0.17 1.14 –55 21 92, 
128 18 

(LLM)6 

(73, 0.22) 9.1 3.0 12.1 73 0.22 1.18 –56 22 135 18 

(LLM)6 

(196, 0.17) 26.5 6.4 32.8 196 0.17 1.36 –59 35 142 27 

(LLM)6 

(214, 0.22) 26.5 9.2 35.7 214 0.22 1.54 –58 46 143 33 

a Estimated by 1H NMR spectroscopy using end-group analysis. b Calculated using PLLA = 1.25 g cm−3 

and PγMCL= 1.037 g cm−3 at 25 °C. c SEC in THF with MALLS. d Second heat in DSC heating at 10 °C 

min−1. e Taken as the peak of melting endotherm on second heating cycle at 10 °C min−1 in a DSC. f 

Domain size determined from room temperature SAXS patterns using d = q*/2π. 

 

SEC traces of the (LLM)n polymers show a clear increase in the molar mass of the star 

block polymers from their parent (PMCL)n cores (representative data is shown in Figure 1). Slight 

low-molar-mass tailing in the traces for the 4- and 6-arm stars is apparent, and this may be due to 

incomplete initiation of all hydroxyl groups at the core in a small fraction of the stars, which has 

been observed in previously reported star polymer systems,46 or this may potentially be due to the 



 

 10 

formation macrocycles from intramolecular transesterification.47,48 Further analysis of the PMCL 

macroinitiators can be found in the Supporting Information (Figure S4). The successful growth of 

PLLA from the MCL cores is supported by 1H NMR spectroscopy and the chemical shift of the 

end-group resonances from ~3.7 ppm to ~4.4 ppm after initiation (Figure S5). This one-pot 

synthetic methodology yields the (LLM)n stars with control over molar mass and arm number 

through the choice of macroinitiator without the need for purification between polymerization 

steps.  

 

Figure 1. Overlay of tetrahydrofuran SEC traces for star block polymers (LLM)n (dashed) with 

n = 2 (left, black), 4 (middle, red), and 6 (right, blue) arms from (PMCL)n (solid). 

 

The star polymers exhibited two glass transition temperatures by differential scanning 

calorimetry (DSC), one for PMCL at –59 °C and a second, broader transition ranging from 30–

50 °C for the PLLA blocks depending on the specific sample, as well as a melting endotherm at 

approximately 143 °C for the PLLA domains (Table 1). The observed melting temperature (Tm) 

for PLLA is depressed from that of high-molar-mass homopolymer (Tm ≈ 165–175 °C), suggesting 

formation of smaller PLLA crystallites. This is likely a result of the low molar mass of the PLLA 

blocks and the rapid cooling and vitrification of the microphase separated (see below) polymer 
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melt that occurs during material processing.10 The suppression of PLLA crystallization is further 

supported by the low degrees of crystallinity (𝜙c = 0.08–0.18) observed in the star block polymers 

upon the first heating cycle (Table 2).  

 

Effect of Catalyst 

The DBU-catalyzed star polymers were then compared to the materials synthesized with 

Sn(Oct)2 to investigate the effect of catalyst choice on mechanical properties of the APTPEs. 

Unlike the one-pot method described above, the use of Sn(Oct)2 for the ROTEP of L-lactide from 

the (PMCL)n macroinitiator requires the purification of the (PMCL)n as, unlike DBU, it is not 

an orthogonal catalyst for the MCL monomer. SEC traces for the Sn(Oct)2-catalyzed star TPEs 

indicate clear growth of the polymer without low-molar-mass tailing (Figure S8), suggesting more 

effective initiation from all terminal hydroxyl groups. However, a small, secondary low-molar-

mass peak can be seen in the SEC traces that is not present in the DBU-catalyzed materials. This 

low-molar-mass impurity may be PLLA homopolymer chains initiated by adventitious water or 

trace hydroxyl impurities present in the polymerization mixture.45,47  

The polymers were melt-pressed at 180 °C and then rapidly quenched, yielding transparent 

and colorless films in both cases. The films were then cut into dog bone shapes and the samples 

were left to age at room temperature for a minimum of 24 h before being tested under uniaxial 

extension at a rate of 50 mm min–1 until failure. Representative stress strain curves for the samples 

can be seen in Figure 2. Each of the samples exhibited the expected low Young’s modulus and 

large elongations at break typical of elastomeric behavior, as well as the strain-hardening that 

results in high ultimate tensile strengths. The 2-arm “star” polymers (linear triblocks) synthesized 

with Sn(Oct)2 displayed an average ultimate tensile strength of ~21 MPa, almost double that of the 
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DBU-catalyzed materials at ~12 MPa. While the ultimate tensile strength of the Sn-catalyzed TPE 

is significantly higher than the DBU analogue, the elongation at break is lower by over 500%. The 

lower ultimate tensile strength and increased strain at break of the DBU-catalyzed materials 

suggests that the impurities present in the sample could have significant plasticizing effect on the 

resulting TPEs. The increased dispersity of the DBU-catalyzed 2-arm star is likely due to the 

presence of incompletely initiated PMCL core and unfunctionalized PMCL homopolymer which 

can prevent the formation of well-defined physical crosslinks and lead to lowered tensile strengths 

(Figure S10). This effect is similar to that of PS-PI diblock impurities in styrenic SIS TPEs, where 

the presence of anywhere from 10–20% of low-molar-mass impurities (in the form of both PS-PI 

diblocks and PS homopolymer) is not uncommon (Figure S11).49 Rosenbloom et al. have also 

reported that the skew of the molecular weight distribution in SIS TPEs can significantly impact 

mechanical properties, with increased low-molar-mass PS content resulting in decreased tensile 

strength.50 

 

Figure 2. Representative stress-strain curves comparing star block polymers (LLM)n 

synthesized using DBU (dashed) to those of similar molar mass and composition synthesized 
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with Sn(Oct)2 (solid). The curves are representative from five melt-pressed dog bones pulled at 

50 mm min−1 to the sample break point, indicated by ×. 

 

Interestingly, the mechanical properties of the 4-arm star polymers do not show the same 

sensitivity to catalyst choice as the linear APTPEs. The Sn(Oct)2-catalyzed star polymers display 

only a minor improvement in ultimate tensile strength (~31 MPa) when compared to DBU-

catalyzed materials (~27 MPa) (Figure 2, Table 2). The insensitivity toward the putative 

contamination in star block polymers has been attributed to a combination of factors. These include 

the ability of the core of the star to more evenly distribute applied stresses to the hard domains, a 

larger number of hard domains per unit volume, which leads to an increased filler effect,51 and 

improved phase separation due to more ordered and uniform hard domains.28,29 Small angle X-ray 

scattering (SAXS) data for the APTPEs (discussed in more depth later in the manuscript) indicates 

that the 4- and 6-arm star polymers display smaller domain sizes compared to their linear 

analogues, which  agrees with this idea and further supports the tensile data. These data showcase 

that the star polymers are more mechanically robust and “resistant” to block impurities than their 

linear counterparts, making them a better choice for potential applications.  

The above experiments demonstrated that we were able to synthesize star block polymers 

with control over the number of arms through a facile one-pot methodology. The choice of 

polymerization catalyst appears to result in different impurities being present in the samples, which 

can influence material mechanical performance. However, the star architecture provides the 

system with resistance to the impact of these impurities compared to the linear triblocks. While 

the Sn(Oct)2-catalyzed star polymers show a minor improvement in ultimate tensile strength, the 

multiple purification steps required for their synthesis could be disadvantageous. As such, we 

elected to use DBU over Sn(Oct)2 as a catalyst for the ROTEP of L-lactide in the synthesis of these 
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APTPE stars. We next explored the influence of arm number on the properties of these star block 

APTPEs.  

 

Properties of (LLM)n APTPEs with constant Marm 

The microphase separated morphologies of the star polymers was determined using 

variable-temperature SAXS (Figures 3, S18-S21) up to 180 °C. The presence of two distinct glass 

transitions and the dominant scattering peaks in the room temperature SAXS patterns indicate that 

the star polymers are microphase separated. The samples display a principal scattering peak, q*, 

with a higher order shoulder at approximately √3q* and a broad peak around √7q*. The calculated 

segregation strength (N) for these materials suggests the possibility for an order disorder 

transition at high temperatures (T ≥ 180 °C) (Table S1).41 However, the polymers maintain their 

microphase separated morphologies at elevated temperatures (Figures S20–S21), and this is further 

supported by dynamic mechanical thermal analysis. The absence of distinct higher-order peaks in 

the SAXS pattern suggests that the stars display only a modest degree of long-range ordering and 

makes a definitive morphological assignment challenging. However, the broad secondary peaks 

resemble spherical form-factor scattering, which agrees with previous results on similar aliphatic 

TPEs with similar volume fractions of PLLA (Figures 3, S18).9 Therefore, the morphology appears 

to be spherical or cylindrical PLLA domains with poor long-range order. The lack of long-range 

order may be a result of the processing conditions used to prepare the polymers, which were melt-

pressed at 180 °C and then rapidly quenched to avoid complications from breakout crystallization 

disrupting the microphase-separated morphology.52–54 
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Figure 3. SAXS patterns of star block polymers (LLM)n at room temperature (solid) and at 180 

°C (dashed) with (a) n = 2, (b) n = 4, and (c) n = 6 arms and the simulated spherical form factors 

(dotted). The 180 °C patterns have been shifted up for clarity (x50). 

 

Despite its lower molar mass, the principal domain spacing of (LLM)2 (67, 0.17) (d = 2π/q* 

= 30 nm) is larger than that of both the comparable 4- and 6-arm star polymers, which have domain 

spacings of 26 nm and 27 nm, respectively. This result is in disagreement with previous reports 

from Price et al.55 and Thomas et al.56 who found no difference in interdomain spacing or domain 

diameter between (PS-PI)n star block polymers regardless of star functionality, as well as recent 

results from Burns et al.31 for star polymers of (polyvinylcyclohexane-b-poly(ethylene-alt-

propylene))n. However, the disparity between domain spacing of the linear triblocks and multi-

arm stars was not observed in the series with fPLLA = 0.22. The somewhat smaller domain sizes 

observed in the 4- and 6-arm stars with fPLLA = 0.17 may be due to restrictions on the inner PMCL 

block imposed by the permanent crosslink at the core of the star, suggesting that the 4- and 6-arm 

star polymers possess a greater number of hard domains per unit volume than analogous linear 

materials.41,56–58 This increase in the number of discrete hard domains may play a part in the 
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improved tensile properties observed in the 4- and 6-arm star polymers compared to the linear 

triblocks, the specifics of which are discussed later.  

The moduli of compression-molded films of the star polymers in uniaxial extension were 

measured as a function of temperature using DMTA (Figure 4). All samples display a drop in the 

modulus near –57 °C due to the glass transition of PMCL. The moduli in the rubbery plateau 

region for the star polymers remains constant at E’ ≈ 3.5 MPa until approximately 50 °C where a 

slight decrease in the plateau modulus of the stars can begin to be observed (Figure 4), likely due 

to passing through the glass transition of the PLLA domains. This gradual softening of the 

materials persists with increasing temperature until material failure, indicated by a precipitous drop 

in the modulus. (LLM)2 (67, 0.17) softens around 100 °C, which agrees with previous results for 

similar materials,9 while the (LLM)4 (138, 0.17) and (LLM)6 (196, 0.17) exhibit solid-like behavior 

to 175 °C and 160 °C, respectively. The increase in the usage temperature range is even more 

pronounced in the star polymers with higher PLLA volume fractions (fPLLA = 0.22), where the 4- 

and 6-arm stars both display softening temperatures of over 190 °C compared to only 110 °C for 

the linear triblock (Figure 4). We posit that the unexpectedly high softening temperatures (T > Tm, 

PLLA) observed in the 4- and 6-arm stars may be a result of the star architecture. The chemical 

crosslink at the core of the star may act to help maintain mechanical integrity in the ordered 

materials above the Tm of PLLA when any crystallites have melted and segmental mobility of the 

PLLA domains is high. 
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Figure 4. Thermal properties of (LLM)n where n = 2 (black), 4 (red), and 6 (blue), with (a) fPLLA 

= 0.17 and (b) fPLLA = 0.22 analyzed by DMTA in tension upon heating at 5 °C min–1 (top, 1 Hz, 

0.05% strain); and DSC upon heating at 10 °C min–1 (bottom). 

 

Figure 5 shows representative stress-strain curves for the star APTPEs, and average values 

with standard deviations for Young’s modulus (E), ultimate tensile strength (B), elongation at 

break (B), and tensile toughness values are in Table 2. At small extensions ( ≤ 50 %) the tensile 

stress is expected to be independent of n as the response to the initial deformation is dominated by 

trapped entanglements and there is likely minimal contribution from the core of the star.29,31,59,60 

This reliance on midblock entanglements at low strains should result in similar values for the 

Young’s modulus for materials with equivalent fPLLA.31 However, while the 4- and 6-arm stars show 

comparable stress-strain behavior at small extensions, the Young’s moduli for (LLM)2 is markedly 

lower than those of (LLM)4 and (LLM)6 as well as previously reported triblocks of similar molar 

mass and composition.9 The lower Young’s modulus observed for the linear triblocks could be due 

to homopolymer impurities present in these DBU-catalyzed samples, as discussed previously 

(Figure S10).  
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Table 2. Mechanical Properties of Star Block Copolymer APTPEs 

sample ID 
(Mn,total, fPLLA) 

Ea 
(MPa) 

σ
B

a 
(MPa) 

ε
B

a 
(%) 

tensile 
toughness a 

(MJ m–3) 

residual 
strain b 

(%) 

strain 
recovery 

c (%) 

ΔHm
d 

(J g–1) 𝜙c
 e 

(LLM)2 

(67, 0.17) 0.95 ± 0.06 14.6 ± 1.5 1454 ± 53 91 ± 8 30–36 88–90 3.4 0.18 

(LLM)2 

(69, 0.22)  
1.8 ± 0.4 15.2 ± 0.9 1281 ± 67 79 ± 9 33–36 88–89 4.1 0.17 

(LLM)2 

(149, 0.20) 0.4 ± 0.1 12.1 ± 1.4 1658 ±  60 86 ± 8 39–45 85–87 3.7 0.17 

(LLM)2 

(197, 0.20) 0.5 ± 0.3 16.4 ± 1.2 1697 ± 96 98 ± 10 36–39 87–88 0.8 0.04 

(LLM)4 

(70, 0.17) 3.2 ± 0.2 5.4 ± 0.9 952 ± 85  37 ± 10 27–30 90–91 5.1 0.28 

(LLM)4 

(74, 0.22) 3.9 ± 0.7 12.0 ± 1.6 1026 ± 66 58 ± 5 30–33 88–89 4.4 0.20 

(LLM)4 

(138, 0.17) 2.3 ± 0.1 27.3 ± 1.3 1294 ± 28 135 ± 4 21–27 91–93 2.9 0.16 

(LLM)4 

(147, 0.22) 4.5 ± 0.1 31.2 ± 1.8 1419 ± 45 180 ± 11 18–24 92–94 1.8 0.08 

(LLM)6 

(68, 0.17) 2.2 ± 0.3 1.8 ± 0.1 178 ± 13 2.4 ± 0.3   5.9 0.32 

(LLM)6 

(73, 0.22) 2.9 ± 0.3 2.1 ± 0.2 161 ± 17 2.3 ± 0.4   8.1 0.44 

(LLM)6 

(196, 0.17) 2.2 ± 0.2 28.7 ± 0.7 1499 ± 62 165 ± 12 21–24 92–93 2.2 0.12 

(LLM)6 

(214, 0.22) 5.3 ± 0.6 33.1 ± 1.3 1387 ± 45 193 ± 15 24–30 90–92 2.1 0.09 

a Average values and standard deviations are reported for tensile tests of at least 5 samples extended 

at 50 mm min−1 until failure; tensile toughness was calculated from the area under the stress−strain 

curve. b The residual strain was taken to be the percent strain at which the sample exhibited zero 

stress on the 10th extension cycle. c Strain recovery calculated by using the equation 100 × (applied 

strain−residual strain)/applied strain. d Enthalpy of melting taken as the area under the melting 

endotherm during the first heat in DSC at a heating rate of 10 °C min–1. e calculated using the equation 

𝜙c  =  Δ𝐻𝑚/(wPLLA × Δ𝐻𝑚∞  m), Δ𝐻𝑚∞ = 93 J g–1
 and wPLLA is the weight fraction of PLLA.  
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Figure 5. Representative stress-strain curves comparing star block polymers (LLM)n with 

constant Marm where n = 2 (black), 4 (red), and 6 (blue) with  fPLLA = 0.17 (top) and fPLLA = 0.17 

(bottom). The curves are representative from five melt-pressed dog bones pulled at 50 mm min−1 

to the sample break point, indicated by × . 

 

The (LLM)4 and (LLM)6 star polymers displayed improved stress-strain behavior 

compared to (LLM)2 samples. The 4- and 6-arm star APTPEs exhibited more pronounced strain 
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hardening than the linear triblock, resulting in significantly higher ultimate tensile strengths 

(Figure 6a). In contrast to previous reports,28,29,31,38 this increase in tensile strength was not 

accompanied by a concurrent decrease in the elongation at break (Figure 6b), leading to much 

higher tensile toughness values for (LLM)4 and (LLM)6 compared to (LLM)2 samples. Molecular 

dynamics simulations by Parker and Rottler59 exploring uniaxial tensile deformation in sphere-

forming (AB)n star block polymers have predicted that the onset of strain hardening occurs at 

smaller strains as the number of arms increases. The stress-strain curves of the 4- and 6-arm star 

APTPEs with fPLLA = 0.22 show this behavior; however, the stars with fPLLA= 0.17 display the 

opposite trend, with the onset of strain-hardening in the 4-arm stars occurring at ~50% smaller 

strains than in the 6-arm star for reasons that are not immediately apparent.  

Both the 4- and 6-arm stars displayed impressive ultimate tensile strengths, outperforming 

a commercially available styrenic TPE with comparable molar mass and hard block content, 

KratonTM D1111 (Figure 6a). The observed improvement in the ultimate tensile strength as a result 

of the star architecture agrees with literature precedent.28–31 Additionally, the smaller PLLA 

domain sizes observed in the 4- and 6-arm star polymers indicates that there are more hard domains 

per unit volume in the star polymers than in the linear triblocks. These more highly dispersed 

PLLA domains are predicted to result in an increased degree of hard domain interconnectedness 

in the star polymers (i.e., more hard domains connected through intervening rubbery midblocks) 

and a subsequent enhancement in the ultimate tensile strength. Interestingly, the ultimate tensile 

strengths of (LLM)4 and (LLM)6 are similar, suggesting  that these APTPE star polymers may 

reach a plateau in the ultimate tensile strength at an arm functionality of 4 rather than the range of 

n = 5–10 that has been observed in previously studied star polymer systems.28,29,32 Simulations by 

Spencer and Matsen60 have shown that (AB)n star polymers display an increased fraction of 

bridging chains (e.g., chains that connect two discrete hard domains) compared to linear ABA 
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triblocks. As the number of arms increases, the proportion of these bridging chains also rapidly 

increases, and they suggest for (AB)n stars with a spherical or cylindrical morphology almost all 

stars form bridges once n = 9. The similarity between the observed tensile behaviors (i.e., ultimate 

tensile strength and toughness) in the 4- and 6-arm (LLM)n samples suggests that the APTPE stars 

may reach a mechanically relevant fraction of bridging chains at a lower arm number as compared 

to the cyclosiloxane and divinyl benzene cores that are typically employed for PS-containing star 

TPEs.28,29,56,61 
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Figure 6. Mechanical properties: (a) ultimate tensile strength (B), (b) strain at break, and (c) 

percent recovery of star block copolymers (LLM)n of constant arm molar mass with fPLLA = 0.17  

(solid triangle), 0.20 (open square) and 0.22 (open circle) and n arms where n = 2 (black), n = 4 

(red), and n = 6 (blue) compared to a commercial KratonTM SIS with fPS = 0.15–0.19. Samples 
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were extended at 50 mm min–1 with percent recovery calculated from residual strain after 10 

cycles of 300% strain. 

 

The star APTPEs were subjected to cyclic loadings of 300% strain at 50 mm/min for 10 

cycles to explore their hysteresis and recovery behavior. Figure 6c shows the strain recovery of 

the APTPEs (recovered strain as a percentage of the applied 300% strain after 10 cycles) calculated 

using the residual strain (strain when the material exhibits zero stress) after 10 cycles. Experiments 

were run in triplicate, and the range of values collected are reported in Table 2. All of the APTPEs 

display elastomeric behavior with ≥ 85% strain recovery. The 4- and 6-arm star polymers exhibited 

superior recovery than the linear APTPEs, displaying similar stain recoveries in the range of 90–

94%. These data suggest that the covalent-crosslink at the core of the star facilitates improved 

recovery behavior.31  

To further explore the impact of the star architecture on elastomeric properties and material 

deformation, the stress relaxation behavior of (LLM)2, (LLM)4, and (LLM)6 were compared. 

Samples were equilibrated at 40 °C for 10 min before the application of a 25% step-strain, and the 

resulting stress response was monitored over 3 h (104 s) (Figure 7). Based on our previous work, 

a temperature of 40 °C was selected to best highlight the impact of architectural changes on the 

stress relaxation behavior.9 The APTPEs with fPLLA = 0.22 relax less stress than those with fPLLA = 

0.17, likely due to the increased molar mass of the PLLA domains (Figure 7). For both fPLLA 

studied, the 4- and 6-arm stars exhibited significantly improved stress relaxation behavior 

compared to the linear triblock. Matsen41,62 has shown that the segregation strength in (AB)n type 

block copolymers should be calculated using Narm rather than Ntotal, indicating that, despite their 

different molar masses, the segregation strength of the 2-, 4-, and 6-arm star polymers are 

comparable (Table S1). This suggests that the improvement in the stress relaxation behavior 
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observed in the star polymers is a result of the star architecture. We posit that this improvement is 

due to the ability of the permanent crosslink at the core of the star to mitigate the impact of chain 

pullout of a PLLA block from a hard domain.9,15,18,20,31,63 In a linear triblock, chain pullout of a 

PLLA end block results in the release of trapped entanglements, decreasing the functionality of 

the physical crosslinks and leading to increased permanent set and hysteresis. However, for the 

star block polymers, chain pullout results in the relaxation of only the failed arm, as the other arms 

remain anchored to the network, maintaining elastically effective connections between the hard 

domains.31 This effect is further enhanced by the increased number of bridging chains in the star 

architecture compared to linear triblocks.60 The introduction of a star architecture results in less 

stress relaxation; however, the 4- and 6-arm stars both relax approximately 50–60% of the original 

stress after 3 h, indicating that the stress relaxation behavior is independent of arm functionality. 

These data agree with the comparable N values among the star polymers as well as previous 

reports suggesting that for star homopolymers with low arm numbers (n<8) the stress relaxation is 

independent of arm functionality.64–66  
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Figure 7. Stress relaxation of (LLM)n star block polymers with n = 2 (black), n = 4 (red), and n 

= 6 (blue) and fPLLA = 0.17 (left) and 0.22 (right) at 40 °C. Samples were held at a 25% strain 

for 3 h. The modulus values have been normalized to allow for comparison between samples.  

 

The above experiments demonstrate that the implementation of a star architecture in these 

APTPEs results in significant improvement in mechanical properties as compared to their linear 

2-arm “star” analogues. These data suggest that the introduction of a chemical crosslink at the core 

of the star is the major contributor to improved material performance, with increasing star 

functionality from 4 to 6 not significantly impacting observed behavior. We next explored high-

molar-mass linear analogues of the 4- and 6-arm stars to help distinguish the impact of the increase 

in molar mass with increasing arm number from architectural effects.  

 

Mechanical Performance of High-Molar-Mass Poly(L-lactide)-b-poly(-methyl--

caprolactone)-b-poly(L-lactide) Analogues.   

The mechanical performance of ABA TPEs, particularly their tensile properties, are highly 

dependent on molar mass due to its impact on both segregation strength between blocks (N) and 
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number of midblock entanglements. As such, high molar masses are typically required to achieve 

well-segregated, high-performance materials. To decouple effects resulting from the increased 

molar masses in the 4- and 6-arm stars from the impact of the star architecture, a series of high-

molar-mass linear (2-arm) analogues with comparable overall molar masses to the star samples 

were synthesized (Table 1). The high-molar-mass linear analogues were processed in the same 

manner as described previously and their mechanical properties investigated. DSC traces display 

glass transitions for both the PMCL and PLLA blocks as well as the PLLA melting endotherm, 

suggesting that the materials are microphase separated. This is further supported by DMTA traces 

of the polymers up to 190 °C, which do not display a precipitous drop in the modulus characteristic 

of the TODT as well as variable temperature SAXS analysis (Figures S23–S25).  

The mechanical properties of the high-molar-mass linear polymers were characterized 

using extensional DMTA and compared to 4- and 6-arm stars of similar molar mass (Figure 8). 

All samples display the expected drop in modulus near –57 °C due to the PMCL glass transition 

and the plateau modulus (E’ = 3–4 MPa) is consistent between samples. All samples maintain the 

plateau modulus upon heating until approximately 60 °C where there is a small dip in the modulus 

due to the glass transition of PLLA. As was observed previously, the plateau modulus for all 

samples then begins to gradually decrease upon continued heating. The 4- and 6-arm stars maintain 

their plateau modulus to higher temperatures than the linear analogues, softening at 176 °C and > 

190 °C (i.e., the samples did not soften during tested range), respectively. (LLM)2 (149, 0.20) 

softens at 135 °C, near the Tm of PLLA as observed using DSC; however, the (LLM)2 (197, 0.20) 

sample maintains the plateau modulus up to 145 °C, the Tm of PLLA, where it begins to decrease 

steeply until failure at 180 °C. This softening temperature is above the expected Tm of the sample 
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as analyzed by DSC, but may be influenced by the increased number of entanglements in the 

PMCL and PLLA blocks due to their high molar masses.  

 

 
Figure 8. Thermal properties of (LLM)n with (a) Mpolymer ≈ 140 kDa and (b) Mpolymer ≈ 210 kDa 

where n = 2 (black), 4 (red), and 6 (blue) analyzed by DMTA in tension upon heating at 5 °C 

min–1 (top, 1 Hz, 0.05% strain) and DSC upon heating at 10 °C min–1 (bottom). 

 

The stress-strain behavior of (LLM)2 (149, 0.20) and (LLM)2 (197, 0.20) is quite distinct 

as compared to that of the 4- and 6-arm stars at comparable molar mass (Figure 9). The high-

molar-mass linear polymers displayed impressive elongations at break (B = 1650–1800%). As 

expected, and the ultimate tensile strength of (LLM)2 (197, 0.20) (B = 16.4 ± 1.2 MPa) was greater 

than that of (LLM)2 (149, 0.20) (B = 12.1 ± 1.4). However, despite the increase in molar mass, 

the observed ultimate tensile strengths for the high-molar-mass triblocks were dramatically lower 

than those of the 4- and 6-arm star polymers (B = 27–33 MPa) (Figure 6a). These data indicate 

that the improvement in the ultimate tensile properties observed in the 4- and 6-arm star polymers 
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compared to the linear TPEs with equivalent Marm is due to the star architecture rather than the 

increase in molar mass. Additionally, the high-molar-mass “2-arm” triblocks did not show 

enhanced strain recovery behavior when compared to the 4- and 6-arm star polymers, displaying 

residual strains (0.36–0.45) comparable to the low-molar-mass triblocks (Figure 6c, Table 2). 
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Figure 9. Representative stress-strain curves comparing star block polymers (LLM)n with 

constant Mpolymer (M ≈ 140 kDa, top; M ≈ 210 kDa, bottom) where n = 2 (black), 4 (red), and 6 

(blue). The curves are representative from five melt-pressed dog bones pulled at 50 mm min−1 

to the sample break point, indicated by × . 

 

As expected, the high-molar-mass triblocks show improved stress relaxation behavior 

compared to the low-molar-mass triblocks, relaxing around 70% of the applied stress after 3 h at 
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40 °C. This improvement is likely due to the increased number of entanglements in both the glassy 

and rubbery domains as well as a larger segregation strength between blocks (i.e., higher N). 

Even so, both the 4- and 6-arm stars relax less stress than their linear analogues, losing 50% and 

60%, respectively, of the original stress after 3 h at 40 °C (Figure 10). For comparison, the stress 

relaxation behavior of these multi-arm star APTPEs is on par with a commercial styrenic SIS TPE, 

KratonTM D1111, which relaxes 45% of the applied stress under the same conditions. Despite their 

analogous molar masses, the segregation strengths of the star polymers (N ≈ 45) are considerably 

lower than that of the high-molar-mass linear triblocks (N = 96, 127) (Table S1) suggesting that 

the improvement in the stress relaxation behavior observed in the star polymers is a result of the 

star architecture rather than the increased molar mass.41,63   

 

 

Figure 10. Stress relaxation of (LLM)n star block polymers with Mpolymer ≈ 140 kDa (left) and 

Mpolymer ≈ 210 kDa (right) where n = 2 (black), n = 4 (red), and n = 6 (blue) at 40 °C compared 

to the stress relaxation profile of KratonTM 1111D. Samples were held at a 25% strain for 3 h. 

The modulus values have been normalized to allow for comparison between samples.  
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Previous experiments have shown that there are significant differences in the entanglement 

dynamics and stress relaxation behavior of linear and star polymers.29,67–71 Using an earlier version 

of the tube model as a foundation,67 the theory for the stress relaxation of star polymer melts 

developed by Milner and McLeish posits that the core of the star prevents the reptation of the arms 

that is evident for linear chains.65 As conformational rearrangement via arm retraction occurs in 

each arm independently, the dynamic behavior of multi-arm stars is independent of the number of 

arms when n ≥ 4, which agrees with experimental results.67 We posit that chain pullout of the 

PLLA end blocks from the hard domains is principally responsible for stress relaxation in these 

APTPEs;6,9,15,63 however, once this failure occurs the free arm of the star must undergo additional 

configurational rearrangements to release trapped entanglements before re-entering a hard domain 

as compared to the linear system. 

Based on the above experiments we conclude that the improvement in material properties 

observed in the star polymers is a result of the star architecture rather than increased molar mass. 

Additionally, they further highlight that the star polymers are more resistant to the effects of 

impurities than linear triblocks. Overall, these data show that through simple architectural changes, 

we are able to synthesize high performance materials with competitive properties to commercial 

styrenic TPEs. We next explored whether this improvement in mechanical performance from the 

star architecture would also be observed in lower-molar-mass systems.   

 

Mechanical Performance of Lower-Molar-Mass (poly(L-lactide)-b-poly(-methyl--

caprolactone))n Star Polymers 

Low-molar-mass 4- and 6-arm star analogues with fPLLA = 0.17 and 0.22 were synthesized 

as discussed above to investigate whether the benefits from employing a star architecture could be 

translated to lower-molar-mass systems (Table 1). DSC traces of the samples show glass 
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transitions for both PMCL and PLLA as well as a melting transition for the PLLA blocks (Figure 

11). The observed Tgs for the PLLA blocks (Tg = 21–32 °C) are lower than that of the high-molar-

mass homopolymer due to the low molar masses of the PLLA blocks. The low N in these 4- and 

6-arm star polymers may also lead to some degree of mixing between the PLLA and PMCL 

blocks which would result in a depressed Tg. The melting transition in (LLM)6 (68, 0.17) is 

bimodal, with Tm values, determined from the peaks of the melting endotherm, at 92 and 128 °C 

possibly due to the presence of melting–recrystallization events, which can be observed in TPEs 

with crystallizable blocks.1,72 

 These melting points, as well as the melting point of (LLM)4 (Tm = 139 °C), are suppressed 

compared to that of (LLM)2 (Tm = 145 °C). This depression in Tm is likely due to a combination 

of the restriction on chain segment mobility due to the star architecture during crystallization and 

the low molar masses of the PLLA blocks in these samples.  
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Figure 11. Thermal properties of (LLM)n where n = 2 (black), 4 (red), and 6 (blue), with (a) 

fPLLA = 0.17 and (b) fPLLA = 0.22 analyzed by DMTA in tension upon heating at 5 °C min–1 (top, 

1 Hz, 0.05% strain); and DSC upon heating at 10 °C min–1 (bottom).  

 

Room temperature SAXS patterns of the samples are shown in Figures S27–S29 The 4- 

and 6-arm star polymers display broad, low intensity principal scattering peaks with no higher 

order reflections, suggestive of a disordered morphology. The impact of a low TODT on the 

crystallization behavior of these polymers is discussed in more detail in the Supporting 

Information. At a constant molar mass, increasing the number of arms results in a decrease in the 

length of the PMCL and PLLA blocks, which leads to smaller domain spacings as the star 

functionality increases. As a result, there is a dramatic increase in the number of hard domains per 

unit volume for these low-molar-mass APTPEs as the number of arms is increased from 2 to 4 to 

6 (Table 1).  

The mechanical properties of the low-molar-mass star polymers were characterized by 

extensional DMTA (Figure 11). As seen in the previous samples, there is a drop in the modulus at 

–56 °C due to the glass transition of PMCL, and the modulus of the rubbery plateau is consistent 

between samples (E’ = 3–5 MPa). The 2- and 4-arm star polymers all perform similarly, 

maintaining the plateau modulus upon heating until a steep drop in E’ near 120 °C, close to the 

PLLA Tm for the samples as seen in the DSC traces. Unlike (LLM)2 or (LLM)4, the 6-arm stars 

begin to soften around 80 °C, leading to a drop in the modulus that is then partially recovered upon 

further heating before final material failure around 120 °C. Comparison of this behavior with 

corresponding DSC traces indicates that the samples are first undergoing melting at 80 °C followed 

by crystallization and then final melting of the PLLA crystallites at 120 °C. This conclusion was 
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further corroborated by shear rheology experiments. Shear DMTA traces for the 6-arm stars 

similarly display a recoverable dip in the modulus beginning at 80 °C that is reproducible across 

multiple heating and cooling cycles (Figure S32). Further frequency sweeps demonstrate that 

PLLA crystallization in these samples can be promoted through annealing at 100 °C (Figure S33). 

The behavior observed in the 6-arm star polymers suggests that the low PLLA molar masses in 

these materials influences the crystallization kinetics and promotes increased crystallization. This 

is further supported by the higher degrees of crystallinity observed in the low-molar-mass (LLM)6 

and (LLM)4 materials compared to the linear triblocks or high-molar-mass stars (Table 2).  

Unlike their high-molar-mass analogues, the low-molar-mass 4- and 6-arm stars do not 

exhibit strain hardening behavior, likely due to the short PLLA chains and disordered morphology, 

which results in significantly lower ultimate tensile strengths compared to the analogous linear 

triblock (Figure S35). (LLM)6 (68, 0.17) displayed the lowest ultimate tensile strengths of all 

polymers studied (B = 1.8 ± 0.1 MPa) and failed at small extensions (B = 178 ± 13%). (LLM)4 

(70, 0.17) exhibited moderately improved ultimate tensile strengths (B = 5.4 ± 0.9 MPa) and 

significantly larger elongations at break (B = 952 ± 85%). Increasing the fPLLA to 0.22 did not 

significantly impact the performance of the 6-arm stars; however, the 4-arm stars displayed 

markedly increased ultimate tensile strengths of ~12 MPa (Figure 12a). The linear triblocks of low 

molar mass outperform the star polymers of equivalent molar mass with respect to both ultimate 

tensile strength and elongation at break(Figure 12a,b). The low elongations at break observed for 

the low-molar-mass 6-arm star polymers prevented the samples from withstanding testing without 

failure and as such the recovery properties are not reported. In contrast, (LLM)4 (70, 0.17) and 

(LLM)4 (74, 0.22) both display elastomeric behavior,  exhibiting recoveries of 91 and 89%, 
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respectively (Figure 12c). This recovery behavior is on par with that of the linear TPEs, and further 

suggests that the core of the star acts to provide additional memory to the network.  
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Figure 12. Mechanical properties: (a) ultimate tensile strength, (b) strain at break, and (c) 

percent recovery of star block copolymers, (LLM)n, with fPLLA = 0.17 (solid triangle) and 0.22 

(open circle) and n arms where n = 2 (black), n = 4 (red), and n = 6 (blue). Samples were 

extended at 50 mm min–1 with percent recovery calculated from residual strain after 10 cycles 

of 300% strain. 

 

While (LLM)4 (74, 0.22) displays a moderate performance, all other low-molar-mass star 

polymers exhibit poor tensile properties with low ultimate tensile strengths. The decline in the 

tensile properties with increasing arm number is likely a consequence of the decrease in 

segregation strength (i.e., N ≈ 45, N ≈ 23, N ≈ 15, for n = 2, 4, and 6, respectively), which can 

lead to mixing between the hard and soft blocks and result in diffuse interfaces between the hard 

and soft domains.73 The less well-defined hard domains in these more weakly segregated systems 

may lead to untrapped entanglements and more facile chain failure. Additionally, any 

crystallization-inducted microphase separation in such weakly segregated systems would be 

expected to impact material properties.10  

The stress relaxation behavior of the low-molar-mass star polymers was investigated and 

compared to the linear triblocks (Figure 13). The 6-arm star polymers both underwent brittle 

fracture during testing, likely due to the weak segregation in these samples. Interestingly, the low-

molar-mass 4-arm star polymers exhibit impressive stress relaxation behavior, outperforming both 

the analogous linear triblocks and the high-molar-mass stars. (LLM)4 (70, 0.17) displays the least 

amount of stress relaxation of all samples studied, losing only 25% of the original stress after 3 h. 

As a comparison, the high-molar-mass styrenic TPE, KratonTM D1111, relaxes 45% of the applied 

stress. DSC studies of (LLM)2 (67, 0.17) before and after testing do not show an increase in the 

enthalpy of fusion of the first heating cycle, indicating that this stress relaxation behavior is not a 
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result of PLLA crystallization during testing (Figure S36). While these low-molar-mass 4-arm 

stars display inferior tensile properties when compared to their linear analogues, they exhibit 

significantly less stress relaxation, even outperforming commercial materials (Figure S37).  

 
Figure 13. Stress relaxation of (LLM)n star block polymers where n = 2 (black), n = 4 (red), and 

n = 6 (blue) and fPLLA = 0.17 (left) and 0.22 (right) at 40 °C. Samples were held at a 25% strain 

for 3 h. The modulus values have been normalized to allow for comparison between samples, 

and material break point is indicated by ×. 

 

Conclusions 

We have demonstrated the efficient, one-pot, two step synthesis of a series of aliphatic 

polyester star block TPEs. The selection of catalyst influences the nature and level of impurities 

present in the system and the mechanical properties of the resulting polymers. The multi-arm star 

APTPEs displayed more resilience to these impurities compared to linear analogues, emphasizing 

a benefit of the star architecture. SAXS studies of the materials indicate that the star polymers are 

microphase-separated at room temperature, with no evidence of crystalline breakout, and display 

smaller domain spacings than linear materials with analogous Marm. At a constant Marm, the star 

architecture gave significant improvements in ultimate tensile strength, tensile toughness, and 
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strain recovery compared to analogous linear triblocks (2-arm “stars”). The star APTPEs also 

outperformed a commercial styrenic material in these categories, highlighting competitive 

properties to current commodity materials. Comparison to linear analogues of comparable overall 

molar mass indicates that this improvement in tensile behavior is a feature of the star architecture 

rather than an effect of increased molar mass by virtue of the increased number of arms. The 

increase in ultimate tensile strength and improved recovery is likely due to the chemical crosslink 

at the core of the star which more evenly distributes applied stresses across the network, as well 

as the greater number of hard domains per unit volume in the star polymers compared to linear 

analogues. While the star architecture resulted in improved tensile properties at high-molar-

masses, 4- and 6-arm stars with constant lower molar masses underperform their linear analogues 

with respect to both ultimate tensile strength and strain at break. This decreased tensile 

performance potentially underlines the impact of segregation strength (Narm) on material 

properties in these star APTPEs and suggests that there is a critical molar mass at which the star 

architecture becomes advantageous over linear analogues. The star architecture also results in 

improved stress relaxation behavior. The 4- and 6-arm stars with constant Marm relax less stress 

than their linear analogues of both analogous Marm and overall molar mass.  

This work has shown that we are able to further enhance the material performance in these 

high performance APTPEs through the straightforward implementation of a star architecture. At 

sufficient molar masses, the star architecture results in materials with increased ultimate tensile 

strengths and improved recoveries that outperform commercially available styrenic TPEs. The star 

architecture has also been shown to mitigate the impact of chain pullout and result in materials 

with slow stress relaxation and minimal permanent deformation. The enhanced understanding of 

the relationship between polymer architecture and material properties from this work will allow 

for further improvements in the design of high performance sustainable APTPEs.  
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