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Mechanical properties are fundamental to structural materials, where
dislocations play a decisive role in describing their mechanical be-
havior. Although the high yield stresses of multi-principal element
alloys (MPEAs) have received extensive attention in the last decade,
the relation between their mechanistic origins remains elusive. Our
multi-scale study of density functional theory, atomistic simulations
and high-resolution microscopy shows the excellent mechanical
properties of MPEAs have diverse origins. The strengthening effects
through Shockley partials and stacking faults can be decoupled in
MPEAs, breaking the conventional wisdom that low stacking fault
energies are coupled with wide partial dislocations. This study clari-
fies the mechanistic origins for the strengthening effects, laying the
foundation for physics-informed predicative models for materials de-
sign.

Multi-principal element alloys | Strengthening mechanism | Stacking

fault energy | Dislocation

M ulti-principal element alloys (MPEAs) have triggered
ever-increasing interests from the physics and materials
science community due to their huge unexplored composi-
tional space and superior physical, mechanical and functional
properties (1-12). They provide also an ideal platform to
study fundamental physical mechanisms (9, 13-15). With the
rise of MPEAs, understanding their mechanical properties
has become a central topic in materials science in the last
decade. In face-centered cubic (fcc) MPEASs, the motion of
partial dislocations (Shockley partials) and their associated
stacking faults (SF) defines their mechanical properties. Alloys
with low stacking fault energies (SFEs) have more extended
SEs, which are generally believed to have more strength and
ductility through twinning-induced plasticity (TWIP) and
transformation-induced plasticity (TRIP) mechanisms (16—
18).

Although extensive endeavors have been made, the com-
monalities in the origins of high yield stresses shared by many
MPEASs remain elusive. Among the most common intrinsic
contributions of yield stresses are the lattice friction (or Peierls
stress) and solute solution strengthening (19-23). Since the
birth of MPEASs it has been a controversy about the relative
importance of Peierls stress among the other contributions of
yield stress, including the solid-solution strengthening effect
(19, 22-24). Many researchers assume small Peierls stresses
based on the common wisdom of conventional alloys and pure
metals (25, 26) and the low SFEs in MPEAs. Low SFEs usu-
ally accompany small Peierls stresses. Overall, this controversy
originates from the lack of accurate dislocation geometry in
MPEASs, which allows for a direct, critical evaluation of the

www.pnas.org/cgi/doi/10.1073/pnas. XXXXXXXXXX

Peierls stress. There are reports on the dislocation geometry
in MPEAs, but almost all of them focused on the widths of
SFs (27-29). In contrast, the core widths of Shockley partials
are rarely reported for MPEAs, partly due to the difficulty
in measurements and partly due to its importance has been
unaware. To address this issue, we need very accurate de-
termination of the core width of the Shockley partials. It
is an important input parameter for mechanical simulations
and various theories and models (22, 30-32). Here we adopt
three of the most extensively studied MPEAs NiCoCr, VCoNij,
CoCrFeNiMn and their only common fcc element Ni to address
the above issues.

The commonalities in the origins of high yield stresses
shared by the MPEAs can be indicated by the minimum
energy profile along the dislocation motion path, i.e., the
increased energies introduced by generalized stacking faults
(GSFEs, see Fig. 1la). The local minima of the curves are
SFEs and maxima are the theoretical energy barriers for pure
shearing, which is a good indicator of the changes of Peierls
stresses. Assisted by the accurate density functional theory
(DFT), we compute GSFE curves for several representative
MPEAs and their common fcc component Ni. This identifies
a surprising fact: One of the representative MPEAs NiCoCr
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Fig. 1. GSFEs of three representative MPEAs and pure
Ni. a, The schematic for the generation of GSFs along
the slip direction. The displacement 0.75 is equivalent to
-0.25 due to the adopted periodic boundary condition. b,
The atom models at two representative displacements for
GSFs. ¢, The dashed lines are the fitting of the data points
to equation v = o sin? (7a) + (74 —Y0/2) sin? (27x)
(34, 35). d, The GSFEs in c are along the path indicated by
the white arrows on the gamma surface, i.e., the minimum
energy projected along the path denoted by the orange
arrow. The GSFE curves reveal the origin for the wide
SF and smaller half width of Shockley partial of NiCoCr
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has a decoupled strengthening effects, i.e., it has narrower
dislocation core of Shockley partial than pure Ni, although its
SF is much wider than Ni. Usually in fcc alloys when SFE is
lower its unstable SFE (maximal GSFE) is also lower, which is
coupled. Examples include the two other MPEAs VCoNi and
CoCrFeNiMn and many Mg alloys (basal plane dislocations)
(26) and Al alloys (33). However, NiCoCr does not follow this
convention. The understanding from multi-scale simulations,
atomistic simulations and the high-angle annular dark-field
scanning transmission electron microscopy (HAADF-STEM)
images rationalizes the narrow core of Shockley partials. These
results clearly reveal the diverse and decoupled mechanistic ori-
gins for the strengthening effects in the MPEAs with excellent
mechanical properties.

Decoupled mechanistic origins revealed by GSFEs

GSFE is a very useful tool to gain insight into the differ-
ent mechanisms of deformation. For example, the unstable
SFE (USFE, +.) indicates the contribution of Peierls stress;
the magnitude of SFE offers information on the TRIP and
TWIP deformation mechanism (17). Supercells of 72 atoms
(4(1/2[110]) x 3(1/2[112]) x 6(1/3[111])) are employed to cal-
culate GSFEs for Ni, VCoNi, NiCoCr and CoCrFeNiMn. In-
creasing the faulted planes from 6 to 12 only gives negligible
changes of SFEs (-0.030 to -0.033 Jm~?2 for NiCoCr). Atoms
are randomly placed on the lattice sites in the supercells for
various configurations, and the number of configurations con-
sidered is determined by convergence tests (36) (e.g., Fig. S1).
We calculate the GSFEs for three representative alloys with
excellent mechanical properties and use their common fcc
component Ni as a reference.

The GSFE curves of Ni, NiCoCr, VCoNi and CoCrFeNiMn
(the Cantor alloy) are shown in Fig. 1 with key points listed
in Table 1. It is worth mentioning that the curves in Fig. 1c
are the GSFEs along the white arrows (1/6[112]) rather than
the orange arrow (1/2[110]) in Fig. 1d. The common feature
of all three alloys is that their lower SFEs help activate the
various deformation modes facilitated by partial dislocations
such as the TRIP mechanism. One surprising finding is that
NiCoCr has a much lower SFE than Ni; its energy barrier
USFE is however obviously higher than Ni. Given the inverse

relationship between SFE vy and SF width z¢ = % S 2t

2 | www.pnas.org/cgi/doi/10.1073/pnas XXXXXXXXXX

x (%[110])

than Ni. We need to decrease SFE, while increases ~.,, in
order to optimize the mechanical properties.

Table 1. Comparison between the dislocation geometry of NiCoCr,
VCoNi, CoCrFeNiMn and Ni. NiCoCr has a narrower core of Shockley
partial than Ni, which is confirmed by DFT-informed Peierls-Nabarro
model (DFT+PN) and EAM simulations.

DFT+PN® (DFT+PN?)  EAM
w(Ni)/w(NiCoCr)  1.25 (1.16) 1.15
w(Ni)/w(VCoNi) 0.88 (0.82) -
w(Ni)/w(Cantor) 1.17 (1.05) -

¢ DFT-computed SFEs for the three concentrated alloys; b Positive
SFEs at room temperature for the alloys, e.g., 0.022 Jm~2 for NiCoCr
(37), ~ 0.030 Jm~2 for VCoNi (38) and 0.030 Jm~? for the Cantor
alloy (27).

(Burgers vector b, shear modulus u and Poisson ratio v), we
find that Ni has a narrower SF width than NiCoCr. Here
the SFE at room temperature for NiCoCr is adopted, e.g.,
0.022 Jm™?2 (37). For a perfect dislocation when its restoring
force takes a simple sinusoidal shape, its half width, i.e, the
core width at the half height of its misfit-function peak, can
be approximated by w ~ Kb®/4nv, (30). K = u/(1 —v) is
an elastic constant for edge dislocation. This indicates the
larger energy barrier of NiCoCr may give a smaller half width.
However, this needs to be further confirmed by more accurate
methods, since the formula for perfect dislocation may fail for
dissociated dislocations.

The GSFEs of NiCoCr indicate the exceptional decoupling
in the variation of dislocation geometry, i.e., SF widths and
the half widths of Shockley partials can change in opposite
directions, providing another pathway to tune mechanical
properties. It is widely acknowledged that low SFE promotes
the activation of the TWIP and TRIP mechanisms, making
the alloy more ductile and stronger. The same origin applies
to VCoNi and CoCrFeNiMn. In contrast to VCoNi and CoCr-
FeNiMn, NiCoCr is unique since its SFE is lower than pure
Ni but the USFE is higher than Ni, demonstrating its excel-
lent mechanical properties have an additional origin, i.e., the
increased Peierls stress. The decoupled strengthening mecha-
nisms in NiCoCr show the high yield stresses in MPEAs have
diverse origins.
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Table 2. The SFEs and USFEs of Ni, NiCoCr, VCoNi and CoCrFeNiMn
in Jm—2. The SFEs at room temperature for the three MPEAs are
described in Table 1.

material SFE USFE
Ni 0.107,0.110(39),0.120-0.130(40)  0.273,0.273(39)
NiCoCr -0.030, -0.026(41),-0.024 (42) 0.291
VCoNi -0.011 0.216
Cantor -0.023, -0.010~-0.050(43) 0.247

Consequences of decoupled mechanisms confirmed
by a revised Peierls-Nabarro model

We move forward to further check if the half width w of the
Shockley partial in NiCoCr is indeed smaller than in pure Ni
by modeling its geometry directly. This is one of the conse-
quences of the increased USFE in NiCoCr. DFT is accurate
to describe dislocation geometry (44, 45). However it is infea-
sible to describe MPEAs, given that MPEAs require a much
larger supercell and longer relaxation time for each ionic step.
Moreover, the random feature of MPEAs requires multiple
calculations to sample over different atomic configurations for
the same geometry, since only statistic geometry is practically
meaningful. Specifically, NiCoCr is more stable in hexagonal
close-packed (hcp) structure than in fcc at 0 K, which also
makes direct DFT calculations of random alloys impractical.
Fortunately, Peierls-Nabarro model and its many revised ver-
sions (26, 46-50) offer a more convenient method to inspect
the dislocation geometry in Ni and NiCoCr.

One of the key input parameters for the revised Peierls-
Nabarro model (50) is the gamma surface v (see Fig. 1). The
elastic constants and Burgers vectors for NiCoCr and CoCr-
FeNiMn are adopted from the seminal paper of Varvenne et al.
(22) We obtained these parameters from our DFT calculations
for VCoNj, i.e., G = 77.7 GPa, b = 2.53A; Poisson ratio v is
taken as 0.33 which is an average of their experimental values.
The so-called multiple-equal-fractional-dislocation (MEFD)
formulation (50) introduces one extra freedom to the original
Peierls-Nabarro model, which is particularly useful for com-
pact dislocation core. The calculated dislocation cores for
NiCoCr and pure Ni are shown in Fig. 2. The SF width of
NiCoCr is theoretically infinite, which is a direct consequence
of its negative SFE. However, the SF width cannot be actually
infinite in a literally finite size sample in experiment. They are
demonstrated by very wide SFs profuse under high resolution
microscopy. In contrast, the SF width of Ni is finite, which
is about 5.5 times the Burgers vector. The half width of a
Shockley partial in Ni is 0.70b, while that in NiCoCr is 0.56b,
with a ratio of 1.25. At room temperature, negative SFEs can
become positive (51-53), e.g., 0.022 Jm~2 for NiCoCr (37).
Adoption of this room temperature SFE in our model yields
only a slight change of half width from 0.56b to 0.62b, which
is unambiguously smaller than 0.70b (0K) or 0.72b (room tem-
perature) of pure Ni. This confirms the wider core of Ni than
NiCoCr that is indicated by their USFEs ~,. These results
are listed in Table 1.

In addition to the GSFE method and DFT-informed Peierls-
Nabarro modeling, we also adopt a modified embedded-atom
method (MEAM) potential (54) to perform molecular statics
calculations (55) for the same dislocations in NiCoCr and
Ni. The displacement fields for the two systems are directly
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Fig. 2. The dislocation geometry of NiCoCr and Ni. The half widths for Shockley
partials are featured. The dislocation core structures are calculated numerically by
a revised Peierls-Nabarro model. Using SFEs at OK in the model yields 0.56b for
NiCoCr and 0.700b for pure Ni; when SFEs at room temperature are adopted for
NiCoCr (37) and Ni (40), the half widths become 0.62b and 0.72b, respectively.

extracted from the relaxed atomistic structures and shown in
Fig. S2. The displacement fields are then fitted to a Lorentzian
peak p(z;w) = w/(x* + w?), which yields the half width w
for Shockley partials. The w of Ni is also wider than NiCoCr,
with a ratio of w(Ni)/w(NiCoCr)=1.15. This is consistent
with the above results.

Direct measurement of the half width of Shockley par-
tials by HAADF-STEM

The half width of dislocation core is one of the key parame-
ters that determine Peierls stress. Although the theoretical
methods can reliably confirm the w in Ni is wider than that
in NiCoCr (26), the accurate half width needs to be calcu-
lated from experimental measurements, since Peierls stress is
sensitive to its magnitude (50). Some researchers measured
dislocation geometry, but mainly the width of SFs (28, 29, 45).
Few people measure the half width of Shockley partials in
pure Ni, which is not easy because of the interference of its
narrow SFs. Fortunately, the SFs of MPEAs are multiple times
wider than Ni and the interference can be negligibly small.
Here we will adopt the state-of-the-art processing techniques
for HAADF-STEM images to accurately measure the core
width of the Shockley partial in one representative MPEA,
i.e., NiCoCr.

The profuse Shockley partials in deformed NiCoCr are
taken by HAADF-STEM for a statistical analysis (Fig. 3a).
We use several latest processing methods to extract the atomic
positions from HAADF-STEM (57) (see Fig. 3). It treats each
bright atomic position as a 2D distribution of the pixels (of the
order of 100). The intensity is fitted to a 2D Gaussian function

(I*Zo)z (y*yo)z
— T 9a2 T T opz

of a bell shape, i.e., f(x,y) = Aexp ( o 5

Here A is a prefactor, a, b are the variances along the two prin-
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Fig. 3. Direct measurement of dislocation geometry by HAADF-STEM. a, An example
to show the extraction of atomic positions from HAADF-STEM using an accurate
method implemented in Atomap (56). b, The 2D Gaussian distribution used to fit
the intensity distribution of the pixels around each atom in a. The position (zo, yo) is
adjusted according to its neighboring atoms. ¢, The displacement field of the Shockley
partial in a is fitted to an arc-tangent function to obtain the half width of Shockley
partial.

cipal axes (see Fig. 3b). The mean (xo,y0) of the Gaussian
function f(z,y) is considered as the position of that atom.
Local distortion can be corrected or even removed by consid-
ering the nearest neighbors of the atom during the extraction
process. This method is numerically accurate, repeatable and
independent of researchers’ experience. If the atoms are not in
a line parallel to the horizontal direction but with an angle of
0, a correction of 1/ cos(f) is needed for the inter-atomic dis-
tances. The inter-atomic distances are rescaled by the average
distance between atoms in the reference (defect-free) region.
This can correct the inclination of the projection plane. See
supplementary material for more details.

We analyze seven high-quality HAADF-STEM images
with the above procedure to extract all relevant atomic po-
sitions. As is shown in Fig. 3c, we use arc-tangent function
u(z; w) = b/2m arctan(x/w) + b/4 to fit the HAADF-STEM
atomic positions, which shows all the atomic positions approx-
imately falling on the curve. The fitting yields a half width
for NiCoCr with an average of 1.23b £ 0.44b. This is narrower
than common pure metals with a range of 1.61b ~ 1.81b af-
ter considering a small correction factor (see supplementary
material) (24, 58).

The fact that NiCoCr has a relative narrow core of Shockley
partial is one of the important origins for its high yield stress.
The small w can impact yield stress through both solid solution
strengthening and Peierls stress. The former can be deduced
from the Varvenne model (22). It predicts a higher yield stress
for a narrow core of Shockley partials. The higher Peierls
stress will be demonstrated in the following section.

Direct evaluation of Peierls stress

Peierls stresses can be calculated using an analytical formula
(30) or the Peierls-Nabarro models, once the dislocation half
width w is known. Peierls stress is very sensitive to the
magnitude of half width, i.e., small variance in w results in
substantial change of 7,. The errors from the input param-
eters can be substantially mitigated by accurate techniques,
such as accurate DFT calculations and reliable experimental
measurements of dislocation core width.

In Fig. 4 we show the Peierls stresses calculated at vari-
ous half width w by Peierls-Nabarro model with our MEFD
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— 71 (fitting)
10-1 e T, (PN+DFT)
© 107
o
¢ 1073
8 7,100 MPa (306 MPa)
@ 1 0-4]%~10 MPa (30.6 MPa)
®
<
Y 1073
g NiCoCr Ni
107 Experimental half '_1 s4b ®
width w ~1.23b w=t
107 - . ’
0.0 0.5 1.0 1.5 2.0 2.5 3.0
w/b

Fig. 4. Evaluations of the Peierls stresses for NiCoCr and Ni. The Peierls stress 7, is
determined jointly by experiment and revised Peierls-Nabarro model informed by DFT.
The numbers in brackets are the contributions to yield stresses after a Taylor factor of
3.06 is included.

formulation. The analytical formula for Peierls stress of undis-
sociated dislocations is 7,/G = 1/(1 — v) exp(—27w/b) (30),
with a scaling factor of —27 between In(7,/G) and half width
w/b. Obviously our DFT-informed method with a slope larger
than —27 is less sensitive than the analytical formula. The
Peierls stress at the experimental w for NiCoCr is denoted by
dashed lines. As a reference, the Peierls stress of pure Ni at
1.54b (the DFT+PN ratio 1.25 x 1.23b of NiCoCr measured
by experiment) is also calculated. The Peierls stress, of the
order of 100 MPa for NiCoCr, is much larger than common fcc
metals such as Ni (of the order of several MPa) (25, 26), and
cannot be ignored for quantitative accuracy. Its contribution
to yield stress can be as large as several hundreds Megapascals.
This numerically confirms one of the decoupled strengthening
effects through lattice friction. Although this study focuses
on edge dislocations that have lower resolved critical shear
stress and thus dominate the yielding behavior, most of the
conclusions hold for screw dislocations as well. The difference
between edge and screw dislocation is a scaling factor in 7,.”

In summary, we revealed the decoupled mechanistic origins
for the excellent mechanical properties in the widely studied
alloys. NiCoCr has a unique feature that its yield stress
can be attributed to both its high lattice friction (narrow
core of Shockley partials) and mechanisms through its low
SFE; in contrast, the other representative alloys have smaller
lattice friction than pure Ni, and their high yield stresses
cannot be attributed to the lattice friction. This offers direct
evidence for decoupled and diverse mechanistic origins for
the strengthening effects in complex concentrated alloys. The
decoupled strengthening mechanisms revealed here not only
demonstrate the unusual flexibility of complex concentrated
alloys to tune the mechanical properties but also provide a
new pathway to design high-performance alloys.

Materials and Methods

Dislocation cores calculated from experiment. The Peierls stresses
and dislocation cores of common pure metals were systematically
studied by Kamimura et al. (58). The Peierls stresses of pure
metals are usually of the order of 1-10 MPa, which are orders of
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magnitude smaller than NiCoCr, which offers new insights into the
deformation mechanisms of multi-principal element alloys.

To correctly evaluate the half width of Shockley partials, several
relations between the various quantities are needed. In Ref. (58),
the values of h/b are tabulated, which is the distance between slip
planes h divided by the magnitude of Burgers vector b. The half
width can be obtained by w/b = ﬁh/b =~ 1.4h/b =~ 2.0 when

h/b = 1.41,v = 0.3. Therefore, for the metals (Cu, Ag, Au, Al,
etc.), the half width w is about 2.0b. The reference does not include
the value for Ni, which was calculated by Zhao and Nieh from
experimental data (24). They showed pure Ni has a core structure
of 1.77b comparable to the other metals but larger than 1.23b of
NiCoCr after considering a small correction factor.

One note is needed here. These experimental half widths are
for perfect dislocations, which is slightly different from that of
Shockley partials. The difference is approximately controlled by the
dislocation character factor f = sin%(8)/(1 — v) + cos?(8), where 8
is the angle between Burgers vector and line direction. For Shockley
partial 8 = 60°; for perfect dislocation 8 = 90°. This gives a ratio
of w(perfect)/w(Shockley) = f(perfect)/f(Shockley) = 1.1 when
the Poisson ratio takes 0.3. This is numerically confirmed by the
well-known paper of Lu et al. (59), which gives a ratio of 1.16.
After including this factor, we can still conclude that pure metals
including Ni (1.61b — 1.81b) have larger half width than the 1.23b
of NiCoCr.

Procedure to extract dislocation displacement field. Ingots of the
equiatomic NiCoCr were produced by arc-melting from high-purity
elemental metals (99.9 wt.%). The melted button was flipped and
re-melted at least five times and then drop-casting into a rectangular
cross-section mold with sizes of 19.4 mmx15.8 mm. The cast ingots
were then sealed in an evacuated quartz tube and homogenized at
1473 K for 24 h. The ingots were subsequently cold rolled along
the longitudinal ingot direction to sheets with a final thickness of
9 mm. The rolled sheets were then annealed at 1173 K for 1 h,
followed by water cooling. The sheets were then deformed by shock
loading (57). Atomic-resolution images of the NiCoCr samples
were acquired by using the high-angle annular dark-field (HAADF)
scanning transmission electron microscopy (STEM). Bright field
STEM (BF-STEM) and HAADF-STEM images were acquired using
a Gatan BF detector and an annular-type HAADEF detector with
the collection angles ranging from 100 to 267 mrad, which were per-
formed using an aberration-corrected JEOLARM-200F transmission
electron microscopy (TEM) operating at 200 kV. These images are
firstly screened for high quality ones which clearly show the atomic
positions in the dislocation core region. We then use Atomap (56)
to extract the atomic coordinates for further processing to get the
dislocation core. The atomic coordinates immediately above the
slip plane u4 (x) are subtracted from those below the slip plane

_ () to get the displacement field u(x) = u () —u— (z); for those
not parallel to the horizontal x direction and with a misorientation
angle 0, a correction is made by u(z)/ cos(f). The key techniques
include (i) treating the each atom spot as a 2D Gaussian distribu-
tions with a elliptic shape, and taking the center of the ellipse as the
atomic positions; (ii) adjusting the atom positions by considering
the positions of neighboring atoms.

Density function theory calculations. Spin polarized density func-
tional theory (DFT) (60, 61) simulations are carried out using Vi-
enna Ab-initio Simulation Package (VASP) (62) to obtain the total
energies for the generalized stacking fault energy (GSFE) calcula-
tions. The generalized gradient approximation (GGA) parametrized
by Perdew-Burke-Ernzerhof (PBE) (63) is used to calculate the
electronic exchange-correlation interaction, and the Kohn-Sham
equation is solved using projector augmented wave (PAW) method
(64), where the Brillouin zone is sampled using Monkhorst-Pack
scheme (65). The atomic configurations of elements in the pseudo po-
tentials used in our calculations are Co [Ar]3d®4s!, Cr [Ar]3d4s!, Ni
[Ar]3d®4s2, Mn [Ar]3d%4s!, Fe[Ar]3d74s' and V [Ne3s?]|3p®3d*4s’.
Supercells of 72 atoms are employed to calculate GSFEs for Ni,
VCoNi, NiCoCr and CoCrFeNiMn. Once the lattice constants are
optimized, only the ionic positions are relaxed in the GSFE calcula-
tions, the supercell shape and volume are fixed (ISIF=2). This is
sufficient since we are interested in the trend of GSFE changes. The
relaxation stops when the energy difference between ionic steps is
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smaller than 10~% V. A plane wave cutoff of 350 ¢V and the k-point
meshes of 6 X 4 x 4 for Brillouin zone are used. An increase of k-point
meshes by 8 times (2 X 2 X 2), the change in total energy is less
than 2 meV or 0.028 meV /atom. Multiple random configurations
for the calculations of one GSFE, which allows us to evaluate the
average and variance of the GSFE.

Revised Peierls-Nabarro modeling. The multiple-equal-fractional-
dislocation (MEFD) formulation is used to solve the Peierls-Nabarro
equation (50), where for dissociated edge dislocations, the edge and
screw components of the trial misfit functions, ue () and us(z), are

written as
]de 1
ue(x) = I IN 1 Z Z arctan (————) + —, [1a]
i=—N j==+1
jdg idi‘
ug(z) = 677 2N+ 1 Z Z ]arctan ———=), [1p]
i=—N j==£1

where N is the number of arctangent functions for one partial, b is
the magnitude of the Burgers vector for the perfect dislocation, w
signifies the half width of one Lorentzian peak. dp is the distance
bewteen partials (50, 66). A total of six d,w parameters are opti-
mized for each N using the Particle Swarm Optimization (PSO)
algorithm (26, 66, 67). Here we adopt 100 particles and 100,000
steps for each optimization, which gives reliable results. The meth-
ods have been implemented in DIST (acronym for DIslocation
Simulation Toolkit) toolkit (68). The MEFD formulation has been
successfully used to study Mg (50), HEAs (20) and two-dimensional
materials (69).

Dislocation cores by atomistic simulations. In addition to density
functional theory, multi-scale modeling and experiment, atomistic
simulations are also useful to indicate the relative magnitude of
core widths of dislocations, although the quality of the results shall
be carefully taken. The Large-scale Atomic/Molecular Massively
Parallel Simulator (LAMMPS) (55) is used to optimize the core
structure of the dislocations. Here we adopted one widely acknowl-
edged modified embedded-atom method (MEAM) potential for such
simulations (54). Periodic boundary condition is used in all three
axes of the simulation cell. The conjugate gradient method is used to
optimize both the atomic positions and the lengths of three cell axes
at 0 K and the external pressure of 0 atm. The optimization stops
when the force exerted on all atoms is less than 10~'2 ¢V /A. Our
simulations use a supercell size of 100([110]) x 5([112]) x 10([111]).
The perfect edge dislocation on the [111] plane is inserted at the
center of the supercell. After relaxations, the atomic positions below
and above the slip plane are extracted to calculate the displace-
ment field for the dislocations. The displacement field is fitted
to Lorentzian peaks to obtain the half width of Shockley partials.
The procedure is similar to that for the experimental displacement
field.

Supporting Information Appendix (Sl). Supporting figures can
be found in the supplementary material.
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