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The advent of additive manufacturing (AM) offers the possibility of creating high-performance
metallic materials with unique microstructure. Ultrafine dislocation cell structure in AM metals is
believed to play a critical role in strengthening and hardening. However, its behavior is typically
considered to be associated with alloying elements. Here we report that dislocations in AM metallic
materials are self-stabilized even without the alloying effect. The heating–cooling cycles that are
inherent to laser power-bed-fusion processes can stabilize dislocation network in situ by forming
Lomer locks and a complex dislocation network. This unique dislocation assembly blocks and
accumulates dislocations for strengthening and steady strain hardening, thereby rendering better
material strength but several folds improvements in uniform tensile elongation compared to those
made by traditional methods. The principles of dislocation manipulation and self-assembly are
applicable to metals/alloys obtained by conventional routes in turn, through a simple post-cyclic
deformation processing that mimics themicromechanics of AM. This work demonstrates the capability
of AM to locally tune dislocation structures and achieve high-performance metallic materials.
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Introduction
Since the proposition of dislocation slip in 1934 and its experi-
mental verification by electron microscopy more than 20 years
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later, materials scientists have been playing with dislocations to
create high-performance metallic materials for decades. For
example, conventional strengthening strategies, such as grain
refinement, solid solution or precipitation strengthening, are
associated with dislocation blockage through the introduction
of extrinsic obstacles to dislocation motion [1,2]. Mainstream
efforts have focused on tuning these external dislocation obsta-
cles to modify dislocation behaviours, and hence engender speci-
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fic mechanical properties [3]. However, the role of dislocation
manipulation is frequently considered as a result to be under-
stood, instead of a tuneable degree of freedom that can be con-
trolled by dislocation itself.

Additive manufacturing (AM), which is attractive for the pro-
duction of three-dimensional parts with complex geometry, pro-
vides a new pathway for manipulating dislocation structures. In
AM processing, powders are melted and solidified layer-wise, dur-
ing which the built parts experience a specific thermal history [4–
7]. First comes a rapid quenching from the melts, with a high
thermal gradient, followed by cyclic heating–cooling during sub-
sequent sample building. We recently showed that this repetitive
and nonequilibrium build process produces tension–compres-
sion cycles in the solidified parts, leading to creation and self-
assembly of high density of dislocations (Fig. 1(a)) [7]. Further-
more, many AM metallic materials that contain ultrafine disloca-
tion cells tend to display extraordinary mechanical properties,
which are not easily accessible by conventional processing meth-
ods (e.g., casting, cold- or hot-working, which typically lead to
strength-ductility trade-off). Examples span typical AM materials
including austenitic stainless steel (SS), high entropy alloys and
Inconel alloys [8–13]. Yet detailed studies of the underlying
mechanisms responsible for the superior properties remain
scarce, with only limited insights into the importance of disloca-
tion structure [8,9,14,15]. In addition, limited by the multi-
elements nature of the mostly developed AM metallic materials,
dislocation behaviours are largely determined by or coupled with
alloying effects. Therefore, the nature of dislocation configura-
tions and the associated deformation mechanisms are still open
questions to AM community.

We here combined experimental investigations with simula-
tions to revisit dislocation behaviours in AM materials, by using
high-purity Cu (>99.9%) as a prototype. For the first time, the
inherent ability of AM in creating metals with unique dislocation
configuration is uncovered. We show that the dislocation cell
structure is regulated in situ upon AM processing, leading to a
self-strengthened, low-energy configuration in the as-built state.
This new kind of dislocation network enables an unprecedented
interplay between dislocation pinning, storage and nucleation,
thereby resulting in superior mechanical properties as compared
to traditional processing route. Our results unravel the ability of
AM to locally tune the dislocation structure, and provide an alter-
nate way of ‘dislocation engineering’ to prompt superior
mechanical performances of metallic materials.
Materials and methods
Materials fabrication
We identified the processing window for porosity-free AM-Cu,
using a laser powder-bed-fusion (L-PBF) printing system (S210,
BLT). Spherical, high-purity Cu powders with a mean particle
size of ~30 lm were prepared by a home-made electrode induc-
tion gas atomization (EIGA) system. The nominal powder com-
position, as measured by inductively coupled plasma mass
spectrometry (ICP-MS, for conventional elements) and instru-
mental gas analysis (IGA, for O, N, H and S), was 0.0002 wt.%
Al, 0.0001 wt.% Co, 0.0034 wt.% Fe, 0.0002 wt.% Mg,
0.0004 wt.% Zn and 0.0008 wt.% O. The balance is Cu
80
(>99.9%). The contents of other elements, such as C, H, S, were
too low to be detected. We chose two processing windows to
print AM-Cu with different dislocation densities, both of which
were optimized for porosity-free samples (Fig. S1). The key print-
ing parameters were provided in supplementary information
(Table S1). A continuous scanning strategy with a rotation of
67 degrees for alternate layers was adopted in order to randomize
crystal orientation and alleviate residual stress in the as-built
samples, and the oxygen content in the chamber was controlled
below 50 ppm. The density of the as-printed cuboidal Cu with
sides of 20 mm was measured to be 99.5 ± 0.2 %, using the Archi-
medes method. For comparative purposes, we obtained conven-
tionally deformed Cu by firstly annealing high-purity wrought
Cu at 900 �C for 1 h, followed by cold-rolling by 70% thickness
reduction. The cold-rolled Cu (CR-Cu) were annealed at 150 �C
with holding time of 5/10 mins, with the purpose to reach sim-
ilar dislocation density and hardness to those of AM-Cu samples
(see supplementary information, Table S2). To minimize oxida-
tion, the annealing steps were conducted in a glove box with
oxygen and water content less than 0.5 ppm.
Electron back scatter diffraction (EBSD) and transmission
kikuchi diffraction (TKD)
EBSD was employed by a high-resolution EBSD system (Symme-
try S2, Oxford), with an angular resolution below 0.05�.
AZtecCrystal data processing software was used for EBSD data
analysis. An accelerating voltage of 15 keV was used for EBSD
data collection. Samples were prepared using standard metallo-
graphic techniques, where the sample surface was finally pol-
ished with the ion milling system (Model 1060, Fischione)
to achieve a high validated hit rate (>99%). We employed TKD
to analyse the microstructure and local misorientations of AM-
Cu, with a Bruker OPTIMUSTM detector installed in a scanning
electron microscopy (SEM) (MIRA3, Tescan). The microscope
was operated at an acceleration voltage of 20 keV and a beam cur-
rent of 6 nA. The orientation data during scanning were collected
with a pattern resolution of 800 � 600 pixels (2 � 2 binning).
The exposure time was 20 ms and the scan step size was 8 nm.
Data analysis was performed using OIM TSL software provided
by EDAX. Grain boundaries (GBs) with misorientation angles
between 2–10� and >10� were considered as low- and high-
angle GBs, respectively.
Transmission electron microscopy (TEM)
Bright-field TEM images of AM- and CR-Cu samples were per-
formed by Thermo Fisher TALOS F200X at an accelerating volt-
age of 200 keV. The scanning TEM (STEM) images were
recorded in a Cs-corrected JEOL JEM-ARM 200F fitted with an
imaging aberration corrector (CEOS). High resolution STEM
images, with a maximum point-to-point spatial resolution of
0.08 nm, were obtained with a convergence angle of 26 mrad
and collection semi-angles from 50 to 180 mrad. TEM samples
were prepared by the lift-out method using a focused-ion-beam
(FIB) system. Nano-milling (Nanomill 1040, Fischione) operated
at 800 V was employed to remove the surface amorphous layer
produced by FIB milling.
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FIGURE 1

Additively manufactured and conventional deformation-produced high-purity Cu. (a) A schematic of the AM process including a sketch of the stress state
experienced by solidified parts in front of the laser beam. One tension–compression cycle is applied once the laser beam scans over the surface due to large
thermal gradient. Multiple tension–compression cycles upon sample building create dislocations with unique structure. Note that this simplified schematic
does not consider the (re)melting/(re)solidification processes during AM. Sample building direction (BD) is indicated by the white arrow. (b) A 3D
reconstruction of EBSD inverse-pole figure (IPF) maps of the as-built AM-Cu. High-angle grain boundaries (HAGBs) with misorientations larger than 10� are
superimposed. (c)-(e) Statistical distribution of grain size (c), grain boundary misorientation (d) and mean orientation deviation (e) for AM-Cu with different
planes and conventionally cold-rolled Cu (CR-Cu). Grain size in (c) is defined by HAGBs (misorientation angle larger than 10�). LD and TD are the lateral
direction and transversal direction, respectively. LD-TD, LD-BD and TD-BD represent different normal planes as shown in (b). (f) A representative bright-field
TEM image of dislocation cells in AM-Cu. Beam direction is along the [110] zone axis. Inset shows the SAED pattern of the circled region in (f), which contains
a triple junction of cells. The aperture size for SAED is 1 lm. (g) An enlarged view of TEM image to show a typical dislocation cell in AM-Cu, revealing the sharp
dislocation cell-wall morphology. (h) Aberration-corrected HAADF-STEM image of the cell-wall region shown in (g). Dislocations are arranged closely, with
immobile dislocation locks (Lomer locks) frequently observed (indicated by white arrows). Inset shows the atomic structure of the selected region. The
Burgers circuit analysis reveals the formation of a Lomer lock. (i) Bright-field TEM image of dislocation structure in CR-Cu, with the corresponding SAED
pattern shown in the inset. Beam direction is along the [110] zone axis. (j) An enlarged view of TEM image to show a typical dislocation cell in CR-Cu.
Dislocations are loosely packed and cell-wall is thick (tens of nanometers). (k) Aberration-corrected HAADF-STEM image of the cell-wall structure in (j),
showing the sparse distribution of dislocations absent of mutual interactions. The raw STEM images are displayed in Fig. S4.
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In situ TEM tensile tests
TEM samples were first polished with silicon carbide papers
down to 80 lm and then punched into disks with a diameter
of 3 mm. The disks were further thinned by electropolishing
using 25% phosphoric acid, 25% ethanol and 50% distilled water
to obtain thin regions for TEM observations. The polishing tem-
perature was set to be �20 �C. These polished disks were attached
to stainless-steel substrates with narrow rectangular windows,
enabling electron beam transmission. In situ uniaxial tensile
tests were performed at ambient temperature in a FEI Tecnai
G2 F20 TEM operating at 200 keV, using a Gatan 654 single-tilt
straining holder.

Macroscopic tensile tests
Dog-bone specimens with 8 mm gauge length, 2 mm width, and
1 mm thickness were cut from the AM- and CR-Cu by electro-
discharge machining (EDM). Tensile direction is vertical to the
build direction for AM-Cu, and is aligned with rolling direction
for CR-Cu. Surfaces and sides of the tensile samples were pol-
ished with 360–4000 European grit metallographic silicon car-
bide papers, followed by polishing in 3 lm and 1 lm diamond
suspensions. The final thickness of the tensile specimens was
~0.9 mm. Quasi-static uniaxial tensile tests were conducted in a
universal testing machine (Instron 3344) at a constant strain rate
of 5 � 10�4 s�1 at ambient temperature. At least five tensile tests
were carried out to obtain statistical values. Tensile elongations
were measured using a static axial clip-on extensometer (Model
2630-101, Instron) with 1 lm displacement resolution.

Multi-physics modelling of AM process
The evolution of individual powder particles during the AM pro-
cess was simulated using a meso-scale thermal-fluid flow model.
To ensure fidelity, the randomly packed powder bed was gener-
ated by simulating the powder spreading process with the exper-
imentally measured powder size distribution, and most of the
key physical parameters, such as laser heating, heat transfer,
melting, molten pool flow and solidification, were incorporated.
Furthermore, the temperature profiles from the thermal-fluid
flow model were implemented into a finite element model to
simulate the thermal stress distribution. The thermal-fluid flow
simulations were performed on FLOW3D with extensive in-
house development, and the thermal-stress simulations were per-
formed on ABAQUS with extensive in-house development as
well. More details of our modelling framework can be found else-
where [16].

Discrete dislocation dynamics (DDD) modelling
We developed a two-dimensional discrete dislocation dynamics
method based on refs [17–21]. In this method, a given density
of edge dislocations with an equal number of positive and nega-
tive Burgers vectors were randomly put in a square Cu cell with
length 4 lm. The shear modulus and Poisson’s ratio of Cu is 42
GPa and 0.34, respectively. Periodic boundary condition was
employed to simulate the bulk material behavior. The starting
dislocation structure evolves dynamically without external load-
ing until a metastable configuration is obtained. Overdamped
dynamics was assumed, such that dislocation velocity is propor-
tional to the total force induced by the external loading and the
82
interactions with other dislocations. The viscous drag coefficient
was taken to be 10�4 Pas. The edge dislocations with opposite
Burgers vector annihilate each other when their distance is smal-
ler than the annihilation distance La = 6b. Here b is the magni-
tude of burgers vector. Dislocations can be generated from
sources when the local resolved shear stress (s) at the source loca-
tion is higher than sc for a sufficiently long time tc [18,21]. Dislo-
cation sources with density of qnuc were randomly introduced in
slip planes to simulate the Frank-Read sources. Their strength sc
follows a Gaussian distribution with mean value of 50 MPa and
10% standard deviation.
Results and discussion
Fabrication and microstructures
We built cuboidal L-PBF Cu parts with side-length of 20 mm. Due
to low laser absorption in the near-infrared region (<10%), the
production of near fully dense Cu is difficult for most L-PBF
machines [22]. We identified optimized processing windows for
AM-Cu (density: >99.2%), following the normalized equivalent
energy density (E0*) approach (see supplementary information,
Text S1) [23,24]. The E0* diagram helps to delineate the useful
processing windows for AM-Cu with tuneable dislocation densi-
ties. We observed the combination of laser parameters that fall
near the E0*~3 isopleth line is able to create AM-Cu with high dis-
location density (~1015 m�2) and E0*~9 for low dislocation den-
sity (~4 � 1014 m�2), respectively (Fig. S1). They are named as
AM-Cu-A and AM-Cu-B, respectively. The conventional cold-
rolled Cu samples, which possess similar dislocation density to
those of AM-Cu-A or AM-Cu-B, are termed as CR-Cu-A and CR-
Cu-B, respectively.

Fig. 1(b) shows EBSD images of AM-Cu, consisting of
microstructures from three normal planes. It contains high frac-
tions of low-angle grain boundaries (LAGBs, misorientation
angle between 2–10�, ~40–50%) and grains are large, with an
average grain size of ~30 lm. The grains exhibit a tortuous mor-
phology for all planes, in stark contrast to the faceted nature in
well annealed Cu [25]. The distribution of grain size is also
non-uniform, where some large grains (size > 80 lm) can be
observed. Large input energy in laser illumination with a high
local thermal gradient renders strong fluid flow in the melt pool
(Marangoni convection), which may perturb grain nucleation
and growth kinetics during solidification, leading to the inhomo-
geneous grain distribution [6]. We found that the average grain
size, LAGB fraction and mean orientation deviation (a grain-
based misorientation difference between one specific point in a
grain and the average orientation of the grain [26]) between
AM- and CR-Cu are similar (Fig. 1(c-e)). However, further TEM
examinations revealed that their dislocation configurations are
remarkably different. Fig. 1(f) and (g) show that in the as-built
AM-Cu dislocations are arranged into submicron dislocation
cells, the majority of which are well-defined, akin to subgrains
in severely plastically deformed (SPD) Cu [27,28]. The selected
area electron diffraction (SAED) pattern encompassing parts of
the three dislocation cells indicates that misorientations between
them are below the resolution limit of SAED. This is in line with
the presence of few LAGBs at the length scale of dislocation cells
in high-resolution EBSD and TKD analyses (Figs. S2(c) and S3),
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but is counterintuitive because SPD metals that display sharp dis-
location cell-walls usually contain detectable grain misorienta-
tions [28]. This confirms that these cell boundaries are not
traditional dislocation cell-walls as observed in SPD metals. Nor-
mally, the sharp cell boundaries are counted as equilibrium
boundaries, containing few excess dislocations to accommodate
local misorientation across the cell boundary [28–30]. Disloca-
tion density in cell-walls is too high for conventional weak-
beam technique to work well. We therefore characterized the
atomic structures of the cell-wall region using high-resolution
STEM, Fig. 1(h), with the original STEM image displayed in
Fig. S4(a). We found that cell-walls are generally pinned by some
extrinsic dislocations that form Lomer locks, one representative
atomic structure of which is displayed in the inset of Fig. 1(h).
At least twenty STEM micrographs were carefully examined,
and the formation of high-density of Lomer locks in dislocation
cell-walls was proven to be a general feature. The inter-pinned
dislocation configuration is neither attributed to O or N segrega-
tion at cell-walls, nor due to pinning of other alloying elements
(e.g., Al, Co and Fe), as examined by atom probe tomography
(APT, Fig. S5). While for CR-Cu with similar dislocation density,
thick (tens of nm) and blurred dislocation cells prevail (Fig. 1(i)
and (j)). Dislocations in cell-walls are loosely distributed to
accommodate the local misorientations (Fig. 1(k)). The presence
of large numbers of extrinsic dislocations in CR-Cu without dis-
cernible mutual trapping (shielding) is associated with a strong
elastic strain field, leading to a high-energy state. Tilting of
TEM samples indicates that the above differences in dislocation
FIGURE 2

Dislocation network stabilization mechanisms. (a-d) Discrete dislocation dynam
numbers (N) of cyclic deformation processing (CP). Dislocation patterning in a tw
N = 20. Dislocation network stabilizes when N > 8. (e) The evolution of applied st
only decreases slightly from 1.5925 � 1015 m�2 at N = 0 to 1.58375 � 1015 m�

constant stress magnitude of ± 50 MPa (in the micro-plastic region). The area en
N, showing a ‘cyclic-strengthening’ feature. (g) Normalized dislocation energy (en
N. The mutual, spontaneous interactions of dislocations shield them from the ap
simulated stress distributions (unit: MPa) of dislocation patterns before process
morphologies are physical and are not due to local projection
effects.

Dislocation network stabilization mechanisms
The above results suggest the inherent nature of AM in tuning
dislocation structures. Our multiphysics modelling demonstrates
that a microscopic tension–compression cycle is generated as the
laser beam is scanned over the surface, which produces disloca-
tions in the solidified part (schematically shown in Fig. 1(a))
[7]. We estimated that at least 150 thermomechanical cycles
are exerted upon sample building (Fig. S6). In this case, the
back-and-forth gliding of dislocations can annihilate unstable
dislocation dipoles and form sessile dislocation locks (Lomer
locks), triggering the self-organization of dislocations into an
inter-pinned configuration. The high-temperature environment
upon sample building further accelerates this process. Thus, the
relaxed, self-strengthened dislocation cells appear sharp in TEM
observations.

We further employed DDD modelling to simulate the
micromechanics associated with the layer-wise building process
of AM. Dislocation multiplication and annihilation were both
considered in our modelling framework. We show that the effect
of cyclic heating–cooling, namely, tension–compression cycles,
on dislocation network stabilization is manifested in the follow-
ing three observations: (i) Initially, most dislocations are
arranged into regular patterns (dislocation walls and cells)
(Fig. 2(a)). The subsequent cyclic deformation processing (CP)
conducted in the microplastic region triggers dislocation self-
ics (DDD) simulation results on dislocation patterns subjected to different
o-dimensional configuration is carried out at (a) N = 0; (b) N = 1; (c) N = 8; (d)
ress and dislocation density as a function of N. Note that dislocation density
2 at N = 20 (i.e., 0.5% reduction). (f) Stress–strain responses during CP at a
closed by each stress–strain cycle firstly shrinks and gradually saturates with
ergy per dislocation normalized by its initial value at N = 0) as a function of
plied elastic field, resulting in a reduction in dislocation energy. Insets show
ing (N = 0) and after cyclic deformation with N = 20.

83



R
ESEA

R
C
H
:O

rig
in
al

R
esearch

RESEARCH Materials Today d Volume 50 d November 2021
organization towards a stable configuration. Fig. 2(b-d) displays
dislocation patterns at different cycle numbers (N), indicating
that dislocation structure stabilizes after eight cycles (N = 8). Dis-
location patterns with relatively large cycle number (N = 150)
were also probed, showing marginal differences with those of
N = 20. It is noticeable that, as displayed in Fig. 2(e), dislocation
density changes marginally with cyclic deformation. This indi-
cates that dislocations are not annihilated but are likely to be
inter-pinned when cyclically loaded. (ii) With N increases, the
stress–strain hysteresis loop gradually shrinks (Fig. 2(f)). The area
enclosed by the stress–strain hysteresis loops reduces by 80%
when N = 20. This observation lends direct support to our earlier
claim that dislocation networks are strengthened upon AM pro-
cessing. In consideration of the invariance in dislocation density,
we thus believe that the strengthening of dislocation networks is
solely associated with structural effects and are not due to dislo-
cation accumulation upon processing. (iii) As shown in Fig. 2(g),
the elastic energy per dislocation first displays a sharp decrement
with N, followed by an almost constant value for N > 15; that is,
dislocation structure is energetically stabilized with cyclic load-
ing. This structure relaxation is also well embodied in stress dis-
tribution mapping as shown in the inset. The energy reduction is
presumably originated from strong dislocation inter-pinning,
which shields dislocation strain/stress fields to render a lower
energy state. Altogether, our modelling results demonstrate that
the microscopic cyclic loading that is inherent to AM stabilizes
dislocation structure, both mechanically and energetically. This
leads to the unique dislocation structure in AM Cu. We note here
that our model above does not take into account the
solidification/resolidification processes during L-PBF, which
may lead to initial dendritic or columnar solidification morphol-
ogy of dislocation cellular structures [13]. Such cellular structures
can subsequently evolve under cycle loading. For CR-Cu, the
cells form via deformation-induced nucleation and self-
assembly, without solidification playing a role. This intrinsic dif-
ference between AM- and CR-processes is a topic worthy of fur-
ther investigations.

Deformation behaviours of stabilized dislocation network
We performed in situ TEM tensile experiments to track
microstructural evolutions of the self-stabilized dislocation net-
work in AM-Cu, and compare it with the conventional disloca-
tion cells in CR-Cu. At the very early stages of deformation,
dislocations are found to pile-up at some of cell boundaries in
AM-Cu (Fig. 3(a), white arrow), suggesting that stabilized cell-
walls are strong dislocation obstacles. With increasing deforma-
tion, dislocation glide continues to be the dominant deforma-
tion mechanism; yet dislocations are terminated and stored at
cell-walls without penetration into adjacent cells (Fig. 3(b)).
Thus, dislocation activity is topologically confined to individual
dislocation cells. The pinning of dislocations at cell-walls, which
are strengthened by the immobile Lomer locks, is so strong that
after de-pinning, dislocations move very rapidly across the cell
interiors before being stored at the opposite cell boundary (see
supplementary information, movie S1). Interestingly, the dislo-
cation cells appear stable (i.e., little morphology change upon
loading) and are likely to act as dislocation sources when the
localized stress is high (at 10 s and 11 s in movie S1 and S2,
84
respectively). Thus, dislocation blockage, storage and nucleation
are synchronously enabled in AM-Cu. The interplay of these
mechanisms on one hand, promotes strengthening via
enhanced resistance to dislocation penetration and trapping of
dislocations at cell boundaries, and, on the other hand, alleviates
serious stress concentrations to promote deformation homoge-
nization. This might be responsible for the excellent strength-
ductility synergy in many AM metallic materials containing
pre-existing dislocation cells [15,31,32].

For conventionally cold-deformed Cu, however, dislocation
network evolves actively upon straining (movie S3). The
loosely-packed dislocation cell-walls are deficient in sessile
Lomer locks, which are not sufficiently strong to resist disloca-
tion motion. When subjected to external loads, dislocations
can nucleate or escape at cell-walls, penetrating through neigh-
bouring cells, and travelling long distances before being impeded
at strong pinning points (Fig. 3(e)). This deformation feature
leads to large dislocation mean free paths, which may suppress
dislocation multiplication [33]. With straining, stress concentra-
tions due to dislocation pile-ups can break up dislocation cell-
walls, after which the dislocation activity in the un-constrained
state becomes more extensive, as shown in Fig. 3(f) and movie
S3. These dynamic responses of conventional dislocation struc-
ture differ significantly from those of AM-Cu; but are consistent
with the reported intermittent dynamics of dislocation arrange-
ments as probed by differential aperture x-ray microscopy [34].
Moreover, the lack of mutual trapping of dislocations leads to
large stored energy, which creates high internal stresses and facil-
itates dislocation recovery. Thus, compared with AM-Cu, disloca-
tion multiplication rate is low and annihilation rate is high in
CR-Cu at similar deformation levels, both of which are unfavour-
able for dislocation storage. The unprecedented dislocation stor-
age capacity in AM-Cu is revealed by the remarkable dislocation
accumulations in the post-mortem TEM examinations (Fig. S7).
Additionally, we employed electron channelling contrast imag-
ing (ECCI) to examine microstructures of AM- and CR-Cu
deformed at different strains (Fig. S8). We found that extensive
slip bands were formed in CR-Cu even at a relatively small strain
of ~1%; while for AM-Cu, no slip bands were visible up to a large
tensile strain of 12%. These results are consistent with our in situ
TEM observations, where dislocations in CR-Cu tend to glide
longer distances without being stopped by dislocation cell walls.
These different deformation behaviours between stabilized and
conventional dislocation structures may also be well embodied
through quantitative fractal analysis, which demonstrates dislo-
cation ensembles on a larger scale [35–37].

The superiority of AM-Cu in stabilized deformation can be
further supported by micropillar compression tests. Single-
crystalline AM- and CR-Cu micropillars, with their [111] direc-
tion parallel to the uni-axial compression direction (as identified
by EBSD, Fig. S9), are milled from as-built bulk samples. The com-
pressive stress–strain response of AM-Cu micropillars demon-
strates a higher hardening ability and smaller discrete strain
bursts (which is caused by collective dislocation escape at free
surfaces) as compared with that of CR-Cu (Fig. 3(g)). Also, it
appears that there is no major shearing of AM-Cu micropillars
after a compressive strain of 15%, but strain localization prevails
for CR-Cu micropillars (Fig. 3(h) and (i)). These deformation



FIGURE 3

Deformation micro-mechanisms in AM- and CR-Cu. (a)-(c) Snapshots of in situ TEM tensile deformation of AM-Cu, showing the representative evolution of
dislocation structures as a function of deformation. Dislocations are imaged under {111} type diffraction condition for clear identification. Dislocation cell-
walls are sharp and are indicated by yellow dashed lines. Three dislocations (marked as 1st, 2nd, and 3rd) are travelled rapidly across the cell interiors and are
impeded and stored at cell boundaries. Dislocation cells are stable throughout deformation. (d)-(f) Snapshots of in situ TEM tensile deformation of CR-Cu,
revealing three typical deformation features. (1) The nucleated dislocation (in blue region in (d)) penetrates through dislocation cell-walls without obstruction
and stops at strong obstacles. (2) Parts of the cell-wall in (e) are disappeared with straining. (3) Dislocation cell-wall breaks due to strong stress concentration,
after which dislocations escape into cell interior (f). The dynamic process can be found in more detail in movie S3. (g) Compressive stress–strain responses of
single-crystalline Cu micropillars. Single-crystalline micropillars with diameter of ~1.3 lm and height of ~4 lm are milled from polished AM- and CR-Cu
surfaces using FIB, and are uni-axially compressed along [111] direction. The maximum engineering compressive strain is set to be 15%, and strain rate is
5 � 10�4 s�1. AM-Cu shows higher hardening ability and much smoother plastic flow than CR-Cu. The lower yield strength of micropillars as compared with
that in macro-tensile tests may be attributed to image force. (h), (i) SEM images of AM- and CR-Cu micropillars before and after compression, respectively.
Note that no major shearing is observed for AM-Cu micropillars. (j) Dislocation density evolution for AM- and CR-Cu as a function of applied strain. AM-Cu
demonstrates much higher dislocation accumulation rate than CR-Cu.
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features are attributed to the fact that long-range gliding of dislo-
cations is interfered by self-stabilized dislocation networks in
AM-Cu via multiple cell-dislocation interactions, as demon-
strated by the above in situ experiments, thereby leading to
deformation homogenization. In addition, far more pronounced
dislocation accumulation in AM-Cu is revealed by X-ray diffrac-
tion (XRD) analysis of the deformed bulk samples. Fig. 3(j) shows
the evolution of dislocation density in AM- and CR-Cu as a func-
tion of applied strain (e), as studied by XRD (the measurement
details can be found in Supplementary Text 2 and in Fig. S10).
We found that the flow stress in both samples follows the Taylor
hardening equation, suggesting that dislocations act as the gov-
erning strengthening mechanism (see Supplementary Text 2
for more discussion). Prior to tension, both AM- and CR-Cu have
high dislocation density (~0.9 � 1015 m�2). However, dislocation
storage is much more extensive in AM-Cu than that in CR-Cu.
Mechanical properties
Fig. 4(a) shows the tensile properties of AM- and CR-Cu with
identical pre-existing dislocation density. To emphasize the
superiority of AM-Cu, we include two sets of comparisons that
possess different yield strengths (~200 MPa and ~300 MPa). Ten-
sile properties of AM-Cu are far super in both conditions, as indi-
cated by the vastly higher ductility at similar yield strength
compared to those of CR-Cu. In particular, AM-Cu-A (yield
strength: 303 ± 12 MPa) reveals a factor of ten lager uniform
elongation, reaching ~12–16%. The dramatic improvements in
ductility correspond to higher strain hardening rates in AM-Cu
(Fig. 4(a), inset), which presumably stem from the mechani-
cally/energetically stable dislocation network. Fig. 4(b) demon-
strates that our AM-Cu has superior improvements in strength–
ductility combinations compared to those reported strategies
based on dislocation strengthening [28,38–40]. Moreover, the
85



FIGURE 4

Mechanical responses. (a) Tensile engineering stress–strain curves of AM- and CR-Cu with different yield strengths (~200 MPa and ~300 MPa), respectively.
Insets show strain hardening responses, where AM samples display significantly higher hardening capacity. (b) A summary of yield stress versus uniform
elongation for dislocation-strengthened Cu fabricated by various strategies. These include equal channelling angular pressing (ECAP) [28], ECAP plus
annealing treatment (ECAP+ annealing) [38], high-pressure torsion (HPT) [39] and compression densification (Compression) [40]. The outstanding
combination of strength and ductility observed in AM-Cu exceeds those reported in these conventional fabrication strategies. Error bar of data point in our
work is present in Table S1. (c) Mechanical response of high-strength CR-Cu subjected to traditional thermal treatments and the cyclic deformation
processing (CP). Note that annealing method softens the material yet only slightly improves the uniform elongation. CP approach, although it experiences
loss in yield strength due to dislocation recovery, achieves a much higher eu (9.3%) than typical annealing strategy. Inset shows the evolution of eu as a
function of N. (d) Tensile stress–strain responses of high-strength Cu-Cr alloy with different processing strategies. The result shows that CP approach is
generally applicable for this representative alloy for enhanced strengthening. Inset displays precipitate size evolution with CP and conventional heat
treatment. The statistical calculations were conducted by APT (see supplementary information for more details).
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tensile properties of AM-Cu reported here are mainly aimed to
demonstrate the proof-of-principle, and further property
improvements are possible if dislocation structures in AM-Cu
are optimized further. In spite of this, the tensile properties of
AM-Cu have already surpassed or rivalled many wrought Cu
alloys (Cu-Zn and Cu-Ni alloy [41], for example).

The intrinsic dislocation manipulation strategy in AM is
extendable to the conventional dislocation-strengthened metal-
lic materials. We applied an alternating stress using a universal
fatigue machine to induce microscale tension–compression
cycles on CR-Cu, mimicking the micromechanics of AM process
except for the temperature effects (see supplementary informa-
tion for more details, Text S3). The back-and-forth movement
of dislocations enables dislocation re-arrangements and inter-
pinning, forming a low-energy, sharp-contrast dislocation net-
work (Fig. S11). The resultant tensile properties show that the
86
uniform elongation of CR-Cu is rejuvenated, reaching 9% after
200 tension–compression cycles, much higher than those for
as-deformed state and heat-treatment sample (less than 2%,
Fig. 4(c)). Furthermore, this strategy is also applicable to alloys.
As an example, the precipitate-hardened Cu-Cr alloy improves
its strength by deformation such as SPD or CR [42,43], but this
greatly reduces its tensile uniform elongation (Fig. 4(d), black
curve). Yet after cyclic deformation, it has nearly four folds
improvement in uniform elongation (from 1.3% to 6.3%) with-
out much sacrifice in tensile strength. It also demonstrates much
superior properties over its heat-treated counterparts (Fig. 4(d),
purple curve). The major advantage of this dislocation manipula-
tion strategy relies on the fact that it is performed at ambient
conditions, which separates dislocation processing without com-
promising other microstructural features (e.g., precipitate coars-
ening, inset of Fig. 4(d)). The cyclic deformation (in
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comparison with the monotonic tension/compression) has at
least two advantages. First, the back-and-forth movement of dis-
locations during the tension–compression cycles is preferable for
the formation of sessile dislocation locks and other low-energy
dislocation assemblies, as demonstrated by experimental obser-
vations in this work and in previous computational simulations
[44–46]. Second, multiple tension–compression cycles allow for a
large amount of strains without fracture, offering more space for
dislocation self-assembly.

Conclusions
We have shown here that dislocation structures in AM metallic
materials are self-stabilized via the nonequilibrium, layer-wise
fabrication technique. Our work gained new insights on the
unique configuration and beneficial effects of dislocation net-
work in AM metals, by using the simplest Cu as a prototype to
circumvent alloying effects. We found that dislocation cells are
intrinsically present in the as-built Cu, whose structure is
in situ strengthened by forming Lomer locks and dislocation
re-arrangement upon building, making them both mechanically
and energetically stable. This effect leads to a high work harden-
ing capacity and high ductility in AM-Cu. Our findings shed
lights on the excellent mechanical properties discovered in many
other AM metallic materials. The thermomechanical cycles dur-
ing AM, and consequently, localized dislocation structures can
be tailored by a variety of processing parameters, making the pre-
sent strategy desirable for practical applications. Therefore, dislo-
cation manipulation by AM opens up a research area of both
fundamental and applied importance. Furthermore, the current
findings not only show how the strength-ductility trade-off can
be successfully overcome for AM metals, but also elucidate new
strengthening and hardening mechanisms based on self-
stabilized dislocation network. Thus, mechanical property opti-
mization by dislocation manipulation is different from other
generally employed approaches such as heterogeneous structure
design and interface engineering [47–52], and can provide an
alternative direction for tuning microstructures to prompt supe-
rior mechanical performances of metallic materials.
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