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Na-ion conducting solid electrolytes can enable both the enhanced safety profile of all-solid-state-

batteries and the transition to an earth-abundant charge-carrier for large-scale stationary storage. In this

work, we developed new perovskite-structured Na-ion conductors from the analogous fast Li-ion

conducting Li3xLa2/3�xTiO3 (LLTO), testing strategies of chemo-mechanical and defect engineering.

NaxLa2/3�1/3xZrO3 (NLZ) and NaxLa1/3�1/3xBa0.5ZrO3 (NLBZ) were prepared using a modified Pechini

method with varying initial stoichiometries and sintering temperatures. With the substitution of larger

framework cations Zr4+ and Ba2+ on B- and A-sites respectively, NLZ and NLBZ both had larger lattice

parameters compared to LLTO, in order to accommodate and potentially enhance the transport of larger

Na ions. Additionally, we sought to introduce Na vacancies through (a) sub-stoichiometric Na : La ratios,

(b) Na loss during sintering, and (c) donor doping with Nb. AC impedance spectroscopy and DC

polarization experiments were performed on both Na0.5La0.5ZrO3 and Na0.25La0.25Ba0.5ZrO3 in controlled

gas environments (variable oxygen partial pressure, humidity) at elevated temperatures to quantify the

contributions of various possible charge carriers (sodium ions, holes, electrons, oxygen ions, protons).

Our results showed that the lattice-enlarged NLZ and NLBZ exhibited �19� (conventional sintering)/49�
(spark plasma sintering) and �7� higher Na-ion conductivities, respectively, compared to unexpanded

Na0.42La0.525TiO3. Moreover, the Na-ion conductivity of Na0.5La0.5ZrO3 is comparable with that of

NaNbO3, despite having half the carrier concentration. Additionally, more than 96% of the total

conductivity in dry conditions was contributed by sodium ions for both compositions, with negligible

electronic conductivity and little oxygen ion conductivity. We also identified factors that limited Na-ion

transport: NLZ and NLBZ were both challenging to densify using conventional sintering without the loss

of Na because of its volatility. With spark plasma sintering, higher density can be achieved. In addition,

the NLZ perovskite phase appeared unable to accommodate significant Na deficiency, whereas NLBZ

allowed some. Density functional theory calculations supported a thermodynamic limitation to creation

of Na-deficient NLZ in favor of a pyrochlore-type phase. Humid environments generated different

behavior: in Na0.25La0.25Ba0.5ZrO3, incorporated protons raised total conductivity, whereas in

Na0.5La0.5ZrO3, they lowered total conductivity. Ultimately, this systematic approach revealed both

effective approaches and limitations to achieving super-ionic Na-ion conductivity, which may eventually

be overcome through alternative processing routes.

1 Introduction

Lithium-ion batteries have developed rapidly in the past few
decades to support their use in a variety of applications, ranging
from mobile devices to electric vehicles. However, the limited
availability of lithium is causing a signicant shi in interest
towards new types of rechargeable batteries, such as sodium-
based systems, because of their low cost and earth-abun-
dance.1 Furthermore, conventional liquid/polymer-based elec-
trolytes raise safety and manufacturing concerns, owing to their
ammability and thermal instability, limiting their application
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in mobile or large-scale systems such as electric vehicles and
grid storage.2 As a result, solid electrolytes serve as a good
replacement for current liquid and polymer–gel electrolytes,
owing to their high-temperature tolerance, longer lifetime, low
toxicity, potential to enable higher energy density electrodes,
and simple cell design.3 For the reasons mentioned above, all-
solid-state sodium ion batteries are promising for next-
generation energy storage systems, especially for large-scale
applications. Although signicant developments have been
made in solid electrolyte materials for sodium ion transport
such as the discovery of b00-alumina and NASICONs, practical
issues such as highmechanical stiffness, poor interface stability
vs. high voltage electrodes, manufacturing challenges, and low
room-temperature conductivity still limit their applications in
full cells.4–7 Alternative superionic conductors for solid electro-
lyte materials in sodium batteries are clearly needed, and
moreover, the strategies and design principles for their devel-
opment need to be established.

The double perovskite lithium-ion conductor system Li3xLa2/
3�xTiO3 (LLTO) has been shown to exhibit high ionic conduc-
tivity and a relatively wide electrochemical window.8,9 In addi-
tion, Ruddlesden–Popper (RP) layered perovskites consisting of
ABO3 perovskite slabs with alkali ion layers are also potential
candidates for solid-state lithium-ion conductors.10 While
sodium ion conduction has been investigated between the
interlayer planes of RP layered perovskites,11–13 sodium ion
transport within ABO3 perovskite slabs in LLTO-type perovskites
has not yet been widely studied.14,15 This omission is despite the
fact that, in general, ion transport within a perovskite is likely
more 3-dimensional compared to that in RP-phase interlayers,
particularly if the perovskite is disordered.

In this study, we aimed to synthesize a new class of sodium
ion conductors based on the LLTO-type perovskite structure.
Previous studies by Rivera et al.14 and Ruiz et al.15 suggested that
Na+ conductivity is low in an unsubstituted (i.e., La and Ti
remain) or unexpanded LLTO structure. Because of the larger
ionic radius of sodium compared to lithium, we hypothesized
that larger conduction channels are needed. The lattice can be
expanded for sodium ion conduction by the substitution of B-
and A-site framework cations with larger Zr4+ and Ba2+,
respectively. With these substitutions, sodium lanthanum
zirconate (NLZ) and sodium lanthanum barium zirconate
(NLBZ) were synthesized with similar but expanded structures
to LLTO perovskites for sodium ion conduction. Seeking to
improve the level of sodium ion conductivity, we varied the
synthesis temperature, initial composition, and Nb dopant
concentration, to manipulate the relative density and defect
chemistry, particularly the sodium sub-stoichiometry. The
resulting microstructures, phase compositions, and chemical
compositions were analyzed in order to provide insights into
the structure–property relationships. Conductivities of NLZ and
NLBZ were compared to investigate the effect of different defect
chemistries and lattice parameters. DC and AC electrical prop-
erties were also systematically measured in various conditions
(i.e., vs. oxygen partial pressure, humidity, temperature, and
with different electrodes) to identify charge carriers, determine
transference numbers, and observe the interactions between

various possible carrier species (e.g., sodium ions, electrons,
holes, oxygen ions, protons). To better understand the results,
density functional theory simulations were performed to eval-
uate the stability of the new phases as a function of composi-
tion. We nd that these materials exhibit predominantly
sodium ion conduction in dry, relatively oxidizing conditions;
they are therefore new sodium-ion-conducting solid electro-
lytes. The Na-ion conductivities of the enlarged NLZ and NBLZ
exceed that of the unexpanded Na0.42La0.525TiO3 lattice by
factors of �19 (conventional sintering)/�49 (spark plasma sin-
tering) and �7, respectively, and the conductivity of NLZ rea-
ches a value similar to that of NaNbO3, despite the lower carrier
concentration. We also conclude that ultimately, conductivity in
bulk samples is limited by kinetic challenges with densication
and thermodynamic bounds on the sodium ion deciency that
can be achieved in the perovskite phase. Based on these results,
we suggest that non-equilibrium synthesis routes to form
metastable defect congurations within more dense structures
may be the best strategy forward for this class of Na-ion
conductors, in future work.

2 Methods
2.1 Pellets fabrication

Sodium Lanthanum Zirconate (NLZ) (formula: NaxLa2/3�1/

3xZrO3, abbreviated as NLZ–Nx), Sodium Lanthanum Barium
Zirconate (NLBZ) (formula: NaxLa1/3�1/3xBa0.5ZrO3, abbreviated
as NLBZ–Nx), and Sodium Lanthanum Niobium Zirconate
(formula: NaxLa2/3�1/3xZr1�yNbyO3, abbreviated as NLBZ-Nx-
Nby) nano-powders were synthesized by a modied Pechini
method. Stoichiometric amounts of the starting reactants were
dissolved in deionized water in a beaker, except that an extra
10% of Na(NO3) was added to compensate for Na loss during
heat treatments in all compositions. Solutions were stirred for
30 minutes at 80 �C, followed by the addition of citric acid with
stirring for 30 more minutes at 80 �C to allow chelation, fol-
lowed by addition of ethylene glycol for polyesterication, with
stirring at 80 �C until the solution became a gel. The molar
ratios of metal cations : citric acid : ethylene glycol were 1 : 3 : 9
for all samples. Aer the polyesterication, the resin was dried
at 240 �C for 10 hours (h). The dried gel was then crushed and
calcined at 800 �C in air for 4 h. The NLZ and NLBZ pellets were
fabricated by pressing the as-calcined powders uniaxially under
125 MPa with a hydraulic press (Carver, Model 4350). The
compact green bodies were then sintered in a box furnace in air
for various temperature and time combinations, as discussed in
the Results section. A tetragonal yttria stabilized zirconia
(formula: (ZrO2)0.97(Y2O3)0.03, abbreviated as YSZ) pellet, used in
transference number studies, was synthesized by pressing as-
purchased YSZ powders (Sigma Aldrich, 99.99%) uniaxially
under 125 MPa and sintering at 1200 �C in air for 6 h in a box
furnace (YSZ-(1200C 6hr)). All sintering steps were carried out in
sacricial powders of the same compositions to minimize
cation volatilization. Chemicals used include Na(NO3)
(sodium(I) nitrate anhydrous, Fisher Chemicals, 99%),
La(NO3)3$6H2O (lanthanum(III) nitrate hydrate, Sigma-Aldrich,
99.99%), Ba(NO3)2 (barium(II) nitrate anhydrous, Fisher
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Chemicals, 99.99%), ZrO(NO3)2$xH2O (zirconium(IV) oxynitrate
hydrate, Sigma-Aldrich, 99%), (NH4)NbO(C2O4)2$xH2O (ammo-
nium niobate(V) oxalate hydrate, Sigma-Aldrich, 99.99%),
C6H8O7 (citric acid anhydrous, Fisher Chemicals, 99.5%),
(CH2OH)2 (ethylene glycol, Fisher chemicals), and
(ZrO2)0.97(Y2O3)0.03 powders (zirconium(IV) oxide-yttria stabi-
lized, Sigma-Aldrich, 99.99%). Water contents of starting
reagents were measured by separate mass-loss analysis.

2.2 Characterization

The densities of the samples were determined from measured
masses and geometries of the pellets, and expressed in terms of
their respective theoretical densities (measured density/
theoretical density ¼ %TD). The phases of NLZ and NLBZ
pellets were examined by X-ray powder diffraction (XRD)
(Bruker D8 Advance XRD, Cu Ka-radiation, step size: 0.01�, time
per step: 0.1 second, Panoramic Soller Slit) unless otherwise
specied. High-resolution synchrotron powder diffraction data
were collected using the rapid access program of beamline 11-
BM at the Advanced Photon Source (APS), Argonne National
Laboratory with a wavelength of 0.458 Å on selected samples
(step size: 0.001�, time per step: 1 second). Rietveld renements
to all X-ray powder diffraction data were performed using
TOPAS with Powder Diffraction Files (PDF) from International
Centre for Diffraction Data (ICDD) database16 for phase quan-
tication and lattice parameter renement.

The microstructure and grain size of pellets were character-
ized by scanning electron microscopy (JEOL 7000F Analytical
SEM). For the electrical measurements, samples were coated on
both faces with electrodes, and Pt wires were attached as
current collectors. Au electrodes deposited by sputtering are
very commonly used for cation conductors and were applied for
all the measurements unless otherwise specied. A systematic
experimental comparison and discussion of the effect of elec-
trode metal choice (Au, Ag, Pt) is given in the ESI (Sec. 2†). Two-
point AC impedance spectroscopy measurements (Ametek/
Solartron ModulabXM ECS impedance analyzer with fem-
toammeter and potentiostat attachments) were carried out from
300 �C to 600 �C in Ar/O2 mixtures over a range of oxygen partial
pressures under dry or humid conditions. A water vapor pres-
sure of 0.0121 atm was used in humid conditions by passing gas
mixtures through a bubbler containing deionized water at
10 �C. All ionic conductivity measurements were carried out
over a frequency range of 1 MHz to 100 mHz unless otherwise
specied. The impedance spectra were analyzed by equivalent
circuit tting with a (RQ) circuit (Boukamp notation) or
observing the low-frequency real axis intercept to determine the
total resistance. A geometric correction according to the
dimensions of the pellets was done to calculate measured
conductivity from the measured resistance. A porosity correc-
tion was also performed based on Bruggeman symmetric
medium theory, assuming pores to be completely insu-
lating.17–19 Impedance spectra were analyzed with a “Distribu-
tion of Relaxation Times” (DRT) approach, using DRTtools
soware.20 DC polarization experiments were performed using
porous sputtered Au electrodes and a constant applied voltage

of 0.3 V, with monitoring of the current as a function of time.
Additional measurements and DRT analysis of the effect of
different electrodes (Ag, Pt) can be seen in Sec. 2 in ESI.†

The following abbreviations were used:
� NLZ-Nx powders: as calcined powders with cation ratio of

Na : La : Zr ¼ x : 2/3 � 1/3x : 1 (0 < x < 0.5).
� NLZ-Nx-(temperature time): NLZ-Nx powders pressed uni-

axially under 125MPa and sintered at a certain temperature. For
example, NLZ-N0.5-(1200C 6hr) is sintered under 1200 �C for 6
hours.

�NLZ-Nx-Nby powders: as calcined powders with cation ratio
of Na : La : Zr : Nb ¼ x : 2/3 � 1/3x : 1 � y : y (0 < x < 0.5) (0 < y <
1).

� NLZ-Nx-Nby-(temperature time): NLZ-Nx-Nby powders
pressed uniaxially under 125 MPa and sintered at a certain
temperature. For example, NLZ-N0.5-Nb0.05-(1200C 6hr) is
sintered under 1200 �C for 6 hours.

� NLBZ-Nx powders: as calcined powders with cation ratio of
Na : La : Ba : Zr ¼ x: 1/3 � 1/3x : 0.5 : 1 (0 < x < 0.25).

�NLBZ-Nx-(temperature time): NLBZ-Nx powders pressed
uniaxially under 125 MPa and sintered at a certain temperature.
For example, NLBZ-N0.25-(1200C 6hr) is sintered under 1200 �C
for 6 hours.

2.3 Computation

Density functional theory21,22 calculations were performed using
the Vienna Ab Initio Soware Package (VASP).23,24 The Projector
Augmented Wave (PAW) method was used to model the core
electrons in the crystal. The Perdew–Burke–Ernzerhof (PBE)
generalized gradient approximation (GGA) to the exchange–
correlation functional was employed. The orbitals were
expanded in a plane wave basis set with an energy cutoff of
520 eV. For every compound that was simulated, geometry
optimization was carried out until the forces on each atom were
reduced below 10�4 eV Å�1. DFT-computed energies of both the
compounds under consideration as well as competing binaries,
ternaries, and elemental phases were used to create chemical
potential and composition space phase diagrams.

3 Results
3.1 Structural characterization

3.1.1 NLZ-Nx with different heat treatment and starting
stoichiometry. As described, all NLZ-Nx powders were synthe-
sized by a modied Pechini method with a calcining step of
800 �C for 4 h to keep the size of the particles small as well as
preventing Na loss.25 The XRD patterns of NLZ-Nx powders and
sintered pellets of different heat treatments and initial stoi-
chiometry are shown in Fig. 1, and a summary of their phase
fractions and densities can be seen in Table 1. It should also be
noted that a trace amount of an unidentied impurity phase
was present in all sintered NLZ samples, and the peak positions
and broad width may be consistent with adventitious nano-
crystalline carbonate-hydroxide surface phase, given air expo-
sure during XRD measurement. Due to the very minor peak
intensity, it is unlikely to have a signicant effect on our
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analysis. The as-calcined powders were in a distorted La2Zr2O7-
like pyrochlore phase before sintering. Aer sintering, a nomi-
nally pure Na0.5La0.5ZrO3 perovskite phase was observed for
sintering conditions of 1000 �C for 24 h and 1200 �C for 6 h, with
similar densities. The nominal stoichiometry given to the
Na0.5La0.5ZrO3 perovskite phase (and all other reported perov-
skite phases) is presumed based on the targeted compositions
and is used as a label to facilitate consistent distinction between
observed phases in XRD analysis. Chemical analysis by induc-
tively coupled plasma (ICP) also showed agreement with the
nominal composition, within uncertainty (as determined by

replicate analysis). The average grain size increased from
252 nm to 375 nm when sintering temperature was increased
from 1000 �C to 1200 �C, as seen in Fig. 2(a) and (b). Sintering at
1400 �C for 6 h resulted in higher density with a minor La2Zr2O7

pyrochlore-like secondary phase. ICP also conrmed Na de-
ciency aer this higher temperature (1400 �C) sintering. To
achieve higher density, spark plasma sintering (SPS) was per-
formed on NLZ-N0.5 powders at 700 �C and 500 MPa for 3
minutes, with a post-annealing step using conventional sinter-
ing at 1000 �C for 24 h (abbreviated as NLZ-N0.5-(SPS+1000C
24hr)). XRD showed a nominally pure Na0.5La0.5ZrO3 perovskite
phase, and a higher density of 73 � 5%. However, the SPS
treated sample was fragile and cracked into several small pieces,
inevitably leading to some degree of uncertainty in the geometry
evaluation process. As a result, an error bar was included to
indicate the level of uncertainty for the density measurements.
The microstructure of NLZ-N0.5-(SPS+1000C 24hr) also
appeared to be denser, with comparable grain size to NLZ-N0.5-
(1000C 24hrr), as seen in Fig. 2(d).

Intentionally Na-decient NLZ-N0.24 powders were also
synthesized using the same procedure with different starting
stoichiometry. Aer sintering under 1200 �C for 6 h, large
amounts of La2Zr2O7 pyrochlore-like phase and t-ZrO2-like
phase were formed. For all these samples with different sin-
tering conditions and different starting stoichiometries,
different amounts of impurity phases were formed; however,
the peak position of the Na0.5La0.5ZrO3 perovskite phase
remained unchanged. NLZ-N0.5 doped with 5% of Nb was also
prepared following the same synthesis procedure, with a stoi-
chiometry of Na : La : Zr : Nb ¼ 0.5 : 0.5 : 0.95 : 0.05 (NLZ-N0.5-
Nb0.05). Aer sintering under 1200 �C for 6 h, 11.9 wt% of
La2Zr2O7 pyrochlore-like phase was formed. The peak positions
of the Nb-doped perovskite phase were also shied to higher
angles relative to the NLZ peaks as seen in Fig. 3. Phase frac-
tions and densities of NLZ-Nx and NLZ-Nx-Nby are summarized
in Table 1 according to different heat treatment and starting
stoichiometries.

3.1.2 NLBZ-Nx with different heat treatment and starting
stoichiometry. NLBZ-Nx powders were synthesized using the
same procedure as NLZ-Nx. The XRD data for the NLBZ-Nx
powders and sintered pellets aer different heat treatment, as
well as different starting Na stoichiometries, are shown in Fig. 4.
The densities and phase fractions are further summarized in
Table 2.

Fig. 1 Experimental X-ray diffraction profiles for NLZ-Nxwith different
heat treatments and initial stoichiometries, and calculated XRD profiles
from ICDD16 for the observed phases. The higher resolution data in the
range of 2-theta ¼ 28�–32� includes the most intense reflections for
the perovskite, pyrochlore and zirconia phases.

Table 1 Phase fractions and densities of NLZ-Nx and NLZ-Nx-Nby with different heat treatments and initial stoichiometries. Rwp values from
Rietveld refinements are also listed here. (Tetragonal fluorite ZrO2-like phase is abbreviated as t-ZrO2. An unidentified trace impurity phase was
also detected in NLZ samples in XRD, but not included in refinement or listed in the table; see text.)

Perovskite
(wt%)

Pyrochlore
(wt%) t-ZrO2 (wt%)

Density
(%TD) Rwp (%)

NLZ-N0.5-(1000C 24hr) 100 0.0 0.0 46.4 7.83
NLZ-N0.5-(1200C 6hr) 100 0.0 0.0 47.1 13.40
NLZ-N0.5-(1400C 6hr) 94.6 5.4 0.0 60.5 9.93
NLZ-N0.5-(SPS+1000C 24hr) 100 0.0 0.0 73 � 5 7.96
NLZ-N0.24-(1200C 6hr) 46.1 45.9 8.0 — 11.20
NLZ-N0.5-Nb0.05-(1200C 6hr) 88.1 11.9 0.0 — 11.97
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For the as-calcined NLBZ-N0.25 powders, XRD revealed
a mixture of two perovskite phases, which could be tted to
structures closely resembling BaZrO3 and Na0.5La0.5ZrO3. Aer
sintering at 1000 �C for 24 h, the peaks of BaZrO3 phase shied
to higher angles (lattice contracted), whereas the peaks of
Na0.5La0.5ZrO3 shied towards lower angles (lattice expanded),
but both perovskite phases were retained. Further heat treat-
ment of 1000 �C for 48 h resulted in very little changes in the
peak positions either perovskite phase, while a slight increase
in the amount of the La2Zr2O7-like pyrochlore phase was
observed. Sintering at 1200 �C for 6 h gave rise to a single
perovskite phase with the nominal composition Na0.25La0.25-
Ba0.5ZrO3 and density similar to NLZ-N0.5-(1200C 6hr). Minor
formation of the La2Zr2O7 pyrochlore-like phase was observed.
The average grain size was measured to be 383 nm, as seen in
Fig. 2(c). Sintering at 1400 �C for 6 h resulted in a shi in the
NLBZ perovskite peaks to lower angles and an increase of
La2Zr2O7 pyrochlore-like phase fraction. The density also
increased, consistent with NLZ-N0.5-(1400C 6hr). As was the
case for the NLZ compositions, samples of lower Na content in
the starting powders were also synthesized. XRD showed that
NLBZ-N0.125-(1200C 6hr) was composed of a NLBZ perovskite
phase with the same peak positions as NLBZ-N0.25-(1400C 6hr)
and 15.4 wt% La2Zr2O7 pyrochlore-like phase.

3.2 Electrical measurements

Measured conductivity (sm) is calculated according to pellet
geometry (sm ¼ R � A/L, where R is the resistance, A is the
electrode area, and L is the sample thickness). The low density

Fig. 2 SEM images of (a) NLZ-N0.5-(1000C 24hr), (b) NLZ-N0.5-(1200C 6hr), (c) NLBZ-N0.25-(1200C 6hr) and (d) NLZ-N0.5-(SPS+1000C
24hr).

Fig. 3 Experimental X-ray diffraction profiles for NLZ with different
levels of doping, and calculated XRD profiles from ICDD16 for the
observed phases. The higher resolution data in the range of 2-theta ¼
28�–32� includes the most intense reflections for the perovskite,
pyrochlore and zirconia phases.

This journal is © The Royal Society of Chemistry 2021 J. Mater. Chem. A
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of the sintered pellets required that the measured conductivity
data be corrected using the Bruggeman symmetric medium
theory,17–19 where both high conductivity and low conductivity
phases are assumed to be isotropic and non-wetting to each
other. In the case of porous samples, the high conductivity
phase is the material itself, whereas the low conductivity phase
is the pore space, assumed to be completely insulating. As
a result, the porosity correction can be described by eqn (1):

sm ¼ sh

�
1� 3

2
f

�
(1)

sm is the measured conductivity, sh is the porosity corrected
conductivity, representing the conductivity of the material
matrix, and f is the volume fraction of the porosity.18,26 Impurity
phases are also included and considered to be completely
insulating.

Assuming a hopping mechanism, which most ionic
conductors follow, the temperature-dependent conductivity can
be described by the Arrhenius equation, and the activation
energy can be calculated from the data by tting with eqn (2):

sh ¼ s0

T
exp

��EA

kBT

�
(2)

Here, s0 is the conductivity pre-factor, T is the temperature
during measurements, EA is the activation energy for ion
hopping, and kB is the Boltzmann constant.

3.2.1 Electrical properties of NLZ-N0.5-(1200C 6hr) and
NLZ-N0.5-(SPS+1000C 24hr). Electrical measurements for NLZ-
N0.5-(1200C 6hr) were performed with porous Au electrodes
unless otherwise specied. Fig. 5(a) shows a typical Nyquist plot
of NLZ-N0.5-(1200C 6hr) pellet with sputtered Au electrodes on
both faces. The semicircle at high frequencies can be attributed
to the sample response, whereas the feature at low frequencies
is attributed to the electrode response. These attributions are
made based on (a) the relative permittivity of the high frequency
feature obtained from the porosity-corrected capacitance (see
ESI Sec. 5†) and (b) the inuence of electrode metal choice on
the low frequency response (see ESI Sec. 2†). The high-frequency
response attributed to the sample was rst analyzed with a DRT
approach, using DRTtools program;20 the results suggest only
one relaxation time with Au electrodes (Fig. S5†). Thus, the
high-frequency arcs of the impedance spectra were analyzed
with an (RQ) equivalent circuit in order to determine the total
sample resistance, and the uncertainty in tting was estimated
to be within 5–10%. The porosity-corrected relative permittiv-
ities (3r) of the sample response were between 294 and 252 in dry
environments (300–600 �C) for NLZ-N0.5-(1200C 6hr), which are
comparable to those of similar perovskite compositions.27,28

Measurements were performed under different pO2 and
different humidity at various temperatures to determine
whether electronic species (holes, electrons) and/or protons
contribute to total conductivities. The total conductivity in dry
environments followed the Arrhenius equation very well, and
the results were almost identical when measured under
different pO2s ranging from 10�5 to 1 atm, as seen in Fig. 6(a). At
pO2¼ 10�5 atm, the activation energy is calculated to be 0.80 eV;
at pO2 ¼ 1 atm, the activation energy is calculated to be 0.81 eV;
within error, these are the same. The porosity-corrected total
conductivity of NLZ-N0.5-(1200C 6hr) is 4.25 � 10�7 S cm�1 at
300 �C. In humid environments, on the other hand, the
conductivity was very similar with the results from dry envi-
ronments only in the high temperature range (400–600 �C),
whereas a decrease in conductivity was observed under humid
conditions in the low temperature range (300–400 �C).

When total conductivity is measured by AC impedance
spectroscopy, all mobile charge carriers can contribute to the
total conductivity. In dry environments measured with Au
electrodes, four possible species could have contributed to the

Fig. 4 Experimental X-ray diffraction profiles for NLBZ-Nx with
different heat treatments and initial stoichiometries, and calculated
XRD profiles from ICDD16 for the observed phases. The higher reso-
lution data in the range of 2-theta ¼ 28�–32� includes the most
intense reflections for the perovskite, pyrochlore and zirconia phases.

Table 2 Phase fractions and densities of NLBZ-Nx with different heat
treatments and initial stoichiometries. Rwp values from Rietveld
refinements are also listed here

Perovskite
(wt%)

Pyrochlore
(wt%)

Density
(%TD)

Rwp
(%)

NLBZ-N0.25-
(1200C 6hr)

98.0 2.0 44.5 9.23

NLBZ-N0.25-
(1400C 6hr)

90.6 9.4 59.4 11.79

NLBZ-
N0.125-
(1200C 6hr)

84.6 15.4 45.4 10.89
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total conductivity: sodium ions, oxygen ions, holes, and elec-
trons. Total conductivities for NLZ-N0.5-(1200C 6hr) were
independent of pO2 indicating that electronic defects

(electrons, holes) likely do not contribute signicantly to the
measured total conductivity, i.e., that transference number
(telec) were negligible. In order to determine the transference
numbers of sodium ions and oxygen ions, DC polarization
experiments29,30 were rst performed on YSZ-(1200C 6hr) using
a constant voltage of 0.3 V across the faces of the sample con-
tacted with sputtered porous Au electrodes. The current
response was measured over time, as seen in Fig. 7(c). With YSZ
being a known oxygen-ion conductor, the current was almost
invariant over time, as the porous electrodes are not blocking to
oxygen. In order to quantify the transference number for oxygen
conduction (tO) of NLZ-N0.5-(1200C 6hr), the same DC polari-
zation experiments were performed. The current response was
measured over time, as seen in Fig. 7(a). This was done at 600 �C
in the dry condition under pO2 ¼ 1 atm. The current density
decreased and reached a plateau aer 8 � 104 seconds, and
Inal/Iinitial is calculated to be 0.0325. As sputtered Au electrodes
are only blocking to sodium ions, the sodium ion transference
number (tNa) is calculated to be 0.9675. More detailed analysis
of the transference numbers can be found in Sec. 3 of the ESI.†

Additionally, AC impedance spectroscopy was also per-
formed on NLZ-N0.5-(SPS+1000C 24hr). Because of the fragile
nature of the SPS sample (see Sec. 3.1.1), the handling of sample
was kept to a minimum, using Ag paste as electrodes, and
measured in the range of 300–400 �C in pO2 ¼ 1 atm. In the case
of NLZ-N0.5-(SPS+1000C 24hr) measured using Ag electrodes,
only one arc was observed in the impedance spectrum, as seen
in Fig. 5(c). DRT analysis also showed that there was only one
process in all the spectra (Fig. S5(h)†); more discussion con-
cerning the feasibility of using Ag electrodes on this denser
sample can be found in Sec. 2 in the ESI.† The porosity-
corrected conductivities of NLZ-N0.5-(SPS+1000C 24hr) were
higher than those of conventionally sintered NLZ-N0.5-(1200C
6hr), as seen in Fig. 8. The activation energy of NLZ-N0.5-
(SPS+1000C 24hr) was calculated to be 0.81 eV, identical with
that of NLZ-N0.5-(1200C 6hr). Error bars were also included due

Fig. 5 Typical Nyquist plots of (a) NLZ-N0.5-(1200C 6hr), (b) NLBZ-
N0.25-(1200C 6hr), (c) NLZ-N0.5-(SPS+1000C 24hr), measured in dry,
pO2 ¼ 1 atm gas environment at 500 �C. Zm0 and Zm00 are respectively
the real and imaginary part of the impedance that is geometry cor-
rected and not porosity corrected.

Fig. 6 Arrhenius plots of porosity corrected total conductivity (sh) of (a) NLZ-N0.5-(1200C 6hr), (b) NLBZ-N0.25-(1200C 6hr) in different gas
environments and humidity.

This journal is © The Royal Society of Chemistry 2021 J. Mater. Chem. A
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to the uncertainty in geometry/density evaluation because of the
small sample size.

3.2.2 Electrical properties of NLBZ-N0.25-(1200C 6hr).
Fig. 5(b) shows a typical impedance spectrum of NLBZ-N0.25-
(1200C 6hr) with sputtered Au electrodes on both faces.
Similar impedance spectra were observed for NLBZ-N0.25-
(1200C 6hr) and the earlier NLZ-N0.5-(1200C 6hr); therefore,
the same procedures for tting and measurements were used.
The relative permittivities (3r) of the sample response were
between 1071 and 1411 in dry environments (300–600 �C) for
NLBZ-N0.25-(1200C 6hr). The total conductivity in dry envi-
ronments followed the Arrhenius equation well and the results
were very similar when measured under different pO2, from
10�5 atm to 1 atm. Electrical measurements in dry environ-
ments under pO2 ¼ 10�5 atm and pO2 ¼ 1 atm were almost
identical at all temperatures. At pO2 ¼ 10�5 atm, the activation
energy is calculated to be 0.83 eV; at pO2 ¼ 1 atm, the activation
energy is calculated to be 0.83 eV, i.e., the same within error.
The porosity-corrected total conductivity of NLBZ-N0.25-(1200C
6hr) is 1.63 � 10�7 S cm�1 at 300 �C. In humid environments,
the conductivity was increased for both pO2 ¼ 10�5 atm and pO2

¼ 1 atm across the whole temperature range (300–600 �C),
relative to the dry environments, as seen in Fig. 6(b).

Similar to NLZ, the conductivities of NLBZ-N0.25-(1200C 6hr)
are also not pO2 dependent, indicating negligible telec. The same

DC polarization experiments were performed with the current
response measured as a function of time, as seen in Fig. 7(b). At
600 �C in dry, pO2 ¼ 1 atm environment, the current density
reached a plateau aer 8 � 104 seconds and Inal/Iinitial is
calculated to be 0.0224. tNa is calculated to be 0.9776. Additional
discussion on transference numbers can be seen in Sec. 3 of the
ESI.†

Electrical measurements were also performed on NLBZ-
N0.125-(1200C 6hr) with sputtered Au electrodes in pO2 ¼ 1
atm and dry environments for comparison, to observe the effect
of sodium deciency. Recall from Table 2 that this sample
contained a larger amount of the minor pyrochlore phase and
a slight shi in perovskite phase XRD peaks relative to the
NLBZ-N0.25-(1200C 6hr) sample. The pyrochlore phase was
assumed to be completely insulating in the conductivity
magnitude correction process. The total conductivity of the Na-
decient perovskite phase was signicantly lower compared to
both NLZ-N0.5-(1200C 6hr) and NLBZ-N0.25-(1200C 6hr), as
seen in Fig. 8. Of note, both NLZ-N0.5-(1200C 6hr) and NLBZ-
N0.25-(1200C 6hr) exhibited signicantly higher conductivities
and lower activation energies compared to non-expanded
Na0.42La0.525TiO3 (Ruiz et al.15), i.e., the case where Na simply
substitutes for Li in LLTO. At 300 �C, the conductivities were
�19� and �7� higher for NLZ-N0.5-(1200C 6hr) and NLBZ-
N0.25-(1200C 6hr), respectively. The conductivity of NLZ-N0.5-
(1200C 6hr) was also comparable with that of NaNbO3 (Gou-
get et al.31), which suffers from non-negligible oxygen ion
conductivity. Promisingly, although mechanically less robust,
NLZ-N0.5-(SPS+1000C 24hr) was �49� more conductive than

Fig. 7 Current response with respect to time under an applied voltage
of 0.3 V for (a) NLZ-N0.5-(1200C 6hr) (b) NLBZ-N0.25-(1200C 6hr) (c)
YSZ-(1200C 6hr) in dry, pO2 ¼ 1 atm gas environment at 600 �C.

Fig. 8 Arrhenius plots of porosity corrected total conductivity (sh) of
NLZ-N0.5-(1200C 6hr), NLBZ-N0.25-(1200C 6hr), NLBZ-N0.125-
(1200C 6hr), and NLZ-N0.5-(SPS+1000C 24hr) in dry pO2 ¼ 1 atm
environment. Total conductivities of Na0.42La0.525TiO3 (Ruiz et al.15)
and NaNbO3 (Gouget et al.31) are also shown here for comparison.
Note that 12% of the conductivity of NaNbO3 shown here is contrib-
uted by O2�.31
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Na0.42La0.525TiO3 (ref. 15) at 300 �C. An in-depth discussion of
these trends and magnitudes can be found in Sec. 4.3.3.

4 Discussion and supporting
simulations
4.1 Limits to thermodynamic stability and defect
engineering of NLZ-Nx

One pillar of our strategy for producing Na-ion conducting
perovskites was defect engineering, i.e., the intentional gener-
ation of Na vacancies ðv0

NaÞ. This route was pursued because it is
known that in the LLTO analogous structure, Li ions move by an
A-site vacancy mechanism.8,9,32,33 To a rst approximation, an
increased Na-vacancy concentration is therefore expected to
raise the ionic conductivity pre-exponential factor (s0) by
increasing the availability of adjacent vacant sites for any given
Na-ion to hop to. For isolated ion hopping in a non-concerted
mechanism, sh can be expressed as:

sh ¼ gðNcÞZð1� cÞa2ðzieÞ2n0
kBT

exp

�
DSm

kB

�
exp

��DHm

kBT

�

¼ s0

T
exp

��DHm

kBT

�
(3)

where g is the geometric and correlation factor, N is the volu-
metric concentration of possible sites for the charge carrier, c is
the site fraction of the charge carrier, Z is the coordination
number of the charge carrier (number of nearest neighbor
sites), a is the jump distance, zie is the charge (e¼ 1.6� 10�19 C)
of the charge carrier i, n0 is the jump attempt frequency, DSm is
the migration entropy, and DHm is the migration enthalpy.34 By
introducing Na vacancies to a limited extent, the c(1� c) term is
increased, raising the s0.

As noted previously, Na vacancies were pursued by three
routes: (1) Na loss through long/hot sintering, (2) Na-decient
initial composition, and (3) Na vacancy generation through
donor doping. The following sub-sections interpret the effec-
tiveness of each of these approaches. We discuss the possible
reasons for the phases and structures formed in the context of
existing literature, the reasons for limits to Na vacancy forma-
tion in the perovskite phase with computational support, and
the implications for transport. Synthesis of NLZ-Nx was carried
out with two different starting stoichiometries: NLZ-N0.5 and
NLZ-N0.24, along with different sintering conditions or Nb-
doping for NLZ-N0.5. Prior to this work the Na0.5La0.5ZrO3

phase had been synthesized for structural characterization and
conrmed to be double perovskite,35–37 but no electrical char-
acterization was performed.

4.1.1 NLZ-N0.5: controlling Na deciency by sintering
temperature and time. Longer/hotter sintering can result in
overall Na decient compositions, relative to the initial
composition, given the reasonably high vapor pressure of
Na2O.25,38 To maintain electroneutrality, the v

0
Na caused by loss

of Na to the gas phase could be compensated ionically (e.g., by
v��
O) or electronically (e.g., by hc). As an example of the former
case, a partial Schottky reaction might take place with loss of
both Na and O at high temperatures:

2Na�Na þO�
O/Na2OðgÞ þ 2v

0
Na þ v

��

O (4)

If this reaction dominates, the simplied electroneutrality
condition (ENC) would be ½v0

Na�z 2½v��
O�. For the second option of

electronic compensation, again if dominant, the simplied ENC
would be ½v0

Na�zh�. For both of these cases, one might expect
additional ionic/electronic charge carriers to contribute to the
overall measured conductivity; however, the selectively blocking
electrode DC polarization measurements (Sec. 3.2.1) demon-
strated that conductivity was �96% from Na ions. This result
suggests that these reactions have not taken place to any
signicant degree, or are not dominant, or that charge-
compensating defects are very deeply trapped. (In principle,
Zr interstitial or anti-site defects could also charge-compensate
for v

0
Na formed by volatilization

½v0
Na�z 4½Zr����

i � or ½v0
Na�z 3½Zr���

Na�; but these defects are likely
energetically unfavorable.)

When the desired perovskite phase is unstable at the
composition of the overall Na deciency, secondary phases can
form. During high temperature Na loss, the excess La and Zr in
the structure can leave the perovskite to form separate oxide
phases, for example:

Na0:5La0:5ZrO3/Na0:5�xLa0:5�xZr1�2xO3�6x þ x

2
Na2OðgÞ

þ LaxZrxO3:5x þ xZrO2 (5)

(In this example, the perovskite is assumed to be a line
compound that maintains its initial stoichiometry, but in
practice the composition will be pinned at the Na-decient
boundary of the thermodynamic stability.) Other phases may
also be observed in the context of kinetic limitations to perov-
skite phase formation during initial synthesis stages.

In the NLZ-N0.5 starting stoichiometry, XRD showed that the
as-calcined powders were in a pyrochlore (La2Zr2O7-like) phase,
but aer pressing and sintering, the powders were transformed
into a Na0.5La0.5ZrO3 perovskite phase. Since the NLZ-N0.5
powders were calcined at lower temperatures, and the Na0.5-
La0.5ZrO3 perovskite phase was formed aer sintering, it is not
likely that the pyrochlore phase for the as-calcined powders was
formed due to Na loss, when only minimal Na evaporation is
expected at 800 �C.25 Rather, this result indicates that the as-
calcined NLZ-N0.5 powders were in a metastable pyrochlore
phase. A change in peak positions relative to pure La2Zr2O7 was
also observed, suggesting that the pyrochlore phase was dis-
torted vs. La2Zr2O7, most likely due to a large amount of Na in
the structure. Aer sintering above 1000 �C, a pyrochlore–
perovskite phase transformation occurred, resulting in a stable
Na0.5La0.5ZrO3 perovskite phase. A further annealing step at
800 �C for 10 h did not result in any change in the phase frac-
tion, conrming that the Na0.5La0.5ZrO3 perovskite phase is
stable aer sintering. Similar behavior with a pyrochlore–
perovskite phase transformation has been reported in
(Pb,La)(Zr,Sn,Ti)O3 systems, where a metastable pyrochlore
phase is rst formed from an amorphous phase at lower
temperatures, and further heat treatment at higher temperature
results in the formation of a perovskite phase.39

This journal is © The Royal Society of Chemistry 2021 J. Mater. Chem. A
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Our results at different sintering temperatures showed
various amounts of the La2Zr2O7-like pyrochlore impurity phase
present. At 1000 �C for 24 h or 1200 �C for 6 h, the sintered pellet
remained phase pure with densities of 46.4% and 47.1%,
respectively. The low densities can be attributed to the poor
sinterability of perovskite zirconate, as has been reported in
some barium zirconate systems. A sintering temperature of
1600 �C and the addition of dopants for solid-state reactive
sintering are usually needed to form dense samples of barium
zirconate.40,41 Higher temperature sintering was thus performed
at 1400 �C for 6 h on pressed NLZ-N0.5 powders in order to
increase the density of the pellet. The density was increased to
60.8%; however, 5.4 wt% of pyrochlore phase was formed due to
Na loss under high sintering temperature. The formation of
a pyrochlore phase has also been reported in Li7La3Zr2O12

(LLZO) garnet-type Li conductor due to a Li loss under heat
treatments at higher temperatures.42,43 A longer heat treatment
for 96 h at a lower temperature of 1000 �C was also performed in
an attempt to increase the density without signicant Na loss.
However, there was little increase in grain size from an average
of 252 nm to an average of 280 nm between sintering for 24 h
and 96 h at 1000 �C, no measurable change in density was
observed, and a slight amount of La2Zr2O7-like pyrochlore
phase was formed. In these longer/hotter sintering conditions
with Na loss, the resulting pyrochlore phase appears more likely
to be thermodynamically stable unlike the peak-shied meta-
stable phase achieved following calcination of the precursor at
lower temperatures. In addition to conventional sintering,
a higher density of 73 � 5% was achieved using SPS followed by
a post-annealing step, without La2Zr2O7-like pyrochlore phase
formation. However, the SPS treated sample suffered from
residual stress, making the sample fragile and prone to crack.
Fortunately, a small piece of sample was still robust enough for
electrical measurements. Furthermore, ash sintering was
attempted under an electric eld of 20 V mm�1 and a ramp rate
of 20 �C min�1 in a dog bone geometry, with an identical setup
demonstrated by Murray et al.,44 but the sample did not ash up
to 950 �C. A higher electric eld of 40 V mm�1 was also
attempted on a rectangular-shaped sample with Pt wires wrap-
ped on the ends of the sample; however, a bright light and
popping noise occurred, and the wires on the positive electrode
had broken. These attempts resulted in inhomogeneous
samples with large amounts of impurity phases.

In LLTO, Li stoichiometry can be tuned in a relatively wide
range through changing the Li : La and thereby A : B-site ratios
while maintaining the perovskite phase. Li deciency has, to
some degree, been shown to yield a lower activation energy for
ionic conduction. This effect can be attributed to an increase of
the lattice parameters due to the considerably larger lanthanum
(1.032 Å) ion radius compared to that of the lithium ion (0.76
Å);9,45 here, Li deciency is accommodated by excess La. In
addition, the introduction of Li vacancies ðv0

LiÞ also affects the
conductivity by modifying the charge carrier concentration (if
considered to be vacancies) or available sites for hopping of
carriers (if considered to be Li ions).9,45,46 Despite the structural
similarity to LLTO, the Na loss arising from higher tempera-
tures or longer sintering times for the NLZ-N0.5 starting

stoichiometry instead resulted in the formation of the pyro-
chlore impurity phase. The XRD peak positions of the NLZ
perovskite phase were also examined for different sintering
conditions. Our results showed that there is no change in peak
positions of the NLZ perovskite phase, regardless of the amount
of Na loss. It is possible that this invariability in peak position
stemmed from very limited Na stoichiometry change in the NLZ
perovskite phase; in other words, the perovskite structure may
not be stable under Na decient stoichiometry and thus allows
very little v

0
Na formation. It appears that dense and phase pure

Na0.5La0.5ZrO3 has not been synthesized before, most likely due
to these reasons. The low density and likely low v

0
Na concentra-

tion can explain some limitations to the ionic conductivity.
4.1.2 NLZ-N0.24: generating Na deciency by starting

composition. As a second approach, NLZ-N0.24 with a Na-
decient starting stoichiometry was synthesized in an effort to
achieve a Na-decient NLZ perovskite phase, thereby potentially
increasing the conductivity through the introduction of v

0
Na. In

this case, considering the NLZ-N0.5 as a reference state, the v
0
Na

are charge-compensated by extrinsic addition of excess La on Na
sites by design through maintenance of the x : 2/3 � 1/3x ratio
of Na : La in the synthesized composition. When this compen-
sation mechanism is dominant, the simplied ENC may be
considered ½v0

Na�z 2½La��
Na�, with no generation of other ionic/

electronic carriers required. Again, the low oxide ion and elec-
tronic transference numbers measured (Sec. 3.2.1) suggest that
even other intrinsic/extrinsic defect reactions were also not
signicantly contributing these carriers.

Sintering the NLZ-N0.24 powders at 1200 �C for 6 h resulted
in a signicant amount of La2Zr2O7-like pyrochlore phase and t-
ZrO2-like phase, as shown in Table 1, which is to be expected on
account of the low Na content in the starting powders. Peak
positions of the NLZ perovskite phase in NLZ-N0.24 were
examined carefully, and no deviations from the NLZ-N0.5 peak
position were found. With low overall sample Na content, the
lattice parameters of the NLZ perovskite phase remained
unchanged, corresponding to our aforementioned results
where hot sintering-induced overall Na deciency resulted in
pyrochlore phase formation rather than a shi in the NLZ
perovskite phase composition and peak position in NLZ-N0.5.
These results suggest a narrow (negligible) compositional
width for the NLZ perovskite phase in terms of the cation ratio.

4.1.3 NLZ-N0.5-Nb0.05: targeting Na vacancies by donor
doping. As a third approach, to further investigate the effect of
Na stoichiometry on the NLZ perovskite phase, 5% of Nb was
doped onto the B-site in NLZ-N0.5 using the same procedure
with the Pechini method; we will abbreviate this composition as
NLZ-N0.5-Nb0.05. A decrease in lattice parameters in the NLZ
perovskite phase was observed as expected, with Nb5+ (0.64 Å)
having a smaller ionic radius compared to Zr4+ (0.72 Å).45 With
the addition of Nb5+, Nb

�

Zr is introduced into the NLZ perovskite
phase, as Nb has been shown to occupy the B-site in both lead
barium zirconate (PBZ) and lead barium zirconate titanate
(PBZT) perovskite systems.47,48 In principle, with the introduc-
tion of the Nb

�

Zr donor, the concentration of positively charged
defects such as v��

O and hc may be suppressed, whereas the
concentration of negatively charged defects such as v

0
Na and e0

J. Mater. Chem. A This journal is © The Royal Society of Chemistry 2021
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may be increased in the NLZ perovskite phase.49 The goal here
was ionic compensation with ½v0

Na�z ½Nb�

Zr� resulting in negli-
gible oxygen ion and electronic charge-carriers. XRD showed
that 5% of Nb doping in NLZ-N0.5 resulted in formation of
11.9 wt% pyrochlore phase. This result suggests that the donor
doping induced Na deciency in the sintered sample, but the
NLZ perovskite phase does not tolerate many v

0
Na within the

structure. Therefore all three approaches to create v
0
Na to

improve the Na-ion conductivity resulted in secondary phase
formation when Na-deciency was achieved, raising the issue of
how the compositional width of the perovskite thermodynamic
stability region compares to that of the LLTO parent compound,
which readily accommodates Li deciency.

4.1.4 Thermodynamic stability and defect formation
enthalpy of Na0.5La0.5ZrO3. To analyze the thermodynamic
stability of Na0.5La0.5ZrO3, we used density functional theory to
obtain phase diagrams and assess the possibility of off-
stoichiometry. Thermodynamic stability was determined by
obtaining the reaction decomposition energies for Na0.5La0.5-
ZrO3 to other possible competing compounds in the chemical
phase space. The possible competing compounds in the La–Na–
Zr–O quaternary space were extracted from Materials Project,50

and only compounds within 40 meV per atom of the convex hull
were included in our analysis. These competing compounds are
NaO, Na2O, La2Zr2O7, NaLaO2, and ZrO2. For Na0.5La0.5ZrO3, we
simulated a double perovskite structure with an alternating,
ordered arrangement of La and Na on the perovskite A-site as
shown in Fig. 9.

Different thermodynamic environments were accommo-
dated by the set of chemical potentials mj for each element (j ¼
La, Na, Zr, O). We referenced the chemical potential of each
species to its corresponding chemical potential in the elemental
phase mj ¼ mj0 + Dmj. The standard formation enthalpy DHf of
Na0.5La0.5ZrO3 represents the energy to form the compound
from its constituent elemental phases51,52 and is given by,

DHNa0.5La0.5ZrO3
¼ 0.5DmNa + 0.5DmLa + DmZr + 3Dm0 (6)

For stability, it must not be favorable for the compound to
decompose to either (i) a pure elemental phase or to (ii) a multi-
species competing compound.51 The rst condition imposes the
constraint that Dmj # 0 for each element. The second condition
imposes an additional constraint for each competing
compound. For example, to avoid decomposition of Na0.5La0.5-
ZrO3 to the competing phase NaO, the condition

DmNa + Dm0 # DHNaO (7)

must hold. If DHNaO # DHNa0.5La0.5ZrO3
, then NaO will likely form

instead of Na0.5La0.5ZrO3. Similar expressions must hold for all
other stable competing compounds containing the elements La,
Na, Zr, or O.

Fig. 9 shows chemical potential and compositional phase
diagrams for two values of the oxygen chemical potential that
correspond to different temperatures: (i) T ¼ 24 �C, P ¼ 1 atm
and (ii) T ¼ 1400 �C, P ¼ 1 atm. DFT calculations reveal a very
small stability region for stoichiometric Na0.5La0.5ZrO3 located

near the top of the phase diagram, corresponding to a region of
relatively high sodium and low lanthanum chemical potential.
This suggests that Na0.5La0.5ZrO3 will favor forming under
sodium rich and lanthanum poor conditions and therefore will
likely have difficulty forming a sodium decient structure of
Na0.5La0.5ZrO3. As Fig. 9(a) and (c) show, under sodium poor
conditions, the thermodynamic stability region is limited by the
formation of pyrochlore La2Zr2O7 and ZrO2. Thus, these phase
diagram results corroborate the experimental ndings that this
double perovskite crystal structure may not accommodate
sodium-decient compositions, and that zirconia and the
pyrochlore form in sodium-poor environments. The main
difference between the two oxygen environments in Fig. 9 is the
upper phase boundary, which is limited by NaO at room
temperature but by Na2O at high temperature.

Fig. 9(b) and (d) show composition phase diagrams corre-
sponding to the chemical potential phase diagrams in Fig. 9(a)
and (c) respectively. Each shaded plane represents a base of an
Alkemade tetrahedron that represents a four-phase equilibrium
between Na0.5La0.5ZrO3, O2, and two other compounds. At T ¼
24 �C, there are three possible four-phase equilibria: one with
NaO and ZrO2, one with NaO and La2Zr2O7, and one with
La2Zr2O7 and ZrO2. At T ¼ 1400 �C, there are four possible four-
phase equilibria: with Na2O and ZrO2, with Na2O and NaLaO2,
with NaLaO2 and La2Zr2O7, and with La2Zr2O7 and ZrO2.

Using the thermodynamic stability diagrams, we estimated
the energy needed to introduce 2v

0
Na þ La��

Na, two sodium
vacancies adjacent to a La��

Na antisite defect. This sodium de-
cient defect complex was considered because it retains charge
neutrality based on ionic compensation. We introduced one
2v

0
Na þ La��

Na defect in a 40-atom supercell of Na0.5La0.5ZrO3 and
determined the defect formation energy according to

DEf ¼ (ED � Ehost) + 3mNa � mLa (8)

where ED and Ehost are respectively the computed energies of the
defect-containing and perfect supercells. Using chemical
potentials corresponding to the center of the thermodynamic
stability region in Fig. 9(a), the formation energy is found to be
DEf ¼ 2.63 eV, extremely high for an ionic conductor. For
comparison, a recent study in defect chemistry of the non-
stoichiometric superionic conductor LGPS discovered the
formation energy of a lithium vacancy to be on the order of
0.1 eV.53 According to Boltzmann statistics, a DEf of 2.63 eV
would correspond to a defect concentration of 7.1 � 10�24 per
cm3 at room temperature.

In summary, with Na being a relatively volatile element at
high temperatures, Na evaporation is a limiting factor when it
comes to selecting sintering conditions in NLZ. Perovskite
zirconates are known to have poor sinterability, making it very
difficult to densify under lower sintering temperatures. In
addition to this kinetic limitation, we have also shown that the
NLZ perovskite phase, unlike LLTO, does not accommodate
signicant Na deciency regardless of how that deciency was
introduced—by sintering temperature, different starting Na
stoichiometry and Na : La ratio, or Nb donor doping. Simula-
tions also demonstrated the high formation enthalpy of the Na
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vacancy when generated by a La anti-site defect. As a result of
these thermodynamic and kinetic factors, it is challenging to
achieve simultaneously high density and phase purity with NLZ.
Moreover, the barriers to achieving density and Na deciency
may limit the ionic conductivity of the perovskite.

4.2 Chemo-mechanical and defect engineering: NLBZ-Nx

The second pillar of our strategy to create Na-ion conducting
perovskites was to apply chemo-mechanical engineering to
chemically stretch the LLTO starting lattice to accommodate the
larger Na-ion that replaces Li. Increasing conductivity and
decreasing activation energy have been reported in some Na-ion
conductors when their lattice parameters are expanded.54,55 We
initially enlarged the lattice by replacing the B-site Ti with larger
Zr. To further enlarge to the conduction channels of NLZ
systems, Ba was partially introduced on the A sites, making the
composition NLBZ-Nx (Na : La : Ba : Zr ¼ x : 1/3�1/3x : 0.5 : 1
(0 < x# 0.25)), with Ba occupying half of the A sites. In addition
to potentially expanding conduction channels and lowering the
activation energy, we also hypothesized that the inclusion of the
larger Ba2+ (1.61 Å) could increase the stability of the perovskite
structure, thereby allowing greater A-site deciency. Concomi-
tant with this chemo-mechanical engineering strategy, we also
pursued similar defect engineering tactics as above to induce
Na deciency (heat treatment, varying Na : La ratio), with the
goal of enhancing v

0
Na formation in the perovskite phase. In the

following sub-sections, we interpret the phase composition
results for NLBZ-Nx, with particular emphasis on perovskite
lattice dilation and A-site deciency.

4.2.1 NLBZ-N0.25: chemical expansion. In the NLBZ-N0.25
starting stoichiometry, the composition is stoichiometric, and
no initial A-site deciency is expected; however the impact of
the 50% Ba A-site substitution on perovskite symmetry/stability
and lattice expansion is of interest. XRD revealed that a reaction
occurred during prolonged sintering. The as-calcined powders
initially formed two perovskite phases with diffuse peaks. These
initial XRD patterns corresponded to those in the database for
BaZrO3 and Na0.5La0.5ZrO3. Aer sintering at 1000 �C for 24 h,
the peak positions of the BaZrO3 phase shied to higher angles
(the lattice contracted), while those for the Na0.5La0.5ZrO3 phase
shied to lower angles (the lattice expanded); i.e., they moved
closer together, suggesting A-site cation interdiffusion between
the two phases. Further heat treatment at 1000 �C for 48 h
resulted in little change. Two different perovskite phases were
still discernable and not fully reacted at this temperature, while
the slight increase in La2Zr2O7-like pyrochlore phase can be
attributed to prolonged sintering time and likely Na loss.

Sintering at 1200 �C for 6 h resulted in a full reaction
between the two initial perovskite phases. XRD analysis of this
new phase, Na0.25La0.25Ba0.5ZrO3, revealed peak intensity ratios
comparable to BaZrO3, with peak positions falling between
those of the original BaZrO3 and Na0.5La0.5ZrO3 phases.
However, there was a peak shape difference. Analysis of our
synchrotron data (Fig. S1 and S2†) suggests that Na0.25La0.25-
Ba0.5ZrO3 was in a cubic perovskite phase, whereas Na0.5La0.5-
ZrO3 was orthorhombic with more peak splitting.35,37 This result
– both the lattice enlargement and increase in symmetry as Ba is
substituted on the A-site – is consistent with a simple tolerance
factor analysis. The ability of a certain ABO3 composition to

Fig. 9 (a) Calculated chemical potential phase diagram for Na0.5La0.5ZrO3 at room temperature (24 �C). Horizontal and vertical axes correspond
to chemical potentials of La and Na respectively. The chemical potential of O2 is fixed by the corresponding temperature and pressure. The
purple, green, and red points in the circular schematic represent four phase equilibria between the intersecting competing compound lines,
Na0.5La0.5ZrO3, and O2. (b) The corresponding composition phase diagram at room temperature. The colors of the shaded planes correspond to
the points in the chemical potential phase diagram in part (a). (c) Chemical potential and (d) composition phase diagrams at 1400 �C. (e) Double
perovskite crystal structure of Na0.5La0.5ZrO3.
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form the perovskite phase stably has been described empirically
through the Goldschmidt tolerance factor, on the basis of the
ionic radii. Values close to 1 indicate a more ideal cubic
perovskite may be formed, and the perovskite phase tends to
form for values in the range 0.71–1.05; values near the edges of
this rangemight indicate structures with less ability tomaintain
the perovskite structure during stoichiometric changes. NLBZ
has a calculated tolerance factor of 0.9648, whereas for NLZ it is
0.9256. The cell volume of Na0.25La0.25Ba0.5ZrO3 was increased
to 71.23 Å3, relative to the Na0.5La0.5ZrO3 cell volume of 67.32 Å3.
The relative density was measured to be 44.51% due to the poor
sinterability of perovskite zirconates at low temperatures. The
barely discernable �2 wt% La2Zr2O7-like pyrochlore phase
present could be due to an error in cation ratios during the
modied Pechini synthesis process or slight Na loss during
sintering.

Heat treatment at a higher temperature of 1400 �C for 6 h
achieved higher density, at the expense of signicant Na loss—
consistent with the behavior of the NLZ system. The density was
measured to be 63.3%, and the fraction of the La2Zr2O7-like
pyrochlore phase increased to 9.36 wt% as expected. The peak
positions of the NLBZ perovskite phase sintered at 1400 �C for
6 h were shied to lower angles compared to NLBZ-N0.25-
(1200C 6hr), indicating an increase in lattice parameters from
a ¼ 4.145 Å to a ¼ 4.158 Å with the higher sintering tempera-
ture. The lattice expansion may be caused by Na vacancies on
the A-site in the NLBZ perovskite phase, with possible charge
compensation from oxygen vacancies or holes, for example, as
discussed in Sec. 4.1.1 above.56–58 Note that ionized oxygen
vacancies or holes by themselves are likely to contract the
lattice,57,59 so any expansion in this case would be due to the v

0
Na.

A-site vacancies are usually larger compared to occupied A-
sites.58 (Based on the invariant conductivity vs. pO2 behavior,
a high concentration of mobile holes is actually ruled out.)
Hydration could also enlarge lattice parameters via proton
incorporation, but the measurements were performed under
identical conditions aer sample storage in dry environments,
suggesting that the samples sintered at different temperatures
did not have different proton concentrations as the primary
reason underlying the strain. This lattice expansion could
therefore indicate that A-site decient NLBZ is stable and
possible to synthesize, but the degree of A-site deciency or A-
site composition remains unknown. Na has the highest vapor
pressure of any of the cations (including Ba) for this composi-
tion, so it is the most likely candidate to cause cation vacancies
during heat treatments.

4.2.2 NLBZ-N0.125: exceeding limit of Na deciency.
Following the same procedure on NLZ systems, non-
stoichiometric NLBZ powders were synthesized (NLBZ-Nx
powders, x s 0.25) with the goal of stabilizing more v

0
Na. First,

NLBZ-N0.125 starting powders were pressed and sintered at
1200 �C for 6 h. XRD shows that the NLBZ-N0.125-(1200C 6hr)
pellet is composed of two phases: primarily perovskite phase,
with 15.4 wt% of the pyrochlore-like phase. The peak positions
of the perovskite phase in the NLBZ-N0.125-(1200C 6hr) pellet
line up well with the peaks in NLBZ-0.25-(1400C 6hr) pellet. This
agreement suggests that the NLBZ perovskite phase in NLBZ-

0.125 pellet was indeed A-site decient, and the same limit of
A-site deciency was reached in the perovskite phases within
both NLBZ-N0.25-(1400C 6hr) and NLBZ-N0.125-(1200C 6hr)
samples. Going beyond this limit in the overall sample
composition results in secondary phase formation.

In summary, the NLBZ perovskite phase may have more
tolerance for Na deciency compared to NLZ. It is possible that
the Ba2+ substitution in NLBZ indeed help stabilize the perov-
skite phase, allowing some degree of v

0
Na as opposed to NLZ. Na-

decient NLBZ perovskite phase could be synthesized. It is,
however, still challenging to synthesize NLBZ without any
La2Zr2O7-like pyrochlore phase either via higher sintering
temperatures or lower initial Na stoichiometries. Similar to
NLZ, NLBZ is also difficult to densify using conventional sin-
tering methods. The microstructure is porous, as can be seen in
the SEM images presented in Fig. 2. Previous research has
shown that the minor presence of an impurity phase does not
impact electrical conductivities signicantly in lithium
conductors and oxide ion conductors.60–62 Impedance
measurements can thus be performed on NLBZ-N0.25-(1200C
6hr) with minor pyrochlore phase with necessary corrections,
assuming the pyrochlore phase to be completely insulating.

4.3 Electrical behavior: impact of stoichiometry, lattice size,
and humidity

4.3.1 Electrical properties of NLZ-N0.5-(1200C 6hr). In dry
environments, EIS and DC polarization measurements on NLZ-
N0.5-(1200C 6hr) under different pO2 suggested that sodium
ions were the primary carrier species, with negligible electronic
transference number (telec) and low oxygen-ion transference
number (tO). More discussion on transference numbers can be
seen in ESI Sec. 3.† The ionic conductivity was lower than that of
LLTO; this difference can at least partially be attributed to the
low concentration of v

0
Na within the Na0.5La0.5ZrO3 perovskite

phase as discussed in the previous sections. With a high
concentration of Na sites occupied, sodium ion conduction was
likely impeded without available sites to hop into.

To determine how protons affect the total conductivity in gas
atmospheres containing humidity, electrical measurements for
the same sample were performed in humid conditions also
under different pO2 at various temperatures. In the study of
ionic conductors, it is important to separate the potential
contribution of protons; otherwise, the source of the total
conductivity could be mis-identied. Certain oxygen-decient
oxides have been shown to be able to incorporate protons in
humid environments via oxygen vacancies,63,64 with water
dissociating into oxygen vacancy and lattice oxygen sites being
one possible mechanism as seen in eqn (9):

H2Oþ v
��

O þO�
O/2ðOHÞ�

O (9)

Additionally, some Li-ion conductors have been shown to
undergo mobile cation exchange with protons in acidic media
or humid conditions, suggesting the possibility of proton
diffusion/intercalation along similar pathways to Li.65–67 With
protons incorporated into the NLZ-N0.5-(1200C 6hr) in humid

This journal is © The Royal Society of Chemistry 2021 J. Mater. Chem. A

Paper Journal of Materials Chemistry A

Pu
bl

ish
ed

 o
n 

24
 A

ug
us

t 2
02

1.
 D

ow
nl

oa
de

d 
by

 U
ni

ve
rs

ity
 o

f I
lli

no
is 

- U
rb

an
a 

on
 9

/1
6/

20
21

 7
:2

5:
13

 P
M

. 
View Article Online



environments, a decrease in conductivities was observed at low
temperatures (300–400 �C) in both pO2 ¼ 10�5 atm and pO2 ¼ 1
atm. This decrease might be attributed to the presence of
protons disrupting Na transport. Similar behavior has been
seen in Li conductors, where water exposure and proton
formation have been shown to decrease conductivity in LLZO,
as a result of protons being in the pathways of lithium transport
and disrupting the migration process.68 Alternatively, the lower
conductivity in humid conditions could indicate sluggish
proton transport along the Na pathways. When the measure-
ment temperature was raised to the higher temperature range
(400–600 �C), conductivities were identical in all conditions (e.g.
vs. pO2, humidity). We attribute this agreement to a dehydration
reaction where protons were removed from the lattice, causing
the sample to be dehydrated even under humid conditions, with
the effect of protons diminished. From impedance measure-
ments at different temperatures, it can be inferred that the
dehydration reaction occurred above 400 �C for NLZ-N0.5-
(1200C 6hr), making transport properties similar for both dry
and humid conditions above 400 �C. Dehydration thermody-
namics vary depending on the composition of oxide proton
conductors.69–71

4.3.2 Electrical properties of NLBZ-N0.25-(1200C 6hr). In
dry environments, similar electrical behavior was observed in
NLBZ-N0.25-(1200C 6hr) compared to NLZ, with sodium-ions
being the main carrier species; however, in humid conditions,
conductivities were independent of pO2 and higher compared to
dry conditions for any temperatures between 300 �C and 600 �C,
suggesting that the sample remains hydrated up to 600 �C
under humid conditions. Protons have been shown to act as
additional carriers and give an increase in conductivity in their
hydrated state in certain compositions. For instance, Ba4In2-
Zr2O11-based proton conductors showed higher conductivity
when hydrated.72 It can thus be inferred that NLBZ-N0.25-
(1200C 6hr) was able to stay hydrated in the range of 300–
600 �C, forming protons as additional conducting species, and
possibly transported via the Grotthuss mechanism. This oppo-
site behavior compared to NLZ-N0.5-(1200C 6hr) may be
attributed to the presence of Ba2+. Barium containing zirconates
have been known to be able to incorporate water and conduct
protons more easily due to their low Brønsted basicity.73,74 It can
also be noted that the conductivity at higher temperature star-
ted to deviate from Arrhenius behavior above 400 �C, which
might be explained by some degree of dehydration. As the
temperature increased, the magnitude of increase in conduc-
tivity in humid environments vs. dry conditions decreased. This
suggests that proton concentration decreased with increasing
temperature. Yttrium-doped barium zirconates have been
shown to exhibit similar proton conduction behavior, where
dehydration and deviation of conductivity from Arrhenius
behavior was observed at higher temperatures.75,76

To summarize, proton formation has opposite effects on
conductivities of NLZ-N0.5-(1200C 6hr) vs. NLBZ-N0.25-(1200C
6hr), with decreased conductivities at low temperatures (<400
�C) for the former, and increased conductivities across the
temperature range (300–600 �C) for the latter. The difference of
conductivities vs. dry conditions in certain temperature ranges

would suggest that the introduction of Ba into the perovskite
structure signicantly modied proton formation and the
dehydration process, with the Ba-containing composition being
able to incorporate protons over a larger temperature range. Our
results suggest that protons were blocking to Na transport and/
or poorly mobile in the composition without Ba; oppositely,
protons were mobile and acted as an extra carrier species in the
composition with Ba.

4.3.3 Comparison between NLZ-N0.5-(1200C 6hr), NLBZ-
N0.25-(1200C 6hr), NLBZ-N0.125-(1200C 6hr), and NLZ-N0.5-
(SPS+1000C 24hr). The conductivities of NLZ-N0.5-(1200C 6hr)
and NLBZ-N0.25-(1200C 6hr) are shown in Fig. 8; only dry
conditions are compared here without the effect of protons.
With both compositions having larger cell volume (Sec. 4.2.1)
compared to Na0.42La0.525TiO3 (58.08 Å3),15 NLZ and NLBZ
exhibited higher sh and lower EA compared to unexpanded
Na0.42La0.525TiO3,15 as seen in Fig. 8. This signicant difference
suggests that the transport of Na ions can be effectively
enhanced within ABO3 perovskite slabs in LLTO-type perov-
skites by enlarging of the lattice via a chemo-mechanical engi-
neering approach. Moreover, the conductivity of NLZ is also
comparable with that of NaNbO3 reported by Gouget et al.,31

despite only having half the carrier concentration compared to
NaNbO3. NLZ also exhibits higher Na transference numbers
than NaNbO3. Even higher conductivity can be found in the
densest sample fabricated using SPS, NLZ-N0.5-(SPS+1000C
24hr). While the exact reason for this difference is not known,
a few possible contributors exist: (a) SPS may modify the defect
chemistry; (b) there may be some inaccuracy in the porosity
correction applied to the more porous samples, given imper-
fectly spherical grains and pores; (c) grain-to-grain connections
may be less constricted in the denser sample; and (d) the grain
sizes were different between NLZ-N0.5-(SPS+1000C 24hr) NLZ-
N0.5-(1200C 6hr). However, overall, the conductivities of NLZ
and NLBZ are still considerably lower compared to known Na
super-ionic conductors like b”-alumina6 and NASICONs.7 More
comparison of conductivity with other perovskite Na-ion
conductors (including RP phases) can be found in Sec. 4 in ESI.†

The total conductivity of NLBZ-N0.25-(1200C 6hr) is lower
than that of NLZ-N0.5-(1200C 6hr), which can be explained by
the lower concentration of Na. The conductivity pre-factor
includes the carrier concentration term, with Na ion concen-
tration in NLBZ-N0.25-(1200C 6hr) being only half that of NLZ-
N0.5-(1200C 6hr). Experimentally, the conductivity pre-factor
was decreased almost in half, resulting in a decrease in total
conductivity. Because of the larger lattice parameter in NLBZ-
N0.25-(1200C 6hr), larger conduction channels are also ex-
pected, which could result in a decrease in activation energy.
However, our results showed a very slight increase in activation
energy, which may be within the margin of error. Although rare,
this counter-intuitive effect has also been seen in other cation
conductors, where enlarged conduction channels actually led to
a decrease in ionic conductivity.77 In addition, some researchers
have suggested that superionic conductors have optimal
“percolation radii” for mobile cations, and the diffusion
channel should not be too small or too large.78,79 In the case of
NLBZ-N0.25-(1200C 6hr), the conduction channel may have

J. Mater. Chem. A This journal is © The Royal Society of Chemistry 2021

Journal of Materials Chemistry A Paper

Pu
bl

ish
ed

 o
n 

24
 A

ug
us

t 2
02

1.
 D

ow
nl

oa
de

d 
by

 U
ni

ve
rs

ity
 o

f I
lli

no
is 

- U
rb

an
a 

on
 9

/1
6/

20
21

 7
:2

5:
13

 P
M

. 
View Article Online



been too large, starting to fall out of the range of the optimal
percolation radius. Nonetheless, other studies have observed no
limit to the benet of tensile strain for conductivity in cation
conductors.80–84 In the present work, an alternative factor that
may account for the limited benet from the larger lattice
relates to the local interactions: it is possible that the intro-
duction of Ba resulted in a different bonding environment for
Na, where modied coulombic interactions between Na and O
cause Na–O bonds to become stronger, countering the effect of
the enlarged conduction channels.77 In other words, chemo-
mechanical engineering should be applied carefully, consid-
ering the balance of macroscopic lattice strain and local inho-
mogeneous atomic interaction effects.34

Another interesting fact to be noted here is that the Nyquist
plots for both NLZ-N0.5-(1200C 6hr) and NLBZ-N0.25-(1200C
6hr), as seen in Fig. 5, showed that there was only one arc.
DRT analysis also showed that there was only one process in all
the spectra (Fig. S5(d)†) under different measurement temper-
atures in dry conditions, where additional carriers such as
protons and Ag are excluded. (The effect of Ag and Pt electrodes
can be seen in Sec. 2 in ESI.†) Although NLZ-N0.5-(1200C 6hr)
and NLBZ-N0.25-(1200C 6hr) were polycrystalline as can be seen
in the SEM images, the impedance spectra did not show
different contributions from the grain core and the grain
boundaries. Three hypotheses are proposed here to explain this
phenomenon: (1) the grain boundaries are not signicantly
blocking to cation transport in the range of 300–600 �C, such
that the response represents the bulk. For some cation
conductors, grain boundaries are blocking at low temperatures
but cease to be signicantly blocking at high temperatures due
to their higher activation energies, and the impedance spectra
correspondingly can show a transition from dual to single arc
behavior, with a shrinking of the grain boundary arc, as
temperature increases;85 or (2) the relaxation time of the grain
core and the grain boundaries were almost identical, making
them indistinguishable; or (3) the conduction primarily takes
place in the vicinity of the surfaces/grain boundaries in the
porous microstructure, resulting in a fast path through the
microstructure and only one process visible in the impedance
spectra. On the basis of the measured dielectric permittivities
corresponding to this impedance arc (see Sec. 3.2.1), we think
that hypothesis (1) is reasonable.

Finally, the conductivity of NLBZ-N0.125-(1200C 6hr) was
also measured with Au electrodes for comparison. The pyro-
chlore phase was assumed to be completely insulating in the
correction process. The conductivity of the perovskite phase in
NLBZ-N0.125-(1200C 6hr) is much lower compared to the other
samples, as seen in Fig. 8. It is likely that the signicant
decrease in conductivity was a result of the further decrease in
Na-ion concentration.

5 Summary and conclusion

In this work, Na0.5La0.5ZrO3 and Na0.25La0.25Ba0.5ZrO3 were
synthesized using a modied Pechini method as a route to
emulate the perovskite structure of the superionic lithium
conductor LLTO. In order to accommodate larger Na vs. Li ions,

the lattices were expanded with the substitution of Zr4+ and Ba2+

on the B- and A-sites of the original LLTO perovskite structure,
respectively. In addition to this strain engineering approach, we
attempted to introduce v

0
Na systematically to improve the Na-ion

conductivity, by long/hot sintering, sub-stoichiometric Na : La
and A : B site ratios, and donor doping. Although each of these
three methods charge-compensates for v

0
Na through different

positively-charged defect species, our XRD results indicated
a common phenomenon: the NLZ structure could not accom-
modate signicant A-site deciency, making it difficult to
enhance the ionic conductivity without higher v

0
Na concentra-

tions. On the other hand, the Ba-containing NLBZ appeared to
accommodate some degree of A-site deciency, though the
minor formation of electrically insulating impurity phases
could not be avoided when the Na content further decreased
beyond this limit. The poor sinterability typical of zirconates
made it challenging to densify NLZ and NLBZ without the loss
of Na because of its volatility; as a result, impurity phases ten-
ded to form when pursuing high densities using conventional
methods. On the other hand, although the sample was
mechanically less robust, higher density and minimal Na loss
could be achieved by an advanced sintering technique like SPS.

In terms of electrical properties, both Na0.5La0.5ZrO3 and
Na0.25La0.25Ba0.5ZrO3 showed higher conductivity and lower
activation energy compared to unexpanded Na0.42La0.525TiO3,15

suggesting that the lattice enlargement effectively boosted the
mobility of Na ions. The conductivity of Na0.5La0.5ZrO3 is also
comparable with NaNbO3,31 despite only having half the carrier
concentration and a higher Na transference number. Promis-
ingly, the SPS-treated sample had even higher conductivity than
those sintered conventionally. Na0.5La0.5ZrO3 exhibited higher
ionic conductivity compared to Na0.25La0.25Ba0.5ZrO3, which can
be attributed to the lower Na-ion concentration of the latter
composition. While the lattice enlargement of the new Na0.5-
La0.5ZrO3 relative to previously-reported Na0.42La0.525TiO3 (ref.
15) helped to decrease the conductivity activation energy,
counter-intuitively, the expected further enlarged conduction
channels of Na0.25La0.25Ba0.5ZrO3 via partial substitution of Ba2+

on the A-site resulted in a similar EA compared to Na0.5La0.5-
ZrO3. It is possible that this result stemmed from a deviation
from optimal conduction channel size and/or a difference in Na
bonding environment. AC impedance spectroscopy measure-
ments in dry environments under different pO2s resulted in no
change in total conductivity, suggesting negligible electronic
conductivity for both compositions, making them suitable for
electrolyte applications. Moreover, DC polarization experiments
using reversible oxygen electrodes (porous gold) conrmed that
oxygen ion conductivities were also low for both compositions.

The effect of humidity was also investigated, with incorpo-
rated protons lowering the total ionic conduction in Na0.5-
La0.5ZrO3 in the low temperature range (300–400 �C), and
protons improving ionic transport in Na0.25La0.25Ba0.5ZrO3

across the full temperature range (300–600 �C). The introduc-
tion of Ba2+ had a signicant impact on the hydration/
dehydration process; the proton transport properties and their
interaction with Na-ions were also altered appreciably.

This journal is © The Royal Society of Chemistry 2021 J. Mater. Chem. A

Paper Journal of Materials Chemistry A

Pu
bl

ish
ed

 o
n 

24
 A

ug
us

t 2
02

1.
 D

ow
nl

oa
de

d 
by

 U
ni

ve
rs

ity
 o

f I
lli

no
is 

- U
rb

an
a 

on
 9

/1
6/

20
21

 7
:2

5:
13

 P
M

. 
View Article Online



Taken together, these results indicate that while strain and
defect engineering are reasonable strategies to turn a Li-ion
conductor into new Na-ion conducting compositions, the
intrinsic limitations of a new composition – the kinetics of
cation interdiffusion, cation vapor pressure, thermodynamic
stability bounds, and point defect formation enthalpies – may
conspire to limit the electrical performance of the resulting
product, particularly using conventional sintering approaches
close to thermodynamic equilibrium. As a result, the conduc-
tivities of NLZ and NLBZ are likely too low in bulk ceramic,
equilibrium form, for room temperature batteries. However,
given their stability at high temperatures in a wide range of pO2,
they could still be of interest for higher temperature electro-
chemical cells used in large-scale stationary storage. Further-
more, because the new compositions in the present study are
almost pure Na-ion conductors with low electronic conductivity
in dry conditions, they may be worth synthesizing through
alternative means. Non-equilibrium routes, such as energetic
thin lm growth, may enhance relative density and quench-in
metastable defect concentrations in future work. We also
emphasize the importance of verifying the nature of the charge-
carrying species in new solid electrolytes, given possible
contributions from anions, electrons, holes, and protons in
addition to the desired mobile cation charge-carrier, and the
importance of working with suitably inert electrodes.
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