In-situ anisotropic growth of nickel oxide nanostructures

through layer-by-layer metal oxidation
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Abstract:

This study reports the one-directional growth of single crystalline nickel oxide nanostructures
that is facilitated by the oxidation of nickel nanoparticles. Layer-by-layer growth at the buried
NiO/Ni interface was directly observed by in-situ high resolution transmission electron
microscopy at 650°C in an oxygen partial pressure around 4x10* Pa. Individual layers of NiO
grow by ledge movement, i.e., disconnection migration along the oxide/metal interface plane.
Oxidation at interfacial steps is governed by oxygen vacancy migration along the interface plane,
while the junction between the oxide/metal interface and the gas phase serves as nucleation site.
The results of this study demonstrate the applicability of the terrace-ledge-kink crystal growth

model for reactive crystal growth processes at internal heterophase interfaces.
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One-dimensional nanostructures such as nanotubes, nanowires, and nanorods hold promise for a
variety of applications owing to their exciting physical properties that can be considerably
different compared to their bulk counterparts [ 1-5]. For their synthesis directional crystal growth
strategies are reported [6—10] and include vapor-liquid-solid (VLS) [6], solution-liquid-solid
(SLS) [7], and vapor-solid-solid (VSS) [8] mechanisms. These techniques leverage catalyst
particles that serve as solvent and promote crystal growth by re-precipitation of the solute at the
catalyst/nanostructure interface. The morphology and size of resulting nanostructures typically
depend on the size of the catalyst particles [11]. However, controlling the growth process and
management of dopant distributions however remains challenging during catalytic chemical
vapor deposition. For instance, Oh and co-workers observed unwanted supersaturation of Au
point defects in VLS grown silicon nanowires [12]. Kossel [13] and Stranski [14] originally
introduced the terrace ledge-kink (TLK) model as a thermodynamic description of surface
transformations during crystal growth. For VLS growth Hofmann and co-workers have

subsequently demonstrated ledge propagation at the Pd silicide/Si interface during Si nanowire



growth in disilane atmosphere [15]. Ledge movement occurs by re-precipitation of Si from the
silicide phase. The Burton-Cabrera-Frank screw dislocation growth model [9,10] utilizes the
TLK formalism to describe crystal growth under low supersaturation. Self-perpetuating steps are
formed from screw dislocation intersecting with the free surface [9,10]. The model was
experimentally confirmed by a series of nanowire growth studies for different materials systems
[16—18]. For metal oxide growth, adatoms from the gas phase are attached to step edges while
screw dislocations within the growing nanostructure or oxide scale provide diffusion pathways
for reactants [19,20].

Gleiter [21] adopted the terrace ledge kink mechanism to describe grain boundary migration
during the recrystallization of Al-Cu alloys. Atoms are emitted from steps on the shrinking grain
and added to the growing grain. Several authors have subsequently utilized the concept of
disconnections, i.e., defects at grain boundaries with step and dislocation character [22] to
describe grain boundary kinetics in oxide ceramics [23—-27]. Zou et al. documented step
movement during solid state reactions at curved metal/oxide interfaces [28]. However, interface
curvature may have represented an additional driving force for interface migration [28]. This
study provides direct evidence for reactive layer-by-layer growth of nickel oxide at a buried and
atomically flat Ni/NiO interface. While anisotropic growth of nickel oxide nanostructures in
water vapor was recently observed during in-situ environmental scanning electron microscopy
[29], in-situ TEM experiments reported in the following demonstrate that the TLK model is also
applicable to reactive crystal growth, including internal oxidation and oxide scale growth.

Anisotropic growth of NiO nanorods was carried out by in-situ heating of nickel
nanoparticles (SkySpring Nanomaterials, Inc.) in an environmental scanning electron microscope

(ESEM). Nanoparticles with a nominal diameter of 300 nm were dispersed in isopropanol and



drop-casted either onto thermally grown SiO: films supported by a silicon substrate, or a
PELCO® Silicon Dioxide Support Film for TEM with a 18nm thick SiO2 membrane (Ted Pella,
Inc.). ESEM heating was performed with a ThermoFisher Quattro Environmental Scanning
Electron Microscope (Thermo Fisher Scientific, Hillsboro, OR) under water vapor with base
pressures ranging between 250 Pa and 400 Pa. Nickel nanoparticles were heated to 800 °C at a
rate of 30-50 °C/min. The temperature was held at 800 °C for up to 45 minutes until no more
morphological changes of the nickel nanoparticle agglomerates were detected. After ESEM
heating bright field scanning transmission electron microscopy (STEM) imaging was carried out
with a JEOL JEM 2100AC aberration corrected scanning transmission electron microscope.
Energy dispersive X-ray spectroscopy (EDXS) line profiles were acquired with an Oxford Aztec
Energy TEM Advanced Microanalysis System with an X-MaxN TSR Windowless large area
Analytical Silicon Drift Detector.

Figure 1(a) reproduces earlier results of anisotropic growth of NiO nanostructures with a
variety of different aspect ratios during ESEM heating at 800°C under 400 Pa of water vapor
atmosphere [29]. Subsequent bright field STEM and conventional TEM imaging of as-grown
high aspect ratio nanostructures reveal the absence (Figure 1(b)) or presence (Figure 1(c)) of
metal nanoparticles at their tip. EDXS analysis (see Figure 1(d)) identified nanoparticle
compositions as either pure Ni or Au-rich solid solutions of Cu and Au, which are impurities
within the raw powder and were discussed previously [29] Similar matchstick-like morphologies
of NiO nanostructures were previously documented by Koga and Hirasawa [30] after rapid
oxidation of Ni-Au alloy nanoparticles above 600°C. The presence of Au-Cu nanoparticles at the
tips of some NiO nanorods formed during ESEM heating is consistent with previously observed

catalytic growth behavior [31,32]. However, many NiO nanostructures observed in this study



revealed either residual Ni particles (see (1) in Figure 1(c)) or no particles (Figure 1(b), which

suggests an additional growth mechanism.
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Figure 1. (a) SEM micrograph of nickel particles after ESEM heating at 800°C in 400 Pa of water
vapor. Elongated nanostructures with different aspect ratios are observed. (b) & (c) STEM bright
field images of three different nanostructures displaying the absence or presence of metal
nanoparticles at their tips, respectively. (d) EDXS spectra recorded from metal nanoparticles

labeled (1) and (2) in (c).

To interrogate atomic-scale growth mechanisms, in-situ high resolution transmission electron
microscopy (HRTEM) heating experiments under simultaneous gas flow were carried out with a
gas injection/specimen heating holder [33] inserted into a Hitachi HF-9500 transmission electron
microscope operated at 300 kV. For these experiments Ni nanoparticles were formed by
dewetting Ni thin films that were previously deposited onto thermally growth Si02/Si substrates.
Particle carrying substrates were crushed and deposited directly onto the tungsten heating wire of

the in-situ sample holder. HRTEM images were recorded as video files while the tungsten wire



was resistively heated to 650 °C. Dry laboratory air was directed onto the TEM sample using a
gas injection nozzle. During in-situ imaging the base pressure in the sample area was roughly
2x1073 Pa. Figure 2 shows a series of HRTEM micrographs extracted from a video recorded
during the nanostructure growth process (see online video file). After initial onset of NiO growth
(see Figure 2(a) and (b)) the NiO/Ni interface becomes mostly flat for the remainder of the
nanostructure growth. Dashed lines mark the interface between the growing NiO nanostructure
and the shrinking Ni nanoparticle which is parallel to the (111) planes in both NiO and Ni.
Throughout nanostructure growth lattice fringe contrast is observed from NiO and Ni indicating
that both phases have remained solid and crystalline. The ratio of interplanar lattice spacings
observed from the NiO nanorod and the Ni nanoparticle (cf. Figure 2(f)) is 1.2+0.1, which is

consistent with the lattice constant ratio of 1.18 between NiO and Ni.
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Figure 2: HRTEM micrographs extracted from an in-situ video recorded at 650C and a base
pressure around 10~ Pa. The NiO/Ni interface is marked by yellow dashed lines in (a)-(d). Time

stamps are provided for each individual image. A single-crystalline NiO nanostructure grows in the



vertical direction while the crystalline nickel nanoparticle changes shape and reduces in size until

fully consumed at #+45s.

The change of the Gibbs free energy for oxide formation [34] suggests oxidation of metallic
nickel under the in-situ TEM experimental conditions of 650°C and an oxygen partial pressure
around 4x10* Pa. Consistent with previous observations of anisotropic growth of NiO
nanostructures (cf. Figure 1 and [35]), Figure 2 therefore reveals that oxidation of Ni proceeds at
the metal/oxide interface through layer-by-layer growth of NiO. The Ni nanoparticle shrinks
(Figure 2(a)-(k)) by the subsequent removal of lattice planes until it is fully consumed by the
reactive growth process (cf. Figure 2(1)) and NiO growth terminates. Figure 3 shows the
appearance and subsequent disappearance of individual steps at the NiO/Ni interface at different
times. Lattice planes grow by the movement of individual steps along the interface plane.
Examples are highlighted by arrows in Figure 3 (a), (c), (e) and (g). New NiO lattice planes
emerge from the side of the growing nanostructure, i.e., the NiO/Ni/gas phase junction. Similar
to VLS growth of Si nanowires [36] these triple junctions serve as nucleation sites for NiO layer
growth. Unexpectedly, the diameter of the growing nanorod remains unchanged during the
continuous shrinkage of the Ni nanoparticle (Figure 2(f)-(k)). From this observation it is
concluded that it is energetically more favorable for NiO to grow layer-by-layer instead of
following a Stranski-Krastanov growth mode [14]. The movement of the metal nanoparticle on
the oxide surface (Figure 2(g-k)) is likely a result of Ni surface diffusion during NiO growth,
while the associated vacancy mechanism within the metal nanoparticle causes particle
deformation and thus migration to continuously minimize free surface and interface energies. At
the same time the Ni nanoparticle also changes its shape as a result of balancing its total surface

energy with the NiO/Ni interface energy.



Figure 3. HRTEM images extracted from an in-situ video recorded at 650°C under 2x107 Pa of air.
The images were rotated and intensities were color-coded for better presentation. Adjacent images
(a&b, c&d, e&f, and g&h) represent subsequent video frames. The NiO/Ni interface is marked by
the dashed lines.Steps at the interface are highlighted by arrows. The dashed arrows in (b) (d) (e)

and (f) marks the step location in (a) (c) (f) and (g), respectively.
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Figure 4. (a)-(d) 2D model of the NiO/Ni interface configuration representing the observed growth
mechanism of NiO nanostructures. Misfit dislocations at the {111} NiO/Ni interface in conjunction
with steps in the interface plane represent disconnections. Ledge movement is facilitated by oxygen
vacancy diffusion along the interface plane which ensures oxygen supply for continuing oxidation
of Ni atoms. (e¢) 3D representation of the shrinking Ni particle supported by the NiO surface with

the viewing direction referring to the 2D projection views.

The NiO growth process observed in Figures 2 and 3 is sketched in Figure 4(a-d) for one
possible crystal orientation with a {111} interface plane. Figure 4(e) is a 3D sketch representing
the matchstick-like configuration of the NiO nanorod and the Ni particle with a possible viewing
direction during the HRTEM experiments indicated by the black hollow arrow. The experimental
observations in Figures 2 and 3 suggest that nickel oxidation occurs at kink sites along the
NiO/Ni interface. The lattice mismatch between NiO and Ni is accommodated by misfit
dislocations at the NiO/Ni interface (cf. Figure 4(a-d)). The layer-by-layer growth through the
advancement of interfacial steps in the presence of misfit dislocations allows for the

consideration of interface disconnections that facilitate the observed growth of NiO at the cost of



the shrinking Ni nanoparticle. This description is phenomenologically similar to the concept of
mobile disconnections for the migration of grain boundaries in ceramics [22,24-27]. To advance
a disconnection an interfacial nickel atom that is considered part of the metal nanoparticle bonds
to an oxygen anion of the NiO surface (Figure 4(a)). At 650°C the thermodynamic driving force
for oxidation is sufficient. As a result, oxygen migrates along the interface plane which advances
the kink in the <110> direction for a {111} interface plane (cf. Figure 4(a) and 4(b)). As a result,
an oxygen vacancy is created within the interfacial NiO plane which migrates along the interface
(Figure 4(c)) towards the triple junction between the NiO/Ni interface and the gas phase (Figure
4(d)). This process enables oxygen anion supply from the gas phase for subsequent oxidation
reactions to facilitate kink advancement. The in-situ HRTEM imaging results displayed in Figure
3 are consistent with such disconnection movement by anion-vacancy diffusion. Due to the 2D
projection some interfacial steps may not be detected during HRTEM imaging while others may
not necessarily be located at a NiO/Ni interface, but rather represent steps on the free NiO
surface (cf. Figures 3(g) and 4(e)).

In bulk NiO metal cations have a higher mobility than oxygen anions [37]. Hirth and
Mitchell [38] have argued that during nickel oxidation interfacial oxygen remains in the same
position and disconnections at the metal/oxide interface are immobile. Instead, nickel diffuses
through the oxide towards the external surface where oxidation takes place [39,40]. In this study,
however, extensive Ni diffusion is not required as oxidation takes place at the NiO/Ni interface
where metallic Ni atoms are available. Instead, the oxidation process is assumed to be governed
by oxygen vacancy migration along the NiO/Ni interface plane. Once the metal particle becomes
smaller than the oxide crystal, step migration on the surface NiO replaces disconnection motion

at the interface and may be characterized by a different migration rate. Such change in migration
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rate may cause changes in crystallographic growth direction previously observed during in-situ
ESEM experiments [29]. Furthermore, once the in-plane particle radius exceeds its out-of-plane
thickness, nickel oxide growth might be dominated by oxygen anion flux through the nickel
particle.

Medlin and collaborators [41,42] have recently applied a model by Hirth and Pond [22] to
estimate the flux of material required for an interfacial phase transformation. For the oxidation
reaction at the Ni/NiO (111) interface observed in Figure 3 the flux of oxygen anions J, that is

required for ledge movement is estimated by

mol) _Io _ Lv (hAXo+bp XY _ v'(dNi(111)AXo+angl) (1)
m2-s L-Ay L-Ay Ay )

Jo(

Io represents the current of oxygen anions; d(nki is the interplanar spacing of the corresponding
(hkl) planes. h represents the overlap step height of the disconnection; bn represents the burgers
vector in the direction perpendicular to the interface; Xo is the number of oxygen atoms per unit
volume in a phase AXo and is the difference between X3! and XJ'O; L represents the length of the
ledge; Ay represents the distance a disconnection travels and v represents the step movement
velocity. A combination of equation 1 and Fick’s First Law was used to estimate the diffusion
coefficient for oxygen associated with disconnection movement. According to Fick’s first law,
the diffusion coefficient of oxygen is calculated to be 1.2x10°'® m?/s. This result is in excellent
agreement with the effective diffusion coefficient for oxygen in NiO, i.e. 6.2x10-'® m?/s [37].
The volume diffusion coefficient of oxygen in NiO is 7.7 x10! m?/s [37], hence corroborating
that NiO nanorod growth is governed by oxygen diffusion along the NiO/Ni interface.

The growth process outlined above resembles TLK growth originally proposed by Kossel

[13] and Stranski [14] in which adatoms are attached at thermodynamically favorable kink sites,

1.e., at steps in projection of the crystal surface. The experimental results presented in this study
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expand the TLK model and demonstrate its applicability for reactive crystal growth at buried
solid-state heterogeneous interfaces. NiO nanorod growth by NiO/Ni interface migration is
accomplished by the consumption of the Ni nanoparticle that serves as reactant for the formation
of NiO as the reaction product. The thermodynamic driving force for ledge movement is rooted
in the temperature and oxygen partial pressure during the in-situ growth experiments. The
growth model may also represent a viable mechanism for the anisotropic growth of NiO
nanostructures in water vapor [29].Unlike previous reports [28] disconnection movement is
observed from atomically flat interfaces for which no curvature contributes an additional driving
force for interface migration. Calculations of materials flux required for the advancement of
disconnections are consistent with oxygen vacancy interface diffusion. The growth model
discovered in this study demonstrates the feasibility to apply the existing TLK model to reaction-

controlled migration of internal interfaces.
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