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ARTICLE INFO ABSTRACT

Keywords: In the present work, three kinds of precipitates with different morphologies, structures, sizes, and volume
High-entropy alloys fractions were obtained via energetically-tuning the microstructures of the nano-precipitated CoCrFeNiTi 2 high-
Coherent entropy alloy (HEA). Subjected to the heavy cold rolling immediately after homogeneous precipitation, L1,
ztrr;;gget:fcmng structured spherical nano-particles with an average size of 16.5 nm rapidly grow into 200 nm-sized spherical

ones due to Ostwald ripening. On the other hand, superfluous mechanical energy storage energetically facilitates
the phase transformation from spherical L15 to rod-shaped D024 structures for initially formed nano-precipitates.
Besides, some other newly formed nano-precipitates with an average size of 6.5 nm are available, originating
from heavily plastically deformed-induced nucleated sites. Multi-scale precipitates interact with dislocations in
different ways. The strengthening provided by dislocations cutting through smaller nano-particles and bypassing
grown ones account for 57.7% and 42.3% of precipitation strengthening, respectively, while rod-shaped pre-
cipitates can act as equivalent interfaces to hinder dislocation movement. Their synergistic effect has achieved
remarkable strengthening and toughening. Specially, dislocation slips dominate at 298 K, while stacking faults
(SFs) assist plastic deformation at 77 K. Compared with 298 K, the yield strength (YS) and ultimate tensile
strength (UTS) of the current HEAs at 77 K are increased by 38.9% and 38.2% to 1 GPa and 1.5 GPa, respectively,
and the tensile strain is slightly increased to 35% instead of loss, realizing excellent strength and plasticity
combination. Theoretically established strengthening models agree well room-temperature and cryogenic yield
strengths experimentally. Moreover, the tensile elongation is effectively predicted by the Whitehouse-Clyne
model. This strengthening strategy of energetically-tuning polymorphous precipitates provides the basic guid-
ance to develop high-performance nano-precipitated alloys. The current strengthening and plasticity models can
be employed to well predict the mechanical properties of such kinds of alloys at cryogenic temperatures.

Deformation mechanisms

1. Introduction heat-resistant and wear-resistant coatings, magnetic materials, new
energy materials, space technology, and so on, and open up a blue ocean
for the development of late-model alloys [8,9].

Extensive work has been done on face-centered-cubic (fcc) HEAs

It has to be said that as one of the important breakthroughs in the
field of metals and alloys in recent decades, high-entropy alloys (HEAs)

[1-7] develop a school of their own among multitudinous metallic
materials by introducing ‘chemical disorder’ and ‘high mixing entropy’
effects through multi-component mixing. Their excellent comprehensive
properties, including mechanical and functional properties, make them
possess great potential and competitiveness in the application fields of
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because of their excellent toughness and work-hardening ability [10,
11], but it is a great challenge to be applied in the field of load-bearing
materials due to their inherent low strengths [12]. Great efforts, such as
solution strengthening, interface engineering, dislocation strengthening
[13-20] etc., have been tried to overcome this Achilles’ heel of the
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strength-ductility trade-off. However, there seems to be a gap between
them and high-performance structural materials. Recently, it has been
reported that strengthening the matrix alloy by the precipitation of
coherent ordered secondary phases at nano scale is promising [21]. For
instance, the strength increment of the Coszy gN-
i35.4Alg.9Mo4 oCrs gTap gTis 5 HEA with a high-volume fraction of L1s
phases reaches 770 MPa. Moreover, due to its outstanding resistance to
coarsening, the HEA exhibits more attractive high-temperature strength
than many superalloys [22]. Two other typical examples are that the
yield strengths (YS) of (FeCoNi)ggAl;Ti; and (CoCrNi)g4Al3Tis HEAs
reported by Yang et al. and Zhao et al., respectively, are over 1 GPa, and
both of HEAs have no plasticity loss. Compared with the matrix, the
strengths of these precipitate-reinforced HEAs are increased by 5 times
and 70%, respectively, but the distinguished tensile strains of 50% and
40% can still be maintained [23,24]. To sum up, this strategy not only
solve the long-standing bottleneck of the trade-off between the strength
and ductility, but also keeps thermostable in a wide temperature win-
dow. It can be attributed to that the enthalpy and free energy in ther-
modynamics reduces as a result of the ordering transformation and
elemental partition, and the interaction between ordered phases and
dislocations becomes the main source of strength contributions [23]. It
is gratifying that these precipitates-hardened HEAs mentioned above are
easy to achieve high strengths and toughnesses even at low temperatures
due to the coherency and similar moduli between the matrix and pre-
cipitates. Hence, they do not exhibit the ductile-brittle transition frac-
ture behavior as in traditional dilute alloys [25,26]. Moreover, the
mechanism upon low-temperature deformation is still unclear.

In the current work, Ti, a strong y'-forming element, was added to the
CoCrFeNi-based alloys. The large atomic-size difference between Ti and
other elements increases the lattice distortion, which favourably en-
hances solution strengthening [27,28]. Moreover, multi-scale pre-
cipitates were achieved by proper thermo-mechanical treatment, and a
good combination of mechanical properties was attained. Finally, it is
explained that the reason why the alloy has high strength and toughness
at low temperatures is that stacking faults (SFs) participate in the co-
ordinated deformation [29]. The current work provides a basic under-
standing and reference for exploring new low-temperature
high-performance alloys.

2. Materials and methods

The ingots with a nominal composition of CoCrFeNiTig » (in atomic
percent, at. %) were obtained by vacuum arc melting under a Ti-gettered
argon atmosphere. Then, the 80 x 10 x 3 mm® (length x width x
thickness) thin plates were prepared by a water-cooled copper mold
suction casting method. Each ingot was flipped and re-melted more than
five times to ensure the chemical uniformity. The as-cast sheets were
homogenized at 1200 °C for 2 h (denoted as Alloy A hereafter) and aged
at 900 °C for 15 min to obtain the nanoscale precipitate (Alloy B).
Subsequently, cold rolling was carried out with a total reduction ratio of
70% (the thickness changed from 3 to 0.9 mm). Finally, after recrys-
tallization annealing at 900 °C for 15 min, a variety of precipitates were
obtained (Alloy C). All heat treatments were conducted in air, followed
by water quenching.

Dog-bone-shaped specimens with a gauge length of 12.5 mm and
cross-section dimension of 3 x 1.5 mm? and 3 x 0.9 mm? were fabri-
cated by electro-discharge machining for uniaxial tensile tests at 298 K
and 77 K, respectively, which were performed on an Instron 5969 uni-
versal testing machine with a constant strain rate of 1 x 107° s71, At
least three samples were measured in each case to ensure the reliability
of the data. Digital image correlation (DIC) was applied to record the
continuous deformation of the gauge section during tension, and the
data was converted into strain maps by the three-dimensional (3D) test
and evaluation software (GOM Correlate).

The phase identification was conducted, using X-ray diffraction
(XRD) with Co-Ka radiation. The scanning angle range of 26 is 20°~100°.
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The microstructures and deformation mechanisms of the alloys were
characterized by the electron-backscattered diffraction (EBSD) (scan-
ning step size of 500 pm), scanning electron microscopy (SEM, Phenom
XL), and transmission electron microscopy (TEM, JEM-2100(HR)) with
selected area diffraction patterns (SADPs). For EBSD and SEM analyses,
the surfaces of the samples were ground to 2000 grit SiC paper, and then
electrochemically polished with a HClO4:CoHgO = 1:9 solution (in a
volume percent, vol%) with a direct-current (DC) voltage of 20 V at 298
K. For the TEM analysis, the samples were first mechanically ground to a
thickness below 50 ym and then punched into 3 mm-diameter discs.
Finally, the discs were thinned to a thickness of electron transparency by
twin-jet electro-polishing at a DC voltage of 20 V and a temperature of
around - 10 °C, using the same electrolyte. Needle-shaped specimens
required for atom probe tomography (APT) were fabricated by lift-outs
and annularly milled in a FEI Scios focused ion beam/scanning electron
microscope (FIB/SEM). The APT characterizations were performed in a
local electrode atom probe (CAMEACA LEAP 5000 XR). The specimens
were analyzed at 70 K in a voltage mode, at a pulse repetition rate of
200 kHz, a pulse fraction of 20%, and an evaporation detection rate of
0.2% atom per pulse. The data-analysis workstations, AP Suite 6.1, was
used for creating the 3D reconstructions and data analysis.

To compute the influence of temperature on the mechanical behavior
of the current HEAs, a size of simulation sample with a single-phase fcc
structure 25.4 x 28.2 x 3.7 nm®, and this model contains 243,200
atoms. The free surface is applied to the z direction, and the periodic-
boundary conditions are employed in the x and y directions. The crys-
tallographic directions of the sample are x-[110], y-[112], and z-[111].
Using the conjugated gradient minimization with an energy and force
tolerance of 107% eV, the potential energy of the simulated sample is
relaxed. An ensemble of velocity is generated at a given temperature.
Then, the sample is equilibrated at a given temperature for 500 ps under
an NPT ensemble. The open source Large-scale Atomic/Molecular
Massively Parallel Simulator (LAMMPS) was used to compute the
atomistic simulations [30] with the embedded atom method (EAM)
potential [31,32]. The evolution of macrostructure is analyzed with the
Ovito software [33]. The common-neighbor analysis method is used to
identify the local atomic structures, where green atoms represent the
FCC structure, red atoms are stacking faults, and white atoms stand for
free surface or dislocation cores.

3. Results
3.1. Microstructures

The XRD and SEM images of the alloys in three states, namely the
homogenized (Alloy A), aged (Alloy B), and recrystallization-annealed
(Alloy C) materials, respectively, are presented in Fig. 1. Only one set
of fec diffraction peaks can be identified in Alloy A, which indicates that
it is a single-phase structure. In contrast, weak additional diffraction
peaks are detected in both Alloys B and C. However, the intensities of
these peaks are very low, and the number is really small. Hence, it is
difficult to determine the phase structure. It can be proved that this trend
is ascribed to the existence of precipitates demonstrated later, since the
extremely-low negative enthalpy of mixing between Ni-Ti and Co-Ti
atomic pairs (- 35 kJ/mol and - 28 kJ/mol, respectively) makes a strong
tendency to form precipitates during rapid quenching.

The microstructures of the three alloys were characterized by SEM.
From microstructural observations, Alloy A is equiaxed with an average
grain size of about 54 pm, and the dispersed dark spots are Ti-enriched
particles generated during casting. After aging at 900 °C for 15 min, the
grain size of Alloy B is slightly increased to about 71 pm. However, the
formation of precipitates different from Alloy A cannot be found from
the SEM images due to its small size, but the TEM image (Fig. 1ep) in-
dicates the emergence of spherical precipitates. The diameter and vol-
ume fraction of spherical particles are about 16.5 nm and 6.8%,
respectively. Upon cold rolling and subsequent recrystallization
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Fig. 1. XRD patterns and SEM micrographs of Alloy A (a,d), Alloy B (b,e), Alloy C (c,f), (e;) An enlarged view of the small spherical particles morphology for Alloy B,

(e1) An enlarged view of microstructure for Alloy C.

annealing, the microstructure of Alloy C consists of both spherical and
rod-shaped precipitates with an evenly-cross distribution within the fcc
matrix (the volume fraction of the rod-shaped precipitates is 7%). It is
worth noting that the spherical precipitates are not the same as those in
Alloy B.

The EBSD images of the three alloys are displayed in Fig. 2. The grain
size of Alloy A increases from 20 to 200 pm, and the sample presents a
preferential orientation relationship of <001>//ND (normal direction),
which may be due to the orientation nucleation and growth caused by
the directional heat dissipation during casting (Fig. 2a). Alloy B also has
larger equiaxed grains with an uneven size (Fig. 2b). It is obvious that
the grain boundary of Alloy C cannot be observed directly by SEM, but
the EBSD image of Alloy C clearly shows the structure of basically-
complete recrystallization (Fig. 2c), and the formation of twins (X3
<111>) can be found from its grain-boundary diagram, which is almost
absent in Alloys A and B (Fig. 2d). The microstructure of Alloy C was
further analyzed by TEM. As shown in Fig. 3a, the regions with rod-
shaped and spherical precipitates are labeled as Regions I and II,
respectively. The SADPs on the right confirm that the matrix is indeed an
fee structure, and additional blur points appear in the diffraction spots
corresponding to the two regions. Furthermore, there are weak "awn
lines" (symbols of SFs) and twin spots symmetrical to the matrix in
SADPs. This trend is due to that the twins and SFs generated by the
activation of the residual stress after thermo-mechanical treatments
provide sites for the preferential nucleation of precipitates. Further-
more, it is verified that these two precipitates have different crystal
structures. Among them, the rod-shaped precipitate is an - NigTi [D024, a
hexagonal-close-packed (hcp) structure] phase, while the spherical
particle is a L1y y'-NisTi (fcc) phase. Next, high-resolution TEM
(HRTEM) images of these two precipitates provide a more intuitive
understanding of the matrix-precipitate interface structure, as presented
in Fig. 3b; and c¢;. Combined with their fast Fourier transform (FFT)
images (Fig. 3bs and cy), it can be concluded that they are secondary
phases with different morphologies and structures. The nano size and

ordering effect lead to weak scattering, which makes the diffraction
peaks not clearly displayed from XRD patterns [34]. The inverse fast
Fourier transform (IFFT) images (Fig. 3bs and cg) show the character-
istic contrast of bright and dark lines, which is generally caused by the
lattice distortion in the precipitates and their long period arrangement.
Fig. 3d is an enlarged view of Region III in Fig. 3c, in which the finer
spherical precipitates are the same as those in Alloy B, but they are
newly formed due to the high-energy-driving force during recrystalli-
zation annealing after cold rolling. The corresponding diffraction
pattern indicates that it is a L1, phase. The size and volume fraction of
the small spherical particles become 6.5 nm and 3.95%, respectively.
Therefore, three precipitates with different crystal structures coexist in
the recrystallized alloys. The grain size, diameter, and volume fraction
of precipitates for the three alloys are summarized in Table 1. Fig. 4
schematically exhibits the different microstructures of the every three
alloys. Alloy A is a single-phase fcc structure. In Alloy B, small spherical
precipitates appear within the fcc matrix, while rod-shaped, large and
small spherical precipitates coexist in Alloy C, accompanied by
annealing twins and SFs.

The origin of the three precipitates can be explained as follows. Large
spherical particles in Alloy C are formed by the growth of small spherical
particles in Alloy B through the Ostwald ripening mechanism, while rod-
shaped precipitates are further transformed from larger spherical par-
ticles. At the same time, the rolling structure, such as incompletely
recovered shear bands provides a large number of new nucleation sites,
which makes small spherical particles precipitate again during recrys-
tallization annealing. The spherical particles nucleated first grow
rapidly under the effect of strain energy, and then nucleated particles
grow slowly. Therefore, the sizes of the two spherical precipitates in
Alloy C are quite different. It can be speculated that the formation of rod-
shaped precipitates may be due to the phase transformation, or it may be
re-precipitated during annealing accompanied by slip bands. The rod-
shaped precipitates exhibit an undirected random distribution, similar
to the distribution of spherical particles, and present a mosaic structure
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Fig. 2. EBSD images of Alloy A (a), Alloy B (b), Alloy C (c), (d) Grain-boundary image of Alloy C contains twin boundaries (red lines) (TD: transverse direction, LD:
longitudinal direction). (For interpretation of the references to color in this figure legend, the reader is referred to the Web version of this article.)

with spherical particles, so it is likely to be the former. It has been
recognized that the n phase is more stable than the y’ phase at the
hardening temperature, such as the formation enthalpy of the n phase at
0 K is slightly lower than that of the ¥’ phase reported in Refs. [35,36].
Similar to the Fe- (25-30) Ni-Ti alloy, the precipitates undergo an L15 y’
- NigTi metastable state and then changes to a n - NisTi - a stable state
[37,38]. In the current HEAs, the precipitation of the coherent L1, phase
is more favorable in kinetics. Hence, it appears first, and the trans-
formation from the L1 to n phase is due to the introduction of extrinsic
stacking faults (ESFs) in the L1, phase. Oblak et al. proposed a related
theory that the precipitation of the y phase occurs on the ESFs of the
matrix before the precipitation of the stable n phase in the nickel-based
alloys [39]. The ESF comes from the climb of the Frank sessile disloca-
tion, that is, the structure is changed by repeatedly adding (0001) planes
from the L1; structure. Fig. 5 illustrates this transition. Fig. 5a is the
planar stacking sequence of the L1, phase, which can be expressed as
ABCABC ..., and when a Frank edge dislocation climbs continuously to
produce a layer-A atomic plane, namely B(A)C(A)B ..., or adds a layer-A
every other group, namely ABAC(A)B ....The stacking sequence will
change to ABACABAC ..., i.e., the stacking sequence of the hcp structure.
In addition, the orientation relationships between the precipitates and
matrix usually follow {0001} n//{111} y and <2110> n//<011> vy,
while the spherical L1, phase and the matrix are {001} y’//{002} y and
<011> y’//<011>y.

In order to further quantitatively analyze the chemical composition
and elemental distribution of the matrix and precipitates, 3D-APT re-
constructions of alloys is conducted, and the results are presented in
Fig. 6. Fig. 6a and c are atom maps of five elements in Alloys B and C,
respectively. The spherical particles rich in Ni and Al are uniformly

embedded in Alloy B, and the average size is about 16.93 nm, which is
well consistent with the TEM results. Due to the large size of the rod-
shaped precipitate in Alloy C, it can only be partially displayed, but
the corresponding iso-concentration surface clearly depicts the outline
of newly-nucleated small spherical particles. It can be seen intuitively
that the spherical particles in Alloy C are significantly smaller than those
in Alloy B, and the volume fraction is greatly reduced, which further
verifies the above TEM analysis. Fig. 6b and d are proximity histograms
constructed across the interface between the matrix and precipitates,
which can be used to further analyze the elemental distribution. Among
them, Ni and Ti have a strong tendency to be distributed into these two
precipitates, and Co is partially depleted, while Fe and Cr are almost
completely depleted. The precise compositions of the matrix, small
spherical particles in Alloy B and rod-shaped precipitates in Alloy C are
listed in Table 2. The compositions of the two precipitates veil slight
differences, in agreement with the origin of three precipitates. Small
spherical particles nucleated first grow rapidly and then change into
rod-shaped precipitates, and some small spherical particles are precip-
itated again in Alloy C at the same time. Therefore, they are only pre-
cipitates with different morphologies and structures but the same
compositions. Generally, the sites of Co and Cr can replace Ni and jointly
occupy the A site of the A3B type precipitates, while Fe can replace both
lattice sites. As a consequence, the stoichiometry can be roughly
expressed as (Co,Cr,Fe,Ni)s(Fe,Ti).

3.2. Tensile properties at 298 K and 77 K

Typical engineering stress-strain curves of the three alloys at 298 K
and 77 K are exhibited in Fig. 7a and b, respectively. At 298 K, the YS
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Fig. 3. Bright-field TEM images of the three kinds of precipitates (a, b, and c); (d) An enlarged view of the small spherical particles morphology for Alloy C; SAED
patterns taken from the rod-shaped precipitate (a;), large spherical particle (a;), and small spherical particles (d;); High-resolution TEM images showing the interface
between the fcc matrix and rod-shaped precipitate (b;) and large spherical particle (c;) with their relative FFT and IFFT patterns are shown in (b, and b3) and (¢, and

c3), respectively.

Table 1
Grain sizes, diameters, and volume fractions of two kinds of spherical particles
for three alloys.

Alloy Grain size Diameter of particles Volume fraction
(pm) (nm) (%)
Homogenized 54
Aged 71 16.5 6.79
Recrystallized 7 Ds = 6.5 3.95
DI = 200 10

and UTS of Alloy A are 280 MPa and 650 MPa, respectively, and the
elongation (EL) at break is 47%. After aging, the YS and UTS of Alloy B
increase by 110% and 46% to 580 MPa and 950 MPa, respectively, and
the tensile strain decreases slightly, but it can still maintain 27%.

Compared with Alloy B, the YS and UTS of Alloy C are enhanced by 140
MPa and 135 MPa, respectively, to 720 MPa and 1085 MPa, but the
plasticity is not lost, up to 30%. The strength of the alloy at 77 K is
stronger than that at 298 K to a certain extent, while the tensile strain
does not decrease but increases. Especially, the YS of Alloy C reaches 1
GPa, the UTS is 1.5 GPa, and the EL is 35% at 77 K, showing the most
excellent strength-plasticity combination. This feature is opposite to the
ductile-brittle transition in most conventional traditional alloys. Fig. 7c
presents the work-hardening capacity of Alloy C at 298 K and 77 K
through the strain-hardening rate (do/de, where ¢ and ¢ are the true
stress and true strain, respectively) as a function of true strain. The work-
hardening rate at 77 K is slightly higher than that at 298 K because SFs,
as a main deformation mode, enhances the work-hardening ability of the
alloys. At the initial stage of plastic straining, the work-hardening rate
drops sharply, which corresponds to the dislocation strengthening,
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described by the classical Taylor model [40]. When the strain is further
increased, the work-hardening rate decreases slowly, which can be
attributed to the formation of substructures, such as dislocation cells,
dislocation walls, and so on [41]. These dislocation substructures pro-
liferate, and the grains refine again as the plastic deformation continues,
which shortens the average free path of dislocation motion and produces
successive work hardening. The persistent change of the strain field
during tension was recorded by DIC strain mapping, as shown in Fig. 7d.
The alloy has a uniform elongation until final fracture. The YS, UTS, and
EL of the three alloys at two temperatures are summarized in Tables 3
and 4. A large number of dimples appear on the fracture surface of the
alloys at both temperatures, indicating typical ductile fracture. In
contrast to 298 K, the dimple size is smaller, and the density is higher at
77 K (not shown here). Fig. 8a summarizes the tensile strength and total
elongation of Alloy C, and makes a direct comparison with the properties
of some other traditional and advanced alloys, including advanced
steels, commercial superalloys, medium-entropy alloys (MEAs),
solution-strengthened (SS), and precipitation-strengthened (PS) HEAs
[42-50]. The UTS of traditional aluminum and magnesium alloys is
limited to about 200-600 MPa, with a moderate plasticity, and the
tensile strain is usually less than 30%. In contrast, the strength of the
manganese steel can reach 4 times of them, but the plasticity is largely
lost, only 10%. There are also some TRIP steels, dual-phase steels, and
ferritic steels in the area between their performance distributions. The
strength and plasticity are neutralized, but there is still an inverse
relationship. The results show that the properties of the alloy strength-
ened by solute atoms are widely distributed, the strength is about
200-1000 MPa, and the plasticity is extended from 5% to 100%. They
are all in the upper left and lower halves of the picture, and the upper
right corner is still blank. The precipitation-hardened Alloy C adds a
great amount of color to the high-performance area in the upper right
corner. The toughness of the alloys is further evaluated by comparing YS
and the product of strength and elongation (UTS x EL). As shown in
Fig. 8b, the YS of Alloy C at 77 K is 1 GPa, and the UTS x EL is 52.5 GPa

%. The UTS X EL of the alloys with the equivalent strength is only half of
Alloy C, while the YS of the alloys with the equivalent UTS x EL is only
one third of it, which once again proves the excellent mechanical
properties of Alloy C.

4. Discussion
4.1. Deformation mechanisms

In order to explore the deformation mechanisms of the Alloy C at
different temperatures, the samples after tensile rupture were analyzed
by TEM. The fracture morphologies at both temperatures are revealed in
Fig. 9. Dislocation slip dominates at room temperature, and rod-shaped
precipitates become a powerful obstacle to dislocation movement and
accumulation. Besides that, spherical particles work in pinning dislo-
cations to a large extent, and act as dislocation sources to cause
continuous strengthening (Fig. 9a and b). The significant improvement
in the performance of the alloy at 77 K can be attributed to the effect of
SFs (Fig. 9c). Furthermore, the interaction between the SFs on the
intersecting (111) planes will lead to the formation of sessile stair-rod
dislocation, i.e., the Lomer-Cottrell (L-C) lock (Fig. 9d) [51]. The
multi-layer L-C locks intersect each other drastically to form a SF
network, subdividing grains again to produce a dynamic Hall-Petch
(H-P) effect. An analogous phenomenon has been revealed previously
[52,53].

SFs are determined by the temperature-dependent stacking fault
energy (SFE), and has a linear relationship. Different from the current
HEAs, the deformation of the CoCrFeNi HEA with a low SFE (13 mJ, /m?)
at 77 K is mediated by twinning [54]. This is because that the precipi-
tation of nanoscale spherical particles reduces the matrix channel, and
the rod-shaped precipitates indirectly diminish the grain size, mean-
while the SFE of these precipitates with high ordering is much greater
than that of the matrix [55]. Under the joint action of these precipitates,
the nucleation driving force for twinning is increased enormously.
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Table 2
Chemical compositions of different phases by the 3D-APT analysis (at. %).

Element  Matrix Small spherical precipitates ~ Rod-shaped precipitates
Co 24.68 £0.21  16.82 + 0.40 15.73 £ 0.25

Cr 25.30 £0.21  2.03+0.15 2.18 +£0.10

Fe 27.08 £ 0.22 2.54 £0.17 2.50 £0.11

Ni 20.60 £0.20 54.61 + 0.54 55.75 + 0.34

Ti 2.35 + 0.08 24.00 + 0.46 23.84 + 0.29

Hence, twinning is not easy to be activated. Here, the SFE of the alloys
with the matrix composition of Cog45CrossFeo;NiggsTiss at 77 K is
65.6 mJ/m? through molecular dynamics simulations, as shown in
Fig. 10b. Hence, the critical twinning stress, oy, reaches 2730 MPa

(calculated by the equation of Byun [56], 7, = zby:f = 892.5 MPa, where
7isfis the intrinsic stacking fault energy, and by, ~ 0.147 nm is the value of
the Shockley partial dislocation), while the maximum true stress during
the whole tension is only slightly more than 2000 MPa (Fig. 10a), suf-
ficient for the suppression of twinning. On the contrary, the
extremely-low SFE of the CoCrFeNi HEA makes its o, of only 635 MPa,
which is prone to achieve. Hence, twins favourably appear. Moreover, it
can be found that the addition of Ti has a great impact on the SFE of the
matrix. Therefore, it can be inferred that the SFE of precipitates with a
high content of Ti is several times that of the matrix. The large difference
of SFE between the matrix and precipitates would cause the change of
the extended dislocation energy and produce additional force to hinder

dislocation movement. The UTS of Alloy C at 77 K is more than 400 MPa
higher than that at 298 K, which is mainly due to the contribution of SFs
[29].

4.2. Strengthening mechanisms

The YS of polycrystalline alloys is usually the sum of four contribu-
tions, i.e., solid-solution strengthening (4cs), grain-boundary strength-
ening (4cg), dislocation strengthening (4c4), and precipitation
strengthening (4c,). In the current CoCrFeNiTig » HEAs, the YS can be
expressed as:

A6y, =00 + Ao, + Ao, + Aoy + Ao, 6h)

where o is the lattice-friction stress. In this alloy, the addition of Ti will
increase the lattice distortion and enhance solid-solution strengthening,
as the atomic radius of Ti is much larger than the other four elements.
Since the concepts of "solute" and "solvent" in HEAs cannot be clearly
distinguished, it is challenging to adopt the traditional solid-solution
strengthening theory. Here, the strength difference between the Alloy
A and single-phase CoCrFeNi HEA under the same conditions is regarded
as the contribution of Acs. Therefore, the CoCrFeNi alloy (Alloy D) was
prepared by homogenizing at 1200 °C for 2 h, and its YS is 170 MPa.
However, the grain size of Alloy D is larger than that of Alloy A, which is
about 155 pm. Hence, it is necessary to employ the H-P equation to
describe the grain-size dependence on Acg:
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Table 3
The yield strengths, ultimate tensile strengths, and elongations of three alloys at
298 K.

Alloy YS (MPa) UTS (MPa) EL (%)

Homogenized 280 650 47

Aged 580 950 27

Recrystallized 720 1085 30
Table 4

The yield strengths, ultimate tensile strengths, and elongations of three alloys at
77 K.

Alloy YS (MPa) UTS (MPa) EL (%)
Homogenized 400 785 60
Aged 650 990 35
Recrystallized 1000 1500 35

Ao, =K,-(d,7? —d, ') )

where K, is the strengthening coefficient (K, ~ 226 MPa pm'/2 from the
CoCrFeMnNi system [14]), and d is the average grain size. Substituting
the values of d for Alloys A and D, the Ao, caused by grain refinement is
12.6 MPa. Thus, the contribution of Ao, is 280 - 170 - 12.6 = 97.4 MPa,
and then 69 = 280 - 97.4 = 182.6 MPa can be obtained.

Compared with Alloy A, the YS increment of Alloy B is the result of
the precipitation strengthening increment offsetting the grain-boundary
strengthening loss caused by the increase of the grain size. Substituting
the value, d, of Alloys A and B into Equation (2), the Acy is - 3.9 MPa. The
precipitates can be divided into deformable and non-deformable

particles according to their characteristics. Hence, there are two inter-
action modes, namely shear and Orowan bypass mechanisms to
strengthen the alloys. Generally, when the particle radius exceeds the
critical value or incoherent with the matrix, the Orowan mechanism will
occur, while when the precipitates are small enough and coherent, the
shear mechanism will dominate. The critical size is about 100 nm [57].
Coherent strengthening (Ao.), modulus strengthening (Aoy,), and or-
dered strengthening (4o,) are the main sources of strengthening, caused
by the shear mechanism [58]. Previous works have demonstrated that
Ao, dominates the precipitation hardening in the y-y' HEAs when the y/
particle size is smaller than 25-35 nm [24,46,59]. The former two occur
before the dislocation passes through the precipitates, while the latter
exists during shearing. The larger of Aocs +Aoys and Acpg represents the
strength increment. They can be calculated by the following formula:

1

o f \?
e . . 2
Aocs=M-a.(G-¢.) (O.SGb) 3)
L2\
Acys =0.0055M(AG)! (é) (13) (4)
_ogu e (3
Acos =0.81M 37 ( : ) 5)

where M is the Taylor factor (3.06 in the fcc phase) [60], . is a constant
of 2.6, e, =%¢ =242=0.002 is the constrained lattice-mismatch strain,
a is the lattice constant, r and f are the average radius and the volume
fraction of precipitates, respectively, G = 84 GPa is the shear modulus of

the matrix (G = 77 GPa for precipitates, adopted from Nig(AlTi) [44,
611,b = ‘/72 a = 0.253 nm is the Burgers vector, m is a constant of 0.85,
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rod-shaped
precipitate

Fig. 9. Bright-field TEM images of Alloy C deformed at 298 K (a,b) and 77 K (c,d). Rod-shaped (a) and spherical precipitates (b) interact with dislocations; (c) SFs; (d)

L-C locks.

and y,pz = 200 mJ/m? is the antiphase-boundary energy of precipitates
[62].

The particles in Alloy B are small enough to be only 16.5 nm in
diameter, and the SAED pattern in Fig. 3d; can be used as indirect evi-
dence of the coherence between the matrix and small particles. Hence,
the shear mechanism is selected for calculations. The values of Accs,
Aoys, and Aocgs are 127.7 MPa, 33.2 MPa, and 281.3 MPa, respectively,
so that the contribution of precipitation strengthening is 281.3 MPa. The
sum of the two parts is 281.3 - 3.9 = 277.4 MPa, and the experimental
strength increment is 300 MPa, which is in perfect agreement with each
other.

As for Alloy C, the interaction between three different precipitates
and dislocations is different. For small spherical particles, the effect of

the shear mechanism is considered, which is the same as that of Alloy B.
The results of the three parts are 60.5 MPa, 19.4 MPa, and 212.7 MPa,
respectively. Hence, the strength contribution of 212.7 MPa is provided.
Fig. 10b demonstrates that dislocations pile-up around the large parti-
cles without passing through. Therefore, it is reasonable to choose a
bypass mechanism. The strength increment, Aoy, can be expressed as
[63]:

0.4Gb In(2r,,/b)

ACppy =M ——— (6)
1l—-v A
. L . 205
where v = 0.31 is the Poisson’s ratio, rn = (%) r, and

Jp = 2rm(\/m/4f —1) is the spacing of precipitates. Thus, the large
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vector; Molecular dynamics simulation diagrams of an initial structure (c,e) and stacking fault (d,f) for the matrix alloy at 77 K.

spherical particles provide the strength contribution of 155.7 MPa.
Finally, for the rod-shaped precipitates, the length can reach several
microns, it is difficult for the dislocations to cut through, and let alone
bypass them. Consequently, it is equivalent to the sub-grain boundary,
and the effect of Aoy is considered here. The specific methods are
described as follows. Several SEM images of different areas were
selected for statistics. As shown in Fig. 11a, each graph is divided into 12
equal parts, and then the number of segments of 12 straight lines trun-
cated by rod-shaped precipitates, and the average number of interrupted
precipitates are calculated. Finally, the average values of these two
groups of data are obtained [64]. These rod-shaped precipitates are

equal to the sub-grain boundary in Fig. 11b, and the equivalent grain
size is 7 ym. Thus, the value of Acy is 54.7 MPa. The sum of these three
parts is 423.1 MPa. The experimental strength increment is 440 MPa,
which is also fairly close to the predictions, and the rest is the contri-
bution of Acq4. The strengthening contributions of various precipitates in
Alloy B and C are given in Tables 5 and 6.

The YS of most fce-based alloys is obviously temperature-dependent,
and it is no exception in the current fcc HEAs [44,65-68]. Here, taking
Alloy C as an example, the reasons for this difference are briefly
analyzed. Firstly, considering the influence of the temperature on 6y, the
relationship between o, and the temperature can be expressed as the

Fig. 11. Schematic illustrations showing that the rod-shaped precipitates are equivalent to the sub-grain boundary.

10



J.L. Yuan et al.

Table 5
The strengthening contributions of various precipitates in Alloy B.
Alloy Ac Ac Ac Ac Experimental
coherency modulus coherency+Ac  order strength
(MPa) (MPa) modulus (MPa) increment
(MPa) (MPa)
Alloy 127.7 32.2 160.9 281.3 300
B
following formula [44]:
2G —271m, —27my
0o(T) = X ex T 7
oM =7— p( b ) p(hTm 2

where wy is the dislocation width at 0 K, and T;,, and T are the melting
temperature and testing temperature, respectively. Ty, is calculated to be
1872 K by the rule of mixing. For CoCrFeNi HEAs, the relationships
among G, Young’s modulus, E, and T are [69]:

13.0
E =226.3 — % (9) Therefore, G (298 K) = 84.2 GPa, G (77 K) =
S8

89.3 GPa, E (298 K) = 214.7 GPa, and E (77 K) = 226.1 GPa can be
obtained. According tov = -1+ %, v (298 K) = 0.275, and v (77 K) =
0.266 are calculated. Substitute 6, (298 K) = 182.6 MPa into Equation
(7), wo = 0.981b can be obtained. Then, the wy = 0.981b is plugged into
Equation (7), 6o (77 K) is calculated to be 397.3 MPa. So Ao, (298 K—77
K) is calculated to be 214.7 MPa Ao, (298 K—77 K) can be determined
according to the Fleischer model [70]:

G=289.4— (€)]

3
Ao, =M Gesc
700

(10)

where ¢ is the interaction parameter, and the influence of the temper-
ature on it can be ignored, and c is the solute atomic concentration. It
can be obtained from Equation (10) that the contribution of Ac; mainly

comes from the increase of G. Hence, o5(77K) :%XS%WK)

103.3 MPa, and then Ao, (298 K—77 K) is calculated to be 5.9 MPa. For

Aops, APB is not affected by the temperature. Hence, the effect of small

spherical particles is not considered here [71]. For large spherical par-

ticles, the two variation factors in the bypass mechanism are G and v.
SO7)_ £ 5 4ry (298K)

VIU(77K)

G(298K)
T-1(298K)

K—77 K) is calculated to be 8.4 MPa. The theoretical value of YS of Alloy
Cat 77 Kis 932.1 MPa by summing the above parts, which is only 6.79%
different from the experimental result of 1000 MPa.

A tremendous amount of literatures have reported the quantitative
models of material-strength increments, verified by experiments, but the
quantitative study of plasticity is still immature. Here, a Whitehouse-
Clyne model suitable for ceramic particles-reinforced metal-matrix
composites seems to be employed to evaluate the fracture strain of Alloy
C in the present work [72,73]. Because the rod-shaped precipitates are
regarded as a structure similar to DWs, which are usually used to
improve the strength, only the effects of two scales of spherical pre-
cipitates are considered in this model. The strain level is evaluated by
the following formula [74]:

Thus, Acew(77K) = = 164.1MPa, and then Ac, (298

Table 6
The strengthening contributions of various precipitates in Alloy C.
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&

:(1 7f)(1+5mv)(l 7fcon) an

€n
where ¢, and ¢, are the fracture strains of alloys with and without the
reinforcing phase, respectively. In the current study, they are the frac-
ture strains of Alloy C and Alloy A, accordingly. f = 13.95% is the vol-

ume fraction of reinforcing phase, that is, the sum of the volume fraction
4

of the two spherical precipitates, &, :fg represents the influence of

cavity formation, feon = 53,

is the ratio of the constrained to the
matrix volume, and s is the aspect ratio of particles. The average aspect
ratio, sj, of small particles is equal to 1.167, while the morphology of
mature large particles is closer to be oval or cubic with rounded corners.
Therefore, the average aspect ratio, s, is larger and equal to 3.335. The
weighted average value obtained from the volume fractions (3.95% and
10%) is 2.721. When the fracture strain of Alloy A is known to be 0.47, it
is inferred that the theoretical value of the fracture strain of Alloy C
should be 0.34, which is approximately consistent with the experimental
value. The deviation may mainly come from the influence of the particle
size. There is a great difference between the nano-sized particles in Alloy
C and the micron scale applicable in the model. Fig. 12 schematically
shows the contributions of different strengthening mechanisms and the
comparison between theoretical and experimental values. It can be seen
intuitively that the predicted YS and EL are in good agreement with the
experimental results.

5. Conclusion

In the present work, the CoCrFeNiTig o HEA strengthened by poly-
morphic precipitates was designed. The conclusions are described as
follows:

a. The homogenized alloy has a single-phase fcc structure, and L1y
structured spherical nano-particles with an average size of 16.5 nm
are precipitated after aging. Subjected to the heavy cold rolling and
recrystallization annealing, these nano-particles rapidly grow into
200 nm-sized spherical ones due to Ostwald ripening. On the other
hand, superfluous mechanical energy storage energetically facilitates

100%
1000} N 298K Strength 1000 | Plasticity
! Bl 7K 932.1
? Bl B Theoretical value
E 800 | - Experimental value 720
= 703.1
£ 600
= - 150%
el
-
» 400 397.3 368.4 376.8 34%
= 30%
= Ao
> 200 H82.6
-0
G Ao, '\Gg '\Gp 298 K 77K EL (298 K)

Fig. 12. Contributions of different strengthening mechanisms and comparison
between theoretical and experimental values at 298 K and 77 K.

Alloy (Type of particles) Ao coherency (MPa) Ac modulus (MPa)

Ao coherency+Ac
modulus (MPa)

Ac order (MPa) Ac orowan (MPa) Experimental strength increment (MPa)

Small spherical particles ~ 60.5 19.4 79.9
Large spherical particles - - _

212.7 - 440

155.7
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the phase transformation from spherical L1s to rod-shaped D04
structures. Besides, some other newly formed nano-precipitates with
an average size of 6.5 nm are available, originating from heavily
plastically deformed-induced nucleated sites.

b. At 298 K, compared with the homogenized Alloy A, the YS and UTS
of the aged Alloy B are increased by 110% and 46% due to pre-
cipitates, reaching 580 MPa and 950 MPa, respectively, and the
tensile strain can still be maintained by 27%. Compared with Alloy B,
the YS and UTS of the recrystallization-annealed Alloy C is increased
by 140 MPa and 135 MPa, respectively, reaching 720 MPa and 1085
MPa and maintaining 30% elongation. At 77 K, the YS and UTS of
Alloy C are up to 1 GPa and 1.5 GPa, and the tensile strain is slightly
increased to 35% instead of loss, realizing excellent strength and
plasticity combination.

c. Multi-scale precipitates interact with dislocations in different ways.
Smaller nano-particles and grown ones are sheared and bypassed by
dislocations, respectively, while rod-shaped precipitates can act as
equivalent interfaces to hinder dislocation movement. Their syner-
gistic effect has achieved remarkable strengthening and toughening.
Specially, at 298 K, dislocation slips dominate, while at 77 K, SFs
assist plastic deformation.

d. Avariety of strengthening methods play an important role in Alloy C,
among which Ao, contributes significantly to the YS. The strength-
ening provided by dislocations cutting through smaller nano-
particles and bypassing grown ones account for 57.7% and 42.3%
of Acp, respectively. In view of the obvious difference of YS between
298 K and 77 K, a theoretical model is established based on the
quantitative relationship between temperatures and four strength-
ening sources, and the plastic deformation is effectively predicted by
the Whitehouse-Clyne model. The current strengthening and plas-
ticity models can be employed to well predict the mechanical
properties of such kinds of alloys at cryogenic temperatures.
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