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Core-shell Ge/GeSn nanowires provide a route to dislocation-free single crystal germanium-tin alloys
with desirable light emission properties because the Ge core acts as an elastically compliant substrate
during misfitting GeSn shell growth. However, the uniformity of tin incorporation during reduced pressure
chemical vapor deposition may be limited by the kinetics of mass transfer to the shell during GeSn
growth. The balance between Sn precursor flux and available surfaces for GeSn nucleation and growth
determines whether defects are formed and their type. On the one hand, when the Sn precursor delivery
is insufficient, local variations in Sn arrival rate at the nanowire surfaces during GeSn growth produce
asymmetries in shell growth that induce wire bending. This inhomogeneous elastic dilatation due to the
varying composition occurs via deposition of Sn-poor regions on some of the {112} sidewall facets of the
nanowires. On the other hand, when the available nanowire surface area is insufficient to accommodate
the arriving Sn precursor flux, Sn-rich precipitate formation results. Between these two extremes, there
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Introduction

Recent demonstration of germanium-tin lasers'” and
photodetectors®” have shown the promise of the material for
silicon compatible photonics. Unlike the III-V materials that
have traditionally been used for semiconductor light emitters,
the components of which tend to either dope or react with
silicon at typical processing temperatures, germanium-tin can
be grown epitaxially on Si nanostructures in a manner similar
to shell growth on Ge nanowires. However, the high Sn compo-
sition required to achieve a direct band gap in GeSn can com-
plicate the growth process due to the limited equilibrium Sn
solubility in Ge and the large lattice mismatch of Sn and Ge. A
core-shell Ge/GeSn structure has a number of advantages as a
model system for epitaxial GeSn on an elastically compliant
single crystal substrate due to ease of synthesis, synergistic
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exists a regime of growth conditions and nanowire densities that permits defect-free GeSn shell growth.

photonic properties, and high GeSn crystalline quality.®™"

Studies of GeSn shell growth have potentially wide applications
in nanostructures of different geometries. Several studies
suggest Sn precursor mass transport is a controlling factor for
the morphology, growth mode, and Sn composition of GeSn
shells grown on single crystal Ge nanowires.'”'*"* As a result,
we focus on the influence of Sn flux on the morphology and
crystalline quality of GeSn shell growth on Ge nanowires.

Bent nanowires and nanowires with precipitates are unde-
sirable from an applications perspective. Bending presents a
number of challenges for devices because the amount and direc-
tion of bending can differ, resulting in higher sample variability
due to the dependence of optoelectronic properties of GeSn on
strain. In this study, we combine a systematic analysis of precur-
sor mass transport effects on GeSn shell chemical vapor depo-
sition with phase field simulations of the resultant inhomogene-
ities in growth to understand the underlying mechanisms.

In catalyzed semiconductor nanowire growth, varying the
areal density of catalyst nanoparticles on the substrate surface
provides one means to systematically study the effects of precur-
sor mass transport. This approach has been used extensively in
III-V nanowire growth to probe the kinetics and mechanisms of
mass transport of group-III versus group-V gas precursors from
the vapor phase to the catalyst surface.’*"'> Herein, we apply this
method to observe the change in bend and precipitate mor-
phologies of core-shell Ge/GeSn nanowires under varying pre-
cursor mass transport conditions. In addition to structural
characterization, optical properties of the core-shell Ge/GeSn
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nanowires are characterized using photoluminescence (PL) to
investigate the influence of growth-induced inhomogeneities on
the wires’ optoelectronic properties.

One of the main challenges to understanding bend and pre-
cipitate formation is the inability to observe structural evol-
ution in-situ during chemical vapor deposition under typical
reaction conditions. Therefore, phase field simulations are per-
formed to provide insight into possible pathways for the evol-
ution of these structures. We examine the nanowires post-
growth to characterize an observed structure, then use the
phase field model to predict the degree of bending in the
nanowire by linking the observed shape and composition of
Sn-poor regions in the shell to the associated asymmetric
elastic strain distribution. We hypothesize that bend and pre-
cipitate formation during GeSn shell growth results from
locally non-uniform gas precursor mass transport, which
affects the balance between the Sn precursor flux and the avail-
able surface for GeSn nucleation and growth. This hypothesis
is tested by ex situ experimental observation of post-growth
morphologies as a function of nanowire areal density, enabling
us to better understand the shell growth mechanism.

Experimental

Germanium nanowires are grown as elastically compliant sub-
strates for subsequent GeSn shell growth via a two-step vapor-
liquid-solid (VLS) process involving a nucleation step at
375 °C followed by steady-state growth at 300 °C. The reactor
pressure was controlled at 30 Torr pressure throughout the
growth process, with only H, gas flowing at that pressure prior
to nanowire growth. The temperature is ramped up at 5 °C s,
and GeH, begins flowing 6 min after the wafer surface temp-
erature stabilizes at 375 °C. A subsequent temperature ramp
down to 300 °C for steady state VLS growth of untapered Ge
nanowires occurs at a rate of —1.25 °C s~ '. During Ge nanowire
growth, the GeH, partial pressure is 0.47 Torr with the balance
consisting of H,. Different VLS catalyst loadings (nanoparticle
areal densities) on the substrate surface are chosen to examine
the effects of available Ge surface area on bend and precipitate
formation during growth of the GeSn shells. To accomplish
this, solutions for VLS catalyst deposition were made using
3:1 and 1:1 solutions of 40 nm citrate stabilized Au colloids
(Sigma-Aldrich) in 5.9 M HF (aq) (v/v). The colloid was drop-
cast onto Ge (111) growth substrates (MTI, n-type, p =
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0.005-0.01 Q cm) following three conditions: (1) 3 : 1 solution,
3 x 2 min; (2) 3:1 solution, 1 x 2 min; and (3) 1:1 solution, 1
x 2 min. All GeSn shells were grown at 275 °C (ramped down
from steady state Ge nanowire growth at —1.25 °C s~') with
Pgpci, = 0.028 Torr for a duration of 30 min.

Scanning electron microscope (SEM) images were obtained
using an FEI Helios 600i DualBeam focused ion beam (FIB)/
SEM at an acceleration voltage of 2 kV and beam current of 43
PA. High resolution X-ray diffraction patterns were collected
using a PANalytical X'Pert diffractometer with monochromated
Cu K, radiation vig a hybrid X-ray mirror and 2 crystal Ge
(220) 2-bounce monochromator with a 3-bounce Ge (220) ana-
lyzer crystal in the diffracted beam path. Auger electron spec-
troscopy (AES) data was collected using a Phi 700 Scanning
Auger Nanoprobe operated at 10 kV accelerating voltage and 10
nA beam current. A micro-PL setup with a 980 nm diode laser
focused to an 8 pm diameter spot size with a Mitutoyo 20x M
Plan NIR microscope objective (NA = 0.4) in a surface normal
pump/collection geometry was used to obtain the photo-
luminescence (PL) data at room temperature. A Stanford
Research Systems SR830 Lock-in Amplifier with a mechanical
chopper at 290 Hz was used for phase sensitive detection of PL
using a thermoelectric-cooled (—20 °C) extended InGaAs photo-
diode (EOS IGA2.2-010-TE2-H) detector with a 2.4 pm cutoff wave-
length. Cross-section transmission electron microscope (TEM)
samples were prepared by transferring nanowires to a Si (100)
substrate and then lifting them out using the FIB/SEM. Scanning
transmission electron microscope (STEM) images were collected
at 300 kV accelerating voltage from a FEI Themis 60-300 kV
(Hillsboro, OR) with an aberration corrector for the probe
forming optics. Energy dispersive X-ray spectroscopy (EDS) was
performed in STEM mode using a SuperX EDS detector.

Phase field simulations

A quasi-2D phase field model (on the nanowire cross section)
coupled with linear elasticity theory was developed, adopting
the formulation proposed in our previous work (more details
are provided in the ESIf).®'* The fundamental degrees of
freedom of this model include a phase field for representing
the geometry of the wire, and a displacement field for describ-
ing the elastic deformation induced by Ge/GeSn lattice mis-
match. The anisotropic interfacial energies and the elastic con-
stants measured from experiments'®'” were converted to the

Table 1 Parameters in the phase field model. U, £0?, 1, &> and &3 are the interfacial energy associated parameters for reproducing the anisotropic
surface energies of Ge crystal. h is the grid size. Cy5, C1> and Cy4 are the elastic constants of bulk Ge. M is the kinetic coefficient of the elasticity step.
At and At are the time steps for the phase field step and the elasticity step, respectively

U (eV nm™) & (evnm™) & & &3 h (nm)
6.616 71.626 0.346 -3.815 —-0.560 1.5

C11 (GPa) C1» (GPa) C44 (GPa) M (nm* (ev s7")) At (s) At, (s)
126.0 44.0 67.7 1.0 0.072 0.0036
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input model parameters (Table 1). A Sn-concentration depen-
dent eigenstrain field was introduced, to account for the misfit
strain between pure Ge and GeSn.'® For each simulation, an
initial configuration representing the core-shell nanowire
cross section was created, followed by a short run to equili-
brate the phase field profile across the interface. Then an
eigenstrain field was assigned to describe the distribution of
misfit strain, such that its pattern reasonably matched the
STEM-EDS composition map of the wire cross section. Next,
the displacement field is solved by iteratively minimizing the
elastic energy. During the simulation, the total force and
bending moment on the nanowire cross section were kept
zero, which was achieved by superposing a linearly varied
strain field with its magnitude auto-adjusted via a feedback
loop. Finally, based on the Euler-Bernoulli beam theory, the
deflection of the nanowire was calculated from the simulation-
predicted out-of-plane strain distribution.

Results and discussion
Morphology

Vertical core-shell Ge/GeSn nanowire assemblies were grown
on Ge (111) substrates with average nanowire areal densities of
2 pum™2, 0.8 pm~2, and 0.2 pm?® (Fig. 1a-c). SEM images show
that, for the sample with nanowire density of 2 pm ™2, a signifi-
cant fraction of the nanowires exhibit pronounced bending
(Fig. 1a). The bending in the nanowires, which are ~200 nm in
diameter, does not change as a function of the SEM imaging
conditions, indicating that it is not induced by exposure of the
wires to the electron beam. The crescent shaped defect in the
nanowire cross-section is often observed in the bent nanowires
(Fig. 2).

This bending effect is observed to decrease as the nanowire
areal density decreases and is less apparent as the average
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Fig. 2 Probe aberration corrected (a) HAADF-STEM image and (b)
STEM-EDS map of a Sn-poor shell region in bent core—shell nanowire
cross-section, and a Sn-rich sidewall surface wetting layer.

nanowire areal density on the substrate surface is reduced to
0.8 pm™2 (Fig. 1b). Furthermore, at sufficiently low nanowire
areal densities, Sn-rich precipitates are observed on both the
wire and substrate surfaces after growth (Fig. 1c). The relative
supply of SnCl, precursor arriving at the surface compared to
the available surface area for GeSn nucleation and growth
decreases as a function of increasing nanowire density. Typical
nanowires were approximately 4 pm in length, 200 nm in dia-
meter, with core diameter of ~50 nm. For 200 nm diameter
nanowires with 4 pm length, the total sample surface area per
1 um? of substrate (projected) area increases from 1.50 pm?/
pm? to 3.01 pm*/um? to 6.02 pm?*pm® as nanowire areal
density increases from 0.2 um™> to 0.8 pm > to 2 pm™>. The
results suggest that local non-uniformity of the arriving Sn flux
causes nanowire bending to become progressively severe
under increasingly precursor mass transport limited con-
ditions. On the other hand, Sn-rich precipitates are favored
under conditions when the relative Sn precursor flux compared
to the available surface for GeSn nucleation and growth is
increased.

Fig. 1 Side-view SEM images of core—shell Ge/GeSn nanowires grown at nanowire densities of (a) 2 pm~2, (b) 0.8 pm™

2

,and (c) 0.2 pm~2. Top-view

SEM images of core—shell Ge/GeSn nanowires grown at densities of (d) 2 pym~2, (e) 0.8 pm~2, and (f) 0.2 um~2,
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Bending mechanism

The formation of bends and precipitates can be understood as
originating from a local imbalance between the gas precursor
flux and the available surface sites for Ge or Sn incorporation
into the growing GeSn shell. On the one hand, when local
areal density of attachment sites is small (sparse nanowires),
more precursor arrives at each unit area of the growth surface,
resulting in a higher shell growth rate. Under high Sn flux and
at the growth temperatures employed, Sn droplets presumably
decorate the surface of both the shells and the field regions
between the nanowires and then solidify to form the precipi-
tates during cooling. Because GeSn alloys with Sn composition
greater than ~1 at% are metastable under the growth con-
ditions, once Sn droplets form, Sn adatoms that deposit on the
substrate will preferentially incorporate in these droplets
rather than in the GeSn alloy shell. In the case of low wire
areal density, insufficient number of attachment sites on the
GeSn alloy surface could result in a sufficiently high surface
concentration of Sn to form Sn droplets (Fig. 1c). The growth
of these droplets leads to a relative Sn depletion of the alloy
composition compared to conditions under which Sn droplet
formation is avoided.

On the other hand, bending can arise from asymmetries in
growth rates on different facets of the same nanowire, an illus-
tration of which is shown in Scheme 1. We hypothesize that
under gas precursor supply limited conditions (high nanowire
areal density), as opposed to adatom attachment site limited
conditions, uneven precursor depletion from the gas around
the shell surface leads to differences in GeSn shell growth rate
on the various nanowire sidewall facets. Because CVD is not a
line-of-sight process, shadowing will not occur in the same
sense that it would in many physical vapor deposition pro-
cesses, for example. However, the presence of nanowires and
differences in local nanowire density could affect the diffusion
length of the atoms on the substrate and nanowire surface due
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to the nanowires acting as sinks for Ge and Sn adatoms. If the
bending is random with respect to each NW’s surroundings,
that would suggest that stochastic localized depletion of pre-
cursor relative to the available surface site density would be
responsible for initiating the bending instability, which is self-
reinforcing. On the other hand, if there are locally more sites
for adatom attachment competing for a given incoming flux of
adatoms (Ge or Sn) than the average site density, then the pre-
cursor supply may be depleted locally and this will lead to a
slower growth rate. For example, wires clustered close together
would tend to bend toward one-another in that circumstance.
The data are consistent with the latter situation, as wires clus-
tered close together tend to bend toward one another (Fig. 1d).
Uneven growth rates on diametrically opposing facets will lead
to a bending moment that results in tensile and compressive
strains on the outside and inside of the bend, thus favoring
growth of Sn-rich and Sn-poor regions, respectively. This is
consistent with the observed concentration profiles in a bent
nanowire cross-section (Fig. 2). The Sn to Ge ratio should not
vary significantly at the onset of growth if well-mixed gas pre-
cursors are assumed; therefore, growth rate asymmetry
induced bending provides a consistent explanation of the
observed bending. Another factor is the difference in the
molar masses of GeH, (76.6 g mol™") and SnCl, (260.5 g
mol™"). According to kinetic molecular theory, gas diffusion
coefficients scale with the inverse square root of the molar
mass. Therefore, the local supply of Sn to the growing
shell surface may be more likely to suffer from a diffusion
limitation than is Ge. Wire bending due to local gas-phase pre-
cursor depletion is consistent with prior observations
suggesting that VLS growth of Ge nanowires and growth of
GeSn shells in this CVD reactor can be precursor mass trans-
port limited."**°

To understand the structural and composition changes
within the nanowire associated with shell growth that pro-
duces bent core-shell Ge/GeSn nanowires, cross-section high-

Local Precursor Depletion
z

by

Ge, Sn-poor

Ge, Sn-rich

8222201

Cross-Section View

Faster Growth

Slower Growth

zz,core+

zz,core-

Scheme 1 Formation of bend in core—shell Ge/GeSn nanowire. Local SnCl, concentration gradients arising from poor mass transport lead to asym-
metric growth and inhomogeneous axial core—shell strain, ¢,, core- The side of the nanowire with higher GeSn growth rate will experience a higher
core—shell strain, ¢,; core+ than the side with lower GeSn growth rate (¢, core-)-
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angle annular dark field (HAADF) STEM imaging and EDS
mapping were performed. HAADF-STEM images highlight the
contrast between high and low atomic number (Z) elements.
While a non-bent core-shell nanowire with six facets and
spokes exhibits approximately three-fold symmetry,®*!
bending breaks this symmetry. The nanowire cross section
structure used as the input for phase field simulations
(vide infra) is adapted from the experimental results as
observed in the HAADF-STEM image and through STEM-EDS
composition mapping (Fig. 2). The image in Fig. 2a shows that
bent nanowires exhibit a crescent-shaped low Z region parallel
to a {112} facet, corresponding to a Sn-poor region emanating
from one {112} sidewall facet of the nanowire as observed in
the STEM-EDS map. A possible mechanism for Sn depletion
induced bending is that a Sn-poor region will have a higher
lattice mismatch with higher Sn composition GeSn and vice
versa. Once a Sn-poor region forms, the gradient of Sn compo-
sition across the shell surface will produce a locally varying
energy barrier to Sn incorporation that results in asymmetric
growth and bending.

To test whether an asymmetric shell growth rate could
cause bending of the nanowire independent of Sn-poor
regions, we use the phase field model to simulate shell growth
on a nanowire with an asymmetric cross-section and off-center
core similar to those observed in Fig. 2, but without a crescent
shaped Sn deficient region. This is done to assess the effect of
asymmetric GeSn shell growth rates. The nanowire deflection,
axial strain distribution, and strain energy density distribution
are shown in Fig. 3a-c. We also verified that no bending
occurs in a symmetric core-shell nanowire in which the
growth rates are the same on each facet (ESI Fig. S1f). Even
with no Sn-poor region in the shell, a bending moment result-
ing from the assumed asymmetric GeSn shell growth results.
The bending moment produces asymmetric elastic strain of
the surface facet planes on either side of the nanowire, and
this may serve to initiate the growth of a Sn-poor shell region
on the side that exhibits greater compressive strain.

Taking the bent nanowire configuration as the initial con-
dition, we perform a series of simulations (shown in Fig. 4a-i)

79 nm
0.005
0
-0.005
93 nm
-0.01

(a) “
86 nm
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87 nm 87 nm

90 nm 90 nm

80 nm
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in which the elastic energy is evaluated when the Sn compo-
sition is varied in a crescent-shaped Sn-poor region of the
shell similar to what is observed in our experiment (the rest of
the GeSn shell is simulated as having a uniform 9 at% Sn). As
a function of increasing Sn composition in the crescent-
shaped Sn-poor region, the elastic energy of the nanowire first
decreases, then increases again, with the energy minimum
occurring near 6 at% Sn (Fig. 4j). This shows that the experi-
mentally observed crescent shaped Sn-poor regions having
intermediate Sn composition greater than that of the Ge core,
but less than that of the non-depleted regions of the GeSn
shell, are favored from an elastic energy standpoint. The com-
pressive strain that arises on the inside of the nanowire bend,
where these regions form, would tend to favor lower Sn con-
centrations, consistent with results of both experiment and
simulation.

In summary, the mechanism for bending can be under-
stood as a shell growth instability similar to nanowire kinking,
except that the process is caused by an asymmetric radial shell
growth, likely resulting from local precursor depletion in the
gas phase around the nanowires, that promotes formation of
Sn-poor regions in the shell.

Sn-Rich precipitates

To understand the properties of Sn-rich precipitates and
factors that influence their formation, additional structural
and optical property characterization was performed. High-
resolution X-ray diffraction symmetric scans show that the Sn
composition of the shell decreases as the nanowire areal
density on the substrate surface increases from 0.8 um™>
2 um™?, but it increases as the areal density increases from
0.2 pm™2 to 0.8 pm™> (Fig. 5a and Table 2). This reflects a
change from Sn precursor supply limited growth, in which
wire bending occurs in extremis, to adatom attachment site
limited growth, in which precipitate defects may be observed.
The GeSn (333) peaks in Fig. 5a are very broad for high wire
areal densities because many of the nanowires are bent: if we
consider a 200 nm diameter nanowire with a bending radius
of 10 pm, the axial lattice parameter variation is approximately

to
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79 nm | & 8
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Fig. 3 Simulation of bending in an asymmetric core—shell Ge/GeSn nanowire with a nominal 9 at% Sn composition in the GeSn shell and no cres-
cent shaped (Fig. 2) Sn-poor region: (a) axial strain, (b) elastic energy density, and (c) nanowire deflection. In (a) and (b), facet lengths in nm are

indicated.
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linearly distributed from —1% to 1%, corresponding to a full
width half maximum of roughly 1° (Fig. S2}). Three overlap-
ping GeSn (333) peaks evident at intermediate wire areal den-
sities (Fig. 5a, pink trace) have been described previously and
attributed to variations in shell composition along the wire
axis.”® For the purpose of calculating the Sn composition of
the nanowire, the highest intensity peak corresponding to the

17552 | Nanoscale, 2021,13,17547-17555

majority volume fraction of the nanowire is used. Detailed
fitting of the 260 angles for the GeSn shell (333) peaks and cal-
culation of the Sn composition is shown in the ESI (Fig. S37).
Because a majority of the coherent core-shell strain is stored
in the core, which experiences significant axial tension, the
out-of-plane lattice spacing in the GeSn shell is very close to its
equilibrium value: as a result, the compositions can be esti-
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nanowires transferred onto Si/native oxide substrates.

Table 2 Summary of structural and morphological changes due to VLS
catalyst loading

Nanowire

areal 20, GeSn  XRD-derived Sn

density (333)° composition” Bending Precipitates
0.2 pm™2  88.957° 1.9 at% None Yes

0.8 um™>  88.485° 10 at% Slight No

2 pm~> 89.752° 6.9 at% Significant  No

%20 and composition values from Fig. 5a corresponding to the marked
peaks.

mated assuming an approximately relaxed GeSn shell and
applying Vegard’s %13 photoluminescence spectra
detected from core-shell Ge/Ge,_,Sn, nanowires transferred

Law.

onto non-photoactive Si/native oxide substrates show that light
emission from the 0.8 pum~> sample exhibits the lowest photon

Fig. 6
precipitates.
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(a) High resolution X-ray diffraction symmetric scan of (333) substrate and nanowire peaks, (b) photoluminescence from core—shell Ge/GeSn

energy, reflecting its higher Sn composition, while the 2 pm™>

and 0.2 ym™> samples exhibit similar photoluminescence
despite very different Sn compositions incorporated in the
GeSn shells (6.9 at% and 1.9 at%, respectively), as inferred
from the XRD data (Fig. 5a). Auger electron spectroscopy maps
(Fig. 6a) and cross-section STEM EDS (Fig. 6b and c¢) confirm
that the precipitates are Sn rich. In addition, the Sn content in
the nanowires with precipitates is significantly non-uniform as
shown in Fig. 6¢.

The increase in the Sn composition of the GeSn shell as the
nanowire density decreases from 2 pm™> to 0.8 um™> is con-
sistent with expectations that local Sn precursor depletion (due
to higher nanowire areal density) lowers the average Sn compo-
sition of the nanowire assembly. These results are summarized
in Table 2. However, the observed decrease in Sn composition
of the shell as nanowire areal density further decreases from
0.8 um > to 0.2 um > (which increases Sn precursor flux per

rowth = 2758
2 um
e ——

g

50 nm
]

(a) Auger electron spectroscopy map of Sn precipitates, (b and c) cross-section STEM-EDS of two nanowires that have grown together with
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unit sample surface area) can be ascribed to more Sn in ran-
domly crystallographically oriented precipitates and less in the
nanowire. The reduced Sn incorporation in the shell in the
0.2 um~? nanowire areal density sample is consistent with the
large mass of Sn stored in precipitates that decorate the
sample surface. We hypothesize that under adatom attachment
site limited conditions, when the nanowire areal density on
the substrate surface is low, the GeSn shell growth rate is
insufficient to permit Sn solute trapping in the diamond cubic
phase at the shell growth front, thus producing Sn-rich precipi-
tates on the surface.

One important note for the PL data is that the detector
used has a 2.4 pm wavelength cutoff. As the spectra of each of
the samples shows significant intensity up to the detector
cutoff, it is likely that all of these samples exhibit emission at
wavelengths longer than 2.4 pm that is not detected. For nano-
wires transferred from the highest wire areal density sample
(2 pm™?), the PL has higher energy photon emission due to the
Sn poor regions in the bent nanowire cross-sections. The spec-
trum is complicated due to variation of compositions and
strain states, as evidenced by the STEM-EDS characterization
in Fig. 2b and phase field modeling in Fig. 3 and 4. Nanowires
transferred from the intermediate density sample (0.8 pm?)
exhibit features at lower photon energies ranging from 0.53 eV
and 0.61 eV, respectively (Fig. 5b). Wires with the lowest areal
densities on the growth substrate (0.2 pm~?) and decorated by
Sn-rich precipitates, exhibit anomalous PL inconsistent with
the measured Sn composition. We attribute emission below
~0.57-0.58 eV to I'-valley recombination and emission at
higher photon energies to L-valley recombination.®**?? 1t is
possible that the PL emission from these nanowires is affected
by local variation of Sn composition of the GeSn shells arising
from the presence of Sn precipitates—radiative recombination
would occur preferentially in regions of smaller band gap
(higher Sn composition) compared to the average value.
Furthermore, the shell thickness in the presence of Sn precipi-
tates may be thinner than for the other conditions, resulting
in compressive strain that would cause an underestimation of
Sn composition from XRD. For bent nanowires, the extremely
broad emission features can be explained by the linear axial
strain distribution from approximately —1% to 1% across the
wire radius (Fig. S21). For nanowires decorated by precipitates,
these broad emission features may result from the highly
varying Sn composition across the GeSn shell in the presence
of the precipitates (Fig. 6¢).°

Conclusion

These experiments in Ge-core/Ge;_,Sn,-shell nanowire syn-
thesis demonstrate that the surface area available for atom
attachment, which depends strongly on the wire areal density
on the growth substrate, is an important factor in high quality
Ge;_,Sn, shell growth under precursor mass transport-limited
conditions. When the Sn gas precursor supply is too low com-
pared to the available surface area for adatom attachment, the
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core/shell nanowires bend and exhibit Sn-poor shell compo-
sitions on the concave regions of the bend. This is consistent
with SnCl, depletion due to limited mass transport to the
nanowire surface leading to growth of Sn-poor regions of the
shell. The bending instability is self-reinforcing, as Sn-poor
regions exhibit a significant elastic energy barrier for Sn atom
incorporation once they form. Sn phase separation at very low
nanowire densities arises due to high Sn precursor flux com-
pared to the available surface for GeSn nucleation and growth.
These results show that growth of GeSn shells on Ge nanowires
requires a balance between the Sn precursor flux and the avail-
able area for GeSn nucleation and growth.
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