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Abstract 

Rapid filament growth of lithium is limiting the commercialization of solid state lithium metal 
anode batteries. Recent work demonstrates that lithium filaments grow into pre-existing or 
nascent cracks in the solid electrolyte, suggesting that increasing the fracture toughness of the 
solid electrolytes will inhibit filament penetration. It has been suggested that introducing 
residual compressive stresses at the surface of the solid electrolyte can provide this additional 
fracture toughness. One of the ways to induce these residual compressive stresses is by 
exchanging lithium ions (Li+) with larger isovalent ions such as potassium (K+). On the other 
hand, incorporation of too much potassium can alter the lithium-ion diffusion pathway, and 
lower the diffusivity, thus limiting the performance of the solid state electrolyte. Using 
multiscale modeling methods, we optimize this tradeoff and predict that exchanging 3.4% 
potassium ions up to a depth twice of grain sizes in Li7La3Zr2O12 solid electrolyte can induce 
a maximum residual compressive stress of around 1.1 GPa, corresponding to an increase in 
fracture strength by ~8 times, while lowering the diffusivity by a factor of 5 at room 
temperature. The reduction of lithium diffusivity is due to K+ induced stress and blockage of 
lithium ion pathways; however, it is still higher than some other common solid-state 
electrolytes under investigation.  
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I. Introduction 
All solid-state batteries (ASSB) hold the key to commercializing lithium metal anode 
technology for secondary batteries, with a substantial increase in energy density. However, the 
low critical current densities for lithium metal batteries are impeding progress,[1-3] since most 
existing reported critical current densities (CCDs) [2, 4] are still much lower than a 
commercially required CCD of at least 3 mA/cm2 [5]. The principal failure mechanism of these 
ASSBs is the growth and propagation of lithium filaments (sometimes loosely referred to as 
‘dendrites’, even if the growth of lithium is not dendritic) [6-9].  

 

It is interesting that lithium filaments penetrate even stiff electrolytes [8, 10]. It has been 
suggested that this penetration is due to defects in the solid electrolytes and pre-existing or 
generated tensile stresses at the crack tip [9, 11-13]. This tensile stress assists crack propagation 
and can permit lithium filament growth even at minor overpotentials (~10mV) [9, 14]. Thus, we 
understand lithium filament growth as mechanically coupled to the crack growth in solid 
electrolytes, although the tip of the Li filament may lag behind the crack tip [15, 16]. This means 
that if crack growth can be suppressed, the lithium filament problem can be effectively solved.  

 

Applications of residual compressive stresses (RCS)  in the sub-surface region [17-19] have been 
demonstrated to prevent crack growth in a myriad of systems ranging from steel [20-22] to 
glasses [23-25]. Hence, we posit that residual compressive stresses in the near surface region of 
the solid electrolyte,  will not only inhibit filament growth in ASSBs [26] but also reduce the 
threat of brittle failure during cell assembly or from mechanical abuse.  The RCS approach 
should not be confused with the stack pressure applied to the battery cells. Stack pressure is a 
stress induced by an external load which has been shown to mitigate the dendrite penetration 
problem [7, 9] by increasing interface contact area and causing a more uniform current 
distribution. On the other hand, residual stresses are the stresses that remain in a sample after 
any external mechanical loads are removed. The idea proposed in this work is to induce residual 
compressive stresses on the order of GPa by means of a chemical modification of the solid 
electrolyte surface region. 

 

To some extent, filament growth in ASSBs may be analogous to stress assisted corrosion (SAC) 
cracking reported in many systems [27-29], where a soft material (typically water) penetrates 
through a hard material (typically steel). For example, in the case of boiler tubes, a corrosive 
environment (e.g. dissolved oxygen and moisture) together with a residual tensile stress (e.g. 
induced by welding, etc.) is well known to cause mechanical failure [30]. In the case of ASSBs, 
the role of the corrosive environment might be played by the excess electrons and Li reduction 
at the interface [31]. Reduced lithium atoms can trigger a myriad of electrolyte decomposition 
products of the solid electrolyte (tetragonal-LLZO, Li3P, Li2O, Li2CO3, etc.) [32-35]. The molar 
volume change due to solid electrolyte decomposition reactions can cause as much as 20% 
volume reduction [36], and hence can induce tensile stresses in the nearby region. In the case 
of SAC cracking, application of residual compressive stress has been shown to ameliorate the 
problem because they inhibit crack growth [37, 38].   
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Ion-exchange (IX) [26] is one of the methods to introduce such surface compressive stresses by 
substituting a smaller ion with a bigger ion for a system that is constrained mechanically (i.e. 
not allowed to geometrically relax). This approach is in commercial use by Corning in Gorilla 
Glass (™) [39] (fracture-resistant smartphone glass), where a fraction of the near-surface Na+ 
(ionic radius: 1.15 Å) in the sodium based glass is exchanged with K+ (ionic radius: 1.52 Å) 
[40]. By exchanging up to 20 µm deep in the subsurface region, ion exchange induced 
compressive stresses on the order of 1 GPa are attained [41, 42], strongly inhibiting formation 
and growth of fractures. It is also important to note the difference between ion exchange in 
technical glasses and ion exchange in solid-state electrolytes. In the case of glasses, the 
constituent ions are immobile and hence once the K+ are driven in, the diffusion coefficient of 
Na+ or K+ does not play a role. On the other hand, in superionic solid electrolytes, Li+ has a 
high diffusivity. Diffusion being a thermally activated, chemo-mechanically coupled 
phenomenon, depends on the concentration of Li+, temperature and stress [43-46]. This stress in 
turn depends on the concentration of K+. Hence ion exchange in solid electrolytes requires a 
careful analysis of stress, concentration and temperature. Although higher compressive stresses 
are desirable to prevent filament growth, there exists a limit of the maximum concentration of 
exchanged ions to allow sufficient Li+ ion diffusivity. To optimize this  tradeoff, we analyzed 
the pressure dependent diffusivity [47] and introduced a two-step fitting method to deconvolute 
the impact of K+ concentration, stress and temperature on the diffusivity instead of using the 
traditional Arrhenius fitting.  

 

In this paper, we bring the ion-exchange concept to solid electrolytes where we 
computationally analyze the exchange of a small fraction of the near-surface Li+ (ionic radius: 
of 0.9 Å) in a solid-state electrolyte with K+.  The solid electrolyte chosen for the study was 
Lithium Lanthanum Zirconium Oxide (LLZO) [48, 49] owing to its high ionic conductivity 10-3 
S/cm [50, 51] and low chemical reactivity. Although most of the common properties—
mechanical response [52], activation barrier [53, 54], Li+ transport mechanism [50, 51], interfacial 
behavior [55-57], and doping strategies [58, 59] are well established for LLZO, Li filament growth 
remains a critical challenge inhibiting its broader applications. 

 

Modelling ion-exchange and the coupled stress-and-diffusion processes in solid electrolytes 
requires connecting models at the atomistic, nano, and continuum scales. In this study, firstly, 
Density Functional Theory (DFT) calculations were performed to identify the favorable sites 
for K+ in LLZO, followed by calculating the ion exchange energies. To serve as a guide for 
experimental ion-exchange conditions at elevated temperatures, DFT-informed-
thermodynamics calculations were performed to analyze different precursor materials, which 
can act as sources for K+, such as potassium metal and potassium oxides; and the ion exchange 
conditions. Then, molecular dynamics (MD) calculations were used to understand the effect of 
ion exchange on the diffusivity of Li+ and K+ in LLZO. Finally, the atomistic scale chemical 
strain induced by K+ was used as an input for a continuum scale thin film residual stress model 
to predict the macroscopic stress profile as a function of IX depth in the solid-state electrolyte.  
Overall, we demonstrate that a maximum residual compressive stress equal to about 1.1 GPa 
can be induced by exchanging 3.4% of Li+ over an exchange depth ratio (IX region / electrolyte 
thickness) of 2% near the sub-surface region (for example, 10 µm of the near surface region 
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for a 1 mm thick electrolyte). We predict that the Li+ diffusivity in LLZO before ion-exchange 
(1.3x10-12 m2/s) drops by less than an order of magnitude at 300K, due to K+ induced stress 
and (mainly) blocking of Li+ pathways.  

 

 

II. Computational Methods  
 

2.1) DFT calculations: 
DFT calculations were employed to identify stable sites or configurations for K+ exchange and 
for determining accurate substitutional energies in LLZO. Plane wave DFT was implemented 
in the Vienna Ab-initio Simulation Package (VASP) [60]. The core-valence electron interaction 
was modeled using the projected plane waves (PAW) method and the Generalized Gradient 
Approximation (GGA) by Perdew, Burke and Emzerhof (PBE) [61] was used for the electron 
exchange correlation functional. For electronic relaxation, the energy convergence criterion 
was 10-5 eV with a cutoff energy of 600 eV, and a gaussian smearing of 0.1 eV was used. For 
ionic minimization, the force criterion per atom was less than 0.03 eV/A. For K-exchanged-
LLZO simulation cells with 192 atoms, a 1x1x1 Monkhorst-Pack K-point grid was used. 
 
The cubic Ia3d structure of LLZO was simulated as a cubic cell with 8(Li7La3Zr2O12) atoms 
with a starting lattice constant of 13.003 Å. Li atoms were assigned to  partially-occupied 24d 
(54% occupancy) and 96h (45% occupancy) sites in the cubic LLZO following a set of 
distribution principles [62-66] to avoid electrostatically-unfavorable ionic configurations. 
Properties of other materials used in the calculations,  including the cubic Im3m Li-metal and 
K-metal, cubic Fm3m Li2O, K2O, the Cmce K2O2 and 14/mmm KO2 were taken from Materials 
Projects [67] along with their recommended DFT settings.  
 
With the current simulation cell (Li56La24Zr16O96), when 𝑛𝑛𝑖𝑖 number of Li+ are exchanged with 
K+ to obtain Li56-nKnLa24Zr16O96, the K-substitutional energy, 𝐸𝐸𝑓𝑓, is defined as: 

𝐸𝐸𝑓𝑓  = (𝐸𝐸𝑖𝑖𝑖𝑖  −  𝐸𝐸𝑏𝑏𝑏𝑏𝑏𝑏𝑏𝑏  + Σi 𝑛𝑛𝑖𝑖𝛥𝛥𝜇𝜇𝑖𝑖)/𝑛𝑛𝑖𝑖               (Eq 1) 
where 𝐸𝐸𝑖𝑖𝑖𝑖  and 𝐸𝐸𝑏𝑏𝑏𝑏𝑏𝑏𝑏𝑏  refer to the DFT computed energy of the ion-exchanged and pristine 
LLZO simulation cells respectively,  𝛥𝛥𝜇𝜇𝑖𝑖 and 𝑛𝑛𝑖𝑖 refer to the chemical potential and the number 
of species exchanged respectively, thereby making 𝐸𝐸𝑓𝑓  source dependent. 𝑛𝑛𝑖𝑖  is positive 
(negative) if a species is generated (consumed) upon ion-exchange. In the limit of dilute 
exchange, 𝐸𝐸𝑓𝑓 does not vary with the concentration of K+. When one Li+ is exchanged with one 
K+ to form Li55K1La24Zr16O96,  Eq 1 is reduced to  

𝐸𝐸𝑓𝑓  = 𝐸𝐸𝑖𝑖𝑖𝑖  −  𝐸𝐸𝑏𝑏𝑏𝑏𝑏𝑏𝑏𝑏  + 𝛥𝛥𝜇𝜇𝐿𝐿𝐿𝐿 − 𝛥𝛥𝜇𝜇𝐾𝐾    (Eq 2) 
At 0K, with the same reference states (bonding with the same anionic species, ‘X’), e.g. Li 
metal vs. K metal, Li2O vs. K2O, the chemical potential difference of Li and K can be 
approximated by their energy differences, as  𝛥𝛥𝜇𝜇𝐿𝐿𝐿𝐿 − 𝛥𝛥𝜇𝜇𝐾𝐾 = 𝐸𝐸𝐿𝐿𝐿𝐿𝐿𝐿𝐷𝐷𝐷𝐷𝐷𝐷 − 𝐸𝐸𝐾𝐾𝐾𝐾𝐷𝐷𝐷𝐷𝐷𝐷. Thus, using 
pristine metallic precursors Li and K metal, 𝐸𝐸𝐿𝐿𝐿𝐿𝐷𝐷𝐷𝐷𝐷𝐷 = -1.90 eV and 𝐸𝐸𝐾𝐾𝐷𝐷𝐷𝐷𝐷𝐷= -1.05 eV, 
respectively, yields 𝐸𝐸𝑓𝑓= 2.63 eV. A list of 𝐸𝐸𝑓𝑓 values for different reference (K, K2O, KF, 
KCl, K2SO4, KNO3, K3N, K3PO4, KPF6, KClO4) states with their respective values for 
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𝐸𝐸𝐿𝐿𝐿𝐿𝐿𝐿𝐷𝐷𝐷𝐷𝐷𝐷 − 𝐸𝐸𝐾𝐾𝐾𝐾𝐷𝐷𝐷𝐷𝐷𝐷 obtained from Materials Project are provided in Table SI-1 in the Supporting 
Information (SI).  
At finite temperatures T, the 𝐸𝐸𝑓𝑓(𝑇𝑇) refers to the formation free energy, and 𝛥𝛥𝜇𝜇𝐿𝐿𝐿𝐿 − 𝛥𝛥𝜇𝜇𝐾𝐾 =
𝐺𝐺𝐿𝐿𝐿𝐿𝐿𝐿 − 𝐺𝐺𝐾𝐾𝐾𝐾 . To take advantage of the experimentally available Gibbs free energies, 
𝐺𝐺𝑒𝑒𝑒𝑒𝑒𝑒(𝑇𝑇), for alkali metal oxides, we introduce the correction energy, ∆𝐸𝐸𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐

𝐷𝐷𝐷𝐷𝐷𝐷 − 𝑒𝑒𝑒𝑒𝑒𝑒 [68-71] to 
connect it with DFT calculated energies, 𝐸𝐸𝐷𝐷𝐷𝐷𝐷𝐷 via  

G(𝑇𝑇) = 𝐸𝐸𝐷𝐷𝐷𝐷𝐷𝐷 +  ∆𝐸𝐸𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐
𝐷𝐷𝐷𝐷𝐷𝐷 − 𝑒𝑒𝑒𝑒𝑒𝑒 + 𝐺𝐺𝑒𝑒𝑒𝑒𝑒𝑒(𝑇𝑇) − Δ𝐻𝐻𝑓𝑓0(𝑇𝑇 =  298𝐾𝐾)    (Eq 3) 

where  𝐺𝐺𝑒𝑒𝑒𝑒𝑒𝑒(𝑇𝑇) and the experimental formation enthalpy Δ𝐻𝐻𝑓𝑓0(𝑇𝑇 =  298𝐾𝐾)  are obtained 

from thermodynamic databases [72, 73]. Following  [71], ∆𝐸𝐸𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐
𝐷𝐷𝐷𝐷𝐷𝐷 − 𝑒𝑒𝑒𝑒𝑒𝑒  was computed for each 

material species (values provided in Table SI.2).  
 
When the reference states change for the case of superoxide (KO2) and peroxide (K2O2) 
precursors to generate Li2O, the reactions generate oxygen gas and hence 𝐸𝐸𝑓𝑓�𝑇𝑇,𝑝𝑝𝑂𝑂2� requires 
explicit correction for the chemical potential of oxygen (Δ𝜇𝜇𝑂𝑂2), which is expressed as (further 
details in SI) 

Δ𝜇𝜇𝑂𝑂2 = 𝐸𝐸𝐷𝐷𝐷𝐷𝐷𝐷
𝑂𝑂2 + Δ𝐸𝐸𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐

𝑂𝑂2  �𝑇𝑇,𝑝𝑝𝑂𝑂2� + 𝑘𝑘𝑘𝑘 ln (𝑝𝑝𝑂𝑂2)                                       (Eq 4) 
where 𝐸𝐸𝐷𝐷𝐷𝐷𝐷𝐷

𝑂𝑂2  is the energy of an isolated oxygen gas molecule (-9.86 eV) in a box of 20 x 20 x 
20 Å3 with a bond length of 1.23 Å as considered in [68],   Δ𝐸𝐸𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐𝑐

𝑂𝑂2  �𝑇𝑇,𝑝𝑝𝑂𝑂2� is the 
correction energy at temperature (T) and oxygen partial pressure is 𝑝𝑝𝑂𝑂2 [

68-70].  
 
 

2.2) Molecular Dynamics Simulations 
MD simulations were implemented to evaluate the diffusion coefficient as well as the chemical 
stress and strain induced by the exchange of Li+ with K+ in LLZO. All MD simulations were 
carried using the General Utility Lattice Program (GULP) [74] implemented in Materials Studio. 
The polarizable Bush forcefield, which includes the long-range Coulombic interaction, the 
short-range Buckingham interaction, and the polarizable core-shell model for Oxygen atoms, 
was used [26, 51, 75].  Parameters for the forcefield are provided in the SI (Table SI.3,4), along 
with the comparison with DFT-computed relative site stability of K+ in IX-LLZO (Figure SI.1). 
 
The simulation cells are similar to those in the DFT calculations. Three K+ concentrations, 𝐶𝐶𝐾𝐾, 
were considered, namely pristine LLZO or 0% K+, 1.7% Kand ~3.4% Ksubstitution for 
diffusion calculations (0, 1, or 2 substitutions per simulation cell). The Nosé thermostat 
parameter was set to 0.1 ps and the equilibration time was set to 1 ps. The mean square 
displacement (MSD) for Li+ and K+, evaluated using the Forcite module in Materials Studio, 
were calculated based on NVT dynamics for 1.8 ns in the temperature range 1000K to 1500K 
for accelerated ion motions. Diffusivity was obtained from the linear relationship of MSD with 
time interval, which showed better linear behavior with starting times in the first 800ps due to 
more accurate statistics [51, 54]. 
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2.3) Modified Arrhenius fitting: 
The MD-computed diffusivity, 𝐷𝐷, can be expressed as [47]: 

𝐷𝐷 =  𝐷𝐷0𝑒𝑒−𝐸𝐸𝑎𝑎/𝑘𝑘𝑘𝑘𝑒𝑒−𝜎𝜎𝑉𝑉∗/𝑘𝑘𝑘𝑘           (Eq 5)  
Where 𝐷𝐷0, 𝐸𝐸𝑎𝑎 and 𝑉𝑉∗ are the fitting parameters referred to as the diffusional pre-factor, the 
activation energy, and the activation volume respectively; and 𝑘𝑘,𝑇𝑇 refer to the Boltzmann 
constant and temperature, respectively. 
 
A two-step fitting procedure was taken to decouple the stress and temperature effects. First, it 
was assumed that 𝑉𝑉∗does not depend on T. Eq 5 therefore yields 

𝜕𝜕𝜕𝜕𝜕𝜕(𝐷𝐷)/𝜕𝜕𝜕𝜕 =  −𝑉𝑉∗/𝑘𝑘𝑘𝑘                                          (Eq 6) 
𝑉𝑉* was obtained by linearly fitting 𝑙𝑙𝑛𝑛(𝐷𝐷) vs 𝜎𝜎 at a given T (T=1200K in this work). 𝜎𝜎 is the 
average hydrostatic pressure in a series of NVT MD calculations at different cubic cell volumes, 
where the lattice constant was varied from 12.803 Å to 13.203 Å. 
 
Next, Eq 5 was transformed to 

𝐷𝐷𝑒𝑒+𝜎𝜎𝑉𝑉∗/𝑘𝑘𝑘𝑘  =  𝐷𝐷0𝑒𝑒−𝐸𝐸𝑎𝑎/𝑘𝑘𝑘𝑘                                        (Eq 7) 
A linear fitting of 𝐷𝐷𝑒𝑒+𝜎𝜎𝑉𝑉∗/𝑘𝑘𝑘𝑘 vs 1/𝑇𝑇 leads to 𝐷𝐷0 and 𝐸𝐸𝑎𝑎. 
 
 

2.4) Chemical Expansion coefficient: 
The chemical expansion coefficient (𝛾𝛾) was evaluated to quantify the macroscopic stress 
distribution in an LLZO film with a K-ion-exchanged surface layer. 𝛾𝛾 is expressed as 

𝛾𝛾 = 𝜖𝜖𝑐𝑐
𝐶𝐶𝐾𝐾

= �𝑎𝑎𝑒𝑒𝑒𝑒
(𝐶𝐶𝐾𝐾)

𝑎𝑎0
− 1� /𝐶𝐶𝐾𝐾                                     (Eq 8) 

Where 𝜖𝜖𝑐𝑐 refers to the chemical strain, and 𝐶𝐶𝐾𝐾 is the concentration of Kin LLZO. The chemical 
strain is defined by the equilibrium lattice constant 𝑎𝑎𝑒𝑒𝑒𝑒  at a given 𝐶𝐶𝐾𝐾 , and 𝑎𝑎0 which is the 
equilibrium lattice constant of pristine LLZO (𝐶𝐶𝐾𝐾 = 0). The equilibrium lattice constant at 
each 𝐶𝐶𝐾𝐾  was obtained from a series of NVT MD. The lattice constant obtained from 
extrapolating the average pressure from these calculations to zero pressure is defined as the 
𝑎𝑎𝑒𝑒𝑒𝑒(𝐶𝐶𝐾𝐾) (shown in Figure SI.2)  
 
 

III.  Results and Discussions 

 
3.1) Site selectivity of Kin IX-LLZO 

In this work we considered only the ion-exchange of K+ with Li+ because of the isovalency 
between Li and Kand the relatively high energy penalty to remove and substitute La3+/Zr4+ with 
K+. The pristine LLZO simulation cell has 56 Li atoms occupying both the 24d tetrahedral sites 
(occupancy 54%) and 96h (occupancy 45%) octahedral sites. The Li filling rules mainly avoid 
short distances between Li ions to minimize the electrostatic repulsion interactions among them. 
There is no strong preference for Li+ to occupy a tetrahedral or octahedral sites in cubic LLZO, 
although the geometrically smaller tetrahedral sites are slightly more favorable (by ~0.2 eV [63, 
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76]), especially at low temperature, which leads to the tetragonal phase [77-79]. However, this is 
not the case for Ksubstitution. After randomly sampling 21 Kexchanged configurations, a 
strong octahedral site preference for Kappeared.  
 
For a single exchange, the energy variation among the configurations, the coordination 
environments, and the local Lidistribution around the exchanged site are shown in Figure 1, 
where the tetrahedral exchange configurations (T) are shown as squares and the octahedral 
configurations (O) as circles. The energy is referenced to the fully relaxed lowest energy 
configuration. The unrelaxed cases are shown as open (or unfilled) figures while the fully 
relaxed structures are shown as closed (or filled) figures. It is evident that pre-relaxation, the 
tetrahedral sites are energetically unfavorable with respect to the octahedral sites. It is also 
observed that upon relaxation, the low energy configurations are octahedral, regardless of the 
initial configuration. Post relaxation, the difference between the stable octahedral and unstable 
tetrahedral configurations is large (~1.6 eV) which indicates a strong preference for the K+ to 
inhabit the octahedral sites and not the tetrahedral sites. This implies that in case there is an 
empty octahedral (shown in chrome color in Figure 1.c) site available next to the Koccupied 
tetrahedral site (shown in red in Figure 1.c), the Kcan jump to that site. The Konly remains in 
a tetrahedral site (similar to case b) when there is no empty neighboring octahedral site 
available. In this case, the energy is much higher for K+ on the tetrahedral sites. Among the 
octahedral configurations (such as e and d), the more stable configuration (e) has only one 
lithium neighbor in the tetrahedral site, experiencing less electrostatic repulsion among K and 
Li ions, compared to that with two neighboring Li neighbors (d).  
 
The different site preferences of Li+ and K in LLZO are mainly due to the large mismatch 
between the Li and K ionic radii (0.90 Å for Li and 1.52 Å for K [40]). The spatially larger 
octahedral site is strongly preferred by the larger K, whereas the smaller tetrahedral site is 
mildly preferred by Li. This is corroborated by comparing the equilibrium K-O bond length in 
K2O (2.81 Å), and Li-O bond length in Li2O (2.02 Å) [67]. In our lowest energy ion exchanged 
structure, the average K-O distance in an octahedral cage is 2.46 Å, which is short compared 
to the K-O distance in K2O. On the other hand, the average Li-O bond distance in a tetrahedral 
cage is 1.94 Å, (thus roughly equal to the Li-O bond in Li2O) and in an octahedral cage is 2.27 
Å (thus proving ~12% bigger). This is crucial since for their long-range diffusion, the 
respective ions have to hop through both tetrahedral and octahedral sites since they are 
interconnected like city roads (octahedral sites) and crossings (tetrahedral sites). Blockage on 
any one can cause disruption in the passage of ions and therefore, the correlated hopping and 
long-range diffusion of both Li and K ions need to be simulated via dynamic simulations over 
a long-time span (as shown in section 3.3).   
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Figure 1: Effect of the local coordination environment on the stability of IX configuration. 
(a) Relative energy of the configurations referenced to the lowest energy configuration (O2). 
Open (unfilled) symbols represent the un-relaxed energies, while solid (filled) symbols 
represent the energies after relaxation. The circles correspond to K in an octahedral site, 
while the squares refer to the K in a tetrahedral site. The b-e letters in a) correspond to the 
configurations shown schematically in b) – e), where the square and rectangular shapes 
represent connected tetrahedral and octahedral sites respectively. (b) Highest energy 
configuration where the K substitutes a Li in the tetrahedral site, with four occupied 
octahedral Li neighbors. (c) Lowest energy configuration where the K jumps out of the 
tetrahedral site to an unoccupied neighboring octahedral site upon relaxation. (d) Relatively 
high energy configuration with K in an octahedral site and two neighboring tetrahedral 
neighbors (e) The most stable configuration, where the K is in an octahedral site with one 
neighboring tetrahedral site occupied by Li and another one empty. 
 
 

3.2) Defect energy cost of K+-exchange 
Based on the most stable configuration from the previous section for K-exchanged LLZO, 𝐸𝐸𝑓𝑓 
was computed considering a variety of K precursors (as listed in Table SI.1), 𝐸𝐸𝑓𝑓(0𝐾𝐾) reduces 
from 2.63eV to 1.46 eV, as the source of K changes from metal to K2O.  This is because in the 
case of the K metal precursor, the product formed is Li metal. However, in the case of K2O 
precursor, the product formed is Li2O, which is more stable than K2O. To achieve 5% 

equilibrium K+ concentration at 1200K, 𝐸𝐸𝑓𝑓 should be ~0.3 eV, as 𝐶𝐶𝑘𝑘
𝑒𝑒𝑒𝑒 = 𝑒𝑒−�

𝐸𝐸𝑓𝑓
𝑘𝑘𝑘𝑘�. Some other 

commonly existing precursors all show high 𝐸𝐸𝑓𝑓(0𝐾𝐾) (listed in the SI), however we emphasize 
the oxide precursor for two reasons. First, the energy difference,  𝐸𝐸𝐿𝐿𝐿𝐿𝐿𝐿𝐷𝐷𝐷𝐷𝐷𝐷 − 𝐸𝐸𝐾𝐾𝐾𝐾𝐷𝐷𝐷𝐷𝐷𝐷, is one of the 
highest amongst the precursors screened, leading to low 𝐸𝐸𝑓𝑓(0𝐾𝐾) . Second, some oxides of 
Potassium (K2O2, KO2) show relative (meta) stability depending on the partial pressure of 
oxygen and temperature, while oxides on Lithium do not. Thus, by tuning the temperature, and 
partial pressure of oxygen, the IX process can be driven forward as evident in Fig 2a based on 
Eq SI.3-5. 
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The dependence of 𝐸𝐸𝑓𝑓�𝑇𝑇,𝑝𝑝𝑂𝑂2� on the oxygen partial pressure varies with the oxide precursor 
chosen as shown in Figure 2.a. IX with K2O precursor (dotted gray line) does not release any 
O2 (Eq SI.b), while K2O2 releases ¼ O2 (Eq SI.c) and KO2 releases ¾ O2 (Eq SI.d) (each colored 
line represents a particular 𝑝𝑝𝑂𝑂2 in the legened). Thus 𝐸𝐸𝑓𝑓 for K2O is independent of 𝑝𝑝𝑂𝑂2(Eq SI.3), 
for K2O2 it is mildly sensitive (Eq SI.4) and highly sensitive for KO2 as evident in (Eq SI.5). 
The 𝐸𝐸𝑓𝑓(𝑇𝑇) for the K2O increases with temperature and is too high for ion exchange. For oxygen 
pressure sensitive KO2,  𝐸𝐸𝑓𝑓(𝑇𝑇,𝑝𝑝𝑂𝑂2) is 2.27 eV at room temperature and 1atm oxygen partial 
pressure and drops to 0.25 eV at at 1200K and 10-9 atm, leading to 𝐶𝐶𝑘𝑘

𝑒𝑒𝑒𝑒 = 9%. Furthermore, at 
1100K, under 10-11 atm, the 𝐸𝐸𝑓𝑓 can drop to ~0 eV. (For reference an oxygen partial pressure 
upto 10-11 atm (8 x 10-9 Torr) is readily achievable in vapor deposition chambers).  Thus, K2O 
precursor can achieve high tunability of ion exchange energy and K equilibrium concentration, 
as shown in Figure 2.b. We also note that for ~3.4% exchange (will be used in the succeeding 
discussions) at 1200K, the corresponding 𝐸𝐸𝑓𝑓�𝑇𝑇 = 1200,𝑝𝑝𝑂𝑂2 = 3.3𝑥𝑥10−9 𝑎𝑎𝑎𝑎𝑎𝑎� = 0.35 eV. 
Figure 2.b can be used as a map to determine the 𝐶𝐶𝐾𝐾 for a given 𝑇𝑇,𝑝𝑝𝑂𝑂2 or vice versa.  
 
 

 
Figure 2: Map of the reaction conditions for ion exchange. (a) Dependence of the K-
substitutional free energy 𝐸𝐸𝑓𝑓 (in eV) on the temperature (T) and partial pressure of oxygen 
(𝑝𝑝𝑂𝑂2) on the potassium oxide precursor chosen. The solid lines are for KO2, the dotted lines (-
--) are for K2O2, while the microdots (…) are for K2O. Since IX with K2O, does not produce 
any excess oxygen, the 𝐸𝐸𝑓𝑓

𝐾𝐾2𝑂𝑂 does not exhibit dependance on the 𝑝𝑝𝑂𝑂2. (b) Equilibrium defect 
concentration 𝐶𝐶𝐾𝐾

𝑒𝑒𝑒𝑒�𝑇𝑇, 𝑝𝑝𝑂𝑂2� when using the KO2 precursor. Dotted horizontal lines represent 
the zones of conditions permitting ~3-5% IX. 

 
 

It must be noted that the model of LLZO considered in this work is pristine, with no defects. 
In laboratory samples however, defects like oxygen vacancies have been detected [80] We 
suspect that existence of oxygen vacancies can lower the 𝐸𝐸𝑓𝑓  to more commercially viable 
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values at moderate temperatures and 1 atm.  This issue will be discussed in a follow-up article. 
In this work we also only consider K as an IX source, this is not a requirement. Ion exchange 
on La, Zr, and O site will be explored in future work and many other common sources (Na, Ag, 
etc) to exchange with Li may be used with different performance tradeoffs (lower 𝐸𝐸𝑓𝑓, lower 
σ𝐶𝐶, etc.).  

 
 
3.3) Diffusion of species in IX-LLZO 
 
3.3.a) Potassium 

From the previous section it is evident that IX is thermodynamically feasible at elevated 
temperatures, and low oxygen partial pressures for KO2.  However, kinetics also needs to be 
considered. Ideally, we would like K to be mobile at high temperatures, to build the necessary 
concentration profile during ion-exchange, and immobile during battery operation near room 
temperature.  
 
To validate this requirement, MVT MD simulations were carried out and the MSD (shown in 
Figure 3) of K was evaluated at 1200K, at three different concentrations of K+; viz, ~1.7% 
(blue), ~3.4% (green) and 5.1% (red). The temperature chosen was 1200K for thermodynamic 
and kinetic reasons, and it is below typical LLZO sintering temperatures (~1500K) [81, 82]. For 
the MD simulations, two extreme cases were considered as shown in Figure 3. The first case 
is where the simulation cell dimensions are held constant at a lattice constant 𝑎𝑎0 = 13.003 Å, 
mimicking the highest local stress that can be generated if no relaxation occurs (shown in solid 
lines). The corresponding local hydrostatic pressures are 2.64 GPa, 3.74 GPa and 6.13 GPa 
respectively. At the other extreme, the simulation cell volumetrically relaxes to 𝑎𝑎𝑒𝑒𝑒𝑒(𝐶𝐶𝐾𝐾) 
(shown in dotted lines) 
 
It is observed that K has reasonably high diffusivity when K concentration is 𝐶𝐶𝐾𝐾 ~1.7% (solid 
lines). MD simulations starting from the low energy K configurations gave similar results 
shown in Figure 3 and a  𝐷𝐷𝐾𝐾= 2.1x10-14 ± 0.8x10-14 m2/s at zero stress. The local stress has a 
mild effect on K diffusivity at low concentrations, as can be seen from the initial slope of the 
curve. However, as the concentration of K increases, the MSD decreases dramatically, 
irrespective of lattice stress. At about 𝐶𝐶𝐾𝐾~3.4% (green line), the MSD is reduced by a factor of 
about 7, while at higher concentrations, the MSD is nearly zero. The reduced diffusivity of K+ 
at higher concentration (≥3.4%) originates from the larger local distortions of the K-O 
octahedral cage to accommodate the additional strain induced by other nearby K+. A similar 
phenomenon has been observed in other systems, where local distortion, caused by increasing 
dopant concentration, subsequently increases the migration barrier and reduces the ionic 
conductivity. [83] In other words, at T ~1200K, the IX process will be thermodynamically 
favorable and kinetically possible with sufficient diffusivity, when K concentration is low. As 
K concentration increases the IX process shuts off in a self-limiting manner since beyond a 
certain threshold concentration of ~3.4%, the MSD (and hence diffusivity) of K saturates 
(indicating, no possible hopping due to large local distortion). Once this step is achieA sed the 
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IX-LLZO can be quenched to room temperature, thus virtually freezing the K in the sub-surface 
region. 

  
 
Figure 3. Comparison of the mean square displacement of K in IX-LLZO at 1200K showing 
a large amount of hopping at low concentration of ~1.7%K in IX-LLZO and negligible 
hopping at higher concentration (> 3.4% K) The solid lines represent MSD at constrained 
volume, while the dotted curves represent MSD at relaxed volume (𝜎𝜎 =  0). While pressure 
has mild effect on the diffusivity at 𝐶𝐶𝐾𝐾 ~1.7%, no major effect at higher concentration.  
 
 

 3.3.a) Lithium 
Our approach is to evaluate the Li+ diffusivity at reasonably high temperatures (1000K-1500K) 
and use the modified Arrhenius fitting approach to extrapolate the diffusivity to room 
temperature, per the procedure given in section 2.3. This is carried out for three concentrations 
𝐶𝐶𝐾𝐾  = 0%, 1.7% and 3.4%. The choice of these concentrations is constrained by kinetic 
limitations because even at 1200K and 3.4% concentration, the K are only modestly mobile 
and do not exhibit significant hopping between sites. Thus 3.4% was chosen to be the highest 
concentration of exchange. 
 
The two step diffusivity fitting for the three concentrations is shown in Figure 4a and 4b. The 
activation volume, 𝑉𝑉∗ , captures the pressure dependence of diffusivity, and it is not very 
sensitive to 𝐶𝐶𝐾𝐾. For the IX cases, 𝑉𝑉∗ is close to each other ~3.10 x 10-7 m3, while for the pristine 
case it is around 4.2 x10-7 m3. The modified Arrhenius fitting in Fig 4b shows different slopes, 
indicating that the activation barrier for the Li diffusivity changes after IX. In the pristine case, 
the 𝐸𝐸𝑎𝑎 is 0.18 eV, while for the IX cases, the 𝐸𝐸𝑎𝑎 increases to 0.22 eV. These match closely with 
a recent experimental study that found the activation barrier for grain transport is around 0.14 
eV [53].  
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The fitting parameters listed in Table 1 can be used to evaluate the Li diffusivity at any 
temperature and pressure following Eq. 5. The extrapolated Li diffusivities the room 
temperature (T = 300K) and zero stress (𝜎𝜎 = 0 Pa) values for the three concentrations are shown 
in Figure 4.c. The dotted black lines represent one order of magnitude drop from the pristine 
0% case. Comparing the diffusivity at 0% and 𝐶𝐶𝐾𝐾 =3.4%, shows a drop of less than one order 
of magnitude (20% of its original value) suggesting that the drop in diffusivity from IX of Li 
diffusivity is still acceptable, as it is still as high or higher than many other common solid 
electrolytes [84, 85]  
 
Table 1: List of the fitting parameters for the three cases of IX (0%, 1.7% and 3.4% exchanged 
LLZO). 𝐷𝐷0, 𝐸𝐸𝑎𝑎 and 𝑉𝑉∗ are the diffusional pre-factor, activation energy, and activation volume 
in Eq 5.  

Concentration of K  𝐷𝐷0 (10-9 m2/s) 𝐸𝐸𝑎𝑎 (eV) 𝑉𝑉∗ (10-7 m3) 
0% 1.56 0.18 4.19 

1.7% 1.95 0.22 3.06 
3.4% 1.53 0.22 3.15 

 
 
To confirm that the drop in diffusivity is primarily due to K+ concentration and not pressure, 
the zero-stress diffusivity is compared to the diffusivity at a pressure corresponding to the 
macroscopic maximum residual compressive stress in an ion exchanged thin film (as listed in 
the next section, 0.53 GPa for 1.7% exchanged and 1.1 GPa for 3.4% exchange) in Fig 4c. It 
can be seen that the incorporation of thin film pressure does not reduce the diffusivity 
significantly. To verify this, the diffusivity for the pristine LLZO (𝐶𝐶𝐾𝐾 =0%) was calculated 
from the fitted parameters at multiple hydrostatic compressive states; viz, 0.54 GPa, 1.08 GPa, 
2 GPa and 10 GPa. At stresses as high as 10 GPa, the diffusivity loss of Li is still less than one 
order of magnitude, thus showing that loss in diffusion of Li in LLZO is primarily due to rise 
in the 𝐸𝐸𝑎𝑎 after K+ exchange.  
 
The increase in the 𝐸𝐸𝑎𝑎 is understood by reflecting on the underlying Li diffusion mechanism. 
In LLZO, Li diffusion occurs by hopping through an interconnected network of 24d and 96h 
(asymmetric 48g site) sites as shown in the inset Figure 4.c where each red block represents a 
24d site and each chrome block represents a unit of connected 96h1-48g-96h2 sites. It is to be 
noted that each symmetric 48g octahedron has 2 asymmetric 96h sites (within the same 
octahedron). Since only one of the two 96h sites can ever be filled by one cation, we use 48g 
to refer to the 96h1-48g-96h2 site complex within the same octahedron.  For a Li to hop from 
one 24d site to another 24d site, requires passing through a 48g site, where each 24d site is 
connected to 4 unique 48g sites (Figure 1.b), and each 48g site is in turn, connected to two 
unique 24d sites. (Figure 1.d) In the pristine case (𝐶𝐶𝐾𝐾 = 0), the activation barrier between all 
sites is nearly equal, and hence all networks are possible for diffusion. In the 𝐶𝐶𝐾𝐾 = 1.7% case, 
as discussed earlier, K shows a strong preference to reside in the octahedral site. Thus, the K 
not only blocks Li from hopping via the octahedral sites it occupies, it also chokes one of the 
nearest tetrahedral sites (as shown schematically in the inset of Figure 4.c with the stars). The 
occupancy of the tetrahedral sites is 13/24 ~ 54% while the occupancy of the 48g octahedral 
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sites is 43/48 ~89.6% (or 45% of the 96h sites). Hence, hopping through the tetrahedral site is 
rate limiting. Thus, blocking of possible diffusion networks increases the effective 𝐸𝐸𝑎𝑎  and 
hence can be a major reason for Li diffusivity loss upon K+ exchange.  
 
 

 
Figure 4. Diffusivity of IX-LLZO and the modified Arrhenius fitting (a) Diffusivity of IX-
LLZO at 1200K at varied simulation volume. Red circles highlight the iso-volume (13.003Å 
lattice parameter case) (b) Modified Arrhenius fitting of the diffusivity of LLZO (c) Room 
temperature diffusivity of Li in IX-LLZO at thin film compression and zero compression. 
The inset shows a schematic of the blockage in Li diffusion network explaining the increase 
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in the activation barrier. Red squares represent the tetrahedral, yellow rectangles represent the 
octahedral, and gray sites represents the occupied stable K octahedral site. The tetrahedral Li+ 

with the stars shows the blockage in the Li+ diffusion network. 
 
 

3.4) Macroscopic residual compressive stress 
To evaluate the macroscopic stress induced by ion-exchange, we assume that shallow layers 
are created on both surfaces. This allows 𝐶𝐶𝐾𝐾 to be treated as uniform in the surface layer and 
zero in the bulk of the LLZO (as illustrated in Figure 5). A more accurate concentration profile 
can be obtained by solving the diffusion equation, however, this solution will be complicated 
(i.e., not analytical) since 𝐷𝐷𝐾𝐾 is a function of 𝐶𝐶𝐾𝐾. Thus, the use of a uniform value is sufficient 
for the approximate description presented here.  This also makes it possible to simplify the 
residual stress and toughness enhancement with constant values.  
 
In the surface layer, the residual stress, 𝜎𝜎𝑅𝑅 , is compressive, while in the bulk of the LLZO, the 
residual stress is tensile, 𝜎𝜎𝑇𝑇. Since the ion exchange is assumed to be shallow, |𝜎𝜎𝐶𝐶| ≫ 𝜎𝜎𝑇𝑇 and 
𝑡𝑡 ≫ 2𝜆𝜆,  where 𝜆𝜆 is the approximate thickness of the ion exchange layer, t is the thickness of 
the LLZO.𝜎𝜎c is the surface stress which is calculated as, 

|𝜎𝜎𝐶𝐶|  = 𝛾𝛾.𝐸𝐸.𝐶𝐶𝐾𝐾
(1−𝜈𝜈)

                                                                        (Eq 9) 

where E is the Young’s modulus, 𝜈𝜈 is the Poisson’s ratio, and 𝛾𝛾 is chemical expansion 
coefficient defined in Eq 8. 
The 𝜎𝜎𝑅𝑅  can be expressed as a function of the distance from the surface of the electrolyte to the 
bulk (𝑥𝑥) 

𝜎𝜎𝑅𝑅(𝑥𝑥) = �−𝜎𝜎c,                    𝑥𝑥 < 𝜆𝜆
𝜎𝜎𝑇𝑇 ,                       𝑥𝑥 > 𝜆𝜆.                           (Eq 10) 

The tensile stress is related to the averaged K concentration through the total thickness of the 
LLZO film, 𝑡𝑡 as 

𝜎𝜎𝑇𝑇 = −𝜎𝜎𝐶𝐶 . 2 𝜆𝜆
(𝑡𝑡−2𝜆𝜆)

                                                                   (Eq 11) 

 
In the case of LLZO, Porz et al evaluated E to be around 150 GPa [14] and Su et al estimated 𝜈𝜈 
as 0.257 [52].  Since K and Li cations have different site preferences, the linear Vegard’s strain 
is not appropriate to predict 𝛾𝛾 of K doped LLZO, [86, 87] therefore 𝛾𝛾 was obtained based on MD 
simulations. The plot of MD computed pressure against the simulation cell lattice parameters 
at different 𝐶𝐶𝐾𝐾 is shown in the SI (Figure SI.2) yields 𝑎𝑎𝑒𝑒𝑒𝑒(𝐶𝐶𝐾𝐾) = 13.059 + 0.2814𝐶𝐶𝐾𝐾 leading 
to 𝛾𝛾 =  0.2814.  Therefore, 𝜎𝜎𝐶𝐶  was estimated to be 0.54 GPa and 1.1 GPa for 𝐶𝐶𝐾𝐾 = 1.7% and 
𝐶𝐶𝐾𝐾  =3.4%, respectively. The Li diffusivity under these 𝐶𝐶𝐾𝐾  and compressive stresses were 
evaluated based on the parameters shown in Table 1 and shown in Figure 4c.  The optimal 
value for CK should maximize the residual compressive stress to inhibit crack propagation, 
while still providing sufficient current density. Therefore 𝐶𝐶𝐾𝐾 = 3.4% is recommended as the 
maximum concentration, beyond which the Li ion conductivity decreases by almost an 
additional order of magnitude.  
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To evaluate the efficacy of the proposed ion exchange layer, consider a pre-existing straight 
edge crack of length 𝑎𝑎.  To prevent filament growth, the full benefit of the compressive stress 
requires a layer thickness, 𝜆𝜆, that is larger than the critical flaw size,  𝑎𝑎𝐶𝐶 (i.e., the largest surface 
flaw).  For sintered LLZO (before ion exchange), this can be estimated from measured values 
of the tensile fracture strength, 𝜎𝜎𝑓𝑓0 ~150 MPa [88], and the fracture toughness, 𝐾𝐾𝐼𝐼𝐼𝐼0   ~1 MPa.m(1/2) 

[52, 88, 89],  based on Griffith’s fracture criteria for a sharp crack [89], 

 𝜎𝜎𝑓𝑓0 = 𝐾𝐾𝐼𝐼𝐼𝐼
0

1.12�𝜋𝜋 𝑎𝑎𝐶𝐶
                                                             (Eq 15) 

 
Crack propagation due to an applied tensile stress, 𝜎𝜎𝑎𝑎𝑎𝑎𝑎𝑎, will be mitigated by the compressive 
stress in the ion exchange layer.  For mode I loading (i.e., normal to the faces of the surface 
crack considered here), this is described by the stress intensify factor: 

𝐾𝐾𝐼𝐼𝐼𝐼𝐼𝐼(𝑎𝑎) = �𝜎𝜎𝑎𝑎𝑎𝑎𝑎𝑎 − 𝜎𝜎𝑐𝑐� √𝜋𝜋𝜋𝜋                                              (Eq 16). 
Fracture is then expected to occur when 𝐾𝐾𝐼𝐼𝐼𝐼𝐼𝐼(𝑎𝑎) =  𝐾𝐾𝐼𝐼𝐼𝐼0 .  This relationship can also be used to 
define an apparent increase in the fracture toughness due to the ion exchange induced residual 
compressive stress, ∆𝐾𝐾𝐼𝐼𝐼𝐼𝐼𝐼𝐼𝐼(𝑎𝑎)  = 𝜎𝜎𝑐𝑐  √𝜋𝜋𝜋𝜋 .  The fracture strength in the IX region is then 
increased by ∆𝜎𝜎𝑓𝑓𝐼𝐼𝐼𝐼 ≈ 𝜎𝜎𝐶𝐶  When the ion exchanged thickness is larger than the pre-existing crack 
length (𝑎𝑎 ≪ 𝜆𝜆), the fracture strength increment is close to 𝜎𝜎c, or the value of the residual stress 
induced by ion exchange.  
 
In a high-density, well-polished LLZO sample, the grain size serves as a reasonable limiting 
value for 𝑎𝑎𝐶𝐶. A wide range of grain sizes have been reported for sintered LLZO, for example 
2-5 µm by Cho et al [90], and  1-50 µm (depending on the dopant used) by Yu et al [52]. In this 
work we consider grain sizes from 1-20 µm. At 1200K, the time (~𝜆𝜆2/2𝐷𝐷𝐾𝐾). for K+ to diffuse 
through a thickness of 1, 10 (and a hypothetical 100 µm) is on the order of 25 seconds, 0.7 
hours (two days). Setting the ion exchange thickness to twice of the grain size,  𝜆𝜆 = 2𝑎𝑎𝐶𝐶 for an 
electrolyte thickness of 1mm, this corresponds to an exchange depth ratio (𝜆𝜆/𝑡𝑡) of 0.2-4%, 
thus our shallow depth approximation still holds.  
 
Using Eq. 15 and 16, we estimate the gain in the fracture toughness and fracture strength for 
two values of 𝐶𝐶𝐾𝐾 and grain sizes. For a 20 µm grain, the increment of fracture strength, ∆𝜎𝜎𝑓𝑓𝐼𝐼𝐼𝐼, 
is 4.32 and 8.64 times of 𝜎𝜎𝑓𝑓0, or the fracture strength of IX-LLZO is 600 MPa and 1,086 MPa, 
for 𝐶𝐶𝐾𝐾  = 1.7% and 𝐶𝐶𝐾𝐾  =3.4%, respectively. Correspondingly the fracture toughness (𝐾𝐾𝐼𝐼𝐼𝐼𝐼𝐼𝐼𝐼 =
 𝐾𝐾𝐼𝐼𝐼𝐼0 + Δ𝐾𝐾𝐼𝐼𝐼𝐼𝐼𝐼𝐼𝐼)  becomes 5.32 and 9.64 MPa.m(1/2) (depending on 𝐶𝐶𝐾𝐾).  For small grain / flaw 
size of ~1µm, the 𝐾𝐾𝐼𝐼𝐼𝐼𝐼𝐼𝐼𝐼  becomes 1.97 and 2.93 MPa.m(1/2) for 𝐶𝐶𝐾𝐾  = 1.7% and 𝐶𝐶𝐾𝐾  =3.4%, 
respectively thus exhibiting a significant improvement on fracture toughness.  
 
Ion exchange also creates a tensile zone in the bulk, which may cause catastrophic spontaneous 
fracture driven by tensile stress [91, 92]. Thus, there exists an upper bound to 𝜆𝜆. Considering the 
bulk region has a fracture strength of 150 MPa, and taking an engineering factor of safety of 2, 
we set 75 MPa as the highest permissible 𝜎𝜎𝑇𝑇. Correspondingly, the upper bound for 𝜆𝜆 (using 
Eq 11) for a t = 1 mm thick electrolyte is ~33 µm, still within our shallow depth approximation. 
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The previous 𝜆𝜆 estimates are for typical 1mm thick LLZO pallets. To increase energy density, 
it is ideal to reduce the solid electrolyte thickness to hundreds or tens of microns [93].  At those 
scales, our discussions remain relevant, as the ion exchange thickness can be scaled with 𝑡𝑡. For 
thin solid electrolytes, the layer thickness is likely to be a significant fraction of 𝑡𝑡.  This will 
increase 𝜎𝜎𝑇𝑇 inside of the pellet (via Eq. 11), and reduce 𝜎𝜎𝑐𝑐 in the surface layer.     
 
The model of IX in this work is based on creating surface layers on both sides of the LLZO 
(cathode and anode side, as shown schematically in Figure 5).  This will counter bending of 
the electrolyte and may also help decrease the probability of brittle fracture during battery 
assembly. However, exchanging both sides is not a necessary requirement. If only one side is 
exchanged, there will still be a compressive stress of approximately −𝜎𝜎c  when 𝑡𝑡 ≫ 𝜆𝜆 .  
However, the pellet will bend, with mild tension in the LLZO just below the surface layer and 
mild compression on the far side.  When the surface layer is a larger fraction of the total 
thickness (for example, with thinner electrolytes), the bending will relax stress in the surface 
layer and decrease its magnitude to a value that is lower than 𝜎𝜎c.  These effects can be readily 
analyzed with continuum mechanics. 
 

 
Figure 5: Schematic of the shallow depth ion exchanged thin film LLZO. The vertical axis is 
scaled as the thickness of the electrolyte. Gray region represents the ion-exchange region with 
uniform 𝐶𝐶𝐾𝐾 = 3.4% and the yellow region represents the bulk of the solid-state electrolyte 
with 𝐶𝐶𝐾𝐾 = 0% . The solid ( ) blue curve represents the concentration profile 𝐶𝐶𝐾𝐾, The vertical 
dotted black line (scaled to the bottom axis represents the zero of stress) curves to the left 
represent compression, and right represents tension. The dotted dashed (-.) red curve 
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indicates the stress profile (scaled to the bottom x axis). The dashed green curve (--) 
represents the 𝐷𝐷𝐿𝐿𝐿𝐿 (scaled to the top x axis) at the actual macroscopic thin film compressive 
stress and 300K in the solid-state electrolyte, showing a negligible drop in diffusivity across 
the sample. 
 
 
Other approaches to induce residual compressive stresses have been explored in literature, for 
example shot peening [94, 95], ion-implantation [96, 97], etc. Recently, Yao et al used ion-
implantation to induce residual compressive stress on LLZTO pellets [98]. They  implanted Xe 
up to a depth range of 16-60 nm from the surface, which induces GPa level compressive 
stresses. Because critical flaw sizes in polycrystalline solid state electrolytes are generally on 
the order of µm or larger, realistic ion-implantation depths will fall short of the thicknesses 
proposed in our analysis. Another issue with ion-implantation is the possible penalty paid by 
Li+ diffusion in the solid-state electrolyte. As discussed in the previous section, the 𝐷𝐷𝐿𝐿𝐿𝐿 is highly 
sensitive to the diffusion network blockage which may be another possible concern for ion 
implantation 
 
In conclusion our model benchmarks well against commercial Gorilla glass process where Na+ 
is exchanged with K+ in the sub-surface region to a depth of 20 µm to achieve a maximum 
surface compression of 1 GPa without lowering the diffusivity of Li+

 by an order of magnitude 
[25, 41, 42, 99]  
 

4) Conclusions 
The lithium filament growth problem precludes the use of solid-state electrolytes as the 
mainstream electrolyte technology in secondary batteries. A multiscale modelling approach 
was used to solve this engineering problem by examining the well-known, but unused, process 
of ion-exchange in solid-state batteries. We considered the theoretical effect of exchanging 
different concentrations of Li+ in LLZO with K+ in the sub-surface region. It was found using 
DFT calculations that the K can take stable octahedral (96h) sites in the LLZO, contrary to 
lithium which slightly prefers the tetrahedral (24d) site. The energy cost of substituting Li+ 
with K+ in LLZO can be low enough to achieve an equilibrium K+ concentration of few 
percentage with temperature and oxygen partial pressure dependent KO2 as the precursor. MD 
results show that K has reasonable mobility at 1.7% concentration and are almost immobile at 
3.4% concentration. Thus, we propose an experimental scheme where K is exchanged at high 
temperatures (1200K) where the K are mobile at low concentration; and the process shuts-off 
in a self-limited fashion beyond a certain concentration. Once the desired exchange 
concentration is achieved in the subsurface region, the electrolyte can be quenched to room 
temperature to immobilize the K+. The pressure calculated from MD was used as an input for 
a thin-film based continuum model to evaluate the surface residual compressive stress, which 
was found to be around 1.1 GPa for a 3.4% exchange of Li+ ions. Using MD simulations, it 
was found that this K+ concentration is likely to be an upper bound, as the diffusivity of lithium 
ions is reduced by a factor of 0.19, largely due to K+ blocking of the Li+ diffusion pathway.  
We show that the ion exchange depth ratio is 0.2-4% or 2~40 µm for a 1mm thick LLZO solid 
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electrolyte with a grainsize of 1~20 µm. For a 20 µm grain, the fracture strength increased 
significantly from 150 MPa to 1,086 MPa at this ion exchange level.  
 
 

Supplementary Information 

 
The supplementary information file contains detailed derivations, and additional information 
regarding the methodology.  
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