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a b s t r a c t 

A material’s spall-strength and Hugoniot elastic limit (HEL), are measures of its ability to resist failure 

and plastic deformation under shock loading. An ideal single-crystal, i.e., a defect-free material, offers 

perfect lattice rectification, and therefore, provides an upper bound, or expected limit, which has yet to 

be exceeded by their polycrystalline counterparts. Toward this, we used a nanocrystalline (NC) copper- 

tantalum alloy, a model system, to probe the HEL and the spall strength of a stable NC alloy and the 

pertaining microstructural features that control failure. The results reveal significant increases in the HEL 

to about 2.0 GPa and spall strength of 1.19–1.67 GPa compared to polycrystalline Cu along with negligible 

changes in the residual hardness and microstructure of the shock recovered samples. The observed spall 

strength is approximately 2-times that of polycrystalline Cu. Further, advanced microstructural charac- 

terization using transmission electron microscopy (TEM) found no increase in dislocation density and/or 

mechanical twinning between the as-received and shock recovered samples, i.e., stabilized NC-alloys ex- 

hibit an unprecedented ability to resist high defect (such as dislocation) accumulation and damage. This 

anomalous behavior in stable NC-alloys is attributed to the elimination/limitation of defects formed un- 

der shock conditions coupled with a divergent strain-rate-insensitive behavior of its main microstructural 

features. The present work highlights, if designed properly, that some critical lower length-scale features 

including grain and phase boundaries may not contribute to the failure process. However, more funda- 

mental research is needed to address the role processing parameters have on the resultant material that 

could result in spall strengths comparable to those attained for single crystals. 

Published by Elsevier Ltd on behalf of Acta Materialia Inc. 
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. Introduction 

The damage tolerance of metals under shock loading is strongly 

elated to the type and concentration of defects present in the ma- 

erial. Under the extreme conditions of shock loading, defects are 

ocalized regions of disruption to the perfect crystalline order and 

herefore represent weak points within the landscape of its atomic 

eriodicity. Shock wave propagation through a solid necessitates 

hat the entire volume, containing defects, will experience a com- 

ressive load. During the compressive phase of shock loading, the 

xisting defects become proliferated with the nucleation and accu- 

ulation of the newly created defects. This non-equilibrium con- 

entration of defects evolves into damage and consequent failure 

f the material. Spall failure or spallation occurs as a result of rar- 

faction waves interacting within this volume of defects to pro- 
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uce high tensile stresses to cause cavitation (i.e. the nucleation 

nd coalescence of voids) at its weakest points [1] . A material’s 

esponse to this process can be quantified through its Hugoniot 

lastic limit (HEL) and spall strength, which are measures of its 

bility to resist plastic deformation and failure under shock load- 

ng. An ideal single crystal, i.e., a defect-free material, offers per- 

ect lattice rectification, and therefore, provides an upper bound, 

r expected limit, for a material’s spall strength which has yet to 

e exceeded by its alloyed counterpart [2] . This behavior has been 

outinely confirmed for all structures of metals through experi- 

ental shock studies using single-crystal samples, which show a 

actor of 2–4 times higher spall strength than that of their con- 

entional counterparts that contain defects [ 3 , 4 ]. Therefore, the 

bility to absorb and/or mitigate/arrest the presence/generation of 

efects (weak points) will inherently increase spall strength in 

etals. 

On the contrary, and for the past hundred years, the progres- 

ion of structural engineering metals and alloys has been pred- 

cated upon introducing extremely high concentrations of grain 

https://doi.org/10.1016/j.actamat.2022.118105
http://www.ScienceDirect.com
http://www.elsevier.com/locate/actamat
http://crossmark.crossref.org/dialog/?doi=10.1016/j.actamat.2022.118105&domain=pdf
mailto:billy.c.hornbuckle.civ@army.mil
https://doi.org/10.1016/j.actamat.2022.118105
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oundaries, phase boundaries, stacking faults, and dislocation cell 

tructures to provide sources of strengthening [5–7] . At the most 

xtreme end of this, are bulk nanocrystalline/structured metals 

hat exhibit extreme strengths and altered physical responses at- 

ributed to having engineered internal defect concentrations such 

s grain boundaries and phase boundaries that comprise over 50% 

f their internal volume. However, this design strategy goes against 

he logic of ideal single crystal behavior with respect to designing 

aterials to resist failure during high-velocity impact and shock 

oading events. Specifically, with respect to grain size, many ex- 

erimental and modeling studies have shown perplexing behavior 

ith higher concentrations of defects (Hall Petch effects) on a ma- 

erial’s spall strength [ 4 , 8–12 ]. For instance, Chen et al. [9] and Es-

obedo et al. [11] found no effects of grain size on spall strength 

or copper. While Minich et al. [4] found that the high purity sin- 

le crystals exhibit the highest spall strength followed by the large, 

edium, and small grain size polycrystalline samples (anti-Hall- 

etch effect). In addition, Remington et al. [12] found a signifi- 

ant effect of grain size on the spall strength in tantalum, which 

s opposite to the prediction of the Hall-Petch relationship. Also 

ntuitively, decreasing grain size increases the number of poten- 

ial void nucleation sites and hence, the spall strength should be 

xpected to drop. Furthermore, spallation is a complex process 

trongly influenced by the shock wave profile and microstructure 

f the sample before the material undergoes tension. The influence 

f the individual characteristics of the shock wave profile such as 

hock rise time, pulse duration, peak shock stress, release rate, and 

re-shocked microstructure on damage evolution is not well un- 

erstood. Therefore, more controlled shock compression research 

s required to fully understand the effects of grain size on spall 

trength. 

With respect to NC grain sizes, to date, this paper represents 

nly the second publication ever to report on the experimental 

hock testing of bulk NC metals (average grain size ≤ 100 nm in all 

hree dimensions) and sample size > 5 mm in 3 dimensions. The 

ack of publications is due to the difficulties in consolidating NC 

etals because of their poor thermal microstructural stability as 

ell as overall sample dimensions. Consequently, the vast major- 

ty of the literature has been devoted to computational modeling 

ffort s of simulated microstructures, especially atomistic modeling 

hich are inherently affected by time and length scale issues [13–

7] . With regard to the limited experimental studies, the work has 

tilized laser-driven compression of physically deposited thin films 

r electrodeposits. However, the physics governing wave propaga- 

ion and its ability to obtain an equilibrium state in laser-based 

xperiments leaves many questions as to the stress state within 

he material. An active debate on comparing and drawing defini- 

ive conclusions between laser-driven experiments to conventional 

hock recovery studies is still ongoing [ 18 , 19 ]. 

In addition to grain boundaries, inclusions and secondary-phase 

articles are known to be potential heterogeneous nucleation sites 

or micro-voids and crack initiation [2] . Numerous studies exist in 

hich the fracture surface and cross-sections revealed that micron 

nd submicron-sized precipitates were responsible for the initia- 

ion of spall failure of the samples [2] . This occurs for three main

easons: (1) changes in density across the matrix-precipitate in- 

erface give rise to impedance mismatches and the formation of 

otential void nucleation sites via matrix-precipitate debonding 

r precipitate cracking during compression. (2) Larger particles as 

ound in conventional alloys, i.e., particles > 100 nm will tend to 

ave incoherent interfaces with the matrix that are mechanically 

eaker than fully coherent ones. (3) Reinforcing/strengthening sec- 

ndary phases tend to be harder, typical examples include stoichio- 

etric compounds, e.g ceramics, and intermetallics phases. Such 

ompounds are brittle compared to the surrounding host matrix 

nd tend to fragment or cleave via unstable crack propagation. 
2 
hus, the capability to optimize resistance to spall failure relies on 

he ability to engineer the interface configuration, morphology, and 

ength-scale of secondary phases under shock loading. Overall, all 

he above studies indicate that microstructure plays a significant 

ole in spall failure, and the spall strength is largely affected by the 

resence of interfaces be it grain or phase boundaries. The ques- 

ion remains, given the overwhelming data that suggests interfaces 

grain and phase boundaries) are detrimental to the spall perfor- 

ance of a material, is it then possible to then stabilize these de- 

ects such that polycrystalline or nanocrystalline metals can exhibit 

ingle crystal like spall strength. If possible, then engineering such 

tability would result in an anomalous deformation behavior rela- 

ive to what is currently understood through the available model- 

ng and limited experimental efforts on the shock behavior of NC 

etals. 

In the present work, we identify that in a microstructurally sta- 

le NC metal, if designed properly, some critical lower length-scale 

eatures including grain and phase boundaries may not contribute 

o the failure process thereby enhancing the spall strength. To- 

ard this, in this work, we use NC Cu-Ta as a model system to 

robe the HEL and the spall strength of a stable NC alloy, and rele- 

ant microstructural features that control failure. The results reveal 

 significant increase in the HEL to about 2.0 GPa and the spall 

trength of 1.19–1.67 GPa as compared to polycrystalline Cu alloys 

long with negligible changes in the residual hardness and mi- 

rostructure of shock recovered samples. We attribute this anoma- 

ous behavior in stable NC alloy to the elimination/limitation of 

efects induced under shock conditions due to the rarefaction pro- 

ess coupled with a divergent strain-rate insensitive behavior of 

ts main microstructural features. In other words, the present work 

ighlights a critical role of the microstructural length scale below 

hich a material’s ability to resist defect accumulations and frac- 

ure increases, resulting in the enhanced spall strength (some 50- 

00% increase) over polycrystalline Cu. Note that the spall strength 

f single-crystal Cu is 4.5 GPa which is 5.6 times higher than 

he reported spall strength and 90 times higher then the quasi 

tatic yield strength coarse polycrystalline Cu [20] . More specif- 

cally, 4.5 GPa is ∼ 4.5 times higher than the quasi static yield 

trength of NC Cu-Ta alloys. 

. Experimental 

.1. Powder processing and consolidation via equal channel angular 

xtrusion (ECAE) 

NC Cu-3Ta (at.%) powders were processed utilizing high-energy 

ryogenic mechanical alloying. Elemental Cu and Ta powders 

 ∼325 mesh and 99.9% purity) were loaded into a hardened steel 

ial in the appropriate proportion along with the milling media 

440C stainless steel balls) inside a glove box with an Ar atmo- 

phere (oxygen and H 2 O are < 1 ppm). The vials were loaded with

0 g of Cu-Ta powder as well as the appropriate amount of media 

o ensure a ball-to-powder ratio of 5-to-1 by weight. A SPEX 80 0 0 

 shaker mill was utilized to perform the milling at cryogenic 

emperature (verified to be ∼ -196 °C) for 4 h using liquid nitrogen. 
he NC Cu-3Ta powder was consolidated to bulk via equal channel 

ngular extrusion (ECAE). For the ECAE consolidation process, the 

s-milled powder was placed into nickel cans and sealed inside the 

love box. Before starting the ECAE process, the die assembly used 

or processing the billets was preheated to 623 K (350 °C) to min- 

mize thermal loss during the ECAE processing. The billets, heated 

nd equilibrated to 973 K (700 °C) for 40 min, were dropped into 

he ECAE tooling as quickly as possible from the furnace and ex- 

ruded at a rate of 25.5 mm/s. These steps were repeated 4 times 

ollowing route B c to prevent imparting a texture to the consoli- 

ated powder. By extruding through an angle of 90 °, a total strain 
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f 460% was imparted onto the powder-containing billet as a result 

f processing. 

.2. Shock sample preparation and experiments 

Shock compression experiments were performed using cylindri- 

al specimens of NC Cu-3Ta (at.%) alloy that was synthesized with 

he desired NC microstructure using powder processing techniques 

nd controlling parameters such as milling temperature, milling 

ime, and ECAE temperature. The progression of an ECAE processed 

ickel can to the final machined test specimen is as follows. A core 

approximately 12 mm in diameter) containing the consolidated 

C-Cu–3Ta powder was machined from the center of the rectan- 

ular nickel billet along the long axis using electric discharge ma- 

hining (EDM). A live center was created at the tip of the NC-Cu–

Ta rod to reduce wobble during turning operations. The remnants 

f the Ni-can were removed by turning on a Haas ST10 CNC lathe 

sing a Sandvik CNMG 12 04 08-PM 4325 cutting insert with a 

utting speed of 84 cms −1 (20 0 0 rpm), a feed of 0.08 mm per rev-

lution at a cutting depth of 0.130 mm per pass to reveal the con- 

olidated NC Cu–3Ta rod being 10 mm in diameter. This rod was 

ectioned into 3 and 6 mm thick cylindrical specimens using wire 

lectrical Discharge Machining (EDM) for time-resolved in-situ and 

ecovery shock experiments. 

Spall experiments are carried out using the light gas guns 

ithin the Impact Physics Branch of DEVCOM. For time-resolved 

n-situ spall experiments, OFHC Cu flyer plates of 1.5 mm thick- 

ess are accelerated to nominal impact velocities of approximately 

.2, 0.3, 0.5, 0.6, and 1.9 km/s, respectively. For spall recovery 

xperiments, OFHC Cu flyer plates of 1.5 mm thickness are ac- 

elerated to nominal impact velocities of approximately 0.3 and 

.6 km/s, respectively. The nanocrystalline specimens are small due 

o limitations in processing, so the specimens were press-fitted 

nto OFHC Cu specimen holders with approximate impedance to 

chieve the appropriate geometry (30 mm diameter x 3 mm thick 

nd 30 mm diameter x 6 mm thick for time-resolved in-situ and 

ecovery shock experiments) required for mitigating rogue edge re- 

ease waves. 

Free surface velocity is measured using heterodyned photon 

oppler velocimetry (PDV). Oscilloscopes for capturing the PDV 

ignal are triggered with electrical shorting pins flush with the 

mpact face of the sample, which also measures the tilt between 

he flyer and the sample. All tilt measurements were found to be 

ithin the required 5 mrad. 

The pullback velocity is measured from the resulting free sur- 

ace velocity-time profile extracted from the acquired PDV signal 

nd the spall strength ( σs ) is calculated as described in [21] and 

isted here 

s = 

1 

2 

(
�v f s + δ

)
ρ0 c 0 (1) 

here �v f s , the pullback velocity, is the difference between the 

eak free surface velocity and the minimum free surface veloc- 

ty just prior to the arrival of the spall pulse, ρ0 is the density of

he material prior to shock compression, and c 0 is the bulk sound 

peed. The δ in Eq. (1 ) is a correction factor applied to account for

lastic-plastic properties of the sample and is determined by 

= 

(
h s 

c l 
− h s 

c F 

)
| ̇ u 1 | (2) 

here h s is the spalled plate thickness, c l is the longitudinal elas- 

ic wave speed, ˙ u 1 is the gradient of the velocity-time profile just 

head of the spall pulse, and c F is the spall pulse propagation ve- 

ocity determined by 

 F = c 0 c l 

√ 

˙ σx + − ˙ σx −
c 2 ˙ σx + − c 2 

0 
˙ σx −

(3) 

l 

3 
here ˙ σx + and ˙ σx − are approximations of the time derivatives of 

he stress ahead and behind the spall pulse as determined by 

˙ x + ≈ ρ0 c 0 ˙ u 1 / 2 
˙ x − ≈ ρ0 c 0 ˙ u 2 / 2 

(4) 

here ˙ u 2 is the gradient of the velocity-time profile at the spall 

ulse. Using conservation of linear momentum, the peak shock 

tresses were estimated to be in the range of 4.3–39.3 GPa. 

.3. Microstructural characterization 

Specimens for TEM characterization were prepared one of two 

ays. Conventional sample preparation was utilized for the as- 

eceived condition. For the shock recovered specimen, the site- 

pecific lift-out technique was performed using an FEI Nova600 

anolab Dual Beam SEM/FIB. For the conventional process, a 3 mm 

iameter disk from the bulk specimen was thinned to approxi- 

ately 100 μm. The sample was then dimpled to ≥ 10 μm followed 

y ion milling with a Gatan Precision Ion Polishing System (PIPS) 

ntil the specimen is perforated, generating electron-transparent 

egions for analysis. 

The spall recovery samples were cross-sectioned with a dia- 

ond wafering saw exposing the thickness of the specimen. Vick- 

rs micro-hardness was performed using a Wilson Hardness Tukon 

202 tester to measure the hardness of the sample exposed to peak 

tress of 10.9 GPa. To do such measurements, the spalled speci- 

ens were taken through a grinding and polishing procedure that 

nded with at least a 1-micron diamond suspension step. The in- 

ividual indents were generated using a 100 g force and held for 

0 s. The hardness measurements were taken through the speci- 

en thickness via a matrix (34 rows by 5 columns) with 75 μm 

pacing between each indent. The hardness of the 5 column posi- 

ions was then averaged and error calculated to yield the hardness 

alue at the respective distances reported. The TEM lift-outs were 

hen taken from two regions of interest, first: parallel to the spall 

urface located approximately 320 microns below, and second: per- 

endicular to the spalling surface located exactly on the free frac- 

ure surface. All (S)TEM images were captured using a JEOL 2100F 

icroscope operated at 200 kV. In addition to this, SEM secondary 

nd backscatter electron images were taken directly from the frac- 

ure surface as well as prepared through-thickness cross-sections 

tilizing a Hitachi 4700 SEM, (optical images were also collected). 

. Results and discussion 

As a starting point and baseline for comparison, Fig. 1 (A, B) 

rovides the primary microstructural characterization for the as- 

eceived NC Cu-3Ta alloy. Primary microstructural analysis of the 

s-consolidated samples using TEM indicates that the extruded mi- 

rostructure for this alloy was found to have an average grain 

ize of 100 ± 15 nm with Ta-based nanoclusters having an av- 

rage diameter of 3.2 ± 0.9 nm. Characterizing the nanocluster 

atrix coherency relationship at room temperature has indicated 

hat this material has coherent, semi-coherent, and incoherent Ta- 

ased nanoclusters (d < 3.9 nm, 3.9 to 15.6 nm, and > 15.6 nm, re-

pectively). Atom probe tomography has determined that approx- 

mately 90% of the clusters exhibit diameters < 4 nm with clus- 

er number densities of approximately 5.4 × 10 23 /m 

3 . Therefore, 

he vast majority of nanoclusters exhibit a coherent relationship 

ith the Cu matrix. Additionally, these Ta-based clusters can be 

ound located along grain boundaries and triple junctions. Exten- 

ive modeling effort s have been devoted to understanding the in- 

eractions between these Ta clusters and these types of boundaries. 

oth the modeling effort s and experiment al result s have proven 

he clusters prevent not only grain boundary sliding and rotation 

ut grain growth as well [ 22 , 23 ]. While the Ta clusters interact



B.C. Hornbuckle, S.A. Turnage, C.L. Williams et al. Acta Materialia 236 (2022) 118105 

Fig. 1. (A) Low magnification (scanning) transmission electron microscopy (S)TEM Bright Field (BF) image of as-received (i.e., post-ECAE processed) sample showing grain 

structure (black arrows pointing to twin boundaries). (B) Higher magnification STEM High Angle Annular Dark Field (HAADF) image showing the high density of Ta-based 

clusters residing in the lattice as well as along the grain boundaries of the Cu-based matrix (red arrows highlighting phase boundaries between Ta-based clusters and Cu 

matrix). (C) Higher magnification (S)TEM Bright Field (BF) image of as-received sample showing the lack of dislocation structure within grain interiors (green arrows pointing 

to triple junctions). (D) Corresponding (S)TEM Bright Field (BF) image of (B) highlighting the Ta-based clusters. (E) Grain size histogram for as-received (ECAE-processed) for 

Cu-3Ta. (F) Cumulative distribution plot of diameter for the Ta-based clusters. 

4 



B.C. Hornbuckle, S.A. Turnage, C.L. Williams et al. Acta Materialia 236 (2022) 118105 

Fig. 2. (A) Time-resolved free surface velocity profiles and (B) The hardness of the as-received NC–Cu–3Ta alloy sample (red dotted line) compared to the residual hardness 

of the samples post-spallation using a conventional spall recovery technique, respectively. 
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ith grain boundaries, their interactions with dislocations have 

een themselves the focal point of numerous studies [ 22 , 24 , 25 ].

hus, the role these Ta clusters play as contributors to plastic- 

ty and modifying this complex NC microstructure in an improved 

anner has been fully established through prior work. Composi- 

ion analysis of the clusters also attained via atom probe tomog- 

aphy has indicated the average composition of the clusters to be 

n the range of 32 at% Cu, 61 at% Ta, and 7 at% oxygen. The mi-

rostructure does contain a high number of grain boundaries, triple 

unctions, and phase boundaries, which are highlighted by colored 

rrows in Fig. 1 . However, the microstructure has few, if any, ob- 

ervable dislocations/cell structures, sub-grain boundaries, twins, 

tacking faults, and other planar interfaces and/or voids present in 

he as processed state as seen in Fig. 1 (A, B) and Supplemental Fig.

. In further support of the lack of dislocations and stacking faults 

ithin the as-received material, Supplemental Fig. 1A, B has been 

rovided. This is consistent with both experimental and simulation 

bservations [26–29] . This is logical, given the high (ECAE) process- 

ng temperature of 700 °C, the vast majority of dislocations would 

ave been annealed out of the Cu matrix since the recrystallization 

nd relaxation temperature of nanocrystalline Cu is 120 °C. 
To augment the in-situ spall results and evaluate microstruc- 

ural evolution and deformation mechanisms active under extreme 

onditions, the NC Cu-3Ta specimens were shock compressed, al- 

owed to undergo spallation, and then soft recovered following the 

rocedure outlined in the experimental section. The velocity-time 

rofiles for all in-situ spall experiments are shown in Fig. 2 (A) and 

hey reveal that shock compressed samples reached stable peak 

hock stresses ranging from 4.3 to 39.3 GPa, respectively, prior to 

lastic-plastic release and tensile plastic deformation, then conse- 

uent failure through spallation. In addition, the curves reveal sig- 

ificantly elevated HEL for the NC Cu-3Ta alloy, which was deter- 

ined to be 2.0 GPa compared to 0.2–0.6 GPa for OFHC Cu [2] . In

hock wave problems, it is common for shock stresses to be two or 

ore orders of magnitude greater than the yield or flow stress of 

etals and metallic alloys. For most controlled shock compressed 

olids, the strains are found to be minimal ( < 5%). The Hugoniot 

train can be estimated using the relationship, ε 11 = 

u p 
U s 

, where U s 

s shock velocity and U p is particle velocity. The shock and parti- 

le velocities derived from the limited U s - U p shock Hugoniot data 

vailable are determined to be 4.086 km/s and 0.291 km/s, respec- 

ively. Therefore, the Hugoniot strain at 10.9 GPa is estimated to be 

.07 or 7%. It is well known that dislocation density increases as a 
5 
unction of shock stress ( Eq. 5 ) for coarse grained and single crystal 

etals and metallic alloys, typically well above equilibrium con- 

entrations. Consequently, the post-shock yield stress and resid- 

al hardness comparatively increase as well. For most structures 

f coarse-grained metals and metallic alloys, this residual hardness 

xhibits an empirical linear relationship as a function of the square 

oot of peak shock pressure/stress. This relationship has been gen- 

rally represented by the empirical form stated in Eq. (6 ) [ 30 , 31 ]:

= σo + αμb 
√ 

ρ + K 1 d 
−1 + K 2 �

−1 / 2 (5) 

 

σ − σo ) = ζ ( H − H o ) = 2 αμb 
√ 

P (6) 

here σ and σ ο are the post and the pre-shock yield strength, 

espectively, ρ is the dislocation density, K 1 and K 2 are material 

arameters, α is a constant ∼= 

0.5, μ is the shear modulus, d is the 

islocation cell size, � is the twin spacing which is negligible in 

C Cu-3Ta alloys, b is the magnitude of the Burgers vector, ζ is 

 constant, H and H o are the post and pre-shock hardness, and P 

s the peak shock pressure/stress. Both equations suggest that in- 

reasing the peak shock pressure/stress will increase the disloca- 

ion density, and consequently, the post-shock yield stress and the 

esidual hardness. Such hardness increases have been experimen- 

ally verified in a large number of systems [2] . 

However, the NC Cu-3Ta alloy goes against this general trend. 

ig. 2 (B) shows negligible changes in the residual hardness for NC- 

u-3Ta alloys, across the through-thickness direction between the 

s-received material (red dotted line) and the sample shocked at 

 peak shock stress of 10.9 GPa. This observation holds true even 

hen approaching the spalled surface ( ∼ 2800 microns in Fig. 2 B), 

here the magnitude of tensile stress is the highest. Such behav- 

or is anomalous for metals and metallic alloys shock compressed 

o such high shock stresses. To the best of the author’s knowl- 

dge, this type of behavior has never been reported before in the 

pen literature for any structural materials including the work of 

ringa et al. [32] , which shows a significant increase in material 

trength as a function of shock pressure. Whereas, increases in 

trength of conventional coarse-grained (FCC) materials, i.e., alu- 

inum, copper, and nickel, shocked under similar conditions to 

hose performed in this study show significant alterations in their 

icrostructure, be it dislocation cells/networks, stacking faults, de- 

ormation twins, and vacancy clusters [ 2 , 30 , 33 ]. For a cursory re-

iew with visual examples of the drastic changes Cu and other FCC 
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Fig. 3. STEM bright-field image after spallation, which increases in magnification: (A–C) located on the spall surface and (D–F) 320 microns away from the surface (black 

arrows pointing to twin boundaries, red arrows pointing to phase boundaries between Ta-based clusters and Cu matrix, and orange arrows pointing to dislocations and 

stacking faults). 
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icrostructures undergo as a result of shock loading please see ref- 

rences [ 2 , 30 , 33 ]. The significance of the lack of shock hardening

ndicates stability either by maintaining a low defect density accu- 

ulation and/or absorption of defects induced under shock load- 

ng (i.e. initial compression and tensile loading) due to an inher- 

ntly stable microstructure. This is consistent with earlier findings 

n shock-recovered samples as well as other works on this system 

 18 , 19 , 34–37 ]. 

To further address the role of stable microstructure after shock 

oading, Fig. 3 provides low and high magnification bright-field 

TEM micrographs of the spall recovered sample shocked to 

10.9 GPa ( ∼600 m/s). Two regions of interest were investigated, 

he first region is along the proximity of the spall surface ( Fig. 3 (A–

)) and the second is along approximately 320 microns away from 

he spall surface ( Fig. 3 (D–F)). These two regions were selected, 

ased on the estimated width of the spall plane, with the first be- 

ng located closest to the region experiencing the highest tensile 

tress and the second region located away from the spall plane 

here the tensile stress has dissipated to a lower value. The full 

EM lift out for the sample taken directly next to the fracture 

urface is provided in Supplemental Fig. 2, showing ∼32 μm 

2 of 

lectron transparency. Based on the analysis of the residual mi- 

rostructure of NC Cu-3Ta post spallation, it is apparent that only 

 marginal change in the average grain size was observed be- 

ween the as-received and spall recovered samples, being 100 and 

18 nm, respectively, a 18% increase in grain size. Additionally and 

ore importantly, no increase in dislocation density and mechani- 

al twinning is observed, i.e., stabilized NC alloys likely exhibit an 

nprecedented ability to resist high defect (such as dislocation) ac- 

umulation and damage. The limited number of these defects ob- 

erved in the microstructures were pointed out using color arrows 

s described in the figure caption. Theses defects were observed to 

e present only within the limited number of grains having much 
6 
arge grain sizes, double to triple, the average grain size (100 nm). 

dditionally for more images of the limited number of dislocations 

nd stacking faults, please see Supplemental Fig. 1C, D Such resis- 

ance has not been observed before and is analogous to the ability 

f NC metals to absorb radiation damage, where stable interfaces 

ct as potent sinks for point defects [ 34 , 38 ]. 

Here, in the same way, the thermo-mechanically stabilized 

rain boundaries and cluster interfaces persist and continue to op- 

rate as sinks to absorb the deformation defects. That is, the au- 

hors have previously reported that dislocations in NC Cu-Ta al- 

oys can emit from the grain boundaries during the deformation 

rocess, but they may be absorbed back into neighboring grain 

oundary regions and may not extend far into the grain interi- 

rs or pile up, leading to negligible changes in the defect density 

nd hence, residual hardness [ 22 , 36 , 39 ]. Such inherent behavior or

roperties are unlikely to be observed in un-stabilized NC metals, 

here their microstructures would become unstable under the in- 

ensified driving force, i.e., as the microstructure evolves, the sink 

ensity reduces [35] . Therefore, the resilient phenomena of absorb- 

ng defects and resisting microstructural evolution under extreme 

ynamic conditions, as reported here, is only possible in thermo- 

echanically stabilized NC metals, such as this NC Cu-3Ta alloy. 

his ability to absorb damage is a coupled effect between the grain 

oundaries and Ta clusters. The reason why these two effects can- 

ot be decoupled is that the grain volume is preserved under the 

igh stresses induced during shock loading. This is only due to the 

inning effect provided by the high density and stability of the Ta 

lusters. In general, the accumulation of defects during shock com- 

ression can lead to an increase in potential void nucleation sites 

uch as vacancies and vacancy clusters, which are detrimental to 

pall failure [ 2 , 40 ]. On the contrary, the actual experimental re- 

ults show an opposite trend. To this note, Fig. 4 provides the spall 

trength map of various alloys as a function of melting tempera- 
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Fig. 4. Spall strength as a function of melting point map for various metals includ- 

ing alloys and single crystals. 
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F  
ure, including that of NC Cu-3Ta alloy. Interestingly, the NC Cu-3Ta 

lloy show about a 2-fold increase as compared to coarse-grained 

FHC Cu [2] . While this spall strength value represents a signif- 

cant improvement, the question remains as to why is the spall 

trength of NC Cu-3Ta not much higher, i.e. more closely approach- 

ng the strength of single-crystal (4.5 GPa) [2] . 

The experimental results discussed above demonstrate the im- 

act of NC Cu-3Ta alloy microstructure on the spall strength. For 

hock-loaded polycrystalline materials, failure occurs at several mi- 

rostructure levels with the elementary carrier of failure having 

raditionally been dominated by grain and phase boundaries. These 

icrostructural features prevail in defining many material proper- 

ies including the spall strength albeit spall strength is not consid- 

red to be an intrinsic material property. In NC Cu-Ta alloys, the 

ddition of Ta tends to improve the cohesive strength of its grain 

oundaries. For instance, using atomistic simulations combined 

ith high-resolution TEM experiments, Frolov et al. [28] showed 

hat the presence of Ta solute in Cu grain boundaries would sub- 

equently increase the cohesive energy, indicative of structural sta- 

ility as well as strength compared to pure Cu and its alloys. This 

ncrease in the cohesive strength will greatly hamper void nucle- 

tion processes at the GB during shock loading. Further, the Ta 

anoclusters that are decorated along the grain boundaries, as well 

s grain interiors, pin the GBs in place, i.e., controlling the GB de- 

ormation processes such as sliding and rotation during creep by 

he Zener pinning mechanism [41–48] . The lack of sliding and ro- 

ation observed in these grain boundaries indicate they are more 

esistant to deformation, and therefore, less likely to nucleate and 

row voids during the tensile loading phase or spallation. 

It should be noted that the interaction of these clusters 

ith dislocations and grain boundaries accounts for 60–70 per- 

ent of the alloy’s apparent strengthening [39] . That is, most of 

he strength comes from non-planar defects, whose dimensional 

ength scale is far less than the shock width ∼ 50 nm and are co- 

erent to semi-coherent with the matrix [39] and therefore, are 

ess likely to have observable interactions with propagating shock 

aves. Prior simulations and experiments by the authors have 

hown that the spatial distribution of Ta-based clusters in NC-Cu- 

a alloys effectively pin and limits the steady-state velocity of glid- 

ng dislocations during high strain rates loading conditions but be- 
7 
ow those observed in shock loading [ 36 , 49 ]. This restriction of dis-

ocation velocity was shown to be a key contributor to the high 

ate mechanism of phonon drag, i.e., the mechanism of phonon 

rag was shown to be suppressed and completely damped out up 

o strain rates of 10 5 s −1 [36] (more on this below). Since NC Cu-Ta 

lloys do not exhibit the same upturn in flow stress at strain rates 

etween 10 3 and 10 4 s −1 (due to an increase in hardening) com- 

ared to traditional metals and alloys, they should be able to ab- 

orb high rate deformation more efficiently by deforming in a more 

uctile manner at extreme strain rates as has been previously ob- 

erved in similar NC Cu-Ta systems at strain rates below the shock 

egime [36] . This suggests that NC Cu-3Ta should exhibit higher 

pall strengths than conventional polycrystalline microstructures. 

owever, since the entire volume of defects first undergoes com- 

ression, in particular those within the spall plane where the ten- 

ile stress is maximum, the failure process shifts from the tradi- 

ionally weakest microstructural features such as grain boundaries 

nd Ta-based cluster interfaces to the large incoherent Ta/Cu in- 

erfaces. Such planar interfaces of secondary phases (i.e. interfaces 

hose dimensional length-scale is far greater than the shock width 

50 nm) fail under shock loading due to the three main reasons 

iven in the introduction. Fig. 5 reveals this transition, that is, be- 

ow some critical lower length-scale, features including grain and 

hase boundaries do not contribute to the failure process thereby 

xplaining the enhanced spall strength observed. 

Overall, the fractography of the fully spalled surface indicates a 

enerally ductile morphology. That is, regions exist where micro- 

oids have grown and coalesced forming well-defined dimpled 

egions as shown in Fig. 5 (A, B). The dimples are on average 

 μm in diameter. This indicates that hundreds of grains were in- 

olved in the local void growth process, which occurs via shear- 

ng, necking, and coalescence of adjacent smaller micro-cavities. 

nside larger dimples, it is clearly evident that the void nucle- 

tion process was initiated by the brittle failure of micron-sized 

a particles. Specifically, Fig. 5 (B–D) reveals where large Ta parti- 

les were cleaved or shattered, and debonded from the Cu matrix 

ost-spallation. This is interesting as one would expect brittle in- 

ermetallic phases to undergo this type of failure; however, Ta is 

n exceptionally ductile metal, similar in nature to Cu despite its 

xtremely high melting point. That is, both Ta and Cu exhibit the 

bility to undergo ∼80% cross-sectional area reduction in conven- 

ional tensile loading at room temperature [ 50 , 51 ]. However, given 

heir incoherent nature, the large difference in density and sound 

peed between the Cu matrix and Ta particle leads to a significant 

mpedance mismatch at the interface. Such high impedance mis- 

atch will result in partial reflection and transmission at the Cu 

atrix and Ta particle interface. Collisions between the reflection 

rom the interface and the release wave from the primary shock 

ulse may result in tensile waves of strong magnitude and con- 

equently, leads to cavitation and separation at these weak inter- 

aces as revealed in Fig. 5 (B–D). From the cross-sections along the 

pall plane, numerous voids can be identified initiating at these 

nterfaces. These voids are the origin of spall failure as they grow 

nd coalesce to form macro-cracks along the spall plane. Such ef- 

ects are much less likely to occur at the interface of the matrix 

ith the coherent/semi-coherent Ta-based clusters as their density 

ased on composition and lattice matching with the matrix would 

ignificantly lessen the expected impedance mismatch. This is sup- 

orted by the lack of these types of microstructural features being 

resent in the TEM observations taken within the spall plane of 

he sample (see Fig. 5 (E–P)). 

Fig. 5 (E–L) highlights the spallation and crack formation within 

he large Ta particle and the interface between it and the Cu ma- 

rix. Fig. 5 (E) shows a low magnification bright field image of a 

arge Ta particle fractured completely into two separate halves. 

ig. 5 (F) is the area ascribed by the red box in Fig. 5 (E) and
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Fig. 5. Fracture and failure of NC Cu–3Ta alloy shock loaded to 10.9 GPa: (A–D) secondary electron scanning electron microscopy (SEM) images of the fracture surface with 

increasing magnification. Fig. (C, D) are high magnification images of larger Ta particles that are cleaved or shattered by interacting with the shock wave. Fig. (E–H) and 

(I–L): STEM bright-field and HAADF images after spallation, with an increase in magnification. Red arrows point to regions of fracture and separation occurring in or around 

the larger Ta particles. Fig. (M–P) STEM bright-field images after spallation, with a decrease in magnification. Green circles are used to identify individual coherent and 

semi-coherent Ta clusters within the Cu matrix. The STEM images were taken from the lift-out specimen taken perpendicular to the spall surface. The small inset boxes 

with numbering shows the region of interest shown in neighboring higher magnification image for which it originated. For example, the small inset box #1 in image E 

corresponds to image F. 
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rovides a higher magnification image clearly showing numerous 

ano-fractures within the particle. It should be noted that the 

a particle has thin, low-angle, planar grains that are several mi- 

rons in length by roughly 100 nm in width and orientated nor- 

al to the shock direction. Fig. 5 (G) (blown up image from the 

range box in Fig. 5 (F)) illustrates the effect the shock wave had 

n void nucleation and dynamic fracture along these planar grain 

oundaries. Fig. 5 (H) captures the nucleation and fracture between 

he large Ta particle and the interface with the Cu matrix. De- 

pite this region undergoing a triaxial state of stress, it should 

e noted that the small coherent/semi-coherent boundaries do not 

how any signs of void nucleation or debonding with the matrix. 

n even higher magnification bright field with a high density of 

hese coherent/semi-coherent particles taken from within the area 

f Fig. 5 (H, L) shows no sign or evidence of void nucleation or frac-

ure of these types of interfaces. Moving out sequentially to a more 

acro-view of the microstructure ( Fig. 5 (N–P)), no signs of voids 
8 
r fractures are observed along the grain boundaries or within the 

rain interiors. One observation that can be made is that, in grains 

ubstantially larger than the average Cu grain size; a low density 

f dislocations can be observed interacting and being pinned by 

rrays of Ta clusters. To summarize the TEM results, the smaller 

oherent/semi-coherent ( < 15.6 nm) Ta particles, as well as the 

anocrystalline grain boundaries of the Cu matrix, do not exhibit 

ny evidence of void nucleation, debonding, or fracture contrary 

o prior modeling work [ 13 , 52 ]. While the disparity between the 

odeling and experimental work is interesting, it does point to 

ore work being needed to rectify the inconsistencies between the 

odeling effort s and experiment al observations. One possible ex- 

lanation is that the models are likely overdriven due to time and 

ength scale issues. 

From the above analysis, the atomic clusters were determined 

o be smaller than the width of the propagating shock wave, 

hich is in contrast to conventional alloys for which the precip- 
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Fig. 6. Normalized flow stress as a function of strain rate and temperature. NC Cu-3Ta under ambient conditions and 1073 K compared to high-purity coarse-grained Cu and 

Ta. As well as (OFHC) Cu tested by Taylor anvil experiment and miniature Kolsky bar data at ambient conditions. The power-law fit for the NC-Cu-3Ta data reveals that the 

material is subjected primarily to thermal activation processes up to a strain rate of at least 2.4 × 10 6 s −1 . 
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tated phases are orders of magnitude larger. For example, nucle- 

tion of voids was observed along with planar interfaces, Ta in- 

erfaces > 500 nm. We define planar interfaces as an interface 

hose dimensional length is an order of magnitude greater than 

he width of the shock front, ∼ 50 nm. These observed differences 

an be correlated to the strain rate insensitivity of the NC Cu-Ta 

lloy relative to the coarser-grained constituent counterparts of its 

omposition, i.e., pure Ta and pure Cu as shown in Fig. 6 . Again,

rior work has delineated the effect microstructural length scales 

an have on tuning, damping, and/or removing the phonon-drag 

ffect and thus strain-rate sensitivity under dynamic loading for 

C Cu-Ta alloys [ 36 , 37 , 49 ]. 

To further understand the shock response of NC Cu-Ta, 

ig. 6 provides the flow stress results for NC-Cu-3Ta alloy at a 

onstant plastic strain of 10%, which are normalized with the 10% 

ow stress obtained from the same temperature at a strain rate 

f 10 −2 s −1 then plotted as a function of strain rate. The normal- 

zed flow-stress data for polycrystalline Cu, polycrystalline Ta, and 

oarse-grained oxygen-free high conductivity Cu obtained by Tay- 

or anvil experiments and those reported in reference [36] are also 

resented. In addition, a series of miniature Kolsky bar data has 

een plotted up to a strain rate of 2.4 × 10 6 s −1 . In general, these

train rates are lower than those experienced in shock compres- 

ion but provide a critical understanding of materials response. For 

nstance, a clear upturn in the flow stress, albeit initiating at dif- 

ering strain rates, can be noted for polycrystalline Cu and Ta. The 

bserved dramatic rise in flow stress (or loss in ductility) is funda- 

ental in origin, and therefore, common to many structural metals 

uch as Cu, Ni, and Ta. This upturn is believed to be the direct re-

ult of the rise in the mobile dislocation drag force brought about 

y interactions with phonons in the crystal lattice and some heav- 

ly deformed coarse-grained samples due to an increase in the dis- 

ocation density. More recently, data was published showing that 

elow a certain length scale ( < 150 nm) [ 36 , 49 ], the Cu-Ta sys-

em becomes insensitive to strain rate and deforms along the same 

ines as if it was quasi-statically deformed (see Fig. 6 ). Namely, 

t does not undergo the rapid upturn in flow stress and embrit- 

ling failure behavior synonymous with phonon drag. That is, while 

n average grain size i.e. that of ∼ 100 nm for Cu-Ta alloys, has 

een shown to yield a physical activation volumes between 40 and 
9 
0b 3 , the strain rate sensitivity of these alloys are controlled by 

he cluster spacing [ 39 , 49 , 53 , 54 ]. It was previously determined that

he cluster spacing ranges from 4 to 8 nm, which is an order of 

agnitude smaller than average grain size diameter [ 26 , 36 ]. Under 

hese conditions, a dislocation can be nucleated, but becomes in- 

tantly pinned thereafter i.e., a dislocation cannot accelerate to a 

teady-state velocity high enough to interact with phonons within 

he lattice and induce the so-called phonon drag effect (thereby 

xhibiting negligible strain rate sensitivity) [ 36 , 49 ]. Further, pre- 

ious works, have shown that once dislocations are pinned by Ta 

lusters, they can be reabsorbed by neighboring grain boundaries 

 22 , 39 ]. Here it should be noted, that as the sample temperature is

ncreased to 1073 K for the NC Cu-Ta alloy as revealed in Fig. 6 by

ata points marked as “X”, a notable increase in the strain rate sen- 

itivity is observed due to phonon-drag effects. The drag coefficient 

ssociated with phonon drag is temperature-dependent and can be 

irectly correlated to the phonon density of states, which also in- 

reases with temperature. Due to this relation, there is a much 

arger dislocation/phonon drag effect in the sample tested at el- 

vated temperatures as compared to samples tested at lower tem- 

eratures. Additional follow-on work revealed that through tuning 

ength scale features, (grain size and cluster spacing), it is possi- 

le to control the degree to which phonon drag manifests itself in 

u-Ta alloys [49] . Explicitly, below a critical length scale phonon 

rag was shown be be damped out, however, as this length scale 

as relaxed, became larger in dimention, increasingly higher strain 

ate sensitivity with more bittle behavior was observed [49] . Simi- 

arly, as shown here, planar interfaces, i.e. coarser-grained material 

 Fig. 6 ), where the length scale is � 100 nm, does undergo this 

mbrittling effect despite being ductile under quasi-static condi- 

ions of tension and compression loading [ 4 , 9 ]. Thus, this may ex-

lain why the SEM images capture a ductile fracture within the Cu 

atrix, whereas the Ta particles show cleavage or brittle fracture, 

espite tantalum’s inherent ductile nature. 

Fig. 7 provides composite optical micrographs of NC Cu-3Ta 

aving undergone incipient spall and for reference, complete spal- 

ation (peak shock stress of 5.5 and 10.9 GPa, respectively). In 

oth cases ( Fig. 7 (A, B)), the spall pattern is atypical, i.e., it ex-

ibits multiple isolated cracks in a wide region, which are me- 

ndering in character and is not typical of spall planes generally 
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Fig. 7. Optical cross-sections composite images of spalled NC Cu-3Ta samples (A) 

incipient (peak stress of 5.5 GPa) and (b) complete spall (peak stress of 10.9 GPa). 
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bserved in ductile metals and metallic alloys. Spallation in met- 

ls and metallic alloys generally occurs along a single well-defined 

lane. This spall pattern may be indicative of the material’s abil- 

ty to disperse energy. In particular, the numerous spall planes, as 

ell as much smaller fracture sites, i.e., nano-fractures, dispersed 

hroughout the sample volume shown in Fig. 7 (A), suggest that 

he fracture is dominated by void nucleation, growth, and coales- 

ence. Given that the entire volume of larger incoherent Ta par- 

icles randomly dispersed throughout the volume of the sample 

s subjected to loading, the cracks nucleate heterogeneously. How- 

ver, as seen in Fig. 7 (B), i.e., at higher shock stress, failure appears

o be dominated more by the growth of cracks initated at Ta par- 

icles particles as opposed to nucleation a high density of cracks. 

urther, since the localization of fracture is decreased (as shown in 

ig. 7 (A, B)) along with an increase in the overall width of the spall

lane points towards an increase in the velocity dispersion. Gener- 

lly, the greater the meso-particle velocity dispersion is the greater 

 material’s ability to relieve micro-stresses is and thus leads to 

reater spall strength. During the impact loading, micro-stresses in 

he material decrease due to relaxation processes (heterogeneous 

icrostructures) revealing the higher spall strength. 

In other words, shock wave propagation through solids requires 

hat the entire volume, including its defects, will undergo shock 

ompression. The failure process is a probability of void nucleation, 

rowth, and coalescence occurring within this volume of defects. 

he vast majority of defects, grain boundaries, and phase bound- 

ries in NC Cu-Ta do not contribute to the void nucleation and 

rowth processes. The presence of the grain boundary volume ab- 

orbs the vast majority of defects during the shock compression 

hase. Therefore, during spallation, the tensile wave only interacts 

ith the limited volume of these large incoherent Ta particles be- 

ause of their limited presence due to the low solute content of NC 

u-3Ta. This is visually confirmed by observing Supplemental Fig. 

, where only one large Ta particle ( ∼ 500 nm in length) is present

ithin an area of ∼ 32 μm 

2 . Thus, if a nano-crack nucleates within 

he Ta particle ( Fig. 5 (J, K)), it would require a large enough stress

o propagate and grow. Furthermore, given the strain-rate insen- 

itivity and plasticity within the Cu matrix to relieve stress and 

train around these isolated fractured particles, this prolongs frac- 
10 
ure from occurring by requiring higher stress to grow those lim- 

ted features to a critical flaw size. This is supported by the SEM 

icrographs ( Fig. 5 A–D) showing cleaved Ta particles that are sur- 

ounded by dimpled regions of the Cu matrix. However, more fun- 

amental research is needed to address the role of mechanical pro- 

essing parameters to improve the spall strength of NC Cu-3Ta al- 

oys. If mechanical processing of NC Cu-3Ta alloys could be im- 

roved to remove all large incoherent Ta particles and precipitates 

eaving only atomic clusters in the microstructure, the material 

ay exhibit spall strengths more in line with single crystals. 

. Conclusions 

In this work, the shock, damage, and failure behavior of a bulk, 

table NC Cu-3Ta alloy was probed to elucidate the anomalous 

esponse of this nanocrystalline material under extreme dynamic 

onditions. Time-resolved in-situ and spall recovery experiments 

ere employed for this study. The bulk, stable NC Cu-3Ta alloy 

amples were shock compressed to stresses ranging from 4.3 to 

9.3 GPa, respectively, and advanced microstructural characteriza- 

ion techniques were used to study damage nucleation and accu- 

ulation as they relate to deformation mechanisms. The results 

eveal a significantly high HEL (2.0 GPa) and spall strength (1.19–

.67 GPa) compared to OFHC Cu along with negligible changes 

n the residual hardness and microstructure of the shock recov- 

red sample. The measured spall strength of this NC Cu-Ta alloy 

xhibits approximately a 2x increase compared to polycrystalline 

u. Further, STEM characterization indicates no increase in disloca- 

ion density and mechanical twinning after shock loading, i.e., sta- 

ilized NC alloys likely exhibit an unprecedented ability to resist 

igh defect (such as dislocation) accumulation and damage. This 

nomalous behavior in stable NC Cu-3Ta alloy can be attributed 

o the elimination/limitation of defects formed under shock con- 

itions coupled with a divergent strain-rate-insensitive behavior of 

ts main microstructural features. Overall, the present work high- 

ights the fact that if designed properly, some critical lower length- 

cale features including grain and phase boundaries may not con- 

ribute to the failure process thereby enhancing the spall strength. 

owever, more fundamental research is needed to address the role 

f processing parameters that could lead to a material with supe- 

ior spall strengths being more in line with single crystals. This 

esearch should serve as a starting point for the materials in a dy- 

amic environment community and perhaps, will open the door 

or further research studies into the exact atomic-scale mecha- 

isms at play. 
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