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a b s t r a c t 
It is well known that metals are strengthened by alloying additions or finely dispersed precipitates of a 
second phase. Here we show that alloying pristine, defect-free single crystalline nickel nanoparticles with 
iron results in a counter-intuitive softening due to randomly distributed solute (Fe) atoms and nano-size 
precipitates of the ordered Ni 3 Fe or Fe-rich phases. The Ni-Fe particles with Fe concentration of 0-50 at.% 
were synthesized by solid-state dewetting of Ni-Fe bilayer thin films deposited on a sapphire substrate. 
Ni-27Fe and Ni-50Fe particles exhibited a bimodal size distribution with small (111) and large (100) ori- 
ented particles. The solid solution softening was observed in all particles. The precipitation softening 
was observed in (100) oriented Ni-27Fe particles with uniformly distributed ordered Ni 3 Fe (L1 2 ) precip- 
itates. Fe-rich precipitates were found on the surfaces and near the edges of the highly alloyed Ni-50Fe 
particles, leading to even greater softening. Molecular dynamic simulations of particle deformation have 
demonstrated that the softening effect is associated with premature dislocation nucleation at sites with 
a local stress concentration caused by the randomly distributed solute atoms. This work illustrates how 
the classical hardening mechanisms operating in bulk materials can be manipulated and even reversed in 
defect-free single-crystalline metal nanoparticles whose plastic deformation is controlled by dislocation 
nucleation. 

© 2022 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved. 
1. Introduction 

It is well established that plastic deformation mechanisms in 
the metal samples of submicrometer dimensions are different from 
those in bulk metals [ 1 , 2 ]. The change in the deformation mecha- 
nisms is often discussed in terms of scarcity of dislocation sources 
and proximity of free surfaces where dislocations can annihilate or 
escape [ 3 , 4 ]. In contrast to bulk metals, where the motion of preex- 
isting dislocations controls the deformation, the plasticity of pris- 
tine single crystals without preexisting dislocations is controlled by 
stress-induced nucleation of new dislocations [5] . The nucleation 
of new dislocations requires much higher stresses than for acti- 
vating existing dislocation sources or moving existing dislocations 
through obstacles [4] . Recent examples showing different mechan- 
ical responses in small samples include the strength dependence 

∗ Corresponding authors 
E-mail addresses: ymishin@gmu.edu (Y. Mishin), erabkin@technion.ac.il 

(E. Rabkin) . 
1 Now at: Data Science Group, 30 Haarba’a street, Tel Aviv, Israel 

on the sample shape [6–9] , phase transformations during deforma- 
tion [10] , metastable phase formation [11] , and the effect of alloy- 
ing [12] and surface modifications on the strength [ 13 , 14 ]. 

Fabricating defect-free metallic structures is challenging be- 
cause defects naturally form during crystal growth or are intro- 
duced during the Focused Ion Beam (FIB) machining [15] . The 
exposure of defect-free single-crystalline samples to ion beams 
leads to softening. Plastic deformation becomes more homoge- 
nous without strain bursts which are “signatures” of nucleation- 
controlled plasticity [16–18] . Metallic nanoparticles obtained by 
solid-state dewetting are typical defect-free structures displaying 
a high compressive strength close to the theoretical limit [17–21] . 
These high-strength particles could be of interest in many appli- 
cations, such as additives in coatings, composites materials, pol- 
ishing suspensions, and lubricants [22] . Moreover, with the elas- 
tic limit comparable to that of bulk superelastic alloys (11 %) and 
much higher strength, such particles are excellent candidates for 
spring elements and contacts in microelectromechanical systems. 
Pristine nano- and microparticles of face centered cubic (FCC) and 
body centered cubic (BCC) metals demonstrate similar deformation 
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behavior, with load-displacement curves displaying an elastic load- 
ing segment up to very high strains ( ∼ 0.2) followed by a sudden 
catastrophic failure. The atomistic molecular dynamic (MD) simula- 
tions helped understand the deformation mechanisms responsible 
for the high strengths [ 19 , 20 ]. 

Most of the previous investigations on plastic deformation of 
defect-free particles focused on the shape and size dependence 
of the strength in pure metals [ 4 , 18-21 ]. The size effect on the 
strength of single-crystalline faceted particles was discussed in 
terms of the stress gradient along different active slip planes 
determined by MD and finite element simulations. The particle 
shape effect on the strength was also explored [22–25] , show- 
ing that rounded edges and corners can significantly reduce the 
stress concentration and increase the particle strength. The ultra- 
high strength of Ni (34 GPa) [19] and Mo (46 GPa) [20] particles 
with rounded edges was explained by heterogeneous dislocation 
nucleation at the particle edges and homogenous nucleation in the 
particle interior. The experimental results were supported by MD 
simulations, which revealed that the edge blunting by gradual re- 
moval of high-energy atoms from the edges of low index facets 
eliminated the most favorable sites for heterogeneous dislocation 
nucleation and led to homogenous nucleation in the particle inte- 
rior [ 19 , 26 ]. 

In this work, we address the question of whether the traditional 
strengthening strategies employed in the classical metallurgy can 
be utilized to further increase the strength of pristine single- 
crystalline metallic particles. The classical strategies include solid 
solution strengthening [27] , precipitation strengthening [28] , the 
Hall-Petch (grain-size) strengthening [29] , grain boundary engi- 
neering [30] , and the tailoring of gradient microstructures [ 31 , 32 ]. 
Significant improvements in strength and strength-ductility trade- 
off have been achieved, although the strength of bulk materials re- 
mains far below the theoretical limit. The most common approach 
is solid-solution strengthening, in which the solute atoms act as 
pinning sites to hinder or block the dislocation motion. By contrast, 
it was recently shown that adding solutes to defect-free nanopar- 
ticles may cause their softening rather than strengthening. This in- 
verse effect was interpreted as the impact of solute atoms on the 
dislocation nucleation. In two separate studies, Zou et al. [12] and 
Bisht et al. [33] concluded that the softening is caused by easier 
dislocation nucleation at the surface. The solute atoms can facili- 
tate the nucleation either due to the misfit coherency strain cre- 
ated by surface segregation in a thin film or due to solute-induced 
statistical variations of the local resolved shear stress in the near- 
surface region in nanoparticles. At the same time, no definitive 
conclusion could be drawn on the effect of Au alloying on the com- 
pressive strength of pristine Ni particles [34] . 

Another common approach to improving the strength of bulk 
alloys is precipitation strengthening, in which dislocation interac- 
tion with second-phase precipitates and their elastic strain field 
leads to substantial hardening of the alloy. The improvement in 
strength depends on the type of precipitate-matrix interface and 
the size and distribution of the precipitates [35] . The influence of 
precipitates on the dislocation nucleation-controlled plasticity and 
plastic deformation in defect-free nanoparticles has not been ex- 
plored. 

Long-range chemical order usually leads to an increase in hard- 
ness and flow stress of bulk alloys, which is reflected in the 
term “order hardening” coined to describe the phenomenon [36] . 
The hardening effect increases with decreasing size of antiphase 
domains in the ordered structure [ 36 , 37 ]. Several experimental 
and computational studies have addressed the strength of pristine 
Ni 3 Al nanoparticles with the ordered L1 2 structure [ 17 , 26 , 38 , 39 ]. 
However, because this alloy is fully ordered up to the melting tem- 
perature, the long-range order contribution to strength cannot be 
probed. To the best of our knowledge, the effect of order-disorder 

phase transformations on the strength of defect-free single crystal 
particles under uniaxial compression has not been explored. 

Here, we study the effect of Fe addition on the morphology and 
strength of Ni-rich Ni-Fe particles. Ni-Fe is selected as a model sys- 
tem for the following reasons. Ni and Fe are fully miscible, form- 
ing an FCC solid solution at temperatures above 517 °C [40] . A first 
order order-disorder phase transformation occurs near the Ni 3 Fe 
composition. Two-phase polycrystalline Ni 3 Fe alloys with fine do- 
mains of the L1 2 -ordered phase in a disordered matrix exhibit 
higher yield stress than fully ordered alloys [41] . The Ni-50Fe alloy 
is expected to be in a two-phase state at room temperature, yet 
the transformation temperature is so low (347 °C) that no homoge- 
neous precipitation of the Fe-rich phase is observed upon cooling 
from higher temperatures. However, heterogeneous nucleation of 
the Fe-rich phase might occur at the corners and edges of faceted 
particles, similar to the earlier observations by Amram et al. in Au- 
Fe particles obtained by solid state dewetting [42] . Since the dislo- 
cation nucleation also occurs at the particle corners and edges, the 
mechanical behavior of the particles can be significantly affected 
by such precipitates. 
2. Experimental and modeling methods 
2.1. Sample fabrication 

Four different bilayer films with target chemical compositions 
Ni 1-X -Fe X (X = 0, 20, 27, and 50 at.%) were deposited on a single- 
crystalline (0 0 02) sapphire substrate ( Fig. 1a ). Before the deposi- 
tion, the substrate wafer was cleaned with acetone, ethanol, iso- 
propanol, and de-ionized water. The deposition was carried out in 
an ultra-high vacuum chamber with a base pressure of 5.0 × 10 −7 
Torr at a deposition rate of ∼ 0.5 Å/s. The individual Ni and Fe 
layer thicknesses were adjusted to achieve the desired alloy com- 
positions while keeping the total film thickness constant at ∼
27 nm. The films were annealed in a resistive tube furnace GSL- 
1500X-OTF (MTI corporation) under high purity forming gas atmo- 
sphere (Ar-10% H 2 ). A cleaned bare sapphire substrate was placed 
between the sample and the quartz boat to avoid contamination 
during the annealing. The dewetting was carried out at the anneal- 
ing temperature of 1050 °C for 12 hours ( Fig. 1b ). The heating and 
cooling rate was kept low at 2 °C/min to achieve complete inter- 
mixing of the layers. The film compositions in the phase diagram, 
the annealing temperature, and the annealing protocol are shown 
in Fig. 1 (b,c). 
2.2. Sample characterization 

The morphology of the dewetted particles was characterized 
by high-resolution scanning electron microscopy (HRSEM, Zeiss 
Ultra-Plus). The high-resolution micrographs were acquired us- 
ing a secondary electron detector (SE) at an acceleration volt- 
age of 4 keV. The height and surface topography of the parti- 
cles was examined by atomic force microscope (AFM; Park Sys- 
tems XE-70) in a tapping mode using Si tips (NSG30; NTMDT). 
The height and cross-sectional area of individual particles were 
analysed with ImageJ and XEI software for SEM and AFM im- 
ages, respectively. X-ray diffraction measurements (Rigaku Smart- 
lab) were performed on the dewetted samples with CuK α radia- 
tion and parallel beam optics. The instrument was equipped with 
a Germanium 2 bounce monochromator to remove the K α1 and K β
contributions from the source. The location-specific cross-sectional 
lamella preparation of the dewetted particles was carried out in an 
FEI Helios Nanolab G3 Dual-beam FIB. The conventional and high- 
resolution scanning/transmission electron microscopy of the sam- 
ples was performed in aberration-corrected Themis G2 300 TEM 
operating at 300 keV. For chemical analysis, elemental distribution 
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Fig. 1. Synthesis of defect-free faceted Ni-Fe particles by solid-state dewetting. (a) Schematic of the stack of two as-deposited layers. (b) Section of the binary Ni-Fe phase 
diagram indicating the range of compositions and annealing conditions implemented in this work. (c) Heat treatment protocol used for the dewetting of the films. 
maps were recorded using energy-dispersive X-ray spectroscopy 
(EDS) in the scanning transmission electron microscopy (STEM) 
with a Super-X TM system composed of four silicon detectors. The 
micromechanical compression experiments were performed with 
an in-situ Hysitron PI85 picoindenter equipped with a 1 µm di- 
amond flat punch tip. The load-displacement data was acquired in 
a displacement-controlled mode with the displacement rate main- 
tained at 1 nm/s. Secondary electron images with low current dose 
conditions were recorded before and after the compression test to 
ensure single particle compression at a time. 
2.3. Atomistic simulations 

The atomistic simulations employed the angular-dependent po- 
tential (ADP) for the Ni-Fe system [43] . ADP interatomic poten- 
tials are based on the embedded-atom method and additionally in- 
clude bond-angle-dependent interatomic interactions [43] . The MD 
simulations employed the Large-scale Atomic/Molecular Massively 
Parallel Simulator (LAMMPS) package [44] . Temperature was con- 
trolled by an Anderson thermostat, and the time integration step 
was chosen to be 3 fs. Semi-grand canonical Monte Carlo (MC) 
simulations were performed to create equilibrium chemical order 
in Ni 3 Fe particles using the Parallel Grand Canonical Monte Carlo 
(ParaGrandMC) code [45] . The atomic structure of the particles at 
the different stages of the simulations was visualized using OVITO 
tool [46] . 

Chemical ordering in the particles was characterized by a long- 
range order parameter X defined by two methods. In one method, 
X was defined by the equation 
X = 1 − 4 N Ni 

F e , (1) 
where N Ni 

F e is the atomic fraction of the Fe atoms in the Ni sites. As 
a cross-check, X was also computed by a second method employing 
the equation 
X = 1 − 4 / 3 N F e Ni , (2) 
where N F e 

Ni is the atomic fraction of the Ni atoms in the Fe sites. 
Both order parameters vary between 0 (disordered state) and 1 
(perfect long-range order). 

The order-disorder phase transformation temperature in Ni 3 Fe 
predicted by the ADP potential was found by calculating the equi- 
librium long-range order parameter as a function of temperature, 
T , in the interval between 700 and 900 K. The MC simulations uti- 
lized a cubic periodic block containing 13,500 atoms. After the sys- 
tem reached thermodynamic equilibrium, the order parameter X at 

the chosen temperature was obtained by averaging over 60 0 0 MC 
steps per atom. From the function X ( T ) obtained (see Fig. S1 in the 
Supplementary File), the transformation temperature was found to 
be about 845 K, which is in good agreement with the experimen- 
tal Fe-Ni phase diagram. Accordingly, the temperatures of 900 K 
and 700 K were chosen for the subsequent study to represent the 
disordered and ordered states of the Ni 3 Fe phase. 

Visualization of dislocations in the ordered L1 2 structure is a 
non-trivial task, especially for moving dislocations at finite temper- 
atures. The most common dislocations in L1 2 structures are < 110 > 
screw superdislocations, which are dissociated into (1/2) < 110 > su- 
perpartials separated by an antiphase boundary (APB) on a {1 1 1} 
plane. In turn, each superpartial can dissociate into Shockley par- 
tials separated by a complex stacking fault (CSF). Alternatively, the 
superdislocation can dissociate into (1/3) < 211 > Kear superpartials 
bounding a superlattice intrinsic stacking fault (SISF). Thus, a full 
characterization of the dislocation cores requires the ability to vi- 
sualize the APB, CSF and SISF planar faults. In this work, we de- 
veloped an algorithm for detecting and visualizing planar faults in 
L1 2 structures by assigning a species-dependent order parameter 
to each atom according to the number of asymmetric bonds. This 
order parameter enabled us to discriminate between the different 
types of the planar fault and visualize them accordingly. Technical 
details of the parameter can be found in the Supplementary File. 

Single-crystalline faceted Ni particles of an equilibrium Wulff
shape were created using the surface energies of different surface 
orientations calculated with the ADP potential (2.005, 2.172 and 
2.329 J/m 2 for the {111}, {100} and {110} surfaces, respectively). 
Particles of different sizes but the same Wulff shape were carved 
out of a large cube of perfect FCC Ni. The as-carved particles exhib- 
ited sharp facet edges that could cause unrealistically strong stress 
concentration in the compression tests [ 7 , 19 ]. Therefore, we per- 
formed the edge rounding procedure [ 19 , 33 ], in which atoms with 
the highest energy were incrementally removed from the parti- 
cle surface. The particle energy was minimized by the molecular 
statics method after each increment of this “virtual surface etch- 
ing” process. The process was repeated until the particle shape be- 
came similar to the typical shape of the experimental particles (see 
Fig. S2 in Supplementary File). This procedure produced a set of 
faceted Ni particles of different sizes with properly rounded edges. 

Ni 3 Fe particles were created using the pure Ni particles as tem- 
plates and filling their shapes with the Ni 3 Fe structure. All particles 
obtained were then equilibrated by long MC simulations at 900 K 
for pure Ni and disordered Ni 3 Fe phase, and at 700 K for the or- 
dered Ni 3 Fe phase. After the MC anneals, the particles were cooled 
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down to room temperature (300 K) for mechanical testing. When 
discussing the size dependence of the particle strength, we use the 
initial (pre-test) particle diameter defined as the average value of 
the largest distance between surface atoms in the x and y direc- 
tions. 

The particles were deformed in compression at the tempera- 
ture of 300 K by placing them between two virtual harmonic walls 
representing the indenter and the substrate. The position of the 
lower wall representing the substrate was fixed, while the upper 
wall representing the indenter was moved towards the particle 
along the z -axis with the velocity of 1 m/s. This process simu- 
lated the displacement-controlled conditions implemented in the 
experiments. The simulations implemented non-periodic “shrink 
wrapped” boundary conditions in which the faces of the simula- 
tion box could change to always to encompass the atoms in the 
three spatial dimensions. Before starting the compression, the par- 
ticle was thermalized at 300 K by a 75 ps MD run. 

The interaction energy between the atoms and the walls is 
given by 
E = k ( z − z c ) 2 (3) 
where k is a force constant, z is the difference of z -coordinates of 
the atom and the current wall position, and z c is a cut-off distance 
beyond which the atoms no longer interact with the wall. As was 
shown in the previous work [19] , a good quantitative agreement 
between MD results and the experimental microcompression tests 
can be achieved by adjusting the wall “softness” to account for the 
relatively soft layer of native Ni oxide. In this work, the simulations 
were performed for two types of walls: “hard” and “soft”, corre- 
sponding to the effective elastic moduli of 500 GPa and 100 GPa, 
respectively. The elastic modulus Y is related to the force constant 
k and the cutoff distance z c by the equation Y = 2 kz c / A , where 
A = a 2 √ 

3 / 4 and A = a 2 / 2 are the surface areas per atom for the 
(111) and (100) orientations, respectively. Thus, k and z c can be ad- 
justed to achieve the desired hardness/softness. 

The engineering strain of the particle was computed by divid- 
ing the current distance between the walls (i.e., between the in- 
denter and the substrate) by the equilibrium distance when they 
were a distance z c away from the particle surfaces. The engineer- 
ing compressive stress was obtained by σ = F /A 0 , where F is the 
total force exerted on the wall and A 0 is the initial area of the top 
surface in contact with the wall. The stress distribution inside the 
particle was represented by the virial stress tensor computed by 
LAMMPS. 

The compressive strength of the particle was extracted from the 
engineering stress–strain curve as the height of the first peak. The 
critical resolved shear stress (CRSS) was computed by multiplying 
the strength σ by the Schmid factor for the symmetrically equiv- 
alent (111) planes (excluding the top and bottom planes for the 
(111)-oriented particles). 
3. Results 
3.1. X-ray diffraction and Ni-Fe diffusional intermixing 

The out-of-plane θ-2 θ XRD scans for the films annealed at 
1050 °C for 12 h are shown in Fig. 2 . The X-ray diffraction analysis 
indicates the presence of (111) preferred orientation in all samples 
irrespective of their composition. The data reveals complete inter- 
mixing of the bilayers and the formation of single-phase particles 
after thermal annealing. The bulk interdiffusion coefficient in the 
Ni–Fe system is given by the Arrhenius equation 
D Ni 

F e = D 0 e −Q/RT , (4) 
where D 0 = 3.9 ×10 −5 m 2 /s and Q = 254.9 kJ/mol for the equiatomic 
Ni-Fe alloy [47] . Using these parameters, the average diffusion dis- 
tance ∼√ 

Dt during the anneal is ∼12 µm, which is well above the 

initial bilayers thicknesses (27 nm). In addition, diffusion is further 
accelerated by twin boundaries and large-angle grain boundaries 
in the as-deposited layers [48] . Thus, the anneal should result in 
complete intermixing of the layers and single-phase XRD peaks. 
The systematic shift in (111) reflection towards the lower angle 
(2 θ ) with increasing Fe concentration is attributed to the solid- 
solution formation and increase in the d -spacing. This increase is 
in line with the concentration dependence of the lattice parameter 
of bulk Ni-Fe alloys ( Fig. 2 b). The XRD spectra of Ni-27Fe and Ni- 
50Fe samples display additional peaks from (200) oriented parti- 
cles. The second-order (400) reflection shown in Fig. 2(c) indicates 
the presence of a doublet instead of a single reflection. The over- 
lapping peaks could result from either tetragonal distortion in the 
particles to maintain the epitaxial relationship with the substrate 
or from the presence of ordered precipitates in the particles. Note 
that no doublet or overlapping peaks are observed in second-order 
(222) peaks (Fig. 2(d)). 
3.2. Effect of composition on particles morphology 

The HRSEM micrographs of the nanoparticles of different com- 
positions formed after complete dewetting are shown in Fig. 3 (a- 
d). The Ni and Ni-20Fe particles exhibit a truncated octahedron 
morphology with the upper hexagonal facet parallel to the sub- 
strate. This morphology is typical for FCC metallic particles with 
(111) out-of-plane orientation ( Fig. 3 (e,f)). Since these particles 
were formed by a long anneal at a high homologous temperature 
(0.77 T M, where T M is the melting point of Ni), they are single- 
crystalline without any signs of high-angle grain boundaries or 
twin boundaries. 

The Ni-27Fe and Ni-50Fe particles show a bimodal size distri- 
bution with (111) oriented small particles and (100) oriented large 
particles ( Fig. 3 (c,d)). The HRSEM images in Fig. 3 (g,h) show that 
most (111) oriented small particles have reached equilibrium crys- 
tal shape (ECS) with a similar arrangement of facets, irrespective 
of the composition. However, most (100) oriented large particles 
remain elongated parallel to the substrate and far from their ECS. 
The geometrical parameters of (111) particles for different compo- 
sitions are shown in Fig. S3 of Supplementary Material. The large 
scatter in data indicates that most of the particles formed after 
solid-state dewetting are far from their ECS. The particles with 
such a low aspect ratio resemble small patches of thin films and 
are not suitable for micromechanical testing. Therefore, several lo- 
cations were scanned with AFM to select the particles having an 
aspect ratio (height/diameter) suitable for nanomechanical testing. 
Here, for reference, we are using the results of Meltzman et al. for 
the ECS of Ni particles [50] , according to which the aspect ratio for 
most of the equilibrated Ni particles on (0 0 02) sapphire substrate 
ranges from 0.7 to 1.0. 

While the morphology and facet arrangement in Ni-27Fe and 
Ni-50Fe particles are similar ( Fig. 4 ), the Ni-50Fe particles dis- 
play signs of precipitation. The small precipitates are uniformly 
distributed on the surfaces and edges of the particles, irrespec- 
tive of their shape and orientation (indicated by arrowheads in Fig. 
4(b,d)). The arrangement of the facets remains unaffected by these 
precipitates. The high magnification HRSEM image of the faceted 
(111) particle is compared with the simulated model of a fully 
faceted particle (Fig. 4(f)) obtained with WinWULFF freeware [51] . 
The relative energies of the different surfaces were adjusted to 
achieve the best agreement with the experimentally observed par- 
ticle morphology. The following facets were identified: {111}, {010}, 
{120}, {011} and small {240} facets, with the Ni-Fe (111) || Al 2 O 3 
(0 0 02) orientation relationship to the substrate as confirmed by 
XRD ( Fig. 2 ). The facet analysis of (100) oriented particles shown 
in Fig. 4(e) indicates that most of the fundamental low index facets 
are still present in the particles. However, {131} facets are absent, 
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Fig. 2. XRD scans of particles formed after annealing for 12 h at 1050 °C. (a) Out-of-plane X-ray data showing preferred (111) orientation in Ni and Ni-20Fe particles. The 
Ni-27Fe and Ni-50Fe samples show (111) and (100) orientations. Gradual shift of the (111) reflection towards lower 2 θ angles with increasing Fe concentration confirms the 
solid solution formation. (b) Lattice parameters calculated from XRD data compared with lattice parameters from bulk samples. (c) HR-XRD data showing the peak splitting 
(initial indication of phase separation) of (400) reflections from Ni-27Fe and Ni-50Fe particles and deconvoluted profiles fitted over the measured profiles using the Fityk 
Peak analysis program [49] . (d) HR-XRD data showing (222) reflections with no peak splitting from Ni-27Fe and Ni-50Fe particles. 
and the relative surface area of the {120} and {110} facets is differ- 
ent from that in the (111) particles. 

The structural analysis of the ensemble of particles by XRD 
measurements is further confirmed by TEM analysis on TEM 
lamella prepared through the center and aligned with symmetry 
planes of an individual particle. The conventional bright-field (BF) 
image and selected area electron diffraction pattern (SAED) for a 
(100) oriented Ni-27Fe particle are shown in Fig. 5 a and b, respec- 
tively. The BF image displays {111}, {200}, {110} and {120} facets, in 
agreement with in the model shown in Fig. 4 e. The SAED pattern 
displays fundamental reflections and superlattice reflections corre- 
sponding to the [001] zone axis pattern ( Fig. 5 b). The superlattice 
reflections indicate the presence of long-range L1 2 order in the 
particle. The dark field image collected from (010) reflection shows 
uniformly distributed fine precipitates of ∼5 nm in size (indicated 
by arrows in Fig. 5 c). A similar analysis has been performed for 
(111) oriented Ni-27Fe particles prepared along the [011] zone axis. 
The orientations analysis reveals the presence of {111}, {110}, {100}, 
and {112} facets ( Fig. 5 f). The SAED pattern obtained along the 

[011] zone axis exhibits sharp diffraction spots typical for single- 
crystalline particles without superlattice reflections ( Fig. 5 g). 

The elemental maps (Fig. 5(d,h) confirm the chemical homo- 
geneity of both particles with no signs of segregation on the sur- 
face or the particle-substrate interface. The EDS line profile shows 
that the average chemical composition of particles is Ni-Fe27 (at.%) 
irrespective of the orientation ( Fig. 5 e,i). The average Fe concentra- 
tion in the particles is close to the initial stack’s composition be- 
fore the heat treatment. 

A similar analysis has been performed for Ni-50Fe particles pre- 
pared in different zone axis conditions. The BF micrograph and 
SAED pattern for a (100) oriented Ni-50Fe particle are shown in 
Fig. 6 (a,b). The BF micrograph displays the presence of sharp facets 
and small precipitates on the (111) facets. The SAED pattern ex- 
hibit sharp diffraction spots typically observed in single-crystalline 
particles. Although the HRXRD analysis shows peak splitting in 
the (400) reflection similar to the Ni-27Fe particle, no superlat- 
tice reflections are observed in this case. The S/TEM EDS ele- 
mental map shown in Fig. 6 (d) indicates that the precipitates are 
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Fig. 3. FE-SEM micrographs of the defect-free single-crystalline (a) Ni, (b) Ni-20Fe, (c) Ni-27Fe, and (d) Ni-50Fe particles obtained by dewetting of bilayer thin films. The Fe 
concentration increases from left to right. Higher magnification images show distinct facets and morphology of (a) Ni, (b) Ni-20Fe, (c) Ni-27Fe, and Ni-50Fe particles. The 
small (111) and large (100) particles can be seen in Ni-27 (g) and Ni-50Fe (h) samples. 

Fig. 4. High-magnification SE image showing (a,b) Ni-27Fe and (c,d) Ni-50Fe particles with (111) and (100) orientations. The facet arrangement is the same for both compo- 
sitions. Ni-50Fe particles display fine precipitates on the surfaces and edges (indicated by arrows). (e,f) The model ECS of (100) and (111) particles generated by WinWulff

software. 
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Fig. 5. S/TEM characterization of Ni-27Fe nanoparticles fabricated by solid-state dewetting. (a) Bright-field (BF) image of the (100) oriented particle along the [001] imaging 
direction. (b) SAED pattern containing fundamental and superlattice reflections. (c) Dark-field image from the superlattice reflection showing L1 2 precipitates distributed 
uniformly within the particle. (d) S/TEM EDS elemental map showing the protective Pt layer, Ni-Fe particle, and sapphire substrate (the vertical arrow indicates the location 
for EDS line scan for quantitative analysis). (e) Concentration profile along the line. (f,g) BF image of Ni-27Fe (111) oriented particle seen along [011] direction and SAED 
pattern showing only fundamental reflections. (h, i) S/TEM elemental distribution maps and concentration line profiles along the line indicated in the elemental map. 

Fig. 6. S/TEM characterization of Ni-50Fe nanoparticles produced by solid-state dewetting. (a) BF image of (100) particle showing the precipitates P1 and P2 on the facets. 
(b) SAED pattern along [011] zone axis. (c) S/TEM EDS elemental maps showing Fe-rich precipitates and arrows for elemental line scans. (d,e,f) Concentration line profiles 
from the particle and precipitates P1 and P2. 
iron-rich, which is further confirmed by acquiring EDS line scans 
across the precipitates ( Fig. 6 (e,f)). The particle interior exhibits 
a uniform composition with no signs of elemental segregation. 
The EDS line scan across the particles shows the Ni/Fe ratio of 
47/53, which is slightly higher in Fe content than the composi- 
tion of the original stack (Ni/Fe: 50/50). The slight surplus of Fe 
could be an artifact caused by a weak background signal from the 
sample holder. A measurable concentration gradient is observed in 

the vicinity of the P2 precipitate. The TEM BF image, SAED pat- 
tern, and S/TEM chemical analysis of (111) oriented Ni-50Fe parti- 
cle is shown in Supplementary Fig. S4. The BF image of this parti- 
cle displays a similar facets arrangement as observed in the (111) 
oriented Ni-27Fe particle. The SAED pattern exhibits sharp diffrac- 
tion spots indexed with [112] zone axis pattern. The S/TEM EDS 
maps and composition line profile indicate a homogenous Ni/Fe 
ratio of 46/54. Again, the composition is slightly Fe rich and can 
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Fig. 7. Nanomechanical testing of Ni and Ni-Fe particles. Engineering stress-strain curves for (a) Ni, (b) Ni-27Fe, (c) Ni-50Fe, and (d) Ni-20Fe (111) oriented particles. (e-f) 
Engineering stress-strain curves for Ni-27-Fe and Ni-50Fe particles with (100) orientation. All particles show large elastic deformation followed by catastrophic failure typical 
for dislocation nucleation controlled plasticity. 
be explained by a weak background contribution from the sample 
holder. 
4. In-situ micromechanical compression behavior 

The compression strength of the particles was measured by in- 
situ micro-compression experiments in SEM. For a better compari- 
son, only particles close to their equilibrium shape were selected 
for testing. The load-displacement curves shown in supplemen- 
tary Fig. S5 display a purely elastic deformation up to large dis- 
placements in the range of 10-25% of the original particle height. 
The onset of plastic deformation can be seen as an abrupt strain 
burst due to a catastrophic failure, which is typical for nucleation- 
controlled plasticity in single-crystalline metallic particles. Note 
that the amplitude of displacement burst in (100) oriented parti- 
cles is consistently smaller than in (111) oriented particles of the 
same composition and similar size. In all cases, however, the par- 
ticle collapsed into pancake-like flat disks. 

The load-displacement data were converted into engineering 
stress-strain curves to compare the strength of particles of differ- 
ent sizes, see Fig. 7 (a-f). The engineering stress is determined by 
dividing the load by the top facet area in contact with the punch. 
The engineering strain is obtained by dividing the displacement of 
the indenter by the initial particle heights. It should be noted that, 
because of the indenter compliance and elastic deformation of the 
substrate, the actual strain of the particle is generally lower than 
the calculated engineering strain. The stress-strain curves obtained 
show a clear scaling effect, with smaller particles being stronger 
than the larger for all chemical compositions and orientations. The 
particle’s compressive strength σ is defined as the value of the 
engineering stress at the onset of the catastrophic failure (strain 
burst). 

Fig. 8 displays the compressive strength as a function of par- 
ticle’s effective diameter (defined as the square root of pro- 
jected area) for different chemical compositions. To compare the 
strengths of (111) and (100) oriented particles, the σ values were 
converted to the CRSS τ for the {111} 〈 110 〉 slip system and are 

Fig. 8. A summary plot of the CRSS as a function of particle’s diameter for different 
chemical compositions. Note the softening trend with increasing Fe concentration. 
The results are compared with the lower and upper bounds of theoretical strength 
of Ni obtained by first-principles calculations [53] and the Frenkel model [52] for 
the {111} < 112 > slip and {111} < 110 > slips, respectively (gray zone). 
plotted as a function on particle diameter in Fig .8 . The size de- 
pendence of the strength was fitted with the inverse power law 
σ = Ad −n ( A is a constant). The size exponents n for Ni, Ni-20Fe, 
Ni-27Fe and Ni-50Fe (in the latter two cases for both particle ori- 
entations together) were found to be 0.7 ±0.07, 1.0 ±0.2, 1.1 ±0.1 and 
1.1 ±0.3, respectively (Fig. S6). 

The maximum CRSS observed in the smallest particles (diam- 
eter < 300 nm) is around 10 GPa, which is very close to the 
theoretical shear strength of Ni predicted by Frenkel [52] and by 
first principles calculations [53] for {111} < 110 > full dislocations 
and {111} < 112 > partial dislocations (indicated by the shaded gray 
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Fig. 9. Demonstration of the solid solution and precipitation softening effects. (a) CRSS versus Fe concentration for groups of particles of comparable size selected from 
the summary plot in Fig. 8 . A monotonous softening trend with the alloying is observed irrespective of the particle size. (b) Resolved shear stress versus strain for Ni-27Fe 
particles for three pairs of particles with the (111) and (100) orientations and similar diameters. The partially ordered (100) particles exhibit the precipitation softening 
effect. 
region in Fig. 8 ). The trend for the particle softening with Fe addi- 
tion is apparent and agrees with the recently observed solid solu- 
tion softening in Ni-Co particles [33] . Moreover, some indications 
of solid solution softening were found in Ni-Au particles produced 
by solid state dewetting, although no definitive conclusion could 
be drawn because of high scatter of the measured strength val- 
ues [34] . The solid solution softening effect is further illustrated in 
Fig. 9a by comparing the CRSS values for different Fe concentra- 
tions and sizes ( Fig. 9a ). 

One of our goals was to evaluate the long-range ordering ef- 
fect on the particle strength. A direct comparison of the strength 
of disordered and partially ordered Ni-27 particles is difficult be- 
cause there is little size overlap between the two particle popu- 
lations. The (100) Ni-27Fe particles with ordered L1 2 precipitates 
are, on average, significantly larger than the disordered (111) parti- 
cles. Still, we picked up three (100) oriented particles for which the 
(111) oriented counterparts of comparable size could be found. A 
comparison of the resolved shear stress vs. strain curves is shown 
in Fig. 9b . The significantly smaller CRSS in partially ordered parti- 
cles lends credibility to the hypothesis that the small ordered pre- 
cipitates cause particle weakening. 

The weakening of the particles of both (111) and (100) orienta- 
tions is especially strong for the Ni-50Fe composition. This strong 
weakening can be attributed to the combined effect of solid solu- 
tion and precipitate softening. Unfortunately, the size overlap be- 
tween the (100) and (111) oriented particles, with the (100) parti- 
cles being larger, was insufficient for drawing meaningful conclu- 
sions about the orientation effect on the particle strength. 
5. Simulated compression behavior 

Fig. 10 summarizes the simulation results for 268 Ni and Ni 3 Fe 
nanoparticles tested in this work. The dataset includes the par- 
ticles with four different sizes tested with hard and soft walls 
representing the indenter and the substrate. The common trend 
found across the entire dataset is the size dependence of the 
strength, with smaller particles being stronger than larger ones. 
This trend is consistent with the available experimental literature 
on the compression of pristine single-crystalline faceted particles 

[ 4 , 19 , 20 , 26 , 33 , 34 ] and the experimental results of the present work 
(cf. Fig. 8 ). 

During the compression, all particles first exhibited elastic de- 
formation up to a few percent of strain followed by an abrupt 
drop of stress caused by dislocation nucleation at one of the sur- 
faces contacting the walls. Typical stress-strain curves are shown in 
Fig. 11 for 30 nm particles compressed by a hard indenter. The first 
stress drop is followed by a series of secondary peaks, which for 
the (111) surface orientation have a significantly larger amplitude 
than for the (100) orientation. Furthermore, the first-peak stress is 
systematically higher for the (111) orientation than for the (100) 
orientation across all particles tested. The difference can be largely 
attributed to the different Schmid factors of the two orientations: 
the respective CRSS values are similar within the scatter of the 
data points ( Fig. 10 ). 

It is important to note that the strength of the ordered Ni 3 Fe 
particles is consistently higher than that of disordered particles 
of the same orientation and size. This result is consistent with 
the empirical “order hardening” trend in bulk materials [36] . 
Fig. 11 shows that when tested with hard walls, the Ni and or- 
dered Ni 3 Fe particles exhibit a comparable CRSS, whereas the dis- 
ordered Ni 3 Fe particles are significantly weaker. When tested with 
soft walls, the (111) oriented Ni particles are somewhat stronger 
than the ordered Ni 3 Fe particles, while for the (100) orientations, 
the respective CRSS values are similar. But even with soft walls, 
the disordered Ni 3 Fe particles are the weakest of all three groups. 
This finding provides another example of the solid solution weak- 
ening effect in nucleation-controlled plasticity [33] . At the same 
time, the simulations reveal that the solute weakening rule is not 
followed when the alloying creates a chemically ordered phase. As 
already mentioned, the Ni 3 Fe alloy particles with long-range order 
are nearly as strong as the pure Ni particles. This finding is at vari- 
ance with our experimental results (see Figs 8 and 9 ). The reason 
for this apparent contradiction will be explained in the next sec- 
tion. 

Numerous MD snapshots were examined to understand the dis- 
location nucleation mechanisms. Such mechanisms were qualita- 
tively similar in Ni and the disordered Ni 3 Fe particles. In (111)- 
oriented particles, the first surface nucleation of a leading Shockley 
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Fig. 10. Summary of simulated compression test results. (a,b) compressive strength; (c,d) CRSS. The particles were tested by (a,c) soft walls and (b,d) hard walls representing 
the indenter and the substrate. Note the logarithmic scales of both axes. The dotted lines are power-law fits to the data. Small symbols represent individual tests, large 
symbols are the respective averages. 
partial dislocation was immediately followed by the nucleation of 
a trailing one, injecting a full dislocation into the particle interior 
(see Fig. S7a in Supplementary File). In Ni particles, this nucle- 
ation event was immediately followed by multiple nucleations of 
additional dislocations, causing a dislocation avalanche and a sig- 
nificant stress drop. In disordered Ni 3 Fe particles, the formation of 
the first full dislocation was well separated in time from the sub- 
sequent nucleation events. Also, the dislocations were often pinned 
at some points by forming a short Lomer-Cottrell dislocation seg- 
ment (see Fig. S8 and Supplementary Movie M1). Such segments 
could but were not observed to create an active Frank-Read source. 
In (100)-oriented particles, the leading partial propagated a signifi- 
cant distance into the particle before a trailing one nucleated, leav- 
ing behind an extended stacking fault (SF) (Fig. S7b). 

In ordered Ni 3 Fe particles, the dislocation nucleation mecha- 
nism was different (Fig. S9 of Supplementary File). Similar to the 
disordered Ni 3 Fe particles, the nucleation of the leading partial 
was swiftly followed by the nucleation of a trailing one separated 
from the leading by a CSF (which can be viewed as a superposition 
of a stacking fault and an APB). The trailing partial left behind an 
APB that remained attached to the surface. The formation of SISF 
faults was also observed at large strains when three Shockley par- 
tials on three different glide planes reacted with an APB. The dislo- 

cation dynamics of the dislocation core evolutions can be observed 
in the Supplementary Movie M2. 
6. Discussion 

Single-crystalline particles fabricated by solid state dewetting 
usually inherit the texture of the thin film they formed from [54] . 
Since the thin films of FCC metals deposited on the basal plane of 
sapphire exhibit a strong < 111 > texture, the resulting particles in- 
herit (111) orientation [ 6 , 48 , 50 ]. In the present work, all particles 
of pure Ni and Ni-20Fe alloys exhibited (111) orientations, while 
the Ni-27Fe and Ni-50Fe particles exhibited mixed (111) and (100) 
orientations. In a separate study, we demonstrated that this is re- 
lated to abnormal growth of (100) grains in the deposited bilay- 
ers during the anneal [55] . The dewetting of such grains sets on 
later than in < 111 > textured patched of the film and proceeds at 
a slower pace, resulting in larger (100) particles. 

The ECS of Ni particles on sapphire has been determined by 
Meltzman et al. employing particles cross-sectioning in FIB [50] . In 
the present work, we employed the AFM-based method of Müller 
and Spolenak to determine the ECS of single-crystalline particles 
on the substrate [56] , enabling larger statistics and identification 
of particles that reached the true thermodynamic equilibrium [57] . 
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Fig. 11. Typical stress-strain curves in simulated compression tests of 30 nm nanoparticles of (a,b) pure Ni, (c,d) disordered Ni 3 Fe, and (e,f) ordered Ni 3 Fe. The particle 
orientations are (a,c,e) (111) and (b,d,f) (100). The particles were compressed by hard walls. 
This method is based on finding an upper bounding line in a large 
dataset of particle heights and diameters. The method utilizes the 
fact that ECSs are self-similar and, hence, the height of truly equi- 
librated particles should scale linearly with their diameter. The re- 
sults demonstrate that the ECSs of the Ni-20Fe and Ni-27Fe parti- 
cles are similar to the ECS of Ni particles determined by Meltzman 
et al. [50] . This, in turn, means that in the Fe concentration range 
studied here, the surface energy anisotropy is only a weak function 
of composition. This is understandable since the surface energies of 
Ni and Fe are very close (about 2.4 J/m 2 [58] ). 

The abnormal grain growth in the Ni-27Fe and Ni-50Fe films 
prior to dewetting resulted in the formation of (100)-oriented par- 
ticles at the late stages of dewetting. These particles were on av- 
erage larger than the respective (111)-oriented particles. We also 
observed characteristic shoulders in the (400) XRD peaks (see 
Fig. 2 c), indicating some form of phase separation in these parti- 
cles. The SAED patterns and dark-field TEM images of the (100) 
oriented Ni-27Fe particles revealed the presence of small (about 5 
nm) highly dispersed precipitates of an ordered L1 2 phase. These 
precipitates formed during slow cooling of the dewetted samples 
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Fig. 12. Distribution functions of the atomic stress tensor component in the compression direction in the particles of (a) Ni, (b) ordered Ni 3 Fe, and (c) disordered Ni 3 Fe at 
the onset of first dislocation nucleation. The compression is performed in [100] direction with a soft punch. 
when the temperature decreased below the critical temperature of 
the A1-L1 2 order-disorder transformation (517 °C, see Fig. 1 ). With 
the Arrhenius interdiffusion parameters of D 0 = 2.9 ×10 −4 m 2 /s and 
Q = 273.7 kJ/mol for the Ni-30 at.%Fe alloy, the characteristic diffu- 
sion distance during dwell of 10 min at the temperature of 517 °C is 
about 0.4 nm, comparable to the interatomic distance in the Ni-Fe 
alloy [47] . Since establishing long-range order requires only minor 
atom diffusive movements (the atoms only need to rearrange their 
positions on the length scale of a unit cell), this estimate suggests 
that slow cooling is capable of establishing some degree of long- 
range order in the Fe-27Ni particles. The situation is different for 
Ni-50Fe particles, where both the precipitation of Fe and the for- 
mation of the metastable ordered L1 0 phase occur below 350 °C. At 
this temperature and during 10 min, the average diffusion distance 
is significantly lower than the interatomic distance in the Ni-50Fe 
alloy. 

These estimates raise the question about the mechanism of the 
observed precipitation of Fe (see Fig. 6 ) and the characteristic (400) 
XRD peak shoulder ( Fig. 2 c) in the (100)-oriented Ni-50Fe parti- 
cles. We note that the L1 0 phase has only been observed in Fe-Ni 
meteorites (where the typical cooling rate is a few °C per million 
years) or in heavily irradiated alloys with increased atomic mobil- 
ity [59] . However, limited precipitation of the Fe-rich BCC phase on 
the particle surface cannot be ruled out because surface diffusion 
at low homological temperatures is by 5-7 orders of magnitude 
faster than bulk diffusion. The amount of Fe in the upper surface 
layer is insufficient to cause the amount of Fe precipitates visible 
in SEM and TEM ( Figs 4 d and 6 , respectively). However, a concur- 
rent surface diffusion-controlled change of the particle shape and 
precipitation of the Fe-rich phase presents a plausible scenario ac- 
cording to which the moving facets supply Fe atoms to the pre- 
cipitates. Amram et al. proposed a kinetic model of such a surface 
precipitation process, concluding that the precipitate growth rate is 
controlled by a combination of surface self-diffusion and diffusion 
along the particle-precipitate interface, which are much faster than 
bulk self-diffusion [42] . Moreover, the precipitation may provide an 
additional chemical driving force for the particle shape evolution 
towards the ECS [60] . This scenario also explains why the Fe-rich 
precipitates are only observed on the surface of the particles and 
not in the particle interior. 

While we did not observe any signs of long-range chemical or- 
der in the cross-sectional TEM studies of the Ni-50Fe particles, the 
characteristic shoulder in the (400) XRD peak strongly suggests 
that an ordered phase is present in an appreciable amount. Firstly, 
it may be present only in some but not all particles. That TEM did 
not reveal any ordered phase in one particle does not negate its 
presence in the others. Secondly, a partially ordered phase may 
be present in thin near-surface layers where precipitation of the 
Fe-rich phase also occurred. Thirdly, the particle-substrate inter- 
face may be an additional factor promoting local long-range or- 
der at the interface. Indeed, the ordered L1 0 phase is an alter- 

nating sequence of (200) Ni and Fe layers. The energy of the Fe- 
sapphire interface (1.3 ±0.1 J/m 2 [61] ) is significantly lower than 
that of the Ni-sapphire interface (2.16 ±0.2 J/m 2 [62] ). Thus, the 
particle-substrate interface can promote the formation of L1 0 or- 
dering in (100) oriented particles with Fe-termination at the inter- 
face. As a result, a thin near-interface layer of the L1 0 phase can be 
stable at the interface at temperatures above the critical point of 
the A1-L1 0 ordering. This is known as the prewetting phenomenon 
and has been reported in several alloys undergoing order-disorder 
transformation [63–64] . 

In our microcompression tests, most of the particles deformed 
with a single large displacement burst (see Fig. 7 ), indicating their 
nearly defect-free nature. Increasing the Fe content in disordered 
(111) oriented particles causes a remarkable weakening (except for 
the three smallest Ni-20Fe particles exhibiting somewhat higher 
strength than the Ni particles of comparable size), see Fig. 8 . This 
is consistent with the findings by Bisht et al., who observed simi- 
lar solid solution weakening in the particles of Ni-based Ni-Co al- 
loys [33] . In that work, the solid solution weakening was discussed 
in terms of the broader Maximum Resolved Atomic Stress (MRAS) 
distribution in MD simulations of alloy particles compared to Ni 
particles. Because of the wider distribution, the critical dislocation 
nucleation stress at the particle edges was achieved at lower av- 
erage stress in the alloy particles, making them weaker. The MD 
simulations performed in the present work demonstrate a simi- 
lar trend. We also found that the axial component of the atomic 
stress tensor, σ zz , is another good indicator of stress distribution 
in the particles. The distribution functions of σ zz at the onset of 
the first dislocation nucleation event are shown in Fig. 12 . In Ni 
particles, the distribution develops a shoulder at high compressive 
stresses ( Fig. 12 a), caused by stress concentration near the parti- 
cle edges and corners where the dislocations nucleate. By contrast, 
the stress distribution in disordered Ni 3 Fe particles is broader and 
nearly symmetric without a shoulder ( Fig. 12 c). Also, a remarkable 
offset of the stresses on Ni and Fe atoms is observed. This offset 
suggests that each Fe atom in the disordered Ni-Fe solid solution 
can be considered a local perturbation and a stress concentrator. 
Such perturbations in the disordered Ni 3 Fe particles cause signifi- 
cant local stress fluctuations. As a result, the CRSS required for dis- 
location nucleation at critical sites can be reached at lower average 
stress. 

The behavior of ordered Ni 3 Fe particles is very different from 
that of disordered particles. The ordered arrangement of Fe atoms 
suppresses the spatial stress fluctuations and reveals the shoul- 
der at high compressive stresses similar to the one in pure Ni 
( Fig. 12 b). The suppressed stress fluctuations can explain why the 
simulated ordered Ni 3 Fe particles are stronger than the disordered 
ones. 

It should be noted the virial stress on an individual atom is 
a physically ambiguous quantity. Only the virial expression aver- 
aged over atomic groups gives the proper stress tensor. The stress 
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distribution maps discussed in our previous work included coarse- 
graining of the virial over atomic groups and thus represented the 
true stresses and stress gradients inside the particle. In the present 
work, we chose to display histograms of atomic stresses computed 
separately for the Ni and Fe atoms. Such histograms conveniently 
represent the statistical fluctuations of the local atomic environ- 
ments in the material. The proper stress histograms could be ob- 
tained by averaging the Ni and Fe stress histograms with the re- 
spective stoichiometric coefficients. The histograms obtained would 
reveal similar trends as discussed above, such as the peak broad- 
ening and the shoulders, and would lead to the same conclusions. 
Thus, even though the histograms in Fig. 12 do not represent the 
stress distributions directly, they demonstrate the existence and 
relative magnitude of the stress gradients existing inside the parti- 
cles. 

The prediction that the ordered Ni 3 Fe particles are stronger 
than the disordered ones does not contradict the experimental re- 
sults, which indicate that the ordered (100) Ni-27Fe particles are 
as weak as, or weaker than, the disordered (111) Ni-27Fe particles 
( Fig. 8 ). Such particles are only partially ordered and contain dis- 
ordered regions alongside small regions of the ordered L1 2 phase. 
At the critical nucleation sites, the material can still be locally in a 
disordered state. Moreover, the misfitting ordered and disordered 
phases are themselves stress concentrators. In such partially or- 
dered particles, the role of the intrinsic mechanical strength of the 
ordered phase is diminished, while the additional stress concen- 
trators degrade the particle strength. In contrast, the simulations 
performed here did not have the capability to model the creation 
of a second-phase inclusion inside the particle. Since the atomic 
ordering and disordering processes require diffusive jumps by the 
vacancy-exchange mechanism, they lie outside the time scale ac- 
cessible by MD simulations. On the other hand, the MC simu- 
lations readily create the thermodynamically equilibrium ordered 
and disordered states, but this is accomplished through an unphys- 
ical atom swapping process that circumvents the phase nucleation. 

The proposed “precipitation softening” effect, together with the 
solid solution softening, is the likely cause of the anomalously low 
strength of the Ni-50Fe particles containing the Fe-rich surface 
precipitates. The solid solution softening alone cannot explain the 
CRSS drop of about an order of magnitude in these particles com- 
pared to pure Ni ( Fig. 8 ). 
7. Conclusions 

The following conclusions can be drawn from the results of the 
present study: 

1. We have fabricated faceted single-crystalline micro- and 
nanoparticles of Ni-20, 27, and 50 at.% Fe alloys employ- 
ing solid state dewetting of thin Ni-Fe bilayers deposited 
on a sapphire substrate. The Ni-20Fe particles exhibit only 
(111) orientation with respect to the substrate. The Ni-27Fe 
and Ni-50Fe particles exhibit mixed populations of (111) and 
(100) orientations. 

2. The equilibrium crystal shape of the Ni-Fe particles was 
found to be similar to the equilibrium crystal shape of pure 
Ni. Small (about 5 nm in size) finely dispersed precipitates 
of the ordered Ni 3 Fe (L1 2 structure) phase were observed 
in (100) oriented Ni-27Fe particles, while the (111) oriented 
particles did not show any signs of long-range order. Small 
Fe-rich precipitates were observed at the edges and cor- 
ners of the Ni-50Fe particles. Partial ordering in the Ni-27Fe 
and Ni-50Fe particles was confirmed by the (400) XRD peak 
splitting. 

3. Mechanical properties of the particles were measured by in- 
situ microcompression tests performed in the HRSEM em- 

ploying a flat diamond punch. Most particles exhibited com- 
pression behavior typical for nucleation-controlled plasticity. 
Initial elastic deformation up to a high engineering strain of 
0.1-0.25 was followed by an abrupt displacement burst. The 
critical stress of the plastic collapse of the Ni-Fe particles 
was significantly lower than that of the Ni particles of com- 
parable size, confirming the solid solution softening effect. 
This softening effect increases with increasing Fe concentra- 
tion in the particles. The particles of all chemical composi- 
tions and orientations exhibit a pronounced size effect on 
the strength, with smaller particles being stronger than the 
larger ones. 

4. MD simulations of particle compression were performed for 
single-crystalline faceted particles of Ni and ordered and dis- 
ordered Ni 3 Fe. The alloying with Fe was found to decrease 
the CRSS of the particles, with the weakening effect being 
strongest for disordered Ni 3 Fe particles. The solute weaken- 
ing of the disordered Ni 3 Fe particles is attributed to inho- 
mogeneities of the local stress distribution. 

5. While the MD simulations predict the L1 2 -ordered Ni 3 Fe 
particles to be stronger than disordered, the experiments re- 
veal the opposite effect. The weakening found in the exper- 
iments is explained by only partial long-range order in the 
Ni 3 Fe particles and the existence of small precipitates caus- 
ing stress concentrations and premature dislocation nucle- 
ation. This weakening was most significant in Ni-50Fe par- 
ticles due to the synergistic action of the solid solution and 
precipitation weakening effects. 

Finally, the results of the present work confirm that alloying 
with a second chemical component and precipitation of a second 
phase in defect-free metal nanostructures have the opposite effects 
on the strength than in bulk metallic alloys. 
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