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Abstract: Reactive binders mitigate distortion during sintering of binder jet 3D printed 

components by precipitating a solid phase that reinforces interparticle contacts. The 

present work combines experiments with micromechanical modeling to clarify how 

aqueous titanium bis-ammonium lactato dihydroxide (TALH), a reactive binder, affects 

creep and densification during sintering of binder jet printed TiO2. TALH treatment of as-

printed material results in a nanocrystalline TiO2 overlayer that coats the micron-scale 

particles. At sintering temperatures, this overlayer is consumed via grain growth such that 

the structures of the TALH-treated and neat materials appear nearly identical. Creep rates 

are slower in the TALH-treated material than in the as-printed TiO2, but creep in the 

treated material is faster when compared at equivalent relative density. TALH-treated and 

neat TiO2 both exhibit diffusional creep, with stress exponents near unity and activation 

energies of ~400 kJ/mol. Models of structural evolution in sintering powder aggregates 

show that the dominant effect of TALH on the sintering mechanics is to increase the 

interparticle contact size, while the coordination number remains essentially unchanged. 
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These insights are used to develop generalized guidelines for designing reactive binders to 

mitigate creep, quantitatively highlighting the benefits of a high solid yield from binder 

decomposition. 

Keywords: binder jet 3D printing, ceramics, sintering, powder processing, creep 

1. Introduction 

Binder jet 3D printing is an additive manufacturing process that builds net-shaped 

components, layer-by-layer, by selectively joining powder particles with a binder. The 

resulting green body is often friable, with a low relative density in the range of 0.4 to 0.7 [1, 

2]. Thus, binder jet 3D printed parts must be strengthened using a post-processing 

densification method such as pressureless sintering. Retaining the shape of the as-printed 

component during densification processes can be difficult for several reasons. First, the low 

relative density of binder jet 3D printed green bodies means that achieving full density 

requires linear shrinkages of order 10% [1, 3, 4]. While the green body can be scaled to 

compensate for shrinkage, random variations in the extent of shrinkage can limit the 

dimensional accuracy of the final component to ~0.25% [5]. Other challenges include 

distortion resulting from gravitational body forces, friction between the part and the 

setting, and spatial variations in sintering rates [1, 2, 6]. While shrinkage and distortion are 

problems in conventional powder-processing, they are especially important in the context 

of binder jet 3D printing where the intent is to make complex shapes, and where the low 

particle coordination number and small interparticle contact area within binder jet 3D-

printed parts leaves them particularly susceptible to distortion during early stages of 

sintering. 
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A promising approach to mitigating distortion in binder jet 3D printed materials is to treat 

the green body with additives that increase the relative density prior to sintering. These 

additives modify the structure of the preform, increasing the particle coordination number 

and the interparticle contact size. Several additives have been demonstrated 

experimentally, including metallic salts [7-10], metallo-organic inks [11], sol-gel inks [12], 

nanoparticle suspensions [13-15], and preceramic polymers [16-20]. Among these 

examples, reactive binders that are initially liquid and then decompose into solids on 

heating are attractive because they can be deposited without clogging the printhead [7, 11, 

19, 21]. Such reactive binders have been shown to decrease shrinkage [13, 22] and mitigate 

creep during sintering of binder jet 3D printed components with unsupported features, e.g., 

cantilever beams. While reactive binders are routinely used, there are limited studies that 

link the effects of the reactive binder to the rates of densification and creep in sintering 3D 

printed agglomerates. Additionally, studies on sintering powder compacts indicate that 

altering the microstructure of the interparticle contacts (e.g., via reactive binder treatment) 

may slow the densification kinetics, an undesirable side effect [23, 24]. These observations 

suggest a potential tradeoff between mitigating distortion due to creep and achieving rapid 

densification for certain reactive binder systems.  

The aim of this study is to gain insight into the effect of reactive binders on the mechanisms 

of creep and densification rates in binder jet 3D printed components.  We consider a model 

reactive binder, aqueous titanium bis-ammonium lactato dihydroxide (TALH). TALH is a 

water-soluble titanium complex in which oxygen in hydroxyl and carboxyl groups, 

provided by lactic acid molecules, chelate to titanium forming a stable compound [25]. 

Thermolysis in the presence of oxygen decomposes the chelating ligands at temperatures 
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above 500 °C allowing for crystallization of TiO2 [25, 26]. In previous work, we 

demonstrated that TALH addition can mitigate distortion in sintering binder jet 3D printed 

TiO2 cantilever beams as shown in Figure 1 [22]. In the present work, we extract creep and 

densification parameters (e.g., uniaxial viscosity, viscous Poisson’s ratio, and sintering 

stress) by combining structural characterization and loading dilatometry experiments on 

sintering TALH-treated TiO2. These parameters are then compared with analytic 

micromechanical models to reveal how the reactive binders modify the interparticle 

contact network and the resulting creep and densification behaviors. Finally, this analysis 

is used to develop quantitative guidelines for designing reactive binders to mitigate 

distortional creep.  

 
Figure 1: In situ images of sintering (a) untreated and (b) TALH-treated TiO2 cantilever beams prepared via binder jet 
3D printing.22 Note that TALH treatment mitigates slumping of the unsupported beam. Instantaneous temperature and 
time are shown. Scale bars are 5 mm.  

2. Experimental methods 

The sintering behaviors of TALH-treated, binder jet 3D-printed TiO2 were characterized 

using loading dilatometry experiments. Cylindrical test specimens with a diameter of 6.5 
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mm and a height of 6.5 mm were printed in an ExOne Innovent binder jet 3D printer using 

rutile TiO2 powder (Saint-Gobain 1000) with an irregular particle shape and a mean 

particle size of 9 µm.  The specimens were printed using an aqueous binder (ExOne, item 

number 7100037CL), with a saturation level of 90% and a layer thickness of 100 μm. After 

printing, the powder bed was heated to 180 °C for 4 hours to cure the binder. Prior to TALH 

treatment, the test specimens were strengthened by sintering in air at 1100 °C for 1 hour; 

This initial sintering step is referred to as pre-sintering. These pre-sintered samples were 

immersed in an aqueous TALH solution (50 wt% TALH, Sigma Aldrich) for 15 minutes, 

then heated in air at a rate of 3 K/min to 600 °C, to decompose the TALH into solid TiO2.  

Isothermal loading dilatometry experiments were performed using a NETSCH 402 F1 

Hyperion thermomechanical analysis (TMA) system. The test temperature was varied over 

the range 1250 to 1450 °C, and the samples were heated at a rate of 12 K/min. The applied 

load was varied between 0.02 and 2 N, corresponding to an initial applied stress σz of 0.6 to 

60 kPa.  A low pre-load of 15 mN was applied during heating to maintain contact between 

the pushrod and the specimen while limiting the influence of the dilatometer prior to 

reaching the sintering temperature. At regular time intervals, the radial and axial lengths 

were measured using a micrometer and the sample density was calculated using mass and 

volume measurements. The relative density ρ of each sample was calculated by dividing the 

measured density by the theoretical density of rutile TiO2 (4.23 g/cm3). Recovered samples 

were characterized using an FEI Quanta 400 Scanning Electron Microscope (SEM).  
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3. Experimental results and discussion 

3.1 Structural characterization 

Figure 2a and b compare SEM micrographs of a pre-sintered TiO2 specimen (without 

TALH) and a TALH-treated specimen heated to 600 °C. The average relative density of the 

compacts prior to pre-sintering was 0.38. Pre-sintering increased the relative density to 

0.41 and formed submicron interparticle necks, examples of which are labeled in Figure 

2a. During pre-sintering, the average axial and radial densification strains are 0.023 and 

0.025, respectively. Hence the specimen shrinks only slightly, while forming interparticle 

necks with dimensions of 0.7 μm. These interparticle necks provide sufficient strength for 

TALH treatment. TALH treatment resulted in a TALH-derived submicron-thick layer of 

nanocrystalline TiO2 that coated the particles and increased the interparticle contact size 

(Figure 2b). In our previous work, X-ray diffraction of TALH-derived TiO2 heated to 500 °C 

revealed a mixture of anatase and rutile, while material heated above 700 °C was phase-

pure rutile. The TALH-derived TiO2 in Figure 2b is thus likely a mixture of anatase and 

rutile [22].  The TALH treatment increased the relative density to 0.43. When compared to 

our previous results, which showed that the TALH solution yields 17 wt% solid TiO2, the 

TALH-derived increment in density reported here indicates that prior to binder 

decomposition, the pores were filled completely with TALH solution [22]. The thickness of 

the TALH-derived TiO2 coating is estimated to be 0.6 μm (by assuming that the aggregate 

consists of spherical particles, with a homogeneous particle size of 9 μm, which are evenly 

coated by the TALH-derived TiO2). After holding the TALH-treated material at 1350 °C for 

135 minutes, typical sintering conditions, the TALH-derived coating was no longer visible 

(Figure 2d). This result is consistent with grain growth calculations, presented in 
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Appendix A, which show that the initially nanocrystalline TALH-derived TiO2 overlayer is 

consumed by the microcrystalline particle core by ~1000 °C after heating from room 

temperature at 12 K/min. Comparing Figures 2c and d show that the untreated and TALH-

treated specimens have qualitatively similar structures at sintering temperatures.  

 
Figure 2: SEM micrographs of (a) an untreated TiO2 sample that shows necks formed after pre-sintering by 
heating to 1100 °C for 1 hour and (b) a TALH-treated TiO2 sample with TALH-derived TiO2 coating the particles 
and increasing the interparticle contact area. (c) Untreated and (d) TALH-treated TiO2 samples after holding at 
1350 °C for 135 minutes under an axial stress of 30 kPa.  

3.2 Creep and densification behaviors 

Figure 3 shows the axial shrinkage 𝜀𝑧 as a function of time for specimens sintered under 

the normal stresses indicated.  The axial shrinkage increases with applied stress in both the 

untreated and the TALH-treated specimens, but the magnitude of the axial shrinkage is 
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always lower in the TALH-treated material. The axial shrinkage contains contributions 

from both densification and creep. To deconvolute these effects, periodic measurements of 

the radial strain εr and axial strain εz were used to compute the densification strain ερ and 

creep strain εc as follows [27] 

     𝜀𝜌 =
1

3
(𝜀𝑧 + 2𝜀𝑟),  (1) 

     𝜀𝑐 =
2

3
(𝜀𝑧 − 𝜀𝑟). (2) 

 
Figure 3: Axial shrinkage strain -εz of specimens sintered at 1350 °C under varying uniaxial stresses σz plotted 
as a function of sintering time. While all samples exhibit stress-dependent strain, the untreated (no TALH) 
material shows greater stress sensitivity than the material treated with TALH. 

Figure 4 shows the densification ερ and creep εc strains under different applied stresses. 

The magnitudes of ερ in Figure 4a clearly demonstrate that the applied stress accelerates 

densification. The untreated material consistently had a larger ερ than the TALH-treated 

material, even under no applied stress. This result is in line with observed reductions in 

shrinkage for binder jet 3D printed 410 SS treated with Fe nanoparticles [13] and in Al2O3 
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preforms treated with metal salts [9].  The creep strain also increased with applied stress 

(Figure 4b). For untreated and TALH-treated material, the creep strain is roughly three 

times greater than the densification strain, highlighting the importance of creep in 

sintering powder aggregates, even under low applied stresses.  

 
Figure 4: Measured strain (a) densification strain ερ and (b) creep strain εc of TALH-treated and untreated 
specimens sintered at 1350 °C under varying uniaxial stress σz, plotted as a function of sintering time.  

Figure 5 and 6 show, respectively, densification and creep rates calculated using the data 

in Figure 4. Densification and creep are fastest during the first hour of sintering when 

small interparticle contacts provide a high driving force for sintering and minimal 

resistance to shear deformation. Interestingly, the untreated specimens densify faster than 
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the TALH-treated material at fixed time under the full range of applied stresses (Figure 

5a); however, plotting the densification rate against instantaneous relative density, as in 

Figure 5b, shows that under most conditions, the TALH-treated materials densify faster 

than their untreated counterparts at equivalent relative density. Similar behavior is seen in 

the creep rate data in Figure 6: at fixed time, the untreated material creeps faster than the 

TALH-treated material, while at equivalent relative density, the behavior is reversed, and 

the TALH-treated specimens creep more rapidly. These results, considered together, 

demonstrate that, despite the similar appearance of the untreated and TALH-treated 

specimens in Figure 2, there are sustained differences in their respective structures which 

give rise to distinct densification and creep behaviors.  

 
Figure 5: Uniaxial densification rate 𝜀𝜌̇ as a function of (a) time and (b) relative density ρ for TALH-treated (TALH) 

and untreated (no TALH) specimens under the indicated uniaxial stress σz. All specimens were sintered at 1350 °C. 

 
 
 



11 
 

 
Figure 6: Creep strain rate 𝜀𝑐̇ as a function of (a) time and (b) relative density ρ for the untreated (no TALH) and 
TALH-treated (TALH) specimens under varying uniaxial stress σz. All specimens were sintered at 1350 °C. 

3.3 Creep mechanisms in TALH-treated material 

A potential explanation for the distinct creep behaviors of neat and TALH-treated TiO2 is 

that TALH treatment modifies the creep mechanism. To test for such effects, the stress 

exponent n and creep activation energy Q in the generalized creep expression 

𝜀𝑐̇ = 𝐴𝜎𝑛exp (
−𝑄

𝑅𝑇
) (3) 

were measured for both materials. Figure 7a shows the creep rate 𝜀𝑐̇ for the untreated and 

TALH-treated materials as a function of applied stress at fixed ρ = 0.49. Both datasets are 

well-described by linear fits which give stress exponents of order unity. Figure 7b 

summarizes the measurements of the stress exponent for the untreated and TALH-treated 

materials over the full range of relative density.  The untreated specimens have a higher 

stress exponent than the TALH-treated material, but in both cases, the stress exponent 

decreases with increasing relative density, approaching unity. The stress exponent 

exhibited by both materials at low relative densities indicate that power-law creep (with n 

≥ 3) may contribute to the creep rate at early stages of sintering. 
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Figure 7: Stress exponent analysis showing (a) creep strain rate 𝜀𝑐̇ as a function of applied stress σz, with a linear fit 
for calculating the stress exponent n for both TALH-treated and untreated specimens at a relative density of 0.49 and 
(b) stress exponent n as a function of relative density ρ for both TALH-treated and untreated specimens. The 
uncertainty is determined using 90% confidence bounds for the fitted data. 

The activation energy for creep Q was determined by sintering at temperatures of 1250, 

1350, and 1450 °C, under an applied stress of 30 kPa. Figure 8 is an Arrhenius plot which 

shows 𝜀𝑐̇ at a fixed relative density of 0.51, the overlaid linear fits give an activation energy 

of roughly 400 kJ/mol for both the TALH and the untreated materials. While the observed 

activation energy of ~400 kJ/mol is higher than that reported for grain boundary diffusion 

in nominally pure rutile TiO2 (320 kJ/mol) [28], it is consistent with the theoretical 

activation energy of 400 kJ/mol observed for lattice diffusion in rutile TiO2 with intrinsic 

point defects [29-31] (cf. Appendix B). Importantly, the above analysis indicates that there 

are no significant differences in the dominant creep mechanism for TALH-treated and 

untreated material.  
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Figure 8: Activation energy analysis showing creep strain rate 𝜀𝑐̇ as a function of temperature with linear fit for 
calculating the activation energy Q for both TALH-treated and untreated specimens at a relative density ρ of 0.51. The 
uncertainty is determined using 90% confidence bounds for the fitted data. 

The stress exponents and activation energies in Figure 7 and 8 indicate that diffusion-

mediated creep dominates in both neat and TALH-treated TiO2. However, the 

monotonically decreasing stress exponent in Figure 7b suggests that power law creep may 

contribute during the early stages of sintering. This result is interpreted by comparing the 

contact stresses and sintering temperatures in the present experiments with the 

deformation mechanism map shown in Figure 9, calculated using material data for rutile 

TiO2 available in [30]. Following Helle et al. [32], the mean contact stress, σc, between 

particles can be approximated as 

𝜎𝑐 =  
𝜎𝑧(1−𝜌0)

𝜌2(𝜌−𝜌0)
 , (4) 

where ρ0 is the initial relative density prior to TALH treatment and sintering. Here, ρ0 is set 

to 0.41, corresponding to the average relative density after pre-sintering, and further 
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increments in relative density are due to TALH treatment (for treated specimens) and 

sintering. For comparison with the deformation mechanism map in Figure 9, the contact 

stress is normalized by the temperature-dependent shear modulus μ of TiO2, and the 

deviatoric component is calculated by dividing this normalized contact stress by √3. The 

material constants used to construct the deformation mechanism map are summarized in 

Appendix C. The datapoints in Figure 9 represent experimental values of the normalized 

shear stress 𝜎𝑐/√3𝜇, calculated using Equation 4, as a function of homologous 

temperature T/Tm at various dwell times. 

 
Figure 9: Deformation mechanism map showing regions of normalized stress and temperature where a single 
mechanism dominates. This map was constructed using material data from Ref. 30. Data points show experimental 
measurements obtained in the present study with symbols and trend lines indicating the total time at sintering 
temperature. 

In Figure 9, the experimental datapoints measured at the early stages of sintering (t=102 

sec.) are near the power law creep boundary, indicating a contribution of power law creep. 

After two hours of sintering, the data lie squarely in the diffusional creep regime, consistent 
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with the stress exponent gradually approaching unity with increasing relative density. 

When comparing the untreated and TALH-treated materials, initially, the increase in 

relative density afforded by TALH decreases the magnitude of the contact stress; however, 

this difference is diminished when sintering for longer than 102 seconds, as the 

microstructure in both cases evolves to be similar. 

Critically, the measurements of the stress exponent and activation energy reveal that TALH 

treatment does not change the creep mechanism, with both the untreated and TALH-

treated materials deforming via lattice-mediated diffusional creep. The predicted grain size 

of the TALH-derived material (~10 μm) also supports lattice-mediated diffusional creep. 

Most importantly, TALH treatment decreases the contact stresses during the early stages of 

sintering when the component is most susceptible to distortion. This effect of TALH 

treatment emphasizes the importance of the interparticle connectivity for mitigating creep. 

While the creep mechanism is unchanged, the observed differences in the creep and 

densification rates between TALH and untreated material compared at the same relative 

density (Figure 5b and Figure 6b) indicate that microstructural differences persist. 

4. Structure-sensitive constitutive models of sintering mechanics 

The diffusional creep behaviors of the neat and the TALH-treated materials motivate a 

linear viscous constitutive law, commonly used in descriptions of sintering solids [4, 33, 

34], of the form  

  𝜀𝑧̇ =  𝜀𝑓̇ +
1

𝐸𝑝
[𝜎𝑧 − 𝑁(𝜎𝑟 + 𝜎𝜃)], (5) 

where 𝜀𝑧̇ is the axial strain rate, Ep is the uniaxial viscosity, N is the viscous Poisson’s 

coefficient, and 𝜀𝑓̇ is the free strain rate, i.e., the densification strain rate in the absence of 
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applied stresses. The axial, radial, and circumferential stresses are represented by σz, σr, 

and σθ, respectively. Importantly, there are physical models that directly relate 𝜀𝑓̇, Ep, and N 

to the structure of the sintering powder aggregate [35]. Thus, differences in these 

parameters for the neat and TALH-treated materials can provide insight into how the 

TALH-derived TiO2 overlayer modifies the microstructure and resulting sintering 

mechanics. 

The uniaxial viscosity term represents the ability for the sintering compact to resist 

deformation under an external load. Under uniaxial compression, Equation 5 can be solved 

for the uniaxial viscosity Ep: 

 𝐸𝑝 =
𝜎𝑧

𝜀̇𝑧−𝜀̇𝑓
. (6) 

Calculations of Ep using this expression with the experimental data are summarized in 

Figure 10. The uniaxial viscosity increases with relative density, with magnitudes between 

0.01 and 10 GPa·s. This range is in line with the uniaxial viscosities of 0.1 to 6 GPa·s 

observed during initial stage sintering of ceramic compacts of YSZ, NiO-YSZ [36] and 

BaTiO3 [37] with similarly low relative densities, ρ = 0.45–0.55. The data for the TALH-

treated material is offset to higher relative density at the start of sintering due to the mass 

increase from the TALH addition. Notably, the TALH-treated TiO2 has a lower uniaxial 

viscosity than that of the untreated material when compared at the same relative density 

under an applied stress of 0.6 kPa. This result aligns with the similar observation of the 

lower creep rates of the untreated material in Figure 6b. While the TALH-treated material 

has a lower uniaxial viscosity at equivalent relative density, the TALH addition prior to 

sintering minimizes the overall creep at the initial stage of sintering when creep is fastest.  
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Figure 10: Uniaxial viscosity Ep as a function of relative density ρ for untreated and TALH-treated specimens 
sintered at 1350 °C.  

The viscous Poisson’s ratio N is shown in Figure 11. For the untreated material, N begins 

as low as 0.1 and increases to 0.5 as the compacts densify. For the TALH-treated material, 

the range of N is smaller, between 0.1 and 0.35. At the same relative density, the untreated 

material exhibits a higher N than the TALH-treated material; for both cases, the N values 

are load-dependent, reflecting differences in microstructure induced by the applied stress. 

The magnitude of N = 0.2–0.5 is consistent with previously reported theoretical and 

experimental values for sintering powder compacts. However, the rate of increase in 

previous reports is slower, linearly increasing over a range of ρ = 0.4 to 1 [38-40], whereas 

in the present study, the range of ρ is 0.43 to 0.46. This discrepancy in the rate of increase 

of N may result from microstructural anisotropy induced by the axial loading.    
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Figure 11:  Viscous Poisson’s ratio N plotted as a function of relative density ρ for TALH-treated and untreated 
materials sintered at 1350 °C 

The uniaxial sintering stress, σs, is the tensile stress that prevents densification along the 

loading direction. It is a result of the thermodynamic driving force for densification and is a 

function of surface energy and curvature of the pore network [35]. The uniaxial sintering 

stress is determined by setting 𝜀𝑧̇ = 0 in Equation 6, then solving for σz: 

 𝜎𝑠 =  −𝜀𝑓̇𝐸𝑝. (7) 

Calculations of σs using this expression with the experimental data are shown in Figure 12. 

The uniaxial sintering stresses for the TALH-treated and neat materials begin around 2 kPa 

and increase with relative density to 15–20 kPa when ρ = 0.60. When compared at the 

same relative density, the TALH-treated material has a slightly lower uniaxial sintering 
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stress than the untreated material, indicating a lower thermodynamic driving force for 

sintering.  

 
Figure 12: Uniaxial sintering stress σs as a function of ρ for untreated and TALH-treated specimens sintered at 
1350 °C 

When densification is accompanied by pore coarsening, the sintering stress has been 

shown to decrease with increasing relative density [4, 41]. However, in the absence of pore 

coarsening, shrinkage increases the curvature of the pores which results in a sintering 

stress that increases with relative density [42, 43]. The increase in sintering stress shown 

in Figure 12 indicates that there is minimal coarsening of the pore network in both the 

TALH-treated and untreated materials during sintering. The lower sintering stress in the 

TALH-treated material than in the untreated material can be explained using the 

approximation [44, 45] 

 𝜎𝑠 ≈  
2𝛾𝑠

𝑟0
 , (8) 
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where r0 is the mean radius of curvature of the pore surface and γs is the average surface 

energy, which, for rutile TiO2, is ~0.6 J/m2 [28]. During the initial and intermediate stages 

of sintering, new contacts are forming which lowers r0 and increases the sintering stress. At 

later stages of sintering, when no new particle contacts are formed, capillary forces are 

reduced, resulting in an observed decrease in the sintering stress above ρ = 0.95 [42]. The 

mean radius of curvature r0 can be estimated by combining the experimentally measured 

sintering stress with Equation 8, resulting in values on the order of 100 μm for both the 

untreated and TALH-treated materials. When σz = 0.6 kPa, the mean radius of curvature in 

the TALH-treated material is roughly 30% larger than that in the untreated material. This 

difference is likely because the TALH-derived TiO2 increases the local radius of curvature at 

the interparticle necks, thus decreasing the driving force for sintering.   

Previous sintering studies on CdO and Al2O3 compacts showed that stress-assisted 

densification was significant when the applied stress was greater than the sintering stress 

[4, 41]. Similar behavior is also observed in the present study: the applied stress 

dramatically accelerates densification when σz > σs, as seen in Figure 4. Further, comparing 

the densification rates of the TALH-treated and neat materials in Figure 5b shows that the 

materials have dissimilar densification rates when σz < σs (σz = 0.6, 3 kPa), reflecting 

sustained differences in their respective microstructures. However, the densification rates 

converge when the applied stress exceeds the sintering stress (σz = 30, 60 kPa) and 

extrinsic stress-assisted densification starts to dominate regardless of structure.  

The TALH treatment decreases the uniaxial viscosity, effective Poisson’s ratio, and 

sintering stress when compared with untreated material at the same relative density. The 
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lower uniaxial viscosity indicates that the TALH-treated material has a lower load-bearing 

area than the untreated material, while the lower sintering stress indicates that the mean 

radius of curvature of interparticle necks in the TALH-treated material is larger than that in 

the untreated material. These effects highlight the important role of particle coordination 

number, size of the interparticle necks, and radius of curvature at the necks. The lower 

range of effective Poisson’s ratio for the TALH-treated material is closer to the predicted 

effective Poisson’s ratio exhibited by compacts sintering without an externally applied load 

[39]. Additionally, when the applied stress is less than the sintering stress, the applied 

stress has a weak effect on the densification rate of the TALH-treated material. 

5. Modeling the effects of TALH treatment on sintering mechanics  

The microstructural characterization and loading dilatometry experiments show that TALH 

treatment decreases the average contact stresses at early stages of sintering and point to 

the importance of the interparticle contact area for mitigating creep. We now estimate how 

TALH treatment modifies the fractional contact area Af, defined as the total contact area per 

particle normalized by the particle surface area, and the resulting sintering mechanics 

using models developed by Arzt [42] then later expanded by McMeeking and Kuhn [35].  

Models developed by McMeeking and Kuhn using virtual power arguments link 

microstructural parameters (e.g., particle coordination number, interparticle contact area, 

and particle size) to macroscopic creep parameters (e.g., bulk viscosity, shear viscosity) in a 

sintering compact [35]. Using the results for the bulk and shear viscosities from McMeeking 

and Kuhn, the uniaxial viscosity is 

 𝐸𝑝 = (
𝜌0

𝜌
)

2

3 𝐴𝑓
2𝑅0

3

24𝔇
, (9) 
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where R0 is the initial particle radius and 𝔇 is an effective diffusivity given by 

 𝔇 =  
(𝛿𝐷𝑏+𝑟𝑛𝐷𝑣)Ω

𝑘𝑇
. (10) 

Because the sintering temperatures of 1250-1450 °C are sufficiently high that the TALH-

derived TiO2 is rutile [22], material properties for rutile TiO2 are used to calculate the 

effective diffusivity. These same material properties were used to construct the 

deformation mechanism map (cf. Appendix C). In Equation 10, 𝛿𝐷𝑏  is the product of the 

grain boundary diffusion coefficient and the boundary thickness, 𝐷𝑣 is the lattice diffusion 

coefficient, Ω is the atomic volume, k is Boltzmann’s constant, T is the absolute 

temperature, and 𝑟𝑛 is the radius of curvature at the neck. When densifying mass-transport 

mechanisms dominate, the radius of curvature at the neck can be estimated using [46] 

 𝑟𝑛 ≈
𝑥𝑑

2

4(𝑅0−𝑥𝑑)
. (11)                    

When non-densifying mass-transport mechanisms dominate, the radius of curvature is 

approximately [46] 

 𝑟𝑛 ≈
𝑥𝑛

2

2(𝑅0−𝑥𝑛)
, (12) 

where xd, and xn are the radii of the neck formed through densifying mechanisms and non-

densifying mechanisms, respectively.  

The expressions for bulk and shear viscosities developed by McMeeking and Kuhn can also 

be used to estimate the viscous Poisson’s ratio N. The result is a constant, N = 0.25, 

independent of relative density, as shown in Figure 11. Setting N to 0.25 for the present 

range of relative density, ρ = 0.4–0.6, is a suitable approximation when compared to 

constitutive models for N that increase from 0 to 0.25 in this range [39]. 



23 
 

Lastly, McMeeking and Kuhn developed the following expression for sintering stress in the 

case of rapid surface diffusion:  

 𝜎𝑠 = 𝐴𝑓𝜌 (
𝜌0

𝜌
)

1

3
(

2𝛾𝑠

𝑅0
) (1 − 2𝑁). (13) 

This expression was used to compute the sintering stress curves in Figure 12, where the 

sintering stress is observed to increase with relative density. Additionally, the TALH-

treated material has a lower sintering stress than the untreated material at equivalent 

relative density. Fair agreement in both cases suggests that the models proposed by 

McMeeking and Kuhn are valid for quantifying differences in material properties between 

the untreated and TALH-treated materials. 

Equations 9 and 13 reveal that differences in initial relative density and fractional contact 

area Af for TALH-treated and untreated materials will contribute to differences in uniaxial 

viscosity and sintering stress. Here, we quantify the effect of the TALH treatment on Af, 

expressed as   

 𝐴𝑓 =
𝑍𝑎

4𝜋𝑅0
2, (14) 

where the product of the mean coordination number Z and the mean interparticle contact 

area a is normalized by the total particle surface area. Following Arzt [42], the increase in 

coordination number of a compact densifying through either TALH treatment or sintering 

can be approximated using the radial distribution function for a powder aggregate:  

 𝑍 =  𝑍0 + 𝐶 [(
𝜌

𝜌0
)

1

3
− 1],  (15) 
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where Z0 is the initial coordination number, and C is the rate of increase in coordination 

number as a function of relative density. When TALH solution fully infiltrates the pores, the 

final relative density resulting from subsequent TALH decomposition is  

 𝜌 = 𝜌0 + ϕ(1 − 𝜌0), (16) 

where ϕ is the volume fraction yield of solid material.  

Arzt calculated Z and C using a cumulative radial distribution function for random close 

packed spheres for which ρ0 = 0.64 [47, 48]. To account for the low initial relative density of 

ρ0 = 0.41 in the present TiO2 aggregates, Z0 and C are calculated using the radial distribution 

functions predicted by discrete element method simulations from Yang et al. for loosely 

packed powder compacts (Figure 7 in [45]). Combining the experimental values of ρ0 = 

0.41 with the radial distribution function proposed by Yang et al. results in Z0 = 3.6 and C = 

10. Using these terms with Equation 15 gives the coordination number as a function of 

relative density plotted in Figure 13. At ρ = 0.41 for the untreated and ρ = 0.43 for the 

TALH-treated samples, Equation 15 predicts coordination numbers close to 4. Thus, due to 

the loose packing in the as-printed material and the low solid yield from the TALH, the 

TALH treatment has a minor effect on the coordination number.  
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Figure 13: Coordination number Z as a function of relative density ρ.  

Continuing with the framework proposed by Arzt, we evaluate the increase of the 

interparticle contact area within a densifying powder aggregate. This method models 

densification by increasing the size of particles within a fixed volume and, as the particle 

size is increased, redistributing material from regions where particles overlap. In 

compaction, material is redistributed as a uniform layer over the available particle surface 

[42]. During the TALH treatment, we observe that the TALH-derived TiO2 is deposited 

uniformly over the surface of the contacts, but not at locations where particles would 

overlap. Considering this similarity in material redistribution, we use the following 

compaction model (Equation 9 in Ref. 39) to compute the normalized area, a, of a single 

contact due to the TALH treatment: 

 
𝑎

4𝜋𝑅0
2 =  

1

12𝑍𝑅′2 [3(𝑅"2 − 1)𝑍0 + 𝑅"2(2𝑅" − 3)𝐶 + 𝐶], (17) 
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where R’ is the new particle radius due to the TALH addition and R” is the radius after 

TALH has been redistributed over the free surface area. 

The material redistribution model for sintering differs from the model for TALH treatment. 

When the agglomerate densifies through sintering, excess material is deposited locally at 

the particle contacts. This results in the following equation developed by Arzt:  

 
𝑎

4𝜋𝑅0
2 =

11

4𝜋𝑅0
2𝑍𝑅′ [𝑍0(𝑅′ − 1) +

𝐶

2
(𝑅′ − 1)2]. (18) 

Using Equations 17 and 18, Figure 14 plots the evolution of the interparticle neck area for 

the complete post processing cycle (pre-sintering, TALH treatment, and sintering). The 

trajectory through ABC captures the evolution of the normalized area of a single contact 

during sintering of the untreated samples, calculated using Equation 18. The TALH-treated 

samples follow a different trajectory – ABB’C’, where the evolution from AB and B’C’ is due 

to sintering (calculated using Equation 18) while the evolution from BB’ is due to the 

TALH treatment (calculated using Equation 17). For further comparison, the broken curve 

shows the evolution of a neck in an aggregate densified through pre-sintering and TALH 

treatment only (no additional sintering).  Densifying via sintering results in a larger contact 

area than increasing to the same relative density through TALH treatment. However, prior 

to sintering, the TALH treatment increases the normalized contact area without requiring 

high temperatures that induce creep.    
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Figure 14: Fractional area of a single contact as a function of relative density ρ. Both untreated and TALH-treated 
samples begin at point A and evolve to point B during pre-sintering. Once pre-sintering is complete, the untreated 
sample is further sintered to point C. TALH treatment results in the observed increment from point B to point B’. 
After TALH treatment, the rate of increase is the same as that for sintering from B’ to C’. The broken curve represents 
the neck size that can be achieved through TALH treatment alone following pre-sintering. 

For the present study, sintering is treated as a densifying mechanism, where the neck 

radius xd from Equation 11 is calculated from the contact area in Equation 18. In contrast, 

TALH treatment is treated as a non-densifying mechanism, because it adds material to the 

neck without contributing to particle centroid approach, and xn from Equation 12 is 

calculated using the expression in Equation 17. The different contact areas from 

Equations 11 and 12 result in similar values for radius of curvature in the TALH and 

untreated samples when compared at the same relative densities: rn increases from ~1 nm 

to 1 μm as ρ increases from 0.41 to 0.64.  

There are minimal differences in the evolution of the coordination number and the radius 

of curvature at the neck when sintering and infiltrating with TALH to the same relative 

density. However, as clearly shown in Figure 14, there is variation among the contact 
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areas, where differences in material redistribution result in a larger contact area due to 

sintering than TALH treatment. This larger contact area directly affects the uniaxial 

viscosity, viscous Poisson’s ratio, and uniaxial sintering stress. In the calculations, the effect 

of the TALH treatment was addressed by updating the initial relative density ρ0 from 0.42 

to 0.44, corresponding to the relative density achieved by TALH addition. The equations for 

the evolution during sintering of the contact area and the radius of curvature (Equations 

18 and 11) were then used to model the evolution of Ep, N, and σs. The results are overlaid 

in Figure 10, 11 and 12, respectively, where there is excellent agreement between the 

calculations and the experimental results. This good agreement is somewhat surprising 

given the simplifying assumptions in the different models, e.g., monodisperse spherical 

particles. 

The micromechanical model developed by McMeeking and Kuhn captures the physics of 

creep and densification in the TALH-treated and untreated materials. However, the model 

represents an ideal case where the applied stress does not result in an anisotropic 

microstructure. For this reason, the experimentally measured uniaxial viscosity of the 

TALH-treated material, which is less sensitive to the applied stress than the untreated 

material, is in excellent agreement with the calculated Ep when sintered under a low 

applied stress of 0.6 kPa. However, when the stress is increased to 60 kPa, both the TALH-

treated and untreated material deviate from the model, indicating that the applied stress 

results in microstructural anisotropy. This anisotropy likely contributes to the deviation 

between the experimentally measured N and the N = 0.25 predicted by McMeeking and 

Kuhn [35]. As observed in the experiments, the calculated values for Ep and σs are lower in 

the TALH-treated samples when compared to the untreated samples sintered to the same 
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relative density. Equations 17 and 18 reveal that variations in material properties result 

from differences in material distribution, where sintering results in larger interparticle 

necks than TALH treatment. The increase in fractional contact area Af afforded by the TALH 

treatment produces compacts that are more sensitive to stress at the later stages of 

sintering than compacts brought to the same relative density through sintering alone. 

However, the TALH-derived material increases Af prior to sintering, which increases the 

uniaxial viscosity and lowers the average contact stresses in the component at the early 

stages of sintering, resulting in less creep overall.  

6. Implications for implementing reactive binders  

The insights gained from studying the effects of TALH treatment on the microstructure of 

the aggregate and sintering mechanics are generalizable to other reactive binder and 

powder systems. When only considering the geometric differences of the microstructure, a 

higher Af afforded by reactive binder treatment will lower the contact stresses within the 

component at early stages of sintering and increase the uniaxial viscosity. Accordingly, we 

have developed maps to assess the effect of different reactive binders on key variables 

contributing to the creep and densification behaviors, namely the number of contacts Z, the 

average normalized area of each individual contact 𝑎̅, and the total fractional contact area 

Af . We use these maps to compare three classes of reactive binders that have been 

described in the open literature: (i) soluble metal compounds [10, 11, 22]; (ii) nanoparticle 

(np) suspensions [13-15]; (iii) preceramic polymers [17, 18]. The following plots were 

generated using data for these different reactive binder systems, summarized in Table 1.  
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Table 1: Data on various combinations of powder and reactive binder reported in the open literature. 

 

Importantly, the initial relative density values reported in different studies on reactive 

binders are not directly comparable: in some instances initial relative density was reported 

as the relative density prior to reactive binder treatment [13, 22], while in other reports it 

was the relative density after reactive binder treatment [11, 14]. To compare the efficacy of 

these different reactive binders, we compensate for the different descriptions of initial 

relative density by defining the initial relative density as that of the powder aggregate prior 

to reactive binder treatment. To estimate initial relative density for systems without 

published data, we use results from Yang et al. [49] which give initial relative density as a 

function of particle diameter d. These results are summarized in Figure 15, constructed 

using data from Figure 4 in Ref. 46. This calibration curve was used with the reported 

particle size in the different reactive binder studies to calculate ρ0 values in Table 1. 

 

base powder particle size (μm) ρ0 reactive binder precipitate ϕ 

so
lu

b
le

 
m

et
al

 c
o

m
p

o
u

n
d

 

Mo [10] 66 0.56 Cu(NO3)2 Cu 0.003 

Mo [10] 66 0.56 Ag2CO3 Ag 0.005 

Mo [10] 31 0.5 [AgNO3][Cu(NO3)2] Ag-Cu 0.021 

TiO2 [22] 10 0.4 TALH TiO2 0.047 

Cu [11] 17 0.44 metal-organic ink Cu 0.011 

n
an

o
p

ar
ti

cl
e 

 s
u

sp
en

si
o

n
 

Cu [14] 17 0.44 np-Cu Cu 0.022 

410 SS [13] 75 0.57 np-Fe Fe 0.005 

CaO [15] 74 0.57 np-ZrO2 ZrO2 0.017 

CaO [15] 74 0.57 np-ZrO2 ZrO2 0.028 

p
re

ce
ra

m
ic

 
p

o
ly

m
er

 

SiC [17] 40 0.52 
Polycarbosilane 

(PCS) 
SiC 0.218 

SiC [18] 16 0.44 
Polycarbosiloxane 

(PCSO) 
SiOC 0.409 
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Figure 15: Initial relative density ρ0 as a function of particle size d for respective reports calculated using results 
from simulations by Yang et al. (solid line) [49]  

 
Here, we examine the effects of initial relative density and volume fraction yield ϕ of the 

reactive binder on the relative density ρ, coordination number Z, normalized area of a 

single contact 𝑎̅ = 𝑎/4𝜋𝑅2, and fractional contact area 𝐴𝑓 = 𝑍𝑎/4𝜋𝑅2
. These parameters 

can be combined with Equations 4, 9, and 13 to predict the average contact stress, 

effective viscosity, and sintering stress exhibited by a sintering compact treated with a 

given reactive binder.  

Figure 16a shows iso-contours of relative density from a single reactive binder treatment, 

calculated using Equation 16. Reactive binders based on similar chemistries form clusters 

because they have similar solid yield. Preceramic polymers have the highest yield, on the 

order of 0.1, which is at least an order of magnitude higher than the yield of nanoparticle 

suspensions [13-15], where there are issues with agglomeration, and of soluble metal 

compounds [10, 11, 22], where low solubilities limit yield to 10-3–10-2. The maximum 
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increment in relative density (Δρ =ρ - ρ0) is observed for the preceramic polymer 

polycarbosiloxane (PCSO), for which Δρ = 0.2. The increment in relative density for the 

nanoparticle suspensions and soluble metal compounds both range between 10-2 and 10-3. 

The three datapoints at ρ0 = 0.44 for Cu/metal-organic ink, Cu/np-Cu, and SiC/PCSO are 

representative of each class of reactive binder and highlight the differences in Δρ between 

each, signifying the importance of yield on final relative density. The reduction in the 

average contact stress from a single reactive binder treatment can be predicted by 

combining ρ and ρ0 from Figure 16a with Equation 4.  

Figure 16b shows iso-contours of constant coordination number Z calculated from 

Equation 15. The powder aggregates in the reports summarized here all have an initial 

average coordination number of 4 to 5. This coordination number is typical for loosely 

packed compacts but is lower than the average coordination number of Z = 7 in random 

close packed compacts with ρ0 = 0.64. The negative curvature of the iso-contours means 

that a large yield is required to increase the average coordination number. The maximum 

increment in coordination number (ΔZ =Z-Z0) is observed for the preceramic polymer 

PCSO, with ΔZ = 2. Increasing the initial packing density has a more significant effect on 

increasing Z than solely relying on reactive binder yield. This is especially true when using 

soluble metal compounds and nanoparticle suspensions, for which the yield is typically less 

than 0.1 and results in a ΔZ less than unity. 
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Figure 16: Reactive binder comparisons. The effect of volumetric yield and initial relative density on the (a) 
relative density, (b) coordination number, (c) area of a single contact, and (d) total fractional contact area 

In addition to increasing the coordination number, reactive binder treatment increases the 

size of existing contacts. Figure 16c shows iso-contours of normalized contact area 𝑎̅  = 

a/4πR2. When comparing the different material systems, the preceramic polymers have 𝑎̅  

on the order of 10-2, while the nanoparticle and soluble metal compounds have 𝑎̅ ranging 
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from 10-4–10-2, further emphasizing the benefit of a high yield for increasing contact area. 

Note that the positive slope of the 𝑎̅ iso-contours is because the low average coordination 

number at low relative densities results in more material deposited at each interparticle 

neck than in more dense compacts. The effect of coordination number on the increment in 

contact size can be seen when comparing the data points at ϕ = 0.02; here, the coordination 

number for CaO/20wt% np-ZrO2 (Z = 5.5) is greater than the coordination number for 

Cu/np-Cu (Z = 4.5). Consequently, CaO/20wt% np-ZrO2 has a smaller contact area (𝑎̅ = 

0.003) than Cu/np-Cu (𝑎̅ = 0.005).  

Figure 16d is shown with iso-contours given by the product of Z and 𝑎̅. Using the same 

comparison from earlier, the Af of CaO/20wt% np-ZrO2 is comparable to that for Cu/np-Cu 

(Af = 0.02). The fractional contact area plotted in Figure 16d can be combined with 

Equation 9 to predict the uniaxial viscosity of the sintering compacts. Note that the 

homogeneous TiO2/TALH-derived TiO2 system presented in this work leads to the same 

effective diffusivity term for both treated and untreated material. However, the versatility 

the reactive binder and feedstock powder combinations introduces the ability to tailor the 

diffusion kinetics as well (e.g., using sintering aids [9, 50] that promote densification while 

simultaneously increasing the fractional contact area). 

In summary, Figure 16 shows the effect of initial relative density and reactive binder yield 

on the size and quantity of the interparticle contacts. Increasing initial relative density 

increases the number of interparticle contacts but does not significantly affect the contact 

size. In contrast, increasing yield results in larger neck sizes with little effect on the 

coordination number. From Equations 4 and 5, this increase in neck size from the reactive 

binder treatment decreases contact stresses and the extent of creep. However, when 
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considering the effect of reactive binder treatment on the pore curvature, this specific 

deposition method can reduce the driving force for sintering, presenting a tradeoff 

between increasing effective viscosity and promoting densification driven by local 

gradients in surface curvature at interparticle necks.  

7. Conclusions 

We have quantified the mechanisms by which the reactive binder TALH affects the 

sintering mechanics in sintering binder jet printed TiO2 compacts through a combination of 

structural characterization, loading dilatometry experiments, and micromechanics 

modeling. The key insights from this work include the following: 

• TALH-treated material exhibits lower creep and densification strains than untreated 

material sintered for the same amount of time. However, at equivalent relative 

density, the TALH-treated material exhibits faster creep and densification than the 

untreated material.  

• The measured activation energy (Q ~ 400kJ/mol) and stress exponent (n ~ 1) 

indicate that both the TALH-treated and untreated materials deform via lattice-

mediated diffusional creep. 

• The constitutive creep model reveals that the dominant effect of TALH on the 

sintering mechanics is to increase the interparticle contact size prior to sintering. 

However, due to differences in material distribution between TALH treatment and 

sintering, the average contact area in untreated specimens is 5-10% larger than in 

TALH-treated material sintered to the same relative density. This results in a lower 

uniaxial viscosity in TALH-treated compacts and a lower sintering stress, revealing 

lower surface curvature in the same.  
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• A survey of reactive binder and powder agglomerate combinations available in the 

open literature revealed that the reactive binder volume yield is a key variable for 

controlling the fractional contact area prior to sintering. When comparing soluble 

metal compounds, nanoparticle suspensions, and preceramic polymers, preceramic 

polymers, with a yield of 80%, increase the fractional contact area the most, 

indicating an excellent ability to decrease contact stresses, and increase the effective 

viscosity of the material prior to sintering.  
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Appendix A. Grain growth in TALH-derived TiO2 

Our previous work showed that TALH-derived TiO2 heated to 900 °C is predominantly 

rutile and has an average grain size of 150 nm [22]. Thus grain growth of the TALH-derived 

TiO2 can be approximated following a grain growth expression for nanocrystalline TiO2 

developed by Höfler and Averback [51]: 

    D3  =  D0
3  +  αexp (

−𝑄

RT
) tn, (A1) 

where D0 is the initial grain size, α is the grain boundary preexponent (α = 7.29x10-10 m3/s) 

[51], n is a time exponent (n ≈ 1 for T = 700–825 °C) [51], and Qb is an activation energy for 

grain boundary diffusion (Qb = 278 kJ/mol) [51]. As shown in Figure A1, Eq A1 predicts 

that the average grain size of the TALH-derived TiO2 grows to ~10 μm within 40 minutes 

when heating at a rate of 12 K/min. Note that this is essentially the same as the particle size 

of the powder feedstock.  
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Figure A1: Predicted grain size of the TALH-derived material as a function of time for the sintering cycle used in 
the present study. 

Appendix B. Activation energy for lattice diffusion in rutile TiO2 

The most common intrinsic point defects in TiO2 include oxygen vacancies and titanium 

interstitial cations (Ti3+, Ti4+) [31], with oxygen vacancies dominating under the sintering 

conditions used in the present work (~1 atm O2; 1100–1500 °C). Under these conditions, 

the concentration of oxygen vacancies is given by [52] 

[𝑉𝑂
..] = [𝐾0exp (

∆𝑆𝑉ö

𝑘
) exp (

−∆𝐻𝑉ö

𝑘𝑇
)]

1

3
 (B1)  

where T is the absolute temperature, k is Boltzmann’s constant, 𝐾0 is equilibrium constant 

(which is a function of oxygen partial pressure for non-stoichiometric rutile TiO2), and ∆𝑆𝑉ö
 

and ∆𝐻𝑉ö
 are, respectively, the entropy and enthalpy of oxygen vacancy formation. 

Multiplying this expression by the oxygen vacancy mobility: 
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𝐷 =  𝐷0exp (
∆𝑆𝑚

𝑘
) exp (

−∆𝐻𝑚

𝑘𝑇
) (B2) 

where 𝐷0 diffusion preexponent and ∆𝑆𝑚 and ∆𝐻𝑚 are the entropy and enthalpy for 

migration, gives the intrinsic oxygen vacancy diffusivity, for which the total activation 

energy Q is[31] 

 𝑄 =
𝛥𝐻𝑉𝑜̈

3
+ 𝛥𝐻𝑚. (B3) 

The enthalpy of formation of oxygen vacancies is 𝐻𝑉𝑜̈
= 439 kJ/mol [31] and the enthalpy 

of vacancy migration is Hm = 250 kJ/mol [28, 31], giving Q = 396 kJ/mol, in excellent 

agreement with our experimental measurement of Q ≈ 400 kJ/mol. This result supports 

that the TALH-treated and neat materials creep by lattice diffusion of oxygen vacancies and 

that extrinsic point defects are not significant. 

Appendix C. Constructing the deformation mechanism map 

The deformation mechanism map in Figure 9 was constructed following the approach 

described by Frost and Ashby [53]. We consider three main creep mechanisms: Nabarro-

Herring creep characterized by lattice diffusion of point defects; Coble creep characterized 

by grain boundary diffusion; and power-law creep characterized by dislocation climb and 

glide. Each mechanism contributes a unique creep strain rate under a given combination of 

applied stress and temperature. Deformation mechanism maps indicate regions in 

normalized stress-temperature space where a given mechanism has the fastest creep rate.  

We use standard expressions to compute the creep rates for the different mechanisms. The 

rate equation for Nabarro-Herring creep [54, 55] is  

𝜀ṄH =  
13.3 𝐷𝑣𝛺𝜎

𝑘𝑇𝑑2 , (C1) 
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where Dv is the lattice diffusivity expressed as 𝐷𝑣 = 𝐷0𝑣exp(−𝑄v/𝑅𝑇), D0v is the lattice 

diffusion preexponent, Qv is the activation energy for lattice diffusion, R is the ideal gas 

constant, Ω is the atomic volume, σ is the applied shear stress, k is Boltzmann’s constant, T 

is the temperature and d is the grain size. The rate equation for Coble creep [55, 56] is 

𝜀Ċ =  
47.5 𝛿𝐷𝑏𝛺𝜎

𝑘𝑇𝑑3  (C2) 

where Db is the grain boundary diffusivity expressed as 𝐷𝑏 = 𝐷0𝑏exp (−𝑄𝑏/𝑅𝑇), Db is the 

grain boundary preexponent, Qb is the activation energy for grain boundary diffusion, and δ 

is the grain boundary thickness. The rate equation for power law creep [55, 57] is 

 𝜀𝑃̇𝐿 =  𝐴
𝐷𝑣𝜇𝑏

𝑘𝑇
(

𝜎

𝜇
)

𝑛

, (C3) 

where A is the Dorn parameter, and μ is the temperature-dependent shear modulus given 

by 

𝜇 = 𝜇0 [1 +
(𝑇−300)

𝑇𝑚
 
𝑇𝑚

𝜇0

𝑑𝜇

𝑑𝑇
], (C4) 

where 𝜇0 is the shear modulus at 300 K, (𝑑𝜇/𝑑𝑇) is the rate of change of shear modulus 

with temperature, and 𝑇𝑚 is the melting temperature. The material property data used to 

construct the deformation mechanism map for rutile TiO2 is listed in Table C1. 
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Table C1.  Material property data used to construct deformation mechanism map 

material property value 

atomic volume, Ω (Å3) 31 [30] 

Burger's vector, b (Å) 3 [30],[58] 

melting temperature, Tm (K) 2112 [30],[58] 

shear modulus at 300 K, μ0 (GPa) 113 [58] 

temperature dependance of modulus,  
𝑑𝜇

𝑑𝑇
  (GPa/K) -0.34 [59] 

lattice preexponent, D0v (m2/sec) 3.50x10-6 [30] 

lattice activation energy, Qv (kJ/mol) 251 [30],[60] 

grain boundary width, δ (nm) 0.5 [61] 

grain boundary preexponent, D0b (µm/s) 7 [30] 

 grain boundary activation energy, Qb (kJ/mol) 200 [30] 

stress exponent, n 3 [30] 

dorn Parameter, A 3 [30] 

particle size, d (µm) 9 

 


