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a b s t r a c t 
In situ bicrystal sintering experiments performed in a transmission electron microscope indicate that the 
densification rate can follow interface nucleation rate limited kinetics. This work performs in situ sinter- 
ing experiments on immiscible Al 2 O 3 -GdAlO 3 interfaces enabling a statistical treatment of sintering at a 
single interface type as a function of time and temperature. The data provide a measure for the activation 
energy of the nucleation process, ≈4.8 eV. This large value is consistent with observations that the pro- 
cess is rate limiting. A new sintering model is developed based on the assumption of interface nucleation 
rate limited kinetics and is demonstrated to work well in predicting in situ bicrystal sintering data, fitting 
in situ multiparticle sintering data, predicting grain size versus density sintering trajectories, and fitting 
isothermal bulk sintering data. 

© 2022 The Authors. Published by Elsevier Ltd on behalf of Acta Materialia Inc. 
This is an open access article under the CC BY license ( http://creativecommons.org/licenses/by/4.0/ ) 

List of symbols 
˙ ε o Strain rate pre-exponent 

A g Area of grain boundary 
A / V Surface area per volume 
D s Surface diffusivity 
H ∗ Activation enthalpy 
R 2 R-squared metric for fit quality 
r n Neck radius of curvature 
S ∗ Activation entropy 
v ∗ Activation volume 
v f Grain boundary point defect formation volume 
w s Work done during densification specifically in the time 

interval when strain is active at a single boundary 
w T Total work done across a period associated with densifi- 

cation at a single boundary 
γS Surface energy 
#G s,c Total change in Gibbs free energy during densification 

specifically in the time interval when strain is active at 
a single boundary 
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˙ ε Strain rate 
σs,c Critical sintering stress at which strain is activated 
%s Sintering potential 
σs Sintering stress 
σy Yield strength 
B Shape factor relating A / V = B / d 
d Average grain size 
D Diameter of grain 
G Gibbs free energy 
k Boltzmann constant 
L Mean width 
L Length of Grain 
p Perimeter of grain 
r Grain radius 
T Temperature 
x Grain boundary width 
#G T Total change in Gibbs free energy across a period associ- 

ated with densification at a single boundary 
ε Sintering strain 
ζ ‘Efficiency’ factor describing the fraction of dissipated in- 

terfacial energy that does work on the densification pro- 
cess 
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η ‘Efficiency’ term describing how much of the work done 

on the densification process contributes to densification 
ν Concentration of surface defects mediating diffusion 
) Constant describing the slope dε 

d( A 
/ V ) 

σ Stress 
ϕ Turning angle at surface triple junction 
+ Atomic or molecular volume 
1. Background 

Sintering is the primary solid-state powder consolidation tech- 
nique that has broad applications across a range of materials 
classes and technological systems [1–8] . Sintering science remains 
an important area of materials research as novel sintering pro- 
cesses and new applications continue to emerge [ 9 , 10 ]. Sintering, 
for example, provides a route to consolidate additively manufac- 
tured colloidal green bodies, that can often be prepared with bet- 
ter spatial resolution than melt based processes [11] . New sintering 
techniques introduced in recent decades have generated uncertain- 
ties regarding the fundamental mechanisms for sintering [12–16] . 
There, furthermore, continues to be a need to reproducibly con- 
solidate near-net-shaped materials for demanding applications that 
challenge the discipline, such as dispersion strengthened nanos- 
tructured alloys for extreme environments, high density transpar- 
ent ceramics for laser applications, or high-quality refractory ce- 
ramics for hypersonic vehicles [ 11 , 17 , 18 ]. 

GB mediated densification during sintering requires mass trans- 
port away from grain boundaries (GBs) and towards pore surfaces. 
The process occurs via three steps, (a) the nucleation of GB dislo- 
cations, (b) the emission and absorption of point defects at the free 
surface and GB dislocation, and (c) point defect fluxes between the 
source and sink, either through the GB or through the lattice. Any 
of these three processes, shown schematically in Supplementary 
Figure S1, could be kinetically rate limiting. These three mecha- 
nisms exhibit different driving force dependencies, (a) exponential, 
(b) parabolic, and (c) linear, respectively. This causes them to be 
dominant at different relative driving forces, depending on the un- 
derlying microstructure; see Supplementary Figure S2. Despite the 
low average driving force for sintering of micron and sub-micron 
scale particles, models typically applied to sintering, such as those 
developed by Coble [19] and others [20] , generally assume diffu- 
sion limited kinetics that dominates at large driving forces. This in- 
herently assumes GB dislocation nucleation and point defect emis- 
sion/absorption are facile, which is inferred by an assumption that 
grain boundaries are ideal point defect sources and sinks. It has, 
however, been hypothesized that point defect emission and ab- 
sorption kinetics could be rate limiting during sintering [21] , al- 
though such models have primarily been applied to creep [22] . 
Coble predicted that such a point defect emission/absorption lim- 
ited sintering model would be indistinguishable from a diffusion 
limited model during isothermal experiments due to scaling argu- 
ments [19] , which has been confirmed by detailed analysis [ 23 , 24 ]. 
As will be shown herein, the GB dislocation nucleation rate limited 
kinetic model is also effectively indistinguishable from the diffu- 
sional and point defect emission/absorption limited kinetic mod- 
els when analyzing isothermal data. As discussed qualitatively in 
a recent paper [25] , however, the different mechanisms will ex- 
hibit different activation energies, influence residual stress evolu- 
tion, the evolution of the pore size distribution, and respond dif- 
ferently to novel heating schedules during processes such as high 
heating rate sintering [ 13 , 15 , 26 ] or two-step sintering [27] . Thus, 
identifying the appropriate rate limiting process is of considerable 
practical importance. 

Despite the lack of an analytical model for the nucleation rate 
limited kinetics, the idea that densification should be described in 

terms of GB plasticity and the importance of dislocation nucleation 
at and around sintering boundaries has been discussed within the 
literature [ 28 , 29 ]. GB dislocation nucleation rate limited sintering, 
and creep, models have not received significant attention because 
the stresses necessary to nucleate such defects typically far ex- 
ceed average sintering stresses in powder compacts [22] . The prob- 
lem has largely been ignored by assuming that sufficient GB dis- 
locations pre-exists and somehow self-propagate or multiply [22] . 
Limited evidence for such phenomena exists. Alternatively, a stress 
concentration should be active in driving local stresses at indi- 
vidual boundaries to values far greater than the average sintering 
stress. 

A possible mechanism for stress concentration was discussed by 
Sudre and Lange [30] . They described criteria wherein the shrink- 
age of a particle confined between two other particles would un- 
dergo de-sintering. De-sintering occurs when γGB > 2 γs , where γGB 
and γs are the grain boundary and surface energies, respectively. 
This can occur when the local stress at the boundary exceeds the 
work of adhesion. Particle shrinkage dissipates surface energy de- 
creasing the total energy of the system but can also locally increase 
the chemical potential at the GB. Thermodynamic work driven by 
surface energy dissipation, therefore, can drive local stress evo- 
lution to values much larger than the average sintering stress of 
the entire system. Similar ideas have previously been invoked to 
understand residual stress evolution during sintering [31] . DeHoff
[32] also hypothesized that an energy dissipation model could ac- 
count for the relationship between grain size and density during 
sintering and posited that; 

dε 
d (A / V ) = ) (1) 
where ) is a constant, ( A / V ) denotes the surface area per unit vol- 
ume, and ε is strain. DeHoff [32] ultimately ascribed ) to a topo- 
logical effect, but it is hypothesized here that it primarily reflects 
physical properties of the GB. A relationship between these mi- 
crostructural variables has indeed been noted by several authors 
[ 33 , 34 ]. 

A recent series of in situ transmission electron microscopy 
(TEM) bicrystal creep experiments performed on high index cubic 
ZrO 2 GBs support the notion that GB dislocation nucleation rate 
could play an important role in sintering [ 35 , 36 ]. Similar bicrystal 
creep and sintering experiments were performed on random in- 
terfaces between immiscible Al 2 O 3 and GdAlO 3 grains [25] in or- 
der to avoid complications introduced by grain boundary migra- 
tion. The schematic in Fig. 1 outlines the general response ob- 
served in these prior experiments, which forms the basis for a pro- 
posed initial stage sintering model. In general, the sintering stress 
increases with no associated densification strain up until a critical 
stress value, σs,c , followed by densification strain, at a rate consis- 
tent with diffusional models, and sintering stress relaxation. The 
discontinuous nature of the process indicates the GBs do not serve 
as ideal sinks for continuous point defect fluxes and is generally 
consistent with nucleation rate limited kinetics. The overall pro- 
cess results in a reduction in the total free energy of the system. 
This schematic depicts a single critical sintering stress for simplic- 
ity, but this is, in fact, a distribution defined by the activation vol- 
ume, v ∗, as [37] 
v ∗ = −kT (dln ̇ ε 

dσ

)

T, ̇ ε o (2) 
where ˙ ε is strain rate, σ is stress, and kT is the thermal energy 
in the system. These results suggest that during sintering GBs in- 
deed sample local stress states far greater than the average sinter- 
ing stress and large enough to nucleate climb mediating GB dislo- 
cations. A goal of this work is to construct and test a model based 
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Fig. 1. Schematic representation of the variation in particle radius, sintering strain, sintering stress, and GB energy evolution during sintering, along with experimental 
observations of such phenomena in ZrO 2 and Al 2 O 3 -GdAlO 3 . The dotted lines denote points in time where densification occurs, which has a corresponding rigid body 
motion. At those points in time, the rate of densification is consistent with measured GB diffusivities. Note that the center of mass can vary via both densification and 
Ostwald ripening, but the former is discontinuous while the latter is continuous on the time scale of the observation. The measurements of strain and stress are the basis 
for calculating thermodynamic work associated with densification forming the basis of the model in this text. 
on the hypothesis that densification is interface rate limited by the 
nucleation rate of climb mediating interfacial dislocations. 

This effort seeks to develop an analytical nucleation rate lim- 
ited kinetic model for sintering based on the primary assumption 
that surface energy dissipation during coarsening drives stress con- 
centrations that facilitate GB dislocation nucleation. The model is 
initially validated against prior in situ bicrystal sintering and creep 
experiments, as well as prior molecular dynamics simulations of 
bicrystal sintering. The lack of prior systematic temperature de- 
pendent bicrystal sintering experiments motivate a set of model 
experiments focused on pearl necklace type structures composed 
of alternating Al 2 O 3 and GdAlO 3 eutectic grains that are observed 
during in situ TEM sintering experiments. Eutectic structures serve 
as a model, because each pair of grains has the same misorien- 
tation, and aligned growth of these structures produces interfacial 
planes with nominally the same crystallography [ 38 , 39 ]. These ex- 
periments afford a temperature dependence and an approximate 
activation energy that provide insights into whether the proposed 
mechanism is reasonable. The model is also extended to fitting 
polycrystalline sintering data from the literature to both demon- 
strate the efficacy of the model in fitting such data and provide 
example temperature dependent trends in several systems. 
2. Experimental methodology 

Al 2 O 3 -GdAlO 3 powder was prepared at the eutectic composi- 
tion using a co-precipitation process detailed elsewhere [38] . The 
material was consolidated using spark-plasma sintering followed 
by melting in a Mo crucible at 1770 °C under Ar, as discussed in 
a prior paper where the same samples were mechanically tested 
[38] . Bulk samples were polished into wedge-shaped geometries 
with an edge thickness on the order of ≈10 µm . Focused ion beam 
(FIB, FEI Helios) milling with a final step at 30 keV Ga and 0.5 nA 
was utilized to prepare needle-shaped samples from portions of 
the eutectic where the interphase boundary aligned approximately 
perpendicularly with the needle axis. The process is anticipated to 
introduce Ga contamination < 30 nm into the surface [40] . During 
heating, however, this material is observed to precipitate on the 

surface and then evaporate. Residual Ga likely remains in the sam- 
ple, but at levels closer to its equilibrium solubility. 

Samples were heated within the TEM using a 1064 nm laser 
with an ≈50 µm spot. The laser power is linear in applied power 
above a threshold, and it has generally been observed in this mate- 
rial, and others, that the specimen temperature is linear in power 
for a given phase. This has been determined via electrical con- 
ductivity measurements [41] , lattice parameter expansion [42] , and 
optical pyrometry. Reference temperatures provide a useful route 
to calibrating the temperature well. For the experiments described 
here, every sample was observed in situ under the conditions dis- 
cussed, and then the power was raised to the melting temperature 
in the same region of observation. This provides a reference tem- 
perature to calibrate the linear thermal expansion against. All ex- 
periments were performed within 26% of the eutectic temperature. 
The temperature is typically raised slowly in increments of ≈20–50 
°C. Video data was acquired at 4–5 frames per second using Gatan 
Digital Micrograph. Video frames were analyzed using ImageJ and 
Matlab. 

The surface energy is not known explicitly for our material 
and is challenging to measure for samples composed of phase 
boundaries, since multiple interfaces exist. For simplicity, a value 
of 1 J m −2 is assumed for calculating the sintering stress [ 43 , 44 ]. 
This value is of a reasonable magnitude for the samples investi- 
gated and the value is convenient for simply rescaling the results 
to alternative formulations. The model described below has γS in 
the numerator, but it also appears in the denominator in the cal- 
culated sintering stress term. Thus, any consistent value assumed 
will cancel when applying the sintering model. The critical sinter- 
ing potential is calculated from %s,c = γS ( 2 πxcosϕ − π x 2 

L ) , where 
ϕ is the turning angle at the triple line, x is the interface ra- 
dius, L = p 

π−
∑ n 

i =1 ϕ is the mean width where p is the perimeter of 
the convex hull around the particle, π takes its typical numerical 
value, and n ∑ 

i =1 ϕ is the summation of the turning angles over each 
of the junctions. This is based on the treatment of sintering poten- 
tial by Cannon and Carter [45] , where the mean curvature in their 
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model is approximated by 1 / L here. The critical sintering stress is 
approximated as σs,c = %s,c / A g where A g = πx 2 is the area of the 
GB assuming a circular cross section. The circular cross-section as- 
sumption may not hold for any individual measurement but is ex- 
pected to provide a reasonable measure when averaged over many 
observations. 

Measurements were obtained from the Al 2 O 3 particles since 
they appeared to primarily be active in terms of interfacial strain. 
Supplementary Figure S3 highlights the geometric features mea- 
sured. This is consistent with prior observations that the Al 2 O 3 
portion of the phase boundary is considerably more facile than the 
GdAlO 3 portion of the interface. An ImageJ script was used to cal- 
culate the convex hull, the dihedral angles were measured man- 
ually, and the center of mass of grains was calculated from the 
threshold of the grain in ImageJ and calculated with respect to the 
center of the grain boundary. Finally, the model developed herein 
was evaluated numerically using Matlab. Specifically, the code was 
used to fit data using an iterative process and predict sintering tra- 
jectories based on measured materials properties. 
3. Model 

In this model, a sintering stress concentration evolves at the 
sintering neck due to dissipation of surface energy, γS , by reduc- 
tion in its area during coarsening, which lowers the overall free 
energy density of the system, 
dG = γS d (A / V ) (3) 
where ( A / V ) denotes the surface area per unit volume. From the 
activated state, work per volume, 
dw = σs dε (4) 
is done to induce densification strain, ε, at the sintering stress, σs . 
An equality between these two terms may be produced by intro- 
ducing efficiency terms, ζ and η. The former describes the fraction 
of the dissipated surface energy that is converted into work for the 
overall sintering process, #G S , 
#G S = γS (A / V )ζ (5) 

The latter efficiency term will be used to describe the work 
done during sintering strain ( w S ) taken to be, 
w S = σs,c εη (6) 
where σs,c is the critical sintering stress associated with the 
onset of GB plasticity. Equating the differential work terms 
in Eqs. (3) and (4) while including the efficiency terms from 
Eqs. (5) and (6) produces: 

dε 
d (A / V ) = −γS ζ

σs,c η . (7) 
This relation should, in general, be true for pressureless sin- 

tering where dissipation of surface energy drives the process. If 
we take a compressive strain as positive, then the term on the 
right-hand side of Eq. (7) will be negative. The process will be in- 
terface nucleation rate limited when σs,c >> σs , where σs is the 
average sintering stress. The magnitudes of σs,c , ζ and η, how- 
ever, have not been known or subject of detailed investigation. 
σs,c was recently measured for bicrystal sintering in ZrO 2 [35] . 
Fig. 2 a replots data from that work in terms of ( A / V ) versus ε. 
Fig. 2 b shows the corresponding probability of discontinuous den- 
sification steps occurring as a function of sintering stress, where 
the probability is calculated based on the time spent in a specific 
sintering stress interval. The inverse average slope of the curve in 

Fig. 2 a is dε 
d( A 

/ V ) = − γS ζ
σs,c η = 2 . 3 × 10 −8 m . The data in Fig. 2 a indi- 

cates that σs,c ≈ 1 × 10 8 Pa , assuming for now ζ ≈ 1 and η ≈ 0 . 5 , 
which is in good agreement with the more direct measurements of 
σs,c = 1 × 10 8 Pa − 2 × 10 8 Pa shown in Fig. 2 b, which was mea- 
sured directly from geometric analysis of the bicrystal sintering. 
Fig. 2 c compares this to the GB tensile yield strength measured 
as a function of strain rate and temperature. The strain rate dur- 
ing sintering at 1851 °C is on the order of 10 −3 s −1 . This sug- 
gests that the yield stress measured as the deviation from the lin- 
ear response during tensile loading, σy , is in reasonable agreement 
with the critical stress to induce densification calculated from the 
model and directly from imaging; σy ≈ σs,c . These prior measure- 
ments of yield strength have some uncertainty associated with the 
assumption of a circular GB area and the competing effects of sin- 
tering and creep at low strain rates. Thus, the agreement cited, 
σy ≈ σs,c , should be taken as magnitude agreement rather than ex- 
act agreement. The quoted stresses for sintering are also somewhat 
approximate because a finite value is being ascribed to a probabil- 
ity distribution and because particle rotation observed during the 
experiment causes the crystallographic character of the boundary 
to evolve slowly in time. 

The surface energy of the ZrO 2 samples used in the prior 
work was measured explicitly using the zero-creep method, γS ≈
1 . 3 J m −2 , under the same experimental conditions as the in 
situ sintering experiments. This suggests that ζ

η ≈ 2 − 5 . η in 
Eq. (7) relates to the shape of the sintering stress-densification 
strain response [46] . The total energy available to do work, w T , 
at a given sintering stress is δw T = +dσs , where + is the atomic 
or molecular volume. A variety of processes can dissipate energy 
during densification, such as redistribution of solute away from lo- 
cal thermodynamic equilibrium because of a flux, the nucleation 
of the strain mediating line defect, and the creation and annihila- 
tion of point defects at different stresses. An analysis of creep in 
cubic ZrO 2 suggested the latter process likely dissipates the most 
energy when solute redistribution is not active and follows the 
form δw s = v f dσs , where v f is the point defect formation volume 
[35] . The ratio of work available for sintering versus work done 
during densification provides a basis for approximating η ≈ v f 

+ . ζ
is associated with the fraction of surface energy dissipated that 
contributes to driving densification. The term will generally cap- 
ture topological and microstructural effects. For example, one ma- 
jor source of energy loss from this term is hypothesized to be the 
shrinkage and disappearance of grains that only contact a single 
neighbor or de-sinter due to their local topology. It is also envi- 
sioned that pore size distribution in the later stages of sintering 
could also influence ζ . For example, a single large pore surrounded 
by a dense fine grain structure may not utilize interfacial energy 
dissipation as efficiently as the same pore volume distributed more 
uniformly amongst the grains; see Supplementary Figure S4. Such 
effects will be the subject of future investigation, but for simplicity 
ζ ≈ 1 is assumed here. In ZrO 2 studied previously, it was found 
that on average v f 

+ ≈ 0 . 5 . If ζ
η ≈ 2 − 5 and η ≈ 0 . 5 for bicrystal 

sintering experiments, then it is reasonable to expect ζ ≈ 1 ; note 
that it cannot exceed unity. 

Fig. 3 a reproduces recently published two-particle molecular 
dynamics simulation results from initially spherical Ni sintered at 
10 0 0 K, and Fig. 3 b replots the data in terms of ε versus ( A / V ) . The 
same ε versus ( A / V ) response, first noted by DeHoff [32] for poly- 
crystalline sintering, is observed in both 2-particle sintering experi- 
ments and atomistic simulations. In each case, the response is also 
approximately linear. Assuming γS ≈ 1 J m −2 , σs,c ≈ 1 × 10 8 Pa −
2 × 10 8 Pa for these particles, for η ≈ 1 to η ≈ 0 . 5 . The curva- 
tures of the neck are plotted as a function of time in Fig. 3 c. Also 
assuming γS ≈ 1 J m −2 , the sintering stress calculated from the 
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Fig. 2. (a) plot of the area to volume ratio for a single ZrO 2 particle sintering on a substrate along with the slope predicted from the model in Eq. (7) assuming σs,c = 
150 MPa . (b) Plots the probability of ‘nucleating’ a densification strain event as a function of sintering stress, which was used to approximate a value σs,c = 150 MPa for (a). 
(c) the relationship between strain rate and grain boundary tensile yield strength measured at several temperatures. 

Fig. 3. (a) Cross-sectional view of a 2-particle sintering configuration at 0 ns and 29 ns during MD simulations performed at 10 0 0 K using a Ni potential, (b) a plot of the 
interfacial area density versus densification strain, and (c) plot of the mean curvature at the neck versus time. 
curvature is also σs,c ≈ 1 × 10 8 Pa − 3 × 10 8 Pa . Uncertainty exists 
when calculating curvatures from MD data and the value of η. The 
MD simulations, nevertheless, suggest that to within a factor of 
2, ζ

η ≈ 1 − 2 . This implies that most interfacial energy dissipated 
during sintering contributes directly to doing thermodynamic work 
on the densification process. 

The surface area density varies inversely proportional to the 
grain radius, 
(

A / V ) = B 
r (8) 

where B is a geometric coefficient that should vary with grain 
shape, density, and microstructural topology. For the case of coars- 

ening via surface diffusion, the time, t , evolution follows, 
r 4 − r 4 o = C D s γs +2 ν

kT ( t − t o ) , (9) 
where C is a geometric constant, D s is the surface diffusivity, +
is the atomic or molecular volume, ν is the concentration of sur- 
face defects mediating diffusion, and kT is the thermal energy. 
Other coarsening processes such as vapor phase transport or grain 
boundary migration can dominate under various microstructural 
and processing conditions. A power law with grain size expo- 
nent on the order of 3 to 4 is, however, anticipated through the 
early and intermediate stages of sintering. For our discussion be- 
low, B = 3 was assumed based on a spherical grain approximation, 
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which is a minimum value and could slightly underestimate the 
area density of polyhedral grains. C = 10 was assumed for evaluat- 
ing coarsening rates in context of the model described by Nichols 
and Mullins [46] . 

Equations (7) through (9) provide the basis for an initial stage 
sintering model that accounts for the observations that densifica- 
tion follows interface nucleation rate limited kinetics and is ther- 
modynamically coupled to surface energy dissipation associated 
with coarsening. Of the constants in this model, σs,c likely exhibits 
the largest variability and most greatly influences sinterability, its 
magnitude and temperature dependence, however, are not well un- 
derstood. Supplementary Figure S5 shows example numerical pre- 
dictions from the model for sintering of materials with two differ- 
ent initial grain sizes and densities as a function of temperature as- 
suming σs,c decreases with increasing temperature. These data pre- 
dict that increased heating rate, decreased initial grain size, and in- 
creased initial density all promote densification in agreement with 
experimental trends within the literature. This suggests the model 
could be appropriately applied to sintering experiments. If, alter- 
natively, σs,c is assumed to be constant, as shown in Figure S6, 
then there is no heating rate dependence to the sintering trajec- 
tory. A heating rate dependence of the sintering trajectory, where 
high heating rates favor enhanced densification relative to coarsen- 
ing, is well known experimentally [ 13 , 15 , 26 ]. An inherent feature 
of the model is its ability to simply predict sintering trajectories 
for different conditions of initial particle size, density, and sinter- 
ing schedule. What is required here is a better understanding of 
how σs,c varies as a function of temperature in real materials and 
how that, in turn, influences sintering. σs,c should generally vary 
with temperature following Boltzmann statistics, 
σs,c = −kT ln ˙ ε 

˙ ε o − H ∗ + S ∗T 
v ∗ (10) 

where H ∗ and S ∗ are the activation enthalpy and activation entropy, 
respectively. The following section emphasizes measuring σs,c (T ) 
at an interface of a single misorientation to avoid uncertainties as- 
sociated with measurements of random interfaces or distributions 
of interfaces. 
4. Experimental results 

The high aspect ratio pearl necklace structures characterized in 
this study should tend to densify forming shorter and wider grains 
[45] . Coarsening of the entire structure over time should drive 
mass away from the overall pearl necklace structure towards low 
curvature surfaces on the substrate. The surface diffusivity of Al 2 O 3 
exceeds that of GdAlO 3 by more than an order of magnitude [47] , 
and at longer timescales Al 2 O 3 may also preferentially evaporate. 
The degree of evaporation-condensation versus surface diffusion, 
however, does not affect the thermodynamic analysis presented 
herein. Fig. 4 shows the evolution of a specimen tested at 1688 
°C. The Al 2 O 3 portions of the sample clearly evolve faster than the 
GdAlO 3 consistent with the expectations of faster Al 2 O 3 transport 
kinetics. No apparent densification strain is observed during the 
initial portion of the experiment, despite the sintering stress be- 
ing on the order of 10 7 Pa, assuming γs ∼ 1 J m −2 , which would 
drive a densification rate of ∼ 50 0 0 nm s −1 at random boundaries 
[47] . The densification strain observed, however, is effectively zero 
within experimental measurement error. The sintering potential 
only varies weakly with time, but the sintering stress tends to in- 
crease as the interfacial area reduces. When the sintering stress 
increases above a critical value the adjoining Al 2 O 3 particle under- 
goes rapid rigid body rotation and displacement that is associated 
with densification. The rate of rigid body motion is fast relative to 
the temporal resolution of the experiment, which makes calculat- 
ing a diffusivity challenging. This rapid rigid body motion, never- 

theless, implies that the diffusion coefficient at the interface is suf- 
ficiently high that transport should have been observable at earlier 
points in time had appropriate unsaturable vacancy sinks existed. 
Interfaces in these same samples were previously characterized via 
high resolution TEM. The orientation relationship can be described 
by [ 2 ̄2 01 ] Al 2 O 3 ‖ [ 1 ̄1 0 ] GdAlO 3 and ( 01 ̄1 2 ) Al 2 O 3 ‖ ( 001 ) GdAlO 3 . Ex- 
ample high resolution TEM images are shown in supplementary 
Figure S7. The lattice mismatch of ≈5% is accommodated by misfit 
dislocations every 18–19 atomic planes. These misfit dislocations, 
however, cannot mediate axial strain via climb because such climb 
would occur out of the interfacial plane, see schematic in Supple- 
mentary Figure S8. The kinetic observations made herein, i.e. that 
densification is much slower than predicted by interfacial diffusiv- 
ity and occurs discontinuously above a critical driving force, are 
generally consistent with a hypothesis that the interfacial trans- 
port is interface nucleation rate limited. The trend is similar to 
recent molecular dynamics simulations of diffusion and sintering 
performed using Ni particles [48] . 

Fig. 5 shows a series eutectic interfaces undergoing similar mi- 
crostructural evolution, wherein the Al 2 O 3 preferentially shrinks, 
the interfacial area reduces, and rapid rigid body motion occurs af- 
ter a relatively long incubation period. A decrease in temperature 
is clearly associated a smaller interfacial area at which the parti- 
cle undergoes rigid body motion. This corresponds to a higher sin- 
tering stress as shown in Fig. 6 , which plots the critical sintering 
stress necessary to induce strain versus temperature. A linear fit 
to the data in Fig. 6 produces, σs,c (T ) = −2 . 03 × 10 6 T + 4 . 03 × 10 9 
where T is in K. A linear fit is likely not the most appropriate form 
but is used here for simplicity. The spread in the data at each tem- 
perature is anticipated to reflect the statistical nature of the nu- 
cleation process but could also represent some uncertainty intro- 
duced from the assumption of 3-dimensional axial symmetry, i.e. 
the GB area. Thirteen independent measures made at 1845 K can 
be used to approximate an activation volume at this temperature, 
v ∗ = 12 . 5 ! b 3 ± 3 ! b 3 where ! b is the Burgers vector. The data also sug- 
gest that at temperatures close to the onset of sintering in Al 2 O 3 
the critical stress is close to a GPa. This is qualitatively consis- 
tent with observations that constrained sintering at low tempera- 
tures, close to the onset of sintering, can evolve GPa level residual 
stresses [31] . 

The activation enthalpy may be calculated as [37] 
H ∗ = −T (∂σ ∗

∂T 
)

˙ ε ν∗. (11) 
The fit of the experimental data in Fig. 6 is used to approximate 

( ∂σ ∗
∂T ) ̇ ε = −2 . 0 × 10 6 ± 0 . 1 Pa K −1 , which is cited as an approxima- 

tion because the densification strain rate at nucleation cannot be 
fixed. The data form the basis for approximating an activation en- 
thalpy, H ∗ = 4 . 8 eV , which should be of the correct order of magni- 
tude. The large activation energy supports the hypothesis that the 
associated nucleation processes should be rate limiting for densifi- 
cation in this system. The activation energy for yield of ZrO 2 gen- 
eral bicrystal grain boundaries was H ∗ = 1 . 9 eV [ 35 , 36 ]. The eutec- 
tic interface is anticipated to be relatively low energy, for example 
the average surface dihedral angle is 128 o while the average sur- 
face dihedral angle at random Al 2 O 3 -GdAlO 3 interfaces is 113 o . As 
a result, this activation energy may be large relative to that asso- 
ciated with higher energy interfaces, such as random grain bound- 
aries in ZrO 2 . Recent effort s have been made to calculate activation 
energies for the nucleation of distributions of grain boundary dis- 
connections in simple metals [49] , but the reported results are dif- 
ficult to compare with the current experimental results. The mag- 
nitude, nevertheless, indicates that the barrier is quite large and 
highlights the potential need for a model that considers this nu- 
cleation step as rate limiting. 
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Fig. 4. The microstructural evolution of the eutectic structure under annealing at 1688 °C. The neck reduces in area as Ostwald ripening reduces the volume of the Al 2 O 3 
grain (brighter phase). During this process no rigid body motion that would be associated with transport at the Al 2 O 3 -GdAlO 3 interface is observed. The reduction in solid- 
solid interfacial area increases the sintering stress to the point at which rigid body motion is activated, at which point rapid transport occurs. This stress is taken as the 
critical stress necessary to induce interfacial transport, σs,c . 

The sintering potential, %s = σs A g , can be used to calculate the 
change in Gibbs free energy, dG = %s dl, where dl is the change in 
length associated with rigid body motion. Since dl occurs over a 
short interval relative to the total process, the changes in free en- 
ergy associated with the entire densification event, #G T = ∫ %s dl, 
and the change just before and after rigid body motion at the crit- 
ical stress, #G s,c = ∫ %s,c dl, provide a measure of the efficiency of 
the work of sintering δw s 

δw T ≈ #G s,C 
#G T = %s,c 

%s = η; see supplementary 
Figure S9 for additional details. Just prior to the onset of rigid body 
motion some amount of stored energy is present at the sintering 
neck that relaxes during densification, and η is envisioned to de- 
scribe how much of that stored energy must go into performing 
thermodynamic work to drive densification. The calculated value of 
η ≈ 0 . 8 − 0 . 9 is insensitive to temperature. This implies that most 
of the excess free energy in the activated state must go into driving 
densification. 

The motivation for developing the model derived largely from 
two-particle model experiments. Before extending it to analysis 
of a bulk system it would be prudent to preliminarily test the 
model in context of multiparticle sintering. In this case, Al 2 O 3 - 
GdAlO 3 nanoparticles were sintered in situ at 1491 °C, see Fig. 7 . 
The approximately linear relationship between A / V and ε can be 
observed and application of the model suggests σs,c ≈ 2 × 10 8 Pa . 
This same cluster was sintered at lower temperatures for similar 
amounts of time, and although some coarsening was observed lit- 
tle densification was measurable. This is consistent with an expec- 
tation that σs,c should be higher at lower temperatures. The eu- 
tectic boundary should exhibit a value of σs,c ≈ 4 × 10 8 Pa at this 
temperature. Random high energy boundaries are anticipated to 
produce a lower value of σs,c than the low energy eutectic in- 
terface, thus the agreement is reasonable. In prior experiments, 
the surface diffusivities of Al 2 O 3 and GdAlO 3 were measured to 
be D s = 3 . 5 × 10 −13 m 2 s −1 and D s = 1 . 4 × 10 −14 m 2 s −1 at 1491 
°C, respectively [47] . Applying our model to the in situ sintering 
of an Al 2 O 3 -GdAlO 3 nanoparticle cluster shown in Fig. 7 produces 
an average value D s = 1 . 3 × 10 −13 m 2 s −1 . The model fit appears 
to agree well with the average values measured from capillary 
smoothing experiments. Note that utilizing the surface diffusiv- 
ity within the model likely only works for low densities, such as 
shown in Fig. 7 , when the effects of grain boundary migration on 
coarsening are limited. 

Since the interface nucleation rate limited model appears to 
fit multiparticle sintering data well, as highlighted by the data in 
Fig. 7 , it is reasonable to ask whether the model can predict bulk 
sintering behavior. Since no bulk sintering kinetics data is available 
to Al 2 O 3 -GdAlO 3 , prior data for Sc 2 O 3 -doped ZrO 2 is used as a gen- 
eral proxy for ZrO 2 materials. The model is parameterized assum- 
ing ζ = 1 , η = 0 . 5 , and γS = 1 J m −2 and based on experimentally 
determined σs,c (T ) from bicystal sintering and creep experiments. 
Fig. 8 a plots experimental sintering trajectories and trajectories cal- 
culated using our model based on the initial values of density, 
grain size and temperature from the experiments. The density, ρ , 
is given by the initial value, ρo , plus the densification strain; 
ρ = ρo + ε (12) 

Assuming ζ ( = f ( A / V ) , integrating Eq. (7) and combining it with 
(12), predicts a sintering trajectory in the form of; 
ρ = ρo + γS (A / V − A o / V o )ζ

σS,C η (13) 
The experimental data in Fig. 8 a represent a range of different 

chemistries and starting materials, which introduces inherent scat- 
ter for sintering of oxides, see discussion of Al 2 O 3 versus metal sin- 
tering below. The model, nevertheless, captures the broad trends in 
sintering trajectory quite well without invoking any fitting parame- 
ters. Such a prediction, without invoking fitting parameters, would 
be challenging based on traditional sintering models. It is not ob- 
vious that the model should extend to the final stages of sintering 
but is hypothesized here to be effective in the range where coars- 
ening is pore-drag limited. It is anticipated that the coarsening ki- 
netics will not follow Eq. (9) beyond the initial stages of sinter, but 
the relation in Eq. (7) is anticipated to remain valid through initial 
and intermediate stages of sintering. Verifying the conditions un- 
der which the model assumptions break down will be the subject 
of future work. 

The model should also be checked to ensure that it can reason- 
ably fit isothermal temporal evolution for both grain growth and 
densification. In this case, σs,c and D s are taken as fitting parame- 
ters assuming ζ = 1 , η = 0 . 5 , and γS = 1 J m −2 . Data were fit using 
an iterative approach to converge on a solution for both σs,c and 
D s . This approach utilized an initial guess for both values and var- 
ied them within a Matlab script until the error between the cal- 
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Fig. 5. The microstructural evolution of the eutectic structure at (a) 1637 °C, (b) 1572 °C, and (c) 1262 °C. Note that as the temperature decreases the width of the neck at 
which rigid body motion is activated also decreases indicating that the critical stress, σs,c , increases. 
culated curve and the experimental data was minimized. Fig. 8 b 
provides example isothermal sintering data fits using data from He 
and Ma [50] . This data was selected because they considered two 
initial grain sizes of different magnitude and fit their data to both 
a diffusion limited model and an interface rate limited model of a 
different form, i.e. interface point defect emission and absorption 

limited. Within experimental error, the current model may also be 
fit to this data. Independently fitting σs,c and D s at each of the 
six temperatures produces R-squared values R 2 > 0 . 95 in each case. 
The good fit indicates that our model cannot be distinguished from 
a Coble type model [19] or an Ashby type model [21] on the basis 
of isothermal fitting. 
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Fig. 6. The temperature dependence of σs,c based on a series of independent mea- 
surements. The temperature dependence of the critical stress and the activation vol- 
ume provide a basis for approximating the activation enthalpy. 

Given the reasonable fit provided by the model, one may antic- 
ipate that an approximate value of σs,c could be extracted from 
literature data assuming ζ= 1, η = 0 . 5 , and γS = 1 J m −2 . Per- 
forming such calculations for Al 2 O 3 produces considerable scatter 
when plotted as σs,c versus homologous temperature as shown in 
Fig. 9 a. Al 2 O 3 kinetics tend to be highly sensitive to impurities and 
dopants so the system may not be an ideal test. Fig. 9 b plots σs,c 
versus homologous temperature data for simple metals and alloys 
fit under the same assumptions, ζ= 1, η = 0 . 5 , and γS = 1 J m −2 . 
σs,c decreases with temperature, as anticipated, and the data for 

all fall within a range of a factor of 2 at any given homologous 
temperature. Comparison of Figs. 9 a and 9 b highlight major differ- 
ences in the sintering response of metals and oxides. Since lower 
values of σs,c represent higher sinterability, the data suggest that 
Al 2 O 3 is less sinterable than simple metals. The values of σs,c in 
both data sets are of comparable magnitude to bulk yield and flow 
stresses in Al 2 O 3 and metals at equivalent homologous tempera- 
tures [51] . This qualitatively aligns with the inherent assumption 
in the model that the process is rate limited by the nucleation 
of high energy grain boundary dislocations, where ‘high energy’ 
here implies some large fraction of the bulk dislocation energy. 
Employing our model to analyze polycrystalline sintering data in 
detail as a function of temperature and chemistry and extending 
it to predicting sintering response is beyond the scope of the cur- 
rent manuscript and will be the subject of future work. These data 
were introduced here, nevertheless, to provide some insights into 
the next logical steps in employing our model to understand the 
literature or make engineering predictions. 

One additional consideration in the temperature dependence of 
sintering trajectory is the temperature dependence of the propen- 
sity for de-sintering. Fig. 7 shows an example of de-sintering oc- 
curring during in situ sintering of an Al 2 O 3 -GdAlO 3 particle en- 
semble resting on a dense polycrystalline Al 2 O 3 -GdAlO 3 substrate. 
Several examples of de-sintering are observed in this data. A com- 
plete discussion of the phenomena is outside of the scope of this 
paper. Sudre and Lange [30] provided an approximate solution for 
the de-sintering condition in terms of the ratio of grain length to 
grain diameter L 

D > 1 . 36 for a dihedral angle of 120 o . De-sintering 
occurs in the Al 2 O 3 -GdAlO 3 cluster when L 

D = 1 . 34 ± 0 . 12 in good 
agreement with this model, see Fig. 7 . The particles that de-sinter 
appear to approach this condition because Ostwald ripening drives 
a reduction in particle volume while the rate of densification does 
not proportionally reduce the length of the bridging particle dis- 
tance. This situation was also hypothesized by Lange [52] . Since 

Fig. 7. In situ TEM image sequence showing the sintering of a cluster of Al 2 O 3 (bright phase) – GdAlO 3 (dark phase) particles resting on a dense substate of polycrystalline 
Al 2 O 3 –GdAlO 3 at 1491 °C. The red triangles in the figure highlight several places where de-sintering was observed during sintering. The de-sintering is hypothesized to result 
from shrinkage of small particles whose volume reduces fast relative to the rate of shrinkage that causes it to approach the critical condition for de-sintering. The figure 
plots the area to volume ratio as a function of densification strain. The densification strain was approximated from the change in projected area, while the area/volume was 
approximated manually by tracing the particles and directly measuring the perimeter/area, the mean value is plotted in the figure. The linear fit to the data is −9.7 × 10 8 
m − 1 . 
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Fig. 8. a) data from references [ 27 , 66-69 ] for sintering of ZrO 2 materials fit to a model parameterized based on prior in situ bicrystal sintering and creep in Sc 2 O 3 -doped ZrO 2 
[ 35 , 36 ]. The sintering trajectories, i.e. density versus grain size, are predicts from the model without invoking fitting parameters. The open circles represent the experimental 
values while the lines represent the predicted trajectories. The general trends are captured well by the model, although each specific experiment is anticipated to have some 
variability due to differences in chemistry. b) Example fit of the model developed in this work to isothermal Al 2 O 3 sintering data for both grain size and density as a function 
of time reported in reference [50] . Here no assumptions are made about the physical constants in the model and is instead a pure fit to the functional form of the model. 
The model can capture the general response of both the density and grain size evolution in time. 

Fig. 9. Calculated values for σs,c versus homologous temperature obtained by fitting experimentally reported grain size-density trajectory data from the literature assuming 
η = 0 . 5 and γS = 1 J m −2 . The magnitude of σs,c is hypothesized to provide a measure of the sinterability of a system, since it describes the grain-size density trajectory. (a) 
plots data for undoped Al 2 O 3 which exhibits a large amount of scatter, (b) plots data for metallic systems. The data for metallic systems is quite consistent and provides an 
indication that the model could be physically reasonable, while the data for ceramics is much more scattered, possibly due to the sensitivity of these systems to impurities. 
Data from references [ 50 , 70-88 ]. 
our model predicts that the ratio of the rates of coarsening to 
densification are temperature dependent, then it implies that the 
amount of de-sintering should also be temperature dependent. 
This effect would show up in the value of ζ in our model, which 
would have a temperature dependence for the reasons discussed 
above. This is likely important during the initial stages of sinter- 
ing when de-sintering is more likely due to topological considera- 
tions. Based on our in situ TEM observations of sintering, such as 
in Fig. 7 , it is hypothesized that de-sintering likely does not dimin- 
ish ζ significantly. The process can, however, lead to the evolution 
of larger than average pores that could impact the later stages of 
sintering, as observed in Fig. 7 and continuum scale simulations of 
sintering [53] . 
5. Discussion 

The final point about de-sintering returns us to the initial dis- 
cussion in the background section. It was argued that GB dislo- 
cation nucleation had been discounted as a rate limiting mecha- 
nism in sintering, and creep, because the processes occur at aver- 
age stresses too low to nucleate such dislocations. A key question 
of interest then is how capillary processes overcome large activa- 
tion barriers during microstructural evolution. During de-sintering 
of a GB, it must approach the work of adhesion and the corre- 
spondingly high theoretical GB fracture stress. Simplistically, this 

stress largely derives from the tensile force imposed by the sur- 
face energy, which is approximately constant, the angle at which 
this force is applied, and the area over which the force is ap- 
plied. In this context, the basis for our model is reasonably intu- 
itive. If the driving force for some capillary driven process, such as 
sintering, exists but the barrier for nucleating a strain mediating 
GB dislocation is large relative to the instantaneous driving force, 
then the area of the GB may decrease, or the dihedral angles at 
the triple junctions may vary, in a manner that increases the local 
stresses at the boundary and/or 3-grain and 4-grain junctions un- 
til the barrier can be overcome. The rate at which this occurs will 
be proportional to the rate of change in the total interfacial area 
and must preserve free energy. These conditions naturally lead to 
equations (7) through (9). Few direct analogs have been considered 
within the literature, but several related phenomena have been 
discussed. Supplementary Figure S10 schematically depicts several 
situations discussed below. De-pinning of grain boundaries from 
pores or second phase particles can occur during grain growth. The 
barrier for de-pinning is often large relative to the driving force 
when the boundary first bisects the particle. GB migration can, 
however, push the dihedral angles at the particle-grain boundary 
triple line away from their local equilibrium configuration and to- 
wards a direction where the GB applies a larger de-pinning force 
on the particle [54] . If the particle is subject to shrinkage this pro- 
vides another pathway for increasing the local stress on the parti- 
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cle applied via capillary action. As an alternative example, molecu- 
lar dynamics simulations demonstrate that GBs respond in a simi- 
lar manner when the nucleation of a vacancy is geometrically nec- 
essary during GB migration. In this case, the GB geometry varies 
in a manner that applies a larger local stress on the region where 
the vacancy nucleates [55] . Similar observations have been made 
with respect to occlusion of solute clusters during GB migration 
subject to solute drag [56] . Molecular dynamics simulations also 
indicate that large local stresses evolve at triple junctions during 
GB migration, which facilitate geometrically necessary disconnec- 
tion reactions there [57] . 

Detailed discussion of how this model fits into other aspects 
of sintering science are outside of the scope of this manuscript. 
It is envisioned, however, that the model can account for the lin- 
ear effects of applied pressure during hot pressing through a lin- 
ear reduction in σs,c [58] . The magnitude of dε 

d( A 
/ V ) should vary in- 

versely proportional to the applied stress, which is a testable hy- 
pothesis. Stress concentration at particle contacts would, neverthe- 
less, be necessary to increase local driving forces to magnitudes 
comparable to σs,c [59] . The same general model might also apply 
well to cold sintering [16] , typically performed at applied stresses 
of σ > 10 8 Pa that could bring local stresses at GB contacts to 
values comparable to σs,c at low temperatures. Cold sintering ex- 
hibits coarsening and could follow the general framework of the 
model, wherein coarsening drives local stress concentrations that 
can induce GB mediated plasticity that drives densification. Our 
model can potentially account for the effects of shear stresses in 
accelerating densification [ 60 , 61 ], through their role in modifying 
H ∗ and by extension σs,c . The model might explain why an ini- 
tial high temperature step in two-step sintering can modify the 
pore size distribution, which enables efficient densification in the 
second step [27] . This could occur by reducing the amount of de- 
sintering occurring in the initial stage by accelerating the rate of 
densification relative to coarsening. The model might explain the 
evolution of anomalously large residual stresses[31] in poorly den- 
sifying systems, and the ability of high heating rate high temper- 
ature sintering to reduce residual stress during constrained sinter- 
ing [ 13 , 62 ], through the influence of σs,c (T ) . Note that below σs,c 
residual stresses should not be relaxed efficiently by densification 
or Coble creep. The magnitude of σs,c in different classes of ma- 
terials, e.g. metals, oxides, nitride, carbides, etc. may provide in- 
sights into their relative sinterabilities. The nature of interfacial de- 
fect nucleation in interfaces of different GB structures could pro- 
vide deeper insights into the role of disordered interfacial phases 
in promoting so-called activated sintering [ 63 , 64 ]. At the current 
moment, considerable ongoing work is required to test some of 
the hypotheses invoked in this paragraph. The current model, how- 
ever, does not appear, at first pass, to be qualitatively inconsis- 
tent with any broadly observed trends in the sintering literature. It 
could, in fact, provide a new framework for understanding poorly 
understood sintering phenomena. In fact, when the critical sinter- 
ing stress, σs,c , greatly exceeds the average sintering stress in the 
system, then a dissipative model of some form must be invoked 
to explain densification. Dissipative models for disconnection me- 
diated grain growth have recently been reported to describe the 
process well [65] . For systems with low critical sintering stresses 
and/or high driving forces, e.g. nanograined particles or large ap- 
plied stresses, then sintering kinetics will approach the diffusion 
limited solution, e.g. Coble’s model. The model may also form a 
basis for new mechanism informed design of sintering schedules, 
possibly driven by computationally predicted materials properties. 

Finally, Ashby’s [21] original explanation for interface rate lim- 
ited kinetics during creep cited the stress dependence of point de- 
fect emission from and absorption to GB dislocations. In that work, 
he further speculated that analogous ideas should extend to densi- 

fication during sintering. Our work here implies that densification 
may be rate limited by the nucleation of point defect sources and 
sinks. Logically, it may be reasonable to expect this mechanism to 
extend to interface nucleation rate limited creep problems. Ashby’s 
model is often ascribed to observations of power law stress expo- 
nents n ≥ 2 during interfacial creep and the existence of a thresh- 
old stresses for inducing creep. 
6. Conclusions 

Recent in situ TEM based observations of interface nucleation 
rate limited sintering kinetics were used as the basis for formulat- 
ing a simple analytical model to describe the relationship between 
coarsening and densification during sintering. The model extends 
general relations between these parameters first noted by DeHoff
and coworkers [32] by relating their scaling constant to materi- 
als properties. Model experiments were used to demonstrate in- 
terface nucleation rate limited kinetics at Al 2 O 3 -GdAlO 3 interfaces, 
as well as derive the temperature dependence, and activation free 
energy for the process. The model was shown to fit in situ sinter- 
ing data for particle clusters well. Critical stresses associated with 
overcoming the nucleation barrier for the interface nucleation rate 
limited kinetic process were used to parameterize the sintering 
model, which predicted realistic sintering trajectories without in- 
voking fitting parameters. The model was also demonstrated to fit 
isothermal sintering data from the literature well. 
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