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ABSTRACT. Although many studies have analyzed the various properties of glassy polymer thin
films, the failure mode and nonlinear mechanical response has only recently received attention.
Due to competing effects between reductions in the entanglement density and increased mobility
near the free surfaces, it is not clear whether one should anticipate embrittlement or improved
ductility. In this study, we constructed polymer thin films with a bidisperse molecular weight
distribution by incorporating short chains as diluents into highly entangled polymer systems at
different compositions and film thickness. Due to the dominance of the high-mobility region near
the free surfaces, films approximately 10 monomer diameters thick are less ductile than thicker
films comprised of either a bidisperse blend or a homopolymer, despite having a similar
entanglement density. The dependence of mechanical properties on the thickness is weak when
the film is larger than 200, especially for highly entangled systems. With diluent polymers added,
the films become less ductile, and the mechanical properties of the polymer thin films are affected
most when the added diluents are unentangled polymers, as expected. Further, we observe a

competing effect between free surface and entanglement network, where the free surface



interaction dominates the mechanical behavior for the thinnest films tested while the entanglement

network plays a dominant role in thicker films.

Introduction
As nanotechnology becomes increasingly pervasive, polymers are of critical importance for a wide
variety of thin film applications such as next-generation lithography, lubricating coatings, and

sensors. Many studies have investigated the thickness dependence of glass transition temperature!~
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polymer films. In addition to the large changes in T} in free-standing thin films due to the enhanced
mobility near free surfaces, the mechanical properties of polymer films are also altered compared
to the bulk. These changes are both due to the surface interactions at the interface of thin films and
reduction in the entanglement density; however, nonlinear mechanical properties, including

failure, have only recently been studied.

There are numerous techniques to probe the elastic properties of polymer films. Indirect
measurement methods, such as thin film buckling 2*?!, and Brillouin light scatter (BLS) **%*, have
been used to investigate the elastic and tensile responses of the thin film at different thickness.
While most studies conclude that the elastic constants of thin films deviate from bulk as the film
thickness decreases below 30-40nm>***25| though there are notable exceptions that remain
unresolved?. Recently, Crosby and coworkers directly measured the complete uniaxial stress-
strain response, including failure, for films as thin as 10nm by floating the polystyrene (PS) films
on liquid substrates. Their experiments demonstrated that the modulus and failure stress for PS
films decreases as the film thickness decreases below the average configuration size of chains,

R..”". Notably, they provided the first visualization of a thickness-dependent failure mode, where



crazing was observed in thicker films and shear deformation zones (SDZ) in the thinnest films?®.
While these initial films floating on water, more recently Bay et al. characterized the complete
stress-strain response of free-standing films as thin as 30 nm using a custom-built uniaxial tensile
tester. They identified that liquid substrates enhance craze stability for PS films compared to
freestanding films*. More surprisingly, ductile behaviors relative to the bulk were observed for
free-standing PS films with the thicknesses ranging from 200nm — 500nm. However, the
enhanced ductility in those free standing films has not been fully understood, and the films were

still relatively thick®® compared to those where changes in T, are observed.

Molecular dynamic (MD) simulations have previously been applied to explore the elastic
properties of ultrathin films, and several studies examined the molecular details of elastic behavior
and plastic flow in polymer films®!. Van Workum and de Pablo explored the size dependence on
the apparent modulus of nanostructures by imposing deflection or compressive deformations on
nanoscale beams fixed on a substrate using both continuum mechanics and molecular
simulations®2. They observed that the bending modulus of the glassy nanostructure remains bulk
like until the width approaches 200, where 0 = 1 nm for polystyrene (PS) or poly(methyl
methacrylate) (PMMA). Similarly, systematically-derived coarse-grained simulations of PS and
PMMA showed that the elastic moduli are reduced at a thickness of 40 nm compared to the bulk,
and the size of softer layer at the free surface is only a few nanometers*. By applying high-
frequency sinusoidal oscillations on the free-standing films, Yoshimoto et al. also found that a
mechanically soft layer is present near the free surface ** in the dynamic mechanical properties of

coarse-grained polymers.



Separately, the entanglement network in high molecular weight polymers is also critical in
determining the mechanical properties, which could lead to ductility during tensile extension and
cause craze formation®>. Experimentally, Wang et al. investigated the load-bearing strands (LBSs)
between the junctions in the affinely strained chain network during deformation for glassy
polymers. The authors argue that for temperatures above the brittle-to-ductile transition (BDT),
the polymer chain tension builds up in LBSs and activates adjacent LBSs sequentially, which
drives yielding and plastic flow. In their work, they noted that the density of LBS is proportional
to the chain thickness and flexibility but may be distinct from the entanglement network>®.
Molecular modeling studies have also examined failure and craze formation in bulk polymer
glasses. Baljon and Robbins showed that when the length of polymer chain is less than
number of monomers between entanglements, N,, the film breaks along a simple fracture
plane; however, crazing occurs at a constant plateau stress when the length of chain is greater than

N,, before the samples break?’.

Blending chemically identical unentangled and entangled polymers is a practical means to
systematically tune the density of entanglements and examine their effect on the dynamics and
mechanics of a polymer. By blending a high molecular weight polystyrene (PS) with unentangled
PS, the mixture will exhibit a brittle to ductile transition, and the network of long chains enables
plastic flow during the uniaxial compression®®. In addition, the high molecular weight component
was found to strongly influence the craze initiation stress due to the increase in entanglement
density®. While several studies have been performed in bulk bidisperse blends of chemically
identical polymers, understanding how distributions of the lengths of chains in polymer blends
affect mechanical properties is still relatively unexplored in thin films where the chain

conformations and entanglement density can be perturbed away from bulk.



In this study, we use MD simulations to investigate the nonlinear mechanical properties of glassy,
free-standing polymer films of bidisperse model polymers as a function of the bidisperse blend
molecular weight and volume fraction. We constructed several bidisperse systems by blending
highly entangled polymers with low molecular-weight diluents where the low molecular weight
additive spans from unentangled to weakly entangled, and the film thickness varied from highly
confined to bulk-like. By examining the uniaxial stress-strain response, strain localization during
deformation, and entanglements of those systems, we show how the entanglement network of
different blend compositions affect the mechanical behaviors of ultrathin films. Competing effects
from the free surface and the entanglement network modulate the behavior at different film

thicknesses.

Model and methods
Our molecular dynamics simulations employed a modified version of the bead—spring
Kremer—Grest (KG) model*, where non-bonded interactions among monomers are taken through

the Lennard-Jones (LJ) potential,

U™ = 4e [(%)12 B (g)G] - e l(rju)u B (rju)él’ M

forr < 1y = 2.50. All the units are made dimensionless using the potential strength, &, the

monomer size, g, and the unit time T = o(m/ e)%, where m is the monomer mass. The bonded
interactions between two connected monomers are governed by a finitely extensible nonlinear
elastic (FENE) potential with k = 30¢/0? and R, = 1.50. This bond type does not allow bond
breaking during the uniaxial deformation process. We additionally add an angular harmonic

potential



Ky
Uang = 7(9 - 90)2: ()

where Ky = 10g/radian? is the strength of this interaction and 8, = 120° is the equilibrium
bond angle. The angular potential is introduced to increase the average number of entanglements
per chain without having very long polymer chain lengths, and the resulting average number of
monomers between the entanglements is (N,) = 16. The number of monomers per chain in our
simulations are N =10, 30, 60, or 250, with N/N, =0,1.8,3.75 and 15.9 respectively.
Bidisperse polymer blends are constructed by incorporating the shorter chains (N = 10, 30, or 60),
which are treated as diluents, into the N = 250 systems at different film thickness (H = 10a, 200
and 300). The composition details of the long chains and short chains at various film thickness are

shown in supporting Table S1.

Free standing polymer films were created by randomly growing polymers inside a rectangular box
with a surface area of ~ 3R,e y=250 X 3Ree n=250, Where R y=250 1S the equilibrium end-to-end
distance of N = 250, and the box height depends on the target film thickness. Periodic boundary
conditions were maintained in the plane of the film (x and y-directions), and initially we employed
reflective walls on the top and bottom edge of the box in the z direction. The density of monomer

beads was initially set to p; = 0.85/0 73

inside the simulation box. After placing the polymers in
the box, we first used a soft potential to eliminate overlapping contacts*! before switching to the
standard LJ potential. After =100 of MD at T = 1.0, we turned off the reflective walls and also
enlarged the box both directions along the z direction so that the height of the box is approximately
twice the target thickness of the films to realize a free-standing film. Next, connectivity-altering
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Monte Carlo moves were employed to accelerate the equilibration of the thin film systems.

The equilibration proceeded until we observed diffusive behavior of the center of mass mean-



squared displacement (MSD), which is calculated with a moving time origin to improve the

statistics. Three independent configurations of the films for each system were generated at high

T

temperatures, and we then cooled those polymer films from T = 1.0 ( =1.67)toT = 0.4

Tg,pulk

T

= 0.67) with a cooling rate of AT /At = 0.1 per 20007 to generate our glassy polymer thin

Tg,pulk

films. Subsequently, we uniaxially deformed each film under a constant temperature at a constant
true rate € = 1 X 10™% in the x direction. Due to the extended simulation box in the z-direction,
the samples are effectively at constant pressure and can change volume during deformation by
contracting in the z-direction. All the simulations are performed using LAMMPS MD simulation
package** with the velocity Verlet algorithm under an NVT ensemble.

To study strain localization, the deviatoric strain rate J, for each particle is calculated during the

deformation as* 48

1 (1 "2 3
]Z,i(e,s+As)=E §Tr[m—ni 2. (3)

Here n; = % (J7J; — I is the strain tensor for particle , J; is the best affine transformation matrix*’

calculated based on the neighboring particles within distance of 2.50 for particle i at strain € over
a certain lag strain Ag, and I is the identity matrix. A high J; ; value implies a high shear strain rate
for particle i.

To identify strain localization homogeneous plastic flow, we apply a metric that was established
in our previous work to define the mesoscale character of the strain response”’. In this calculation,
the spatial variations of average J, between pairs of slabs are calculated by dividing the thin films
into 12 equal-thickness slabs along the deformation direction. We defined this quantity as S; by

taking average over all pairs of slabs,
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where n;, is the number of blocks, the overhead bar is the average of J, over all particles inside the
block, and €,, denotes the strain window where the J, values are calculated. In this calculation, we
let &, to be the same as the value of lag strain used in calculations of J,, Ae = 4%. More detailed
information about this calculation is provided in our previous study *°. This metric can give us a

good understand of the spatial inhomogeneity of the strain during deformation process.

Results and discussion

3.1 Local relaxation

Due to the presence of the free surfaces in the free-standing films, the segmental dynamics
throughout the films are affected as the films thickness decreases. To better understand the free

surface induced confinement effect, the local relaxation time of monomers 7,(z) based on the
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Figure 1. The local relaxation time of monomers 7,(z) as a function of position along the

T

= 1.05.

height of the thin films in homopolymer thin film N=250 at temperature 7
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relaxation time at this temperature extend over 10 monomer diameters away from the interface
and the largest observed changes are a factor of approximately 30 increase in the mobility at the
surface of the films compared to the center. As shown in Fig. 1, the relaxation time in the center
of the H = 100 films are approximately 7 times smaller than that for the H = 300 films. Below
we will argue that the significant enhancement in mobility in the thinnest films is the origin of the

reduced toughness in these films.

3.2 Entanglement analysis
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Figure 2. (a) Normalized average entanglement per chain of the homopolymer thin films as a

function of the degree of confinement Ri. (b) Average entanglements per chain (Z) only for the

polymer with chain length of N = 250 as a function of ¢ in the binary blend polymer thin films
at different thickness and the polymer diluent chain length is N = 30. ¢ is the monomer-based

percentage of N = 250 in the mixture.

To determine the average number of entanglements per chain (Z) in the bidisperse blend systems,
the Z1 algorithm is applied to extract the mean number of interior kinks per chain by straightening
the polymer chains without allowing them to cross each other, and at the end the polymers are

reduced into lines connected through “kinks” where the chains bend around neighboring chains.



This estimate for (Z) is proportional to the number of entanglements, regardless of the details of
the definition used to define an entanglement from topological data®'. The properties of the
entanglement network were extracted for all films far above T, at T = 1.0. As expected from
previous work!?, in the homopolymer films (Z) is reduced as the film thickness H /R, decreases,

as shown in Fig. 2a. The maximum reduction observed in this work for the most confined systems

(where Ri = 0.26) is nearly 20%. Further, we applied the entanglement analysis in the bidisperse

blend polymer mixtures to extract the average number of entanglements per chain (Z) where we
only count those entanglements between the polymer chains with length of N = 250; the low
molecular weight diluents are removed from the configuration before performing the analysis. As
we show below, the low molecular weight polymers (N = 30 in this case) are unable to support
mechanical load even though (Z) > 1, consistent with prior work®>>?, In Figure 2b we observe a
linear correlation between composition of long chains and (Z) across all the film thickness, which
is consistent with entanglement studies for bulk bidisperse blends>*. We also notice a similar trend
between fraction of long chains and (Z) if we take all the polymers into account for the

entanglement analysis, as shown in the supporting information (Fig. S1).
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3.3 Mechanical response
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Figure 3. Uniaxial deformation true stress-strain responses of homopolymer thin films N =

T

30 (a) and N = 250 (b) at temperature = 0.71. The embedding small plots are the

Tg,buik

stress-strain responses at early strains.

We begin our study of the mechanics by comparing the mechanical response of unblended
homopolymer films as a function of film thickness. For slightly entangled homopolymer chains N
= 30 and with a film thickness above 200, in Fig 3a we observe an initial elastic regime, yielding
and strain softening, and a plastic plateau until the chain pullout causes failure of the films.
However, for our thinnest films with H = 100, after the yield point, we observed a different failure
mechanism where the stress decreases more rapidly with strain, and the plastic plateau regime
almost disappears. A similar stress-strain behavior exhibits for the system with longer diluents of
N = 60, and the results are shown in the supporting information (Fig.S2). For highly entangled
films with N = 250, in the plastic plateau craze widening is evident, as discussed below. Moreover,
we observe pronounced strain hardening after the plastic plateau across all film thicknesses before
failure. These regimes are qualitatively consistent with crazing behaviors in the bulk®, albeit

differences are expected given the simulations are carried out for thin films: The mechanical

11



response of the H = 100 film undergoes a more pronounced strain softening, and the plastic
plateau exists at a lower stress level, as shown in Fig. 3b. The differences of stress-strain responses
between film with H = 200 and H = 300 include a slightly delayed onset in strain hardening and

smaller maximum in the stress before failure in the H = 200 film.
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Figure 4. Uniaxial deformation stress-strain response of blended thin films with mixture of N =

L = 0.71 and film thickness H = 200. ¢ corresponds to

250 and N = 60 at temperature
Tg,buik

the monomer-based percentage of N = 250 in the mixture, and the insets highlight the early

strain response.

Next, we investigate the mechanical responses for bidisperse blended polymer films to analyze the
composition-dependent mechanical properties. In Fig.4 we plot the stress-strain responses for a
single film thickness H = 200 for different compositions of the long chains N = 250 versus
diluents of N = 60. As the percentage of the N = 250 chains increase, the plastic plateau is
extended, and at the highest concentrations strain hardening emerges. Similar behaviors are also
observed for the mixture with diluents of N = 30 (supporting Fig.S3). We have also analyzed the
thickness effect on the bidisperse blends where analogous trends are observed for homopolymer

thin films where the H = 100 films are softer and fail at smaller strains (supporting Fig.S4). In

12



the bulk, Hoy and Robbins found the “stress superposition principle”, where 0pjeng = Piong +
(1 — ¢)0gpore, in blend polymers under moderate strain.>® Similar results are also observed in the
thick films (H = 200 and H = 300) at strain € < 0.5 and ¢ > 0.5. However, in the films H =
100, the results deviate from stress superposition since the free surface also plays an important

role in determining the stress in the ultrathin films in addition to chain entanglement and chain

orientation.
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Figure 5. First maximum stress and elastic modulus as a function of (a) percentage of chain N =
250: with different diluents (N = 10, 30, 60 respectively) at film thickness H = 200 and (b)

film thickness H = 10, 20, 300 with fixed diluents chain length N = 30.

To summarize the mechanical properties for this series of films, we measured elastic modulus E
and the strength g,,,,, , taken as the first maximum of the stress. In Fig.5a, we observe that neither
E nor 0,4, are dramatically affected by the diluent volume fraction nor the diluent chain length at
fixed film thickness. In addition, we examined the thickness effect for those bidisperse blend
polymers in Fig.5b with the chain length of the diluents fixed at N = 30. It shows that the thin
films with H = 100 tend to have lower elastic modulus and lower yield stress than the two thicker
films, while the same differences between film thickness at H = 200 and H = 300 are

comparable to the sizes of our uncertainties. These results on the thickness dependence of the

13



mechanical properties of thin films are qualitatively consistent with the findings for the polystyrene

thin films floating on water substrates
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Figure 6. Bidisperse blend thin film toughness as a function of percentage of chain N = 250
with different diluents (N = 10, 30, 60 respectively) at film thickness H = 200 (a), with fixed

diluents chain length N = 30 at different film thickness H = 10, 20,300 respectively (b).

We quantify the toughness of the bidisperse blend polymer and homopolymer thin films by
integrating the stress-strain response, I'= 0£U=° o(e)de, where £,-( denotes the € value at which

o (€) crosses zero. As shown in Fig.6a for films with thickness of H = 200, the toughness of the
thin films monotonically increases with the percentage increase of the N = 250 chains in the
mixtures across all diluent chain lengths. For the unentangled diluent polymers N = 10, the
toughness of the thin film increases slowly for ¢ < 0.5, then more rapidly as ¢ approaches 1. At
the value of ¢ = 0.5, the toughness in systems with N = 10 diluents is approximately 50% that
of the systems with N = 30 or N = 60 diluents. Further, systems with the N = 60 diluents are
only slightly tougher than those with chain length of N =30 at low ¢ (¢ <0.25).
The effect of film thickness on the toughness of the films is summarized in Fig.6b, where we
observe that polymer thin film with thickness below 100 have a notably reduced toughness

compared to the thicker films across all the blend compositions, particularly at lower ¢. For films

14



with H > 200, the differences among the toughness at a given composition are negligible, which

1s consistent with the trends in the elastic modulus and maximum stress results above.

0.8 %;}» —————— s

/T
o
o)}
T
~
O
N
\
3N
\
\
e
\
\
|

- / Pl -
0.4 ,,% /%’/ @ H=10
0.2168/ q]/’ 0 H=20

DD,/ A H=30

| | | |

0 2 4 6

Figure 7. Toughness as a function of the average effective entanglements per N = 250 chain
(Zefy) in our bidisperse blends at three different film thicknesses. The different points for a
given thickness correspond to different volume fractions of the short diluent chains. The star
symbols represent the system with diluents of N = 60 at film thickness H = 200, while the
other symbols involve only N = 30 diluents. I',, is the toughness value of homopolymer
systems N = 250 and H = 300. The top dashed line corresponds to the model proposed in our
previous work, and the bottom dashed line is a linear fit to the H = 100 data. The data for H =

200 is extracted from our previous work.>®

To further explore the relationship between entanglements the and mechanical properties of films,
we applied the model developed from our previous work on bidisperse films>®. The model is based
on Mikos and Peppas’s®’ theory, which we extended and showed that film toughness is
exponentially proportional to the average number of mechanically effective entanglements per

chain (Z,¢¢). The primitive path network of polymer chains is extracted via the Z1 algorithm?'.

The number of entanglements per chain is calculated by identifying “kinks” in the primitive path

15



network that is output from the Z1 code. At each entanglement location, four primitive path steps
emanate around a central point corresponding to two primitive path steps on each chain. To
calculate the number of mechanically effective entanglements, (Z,fr) we do not count any
entanglements where any of the four primitive path steps involve a chain end. Importantly, this
means that if an entanglement involves chains i and j and one of the primitive path steps on chain
i involves a chain end, the entanglement does not count for either chain. In this calculation, all the
polymer chains in the bidisperse blends are considered. As shown in Fig 7, the film thickness effect
is essentially absent for both H = 200 and 300, and the toughness can be described by the model
from our previous work®®. However, when the film thickness is H = 100, we find that the
toughness exhibits a linear relationship with (Z,s¢), which is what is expected in a polymer melt
rather than a glass. The high mobility free surfaces dominate the mechanical behaviors of the films,
despite having approximately the same density of entanglements in the systems. As shown above
in the local relaxation time profiles, the overall relaxation time of the thinnest films H = 100 is
much smaller compared to that of the two thicker films. Given the high portion of the free surfaces
in the films, we surmise that the mechanical properties of the films are dominated by the fast

dynamics of the monomers in the thinnest films.

3.3 Failure morphology in thin films

Fig. 8 shows snapshots of our films during deformation where each monomer is colored by the
instantaneous J, calculated over a lag strain of 4%. The blue in the color scales represents particles
that are not rearranging, and the red represents the J, value where around 99.9% of the particles
have a smaller J, over the course of the entire trajectory. In Fig. 8, we compared homopolymers

thin films between two different chain lengths at N=30 and N=250 at a film thickness H = 100,
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Figure 8. Snapshots of N = 30 homopolymer films (on the left), and N= 250 homopolymer
films (on the right) with film thickness of H = 100 at different strains during deformation.
The particles are color code by their J, value where the red corresponds to the J, value where

around 99.9% of the particles have a smaller J, over the course of the entire trajectory.

and the same polymers with H = 300 are shown in Fig. S5. For N =30, the polymer systems are
weakly entangled, and we observed a necking and a formation of plastic zone, where strain is
highly localized. This qualitative observation is independent of film thickness, though the thick
film sustains much larger strain before failure. In the snapshots for large strains and N = 30, only
a small number of chains are drown into the plastic zone where failure occurs, as expected for
chain length less than 2N,*7-%,

For thin films with highly entangled polymers, we observe a 2D craze structure for all film
thicknesses; the entire region of the film is pulled into the plastic zone at larger strains before
failure. We only observe 2D crazes for all film thicknesses, and we do not observe shear band
formation, as observed from previous experimental studies where shear bands are present in
polystyrene films thinner than 30 nm?®. The differences between the observations from our
simulation and the experiments may be rationalized since craze formation depends on the

59,60

entanglement density and temperature’””°, and our systems are more entangled than the
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Figure 9. Snapshots of blend polymer films with diluent N= 30 at different percentage of N=
250 during deformation and the film thickness is hold at H = 200. The color scheme follows

the same protocol as in Figure 8.

experiments 28, In addition, we speculate that the monomeric friction of our coarse-grained models
is significantly weaker than in experiments. To support this speculation, we note that at no point
do we observe bonds stretched to the point where we might expect chain scission (at bond energies
of 50 — 100¢) as is believed to occur in experiments, though additional study would be necessary
to quantify the friction for our model. A final possible distinction is the possibility of finite size
effects in our simulations; the displacement of the edge of our simulation box to reach the yield
point is comparable to the size of a molecule in our simulations, while experiments are orders of
magnitude larger, and a more detailed discussion on this point can be found in our previous work>®.
By tuning the blend composition between the long chains N = 250 and short chains N = 30 of
H = 200 films, we find that ¢ = 0.75, almost all the polymers get drawn into the plastic zone and
crazing takes place all over the film, as shown in Fig. 9. On the other hand, fewer polymers are
drawn into plastic zone at high strains when ¢ = 0.5 (supporting Fig. S6) and a clear blue region,

where the chains are essentially immobile, is observed in the images. At the lowest nonzero ¢ =
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0.25, strain localization resembles that in the films with only short chains, where we observe a

small plastic zone form at early strains where the film fails.
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Figure 10. S; as a function of the total strain for homopolymer thin films with N = 30(a) and

N = 250(b) respectively.

To understand the degree of strain localization, we examine the S; function defined above section
for the films as a function of strain in Fig. 10. In both systems with N = 30 and N = 250, §; rises
significantly with decreased thickness at a given strain. For thinnest films with H = 100, the
magnitude of the spatial fluctuations in strain rate raises substantially as the strain increases, which
indicates more pronounced strain localization. As the strain localization in the thicker films is not
as strong as that in the H = 100 films, S, plateaus at a smaller value in the thick films. The
significantly larger S; values observed in the thinnest films further supports that the mechanical
behaviors observed in the thin films with thickness below 100 are distinct from those of the thicker

films.

Conclusions
In summary, we have examined the thickness dependence of the mechanical behavior, including
the stress-strain response, toughness, and failure mode in bidisperse blends of chemically identical

model homopolymers using MD simulations. Due to the enhanced mobility of particles near the
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free surface, the mechanical properties of our thinnest films with H = 100 are distinct from the
thicker films, showing a reduced toughness compared to the thicker films analyzed. In these
thinnest films, the entanglement network is only modestly affected by confinement, which leads
to the conclusion that free surface effect dominates the mechanical behavior when the thickness of
the polymer films is less than 100 for this model system. When the film is 200 or larger, changes
in the mechanical response are minimal. During deformation, we observed plastic flow in all the
polymeric systems, and all films exhibited a highly ductile response. The lack of brittle failure is
hypothesized to be due to either the reduced monomeric friction in coarse-grained models or due
to finite size effects in our simulations, as substantial finite size effects have been recently reported

in simulations of silica glasses®!.

By tuning the volume fraction of high molecular weight polymers in bidisperse blend polymers
systems, the mechanical properties of the thin films are altered, and we find that the toughness of
the polymer thin film improves as the volume fraction of the low molecular weight diluents
decreases for all the thin film thicknesses. The toughness changes more rapidly in films diluted
with unentangled polymers. When holding the composition of the blend mixture constant, as the
diluent polymer chain lengths increases the films become more ductile due to the increasing
stability of the entanglement network in the systems. Using previously defined effective, or load-

1’7, we found that

bearing entanglements and a modified>® version of the Mikos and Peppas mode
when the film thickness is over 200, the toughness of the films almost exhibits an exponential
dependence on the average number of effective entanglements per chain. However, for the thin
films with H = 100, a linear relationship between toughness and effective entanglements is

observed. To distinguish the free surface effect from entanglement effects, we calculated the local

segmental relaxation in the polymer thin films, and found that for our thinnest films, there is a
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large increase in the local dynamics across the entire film. This enhanced mobility dominates the

properties during deformation and leads to a reduced toughness in the thin films.

In this work, we have focused solely on changes in the film thickness at a constant absolute
temperature. Given the well-known tendency for confinement to freestanding films to lead to
changes in Ty, some aspect of the changes in mechanical response with thickness could potentially
be rationalized by simply choosing different temperatures for each film (e.g., at a constant
T /Ty puik or T — Ty pyix). Given the broad distribution of relaxation times in the films>%1962, the
lack of a “bulk-like” region for any of the films considered here, and the fact that the temperature

1,6,62,63

dependence of mobility varies by location in the film , choosing an appropriate temperature

scaling is nontrivial. This point will be carefully considered in a future study.
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