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The morphology and spatial distribution of alpha (a)  Received 22 November 2020
precipitates have been mapped as a function of Mo  Accepted 5 October 2021
content in Ti-Mo binary alloys employing a combinatorial -

approach. Heat-treatments were carried out on M"'ﬁumu ’m!mn; d
compositionally graded Ti-xMo samples processed using a metallography; solid state
rapid throughput laser engineered net shape (LENS)  ponching

process. The compaosition space spans 1.5 at% to 6 at% Mo

with ageing at 750°C, 650°C and 600°C following a P

solution treatment. Three distinct regimes of a morphology

and distribution were observed. These are colony-

dominated microstructures  originating from  grain

boundary a allotiomorphs, bundles of intragranular a

laths, and homogeneously distributed individual fine-scale

a laths. Branching of the a precipitates was observed in all

these domains in a manner reminiscent of solid-state

dendritic growth. The phenomenon is particularly apparent

at low volume fractions of a. Similar features are present in

a wide variety of alloy compositions. 3-dimensional features

of such branched structures have been analysed.

Simulation of the branching process by phase field

methods incorporating anisotropy in the ao/f interface

energy and elasticity suggests that it can be initiated at

growth ledges present at broad faces of the a laths, driven

by the enhancement of the diffusion flux at these steps.

The dependence of branching on various parameters such

as supersaturation and diffusivity, and microstructural

features like ledge height and distribution and the

presence of adjacent a variants has been evaluated.
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1. Introduction

The properties of titanium alloys derive from its allotropic modification from
the high temperature, body centred cubic phase (B, space group Im3m) to
the low temperature hexagonal close packed phase (a, space group P63/
mmg). The transformation results in a wide range of spatial distribution, mor-
phology, and scale of a depending upon alloy composition and transformation
paths and has been extensively investigated in the past [1,2]. The transform-
ation near the p transus is of relevance in alloys with lower beta stabiliser con-
tents (near a and a+p alloys) where the low temperature transformation regime
cannot be accessed because of rapid transformation kinetics. In contrast,
enriched P alloys employ lower ageing temperatures to obtain fine distributions
of a phase since the metastable p phase can be retained to room temperature by
quenching. In this class of alloys, the influence of precursor phases such as w on
a phase distribution has been investigated in detail recently [3]. The kinetics of
the p to a transformation in the Ti-Mo system was established as early as 1952
[4], and microstructures as a function of composition have been examined [5].
We have recently employed [6] a combinatorial approach based on composi-
tionally graded Ti-xMo alloys fabricated by LENS deposition to revisit mor-
phology and distribution of the a phase in a broad domain of temperature
and composition space in this system. This study extends earlier work to a
detailed analysis of the morphology, spatial distribution, and crystallography
of a phase formed in the high temperature ageing domain in which the p to
a transformation occurs without intermediate transition phases. In doing so,
we find significant a precipitate branching during growth over a large

Figure 1. Microstructure of a in a Ti-5.5 at %Mo alloy after aging at 700°C.
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temperature and composition space and show the effect of this branching on a
distribution that evolves. Figure 1 is illustrative of the phenomenon. Examples
of such branched structures exist in [7] and subsequently in numerous other
publications too extensive to list. However, their origin had not been examined
till Menon and Aaronson [8] attributed the branching to a sympathetic nuclea-
tion process. We instead interpret these unusual microstructural features
associated with the high temperature transformation domain in terms of a
process akin to solid state dendrite formation, simulated using the phase field
method. We also include some results on more complex alloys to illustrate
the generality of these results.

2. Experimental and modelling procedures
2.1. Experimental details

Microstructure in composition and temperature space was studied on a compo-
sitionally graded specimen, heat-treated at different temperatures. LENS® (from
Optomec®) was used to deposit a cylindrical specimen on a Ti-6Al-4V plate.
Two hoppers (attached on the side of a LENS chamber) containing fine scale
Ti and Mo powders were used during the process. The flow rates from each
powder feed were varied appropriately to achieve a compositional gradient
along the length of the cylindrical deposit (Figure 2a). The deposition was
carried out in a chamber purged with argon to minimise oxygen contami-
nation. The composition profile along the length of the deposited specimen
varied from ~1.5 at.%Mo (~3 wt.% Mo) to about ~6 at.% Mo (12 wt. %) .
All compositions are referred to in at.%. Figure 2b indicates this composition
domain in relation to the Ti-Mo phase diagram [2].

The composition associated with a given area of the built up sample was
determined by EDX analysis of the scanned area that was large enough to
average the composition of the a and j} phases in the area. The evaluation of

1 Mo (sf%)
o) @ T e S
g , M t Swoo | < (b)
! : 1"‘ '* gvm 1l S
o b .
'l 5 " 15 m = » " B 1 1 I
Dstance in mm 5 10 15 20 25
Mo [wils)
(a) ih)

Figure 2. (a) The variation of Mo concentration along the length of the additively built cylinder
{b) The Ti-Mo phase diagram [2] with the composition and temperature range examined super-
imposed on the diagram.
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the composition was carried out with background and ZAF correction [9]
incorporated using propriety software TEAM™ from EDAX/AMETEK.
These correction methods gave an accurate estimate of the composition in a
bulk sample of known composition of a Ti-Mo alloy. The error in composition
is estimated to be about 7% of the values and is shown in Figure 2. The oxygen
content of the LENS samples typically ranged from 0.1-0.2 at.%.

The compositionally graded specimen was p-solutionized (at 1000°C /
30mins) and, subsequently, step quenched to three different temperatures
(600, 650 and 750°C) and held there for 30mins, followed by water quenching
(WQ). The transformation at 750°C is described in detail in this study, and
microstructures at lower temperatures are shown primarily to distinguish
between high temperature and lower temperature transformations. These
microstructures were evaluated by both backscattered electron (BSE) and elec-
tron backscattered diffraction (EBSD) in an FEI Nova 230 NanoSEM scanning
electron microscope (SEM) coupled with Hikari Super Electron Backscattered
Diffraction (EBSD) detector. EBSD maps were collected at a working distance
of ~10 mm after tilting the sample to ~70°. A beam voltage of 20 kV, a current
of 6.1 nA and a step size of 40 nm was used to record the maps. The EBSD data
analysis was carried out using TSL OIM™ software. A grain boundary distri-
bution map with a minimum misorientation of 1° was used to identify sub-
grain boundaries, and a Kernel average misorientation was also examined for
a branched a group.

In specific cases, transmission electron microscopy (an FEI Tecnai operating
at 200 keV) analysis of bulk samples of equivalent compositions was carried
out. The 3mm TEM foils were prepared with conventional techniques:
dimple grinding and ion milling at 4 kV. Three-dimensional (3D) images of
the a variants were obtained by serial sectioning techniques and reconstruction
using proprietary Amira software. Greater detail of these methods is provided
in [10]. The microstructures of several other bulk alloy compositions were also
examined under similar heat-treatment conditions to compare with the Ti-Mo
model system.

2.2. A phase field model for a lath branching

A 3-dimensional phase field model was used to elucidate the physical mechan-
ism underlying the branching phenomena. The morphology development of a
single variant of a was initiated by a shape perturbation. The perturbation
introduced in the phase field model to stimulate branching is based on the
idea that steps or growth ledges are always present on the habit plane of a
laths (to accomplish thickening of these laths). These are subject to an enhanced
driving force for growth from the diffusion field at these protuberances.
Figure 3a shows an example of such growth ledges on the broad face of an a
plate, and Figure 3b from the present study shows these ledges in cross-
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Figure 3. (a) Growth ledges on an a precipitate (reproduced with permission from [1]) (b)
growth ledges in cross section at the tip of a a plate with the habit plane edge on (c) the start-
ing configuration of an a lath in the phase field model with steps. t,, t; and ; denote the
heights of the ledges. s1 and s2 denote the spacing between the ledges. s, denotes the
length of the a lath. The phase field model simulates a segment of the whole lath towards
the tip.

section near the tip of a plate with a appropriately oriented. The growth ledges
considered in the current study are of macroscopic height (i.e. much larger than
the interatomic distance). Single or multiple steps are introduced in the habit
plane in this simulation with the same or different heights. Figure 3c shows a
schematic 2D XY cross-section (i.e. the (101)g plane) of the starting configur-
ation of an a lath with such steps. s, denotes the length of the a lath considered
in the simulation. This starting configuration approximates the shape at the tip
of an a lath that was experimentally imaged in Figure 3b and does not represent
an equilibrium shape. Its purpose is to examine whether the growth ledges that
are present can lead to instabilities in growth.

The model incorporates the thermodynamic and kinetic databases avail-
able for the well-known Ti6Al4V alloy (Ti-10.2 at%Al-3.6 at%V) as repre-
sentative of a+p alloys in general. Both Gibbs free energy and atomic
mobility of each element for the p phase matrix and a phase precipitate
are described as a function of alloy composition and temperature in [11].
The methodology adopted to obtain the diffusivity matrix is provided in
the supplementary section.
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Both solute concentration and crystal structure change across the interface of
a single a variant. In the phase field approach, two sets of time and space-depen-
dent order parameters, concentration fields (conserved) {X;(r)} ., for chemi-
cal nonuniformity (Al and V) and a structure order parameter field (non-
conserved) &(r), change continuously across the interface of a single a variant.

The total free energy of the system consists of the chemical free energy, the
surface energy and elastic strain energy and can be formulated as a functional of
the order parameters introduced above. The phase field model associated with
the branching process has been deployed in our previous studies [12-15].
Therefore, we omit here details of the model framework and formulation of
the chemical free energy, elastic strain energy, interfacial energy and its aniso-
tropy, and governing kinetic equations, which can be found in [12-14]. An ani-
sotropic interfacial energy is used in the phase field model. This leads to a
variable interface width that is linearly proportional to the interfacial energy
for different interface orientations. We have not considered the effect of
ledge heights less than 21, (where |, is the grid size, see Table 1), that is the inter-
face width for the habit plane (broad face). We also point out that our previous
phase field simulation studies of a precipitation and variant selection did not
incorporate growth ledges on the broad faces of a laths, and thus no branching
was observed. The elastic strain energy is a volumetric integral of strain energy
density over the whole system derived from microelasticity theory and calcu-
lates the elastic strain in the system that exists in both matrix and precipitate
phases and is location dependent [12]. The elastic strain field of the precipitate
employed is that of a semicoherent precipitate, as is usually observed [16-19].
Therefore, the contribution of the elastic strain to the overall energetics of the
process is significantly reduced compared to that of a fully coherent precipitate.

The Burgers orientation relationship for the selected a variant is:

(101) || (0001),, [T11]g § [1120],, [121]g || [1T00],

Table 1. Model parameters and material properties used in the phase field simulations.

Physical properties Symbol Value Unit
Temperature T 1123, 1073, 1023 K
Grid size by 12.5 nm
Interface width 2y — 5k 25— 625 nm
Interfacial energy T 150, 230, 300 mJ/m*
Broad, Side, End-facet
Gradient Coefficients ky 0.15198 1. pum? fmal
Hump height i 192 J/mole
Interface mobility Ly 6.0 x 1078 Jfmifs
Malar volume Ve 103 m” /mol
Elastic constants of B phase G Gze Caa 977, 82.7, 315 GPa
Lattice parameter of B and o phase g, Og. I- 3.196, 2.943, 4.580 A
Stress-Free Transformation Strain (SFTS) el j =

-3 =0.049 —0.0031 0 =
—0.0031  0.067 0

0 0 —0.0003
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Table 2. The diffusivity matrix for Al and V in the B phase for different alloy compositions and
temperatures.

Ti-10.2 arfell-3.6 ar% (TIGAMV) THo.64A15, 79y
{800°C) T5rQ 8507 C) {BO0FC)
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Three non-coplanar vectors were chosen as the axes of the reference coordinate,
i.e. X || [353]g, Y || [565]g and Z || [101])g. The selection of such a reference
coordinate takes into account that the growth direction and habit plane
normal of the a lath are aligned along [353]g and [565]g, respectively. We
note that there are slightly different descriptions of the habit plane and the
invariant line direction or growth direction [16-19].

All  simulations were performed |using a simulation size
320Ax x 32Ay x 1284z with equal spatial step size along the x, y and z direc-
tions, where Ax = Ay = Az = [, = 12.5 nm. Periodical boundary conditions
are used along all three dimensions. The ratio between the interfacial energies
of the broad, side and end faces of an a lath is 1:2:3, with the energy of the end
face as 300 mIm % An a precipitate with its equilibrium composition was

placed at the centre of the simulation box filled with B matrix with the alloy
composition. All model parameters and physical properties are documented
in Table 1 and Table 2. The simulation of a growth effects was carried out at
850°C, 800°C and 750°C for the alloy, which has aa/p transus of 942°C, In
addition, a slightly different alloy composition was used in one case to
examine the effect of supersaturation alone.

3. Results

3.1. The morphology, spatial distribution, and crystallography of the a
phase

Figure 4 shows the variation in a distribution and morphology (within prior
grains) as a function of Mo content on step quenching to 750°C. The BSE
images show both grain boundary and intragranular areas. The microstructure
at lower Mo concentrations is dominated by a colonies of parallel laths emanat-
ing as sideplates from the nearly continuous grain boundary a film. As is well
known [1], these sideplates that form the colony have the same crystallographic
orientation as the grain boundary a film from which they grow. With increasing
Mo concentration, interweaving bundles of a laths form within the grains. The
size of these intragranular bundles progressively decreases with increasing Mo
content. Figure 5 shows the nature of the colony a emanating from grain
boundaries and intragranular a at higher magnification. Figure 5a from a
region corresponding to Ti-1.5Mo shows that each a sideplate (in dark con-
trast) in the colony structure appears to fork extensively. Figure 5b from an
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Ti-1.5Mo

Figure 4. Microstructure of a as a function of Mo concentration on aging at 750°C.

area corresponding to Ti-3Mo suggests that the intragranular bundles are com-
posed of a lath segments oriented roughly parallel to each other. There is a sig-
nificant increase in the volume fraction of the a phase when the Ti-3Mo
composition is aged at 600°C (Figure 5¢). The a phase appears as individual
laths rather than as bundles. However, forking at the tips of the laths and
branching from its broad faces is still evident, as shown by the arrow.

A comparison of the microstructures for different Mo contents in Figure 4
suggests that the intragranular a structure observed in Ti-3Mo originates
from the structures observed in Ti-4Mo and Ti-5.5Mo that capture the increas-
ingly early stages of the transformation. Therefore, while all the Ti-xMo com-
positions in the graded alloy have been isothermally annealed for the same time,
the changes in microstructure with increasing Mo content indicate an inverse
time scale in evolution. Figure 6 captures the evolution of structure described
above through 3d metallography combined with EBSD. The early stage of the
formation of such bundles is shown from a Ti5553 alloy (a) commercial desig-
nation corresponding to Ti-5Al-5V-5Mo-3Cr-0.35Fe in wt% (Ti-8.8A1-4.7%V-
2.5%Mo-2.7%Cr-0.3%Fe in at%) with a p-transus of 865°C. The alloy was step
quenched from above the P transus to 700°C and held for 1 h. The microstruc-
ture is similar to that of the Ti-5.5Mo, shown in Figure 4. Individual a laths fork
and develop perturbations on their surface (Figure 6a). As the 3D image makes
clear, extensive forking or branching of a laths leads to an apparent appearance,
in 2D sections, of several discrete a laths that are actually branches from a single
lath (leading to the description of these as bundles earlier in the paper). The
EBSD OIM images in Figure 6 show that these ‘bundles’ arise from multiply
branched a laths that belong to the same crystallographic variant. Trivariant
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Figure 5: (a) Forking of a laths in a colony structure, Ti-1.5 Mo aged at 750°C (b) intragranular a
bundles, Ti-3Mo aged at 750°C (c) The Ti-3Mo aged at 600°C. The a phase is in dark contrast in
all these images,

clusters of such bundles are commonly observed (encircled in the BSE image of
Figure 6b and c) and possess unique crystallography in that the 3 variants in a
cluster have a common [1120] axis parallel to a specific [111] of the parent B
grain. This feature has been analysed in earlier work [20,21].

Figure 7 is a detailed analysis through high resolution EBSD of the misorien-
tations that may be present within such an individual bundle in two ways. First,
Figure 7b shows an analysis of subgrain boundaries in the same bundle and
shows that boundaries between 1° and 5° are not present even at locations
where different parallel branches join. Another way of examining misorienta-
tions within a bundle is to analyse the kernel average misorientation (KAM),
as shown in Figure 7c. The average spread in misorientations is about 0.5%
and the outliers of 1.5°-2° are located at the a/P interface and might arise
from interface strain.
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Figure 6. (a) and (b) branching of a single a lath and in a trivariant cluster respectively in a
Ti5553 alloy step gquenched from above the B transus to 700°C and held for 1 h (c) evolution
of branched structures to trivariant bundles of a laths in Ti-3Mo aged at 750°C (d) typical
pole figures from areas such as in (b) and (c) showing that a variants in the trivariant cluster
have a common [1120] direction.
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Figure 7. EBSD of a branched bundle showing (a) a phase partitioned image of the a phase (b)
a grain boundary misorientation map showing that no subgrain boundaries are seen within the
bundles with misorienations between 17 and 5° and the only boundaries observed are the a/fj
interfaces (¢) the kemnel average misorientation map (KAM) showing the distribution of
misorientations

Transmission electron microscopy of such a bundle is shown in Figure 8.
The a laths exhibit the Burgers orientation relationship with the p matrix:

(101)g || (00O1),, [111]g N [1120],, (121)g || (1100),

The morphology of individual a laths can be approximated [16] to a rectangular
slab with a broad face of low surface energy with a habit plane that deviates by
about 14° from {]li}ﬁ. | (1100),,, a side face of intermediate surface energy that
is closely parallel to (0001), // (101)p, and a largely incoherent end facet that lies
perpendicular to the growth direction which deviates marginally from [1120],
I [I'll]Lg. Figure 8a along the [0001] a direction parallel to [110]z shows the
branching of a single a lath from its point of origin. The habit planes of
these branches and their growth directions are not identical but scatter about
a mean. Figures 8 b and ¢ show images in mutually perpendicular orientations
to Figure 8a. The broad face of the laths is roughly parallel to [IET]M Il (1 ii]l[,'l"]nt
and is seen in Figure 8c.
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Figure 8. Transmission electron microscopy of multiply branched a laths imaged in 3 mutually
perpendicular orientations. The zone axes are indicated on the respective figures. The a and
pattern overlap completely in (c). The expected habit plane Is Indicted In (a) by the yellow
dashed line with an arrow.

We have examined other alloys to see if branching as described above is
reproduced in different compositions. Since Al is a critical alloying element
added in most commercial Ti alloys, and the Ti-V-Al and Ti-Mo-Al systems
form the basis of many commercial Ti alloys such as Ti-64, Ti-5553 and
Beta-21S, four different alloys with the compositions Ti-3Mo-5Al, Ti-5Mo-
5Al, Ti-1.5V and Ti-9V-9Al (all in at%) were arc melted and subsequently sol-
ution treated, step quenched to 750°C and isothermally held for 30mins. Micro
structures of these four alloys, shown in Figure 9, invariably consisted of

bundles of multiply branched or forked a laths.

3.2. Phase field modelling of a lath branching

The experimental results described in the previous section indicate that ageing
at high temperatures results in the formation of « laths that show significant
branching reminiscent of a solid-state dendritic structure. We have assumed
in the phase field simulation that the presence of sharp corners arising at the
risers of growth ledges at the tips of « laths, as shown in Figure 3, may
provide a source for the branching, i.e. the steps provide a pre-existing pertur-
bation in the structure that can originate an instability. We first employed the
phase field simulation to examine the development of branching in a single a
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Figure 9. Forked and branched a laths in alloys of different compositions.

lath with varying starting ledge (step) heights and thickness for a single ledge.
The results are shown in Figure 10. It is seen in Figure 10a that the sharp corner
due to the presence of a growth ledge near the tip grows out faster than the flat
interface. A comparison of Figure 10a with 10b indicates that a lower growth
ledge height (1), keeping the base lath thickness (t;) a constant, delays the
onset of the branching. This suggests that a critical ledge height may be required
for branching to initiate. The starting lath thickness has been reduced in Figure
10c and suggests that finer a laths may delay branching. Figure 10d shows a 3d
view of the section of Figure 10a. The initiation of branching at the tip of an a
lath, as seen experimentally, is also shown in Figure 10e. We have not attempted
a statistical analysis of these effects in experiment since measurements of lath
thickness and growth ledge height require that the plane of projection lies per-
pendicular to the habit plane, and because adjacent laths will affect the plane
branching process in the manner shown below.

Figure 11 illustrates the underlying driving forces for the preferential growth
of the ledges or steps into branches by superimposing, for various configur-
ations of the a laths, the diffusional fluxes and isocontours of compositional
profiles in the p phase at different locations ahead of the a/p interface. Figure
11a shows the effect of multiple steps. The starting a lath in this simulation
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Figure 10. The development of branching in a single a lath with a single growth ledge near the
lath tip. The starting configuration has t; = 410 nm, t; = 410 nm, 5, = 1010 nm and 53 = 5010 nm.
The aging temperature is 800°C (a) the formation of branches at single step with the height
equal to the base lath thickness. The image is a section through the 3d simulation in (d). (b)
and (c) show the effect of step height and base lath thickness height for comparison, (e) The
TEM image illustrates the initiation of the branching process from a ledge.

has 1 and 2 ledges for comparison. The magnitude of the diffusion fluxes of the
a stabiliser Al (as an example) towards the a lath varies in different locations,
with a higher flux at the step corners. Branches extend at equal rates from

P 100 om
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Figure 11. (a) compares the development of branching in a single a lath with a single and
double growth ledges near the lath tip at 800°C. The starting configuration has ; = t; = 3
=410 nm, 5, = 1010 nm and the spacing between the tip and the step and between steps Is
s = 5010 nm. (b) compares the effect of the spacing between two adjacent laths of the
same crystallographic variant with a single ledge. The starting configuration in each lath is
the same as in (a). White arrows denote diffusion flux (vectors) of the a stabiliser, Al. The
length of the white vectors indicates the strength of the diffusion flux and the starting point
of the vectors indicates the position at which the flux is shown. lsocontours of the Al concen-
tration are superimposed (c) composition profiles for Al and V in the B phase perpendicular to
the ledge tip and habit plane along the hatched lines in the left hand figure of (a). The step In
the diffusion profile is discussed in the text.

multiple steps. Figure 11b assesses the effect of adjacent laths of the same crys-
tallographic variant. The suppression of branching in the lower lath with
decreasing lath spacing is apparent. Al is increasingly depleted between the
two a laths as their spacing reduces, reducing the branching propensity for



204 (@ RSHIETAL

the growth ledges in the depleted zone. The diffusional flux is proportional to
the concentration profiles in different locations, and Figure 11c illustrates the
concentration profiles of Al and V in the p phase ahead of the tip of the
ledge and perpendicular to the broad face, shown for the case of Figure 11a.
The small step in the diffusion profiles of V and Al in p has probably arisen
from the interaction of the diffusional field at the adjacent broad face with
that associated with the step.

Figure 12 shows the effect of supersaturation and diffusivity on the develop-
ment of branching in a single a lath -. The effect of ageing temperature
(850°C, 800°C, 750°C) on branching in a single a lath is presented in
Figure 12a-c. The lateral growth of the branches is faster at high temperatures.
The degree of supersaturation increases while the diffusivity decreases with
reduced ageing temperature for a given alloy composition. To separate these
effects, branching in an alloy composition Ti-5.67A1-6.43V (wt.%) that lies
on the same tie line at the ageing temperature of 800°C as Ti6Al4V is shown
in Figure 12d. The tip radius decreases at reduced supersaturation. It is also
seen that the branch tends to split from the main lath as it lengthens, driven
possibly by the minimisation of elastic and interface energies. The experimental
equivalent of the splitting process is shown in the 3d images in Figure 1le,
where laths which appear separate in certain orientations are actually joined
by narrow segments to the main lath. Data on lengthening rates of steps and
the increase in volume fraction with time at different ageing temperatures is
provided in the Figure 52 of the supplementary information.

4. Discussion

This study focuses on a systematic exploration of the p to a transformation in
composition-temperature space using the Ti-Mo system as a model system. The
results indicate that the growth of a precipitates occurs through multiple
branching from the original laths in an extended region of composition and
temperature space. These fine scale microstructural features during the p to a
transformation have been shown in images in extensive earlier literature over
decades. Branching has also been demonstrated in 3d representations of a
growing from grain boundaries [22] and in fully transformed structures of
the Ti6AI4V alloy [23]. Similar structures have been attributed to the presence
of prior w phase [24]. Our high throughput study enabled us to trace these
branched structures from early stages in their formation to fully evolved a dis-
tributions, as shown in Figures 3-5.

Several features of such multiply branched structures should be pointed out:

(a) The extent of branching depends on the presence of adjacent a laths.
Thus, the branching is easily observed at ageing temperatures and compo-
sitions with a relatively low volume fraction a (Figures 4,5), presumably
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Figure 12. (a) to (c) The development of branching in a single a lath with a single growth ledge
near the lath tip at different temperatures (850°C, 800°C and 750°C). The starting configuration
has t; = 410 nm, t; = 410 nm, 5, = 1010 nm and 3, = 5010 nm as in earlier figures, In (d) the alloy
composition in the B matrix is Ti-5.67A1-6.43V (wi.%) which lies in the same tie line as Ti-6Al-4V
(wt.%) and the supersaturation is increased compared to Ti6AI4V since the a composition
remains the same (e} a 3d image of a branched a lath: In (i) 3 branches a1, a2 and a3 are emer-
ging from of the main lath. a3 appears as a separate lath not joined to the main lath. The Image
in (i) is rotated by an approximately vertical axis by about 180° and further rotated in (iii). The
branch al is joined to the main branch by a narrow strip seen in (i) marked by an arrow and
appears completely separate in (iii) while the branch a3 is now seen as joined to the main lath
in (iii). The branch a2 is not visible in (iii).

when diffusion fields from adjacent a laths do not overlap. Nevertheless,
careful examination shows that branching or forking of the a laths is still
observed to a limited extent even at high volume fractions, as seen in
Figure 5a and c.

(b) Branching or forking can occur from a sideplates originating from grain
boundary a allotriomorphs (Figures 5a, 9b).

(c) As a consequence of sectioning, the branched a structure can appear as
groups of discrete a laths belonging to the same crystallographic variant,
as shown in the 3D studies of Figure 6 and the TEM characterisation in
Figure 8. Branched, intragranular a can therefore appear to form colony
structures (Figure 4, Ti-3Mo and Figure 6¢) that are usually associated
with a sideplates that emerge from grain boundary a (Figure 4, Ti-
1.5Mo). However, intragranular a bundles typically form in groups of
3 with a common [1120], // [1 11]p direction (Figure 6), unlike a side-
plates whose orientation is determined by the orientation of the grain
boundary a from which they originate.

(d) A careful orientation analysis with high resolution EBSD indicates that
misorientation within such branched structures are on an average about
0.5° without the presence of subgrains either within laths or where the
branched structures are seen to join the main lath (Figure 7).
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{e) While such branching does not lead to a change in orientation relationship
within the error of measurement, habit planes and growth directions
scatter about a mean (Figure 8).

(f) The phenomenon is not restricted to the Ti-Mo system but encompasses
compositions with alloying elements commonly used in commercial tita-
nium alloys (Figure 9).

Menon and Aaronson [8] and Aaronson et al. [25] analysed and attributed
the formation of such branched structures to sympathetic nucleation based
on the presence of subgrain boundaries in a plates, which they attributed to
the interfaces created by such nuclei. The 3 types of sympathetic nucleation
considered by them are edge to edge, edge to face and face to face. The mor-
phology of the structures described in Figures 4-6 and 8 cannot possibly
arise from edge-to-edge sympathetic nucleation, which leads to extended
laths separated by subgrain boundaries perpendicular to the lengthening direc-
tion (see Figure 2a and b of [8]). The simplest explanation for the presence of
such subgrains, that they could have arisen due to prior misorientations in the p
phase, seems to have been ignored. The examples offered of edge to face nuclea-
tion in Figure 4 of [8] leads to the variant rotated 60” about a common |1 120],,
axis (see Figure 4 of our paper and [20, 21]), which is again not the subject
matter of discussion here. The example given by Menon and Aaronson of
face-to-face sympathetic nucleation leads to a non-Burgers a, which has since
been shown to be an artefact of thin foil preparation [26]. The closest case of
sympathetic nucleation that can describe the branched structures observed by
us would be described as an edge to face nucleation of the same crystallographic
variant, requiring a high angle a/a boundary to have lower energy than a low
energy a/p boundary.

Menon and Aaronson [8] specifically excluded the possibility of branching
for the a/p case on the grounds that only a single low energy habit plane
would be possible for such solid-state precipitation involving a single variant
with the BOR. However, they did not take cognisance of the possibility that
growth of instabilities balances diffusional, capillarity and elasticity effects as
in solidification and solid-state dendritic branching. Our results clearly show
that the lath bundles with branches are all in the same crystallographic orien-
tation and yet contain habit planes that scatter about a mean. These branched
a laths bear a close resemblance to solid-state dendritic structures that have
been observed in the past (see [27-31] for more recent references). Shewmon
[32] appears to have been the first to point out that dendritic morphologies
would naturally evolve if precipitate growth were controlled by long-range
diffusion alone. As indicated by Mullins and Sekerka [33] in their analysis of
infinitesimal perturbations at the liquid/solid interface, the amplification of a
protrusion is opposed by other factors such as anisotropy in surface and
elastic energy. Phase field simulations have been applied in at least one instance
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to examine the effects of elastic and surface energy anisotropies on solid-state
dendrite evolution [31].

In the current study, we have therefore re-examined the possibility of
branching of the a phase with phase field simulations. We have not analysed
a Mullins-Sekerka instability itself but have introduced a pre-existing pertur-
bation in the form of steps or growth ledges at the broad faces of the a/p inter-
faces as seen experimentally in Figure 3. The ledge density increases towards the
tips of the a laths, as seen in Figure 3a. We examine the evolution of these steps
with time under different conditions. Since the phenomenon appears to be
common to various titanium compositions, we have used the reliable thermo-
dynamic and kinetic databases available for Ti6Al4V in our simulations. The
simulations demonstrate that branching can occur if steps are present on the
habit planes of a laths due to the thickening of a phase by the ledge mechanism.
We show that (a) a critical step height exists for branching to occur (Figure 10),
although this feature has not been demonstrated experimentally (b) that
branching can occur from multiple steps leading to continuous branching orig-
inating from a single lath, as seen in Figure 1la and experimentally in Figures
4-6 and Figure 8. The effect of overlapping diffusion fields arising from increas-
ing a volume fraction has been assessed in the phase field simulations in Figure
11b and of supersaturation and diffusivity in Figure 12. These effects may be
compared with experimental results that show the combined effect of trans-
formation temperature and composition on these factors. Substantially
increased branching is observed for increasing Mo content at the same trans-
formation temperature (Figure 4) and with increasing transformation tempera-
tures for the same Mo composition (compare, for instance, Figure 5b and c).
The phase field simulations thus reproduce the general features of the exper-
imental results. It must be pointed out that 3-dimensional and crystallographic
effects make a statistical, quantitative assessment of these features a formidable
challenge.

To understand the branching phenomenon, the atomic flux of Al (a stabil-
iser), Jai(X), related to the supersaturation in the p matrix is analysed, and the
results are presented in Figure 11. We have chosen to show this for the species
showing a slower interdiffusion rate, although more complex analysis for multi-
component diffusion is also available [34]. The flux vectors are visualised as
white arrows and the sizes of the arrows are proportional to the magnitude
of the fluxes. It is found that the magnitude of diffusion flux of Al towards
the a lath varies in different locations and is larger at the tips of the growing
instabilities, as might be expected from a consideration of the diffusion
profiles shown in Figure 11c. Experimentally, however, a deviation from the
habit plane is also observed as in Figure 8a, and the simulation carried out
does not capture this feature. There is clearly a driving force for the branches
to grow away from reduced supersaturation at that segment of the broad face
which is just adjacent to the branch tip. It is possible that this is not observed
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in the simulation because the model lacks inbuilt mechanisms that would allow
this process to occur with the least interface energy penalty at the habit plane,
such as changes in structural ledge spacing [16] or growth ledge spacing. We
also note that the time scale of phase field simulation is quite small but does
demonstrate the inherent instability of the growth ledges.

The branched structures are also unstable, as shown by the splitting of the
branched segments into individual plates in both simulation and experiment
in Figure 12. Figure 13a shows the variation of growth rate (in our limited
simulations) with the solutal Péclet number, RV/2D where R is the tip
radius, V the growth velocity and D the effective diffusivity. The trend is
similar to that observed during the growth of dendrites during solidification,
as can be inferred from [35,36] with [34,37] as specific examples. However, the
steady state tip radius increases with supersaturation, and this is the inverse of
that expected during solidification [35, 36]. We suggest that this behaviour
arises from a synergistic effect of significant anisotropy in interface energy
and elastic energy effects. A decreased supersaturation is expected to result
in a lower tip curvature if interface energy is isotropic. On the other hand,
the tip will attempt to minimise the surface orientations associated with
higher surface energies in the presence of a significant anisotropy [35]. In
addition, elastic energy effects will assume increased dominance at lower
supersaturations leading to a sharpening of the tip. We have indirectly
explored these effects on tip curvature by changing the surface energy ratios
while maintaining a constant elastic energy contribution and changing the
elastic energy contribution while maintaining constant surface energy ratios.
The results are provided in supplementary Figure 52. As this figure shows,
a decrease in elastic energy contribution blunts the tip as does a reduction
in surface energy anisotropy. We note that the shape of the tip is not a
needle as in dendrite tips associated with solidification but resembles a plate
with curved ends (Figure 10). A detailed analysis of tip radius selection is
beyond the scope of the paper.

It is of some interest to consider whether sideplate formation from grain
boundary a arises from a similar phenomenon of enhanced diffusion at
corners of steps on grain boundary a or from a more general Mullins-
Sekerka instability. We also note that though we have modelled branching
from growth ledges accumulated at the tips of alpha laths, such branching
would also be possible from growth ledges anywhere on the broad face provided
that the ledge height was large enough to initiate the instability.

In summary, we have demonstrated that extensive branching of a laths is a
ubiquitous phenomenon occurring over a broad range of composition and
temperature space during the B to a transformation in titanium alloys.
Although such structures have been attributed earlier to sympathetic nuclea-
tion, a solid-state dendritic growth phenomenon in the presence of growth
ledges provides a viable alternative explanation for these morphologies. We
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Figure 13, (a) steady state growth rate plotted against the Peclet number and (b) the tip radius
plotted against the Al supersaturation for different aging temperatures.

note that regions of parallelly oriented intragranular a laths arising from
branching affect mechanical behaviour, providing extended mean free paths
from slip since they effectively act as ‘single crystal’ regions arising from easy
slip transfer between similarly oriented a and B [38]. Such regions are also at
the origin of macrozones of similarly oriented a that form during thermomech-
anical processing with consequences for dwell fatigue behaviour of titanium
alloys [39].
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5. Conclusion

It has been demonstrated that the P to a transformation is associated with sig-
nificant branching of a laths during growth. Multiply branched a laths can
form over a large region of composition and temperature space but are less
obvious (although present) at compositions and temperatures where the
volume fraction of a is high such that the diffusion fields from adjacent a
laths start to overlap. Branching of intragranular a laths leads to the
bundles of parallel a laths of the same variant, with a resulting colony like
appearance. Such multiply branched a laths cluster in groups of 3 bundles
that share a common [1120], // [111]s direction arising from the Burgers
orientation relationship. The branching process has been simulated using
the phase field method that satisfactorily explains that branching initiates
from ledges on the habit plane of a laths.
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