
Available online at www.sciencedirect.com 

Journal of Magnesium and Alloys 8 (2020) 1296–1303 
www.elsevier.com/locate/jma 

Full Length Article 

Deformation nanomechanics and dislocation quantification at 
the atomic scale in nanocrystalline magnesium 

Md. Shahrier Hasan, Rachell Lee, Wenwu Xu 

∗

Department of Mechanical Engineering, San Diego State University, San Diego, CA 92182, United States 

Received 4 February 2020; received in revised form 1 July 2020; accepted 4 August 2020 
Available online 5 October 2020 

Abstract 

Classical molecular dynamics (MD) simulation method is employed to study the uniaxial tensile deformation of nanocrystalline magnesium 

(Mg) of varying grain size levels. The mean grain size of the sample is varied from 6.4 nm to 45 nm, with each sample containing about 43 
million atoms in the modeling system. The deformation nanomechanics reveals two distinct deformation mechanisms. For larger grain-sized 
samples, dislocation dominated deformation is observed while, in smaller grain-sized samples, grain boundary-based mechanisms such as 
grain boundary sliding, grain boundary rotation are observed. The transition of normal and inverse Hall–Petch relation occurs at around 
10 nm. Dislocation density quantification shows that the dislocation density in the sample drastically reduces with decreasing grain size. 
Elastic modulus of nanocrystalline Mg with mean grain size above 20 nm remains comparable to that of the coarse-grained polycrystalline 
bulk, followed by a rapid reduction below that grain size. The present work reveals the nanomechanics of nanocrystalline Mg, facilitating 
the design and development of Mg-based nanostructured alloys with superior mechanical properties. 
© 2020 Published by Elsevier B.V. on behalf of Chongqing University. 
This is an open access article under the CC BY-NC-ND license ( http://creativecommons.org/licenses/by-nc-nd/4.0/ ) 
Peer review under responsibility of Chongqing University 
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. Introduction 

The pure metal magnesium (Mg) is one of the lightest met- 
ls on earth with abundant distribution in the earth’s crust, 
aking Mg an auspicious base material for light-weighting 

f structures [1–3] . The optimum use of low-density mate- 
ials and composites, along with the conventional usage of 
igh-density high strength steel, has great significance in the 
ransport industry [ 4 , 5 ]. However, the strength and stiffness of 

g remain a significant hindrance to its broader applications. 
everal attempts have been made to create a viable compos- 

te with heavier and stiffer materials such as light iron [6] . 
owever, due to the lack of miscibility and inter-atomic com- 
ound between Fe-Mg, manipulating nano/micro-structure us- 
ng phase transformation to get the desired property has not 
een possible. Through precipitation hardening process, some 
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g-based alloys with improved strength have been developed; 
owever, they still do not compare well with its alternative 
luminum-based alloys [ 7 , 8 ]. Moreover, due to the hexagonal 

losed packed (HCP) structure, Mg possesses poor formabil- 
ty as compared to aluminum (Al), which severely restricts 
ts applications [9] . 

Nano-structuring can be an effective way to improve the 
ulk strength with well-balanced ductility of Mg metal al- 
oys [ 10 , 11 ]. Nanocrystalline metals and alloys demonstrate 
ifferent characteristic mechanical properties to that of their 
oarse-grained counterparts [12–14] . Due to the tremendous 
ncrease in computational power in recent decades, analysis 
f these 3D nanocrystalline materials has become a viable 
ption to find the optimized structure for the desired proper- 
ies [15] . In comparison to the coarse-grained polycrystalline 

aterials, nanocrystalline materials show increased strengths, 
ardness, and toughness, but reduced elastic modulus [16] . 
he reason for these improved properties is attributed to the 
reater grain boundary fraction in nanocrystalline materials of 
. This is an open access article under the CC BY-NC-ND license 
y of Chongqing University 
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he same average composition compared to the coarse-grained 

olycrystalline materials. Grain boundary fraction varies with 

he mean grain size, and by definition [17] , nanocrystalline 
aterials have less than 100 nm mean grain size. This grain 

ize-dependent deformation mechanisms and corresponding 

echanical properties in face-center cubic (FCC) nanocrys- 
alline metals are well researched and understood [18–20] . 
owever, due to the directional anisotropy and having fewer 

lip systems, the deformation mechanism in hexagonal close- 
acked (HCP) metals are different from that of the FCC met- 
ls [21] . At the atomic scale, the deformation process of HCP 

s explained in terms of normal and zonal twinning mecha- 
isms [22] , but the grain size sensitivity of the strength and 

eformation mechanisms of nanocrystalline Mg has rarely 

een studied in the nanocrystalline range (1 - 50 nm) [23] . 
n earlier study by Song et al. [24] covered this range with 

dealized 2D MD simulation, however, with increased com- 
utational capabilities and state of the art visualization tech- 
iques of MD simulation generated data, now it is possible 
o simulate and analyze a much larger 3D atomic system. 

MD simulation has become a preferred method to study 

he nanocrystalline materials at the atomic scale. This is pri- 
arily due to the limitation of synthesizing undesirable and 

ndetectable defect-free nanocrystalline materials for experi- 
ental study. At the atomic scale, negating the effect of var- 

ous unavoidable defects from the experimental results and 

stablishing a reliable structure-property relationship is diffi- 
ult. MD simulations thus provide an incisive analysis tool 
o characterize the structure, establish the structure-property 

elationship, and explore the relevant mechanisms that control 
hat relationship. 

. Simulation method 

A series of 3D nanocrystalline Mg samples of varying 

rain sizes are prepared by the Voronoi tessellation method 

25] . From the largest mean grain size of 45 nm to the small-
st of 6.4 nm, nine samples are generated, each containing 

bout 43 million atoms. Each model sample has a cubic shape 
ith a dimension of 100 nm ×100 nm ×100 nm. The number 
f grains in the nanocrystalline samples is sufficiently large 
o ensure the randomness of grain orientation. For example, 
here are 13 grains in the sample with a mean grain size 
f 45 nm and 4000 grains in the sample with a mean grain 

ize of 6.4 nm. Large-scale Atomic/Molecular Massively Par- 
llel Simulation (LAMMPS) is used as the MD simulation 

ool [26] . The Embedded Atomic Method (EAM) potential 
unction used for the simulation is developed by Wilson and 

endeleev and is widely accepted for MD simulations of me- 
hanical properties of Mg metal and alloys [27] . 

Periodic Boundary Conditions (PBC) are employed at 
ach of the boundary surfaces of the samples to simulate 
ts bulk property. Each Mg nanocrystalline sample is re- 
axed at the room temperature (300 K) and 1 bar pressure 
ith Nose/Hoover type of sampling by the isothermal-isobaric 

NPT) ensemble to attain their equilibrium configurations 
 28 , 29 ]. The required relaxation time increases with the de- 
1297 
rease of the mean grain size of the sample. MD relaxation 

ime of 50 ps is sufficient to equilibrate the nanocrystalline 
ample with a mean grain size of 45 nm. However, 120 ps 
s needed to relax the nanocrystalline sample with a mean 

rain size of 6.4 nm due to a large volume fraction of grain 

oundary atoms. Fig. 1 (a) and (b) show the equilibrium con- 
guration of the nanocrystalline sample of mean grain size 
.4 nm and 45 nm, respectively. It is also noticeable from 

ig. 1 that with the larger grains, the shape of the grain is 
olyhedral, while for smaller grains, the shape of the grain 

ecomes spherical-like, which is consistent with experimental 
ransmission electron microscopy (TEM) observation [12] . 

. Results and discussions 

.1. Overview of deformation 

The MD simulation of deformations of the nine nanocrys- 
alline Mg samples of varying grain size is carried out along 

he x -direction (see Fig. 1 ). For simulating the uniaxial tensile 
oad along the x -direction, a response of 10 

10 s −1 engineering 

train rate is applied with PBC in all directions. The sample 
as deformed until 50% of the elongation was reached, i.e., 
= 0.5. For achieving uniform strain, the deformation time- 
tep was split into several small time-steps. For this simula- 
ion, each deformation time-step was of 1 femtosecond (fs) 
n which the nanocrystalline Mg sample is scaled to 1.01 

f its previous dimension and then is allowed to relax. This 
e-scaling and the relaxing procedure are then repeated until 
he desired uniaxial strain is achieved. While the deforma- 
ion is carried out along x -direction, the boundary surfaces 
ormal to y and z -direction are kept at 1 bar constant pres- 
ure [30] . The same procedure of deformation was carried out 
or all nine nanocrystalline Mg samples, and modeled values 
f stress and atomic time history were obtained as results. 
he software Open Visualization Tool (OVITO) is used to 

isualize the atomic configurations and perform dislocation 

uantifications [31] . 

.2. Tensile nanomechanics and deformation mechanism 

In OVITO, the Common Neighbor Analysis (CNA) method 

s applied to the atoms to mark their native crystal struc- 
ure [32] . CNA is a crystal structure analysis algorithm that 
mploys complex high dimensional signatures to identify the 
ative crystal environment of the arrangements of atoms that 
re usually better at distinguishing between several structures 
33] . Hence this method is useful for the characterization of 
anocrystalline Mg where the grain interior atoms have an 

CP crystal structure, grain boundary and dislocation atoms 
ave a disordered structure, and stacking faults are identified 

y their FCC crystal structures [24] . 
The stress-strain curves of the nine nanocrystalline Mg 

amples reveal distinct tensile behavior from smaller to larger 
rain sizes (details will be provided in Section 3.4 ). The dif- 
erence in these tensile profiles is most noticeable in the sam- 
le of 6.4 nm and 45 nm, which suggests that the deformation 
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Fig. 1. Bulk Mg nanocrystalline sample with a mean grain size of 6.4 nm (a) and 45 nm (b). The blue and green regions indicate the grain interiors and grain 
boundaries, respectively. 

Fig. 2. Atomic microstructures of the sample with a mean grain size of 45 nm 

at varied strains: (a) ε= 0.0, (b) ε= 0.06, (c) ε= 0.1, and (d) ε= 0.2. Blue, 
green, red, and white atoms represent the HCP structure, grain boundaries 
or dislocations, FCC structure (stacking faults), and the intermediate BCC 

structure in transition, respectively. G1, G2 and G3 denote the three grains 
that are observed. The local structures of (c) and (d) shown on the right 
highlight the twinning activity and formation of nanograin (NG) twins. 
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n these two samples is primarily governed by two distinct 
eformation mechanisms. Fig. 2 shows the gradual change in 

he atomic microstructure of the nanocrystalline Mg sample 
ith a mean grain size of 45 nm. The views of the plane 

hown in Fig. 2 are parallel to the deformation direction. The 
1298 
ransition from elastic to plastic deformation occurs between 

.02 ≤ ε ≤ 0.06 (as will be shown in Section 3.4 ). Fig. 2 (a) 
hows the undeformed microstructure in a local region of the 
ample with a mean grain size of 45 nm. Fig. 2 (b) displays 
he nucleation of a Shockley partial dislocation (SPD) car- 
ying an FCC structure stacking fault at the beginning of 
lastic deformation as indicated by the white-dashed-circle 
n grain G1. The approach to determine the dislocation types 
ill be explained in Section 3.3 . The observed SPDs in the 
anocrystalline Mg samples have been identified, gliding on 

he densely packed basal {0001} planes [34] . The disloca- 
ions nucleate from the grain interior and disappear/sink at 
he adjacent grain boundaries. 

Fig. 2 (c) shows the formation of new nanograin (NG) twins 
nside an existing grain G2, exhibiting another type of intra- 
ranular deformation mechanism. The formation of NG twins 
s the result of the accommodation of the c-axis strain for 
CP crystals. This is because certain twin-partials possess a 

ower energy barrier than that of the 〈 c + a 〉 pyramidal dislo-
ation that has the lowest energy barrier among all the non- 
asal dislocations in HCP structure. These twin partials pre- 
ominantly possess the Burgers vector of < 10 ̄1 1 > crystal 
rientation [35] . Therefore, twinning activity is observed as 
ne of the main deformation mechanisms for accommodating 

he c-axis strain in Mg, as shown in Fig. 2 (c) and 2 (d). As an
xample highlighted in the local enlargement of Fig. 2 (c), the 
winning activities in grain G2 are accompanied by the SPD 

ormation nearby. We also observed the pile-ups of stacking 

aults formed by the split-up of SPDs, as indicated within 

he white-dashed-circles in Fig. 2 (d). The stacking faults pin 

own the grain boundaries restricting them from sliding; as 
 consequence, dislocation nucleation becomes the favored 

ode of deformation. 
However, as the nucleation and mobility of basal disloca- 

ions reduce with decreasing the crystallite size, the need for 
winning to be a mechanism to accommodate the c-axis strain 

lso reduces. Hence, the twin formation and growth as well 
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Fig. 3. Atomic microstructure of sample with a mean grain size of 6 nm 

at varied strains: (a) ε= 0.0, (b) ε= 0.06, (c) ε= 0.1, and (d) ε= 0.2. Blue 
atoms – HCP structure; green atoms – grain boundaries and dislocations; red 
atoms – stacking faults with FCC structure; white atoms – intermediate BCC 

structure. G1 and G2 represent two adjacent grains. White dashed circle in 
(b) shows the nucleation of dislocation from the grain boundary near the 
yield point, the arrow-ed circles in (c) and (d) highlight the sliding of G2 
over G1. 
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s slipping-twinning interaction become less significant with 

he reduction of grain size. In the present work, only samples 
ith average grain sizes of 45 nm and 40 nm exhibit evidence 
f NG twins and subsequent growth (see Fig. 2 c and 2 d), no
vidence of twinning is observed in the nanocrystalline Mg 

ith smaller grain sizes. 
Obviously, the formation and growth of NG twins facili- 

ate the release of strain energy, thus reducing the resistance 
o deformation. Thus, a rapid decrease in stress is observed 

ear ε= 0.1 in the stress-strain curve of the sample with a 
rain size of 45 nm (see Fig. 5 i). Fig. 2 (d) shows a snapshot
f the atomic microstructure for a near saturation of dislo- 
ations and the subsequent stacking fault formation inside 
he grain interiors. Further plastic deformation does not in- 
rease the dislocation density in the sample; the correspond- 
ng quantification analysis of dislocations will be discussed in 

ection 3.3 (see Fig. 4 a). The sustained dislocation mobility 

s accompanied by the growth in the NG twins to accommo- 
ate some deformation stress (see the local enlargement of 
ig. 2 d). 

Fig. 3 shows the deformation of nanocrystalline Mg sam- 
le with a mean grain size of 6.4 nm, which has a large vol-
1299 
me fraction of grain boundary atoms. Mostly intergranular 
eformation mechanism is observed where the grain bound- 
ry atom plays a dominant role in the deformation pro- 
ess. Fig. 3 (a) shows an undeformed ( ε= 0) microstructure 
here the distances between the triple points are significantly 

maller than that in the sample with the grain size of 45 nm. 
ig. 3 (b) shows the microstructure at ε= 0.06, which is at the 
eginning of the plastic deformation. Shockley partial dislo- 
ations are observed attached to the stacking fault, which is 
imilar to that observed for the sample with the grain size 
f 45 nm. However, small nanograin size limits the mean 

ree path for the dislocation mobility. Hence rapid disloca- 
ion generation and propagation become more difficult within 

he sample with a grain size of 6.4 nm as compared with that 
n the sample with the grain size of 45 nm. This phenomenon 

s further supported by Fig. 4 a (details will be provided in 

ection 3.3 ), where dislocation density in the 6.4 nm grain- 
ized sample increases only slightly between 0.06 ≤ ε ≤ 0.2 

ntil the dislocation density reaches a saturation. 
Fig. 3 (c) shows the microstructure at ε= 0.1, no significant 

ncrease in the SPD formation is observed. As there is no con- 
iderable amount of formation and mobility of basal disloca- 
ion, the consequent intra-granular twinning activity is absent. 
nstead, the grain boundary rotation and sliding are appeared 

o dominate the deformation process. For example, from the 
ocal enlargements of Fig. 3 (c) and 3 (d), we observed a 2.64 °
 (118.38 °−115.74 °) difference in the in-plane misorientation 

ngle between grain G2 and grain G1 as the strain increases 
rom 0.1 to 0.2. The interface atoms between G1 and G2 are 
ubjected to shear, indicated by their temporary BCC crystal 
tructure (see the local enlargement of Fig. 3 c) caused by the 
hange in the in-plane grain misorientation and the relative 
otation between the G1 and G2. 

It is worth mentioning that the nanosize effect on tensile 
eformation in nanocrystalline Mg is largely different from 

hat in the nanocrystalline Al, attributed to their different crys- 
al structures. The HCP Mg has a stacking fault energy of 125 

J/m 
2 [36] , which is lower than that of the FCC Al (160–200 

J/m 
2 ) [37] . Because of the lower stacking fault energy along 

ith the inadequate slip systems in HCP structure, the defor- 
ation of Mg creates more partial dislocations and twins in- 

tead of full dislocations [38] , unlike Al. New stacking faults 
re easily created in Mg due to differences in the dislocation 

elocity of the leading and trailing partial dislocation [38] . 
hile the partial dislocation sinks into the grain boundary, 

hese stacking faults piles up against the grain boundary pro- 
iding additional resistance to inter-granular mechanisms like 
rain-sliding and grain rotation. As a result, at the nanoscale, 
he grain boundary rotation and sliding become the dominant 
echanisms in nanocrystalline Mg at a very small grain size 

evel ( < 10 nm), in contrast to that for nanocrystalline Al ( <
5 nm) [18] . 

.3. Dislocation quantifications 

Dislocation Extraction Algorithm (DXA) in OVITO is 
sed for the identification of dislocation defects as line 
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Fig. 4. (a) Dislocation density as a function of strain ( ε) for the nine nanocrystalline Mg samples with varying grain sizes, (b) the breakdown of Orowan’s 
dislocation density model at an ultrafine nanograin size. 
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epresentation [ 39 , 40 ]. The line segment representation of the 
islocation is obtained for all the nanocrystalline Mg sam- 
les. Dislocation density is obtained by dividing the total line 
ength by the instantaneous cell volume for each strain state. 
XA also identifies the Burgers vector of the dislocation to 

lassify the type of dislocations. It is found that, during the 
ensile deformation of nanocrystalline Mg, the Shockley par- 
ial dislocation is the most common type and the perfect dis- 
ocation as the second most dominant type. This observation 

s consistent with previously reported single-crystal studies of 
g, where dislocation-based deformation occurs by predom- 

nantly the Shockley partials and perfect dislocations gliding 

cross the closed packed basal {0001} planes [ 22 , 34 ]. Also, 
t is reported in the literature that only the basal plane is ac- 
ivated at room temperature during the deformation of Mg, 
hile the prismatic and pyramidal planes can be thermally 

ctivated above 393 K [34] . 
Fig. 4 (a) presents the dislocation density as a function of 

train for each sample, which can be identified into three dis- 
inct regions. It is noticed that there are varying amounts of 
esidual dislocation (concentrated at grain boundary regions) 
n all the nanocrystalline samples at zero strain conditions. 
n region I, dislocation density reduces with the increase of 
train within the elasticity region ( ε ≈ 0 - 0.06). This phe- 
omenon is expected as within the elastic region, dislocation 

nnihilation takes place without the creation of any new dislo- 
ations. Dislocation density reaches its minimum at the yield 

oint ( ε � 0.06). Beyond the yield point (region II), disloca- 
ion density starts increasing abruptly. This rapid increase is 
ssociated with the creation and multiplication of new dislo- 
ations when the plastic deformation takes place. As the strain 

urther increases (region III), dislocation density reaches its 
aximum and then stabilizes to a constant value. This is also 

xpected, as there is a limiting value of dislocation density in 

 material at equilibrium for a particular temperature [41] . 
Moreover, as the grain size in the sample reduces from 

5 nm to 6.4 nm, the variation in dislocation density dur- 
ng the plastic deformation reduces significantly. This phe- 
s

1300 
omenon can be explained by the transition of deforma- 
ion mechanism from dislocation dominated to grain bound- 
ry dominated. For the nanocrystalline sample with a mean 

rain size of 45 nm, the deformation is dislocation depen- 
ent; thus, a large difference in the dislocation densities be- 
ween the yield point ( ∼2 ×10 

15 m 
−2 ) and stabilization re- 

ion ( ∼1.7 ×10 
16 m 

−2 ) is observed. In contrast, for the 6.4 nm 

rain-sized sample where the grain boundary dependent de- 
ormation mechanism is dominated, the dislocation density 

hows a relatively small change in the dislocation density be- 
ween the yield point ( ∼0.8 ×10 

16 m 
−2 ) and the stabilization 

egion (1.3 ×10 
16 m 

−2 ). 
Contribution to strain from the dislocation can be consid- 

red as an independent contribution γ d to the total strain γ t 

rom the other deformation mechanisms [42] and a dislocation 

ensity profile can be obtained analytically from the Orowan’s 
quation as follows, 

d = ρlb (1) 

here ρ is the dislocation density, l is the dislocation free 
ath which is assumed to be equal to the grain size d . Burg- 
rs vector b is equal to a (the basal lattice distance) for the 
erfect dislocations and 

1 
3 a for the Shockley partial disloca- 

ions. Using Eq. (1) , we can compute the dislocation density 

s a function of grain size in nanocrystalline Mg with consid- 
ring only the dislocation dominated deformation mechanism. 

Fig. 4 (b) shows the comparison of the stabi- 
ized/equilibrium dislocation density obtained from present 

D simulations with the Orowan’s dislocation density equa- 
ion at ε= 0.204 (the starting strain at which equilibrium 

islocation density is reached for all samples, see Fig 4 a). 
rowan’s equation compares well with the MD result at and 

bove 25 nm grain-sized samples. For smaller grain-sized 

amples, however, the Orowan’s equation severely overes- 
imates dislocation density compared to MD result. This 
esult further supports the existence and predominance of an 

lternative deformation mechanism i.e., the grain boundary 

liding-rotation in the ultrafine nanocrystalline Mg. 
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Fig. 5. Gradual transition from grain boundary dominated stress profile to dislocation dominated stress profile in nanocrystalline Mg system. 
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.4. Size dependence of mechanical properties 

Fig. 5 describes the gradual transition from grain boundary 

ominated stress profile to a dislocation dominated stress pro- 
le in the nanocrystalline Mg. Uniaxial tensile deformations 
re carried out in a single crystal Mg sample by applying 

oading at < 0001 > and < 10 ̄1 0> directions using MD simu- 
ations. From which, two distinct stress-strain profiles are ob- 
ained for the single crystal with different orientations. Since 
he single crystal does not have grain boundaries at its initial 
onfiguration, the deformation mechanism can be assumed to 

e purely dislocation dominated. Then, a weighted average of 
he stress-strain curve is taken considering contributions from 

he 〈 0001 〉 and < 10 ̄1 0> crystal orientations. This is to gen-
rate an approximated stress-strain profile solely due to the 
islocations. The pure dislocation dominant stress profile is 
urther scaled to the fraction of grain interior atoms in the 
ndeformed models to obtain the approximated stress contri- 
ution from the grain interior in the stress-strain profile at 
he respective grain size, as the results denoted by the dotted 

urves. 
We then compare these stress profiles by grain interior 

ontributions with the MD stress profiles (solid curves). As 
een in Fig. 5 , the elastic region of the MD stress profile 
1301 
solid curve) of each sample overlaps with the pure disloca- 
ion dominated stress profile (dotted curve) since no plastic 
eformation takes place. This overlapping at the elastic region 

alidates the above-mentioned approximation model of stress 
rofile. Interestingly, in the plastic deformation region ( ε > 

0.05 – 0.06), the stress profiles of the smallest grain-sized 

ample ( Fig. 5 (a), 6.4 nm) is distinctly different to that of the 
argest grain-sized sample ( Fig. 5 (i), 45 nm) in the nanocrys- 
alline Mg. This difference can be attributed to the different 
lastic deformation mechanisms, as described in the previ- 
us sections. For example, the most significant difference in 

he plastic region between the actual MD stress profile (solid 

urve) and the approximated stress profile (dotted curve) is 
bserved in the nanocrystalline Mg with a mean grain size of 
.4 nm. This implied that the plastic deformation mechanism 

n the 6.4 nm grain-sized sample largely deviates from the dis- 
ocation dominated mechanism, which is consistent with our 
revious observations (see Fig. 3 ). As the grain size increases, 
he stress profile increasingly follows the trends of dislocation 

ominated stress profiles, indicating a gradual change is the 
eformation mechanism. 

Fig. 6 shows the normal and inverse Hall-Petch relation- 
hip in terms of the flow stress for the grain size range, which 

s consistent with the earlier findings of the nanocrystalline 
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Fig. 6. Hall-Petch relationship of the flow stress in the nanocrystalline Mg 
system. 

Fig. 7. Elastic modulus of the nanocrystalline Mg as a function of grain size 
as compared to that in the single crystal with loading at 〈 0001 〉 direction 
(normal to the basal plane) or at < 10 ̄1 0> direction (parallel to the basal 
plane) as well as the coarse-grained bulk counterparts. 
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g sample in the range of 5 nm to 30 nm [23] . The higher
bsolute flow-stress values in the present work are due to 

he 100 times larger strain rate used in our MD simulation 

ompared to the previous study. Nanocrystalline Mg with a 
ean grain size of 10 nm can be identified as an optimum 

rain size for maximum strength, which also marks the tran- 
ition between the normal and inverse Hall-Petch curve. The 
rain size dependence of elastic or Young’s modulus is de- 
icted in Fig. 7 . When the mean grain size in nanocrystalline 
g is above about 20 nm, Young’s modulus remains com- 

arable to that of the coarse-grained Mg. We also computed 

he anisotropy of elastic modulus of single-crystal Mg at di- 
ections parallel or normal to the basal plane. As expected, 
he elastic modulus of the coarse-grained Mg lies between the 
wo values of elastic moduli of single-crystal Mg at the 〈 0001 〉 
nd < 10 ̄1 0> orientations. Below 20 nm, Young’s modulus is 
ighly sensitive to the grain size and decreases rapidly with 

he further reduction of grain size. This observation is con- 
istent with the continuum theory based modeling result that 
he effective elastic modulus decreases and effective Poisson 
1302 
atio increases below a certain threshold in nanocrystalline 
ulks [43] . 

. Conclusions 

In this work, the grain size effect on the deformation of 
anocrystalline Mg was systematically investigated by MD 

imulations. The main conclusions are summarized as follows: 

(1) Two distinct nanomechanics are dominating the de- 
formation in nanocrystalline Mg: the dislocation-based 

mechanism at larger grain sizes ( > ∼25 nm) and the 
grain boundary-based mechanism (grain boundary slid- 
ing/grain rotation) at smaller grain sizes ( < ∼10 nm). 

(2) There is a gradual transition in the deformation mecha- 
nism from dislocation-based to a non-dislocation-based 

with the reduction of grain size in the nanocrystalline 
Mg. 

(3) The transition of normal and inverse Hall-Petch relation 

for flow stress was determined to be ∼10 nm for the 
nanocrystalline Mg. The elastic modulus of nanocrys- 
talline Mg decreases rapidly when the grain size is re- 
duced to below 20 nm. 

In summary, the grain-boundary based mechanism reported 

n the present work may provide a potential remedy for the 
oor formability of Mg-based metal alloys. The overall work 

ay provide essential fundamental knowledge for the future 
evelopment of high performance Mg-based nanocrystalline 
lloys. 
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