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Directional thermal gradients, high cooling rates and stochastic powder-laser interactions during additive man- 
ufacturing (AM) result in printed Ti alloys with anisotropic properties, high strength but reduced ductility. Har- 
nessing the inherent AM defects and using a standardized thermomechanical process, the authors designed a Ti 
alloy with duplex microstructure that overcomes the strength-ductility trade-off while reducing anisotropy. Here, 
we uncover the deformation mechanisms of the Ti-6Al-4V duplex microstructure consisting of defect-free glob- 
ular 𝛼-grains and hierarchical 𝛼-laths. Evaluation of the tensile surface reveals that the deformation begins with 
the early saturation of work hardening in 𝛼-laths, followed by the emergence of interfacial back stress hardening, 
and finally the transfer of strains to globular 𝛼-grains. Plastic strains partaken by the globular 𝛼-grains prompt 
crystal rotations to “softer ” orientations (basal, and prismatic) and generate a fine network of dislocation cells. 
These findings suggest the ability to push property limits of structural materials by microstructure engineering 
during AM. 
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Laser-powder bed fusion (L-PBF) is a rapidly maturing technique that
as allowed the manufacturing of parts with complex geometries, high
esolution and mechanical strength but typically reduced ductility [ 1 , 2 ].
articularly for the 𝛼+ 𝛽 Ti alloy (Ti-6Al-4V), the rapid cooling rates
nd intrinsic cyclic heat treatment produce hierarchical microstructures
f 𝛼’-martensite laths with residual strain and strong crystallographic
exture [ 1 , 3–7 ]. As a result, L-PBF Ti-6Al-4V tends to exhibit tensile
trengths of up to 1.2 GPa but low failure strains between 1.6–11.9%
ccentuating the strength-ductility trade-off [ 3–6 , 8 ]. 
Efforts to improve the ductility of printed Ti-6Al-4V include in-situ

nd post-processing treatments or a combination of both [6–16] . More
ommonly, L-PBF Ti-6Al-4V is post-processed via hot isostatic press-
ng (HIP) to stabilize phases, partially recover ductility and close de-
ects [ 1 , 6–10 ]. However, standardized sub-transus HIP has a marginal
ffect on the ductility and work hardening due to the inability to mod-
fy the crystallographic, and morphological nature of the microstructure
 10 , 17 , 18 ]. Guided by metallurgical principles [19–21] , our group im-
lemented a paradoxical strategy to engineer a duplex microstructure
n L-PBF Ti-6Al-4V consisting of 𝛼-laths (prior 𝛼’-martensite) and re-
rystallized globular 𝛼-grains ( Fig. 1 a, b) [18] . Harnessing the strength
f 𝛼-laths and plasticity of globular 𝛼-grains, the duplex microstructure
 𝜀 f = 20 ± 1%) outperforms the ductility of fully dense (FD) as-printed
 𝜀 f = 5 ± 1%) and HIPed counterparts ( 𝜀 f = 10 ± 1%) ( Fig. 1 c, d) [18] .
espite the potential showed by the engineered microstructure, the de-
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ormation mechanisms of the duplex microstructure remain unknown.
n this study, we investigate mechanisms responsible for the extended
lasticity ( 𝜀 f = 20 ± 1%) and retained strength (ultimate tensile strength
UTS) = 1.06 ± 0.02 GPa) of the Ti-6Al-4V with duplex microstructure,
evealing heterogenous distribution of strains and dislocation cell evo-
ution. 
The Ti-6Al-4V with duplex microstructure was manufactured via L-

BF technique under LoF regime and HIPed with sub-transus tempera-
ures (900 °C, 100 MPa, 120 min) (LoF-HIP) [18] . A control specimen us-
ng optimal printing conditions was manufactured, and HIPed following
ame post-processing conditions, representing a commonly employed
rocedure of L-PBF Ti parts (FD-HIP). Manufacturing and post-process
arameters are detailed in the authors’ earlier publication [18] . Ten-
ile experiments were carried out on polished specimens using a Deben
T 2000 micro-tensile stage with a 2 kN load cell (Deben UK Ltd, Suf-
olk, UK) at a strain rate of 1.3 × 10-3 s − 1 . Tensile strains were captured
ia digital image correlation (DIC) (GOM, Braunschweig, Germany). Mi-
rostructure, texture, and grain orientation evolution were evaluated in
 Tescan Mira field emission scanning electron microscope (FE-SEM)
ia electron backscatter diffraction (EBSD), using a QUANTAX EBSD
Bruker, Billerica, MA, USA) apparatus. 
The tensile behavior of as-printed, FD-HIP and LoF-HIP specimens

s shown in Fig. 1 e. The limited ductility in as-printed Ti-6Al-4V
ombined with a yield strength of 1095.4 ± 56.4 MPa and UTS of
d. 
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Fig. 1. Scanning electron micrographs showing the microstructure of undeformed (a, b) LoF-HIP speicmen with duplex microstructure, (c, d) FD-HIP specimen with a 
hierarchichal microstructures of 𝛼-laths. (e) Average tensile stress-strain curves and (f) strain hardening rate ( ϴ) curves as a function of true strain with superimposed 
true stress-true strain curves show the onset of necking as described by Considere criterion ( 𝜎= d 𝜎/d 𝜀 ). Inset in (f) shows the Kocks-Mecking (K-M) curves of all 
specimens during plastic deformation. 
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.1 ± 6 × 10 − 2 GPa is attributed to the presence of a fully martensitic
hase with residual thermal strain [ 4 , 18 ]. HIP results in a decrease of
ield strength in FD samples to 945.9 ± 30 MPa and slight changes in the
TS to 1.01 ± 2 × 10 − 2 GPa. On the other hand, defect reduction and re-
rystallization in LoF-HIP combines a fracture strain of 20 ± 1%, a yield
trength (925.5 ± 21 MPa) and UTS (1.0 ± 3 × 10 − 2 GPa) comparable
o FD-HIP. 
It is inferred from the tensile and work hardening rate curves ( 𝜃=

𝜎𝑡 ∕ 𝛿𝜀 𝑡 ) ( Fig. 1 e, f), that FD as-printed and FD-HIP have a short range of
train hardening prior to the necking onset ( n as-printed : 0.03 ± 2.3 × 10 − 4 ,
 FD-HIP : 0.07 ± 1.2 × 10 − 4 ). Whereas LoF-HIP shows a prolonged
uasi-stable deformation regime prior to necking instabilities ( n LoF-HIP :
.11 ± 2.1 × 10 − 4 ). 
All specimens exhibit typical strain hardening ( ϴ) stages III and IV

ith distinct decreasing slopes ( Fig. 1 f) [22–24] . First, a sharp drop
n ϴ of all specimens at 𝜀 𝑡 = 0.015–0.04 initiates stage III which is as-
ociated with the evolution of dislocation cells and dynamic recovery
vents [ 22 , 24 , 25 ]. This is followed by stage IV with a slope change up
o the limit of instabilities ( 𝜎UTS ). Due to the decreased plasticity in FD
s-printed, stage IV is short-lived and only stage III is apparent from
ocks-Mecking (K-M) curves (inset of Fig. 1 f) indicating the limited
islocation hardening capability of this material [ 22 , 24 , 25 ]. The K-M
elationship is commonly described as Θ = Θ𝑜 − 𝑐 𝑏 ⋅ 𝜎, where the avail-
ble uniform plasticity depends on a softening factor, c b [23–25] . Linear
tting of the K-M curves between 𝜎y and 𝜎UTS showcases FD as-printed
o have a single c b of 105.8 ± 1, while FD-HIP and LoF-HIP exhibit an
nitial c b of 58.4 ± 0.5 and 54.2 ± 0.8 followed by a lower c b in stage IV
2 
f 16.1 ± 0.1 and 6.4 ± 0.1, respectively. The computed values herein
gree with reported literature and showcase the tendency of a decreas-
ng c b as a signal to increased uniform plasticity [24] . 
Work hardening in Ti-6Al-4V is largely attributed to the evolution

nd storage of dislocations at increasing strain, dislocation pile-up and
ubstructure formation [26–28] . The rapid decrease of ϴ in FD as-
rinted is caused by its inherent dislocation dense 𝛼’-lath microstructure
imiting further dislocation activity and is reflected in its high c b [29] .
n the other hand, HIP results in the transformation of 𝛼’ to equilibrium
+ 𝛽 and the reduction of dislocation density [ 1 , 6–10 , 30 ]. This leads to
he restoration of the hardening capability as observed by the higher ϴ
n stage III and decrease in c b by ∼50% with respect to the FD as-printed
amples. 
As plastic deformation begins, defects, stress concentrations and

rain boundaries act as sources for the emission of mobile dislocations
hat glide across favorable slip systems following the critical resolved
hear stress (CRSS) [ 31 , 32 ]. In the case of FD-HIP, inherited microstruc-
ure morphology and pre-existing dislocation tangles reduce the mean
ree path for emerging dislocations preventing further work hardening
32] . The enhanced work-hardening and uniform elongation in LoF-HIP
s attributed to the presence of dislocation-free 𝛼-grains among 𝛼-laths
ith prior thermal history making up the duplex microstructure [ 18 , 33–
5 ]. These indicate that the inherited AM lattice defects and nature of
rains affect the plastic limit of the L-PBF part even after a conventional
ub-transus HIP schedule. 
Given the heterogenous strain distribution experienced across the

ensile surfaces (Fig. S1), a single specimen is able to provide a broad
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Fig. 2. Post-mortem inverse pole figure and pattern quality overlay maps taken parallel to the tensile direction for the 𝛼-phase in three distinct strain state regions 
of the (a–c) LoF-HIP, and (j–l) FD-HIP. Grain reference orientation deviation maps showing lattice rotations with reference to the average grain orientations of (d–f) 
LoF-HIP and (j–l) FD-HIP specimens. 
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ange of strain levels detailing deformation evolution features. Post-
ortem EBSD scans captured three regions along the tensile surface with
reas of 34 × 26 𝜇m 

2 and step size of 0.09 𝜇m to resolve grain substruc-
ures. The three regions of analysis correspond to region 1 (close to the
racture region), region 2 (0.4 mm from fracture), and region 3 ( ∼3 mm
rom fracture). Fig. 2 a–c, f–h show the 𝛼-phase inverse pole figure (IPF)
aps of LoF-HIP and FD-HIP, respectively. The direction of observation
s aligned with the tensile direction (i.e., IPF-Y). As observed from the
PF, the microstructure of the LoF-HIP specimen consists of globular
-grains and hierarchical 𝛼-laths, while FD-HIP solely comprises of 𝛼-
aths. 
Analysis of the (0001) pole figures revealed the LoF-HIP specimen

o experience a decrease in texture with increasing local strains shown
y the multiples of random distribution (m.r.d. LoF-HIP : 12–39) (Fig. S2).
he texture components in regions 1, 2 and 3 correspond to grains with
heir c-axis at 71 o , 85 o and 74.4 o with respect to the (0001) pole (i.e.,
uilding direction), respectively. On the other hand, FD-HIP shows neg-
igible changes in texture across the strained surface (m.r.d. FD-HIP : 32–
9). Texture components correspond to grains with their c-axis tilted
t 34.5 o and 60 o away from the (0001) pole. It should be noted that
3 
egion 3 in LoF-HIP shows a higher density of 𝛼-laths, hence, the grain
orphology and texture is similar to that observed in FD-HIP (maximum
.r.d region3 : 39). The increased variation in crystal orientations in region
 and 2 compared to 3 of LoF-HIP is attributed to the higher degree of
rain rotation and slip activity to accommodate high local strains (Fig.
2 d–f). 
Strong deformation zones can be distinguished in the region 1-IPF
ap of both specimens ( Fig. 2 a, g) by the degradation of the EBSD pat-
ern quality (PQ). In the case of the LoF-HIP specimen, the PQ degrada-
ion is larger and is associated with a higher defect density [36] . Regions
 and 3 in FD-HIP see a uniform IPF map with minor signs of degraded
Q as a result of reduced local strains. At the grain scale, the intragran-
lar orientation gradients observed reference to the accommodation of
lastic deformation via lattice rotations [ 37 , 38 ] Lattice rotation as a
unction of tensile strains is evaluated via grain reference orientation
eviation (GROD) analysis ( Fig. 2 d–f, k–m). High misorientation spots
ndicate local dislocation density, pronounced lattice rotation, and/or
resence of substructures. At low tensile strains ( 𝜀 local = 0.07-0.1), lat-
ice deformations produce misorientations of < 7 o , with the maximum
ROD observed at the tip of the 𝛼-laths in both HIP specimens ( Fig. 2 f,
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Fig. 3. Dense dislocation cell walls with Δ𝜃 = 0.5 o in (a–c) LoF-HIP and (d–f) FD-HIP specimens elucidated by adaptive domain misorientation approach analysis. 
Inset shows the frequency distribution of dislocation cell size with gaussian distributions. 
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). Increase in strains to 𝜀 local = 0.3 in LoF-HIP and 𝜀 local = 0.15 in FD-HIP
ncrease the maximum GROD to up to 10 o with the highest intragranu-
ar orientation gradients in primary 𝛼-laths with high aspect ratio [4] .
hese local deformation spots are reflected in ϴ-stage III signaling to the
nitial easy slip in 𝛼-laths with crystallographic orientations suitable for
train localization [4] . An increase in local strains to 𝜀 local = 0.5 prior to
racture in LoF-HIP shows maximum GROD sites (15 o ) within globular
-grains ( Fig. 2 d). These grains are also shown to exhibit high Schmidt
actors > 0.4 along basal and prismatic < a > type slips (Fig. S3a–c).This
hift in preferential deformation site hints at the presence of a kinematic
ardening effect in the duplex microstructure. 
As for FD-HIP, local strain of 𝜀 local = 0.2 in region 1 ( Fig. 2 j) resulted

n isolated spots of high GROD of up to 10 o within primary 𝛼-laths,
howing the poor strain distribution to neighboring grains as a cause
or premature fracture. It is noteworthy that these high GROD spots
ocated at the tip of the 𝛼-laths form boundary junctions and intensify
oundary interactions. Thus, despite primary 𝛼-laths inheriting easy slip
rientations, their deformation is hindered by the limited slip transfer to
ccommodate further plastic strains in neighboring grains (Fig. S3d–f). 
Employing an adaptive domain misorientation approach (DAM) in

he analysis of conventional EBSD data, we reveal induced sub-grain and
islocation cell-wall features [37] . Informed by a convergence study,
AM analysis was performed using a kernel size of 16 𝜇m (80 near-
st neighbors (nn)). Fig. 3 shows the network of dislocation cells in
oF-HIP and FD-HIP. Dislocation cells emerge in response to the in-
reased density of trapped dislocations rearranging to form walls, re-
ucing the overall strain energy [37–40] . These substructures have low
ngle misorientations ( < 1 o ) and act as effective barriers for further dis-
ocation mobility [ 37 , 40 ]. DAM analysis in non-deformed specimens re-
eals an existing dislocation network in the LoF-HIP and FD-HIP speci-
ens with average cell size of 1.03 ± 0.41 𝜇m and 1.85 ± 0.9 𝜇m, re-
 𝜎

4 
pectively. These defects result from the partial recovery of AM process
nduced dislocations, machining and/or sample preparation introduced
trains. Further, a reduced dislocation cell size in LoF-HIP comes from
he smaller average grain size compared to its counterpart and is benefi-
ial to the strength of the alloy as described by Hall Petch’s relationship
 18 , 41 ]. In agreement with GROD analysis, there is a negligible change
n the average dislocation cell size (LoF-HIP: 1.22 ± 0.7 𝜇m, FD-HIP:
.42 ± 0.7 𝜇m) of both specimens at local strains of 𝜀 local = 0.07-0.1
region 3). At 𝜀 local = 0.3 dislocation cells in LoF-HIP are refined to an
verage cell size of 0.89 ± 0.4 𝜇m. Increase to 𝜀 local = 0.5, promotes
ven further cell refinement to 0.67 ± 0.3 𝜇m. These results confirm
he high capacity to work harden high-stress regions in the LoF-HIP
y evolving dislocation substructures. Quantitative analysis of region
 and 2 in FD-HIP reveal negligible changes in the average dislocation
ell size compared to region 3 (region 1 FD-HIP = 1.25 ± 0.5 𝜇m, region
 FD-HIP = 1.41 ± 0.6 𝜇m). Thus, confirming the limited plasticity in a
D-HIP specimen results from the limited dislocation activity (i.e., cell
ormation and low angle boundary substructures). By asserting the aver-
ge cell diameter of the substructures formed in region 1 of LoF-HIP and
D-HIP, we estimate the stress sustained prior to fracture as a measure
f dislocation strengthening via Holt’s relation [38–40] : 

 = 𝐾 

1 
√
𝜌

(1)

here, d is the average dislocation cell size, K is a material property
onstant, and 𝜌 is the dislocation density. Taking the average cell size
btained via DAM analysis of region 1 in both specimens reveals that
oF-HIP sustains a dislocation density 3.5 times larger than that expe-
ienced by the FD-HIP. Further, the dislocation strengthening can be
escribed via the classic Taylor relationship [ 40 , 42 ]: 

= 𝑀𝛼𝐺𝑏𝜌0 . 5 (2) 
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Fig. 4. Schematic representation of the deformation mechanisms in the Ti alloy 
with duplex microstructure (LoF-HIP): (a) Initial saturation of dislocation mo- 
tion within primary 𝛼-lath’s and (b) subsequent strain transfer to dislocation-free 
𝛼-globules enabling extended work hardening and ductility via dislocation cell 
formation and rotation to “soft ” crystallographic orientations suitable for slip. 
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here, M represents the Taylor factor, 𝛼 is a dislocation interaction
onstant, G is the shear modulus, and b is the burgers vector taken
s 0.29 nm (prismatic) and 0.306 nm (basal and pyramidal) [ 40 , 42 ].
iven that the material system remains constant, and assuming disloca-
ion glide in both specimens occurs preferentially along prismatic and
asal slip systems, the relative strengthening due to dislocations in LoF-
IP is up to ∼2 times larger than that of FD-HIP. 
It can be concluded that the deformation and strength of the duplex
icrostructure begins with the selective deformation of primary 𝛼-laths
ith soft configurations ( Fig. 4 a), where dislocations are pinned at the
rain boundary junctions. At this point, the increased dislocation densi-
ies will form dislocation substructures and saturate the work hardening
f 𝛼-laths ( Fig. 4 a) [38] . In the case of LoF-HIP, high strain gradients
t interfacing 𝛼-laths and globules will result in the pile-up of geomet-
ically necessary dislocations (GNDs) leading to an apparent back stress
ardening effect [43] . A counteracting force in the 𝛼-globules and makes
hem appear stronger and delay their plastic instabilities. Soon after,
islocations are emitted into the 𝛼-globules further strains will lead to
he evolution of a fine network of dislocations and rotation towards soft
rystallographic orientations (Fig. S3 a–c) [43] . In the absence of the lat-
er (FD-HIP), the energy required for dislocation climb/glide increases
avoring fracture over slip activity. 
The results herein, uncover strain hardening and back stress harden-

ng as contributors to the plasticity in the engineered duplex microstruc-
ure of an AM Ti-6Al-4V. Local EBSD analysis confirms that an AM part
rinted using optimal parameters, and its subsequent HIP, results in a
icrostructure with limited work-hardenability and dislocation activity.
n contrast, the synergistic effect of recrystallized 𝛼-grains and disloca-
ion dense 𝛼-laths making up the duplex microstructure benefits from
he effective strain transfer, lattice rotation to preferential slip orienta-
ions and excellent work hardenability. 
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