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ABSTRACT

Understanding the deformation-induced martensitic transformation (DIMT) is critical for interpreting the
structure-property relationships that govern the performance of transformation-induced plasticity (TRIP)
assisted steels. However, modern TRIP-assisted steels often exhibit DIMT kinetics that are not easily cap-
tured by existing empirical models based on bulk tensile strain. We address this challenge by combined
bulk uniaxial tensile tests and in-situ high energy synchrotron X-ray diffraction, which resolved the phase
volume fractions, stress-strain response, and microstructure evolution of each constituent phase. A mod-
ification of the Olson-Cohen model is implemented, which describes the martensitic transformation Kki-
netics as a function of the estimated partitioned strain in austenite, rather than the bulk tensile strain.
This DIMT kinetic model is used as a framework to clarify the root cause of an insufficiently under-
stood toughness trough reported for TRIP-assisted steels during deformation at elevated temperatures.
The importance of the temperature-dependent toughness is discussed, based on the opportunity to mod-
ify deformation processes to tailor the DIMT kinetics and mechanical properties during forming and in

service.

© 2022 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.

1. Introduction

Martensitic phase transformations are increasingly utilized to
obtain enhanced mechanical property combinations in engineered
materials, particularly under severe deformation conditions. Possi-
bilities for toughness enhancements have been identified for sev-
eral material classes, including zirconia ceramics [1], high entropy
alloys [2-4], titanium alloys [5,6], and advanced high strength
steels (AHSS) [7,8]. The transformation-induced plasticity (TRIP) ef-
fect is thought to be the principal mechanism by which martensitic
phase transformations strengthen such materials. For instance, in
blast and penetration resistant steels for protective structures, the
TRIP effect is known to suppress plastic instability and shear band-

* Corresponding author.
E-mail address: cfinfroc@mines.edu (C.B. Finfrock).

https://doi.org/10.1016/j.actamat.2022.118126

1359-6454/© 2022 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.

ing [9]. Meanwhile, in steels designed for automotive crash struc-
tures, the TRIP effect is used to enhance the formability and tough-
ness [7].

In AHSS, the TRIP effect increases formability by several mech-
anisms. First, dislocations are generated during the deformation-
induced martensitic transformation (DIMT) to maintain plastic
compatibility between constituents (e.g., at austenite-martensite
interfaces), which results in strain hardening. Second, depend-
ing on the strain state, the volume expansion associated with
DIMT can provide an additional pathway for strain accommoda-
tion. Third, constituent phases in AHSS offer distinctive proper-
ties, and the phases deform in a composite manner within the
bulk. For example, ferrite is soft and ductile, while martensite and
metastable austenite are hard [10]. As a result, bulk property com-
binations can be tailored by adjusting the individual-phase proper-
ties and the fractions of each constituent. During DIMT in Quench-
ing and Partitioning (Q&P) steels, new/untempered martensite pro-
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Table 1
Common Strain-Based Models for DIMT.

Equation Reference

f = 7711 — exp(~BI1 — exp(~ae) )]
fU =570/ + p/lke f17°1)

Olson-Cohen (OC) [30]
Burke-Matsumura
(BM) [44,45]

7, = Austenite content before deformation.

f7 = Austenite content after deformation.

gressively forms at the expense of austenite, which increases the
bulk strength because untempered martensite is approximately
30 pct. harder than austenite [10]. Although it is understood that
constituent phase properties are critical for tuning and maximiz-
ing property combinations, it is difficult to measure them during
bulk mechanical testing. For instance, individual-phase stresses are
relieved upon unloading, so it is impossible to measure such val-
ues with common ex-situ tools. Bulk in-situ characterization tech-
niques have emerged to solve this problem; they can show how
complex microstructures accommodate strain with a combination
of dislocation slip and TRIP. In particular, high energy X-ray diffrac-
tion (HEXRD) using a synchrotron source can provide outstanding
spatial and temporal resolution of the phase volume fraction [11],
plastic strain accumulation [12], and elastic stresses for each con-
stituent phase [13] during bulk mechanical testing.

The concept of austenite stability has been used to describe the
kinetics of DIMT as a function of the applied strain [14,15]; less
stable refers to austenite which undergoes DIMT more rapidly. The
study of austenite stability is of topical interest to enhance the
properties of TRIP-assisted steels, because austenite stability de-
cisively influences properties during forming and in service [8].
Strain-based models for DIMT have been proposed in the literature,
such as the Olson-Cohen (OC) and Burke-Matsumura (BM) mod-
els (see Table 1). A review of the relevant models is provided by
Samek et al. [14]. Generally, these empirically-derived models cor-
rectly capture the DIMT kinetics in fully austenitic steels, where
the austenite grains are relatively chemically and morphologically
homogeneous. However, the models struggle to capture the DIMT
kinetics of steels with complex microstructures, where austenite
grains exist with a spectrum of compositions, sizes, and shapes,
and strain is partitioned unevenly between the constituent phases.

The complexity of austenite stability in multi-phase steels has
motivated targeted efforts within the literature. Recently, He di-
vided the factors that influence the stability of austenite into
“intrinsic” or “extrinsic” with respect to an individual austenite
grain [16]. Intrinsic factors include dislocation density [17], alloy
partitioning, and the composition, morphology, size, and orien-
tation of austenite [18]. Extrinsic factors include strain rate [19-
21], temperature [22-25], strain state [26,27], and surrounding
microstructure [28]. Increasing the deformation temperature de-
creases the chemical driving force for DIMT, which is represented
by the austenite stability parameters, k and S, in the BM and OC
models, respectively. For Q&P steels, Poling et al. and Feng et al.
showed that 8 decreased with increasing deformation temperature
up to 100 °C [22,23], thereby suppressing DIMT kinetics. Temper-
ature can also influence the austenite stacking fault energy, which
can affect the formation of shear band intersections, the primary
sites for martensite embryo nucleation [29]. In the OC model, a
martensite nucleation parameter, «, is used to capture this phe-
nomenon. For fully austenitic steels, Olson and Cohen showed that
o decreased with increasing temperature [30], while a similar
trend was shown for Q&P steels up to 100 °C by Poling et al. [22].
Strain rate is of particular importance, because stamping opera-
tions and vehicle crashes generally impart deformation at high
enough strain rates to raise sheet temperatures on the order of
50 to 100 °C above-ambient conditions [31,32]. For reference, sheet
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forming and vehicle crashes impart strain rates from 10~! to 10 s~!
and 102 to 103 s~1, respectively [33-35]. Furthermore, in previous
work by the authors, it was shown that strain rate exhibited an in-
dependent effect on DIMT kinetics that was not attributed to adi-
abatic heating, over a range of 104 to 10! s~1 [19,36,37]. Rather,
an acceleration of DIMT was observed, likely due to a positive cor-
relation between the strain rate and the number of stacking fault
intersections that were available to nucleate martensite, along with
higher stresses on the austenite [19,36].

A source of inaccuracy in the empirical models for DIMT is
that austenite stability is linked not only to the properties of the
austenite (e.g., composition, size, and morphology), but also the
properties of the surrounding phases within the microstructure.
For instance, the flow stress of body centered cubic (BCC) crystal
structures, that is, of ferrite, bainite, and martensite, is known to
be strongly temperature and strain rate sensitive because of the
thermal activation of dislocation slip in BCC crystal structures [38].
Because dislocation slip activation is less temperature sensitive in
face centered cubic (FCC) crystal structures [38], (for example, in
austenite,) there exists the possibility of variations in stress par-
titioning as a function of temperature and bulk strain. Further-
more, dynamic strain aging, dislocation recovery, or tempering of
martensite or bainite at elevated temperatures could also influence
the stress partitioning between phases [39], leading to different
effective stresses and strains in the austenite. Recently, as strain-
based DIMT models have been applied to complex phase alloys, it
has been reported that the partitioned strain of austenite should be
used rather than the bulk strain [40,41]. However, from an exper-
imental perspective, measuring the partitioned strain of austenite
is a significant technical challenge. This capability is under devel-
opment both on the microstructure-scale using electron backscat-
ter diffraction digital image correlation (EBSD-DIC) [42] and on the
bulk-scale using neutron or X-ray diffraction [43].

Several recent studies have aimed to resolve how the balance
of dislocation slip and TRIP influences the mechanical properties of
AHSS, while considering strain rate and temperature. For instance,
Liu et al. and Finfrock et al. both observed that inhibited DIMT ki-
netics led to a ductility trough at strain rates around 10-! s—1 at
25°C [19,46]. Likewise, Coryell et al. discovered an analogous duc-
tility trough for tensile tests at various temperatures under quasi-
static strain rates. In Coryell’s work, a minimum ductility at 100 °C
coincided with the suppression of DIMT and a high local lattice
misorientation, which was attributed to strain accommodation pri-
marily via dislocation slip [24]. The governing mechanism for both
effects may be related; for instance, Frint et al. observed that the
strain rate sensitivity of ductility was promoted at elevated tem-
peratures [47]. Previous work has not established a clear expla-
nation for the behavior based solely on the chemical stability of
austenite [19,24,46,47]. Fortunately, temperature can be adjusted
during sheet metal forming with die heating or cooling. Likewise,
strain rate can be adjusted during forming by manipulating form-
ing press speeds. Thus, if the root cause(s) of the temperature
and strain rate dependent ductility troughs can be established,
there exists a possibility to modify deformation processes for im-
proved mechanical response during forming and performance in
service.

Here, we resolve the individual-phase deformation responses
and DIMT kinetics for several Q&P steels with different microstruc-
tures, along with a dual phase (DP) steel to serve as a baseline
for properties in the absence of austenite. Bulk mechanical test-
ing at ambient and above-ambient temperatures, along with in-situ
HEXRD data, are combined with post-mortem spatially-resolved
electron backscatter diffraction (EBSD) to elucidate a stress parti-
tioning mechanism that strongly impacts DIMT kinetics and TRIP
strengthening. For the first time, stress partitioning, considered
in combination with the traditional understanding of the chem-
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Fig. 1. (a) Schematic of the high-energy X-ray diffraction (HEXRD) geometry at the 1-ID beamline at the Advanced Photon Source. Debye-Scherrer rings are shown for
the DP980 steel prior to deformation. (b) Example of a one-dimensional lineout for the QP980 steel. The lineouts were created by integrating around the azimuthal angle
(¢) using GSAS-II software. Note that to show the high signal-to-noise ratio of the low intensity reflections, the full height of the «(110) reflection is not shown in (b).
(c-e) Normal-direction SEM micrographs of QP980, QP1180, and DP980, respectively. The rolling and loading direction are to the right in the micrographs.

ical stability and martensitic embryo nucleation, is proposed as
a principal mechanism by which a DIMT trough exists at above-
ambient temperatures in Q&P steels. Furthermore, dislocation den-
sity measurements in the BCC phases are used to relate the DIMT
kinetics to the ductility trough [19,24,46,47]. The concurrent imple-
mentation of diffraction tools along multiple length scales (from
sub-pum to mm) revealed insights about stress partitioning and
TRIP kinetics that have been impossible to reach using ex-situ tests
alone.

2. Experimental procedure

Bulk tensile tests at various temperatures were conducted with
in-situ HEXRD at the 1-ID beamline at the Advanced Photon
Source (APS) at Argonne National Laboratory. The tests elucidated
the roles of temperature and microstructure on deformation in
several advanced high strength steels (AHSS). Using the in-situ
HEXRD technique (Fig. 1(a,b)), we coupled bulk mechanical test-
ing data with high-temporal resolution measurements of the ten-
sile stresses, strains, and volume fractions of individual constituent
phases. Subsequently, we augmented the HEXRD and mechanical
testing data with spatially-resolved ex-situ EBSD maps, to clarify
how local lattice rotation and crystallographic texture was corre-
lated to bulk properties.

2.1. Experimental materials

Three commercially-available lean-alloy AHSS were provided by
Cleveland Cliffs Steel Corporation: QP980, QP1180, and DP980. The
steels were fully finished on an industrial mill. First, the steels
were hot rolled, coiled, cooled, then cold rolled to a nominal 50
percent thickness reduction [37]. Subsequently, the steels were
heat treated and hot-dip galvannealed. Each steel was manufac-
tured using distinctive alloy contents and heat treatment sched-
ules, which were intended to generate different property com-
binations by tuning the microstructure, phase constituents, and
strengthening mechanisms. The steels are named based on the
heat treatment approach used; “QP” and “DP” refer to “quenching
and partitioning” and “dual phase”, respectively. The steels are also
named based on their intended minimum ultimate tensile strength
(that is, 980 and 1180 MPa). The thicknesses of QP980, QP1180, and
DP980 are 1.0, 1.0, and 1.4 mm, respectively.

The chemical composition of each steel was determined with a
combination of several analytical techniques including inert gas fu-
sion, combustion, and inductively coupled plasma mass spectrom-
etry. The chemical compositions are shown in Table 2. The two
Q&P steels contain additions of C and Mn for increasing the sta-
bility of austenite and the hardenability, as well as Si which is
known to suppress the formation of carbides that could deleteri-
ously limit the amount of carbon that partitions to austenite. The
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Table 2
Compositions and Phase Fractions of the Experimental Steels.
Steel C Mn Si Cr Mo Austenite  Ferrite
wtpct  wtpct wtpct wtpct wtpct  vol pct vol pct
QP980 0.20 1.96 1.68 0.03 <0.02 11.2 26
QP1180  0.19 2.31 1.64 0.02 <0.02 10.7 0
DP980 0.09 0.23 0.12 0.58 0.10 <1 42

carbon content of austenite (C,,) was estimated using HEXRD to be
1.16 and 1.13 wt percent for QP980 and QP1180 (see Appendix A for
details). In QP980, it was assumed that equilibrium partitioning
of manganese to austenite occurred during intercritical annealing,
leading to an estimated nominal austenite manganese content of
2.65 wt pct. However, it is noted that the assumption of equi-
librium manganese partitioning was not validated experimentally.
Meanwhile, the DP980 contained a lower amount of C, Mn, and Si,
as well as additions of Cr and Mo for hardenability enhancements.

Representative SEM micrographs of each steel etched with
one pct. Nital are shown in Fig. 1(c-e). QP980 contained
~26 vol. pct. ferrite (o) formed during an intercritical anneal-
ing step. During a subsequent quenching and partitioning pro-
cess, ~12 vol. pct. austenite (y) was retained, with the remain-
der being a mix of tempered and untempered martensite (c’). The
QP1180 was fully austenitized, and so the microstructure did not
contain substantial amounts of ferrite. The QP1180 also retained
~12 vol. pct. austenite during Q&P processing, with the remainder
martensite. By a combination of SEM secondary electron imaging
and EBSD mapping, the austenite particles appeared to be similar
in size and morphology between QP980 and QP1180. Both steels
exhibited austenite particles with a range of aspect ratios, and the
average austenite particle size for both steels was approximately 1-
2 pm. One caveat with this analysis is that EBSD lacks the spatial
resolution to detect very fine austenite particles. The DP980 steel
exhibited a ferrite-based microstructure with dispersed islands of
martensite and negligible austenite (ie, f, <1 vol. pct.). Each
steel was observed to contain a comparably refined prior austenite
structure, and the structure was further-refined during the forma-
tion of the martensitic matrix. The intercritically-annealed steels,
QP980 and DP980, exhibited ferrite grain diameters of approxi-
mately 5 and 2 pwm, respectively. The approximate volume fraction
of intercritical ferrite and austenite in each steel is listed in Table 2,
with the balance being martensite.

2.2. Mechanical testing

Tensile specimens of each steel were machined with the loading
direction (LD) parallel to the rolling direction (RD) of the sheets.
The gauge sections of the specimens were 6 mm long and 1.4 mm
wide. The as-received sheet thickness was used. Before testing at
the APS, the Zn-coating was chemically removed with a mixture of
20 pct. hydrochloric acid, 30 pct. hydrogen peroxide, and 50 pct.
water.

An MTS servo-hydraulic load frame was used to monotonically
load each specimen until fracture in uniaxial tension, using a nom-
inal engineering strain rate of 2 x 10~% s~1. A load cell was used to
determine the stress. Crosshead displacement was used to calcu-
late strain, and elastic deflection in the frame was removed from
the crosshead displacement using the reciprocal springs-in-series
relationship. After calculating true stress (o) and true strain (&),
Eq. (1) was used to calculate the instantaneous strain hardening
exponent (n;) [48]:

_ d(Ino)

1= d(Ine) M

Where n; is a representation of the work hardening within the
steel that can be directly related to the rate of strain hardening
(42) [481:

do o
de e (2)
Specimens were deformed at temperatures of 25, 100, 175, and
250 °C. An infrared furnace was used to heat the specimens over a
period of ~5 min. The furnace temperature was controlled using a
K-type thermocouple attached directly to the gauge section of each
sample. Only one specimen of each material and temperature was
tested. Trends in the mechanical testing and phase volume fraction
evolution as a function of steel and temperature were verified ex-
ternally in separate tensile tests.

2.3. In-situ high energy X-ray diffraction (HEXRD)

2.3.1. HEXRD experimental configuration

Haas et al. and Zhang et al. provided a comprehensive overview
of the wide angle X-ray scattering diffraction configuration at the
1-ID beamline at APS [49,50]. For this experiment, a monochro-
matic beam of X-rays at an energy of 71.68 keV (A =0.1731 A)
with a cross section of 130 x 130 wm was used. The beam trans-
mitted through the center of the gauge section of the specimens,
with the beam propagation direction normal to the plane of the
sheet. Considering the fine grain structure of each steel and the
large beam interaction volume, i.e., the beam cross section times
the sheet thickness, the synchrotron beam interacted with hun-
dreds of thousands of individual grains. Debye-Scherrer rings were
detected using the “Hydra” detector array, which was composed of
four GE Angio area detectors [51]. Each detector in the array was
arranged to capture diffracted rings from either the LD or trans-
verse direction (TD) of the tensile specimen. Figure 1(a) shows a
schematic of the in-situ HEXRD geometry. HEXRD data were cap-
tured prior to and throughout deformation to fracture. However,
to isolate the moments where strain was nominally homogeneous,
only the data collected up to the end of uniform elongation are
presented here.

2.3.2. HEXRD line profile analysis

The GSAS-II software package was used to reduce the two-
dimensional data from each detector into one-dimensional “line-
outs” [52]. First, the position of each area detector was calibrated
using CeO, (NIST SRM 674b). Next, the intensity data from each
detector were radially integrated. Two sets of integration param-
eters were used for determining (i) phase volume fractions and
(ii) stresses on individual-phase constituents. For (i), all four de-
tectors were integrated over a scattering vector (i.e., Q = 4w sind/A,
where @ is the Bragg angle in degrees) of 2.3 to 7.8 A-! and an az-
imuth angle (¢) range of 50° about the LD or TD. For (ii), only the
two detectors containing diffraction rings from the LD were inte-
grated, using a wider Q range of 2.3 to 8.6 A-! and a narrower
¢ range of 10° about the LD. In both cases, the integration was
performed over a range of ¢, rather than over the entire cone of
the diffraction space (i.e., 0 < ¢ < 360) because the gaps between
the four flat panel detectors would have biased the comparison in
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the heights of peaks with various Q positions. For instance, for re-
flections at lower Q positions, the peak encountered a lesser frac-
tion of detector relative to the gap or bezels between the detectors,
which would have the effect of reducing the measured peak inten-
sity.

Figure 1(b) shows an integrated lineout of QP980 using the (i)
integration parameters. Two crystal structures were indexed from
the integrated lineouts of QP980 and QP1180: FCC (a), =~ 3.55 A)
and BCC (aq ~ 2.86 A). The FCC peaks were created by austen-
ite, while the BCC peaks were created by a combination of several
phases/microconstituents including ferrite, martensite, and perhaps
bainite, as each have similar lattice parameters and cannot be re-
solved in the setup utilized here. To determine the austenite vol-
ume fraction at various stages of deformation, the integrated inten-
sities of the BCC and FCC peaks were compared after Cullity [53].
The amount of new martensite that was formed because of DIMT
(f¥) was calculated based on the austenite content before defor-

mation (f?_,) and after deformation (f}) (Eq. (3)):

fg/: ;/:o_fg/ (3)

The lineouts created using the (ii) integration parameters were
used to determine the lattice strains and stresses on individual-
phases relative to the loading direction. First, the lattice strains
(e"ky were calculated based on the lattice spacing (d"¥) using
Eq. (4) [13,53]. The lattice spacing prior to deformation (dz’;lo) was
determined empirically from the HEXRD data of an unloaded spec-
imen:

hkl hkl

hkl __ dE - d5=0
& hkl
ds:O

Due to the HEXRD diffraction geometry and the (ii) integration pa-
rameters, the calculated lattice strains were nominally parallel to
the LD, ie.: ef. Elastic stresses normal to the LD for individual
planes of FCC and BCC-indexed phases, ie., 0, 11 and oy 11, were
estimated based upon Hooke’s law using Eqs. (5) and (6) [13]:

(4)

Uy_n = Eyef}ln (5)

Oy, 11 = Eaeél.%l (6)

The y{311} and «{211} peaks were selected for analysis because
they are known to exhibit strains similar to the bulk strains of
BCC and FCC materials [13,54,55]. The diffraction elastic moduli of
austenite and ferrite, E,, and Ey, were assumed to be equal to 200
and 210 GPa, respectively [13].

To quantify lattice microstrain, which is known to be propor-
tional to the total dislocation density [56], the (ii) lineouts were
analyzed using X-ray diffraction line profile analysis (XRD-LPA).
The basis for XRD-LPA is that lattice strain broadening is strongly
{\it hkl}-dependent. Thus, the lattice microstrain or dislocation
density can be assessed based on the slope of the peak breadth,
AKpy, versus the diffraction vector, Ky, = 2sinf/A. For elastically
isotropic materials, the relation of AKjy, versus Ky is given by the
Conventional Williamson Hall (CWH) equation [56,57], where D is
the crystallite size, b is the magnitude of the Burgers vector and p
is the dislocation density:

09
Ay = -5~ + Kya (0.263b/0) (7)

Prior to XRD-LPA analysis, the instrumental broadening asso-
ciated with the 1-ID diffraction geometry was removed from the
experimental peak breadths using Gaussian correction [58]. The
peak breadth appeared to increase nonlinearly as a function of
Kpy- Nonlinear {\it hkl}-dependence is commonly associated with
strain anisotropy [57,59-61], and it is suggested that the Direct Fit-
ting Williamson-Hall (DF-WH) approach, proposed by Takaki [61],
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could enhance the reliability of the strain measurements. The DF-
WH method proposes that strain anisotropy can be corrected using
the diffraction Young’s modulus ratio (wp), which relates to the
diffraction Young’s modulus of each reflection according to Eq. (8):

Ak = 29 n eprKn
D Whki

(8)

where epr is the average true microstrain contained within the X-
ray interaction volume. The DF-WH method determines wy, based
on iterative evaluation of Eq. (8) to determine the closest linear
fit; for this study, 500 iterations were performed over the bounds
proposed by Takaki et al. [61]: 0.5 < wpgg < 1.0, where wy; was
computed from Eq. (9) [61]:

1 343 (1 - L)HZ + 9)
Whki Whoo Whoo

The orientation parameter, H2, was determined by Eq. (10) [57]:
) (h2k? + K212 + I2h?)

H = (h2 + k2 4 12)2 (10)

2.4. Post-fracture characterization

To complement the bulk diffraction and mechanical testing
data, spatially-resolved EBSD maps of QP980 were recorded using a
JEOL JSM-7000F Field Emission Scanning Electron Microscope (FE-
SEM). Quantitative analysis of the EBSD data was performed using
the MTEX software package (version 5.4.0) [62]. Crystallographic
texture in the BCC phases was assessed with inverse pole fig-
ures plotted relative to the loading direction (LD-IPFs). To assess
local lattice rotation associated with geometrically necessary dislo-
cations (GNDs), kernel average misorientation (KAM) analysis was
performed for fifth-order neighbors with a threshold of 10 degrees.
Quantitative KAM analysis was not performed on the austenite, be-
cause the austenite volume fraction was too low after deformation
to achieve satisfactory grain statistics.

SEM fractographs were recorded for every material in the
secondary electron imaging mode with an FEI Quanta 600 en-
vironmental scanning electron microscope (ESEM). Using low-
magnification fractographs, reduction in area was measured using
Image] [63]. For high-magnification fractographs, “watershed” im-
age analysis was performed to determine the size distribution of
ductile dimples using the Image] Interactive Watershed plugin [64].
Approximately 500 to 1200 dimples were measured per test con-
dition.

3. Results

In this section, bulk tensile testing is coupled with in-situ
HEXRD to isolate the roles of various phases in dictating phase
evolution and mechanical properties over a range of temperatures.
First, the bulk tensile mechanical properties of QP980, QP1180, and
DP980 are discussed. Next, the HEXRD data are used to resolve the
strains and stresses on individual constituent phases, leading to an
improvement of the OC model. The potency of TRIP as a strength-
ening mechanism is linked to DIMT kinetics though the application
of DF-WH lattice microstrain analysis. Finally, lattice rotation and
damage due to microvoid coalescence are quantified ex-situ using
electron microscopy.

3.1. Bulk mechanical response

True stress (o) versus true strain (&) curves for QP980, QP1180,
and DP980 deformed at temperatures of 25, 100, 175, and 250 °C
are plotted in Fig. 2(a—c). For QP980 and QP1180, the initial yield-
ing behavior was not responsive to the test temperature, from the
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Table 3

Tensile Mechanical Performance for Each Steel and Tempera-

ture.

Steel Temperature  UTS UE E=[yjode

°C MPa pct. MJ]xm~3
QP980 25 955 18.9 168

100 904 156 131

175 1015 240 228

250 1136 258 260
QP1180 25 1281 8.9 107

100 1288 6.1 72

175 1364 7.8 98

250 1471 17.0 229
DP980 25 1088 7.9 78

100 1101 9.6 96

175 1105 10.8 110

250 1125 9.8 99

perspectives of yielding phenomena and the yield stress. In all
cases, the transition from elastic to plastic yielding was gradual,
with no clear evidence of yield point phenomena. The yield stress
of each steel was qualitatively observed to be insensitive to tem-
perature, and was on the order of 600, 710, and 1045 MPa for
the QP980, DP980, and QP1180 steels, respectively. Meanwhile, the
flow behavior of QP980 and QP1180 appeared to be strongly tem-
perature dependent. In the QP980 and QP1180 steels, the speci-
mens deformed at 250 °C exhibited the highest uniform elongation
(UE) and toughness (calculated from the area under each engineer-
ing stress-strain curve, E = f(f"”g Oeng d€eng), While those deformed
at 100 °C exhibited the lowest toughness. The tensile behavior of
the DP980 steel was similar regardless of test temperature. The
tensile behavior (UTS, UE, and E) is tabulated for each steel and
deformation temperature in Table 3.

To understand the temperature dependence of the ductility
and toughness of QP980 and QP1180, Fig. 2(d-f) shows n; plot-
ted against . DP980 exhibited an n; that decreased as a func-
tion of &, which was consistent with materials that do not show
the TRIP-effect. Meanwhile, QP980 and QP1180 exhibited an n; that
generally increased as a function of ¢; this behavior has been at-
tributed to the activation of TRIP [7,8,65]. Interestingly, for the
QP980 and QP1180 steels, n; appeared to be greatly enhanced at

250 °C. The plots in Fig. 2(d-f) also show the tensile instability cri-
terion, &€ = n; [48,66]. In accordance with the instability criterion,
the onset of strain localization (necking) occurred approximately
when the ¢ versus n; curves intersected with the ¢ = n; line. For
this reason, the UE was maximized when n; was relatively large
at high true strains. For instance, the maximum UE and toughness
was achieved for the QP980 and QP1180 at 250 °C because n; was
comparatively high, relative to the lower temperature tests.

Some serrations in the n; curves were apparent for every steel.
Similar serrations have been attributed to a combination of in-
termittent TRIP and dislocation slip (e.g, by dynamic strain ag-
ing) [19,67,68].

3.2. Resolving martensitic transformation kinetics as a function of
bulk plastic strain

It was hypothesized that the temperature-dependent strain
hardening in the QP980 and QP1180 steels could be attributed to
a shift in DIMT kinetics, and thus a shift in the strengthening con-
tribution of the TRIP-effect. To investigate this phenomenon, the
austenite content in the QP980 and QP1180 steels was measured
with HEXRD. Figure 3(a,b) shows the austenite content as a func-
tion of true plastic strain. HEXRD revealed that each steel con-
tained approximately 12 vol pct. austenite prior to plastic defor-
mation (fsyzo). As the QP980 and QP1180 steels were deformed
at each temperature, the austenite volume fraction as a function
of true strain (f!) decayed, while the martensite volume frac-
tion increased. Only o’-martensite was indexed in the diffraction
patterns; no e-martensite peaks could be indexed for QP980 or
QP1180, regardless of the deformation temperature, suggesting that
e-martensite did not measurably accumulate during deformation.
The kinetics of DIMT appeared to be connected to the deforma-
tion temperature. For instance, DIMT appeared to be minimized at
100 °C and maximized at 250 °C.

To quantitatively assess the temperature dependence of DIMT,
the HEXRD data were fit to the OC and BM models using bulk plas-
tic strain as the independent variable. Both fitting approaches ap-
peared to fit well for the QP980 and QP1180 steels at lower test
temperatures, but not at higher temperatures. Because a poor fit
was achieved for both models at elevated temperatures, the BM
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Fig. 3. Austenite content as a function of true plastic strain for (a) QP980 and (b) QP1180. Burke-Matsumura (BM) model fits for (c and e) QP980 and (d and f) QP1180
separated by fit quality. A summary of the austenite stability parameter (k) determined from the BM model fitting is shown in (g). For all fits, an autocatalytic parameter (p)

of one was selected, based on Samek et al. [14].

model fits are illustrated in Fig. 3(c-g), to lessen the possibility
of “overfitting” the experimental data with an excessive number
of iterated variables (that is, two variables for BM: p and k; three
variables for OC: «, B, and n). The quality of the fits was assessed
based on the maximum deviation between the model and the ex-
perimental data at a given tensile strain; a fit exhibiting a devia-
tion greater than approximately 0.5 vol. pct. was considered poor.
Interestingly, for another Q&P steel, Poling also encountered poor
fit quality at elevated temperatures while using bulk strain in the
0OC model [69].

Upon primary iterations of the BM model fitting process,
the fitting converged around p = 1. This result corroborated the
work of Samek et al., who argued that the auto-catalytic prop-
agation of strain induced martensite in multiphase TRIP-assisted
steels is negligible (p=1) [14]. Accordingly, during the subse-
quent iterations of the fitting process, p was fixed at a value
of one, which led to the solutions of k shown in Fig. 3(g).
For the QP980 and QP1180 steels, the variation of k as a func-
tion of temperature suggested that the maximum stability of
austenite occurred at a deformation temperature of 100 °C. In
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other words, the kinetics of DIMT reached a local minimum at
100 °C.

Because of the relatively long times associated with the in-situ
HEXRD tests, the variation of k with temperature could be related
to other austenite decomposition mechanisms, such as thermal de-
composition to bainite [70], being active alongside of DIMT. To
rule out the possibility of isothermal austenite decomposition as a
mechanism for reducing the austenite content, particularly at the
highest test temperature, the austenite content was measured over
time in a QP980 specimen that was not deformed but simply held
at 250 °C. The investigation indicated that austenite decomposition
was minimal after 30 min at 250 °C in the as-received QP980; see
Appendix A for details. However, the extent of isothermal decom-
position in plastically-deformed austenite was not investigated.

3.3. Individual-phase stresses and stress partitioning in the context of
the martensitic transformation

The observation that the stability of austenite in Q&P steels, and
thus the toughness, is coupled to temperature with a trough-like
response is not novel; for instance, Coryell et al. first revealed a
similar trend for a different “QP980” steel [24]. However, to our
knowledge, a robust mechanism to explain this behavior has not
been confirmed in the literature [19]. Previously, stress partition-
ing between phases has been identified as a mechanism by which
DIMT kinetics can be controlled, particularly by tuning the hard-
ness of ferrite and martensite [71]. Thus, it was prudent assess the
individual stresses in the BCC and FCC phases as a function of tem-
perature. This section aims to elucidate stress and strain partition-
ing using the HEXRD data, with the eventual goal of incorporating
the partitioned strain in austenite into the strain-based OC model.

Shifts in the lattice parameter, determined by HEXRD, were
used to determine the stresses on individual-phases along the
LD during deformation. Figure 4(a-c) shows the stresses on each
phase in the three steels. For every temperature, the BCC phases
yielded at a lower bulk true strain and phase stress than the
austenite. Furthermore, after the onset of plasticity in each phase,
the individual stresses in the austenite were higher than in the
BCC phases. This observation suggested that the austenite bore an
outsized share of the bulk tensile stress. For both phases in ev-

ery steel, increasing the temperature appeared to increase the ap-
parent phase stress. This apparent increase occurred because the
diffraction elastic moduli of austenite (E,) and ferrite/martensite
(E4) were assumed to be constant as a function of tempera-
ture for the Hooke’s law calculation of the phase stresses. How-
ever, both moduli presumably decreased by nearly identical de-
grees as a function of increasing temperature, leading to overpre-
dictions of the phase stress at above-ambient temperatures. Be-
cause the diffraction elastic modulus is difficult to measure experi-
mentally, the weighted-average stress contribution technique after
Harjo et al. [13] was used to calculate the normalized fraction of
the stress borne by each phase. In this approach, the contributed
stresses, a,.f"”t, for each phase were individually calculated based
on the phase volume fraction and the phase stresses (for exam-
ple, 0" = f, o/lEXRD) Then, the ratio of the contributed stresses
for each phase relative to the sum of the contributed stresses for
both phases, a)fo"f/ (05" +0g™™), was plotted in Fig. 4(d,e). The
relative stress contribution of each phase was related to the DIMT
kinetics for each steel and deformation temperature. As the austen-
ite content decreased after yielding, the stress contribution from
austenite decreased. For instance, for the QP980 steel deformed at
250 °C, where the DIMT Kkinetics were rapid, the stress contribution
from austenite decreased from 15 pct. during the onset of plastic
yielding to 5 pct. at the UTS. This decrease suggested that as the
DIMT progressed, the bulk mechanical properties in the steels were
increasingly controlled by the properties of the BCC phases.

To elucidate the progression of stress partitioning as a func-
tion of ferrite content, the ratio of stresses in the austenite ver-
sus the BCC phases (0rcc/0pcc) was plotted for the QP980 and
QP1180 steels in Fig. 5. For all test conditions, once the sam-
ple deformed plastically, the ratio exceeded one, suggesting that
stress was preferentially partitioned to the austenite. In general,
the extent of stress partitioning to the austenite was higher in
QP980 relative to QP1180. This difference was attributed to the
presence of approximately 20 vol. pct. relatively soft intercritical
ferrite in QP980, which likely held a disproportionately low frac-
tion of the bulk stress. In QP980, the ratio tended to decrease as
¢ increased. Meanwhile, QP1180 showed a different behavior, with
a ratio that tended to increase as ¢ increased. The root cause of
this behavior was possibly due to changes in the work hardening
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Table 4
Olson-Cohen (OC) Fitting Parameters (n = 2) for QP980
and QP1180.
Steel Temperature (°C) « B R?
QP980 25 34.8 13 1.00
100 8.2 1.2 0.98
175 7.3 2.5 0.87
250 17.9 1.6 0.99
QP1180 25 5.1 2.5 0.97
100 1.6 2.5 0.75
175 31 13 0.98
250 5.5 1.7 0.99

of the constituent phases, which are discussed in greater detail in
Section 3.4.

It was hypothesized that since stress was preferentially par-
titioned to austenite for each steel and test temperature, strain
within the austenite could diverge from the bulk tensile strain. To
test this hypothesis, it was prudent to estimate the phase-specific
strains in austenite. Individual constituent properties, determined
by nanoindentation after Cheng et al. [10], were used to estimate
the strain in the austenite. Figure 6(a) describes the process; first,
the austenite stresses measured with HEXRD were compared to a
& — o curve generated by nanoindentation of an austenite grain
within a Q&P steel of a similar composition and microstructure to
QP1180. Then, the strain in the austenite was estimated based on
a fit of the Hollomon equation against the stress-strain curve. The
estimated strains in the austenite were plotted against the fraction
of new martensite, and the curves were fit using the OC model
(n=2) for the QP980 and QP1180 steels in Fig. 6(b,c). The fitting
parameters that generated the best fit for each temperature and
steel are provided in Table 4.

Based on the classic interpretation of the OC model [30], the OC
fit parameters measured here did not show a clear correlation be-
tween the deformation temperature and the probability of a shear
band intersection forming a martensite embryo. That is, 8 did not
appear to be strongly temperature sensitive, as it ranged from 1.2
to 2.5 for the QP980 steel and 1.3 to 2.5 for the QP1180 steel. For
reference, for a steel similar to QP1180 referred to as “QP3Mn”,
Poling showed that B ranged from 0.7 to 1.4 over a temperature
interval of 22 to 85 °C (n = 2) [22,69]. Meanwhile, & appeared to
be correlated to temperature, with a similar trend progressing as
a function of temperature in both steels; o was high at 25 and
250 °C, while a local minimum was reached at 100 and 175 °C. The
correlation of o against deformation temperature suggested that
a lack of potential martensite nucleation sites (for example, shear
bands) was responsible for the diminished DIMT Kkinetics at inter-
mediate temperatures. A similar downward trend in « from 25 to
100 °C was reported by Poling [22,69]. However, to our knowl-
edge, an increase in « at higher temperatures has not been re-
ported within the literature. Further analysis of the martensite nu-

Table 5
Constants from the Linear Regression Analysis of DIMT
versus Bulk Stress.

Steel Temperature (°C) K 0o R?

QP980 25 47 830 0.99
100 134 865 0.96
175 45 959 0.99
250 55 872 0.99

QP1180 25 53 1263 0.98
100 322 1290 0.90
175 52 1350 0.99
250 49 1289 0.99

cleation site density within the austenite phase using microscopy
could help to clarify the trend in « that was reported here.

Although QP980 and QP1180 exhibited qualitatively similar
trends in « as a function of temperature, QP980 exhibited an over-
all higher o parameter. This difference may have been due to a dif-
ferent austenite composition for each steel. For instance, a higher
local manganese content of the austenite in QP980, caused by man-
ganese partitioning during intercritical annealing, could have led to
a lower stacking fault energy, a higher rate of shear band intersec-
tions, and thus a higher o parameter [30].

Using the austenite phase strain, rather than the bulk tensile
strain, enhanced the fit quality of the OC model at elevated tem-
peratures (175 and 250 °C). The improved fit was caused by the
evolving stress partitioning to austenite as a function of strain and
temperature, which led the bulk strain to poorly represent the ac-
tual strain in the austenite phase. Despite the success of the model
using the austenite phase strain, the OC model was still not a per-
fect representation of the DIMT behavior. For example, the fits for
the QP980 steel at 175 °C and QP1180 at 100 °C exhibited rela-
tively low R? values of 0.87 and 0.75. Systematic errors in the ex-
perimental method could exist; for instance, it was assumed that
neither the austenite constituent phase properties nor the elastic
moduli changed as a function of temperature. Follow on investiga-
tions to collect higher resolution constituent phase properties as a
function of temperature would resolve those inaccuracies.

3.4. Strengthening contribution of TRIP

Given that the DIMT kinetics were characterized with excep-
tional resolution, it was prudent to correlate DIMT with the strain
hardening behavior of each steel (Fig. 7). After the onset of plas-
tic deformation, the progression of DIMT was correlated to a lin-
ear increase in the bulk true stress, o = oy + Kf%'. Linear regres-
sion analysis was performed to evaluate the constant terms in this
expression (o and K), and the results are summarize in Table 5.
The stress at which the deformation-induced martensite began to
form (op) appeared to be responsive to both microstructure and
temperature, with the maximum o observed in the QP980 and
QP1180 steel occurring at 175 °C. Meanwhile, the proportional con-
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stant (K) reached a maximum for both steels at 100 °C, and was
relatively constant at 25, 175, and 250 °C. K was remarkably con-
sistent between the steels at 25, 175, and 250 °C, suggesting that
the the the TRIP effect strengthened each steel to a similar ex-
tent as a function of the volume of deformation-induced marten-
site that formed. During the final stages of deformation before the
onset of necking, the stress appeared to deviate slightly upward
from the linear relation, which indicated that the potency of the
TRIP-effect was enhanced at high stresses and strains.

Because the TRIP-effect strengthens materials by dislocation
generation at austenite-martensite interfaces, as well as within the
new deformation-induced martensite, the strengthening contribu-
tion of TRIP is directly connected to the dislocation density in
the BCC phases. DF-WH analysis was performed on the HEXRD
lineouts to calculate the BCC lattice microstrain, which is pro-
portional to the dislocation density. BCC lattice microstrain is re-
lated to the bulk true plastic strain in Fig. 8(a-c). Comparing the
steels prior to deformation, the BCC lattice microstrain increased
as the ratio of martensite to intercritical ferrite increased. (that
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is, DP980<QP980<QP1180). This relationship was sensible because
martensite has a higher dislocation density than proeutectoid fer-
rite formed during intercritical annealing. In the early stages of de-
formation, the presence of intercritical ferrite facilitated rapid in-
creases in lattice microstrain as a function of tensile strain, because
the soft ferrite accommodated an outsized fraction of the bulk ten-
sile strain. For instance, the steel with the greatest fraction of inter-
critical ferrite (DP980) exhibited the greatest increase in lattice mi-
crostrain as a function of true plastic strain. For all steels, increas-
ing the deformation temperature appeared to increase the BCC lat-
tice microstrain. In the austenite-containing QP980 and QP1180,
this effect was easy to rationalize because DIMT was promoted
at high temperatures, leading to the formation of deformation-
induced martensite with a high-dislocation density. In the DP980
which lacked an appreciable amount of austenite, the origin of the
temperature sensitivity is less obvious. One explanation could be
that dynamic strain aging mechanisms were increasingly active at
elevated temperatures, which promoted the generation of new dis-
locations rather than the slip of existing dislocations, leading to an
ultimately higher dislocation density and lattice microstrain. For all
the steels, an additional contributing factor could be the increased
activation of BCC slip systems at high temperatures. Further studies
to resolve dislocation substructure and microstructure evolution as
a function of temperature and strain may be useful for confirming
the origin of this behavior.

Since dislocation interactions are the basis for strengthening in
AHSS, it was imperative to consider the BCC phase stresses as a
function of the BCC lattice microstrain. BCC phase stresses are plot-
ted versus the BCC lattice microstrain in Fig. 8(d-f). The yield stress
of the BCC phases for each steel and temperature are plotted as
horizontal dashed lines. The BCC phase yield stresses are a com-
bination of the yield stress in ferrite, which was presumably low,
and martensite, which was presumably high. These assumptions
were confirmed in the data, as the BCC yield stresses were higher
in steels with a greater ratio of martensite to ferrite. Interestingly,
the BCC yield stress appeared to be more sensitive to temperature
in steels with a smaller ratio of martensite to ferrite. This obser-
vation seems reasonable, because relative to martensite, ferrite is
strengthened extensively by short-range mechanisms, which can
be overcome by thermal activation at elevated temperatures [38].

Each steel exhibited unique stress-microstrain behaviors after
yielding. For the Q&P steels, two stages of strain hardening were
observed. Meanwhile, for the DP steel, only one stage of strain
hardening was observed. For discussion, the stages of strain hard-
ening are labeled I-III in Fig. 8(d-f). In the early stages of plastic
deformation in QP980 and DP980 (I), the lattice microstrain in-
creased rapidly with minimal increases in the BCC phase stress.
This rapid increase could be due to free dislocation generation and
lack of dislocation interactions in intercritical ferrite, which had a
long mean slip length. At the earliest stages of plastic deforma-
tion in QP1180 (II), the lattice microstrain appeared to briefly de-
crease with respect to the BCC phase stress. One possible expla-
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nation is that the application of stresses during the mechanical
loading process caused the various BCC peaks (that is, martensite
and ferrite) to overlap more closely, thereby reducing the overall
peak breadth and the perceived lattice microstrain. As deforma-
tion progressed, the metastable austenite-containing steels exhib-
ited an additional strain hardening stage (IIl) where the BCC phase
stress increased steeply as the dislocation density increased. This
steep increase suggested a potent strengthening effect of the in-
creasing fraction of new deformation-induced martensite. Interest-
ingly, in stage IIl, the strengthening effect did not appear to be
temperature sensitive. This is explicable because dislocation inter-
actions contribute to strength as long-range barriers to dislocation
motion, and so they have a relatively small thermal component;
thus, the stress to overcome such interactions is not strongly ther-
mally activated [38]. The use of spatially-resolved characterization
techniques, such as transmission electron microscopy (TEM), are
warranted to clarify the balance of dislocation generation via TRIP
and/or other plasticity mechanisms (for example, Frank-Read
sources).

3.5. Microstructure and crystallographic texture evolution

To verify the trends observed in-situ, as well as to spatially-
resolve the lattice strain and crystallographic texture evolution
during deformation, EBSD maps for the QP980 steel were collected
before testing and after fracture (the map was collected just out-
side the neck) at each temperature. In Fig. 9(a), an image qual-
ity (IQ) plus phase map reveals the substructure and morphology
of each constituent phase. Two morphologically distinct types of
austenite were evident. Austenite grains with an aspect ratio close
to one were classified as “blocky”, while grains with an aspect ratio
much greater than one were classified as “film”. Meanwhile, BCC
grains that were devoid of significant substructure prior to defor-
mation were classified as ferrite, while BCC grains with a preva-
lent substructure were classified as martensite. No deformation-
induced twins were observed in the EBSD maps of QP980, regard-
less of the test temperature.

KAM maps, which show the magnitude of local lattice mis-
orientation caused by the presence of geometrically necessary
dislocations (GNDs), are plotted for the BCC and FCC phases in

1

Fig. 9(b,c). In the KAM map for the BCC phases, the ferrite ap-
peared to exhibit a low initial KAM. Meanwhile, the martensite
exhibited a higher KAM due to its high GND density. The KAM
in the austenite was greater than ferrite and less than martensite.
The blocky austenite appeared to exhibit a lower KAM than film
austenite. The difference in KAM between blocky and film austen-
ite was possibly due to the higher interface-to-volume ratio of the
film austenite, which accumulated a higher density of GNDs during
Q&P processing and during DIMT.

To quantitatively describe the lattice strain evolution, KAM his-
tograms for the BCC phases prior to deformation and after defor-
mation at each temperature are shown in Fig. 9(d). A bimodal dis-
tribution in the as-received condition clearly exemplified the low
KAM of ferrite and the elevated KAM of martensite. After defor-
mation at every temperature, the KAM increased, and the distribu-
tions appeared to become Gaussian, suggesting that the differences
in KAM in ferrite and martensite were reduced after deformation.
This evolution was consistent with the interpretation of the two-
stage hardening behavior of QP980 discussed previously; after the
intercritical ferrite was sufficiently strain hardened such that the
GND density was similar in ferrite and martensite, slip progressed
simultaneously in both phases. Thus, in the uniformly-elongated
sections of each specimen, the GND densities of both phases were
similar. Considering temperature, the trend in the KAM generally
matched the trend in BCC lattice microstrain (Fig. 8(a)). For in-
stance, the specimens deformed at 175 and 250 °C achieved the
highest uniform elongation (Fig. 2(a)), the highest BCC lattice mi-
crostrain (Fig. 8(a)), and the highest average BCC KAM (Fig. 9(d)).
These results corroborated the merit of the DF-WH technique for
estimating dislocation density.

To resolve longer-range lattice rotation during deformation,
loading direction inverse pole figures (LD-IPF) were plotted for
each EBSD scan in Fig. 9(e). Texture change was observed in
the BCC phases, as a< 011 > directions became aligned with
the LD. Meanwhile, weak texture change occurred in the austen-
ite, as y< 111 > directions became aligned with the LD. The
coordinated development of parallel ¢<011 > and y< 111 >
textures is consistent with the Kurdjumov-Sachs relationship,
which has been frequently reported in TRIP-assisted steels after
deformation [72-74].
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Fig. 9. Kernel average misorientation (KAM) and texture evolution was assessed using electron backscatter diffraction (EBSD) for the QP980 steel as-received and after
fracture at 25, 100, 175, and 250 °C. EBSD maps were collected just outside the necked region of each fractured tensile specimen. (a) IQ + phase map of the as-received
QP980, indicating the presence of ferrite, martensite, and austenite. KAM maps of (b) the BCC-indexed phases, i.e., ferrite and martensite, and (c) the FCC-indexed austenite.
(d) KAM distributions of the BCC-indexed phases, to compare the local lattice rotation for each specimen. The mean KAM for each distribution is plotted with a black vertical
line. (e) Loading direction-inverse pole figures (LD-IPF) for the BCC and FCC-indexed phases. Units for the LD-IPFs are multiples of a random distribution.

Note that in tests with extensive DIMT (i.e., QP980 deformed at
250 °C), the volume of austenite in the scan was relatively small,
so there was less certainty in the FCC LD-IPFs. For instance, the
FCC LD-IPF for the QP980 steel deformed at 250 °C appeared to
exhibit a < 011 > component in addition to a y < 111 > compo-
nent. However, this was suspected to be due to the uncertainty of
the measurement, rather than a tangible shift in texture develop-
ment at 250 °C. Ultimately, the test temperature did not appre-
ciably alter the crystallographic texture development, as each test
temperature revealed a similar evolution of texture. This behavior
suggested that variations in crystallographic texture evolution were
not responsible for the enhanced properties of QP980 at elevated
temperatures.
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3.6. Fractographic analysis

SEM fractography was performed to assess local fracture duc-
tility. In Fig. 10(a), an example SEM fractograph of a fractured
specimen (QP1180 deformed at 250 °C) is shown. Evidence of dif-
fuse necking, where the cross section at fracture was significantly
smaller than that of the uniformly-elongated section, was evident
on every fracture surface. The reduction of area for each tensile
specimen was measured, and the results are summarized as a
function of test temperature in Fig. 10(b). At low temperatures,
the combination of austenite, martensite, and ferrite in QP980
achieved the highest reduction in area; this result agreed with the
trends in bulk ductility shown in Fig. 2(a-c). At 250 °C, the re-



C.B. Finfrock, B. Ellyson, S.RJ. Likith et al.

~
o

D
o

o
o

IS
(=}

Reduction in Area, %

w
o

1 mm

Acta Materialia 237 (2022) 118126

. ® QP980
o, A DP980
\ QP1180
k""////i>
25 100 175 250
Temperature, °C
N
£8
=4
©
@ 6
2 S~
o S0 e
54 . A
£ T T
a A
© 2
©
30
a" o5 100 175 250

Temperature, °C

Fig. 10. SEM fractography over a range of length scales. (a) Representative SEM fractograph of QP1180 deformed at 250 °C, with the orange overlay representing the fracture
surface. (b) Measurements of reduction in area for each steel and temperture. (c) Ductile dimples, commonly associated with ductile microvoid coalescence, on the surface
of the same specimen. (d) Automated dimple segmentation via a watershed algorithm was used to collect (e) average dimple area for each steel and temperature.

duction in area was greatly enhanced for each steel relative to the
lower test temperatures. It was interesting that each steel achieved
similar reductions in area despite their vastly different uniform
elongations. However, the direct comparison of reduction in area
between the steels was not without complication, because the as-
received thickness of the DP980 steel was greater than that of the
QP980 and QP1180 steels. This difference could have led to the de-
velopment of different stress states in the neck, and thus different
apparent fracture ductility.

To assess damage at the mesoscale, higher magnification im-
ages of the fracture surface were acquired (Fig. 10(c)). Dimples cov-
ered the entirety of every specimen, which was indicative that fi-
nal fracture occurred by ductile microvoid coalescence. A water-
shed algorithm (Fig. 10(d)) was implemented to measure the ar-
eas of hundreds of dimples on every fracture surface. The average
dimple area did not appear to significantly change as a function
of test temperature. However, the average dimple area appeared
to be slightly influenced by the scale of microstructure features;
for instance, the highly refined DP980 exhibited the smallest av-
erage dimple area for most temperatures. Meanwhile, the QP980
exhibited the largest initial ferrite grain size and the largest aver-
age dimple area. These observations suggest that for high-strength
steel microstructures, damage evolution via ductile microvoid coa-
lescence is controlled by the scale of microstructure features and
interfaces [31], and not necessarily by extrinsic deformation condi-
tions (for example, strain rate or temperature).

4. Discussion
4.1. Measuring constituent phase properties in AHSS using HEXRD

It has been shown that the bulk properties of AHSS are fun-
damentally coupled with the properties of their individual con-
stituent phases [10,72,75-77]. For instance, Du et al. showed that
the bulk toughness and micromechanical deformation capacity a
Q&P steel could be enhanced by tuning the plastic compatibility
of tempered martensite and austenite [76]. In many studies, con-
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stituent properties are determined with micromechanical testing
techniques, such as micropillar compression or nanoindentation,
then the constituent properties are used to interpret and predict
the bulk properties [78]. There are some constraints on the practi-
cality of using micromechanical testing to inform microstructure
design. First, micromechanical testing is laborious, and so most
studies only measure the properties of a handful of grains. Thus,
it is difficult to capture the effects of stochastically derivative char-
acteristics of the microstructure, like crystallographic texture, grain
morphology, and local chemistry. Second, it is difficult to capture
the plastic compatibility and interactions between the phases, so
the choice of composite model (i.e., iso-stress versus iso-strain) can
strongly affect the predicted bulk properties [75].

With bulk mechanical testing coupled with in-situ diffraction,
the behavior of the bulk is measured, with the added advantages
that it is possible to resolve phase volume fraction and individual-
phase properties for a vast number of grains. For example, for sev-
eral Q&P steels, Harjo et al. implemented neutron diffraction with
bulk mechanical testing to show that tempered martensite con-
tributed an outsized fraction of the bulk stress, while ferrite con-
tributed relatively little [13]. Meanwhile, Hu et al. showed that
in a QP980 steel, austenite was harder than ferrite, but less hard
than tempered and new martensite [77]. The data collected in
the present work contained less resolution of the stresses in the
BCC phases, which was due to a slightly different test configura-
tion. In this experiment, the 20 range was maximized to capture
a larger number of FCC and BCC peaks for phase volume fraction
and Williamson Hall analysis. By increasing the 26 range, the 260
resolution was decreased, which made it difficult to deconvolve the
overlapping peaks of ferrite and martensite formed during the Q&P
process, and new martensite formed during deformation. Thus, all
BCC-indexed phases were treated as a single phase, so the ag-
gregate data did not represent either martensite or ferrite, but a
combination of both. Here, it was observed that the BCC phases
yielded prior to the austenite in both Q&P steels at each temper-
ature. Furthermore, the measured stresses on the austenite were
higher than on the BCC phases. Despite the lack of resolution over
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individual constituent properties relative to Harjo et al. [13] and
Hu et al. [77], the wider 26 range was valuable for this work be-
cause it enhanced the reliability of the phase volume fraction and
DF-WH techniques, which were instrumental for interpreting the
microstructure-property relationships in each steel.

The HEXRD experiment performed here elucidated critical de-
tails about constituent properties that would have been impossi-
ble to obtain with conventional ex-situ experiments. However, the
data were limited in several ways. First, the lack of known diffrac-
tion elastic moduli for each phase and temperature necessitated
the use of approximated values from the literature (E,, = 200 GPa
and E, = 210 GPa) [13]. This assumption likely led to an overpre-
diction of the phase stresses at elevated temperatures, because the
elastic modulus is known to decrease with increasing temperature.
Fortunately, the use of the stress contribution and stress ratio al-
leviated the need for accurate absolute stress measurements, as
the stresses of each phase were comparatively assessed with re-
spect to each other, and the temperature effects were assumed
to be equivalent for a given condition. The second limitation was
that residual stresses, existing prior to mechanical testing, were
not resolved. All stresses were measured assuming that the 26
position of each peak prior to tensile deformation represented a
stress of zero. However, some residual stresses likely existed in the
steels because of Q&P processing, e.g., due to the volume expan-
sion linked with the martensitic phase transformation on cooling.
A third limitation of the test configuration was that bulk texture
could not be resolved, because the HEXRD data represented only
one slice of reciprocal space relative to the LD axis. If the sam-
ples were rotated around the LD during deformation, then bulk
texture could have been resolved in-situ. This modification would
have been interesting because the crystallographic texture of each
constituent likely plays a role in dictating slip activation (i.e., by
Schmid’s law [48]), dislocation interactions, and DIMT. Full-field
bulk texture measurements will be extraordinarily important for
further developing our understanding of plasticity in Q&P steels.
This type of measurement is particularly important because Q&P
steels exhibit low austenite fractions and small austenite grains,
which makes EBSD-based crystallographic texture measurements
challenging.

4.2. Operative plasticity mechanisms and DIMT model selection

At temperatures below the MY, the stress-assisted martensitic
transformation in multiphase steels is known to be accompanied
by yield point phenomena and a pronounced temperature de-
pendence of the yield stress [79,80]. Meanwhile, at temperatures
above the MY, initial yielding of austenite occurs by continuous
dislocation slip in austenite, which has the effect of suppress-
ing yield point phenomena [79,80]. The occurrence of roundhouse
yielding and the lack of a change in the yield stress at all test
temperatures suggested that the MJ temperature was lower than
25 °C for both steels. To further evaluate the austenite stability, M;
was estimated for QP980 and QP1180 using Andrews’s empirical
relation [81], based on the carbon content of austenite measured
with HEXRD (Appendix A) as well as the assumption of complete
manganese partitioning to austenite during intercritical annealing
in QP980. M; was determined to be -45 and -21 °C for QP980 and
QP1180, respectively. The mechanical evaluation of yielding behav-
ior and the quantitative estimation of Mg confirmed that DIMT was
strain-assisted for the steels and temperatures investigated here.
This observation was consistent with the design intent of modern
Q&P steels, and justified the use of strain-based kinetics models for
interpreting the DIMT behavior.

Ruling out the accumulation of a significant fraction of
deformation-induced &-martensite was also of interest, because
stacking fault energy is known to increase with increasing defor-
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mation temperature. Based on the HEXRD data, no detectable frac-
tion of e-martensite was discovered, suggesting that plasticity was
accommodated only by the y — o’ martensitic transformation and
by dislocation generation and motion.

4.3. Effect of stress partitioning on DIMT kinetics

The HEXRD data became exceedingly useful when they were
coupled with constituent stress-strain relationships determined
with micromechanical testing (Fig. 6). By estimating the strain
in austenite using a combination of HEXRD and nanoindentation
data [10], the goodness of fit of the OC model was greatly im-
proved relative to the same model calculated with the bulk tensile
strain. This improvement suggested that stress partitioning plays a
decisive role in determining the kinetics of DIMT. For instance, for
the QP980 steel deformed at 175 and 250 °C, a strong deviation
in the stress ratio (orcc/0pcc) Was observed as a function of bulk
tensile strain, suggesting that the extent of the stress partitioning
changed as the samples deformed (Fig. 5). Likewise, the bulk ten-
sile strain provided a poor fit against both the BM and OC models
(Fig. 3), while the estimated strain in austenite provided a better
fit (Fig. 6). It is theorized that constituent phase strain data mea-
sured with HEXRD would be useful for other multiphase materials
that use martensitic phase transformations for strengthening. This
result demonstrates the growing utility of bulk mechanical testing
coupled with in-situ diffraction analysis.

Constituent properties measured with HEXRD elucidated the in-
fluence of the ratio of martensite to ferrite on strain partitioning
and DIMT kinetics. The QP980 steel, which exhibited a smaller
ratio of martensite to ferrite, underwent greater partitioning of
stress to austenite (Fig. 5). This stress partitioning resulted in more
rapid DIMT kinetics relative to the bulk tensile strain in QP980
when compared to QP1180 (Fig. 3). The causal relationship be-
tween stress partitioning and DIMT kinetics would have been im-
possible to measure ex-situ, because the elastic phase strains and
stresses would have been recovered upon unloading.

4.4. Influence of dynamic strain aging

It was shown that the changes in the stress ratio (orcc/0pcc)
as a function of strain and temperature appeared to impede the
ability of the strain-based kinetics models to correctly represent
the kinetics of DIMT. For QP980, it is suspected that the decreas-
ing stress ratio at elevated temperatures was due to activation of
dynamic strain aging in the BCC phases, which had the effect of
increasing the stresses in the BCC phases relative to the austenite.

The primary evidence for the activation of dynamic strain aging
at elevated temperatures is that the amplitude of serrations in the
instantaneous strain hardening exponent (1;) appeared to increase
in frequency and amplitude at higher temperatures for both QP980
and QP1180 (Fig. 2). Due to the nature of the n;-term, which was
computed based on a derivative of data containing some intrinsic
noise (i.e., from the load cell), some serrations in n; were expected,
even in the absence of dynamic strain aging. Thus, it was prudent
to confirm the presence of serrations in the true stress-strain data.
Figure 11 shows true stress-strain curves for QP980, plotted over a
range of true strains from 0.12 to 0.14. The data show the presence
of serrations existing with greater amplitude and frequency at in-
creasing temperatures. For instance, serrations were not obvious at
25 °C. Meanwhile, mild serrations were observed at 100 °C, and
appeared to increase in quantity and amplitude at 175 and 250 °C.

The presence of serrations suggested that dynamic strain ag-
ing was increasingly active at elevated temperatures. This agreed
with recent work by Mola et al., who observed the activation of
serrated flow with increases in the deformation temperature over
a range of 25 to 200 °C for a metastable austenitic steel [82].
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Fig. 11. True stress-strain curves of QP980 at each temperature, plotted over a
narrow strain range to show the increasing magnitude and number of serrations
(marked with arrows) as a function of temperature.

Mola et al. proposed that dynamic strain aging in steels containing
metastable austenite over the temperature range of 25 to 200 °C
is caused by dislocation pinning at martensite/austenite bound-
aries, and accelerated carbon diffusion out of deformation-induced
martensite to those boundaries [82]. It is noted that the carbon
content in austenite was determined by HEXRD to be 1.16 wt per-
cent (see Appendix A). Thus, the deformation-induced martensite
nominally contained 1.16 wt percent carbon, while the carbon con-
tent of martensite predicted by the constrained carbon equilibrium
model after Speer et al. is near zero [83,84]. Thus, the argument
by Mola et al. is sensible, because there was a clear driving force
for carbon diffusion from the deformation-induced martensite to
austenite, and carbon diffusion times in martensite are known to
be comparatively short for the temperatures of interest here [82].
Since dynamic strain aging may have been important for control-
ling the stress contribution of the BCC phases, it is important to
note that the mechanical properties and martensitic transforma-
tion kinetics reported here could be responsive to the imposed
strain rate. This is because dynamic strain aging may only be ac-
tivated when dislocation velocities are sufficiently slow to allow
coincident carbon diffusion. In future work, it will be important to
investigate the strain rate sensitivity of the phenomena reported
here. However, performing HEXRD-based experiments at dynamic
rates will introduce new challenges, such as a greatly deteriorated
signal-to-noise ratio and resolution.

4.5. Competing microstructure development processes at elevated
temperatures

In addition to dynamic strain aging, numerous competing mi-
crostructure development processes were likely active during the
elevated-temperature quasi-static tests, which could have influ-
enced the chemical stability of austenite and the properties of the
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deformation-induced martensite. For instance, the duration of the
plastic portion of the tensile test of QP980 at 250 °C was ~35 min
(2100 s). Quasi-static tensile tests at elevated temperatures can be
considered akin to a tempering or “one-step” partitioning treat-
ment during deformation; for instance, Yan et al. reported signif-
icant austenite retention and carbon enrichment (~10 vol percent
austenite having a carbon content of 0.88 wt percent) was reached
during a one-step Q&P treatment of a 0.20C-1.58Si-1.55Mn steel af-
ter partitioning at 250 °C for 1000 s [85]. This would suggest that
carbon partitioning from the deformation-induced martensite into
the adjacent retained austenite could have increased the chemi-
cal stability of the remaining austenite in the elevated temperature
tests of QP980 and QP1180. It is important to note that the carbon
content of the austenite during mechanical loading could not be
confirmed with the HEXRD data presented in this study, because
the austenite lattice parameter shifted due to the imposed tensile
stresses. The austenite carbon content during the static aging test
of QP980 at 250 °C did not change significantly (see Appendix A),
however, the in the static aging condition, no deformation-induced
martensite was formed during that test because no deformation
was imposed. During the same static aging test, approximately one
volume percent austenite was lost from the microstructure without
an applied tensile strain. This suggested that some austenite may
have decomposed to bainite during the test.

The mechanical properties of the deformation-induced marten-
site may have dynamically changed via tempering during test-
ing at 250 °C. For instance, dislocation recovery and carbide pre-
cipitation have been reported during Q&P treatments similar to
the times and temperatures investigated here [86], which could
have the effect of changing the work hardening characteristics of
the martensite [39]. Moving forward, understanding these com-
peting microstructure development mechanisms during elevated-
temperature deformation experiments will be critical for under-
standing the warm forming response of TRIP-assisted steels, by
clarifying the origin of the the temperature and strain-dependent
stress partitioning that was reported here.

4.6. Adjusting temperature during sheet forming to tune the stability
of austenite and the mechanical properties

The data presented here suggested that the deformation tem-
perature affects the stability of austenite by a few mechanisms.
First, the stress partitioning between the phases appeared to be
temperature sensitive. For instance, at strains near the onset of
strain localization, opcc/0pcc decreased as a function of increas-
ing temperature for QP980 (Fig. 5). Hardening of the BCC phases
relative to the austenite, perhaps by dynamic strain aging in the
BCC phases, had the effect of partitioning strain to the austenite.
For instance, at 250 °C, the estimated FCC phase strain at the UTS
was ~0.25 for QP980 (Fig. 6), while the bulk plastic tensile strain
was ~0.20 (Fig. 3(a)). This increased strain partitioning to austen-
ite enhanced the kinetics of DIMT at high temperatures. Second,
the number of martensite nucleation sites, as estimated by the OC
model, appeared to exhibit a trough with respect to temperature
that influenced the DIMT kinetics and the toughness of each steel
(Table 4). This may have been due to a change in the stacking fault
energy of austenite, leading to a change in the average stacking
fault width, and thus a change in the volume of potential stack-
ing fault intersections available to form a martensite embryo [30].
Detailed characterization of shear bands within the deformed mi-
crostructures, e.g., with interrupted mechanical tests and transmis-
sion electron microscopy, will be required to determine which of
these mechanisms, or a combination of both mechanisms, governs
the DIMT kinetics as a function of temperature.

These observations, coupled with previous work by the au-
thors [36] and by others [21,24], suggest that temperature can
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be used in conjunction with strain rate to tune the stability of
austenite during sheet forming operations. For example, the great-
est DIMT and toughness was achieved for the QP980 and QP1180
steels at 250 °C, which would suggest that warm stamping could
be used to maximize the formability of both steels. Likewise, if less
formability was required to create a specific shape, then forming
at 100 °C could be used to retard DIMT, thereby preserving the
austenite so that the TRIP-effect could enhance the toughness of
the formed part in service. In each case, using deformation tem-
perature as a lever to control austenite stability could be simpler
than developing more elaborate Q&P thermal processing pathways
and alloy compositions to manage chemical stability.

5. Conclusions

Austenite-containing AHSS, such as steels processed with the
Q&P method, offer enhanced property combinations, due to the
TRIP-effect and the controlled presence of several constituent
phases (that is, martensite, ferrite, and austenite). The deformation
responses of several AHSS with differing phase fractions were char-
acterized by a combination of bulk HEXRD and spatially-resolved
EBSD. This study constitutes the first concurrent measurements of
stress partitioning and DIMT kinetics in Q&P steels for temper-
atures pertinent to industrial sheet forming processes. From this
work, the following conclusions were made:

1. HEXRD resolved the DIMT kinetics for temperatures from 25 to
250 °C. Using constituent phase properties from the literature,
along with individual-phase stresses resolved with HEXRD, we
implemented a deformation-induced martensitic transforma-
tion kinetics model based on the partitioned strain in austenite,
rather than the bulk tensile strain. This approach enhanced the
ability of the Olson-Cohen model to capture the transformation
behavior of the Q&P steels.

2. The HEXRD data showed that stress partitioning between the
phases was dependent on the imposed strain, temperature,
and microstructure of the steel. This suggested that tailoring
the stress partitioning between the phases, for instance, by
modifying the deformation temperature during sheet forming,
could be used as a pathway to tune the bulk properties of
austenite-containing AHSS. For instance, increasing die temper-
atures could change the flow properties of each constitutive
phase, leading to a shift in stress partitioning, a more potent
TRIP-effect, and thus greater formability.

3. The kinetics of DIMT were directly linked to the stress response
of each steel (Fig. 7). For instance, DIMT was inactive at 100 °C,
leading to low toughness and strength, while the reactivation of
DIMT at 250 °C greatly enhanced the toughness and strength.
The Olson-Cohen model suggested that the temperature de-
pendence of DIMT was controlled by the number of available
martensite nucleation sites, rather than the chemical driving
force for transformation. This observation was used to explain
the ductility trough that has been reported in the literature.

4, Strain evolution in ferrite and martensite was tracked using
a combination of HEXRD line profile analysis and EBSD-KAM
analysis. The strain evolution was temperature-dependent, due
to strain partitioning between the phases and the promotion of
DIMT at certain temperatures. Strain evolution was used to ra-
tionalize the temperature-dependent work hardening that was
observed in the bulk specimens.
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Appendix A. Evaluating the propensity for austenite
decomposition and carbon partitioning during static aging at
250 °C

To determine whether any austenite decomposition mecha-
nisms were active at the highest test temperature, a QP980 spec-
imen was held at 250 °C for 30 min without a tensile load, while
HEXRD data was collected. This condition was referred to as “static
aging”. To compare the static aging condition against a sample de-
formed to failure, a plot of austenite fraction versus time for each
test is given in Fig. A.1. In the “deformation to fracture” speci-
men, the onset of plastic deformation occurred after approximately
five minutes.

In the static aging condition, the austenite content in QP980 de-
creased from 13 to 12 vol. pct. after 30 min at 250 °C. This de-
crease suggested that some austenite decomposition mechanisms
were active for the times and temperatures of interest in this
study. However, this amount was small, and was likely not de-
tectable with common measurement techniques, like ex-situ EBSD
or X-ray diffraction. Meanwhile, in the specimen deformed to
fracture, the austenite content decreased from 13 to 3 vol. pct.
Thus, by comparing the two behaviors, it was inferred that dur-
ing the tensile tests, most of the austenite transformed because of
DIMT (~9 vol. pct.), while a small fraction transformed because of
austenite decomposition (~1 vol. pct.).
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Fig. A.l. Austenite content versus time in minutes for two samples of QP980 held
at 250 °C. The “static aging” sample was not deformed. The second sample was
deformed to fracture. The onset of plastic deformation occurred after approximately
five minutes.

The lattice parameter (ag) of each austenite peak, y{111},
{200}, y{220}, y {311}, y {222}, and y {331} was calculated based
on the d-spacing (dp) determined from HEXRD after Eq. (A.1):

ag = dpy X v/ h2 +kz 412 (A1)

The mean lattice parameter (dp) was calculated based on ag from
the six peaks. Prior to any heating, a; was determined to be 3.6060
and 3.6047 A for QP980 and QP1180, respectively. The carbon con-
tent of the austenite (C,) was estimated based on Eq. (A.2) after
Cullity [53]:

do = 3.555 + 0.044C, (A2)

Solving Eq. (A.2) suggested that C,, was equal to 1.16 and 1.13 wt
percent for QP980 and QP1180. During the 30 min static aging
treatment at 250 °C, G, increased by 0.00072 A for QP980. This
suggested that carbon partitioning to austenite was minimal dur-
ing static aging, on the order of ~ 0.016 weight percent. It is noted
that because HEXRD is a bulk measurement technique, dy and C,
describe the average of all the austenite grains within the interac-
tion volume of the X-ray beam. Thus, some variations in dp and Cy
could have existed due to variations in local residual stresses and
carbon content, but those variations could not be resolved without
supplemental techniques (e.g., atom probe tomography).
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