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Abstract

CoCrNi multi-principal element alloys (MPEAs) have potential as high toughness, blast
resistant materials, but limited studies of their high strain rate behavior have been performed.
Their high toughness has been attributed to low stacking fault energies and the activation of
toughness enhancing deformation mechanisms, such as twinning- and transformation-induced
plasticity (TWIP and TRIP, respectively), that may be affected by increased strain rate. This
work examines a series of CoCrNi MPEAs tested with a miniaturized pressure bar, while
simultaneous synchrotron x-ray diffraction and imaging are performed, and compares these
results to those collected during quasi-static deformation at elevated temperatures. The collected
diffraction indicates that TRIP was active at elevated strain rates for the most Co-rich alloys
containing 50 or 55 at. pct. Co, while TRIP behavior was suppressed at elevated strain rates in a
40 at. pct. Co alloy anticipated to experience TRIP. The suppression of TRIP in the lower Co
alloy at high strain rates is attributed to adiabatic heating, consistent with suppression of TRIP as

a result of elevated temperatures.
Background and Introduction

Multi-Principal Element Alloys (MPEAs) and related materials, such as High Entropy
Alloys (HEAs), Medium Entropy Alloys (MEAs) and Complex Concentrated Alloys (CCAs),
have grown in interest since their introduction in 2004 by Cantor and Yeh ! Some of these
materials, including the equiatomic CoCrNi alloy, have shown promise as exceptionally damage
tolerant materials, especially at cryogenic temperatures 331 The discovery of CoCrNi’s
remarkable mechanical properties has resulted in a surge of interest in MPEAs that take
advantage of specific deformation mechanisms, such as Twinning and Transformation Induced
Plasticity (TWIP and TRIP, respectively), in search of more damage tolerant alloys °'%. TRIP
and TWIP behaviors have been studied more extensively in advanced high strength steels, and
are regarded as toughness enhancing deformation mechanisms, due to their ability to promote
high work hardening rates and thus increased strength and uniform elongation''''*!. While face-
centered-cubic (FCC) CoCrNi remains the structural alloy with the highest reported fracture
toughness, other works have produced evidence of non-equiatomic alloys with comparable or
superior tensile strength and ductility *'”). Manganese containing MPEAs, such as those in the

FeMnCoNi family, have also been shown to experience both TRIP and TWIP behaviors ['*].
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Recent work has shown that TRIP and TWIP effects may be enabled by alloying variations to the
CoCrNi ternary, with Co- and Cr- rich alloys experiencing TRIP and Ni-rich alloys experiencing
TWIP %% This is a result of Co’s effect on stacking fault energy and the increased stability of
the hexagonal-close-packed (HCP) phase *'**!. Because TRIP behavior is produced by
martensitic transformation from a parent to product phase (in this work, FCC->HCP), TRIP
behavior is limited by the diffusionless transformation temperature. The diffusionless
transformation temperature, Ty, is a thermodynamic factor describing the temperature at which
two phases have the same free energy at a given composition. This serves as a limiting
temperature for TRIP, because it is the temperature below which a free energy savings from the
martensitic parent—>product phase transformation exists. As free energy savings from a
transformation are generally larger far from T, for a given temperature below Ty, a high T, may
also indicate an increased driving force for TRIP behavior and thus a higher likelihood of TRIP
as an operative deformation mechanism. Alloys in this work were deliberately selected to have a
wide range of T values, in order to explore a range in behavior including both TRIP and TWIP

phenomena.

Because CoCrNi and related alloys have excellent damage tolerance, even at cryogenic
temperatures, it is anticipated they may exhibit promising properties at elevated strain rates and

3.525] This is supported by recent strain

be suitable for performance in extreme environments |
rate studies of FeMnCoCrNi and FeCoCrNi performed by Shibani et al., as well as studies of
FeCoCrNi performed by Zhang et al., which show increased strength and ductility as a function
of increasing strain rate ***”). While some dynamic testing has been performed on MPEAs, little
work has been dedicated to examining the effects of strain rate on the activation of TRIP

behavior, particularly in CoCrNi alloys, which is the aim of this work.
Experimental Methods
Quasi-Static Testing of a CossCryNis MPEA at Elevated Temperatures

A Cos5CrgoNis (at. pet.) alloy (hereafter Co55) was predicted to experience TRIP using
CALPHAD software. Specifically, Thermo-Calc software and the TCHEA3 database were used
to identify alloys with high diffusionless transformation temperatures that lay within the single-
phase region of the CoCrNi ternary phase diagram at 1200°C; this is a similar methodology to
the work of Coury et al ). Co55 was selected for its Ty of 967°C. While dual phase Fe-

3
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containing MPEAs exist that exhibit good quasi-static mechanical properties, in CoCrNi the FCC
region is bound by intermetallics, such as o-phase, which can have deleterious effects on
mechanical properties ’*). Figure 1 explores the range of T, for CoCrNi alloys, so as to indicate
TRIP potential of alloys with T, above room temperature. A roughly 3 kg ingot of Co55 was
produced via spray forming from commercially pure precursor material. Eight samples were also
prepared by cold rolling, followed by heat treatment at 1200°C to recrystallize the material and
ensure a fully FCC microstructure, before being machined by wire electro-discharge machining
(EDM). A schematic of the sample geometry is provided in the supplemental materials. Testing
of the spray formed material was performed using a customized Gleeble 3S50™ thermo-
mechanical simulator at the XTMS beamline at the Brazilian Synchrotron Light Laboratory
(LNLS with a beam energy of 12KeV (1 = 0.10334) to perform simultaneous x-ray diffraction
(in reflection geometry off a 2x2 mm region of the sample) and quasi-static straining (¢ = 8.75 *
10~*s71) at temperatures ranging from -100 to 900°C. Additional details regarding alloy

selection and experimental methods are provided by Coury e al. "2,

High-Rate Testing of CoCrNi TRIP and TWIP MPEAs

A series of five CoCrN1 MPEAs were selected based on their ability to be heated into a
single phase, FCC disordered solid solution and to have a range of diffusionless transformation
temperatures (in the method of Coury et al.) "), All thermodynamic data was generated using
ThermoCalc’s TCHEA3 database, in which the CoCrNi ternary is fully assessed for all
compositions and temperatures. The selected alloys include four along the CoyCryoNigy_x line,
with X = 30,40, 50, and 55 (at.pct.), as well as the equiatomic €033 33C73333Ni33 33 alloy.
These alloys are plotted onto a diffusionless transformation temperature map for the CoCrNi
ternary in Figure 1. Hereafter, these alloys are referred to only by their Co-content (e.g.,
Co040CrgoNiyg is Co40), aside from the equiatomic composition, which is referred to as CoCrNi.
The diffusionless transformation temperatures for these alloys are presented in Table 1. This
range of alloys was specifically selected for their range in diffusionless transformation
temperature such that they span a range of expected behaviors, with TRIP behavior expected in
alloys with Ty > 300 K and non-TRIP behavior in the alloys with Ty < 300 K, allowing study
of how high-rate deformation affects the TRIP effect.
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These alloys were prepared by arc-melting in an inert argon atmosphere from high purity
components (99.9% or greater). The resulting buttons were then forged above 1000°C to
improve their geometry for machinability. Twelve sub-sized, microscale tensile samples of each
alloy were then machined using wire EDM and manually ground to final thickness of 100 um. A
schematic of the sample geometry is provided in the supplemental materials. This thickness is
required, due to the high attenuation coefficients of Co, Cr, and Ni for photons in the energy
range used for synchrotron x-ray diffraction during deformation, as further described below.
Finally, the samples were homogenized at 1150°C for 90 min before water quenching to room
temperature to ensure a single-phase FCC microstructure. This heat treatment was verified by
laboratory X-ray diffraction (Cu-Ka radiation) to produce a single-phase FCC structure in all
alloys, except for Co55, which shows some HCP to be present after quenching. As 1150°C is
well above the FCC solvus for Co535, this is believed to be a result of martensitic transformation
occurring prior to the testing during sample preparation and/or handling, rather than HCP that

survived the heat treatment process.

The tensile samples were tested at Sector 32-ID-B at the Advanced Photon Source (APS)
at Argonne National Laboratory with a modified tension bar (because of space limitations within
the 32-ID-B hutch, only an incident bar, and not a transmitted bar, can be used) to perform high-
rate tensile loading (¢ ~ 1000 s~1) with simultaneous synchrotron x-ray diffraction and
imaging. Due to intensity requirements of the experiment, a quasi-single line beam from the U18
undulator at Sector 32-ID was used with an undulator gap of 12 mm, the intensity-energy spectra
for this beam is shown in the supplemental materials. The first harmonic peak of this spectra is at
24.23 keV (A = 0.5117 A). In an effort to sample as large a fraction of the sample as possible,
the beam was focused to 1 x 2 mm®”. More information on the high-rate loading instrument used

may be found in Hudspeth er al. ",

Results
Quasi-Static Testing of a CossCryNis MPEA at Elevated Temperatures

Initial HCP in the spray-formed Co55 induced by machining was removed by a Gleeble
heat treatment above 1200°C before quenching to the testing temperature, resulting in FCC

microstructures prior to straining, without detectable HCP peaks in the XRD pattern shown in
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Figure 2. During quasi-static straining at temperatures between -100 and 450°C, clear evidence
of HCP peak evolution with strain is revealed, indicating the presence of deformation-induced
martensitic transformation, or the TRIP effect. An example of the collected diffraction for the
TRIP alloys is shown in Figure 2. At the highest temperature tested, 900°C, TRIP behavior was
not observed, as indicated by the lack of peaks evolving with strain, see Figure 3. For the 600°C
and 750°C cases, HCP peaks evolve as a function of strain, but continue to grow after failure has
occurred in the sample. This can be rationalized by considering the greater extent of deformation

occurring near the point of failure and the movement of the neck into the beam after the sample
has failed.
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Figure 1: Diffusionless transformation temperatures (Ty) of the CoCrNi ternary. Diffusionless
transformation temperatures are increased by additions of Co and Cr, which stabilize the HCP
phase. Ni acts to stabilize the FCC phase, with resulting Ni-rich alloys having low T to the point
of the HCP phase never being lower in energy than the FCC phase, regardless of temperature

(Ty < 0K). The single phase FCC region at 1200°C is marked with a dashed red line. The
CoxCryyNigo_x line is marked by a black dotted line. Alloys believed to be TRIP enabled are
marked by blue stars, and alloys believed to be TWIP enabled are marked by yellow stars.

Table I: Diffusionless transformation temperatures for the alloys tested. For cases where the
relative stability of the FCC and HCP phases is such that there is no temperature at which the
HCP is predicted to be more stable than the FCC, T is reported as D.N.E. or does not exist.

CoCrNi D.N.E
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Figure 2: Heatmap of normalized intensity for CossCrsoNis tested at 60°C, showing the evolution
of HCP peaks as a function of plastic strain from an initially pure FCC matrix. Detectable
quantities of HCP begin forming at approximately 10% plastic strain, and the relative intensity of
the HCP (1011) peak continues to grow until approximately 20% plastic strain. The peaks are
indexed and attributed to the FCC or HCP phases.

During the test, simultaneous crosshead motion in both directions was used to ensure the
illuminated area of the sample was fixed, thus eliminating the effects of microstructural variation
across the sample. However, after failure, the illuminated area of the sample changes in time due
to continuing crosshead displacement. This would account for the near linear response of the
HCP fraction with time after failure, as well as the close relation between the end of the
crosshead displacement and time at which the plateau in HCP fraction is reached. This data is
explored in the supplemental materials. It is not anticipated for the appearance of HCP peaks to
be a result of a diffusional transformation, because similar behavior is not observed in the 900°C
case, where the equilibrium microstructure is fully HCP and due to increased temperature,
diffusion should proceed at a much more rapid rate. This indicates that TRIP is still occurring at
600°C and 750°C, but requires additional deformation to activate relative to the lower

temperature cases.
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Figure 3: Heatmap of normalized intensity for CossCrsoNis tested at 900°C  showing no
evolution of HCP peaks. This implies that either TRIP behavior was completely suppressed at
this temperature, or so little transformation occurred prior to failure that it could not be detected
by the diffraction. In either case, this indicates elevated temperatures, even when still below T,
may result in suppressed TRIP behavior in CoCrNi alloys.

Because temperature correlates strongly with the activation of TRIP, analysis of the
transformed fraction with plastic strain for all TRIP temperatures was performed. The relative
intensity of the HCP phase was determined by analyzing the relative areas of the FCC (111) and
HCP (1011) peaks. Because the HCP (0002) peak overlaps with the FCC (111) peak, the area of
the HCP (1010) peak, scaled by its relative intensity relative to the HCP (0002) peak, was
subtracted from the area ascribed to the FCC (111) peak. Assessing these for the plastic strains of
the different temperature tests, and then using a generalized logistic fit (Equation 1) to assess the
growth of the HCP phase results in Figure 4. A difference in the behavior of the TRIP
phenomenon as temperature increases is evident from both the plateaus and rates of
transformation shown by the data. The generalized logistic curve used is defined by Equation 1,

below:

(e)=A+

1
(C +Q ey "
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where A is the lower asymptote, K is the upper asymptote, Q is a factor relating to the initial
HCP fraction prior to straining, B is the transformation rate, and v describes the asymmetry of
the curve. The parameter C is generally taken as 1 and alters the upper asymptote from K when
C # 1. To enable direct comparison of the upper plateaus from the fits, the value of C has been
fixed at 1. Additionally, as the microstructures were all initially fully FCC, the value of A was
assumed to be 0 for all cases. The details of the fits are found in Table 2. The LNLS diffraction
data shows a decrease in both the rate of transformation (defined using the growth rate
parameter, B, of the generalized logistic curve) and the extent of transformation (defined as the
upper asymptote of the generalized logistic curve) with increasing testing temperature. These
values, as well as the fraction of T, and AGF¢¢~HCP for each temperature, are presented in Table

2.
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Figure 4: Plots of HCP fraction as a function of plastic strain for tests from -100 to 450°C, as
determined from in-situ synchrotron x-ray diffraction experiments at LNLS, along with
generalized logistic fits of the data to estimate the plateau heights of the samples that failed
before the plateau was reached. This shows a decrease in the plateau height for the maximum
HCP amount as a function of increasing temperature. Due to porosity inherent from the spray
forming process, it is believed that samples other than that tested at 60°C failed prematurely as
they had yet to reach a plateau in the FCC to HCP transformation, and as such were expected to
have high work hardening rates that would prevent instability. The dashed lines associated with
the 300 and 450°C tests are extrapolations of the plateau, given the logistic fit. The -100°C
sample failed at too low a strain to estimate the plateau accurately. In addition to decreasing
plateau height, the increasing temperatures resulted in decreased transformation amounts in the
generalized logistic fits. In the plots, this appears as a decreasing slope of the near-linear portion
of the logistic fits.
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High-Rate Testing of CoCrNi TRIP and TWIP MPEAs

Of the alloys tested with simultaneous x-ray diffraction and imaging during high-rate
deformation with a tension bar, three of the five tested alloys (CoCrNi, Co30 and Co40) showed
no experimental evidence of exhibiting TRIP type behavior, as no new peaks were evolved
during the straining at 1000s 1. This does not necessarily mean that no HCP phase formed. In
heavily deformed equiatomic CoCrNi, for example, nanometric layers of the HCP phase may
form, which are difficult to detect using XRD *!!. The TRIP enabled Co50 showed evolution of a
new peak attributable to HCP {1011}. The Co55, while containing initial HCP, showed
increased intensity of the HCP {1011} peak relative to the FCC {111} and {200} peaks.
Examples of the collected diffraction patterns relative to the expected pattern for a complete
FCC->HCP transformation in Co50, produced using the High Speed Polychromatic X-ray

Diffraction (HiSPoD) software, are shown in Figure 5 321,

Table II: Parameters for fits of TRIP behavior as a function of temperature for CossCrsNis,
showing decreasing upper asymptotes (K) as well as transformation rates (B) with increasing
temperatures. Also shown are the relevant thermodynamic parameters to TRIP behavior, T, and
AGFCC~HCP for each temperature. 600°C and 750°C tests, which showed evolution of HCP after
failure were not fit, as the HCP formation is better attributed to changes in the sampled region
than deformation, and the 900°C test showed no HCP peak evolution.

Temperature TRIP K B Q = 107 v*107 | T/T, | AGFCCHCP
°O) (J/mol)
—-100 Y 0.399* | 322 4.69 1.06 0.14 -2691.8
60 Y 0.779 15.9 4.64 0.73 0.27 -2288.1
300 Y 0.686 13.2 4.54 0.90 0.46 -1682.5
450 Y 0.657* | 13.3 11.3 1.23 0.58 -1304.0
600 Y --- --- - - 0.70 -925.6
750 Y --- --- --- - 0.83 -547.1
900 N --- --- - - 0.95 -168.6
* Due to the limited strain at failure for the -100°C and 450°C, accurate prediction of the upper
asymptote is not possible, resulting in a prediction just shortly above the HCP fraction at
failure.

Due to the high ductility of CoCrNi alloys, a number of the samples did not fail in the

initial straining wave, but rather failed in subsequent pulses. The mechanical data for the
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subsequent loading was not collected. Examination of the mechanical response for the high-rate
testing shows similar stress-strain response for all alloys other than Co55, which exhibits
increased strength and reduced ductility. The sinusoidal shape of the example stress strain curves
occurs due to ringing in the load cell from elastic wave propagation through the incident bar and

sample. Representative stress-strain curves are shown in Figure 6.

(a) Simulation (b) Co40 Non-TRIP
HfyH F H Bl HfyH F H e
1.0
0.8
c =
2 06 s
% &
& ©
; 0.4 ?E
0.2
0.0
10 14 16 18 20 22 24 26 10 12 14 16 18 20 22 24 26
26 (°) 26 (°)
)  Co50 TRIP @  CoS55 TRIP
H ¥yH F H HfxH F H iy
£ c
s 8
& &
= °©
3 G
i ]
o (=%
10 12 14 16 18 20 22 24 26 10 12 14 16 18 20 22 24 26
260 (°) 20 (°)

Figure 5: Comparison between (a) simulated diffraction patterns of different phase fractions of
HCP and FCC for a Co50 alloy, showing a transformation from 100% FCC to 100% HCP, given
the energy spectrum used for diffraction (Epeqr = 24.23KeV, Apoqr = 0.51174) and a matching
detector geometry to the experimental results. Experimental diffraction patterns of (b) Co40
(non-TRIP), (c) Co50 (TRIP), and (d) Co55 (TRIP) MPEAs. FCC and HCP peaks are marked
with an F or H, respectively. Regions where FCC and HCP peaks overlap are marked as "/;;, The
onset of straining, as well as failure or the end of the first straining pulse, whichever occurred
first, are marked with dotted lines (gold and red, respectively). Qualitative comparison between
the simulated diffraction and collected patterns shows an HCP fraction of 40-60% in (c) the
Co50 case at 30% strain, and of 60-80% in (d) the Co55 case at 20% strain. Results for other
non-TRIP alloys (CoCrNi and Co30) are similar to (b) Co40. The increase in intensity of the
Co40 peaks with strain is believed to be a result of increased transmission due to thinning during
the tension test.

11
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Figure 6: Mechanical response of alloys tested at 1070 4+ 15s~1. Co30, CoCrNi, Co40, and
Co50 all demonstrate similar mechanical response to the high-rate deformation. Co55 showed
limited ductility relative to the lower Co alloys. Only the Co55 alloy failed before the end of the
first strain pulse.

Discussion

In the Co55 alloy tested at LNLS, suppression of TRIP behavior was seen even below T,.
Beginning at 600°C, TRIP initiation requires high strain levels relative to lower temperature
tests, where TRIP was active even at low plastic strains (5% or less). In the 900°C test, no
evidence of TRIP behavior was observed. The effect of temperature on the driving force for
TRIP is clear. At high temperatures (approaching T /T, = 1), the volumetric free energy savings
for the martensitic transformation decrease. At T /T, = 1, there is no driving force for the
transformation, and above this temperature, the forward progress of the reaction is energetically
unfavorable. From the experiments at LNLS, it can be seen that the decrease in AGF¢¢—HCP
results in decreasing HCP fraction with strain, as well as decreased rates of HCP formation with
strain. This can be attributed to the decreasing driving force of the transformation. As the
temperature increases, the TRIP phenomenon becomes less favorable. For the case of the Co55
at 600°C, as compared to 60°C, there is a decrease in driving force of over 1.3kJ/mol, or greater

than one half of the driving force for TRIP at the lower temperature, as calculated via

CALPHAD.

This reduction in driving force can also be examined as it relates to another property

frequently correlated to an alloy’s TRIP potential, the stacking fault energy. While for high SFE

12



254  materials deformation occurs mainly by dislocation slip, progressively lower SFE alloys may
255 also have TRIP and TWIP mechanisms operating >, It is known that stacking fault energy,
256  yspg, increases with temperature. Therefore, TWIP would be favored at elevated temperatures
257  compared to TRIP %7, Using the Olsen-Cohen model of stacking fault energy in FCC

258  materials and considering only the effect of changing AGFC¢¢~HCP for Co55 with temperature, it
259  can be seen that stacking fault energy will increase by 82mJ/m? at 600°C relative to 60°C P*.
260  This suggests TWIP, or even only dislocation slip, occur at elevated temperatures. For

261  comparison, measurement of yspr for Co55 showed room temperature stacking fault energies in
262  the range of 18-24 mJ/m?, which is consistent with the values reported for similarly Co-rich
263 CoCrNi alloys by Koster et al. *?!. These data were generated using the method of Pierce ef al.

264  and are presented in Figure 7 [**,
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265  Figure 7: Measurements of stacking fault energy for Co55 at room temperature. These values
266  are consistent with those reported in literature for Co-rich CoCrNi alloys, and are reflective of
267  this alloy’s potential to exhibit TRIP type behavior. Measurement of the stacking fault energy
268  was performed by the method of Pierce et al. 1*.

269 TRIP behavior was anticipated in the Co40, Co50, and Co55 alloys, both by
270  consideration of thermodynamic factors like the diffusionless transformation temperature, T,

271  and from previous work (for Co55). The Co40 alloy was expected to TRIP based on its T, of

13
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407°C and AGFCC~HCP of —916 J /mol at room temperature, as well as TRIP behavior that has
been observed in a similar alloy, Co36Cr3sNiag 351 As increased Ni acts to stabilize the FCC
phase, it would be expected that increasing Ni at the expense of Co and Cr would result in an
alloy less likely to TRIP, or conversely, that TRIP behavior would be promoted by decreasing
Ni-content and replacing it with additional Co and Cr ™!, This suggests that the high strain rates
employed acted to suppress TRIP.

Dynamic testing has several effects on sample response. In general, and analogously to
low temperatures, high strain rates reduce the thermal contribution to dislocation motion and

4243 Additionally, because the tests are short in duration, heat

promotes deformation twinning !
generated by plastic deformation during dynamic tests is unable to transfer to the surroundings
and results in increased sample temperatures. Recent work by Soares et al. on an equiatomic
FeMnCoCrNi alloy tested at strain rates up to 2800s~1 has shown adiabatic heating can result in
sample temperature increases of up to 80°C *. For the C040, 80°C of adiabatic heating would
result in a temperature of =~100°C, which is still below the diffusionless transformation
temperature for Co40 of 407°C. At 380K (107°C), there is also a relatively large driving force for
the FCC>HCP transformation in Co40 (AGE4SHCP = —724.6 ] /mol), allowing for the
possibility of TRIP from a thermodynamic standpoint. However, volumes of HCP sufficient to
be observed in the diffraction did not evolve. Due to high noise levels associated with diffraction
during in-situ high strain rate testing, it is possible that HCP was evolved in low fractions or in

(23] 1t is not clear

nanometric layers, yielding undetectable signal in the Co40 diffraction patterns
from these experiments what minimum volume fraction of HCP would be required to produce
observable diffraction peaks, but by referencing the simulated diffraction patterns in Figure S, a

conservative estimate would be 10-20%.

Comparing the driving force for the transformation in Co40 at 107°C to the driving forces
of Co55 for the temperatures tested at LNLS shows that Co40 at 107°C has similar AGF¢¢HCP
as Co55 between 600°C and 750°C, where TRIP behavior required greater strain to activate, and
only low fractions of HCP were ever produced. This is also consistent with behavior in 304
stainless steel. Work by Hecker ef al., as well as other studies, has shown that increased strain
rates and associated adiabatic heating result in significantly reduced TRIP behavior compared to

quasi-static deformation, consistent with the lack of observed TRIP effect in the Co40'*>

14
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81 Although these studies are performed in a different alloy class, the thermodynamic and kinetic
considerations for TRIP are similar and it is believed that qualitative comparisons of behavior

between the alloy classes are valid.

It is believed that the alloys not exhibiting observable TRIP type behavior instead
exhibited TWIP behavior, including the Co40 alloy. Considering high strain rate to be analogous
to low temperatures, this behavior is consistent with the reported deformation mechanisms of
Co-lean CoCrNi MPEAs 2*#%] While TWIP is more difficult to observe by means of in-situ
diffraction with only partial ring detectors, the collected area diffraction patterns, which initially
contain only partial rings with discrete reflections, rapidly evolve into full rings during the initial
straining. This behavior is consistent with deformation twinning, as twinned regions introduce
new crystal orientations. Examples of initial partial rings and later full rings of a Co40 alloy are
shown in Figure 8. While this is not solely indicative of TWIP behavior, in alloys like CoCrNi
that have been extensively reported to experience significant deformation twinning, TWIP type
behavior is the most probable explanation ***4. The TWIP behavior of Co40 is also consistent
with the behavior seen in this work of Co55 at elevated temperatures, where Co55 has similar

AGFCC~HCPand TRIP behavior is suppressed and replaced by another deformation mechanism.

Due to differences in processing (arc-melting vs. spray forming) and sample sizes,
comparisons between the behaviors of the quasistatic and high-rate experiments are not perfectly
straightforward. However, consideration of possible effects of these differences can be assessed
to determine their significance when evaluating the rate effects on TRIP behavior in CoCrNi
alloys. Grain size effects are important in TRIP behavior; however, they are not straightforward
to assess. While finer grain sizes increase the total grain boundary area available as nucleation
sites for the HCP phase, fine grains also tend to increase back-stresses and inhibit growth of the
HCP phase °°?. Here, differences in the microstructure of the spray formed (initial grain size
of spray formed Co55 = 40um) and arc melted samples (initial grain sizes of arc melted Co55
~ 33um) may result in different strains being required for TRIP to activate. However, as the
grain sizes are similar, this effect is expected to be small. More complicated is the effect of
constraint on the deformation mechanism. Here, the thin samples are not expected to have a
consistent through thickness strain state, however, the quasistatic tests were performed on thicker

samples, but in a reflection geometry, and thus sampled the poorly constrained surface of the
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thicker samples 1°*!. While the geometries are not identical, the similar lack of constraint in both
samples suggests a likely similar response of the deformation mechanism. As the grain size and
constraint influences are expected to be similar for the high-rate and quasistatic tests, observed
differences are expected to be a result of the different strain rates. As TRIP behavior was
suppressed during the high-rate experiments, it can be taken as an indicator that an effect of the

high-rate deformation was responsible for the suppression of TRIP behavior in Co40.

Exploration of the mechanical response of the high-rate data is complicated by ringing in
the load cell and the fact that not all alloys failed consistently in the first pulse of strain. The data
shows the Co55 alloy has higher strength, but lowered ductility compared to the other alloys
tested (Figure 6). As tested, the Co55 was the only alloy with initial HCP phase in the
microstructure. This initial HCP may result in the observed increase in strength and reduction in
ductility compared to the other alloys. HCP present in the initial microstructure would result in
increased yield strength as a result of a composite strengthening effect, in which HCP acts as a
stronger phase compared to the FCC, as well as contributing to a dynamic Hall-Petch effect in
which the martensite acts to reduce the effective grain size of the material. The reduction in
ductility may also be attributed to the initial HCP, as the ductility in TRIP materials is a result of
the high work hardening that the martensitic transformation promotes, which delays instability.
By having initial HCP in the microstructure, the saturation of the transformation may occur at
lower strains. As saturation of the transformation is expected to result in reducing work
hardening rates, this may result in instability, and thus a reduction in ductility, although
additional studies of the bulk mechanical response and associated microstructural
characterization are warranted. It is possible that this initial HCP was formed as the result of
unintentional straining of the thin samples. While this was not observed in the other alloys,
which were handled similarly, the Co55 had the highest driving force for the FCC>HCP
transformation. Accidental straining is difficult to avoid with the thin samples required for this
kind of high-rate XRD, but as the load required to strain the material increases with part size, this
is not expected to detract from performance in larger samples. While the ease of activating the
FCC->HCP transformation in these alloys makes them more challenging to study, we believe
there are use cases, such as in high-rate impacts, that alloys with easily activated TRIP behavior

are useful, and thus important to study.

16



362
363
364
365
366
367

368

369
370
371
372
373
374
375
376
377
378
379
380
381

382
383
384
385

Before

Figure 8: Evolution of full diffraction rings from initial partial rings with discrete reflections
collected before and during straining of Co40 at high-rate (1000s~1) at the APS. This behavior is
attributed to deformation twinning, which is promoted in FCC alloys during high-rate
deformation, and has been shown to be a common deformation mechanism in the CoCrNi family
of MPEAs. Expected positions of the FCC (111) and (200) diffraction rings are marked with
dashed lines.

Conclusions

This work examined the suppression of TRIP behavior at temperatures below T, during
quasi-static straining of a Co-rich TRIP alloy. At elevated temperatures where AGF¢¢>HCP >
—1000/ /mol, TRIP was nearly completely suppressed, and at temperatures where
AGFCC-HEP > —200] /mol, TRIP was suppressed completely. Assessing HCP evolution with
plastic strain revealed that increasing temperature, and thereby decreasing the driving force for
martensitic transformation, resulted in decreased extent of transformation. These results were
compared to and used to explain the suppression of TRIP in a Co40 alloy during dynamic testing
at 1000s 1. In this case, adiabatic heating and the low driving force for transformation act to
suppress TRIP behavior and favor TWIP type behavior instead. Co-content was observed to
dominate the activation of TRIP behavior, as it has a strong effect on the relative stability of the
FCC and HCP phases and allowed for TRIP behavior to remain active for high Co alloys. TWIP
remains active in CoCrNi at elevated strain rates, and becomes the primary deformation

mechanism for Co40 when TRIP is suppressed.

Both TRIP and TWIP CoCrNi type alloys showed similar mechanical response at high
strain rates, with the exception of the Co55 alloy, which had lower ductility and enhanced
strength compared to the other alloys. This was attributed to the presence of martensitic HCP in

the microstructure prior to straining. The initial HCP is believed to result in reduced ductility by
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reducing the strain at which saturation of the FCC->HCP transformation occurs, resulting in
reduced work hardening and the onset of instability. Additionally, the initial HCP phase in the
Co55 is believed to result in increased strength of that alloy through a composite strengthening
type effect. Additional work is needed to assess the relative mechanical properties of CoCrNi
alloys deformed at high strain rates and explore the relationship between ductility and

deformation mechanisms.
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