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Abstract 

While precipitate-dislocation interactions are well-understood for Al-Cu alloys in tension, creep behavior 
has seen far less study.  New, thermally-stabilized Al-Cu alloys have θʹ (Al2Cu) as strengthening 
precipitates that remain stable up to 300°C (~60% of the melting temperature) and higher, where creep 
becomes essential to the mechanical behavior.  This investigation identifies the precipitate-dislocation 
interactions in such an Al-Cu alloy using in-situ neutron diffraction and scanning transmission electron 
microscopy.  Significant load transfer to the θʹ precipitates occurs, which can be attributed to dislocation 
loops on the interfaces of θʹ and the Al matrix.  Thus, Orowan looping is identified to be the primary 
activity for precipitate-dislocation interactions.  As Orowan looping and load transfer are associated with 
significant strain hardening, these results explain the excellent creep resistance seen in this alloy, and 
provide insights into the design of precipitation strengthened alloys with superior creep performance.   

Main Text 

Al-Cu alloys have a long history in numerous applications [1–3] and interest in their mechanical 
properties and corresponding precipitate-dislocation interaction mechanisms is widespread.  The 
precipitate-dislocation interactions in Al-Cu alloys during monotonic tensile deformation have been 
extensively reported [4–9].  The fundamental precipitate-dislocation interaction mechanisms during 
creep deformation of Al-Cu alloys are largely unknown.  A newly developed class of Al-Cu alloys with Mn 
and Zr additions (called ACMZ alloys) have shown thermal stability of the strengthening θʹ precipitates 
above 300°C [3] (~60% of the melting temperature of the alloy), where creep deformation becomes 
significant.  Other investigators have reported that Fe and Sc addition increases the thermal stability of 
θʹ precipitate strengthened microstructures along with their corresponding creep resistance [10]. In the 
present study, we identify the mechanism by which the θʹ (Al2Cu) strengthening phase improves the 
creep resistance of a highly creep resistant ACMZ alloy with Ni additions called RR350. 

A relevant concept when discussing precipitate-dislocation interactions is load transfer.  Load transfer 
can occur during plastic deformation when a high strength precipitate is bypassed by dislocations, i.e. 
plastic deformation occurs in the matrix, while elastic deformation occurs in the precipitate [11].  Load 
transfer can provide enhanced strain hardening in Al-Cu alloys through a mechanism known as 
backstress hardening [12].  Load transfer relies on bypass of dislocations, and will diminish when 
precipitates are sheared by dislocations, so the transfer of load from the matrix to the precipitates can 
provide a signature of the precipitate-dislocation interactions.  The method to identify precipitate-
dislocation interactions in Al-Cu alloys as a function of precipitate size, type, and morphology, as well as 
temperature, has been reported previously [13,14].  It was observed that θʹ precipitates are bypassed by 
dislocations in the initial stage of plastic deformation, but can be cut by dislocations later in the plastic 
regime via the delayed shearing mechanism at elevated temperature [8,9,15]. Load transfer can also 
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occur during creep deformation, and has been discussed for aluminum metal matrix composites [16–
18], but has not been studied in precipitation strengthened aluminum alloys. 

Creep deformation generally occurs in three stages [19]: primary (or transient) creep, where the creep 
rate is decreasing as a function of time due to strain hardening; secondary (or steady-state) creep, 
where the rate of strain hardening and recovery balance each other, and the strain rate is constant as a 
function of time; and tertiary creep, where instability occurs due to necking or void formation and strain 
rate increases as a function of time until rupture.  Steady state creep occupies the largest fraction of 
creep life for most materials, and the corresponding rate is applied to identify the dominant creep 
mechanism. 

The authors have previously studied the creep behavior in several Al-Cu alloys using traditional stress-
jump creep tests, and found that the presence of θʹ precipitates improves the steady-state creep rate 
[20].  In addition, the presence of grain boundary precipitates further reduced the diffusion creep rate 
for one Al-Cu-Ni alloy called RR350.  It was concluded that the θʹ precipitates prevent deformation in the 
grain bulk, causing deformation to occur at the grain boundaries, and the grain boundary Al-Cu-Ni 
precipitates slow the grain boundary mediated deformation, particularly at low stresses.   

The RR350 Al-Cu-Ni alloy was further investigated in the present investigation.  This alloy was chosen 
due to its exceptional precipitate stability at elevated temperature [3] and good creep resistance [20].  
Its composition is shown in Table 1.  The alloy was heat treated to a peak aged (T6) condition, then 
‘preconditioned’ at the testing temperature to generate a thermally stable microstructure during the 
creep test.  Details of the heat treatment are shown in Table 2. 

Table 1: Composition of Alloy RR350, wt.%. 

Cu Mn Zr Si Zn Fe Ni Co Ti Sb Al 
4.8 0.19 0.17 0.05 0.01 0.09 1.2 0.26 0.21 0.17 bal. 

 

Table 2: Heat treatments applied to the alloy prior to testing. 

Step Solutionize Quench Age Precondition 
Time and 

Temperature 
535°C for 5h 80-90°C for >1h 220°C for 4h 300°C for 200h 

 

Figure 1 displays Scanning Transmission Electron Microscopy (STEM)-High Angle Annular Dark Field 
(HAADF) images of the alloy in the as-aged state, and after preconditioning at 300°C for 200 h (see Table 
2).  Note that there is limited coarsening or transformation, even after extended high temperature 
exposure (the mean precipitate thickness increased by only 5.2% after the preconditioning treatment 
[3]). 
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Figure 1: As-aged and 300°C preconditioned STEM images of RR350 alloy.  Note that limited coarsening 
and transformation occurs during the preconditioning treatment, making this condition suitable for 
subsequent creep testing . 

Two types of characterization experiments were carried out to study the precipitate-dislocation 
interactions during creep: in-situ neutron diffraction and ex-situ STEM.  The in-situ neutron diffraction 
experiments were done during a creep test that utilized a Materials Testing Systems load frame with a 
high temperature extensometer to apply and measure stress-strain behavior; induction heating coils and 
two thermocouples were welded to the specimen to control temperature.  Neutron data were collected 
continuously during the experiment from two banks of detectors aligned with diffraction vectors parallel 
and perpendicular to the tensile loading direction, respectively.  Only the parallel bank aligned with the 
tensile loading direction will be discussed here for simplicity.  The primary result from the neutron 
diffraction that will be discussed is the lattice strain 𝜖!"#; defined by the equation: 

𝜖!"# =
𝑑!"# − 𝑑$!"#

𝑑$!"#
 (1) 

where 𝑑!"#  is the lattice interplanar spacing and 𝑑$!"#  is a reference lattice interplanar spacing collected 
with a very small load (100 N/0.03 MPa) applied. 

The creep tests were performed in-situ with multiple loads applied to each specimen to identify rate 
controlling deformation mechanisms.  The stresses and hold times for each of these steps are shown in 
Table 3.  Neutron diffraction data were collected continuously during the creep test, and was later 
chopped into 30-min segments overlapping with adjacent sections by 10 min on either side to collect 
sufficient neutron counts to quantify precipitate lattice strains.  Stress levels were fit separately from 
one another, so no diffraction data was presented that overlapped multiple stress levels.  As shown in 
Table 3, the stress was held at 80 MPa for longer duration than at the other stresses, in order to study 
the effect of extended secondary creep. 
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Table 3: Stresses and hold times for the in-situ creep test at 300 °C. 

Stress (MPa) Time (h) 
80 13 
85 1 
90 1 
95 1 
100 1 
105 1 

 

A primary and secondary creep regime was observed for each of the stresses tested.  Due to the high 
stresses, the primary regime was very short [21], so a steady-state creep rate was measurable in each of 
the stress conditions by a linear fit of the secondary regime.  These steady state creep rates are plotted 
against stress in Figure 2 to study the rate-controlling creep mechanism.  There was a linear relationship 
between strain rate and stress on log scales, meaning that a power law relationship is followed.  The 
slope of this line is 12.6, which is associated with the power-law breakdown creep regime [22]. 

 

Figure 2: Minimum creep strain rates versus stresses for the RR350 alloy multiple stress creep test at 
300oC.  The creep exponent of 12.6 indicates the alloy is in the power-law breakdown regime [22]. 

The creep strain rate results are consistent with the previously-studied ex-situ creep properties at lower 
stresses for the RR350 alloy [20].  The in-situ neutron diffraction results provide additional information, 
as displayed in Figure 3.  Note that the lattice strain in the θʹ (211) is increasing, while the lattice strains 
in the matrix (α (111) and α (200)) are decreasing with accumulated creep macrostrain after ~1% 
macrostrain (measured with extensometer).  This observation is indicative of load transfer occurring 
during creep deformation, as the matrix and precipitate lattice stresses are departing from the bulk 
measurement.  Also note that this load transfer behavior is monotonically increasing in a near-linear 
fashion as a function of macrostrain for the majority of the experiment, meaning that the load transfer 
mechanism is not directly dependent on stress, as the stress was varied five times during the course of 
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the experiment.  In addition, no distinction can be seen in the load transfer behavior between the 
extended time creep hold at 80 MPa and the shorter holds at higher stress, even though the steady 
state strain rate increases by two orders of magnitude, so the load transfer mechanism is also not 
directly dependent on time.  Therefore, the load transfer mechanism (and by extension, the precipitate-
dislocation interaction mechanism) must only be directly dependent on accumulated creep strain, not 
on time or stress. 

 

Figure 3: Lattice strain versus true strain curves for the θʹ (211) crystallographic orientation, as well as 
the two extremes of matrix crystallographic grain orientations.  Note that the precipitate stresses are 
increasing over the course of the experiment, while the matrix stresses are decreasing, signifying load 
transfer.  This degree of load transfer suggests that the primary precipitate-dislocation interaction is 
bypass via Orowan looping.  Additional details of the same lattice strain-true strain behavior at the 
lower stress levels for individual crystallographic orientations can be seen in Figure S1. 

The behavior observed here is similar to the tensile behavior of this same RR350  alloy at 300°C [14].  
The primary precipitate-dislocation interactions that occurs during tensile loading is Orowan looping, 
followed by delayed shearing.  The load transfer occurred consistently throughout the creep test, so we 
hypothesize that Orowan looping is the primary precipitate bypass mechanism during creep 
deformation. Orowan looping mechanism is consistent with prior observations, as it is only directly 
dependent on accumulated plastic strain (although the accumulated plastic strain may be dependent on 
time or stress).  Orowan looping has been observed previously during creep deformation in Ni-based 
superalloys [23].  Also of note in Figure 3 is the anisotropy of the α phase lattice strain evolution, where 
the (200) crystallographic orientation is decreasing in lattice strain much faster than the (111) 
orientation, far more than what would be expected from anisotropic elastic properties [24].  This 
anisotropy is similar to the crystallographic anisotropy in strain hardening behavior during tensile testing 
of Al-Cu alloys, which is caused by anisotropy in load transfer.  The mechanism by which this anisotropic 
load transfer occurs is described in detail elsewhere [13,14].  
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Another possible mechanism of bypass of dislocations during creep is climb.  Climb as a bypass 
mechanism normally occurs around small precipitates [25,26].  While the precipitates in our 
experiments are thin, they have very high aspect ratio, and diameters greater than 350 nm.  The rate of 
climb follows the relationship [27]: 

𝑣̇ =
𝑁$𝐷𝜎𝑏%

𝑘𝑇
 (2) 

where 𝑣̇ is the rate of climb, 𝑁$ is the equilibrium concentration of vacancies, where 𝑁$ = exp0&!
"

"'1, D is 

the self-diffusion coefficient, 𝜎 is the applied stress, 𝑏 is the Burgers vector, 𝑘 is Boltzmann’s constant, 𝑇 
is temperature, and 𝐸(

) is the formation enthalpy for a single vacancy. The diffusivity values were 
assumed here to be the same as pure aluminum [28], and 𝐸(

) was measured using nuclear magnetic 
resonance [29].  Assuming the distance the dislocation must climb is half the diameter of the precipitate 
(D=390 nm [3]), this model predicts it will take 1012 s to overcome a single precipitate at 80 MPa applied 
stress.  Climb as the primary precipitate bypass mechanism can be reasonably ruled out.   

As confirmation that Orowan looping is occurring, post-mortem STEM was performed on the creep 
tested specimens to observe dislocations on the interfaces of the precipitates.  As Figure 4 
demonstrates, a multitude of Orowan loops can be observed in the STEM images for the face-on 
precipitates. 

 

Figure 4: Post-mortem bright field STEM of the RR350 specimen creep tested at 300oC.  Note the 
presence of dislocations on the interfaces of the θʹ precipitates, which are Orowan loops. Zone axis is 
<200>. 

There is an additional possibility that climb is occurring in the Orowan loops themselves; this mechanism 
has been discussed elsewhere [30].  There are two pieces of evidence refuting this mechanism 
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controlling the behavior, including: 1) the precipitates continue experiencing extensive load transfer, 
which would be reduced by climb of Orowan loops, and 2) dislocation loops can still be observed post-
mortem on the interfaces of the precipitate.  It was found that Orowan loops at the equator of spherical 
particles do not climb as they are in a metastable state, where the interface is perpendicular to the 
climb direction, not providing a driving force for climb [30].  We hypothesize that dislocations around θʹ 
precipitates act similarly, where the majority of the dislocation contacts the coherent interface, which is 
again perpendicular to the direction of climb, thereby greatly decreasing the driving force for Orowan 
loop climb.  The above results and discussion allow us to conclude that climb of Orowan loops is not a 
controlling mechanism in the behavior of these alloys at 300°C.  Climb does have a strong relationship 
with temperature, while Orowan looping does not, so climb of Orowan loops may become an important 
mechanism at higher temperature and higher deformation levels when precipitates rotate around their 
crystallographic axes [30]. 

Another deformation mechanism that is possible in these alloys is cutting or shearing of the precipitates.  
Dislocation cutting was observed in-situ during tension in the RR350 alloy at 300°C [14], and dislocation 
cutting has been observed during creep in Ni-based superalloys [23].  The lattice strains reached in these 
experiments are comparable or higher than those reached in the tensile tests [14], but the lattice strain 
was not observed to increase monotonically in the monotonic tensile testing conditions.  This lack of 
yield in the precipitates during the creep test is likely caused by the homogeneity in deformation or the 
extensive degree of recovery that occurs during a creep test.  Inhomogeneous deformation will cause 
some precipitates to be cut prematurely, but such an effect is less likely to occur during a creep test. 

There are significant implications to the reported deformation mechanisms.  As discussed previously, 
steady state creep occurs when the rate of strain hardening is matched by the rate of recovery.  In these 
alloys, a salient strain hardening mechanism is backstress hardening, which is strain hardening caused by 
load transfer from the matrix to the precipitate and the resulting buildup of dislocations at the 
interfaces.  This load transfer occurs mostly as a function of macrostrain of the bulk, as seen in Figure 3, 
while recovery occurs as a function of time, temperature, and dislocation density.  The steady state 
creep rate is then determined by the balance of these two mechanisms.  Backstress hardening accounts 
for a large portion of strain hardening in Al-Cu alloys [15].  Backstress hardening, therefore, explains the 
high creep resistance observed when θʹ precipitate rich microstructures are present in Al-Cu alloys 
[10,20].  In addition, the activation of alternative precipitate-dislocation interactions such as climb of 
Orowan loops or precipitate cutting would have a measurably negative effect on the creep resistance in 
θʹ strengthened alloys.  Note that none of these observations must be specific to θʹ or Al-Cu alloys, and 
similar deformation mechanisms may occur in other alloy systems.  Specifically designing precipitate 
structures in order to promote Orowan looping and load transfer may be a path to creating new alloys 
with excellent creep properties. 

In summary, neutron diffraction was used to study the precipitate-dislocation interactions in a 
thermally-stable Al-Cu alloy RR350 with outstanding creep resistance, and the following conclusions 
were drawn: 

• Load transfer was observed from the matrix to the precipitate during the entire creep test.  The 
load transfer was observed to occur as a linear function of accumulated creep strain, 
irrespective of stress or strain rate. 
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• The similarity in load transfer mechanism between creep and tensile tests, as well as post-
mortem STEM, identified the primary precipitate-dislocation interaction during the creep test to 
be Orowan looping.  These Orowan loops can climb and annihilate after they are formed, but 
this mechanism was not found to be rate-controlling. 

• We hypothesize that the balance of strain hardening versus recovery is controlled by the load 
transfer behavior, which explains the excellent creep resistance observed in θʹ strengthened Al-
Cu alloys. 
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Figure S1: Detailed view of the lattice strain-macrostrain behavior of two separate orientations for the 
aluminum matrix and one orientation for the strengthening precipitate. 
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