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Abstract 

Fusion-based additive manufacturing (AM) has significantly grown to fabricate Nickel-based 

superalloys with design freedom across multiple length scales. Several phenomena such as 

feedstock/energy source/melt pool interactions, solidification and phase transformations occur 

during fusion-based AM processes of Nickel-based superalloys, which determine the ultimate 

microstructure and mechanical performance of the built parts. In this review, we elaborate a 

comprehensive discussion on AM Nickel-based superalloys and influential factors including 

feedstock characteristics (powder morphology, chemistry, contamination, flowability, 

recycling) and AM processing (parameters, and powder spreading/wall/balling/spattering 

effects) on their microstructure (micro-segregation, phases formations and grain structures), 

defect generation (sub-surface/internal defects, microcracks, surface roughness, and residual 

stress). Furthermore, the mechanical properties of AM Nickel-based superalloys such as tensile, 

creep and fatigue at room/elevated temperatures are analyzed in accordance with the initial, 

and post processing effects. Additionally, the commonly utilized modeling approaches in 

literature to predict the microstructure and mechanical behavior of these alloys are highlighted. 

Finally, the current challenges and mitigation approaches for future research are identified 

considering the gaps in the AM Nickel-based superalloys. 
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1. Introduction  

Additive manufacturing (AM) or 3D printing has accrued significant attention from the 

academia and various industry sectors such as aerospace, automobile, and healthcare for the 

advantages it offers compared to conventional manufacturing processes. The U.S. AM market 

size was valued at about $3 billion in 2021 and is projected to expand at a compound annual 

growth rate of 18.9% from 2022 to 2030 [1]. The assertive research and development in AM 

and the increasing demand for prototyping applications are expected to drive the growth of the 

market. For instance, it has allowed engineers to rethink the entire design process for its ability 

to produce highly complex parts with high levels of design freedom. Structural topology 

optimization using finite element analysis [2], for example, can be used to lightweight the part 

via removing material in specific regions such that the components behave more efficiently 

and with better mechanical properties than a conventional sample [3]. Leveraging the layer-

by-layer processing paradigm, this optimization procedure permits fabrication of lattice 

(cellular) structures with high ratios of strength/stiffness to weight, better energy absorption, 

and enhanced thermal properties. In this regard, every part fabricated via AM can be uniquely 

designed for function, such as “conformal coolant” components with complex internal passages 

and cooling channels. Since AM can print these parts in a single processing step, rather than 

requiring several manufacturing processes such as casting, machining, and drilling, the mass 

customization becomes achievable at a lower cost in AM processing [4]. 

AM also facilitates part integration through its ability to consolidate several parts of an 

assembly into a single component. This integration offers many advantages, such as reducing 

the overall weight, manufacturing time, processing steps, cost, and complexity. Besides, it can 

also optimize the mechanical properties and performance of the final component. For example, 

the GE integrated fuel nozzle combines a 20-part assembly into a single component consisting 

of cobalt chrome material; it achieves a 25% weight reduction and is five times more durable 

than a conventional assembly [5]. Further, AM reduces the buy-to-fly ratio, which is the ratio 

of input material weight to final part weight. The buy-to-fly ratios for aerospace engines and 

structural components fabricated via conventional manufacturing processes can be as high as 

10:1 and 20:1, respectively. AM can produce these components with a buy-to-fly ratio as low 

as 1:1 [6]. The reduction in required material by AM processes can lower the cost up to 30 to 

50% compared to conventional processes [7]. Additionally, parts can be 3D printed on-demand, 

reducing inventory requirements and lead-times for critical or replacement components. All 

these factors significantly streamline the legacy manufacturing process and mitigate 

environmental impact [4]. Attributed to these merits, the AM technology, as an emerging 

manufacturing process, has revolutionized the conventional design practices and enable 

innovation in engineering community. However, there are challenges in AM processing such 

as repeatability, dimensional tolerance, delamination, powder recycling, defects, 

microstructural heterogeneity, elemental micro segregation, anisotropic mechanical properties, 
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and post processing difficulties, etc., all of which are under constant research and 

standardizations for structural materials and various applications. 

The manufacturing has been the main challenge of high performance and high temperature 

Nickel-based superalloys, because the costly subtractive techniques are required to obtain 

structurally sound mechanical properties of cast superalloy [8]. For example, the jet engine 

turbine blade with complex internal cooling channels can be produced using the conventional 

precision investment casting using either a wax model or a silica-based replica methodology. 

Additionally, a ceramic mold is required to vacuum cast a large volume of molten metal into 

the desirable parts, during which the precipitation of γ' precipitates (Ni3Al) becomes inevitable 

due to the prolonged and slow solidification process. To reduce the as-cast elemental micro 

segregation, careful subsequent heat treatment of several hours is needed just below the melting 

point at ~1300 °C [9]. Additional post processing such as machining are also required for the 

final complex shape of the component such as intricate turbine blade geometry. Machining of 

the Nickel-based superalloys such as alloy 718 (Inconel 718 or IN718) is very difficult because 

of their high hardness and propensity to work harden during the conventional 

thermomechanical wrought processes, which in turn requiring high cutting forces, resulting in 

higher work hardening effects [10]. Furthermore, the traditional thermomechanical processing 

of turbine part manufacturing, for instance, includes investment casting, several post 

processing such as machining processes, which in turn may result in severe chemical micro-

segregation and significant waste/scrappage during the final machining. As a result, only about 

10% of the Nickel-based superalloys ends up as finished goods [11]. 

Since the γ-γ' microstructure in the modern Nickel-based superalloys such as IN718 with 

excellent weldability due to slow precipitation kinetics [12] is desirable for AM processing. In 

other words, only AM can allow for designing an alloy containing a high-volume fraction of γ'. 

Due to the rapid solidification rate during the fusion-based AM processes (i.e., direct energy 

deposition and powder bed fusion), inhomogeneous grain structures ranging from nanometer 

to sub-millimeter length scales are generated [13]. These are not otherwise feasible by 

traditional manufacturing methods [13]. Therefore, a wide range of microstructure and 

subsequently mechanical behavior are possible in the AM components. For example, a decrease 

in microcracking in AM Nickel-based superalloy Hastelloy X was observed by increasing the 

solid solution strengthening elements within the commercial alloy composition range [14]. 

Furthermore, before printing, AM enables the mixing of different alloy powders, resulting in 

the manufacture of metal-metal composites with special microstructures that would be difficult 

to manufacture by other means [15]. 

Aim of this review - In recent years, several review papers were published in AM of metal 

alloys and compounds. Debroy et al. [16] presented an overview on AM processes and 

elaborated various technologies, process-structure-property correlations and their pros and 

cons on a wide variety of materials. Sanaei et al. [17] addressed the influential microstructural 
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factors on fatigue performance of AM parts with a focus on generated defects. Recently, 

Mostafaei et al. [18] published a comprehensive review on the commonly induced defects and 

anomalies during the powder bed fusion AM processes of different metallic alloying systems 

such as aluminum, nickel, iron, and titanium based alloys. Although, there are some other 

review summaries in the literature background on specific Nickel-based superalloy fabricated 

by specific AM technology [19–24], this article endeavors to provide a more comprehensive 

and conclusive review summary of fusion-based AM of Nickel-based superalloys, with an 

emphasis on processing details, microstructures, defects, and mechanical properties, and the 

“process-structure-defect-properties” relationship. This is partly because for there are limited 

data available in the literature [25] for other AM technologies such as the non-beam-based ones, 

e.g., the binder jetting, despite their fast growing rate. Furthermore, simulations and predictions 

of fusion-based AM Nickel-based superalloys will be highlighted and compared with the 

experimental data. Finally, challenges, outlook and perspective for future research are provided. 

 

2. Metallurgy of Nickel-based superalloys 

In Nickel-based superalloys, different alloying elements are added to improve mechanical 

properties and stability of microstructural constituent at elevated temperatures. Even regular 

steels and titanium alloys cannot maintain their room temperature strength at elevated 

temperatures above 540 °C, where the Iron-Nickel, Nickel- and Cobalt-based alloys become 

the alternative, which subsequently earned them “superalloy” title for their high temperature 

properties. This is shown in Fig. 1 (a) using schematic stress-rupture behavior where different 

types of superalloys show different resistivity to high temperature due to their strengthening 

mechanism and phases. For example, the Fe-Ni-Co-superalloys, the solid solution strengthened 

alloys, are less temperature resistive compared to the carbide-strengthened Co-based 

superalloys. Notably, the precipitation-strengthened Fe-Ni-based superalloys show the most 

effective strengthening mechanism against elevated temperatures due to formation of 

strengthening precipitates such as the γ’ and γ” phases. The iron, nickel and cobalt are the main 

alloying elements for the superalloys, all of which with face centered cubic (fcc) crystal 

structures. However, unlike nickel which maintains a single fcc-type crystal structure at all 

temperature, iron and cobalt are allotropic metallic elements, i.e., both possess two different 

crystal structures depending on time and solid solutioned alloying elements. They have a body 

centered cubic (bcc) crystal structure at room temperature which can transform to a fcc 

structure at elevated temperatures, which can also happen due to presence of other alloying 

elements such as nickel in their composition as solid solution element. The popular examples 

for Nickel-based superalloys are the Haynes 282 and IN718, which are basically an extension 

of stainless-steel alloys [26]. 

The strengthening mechanism in the Nickel-based superalloys can be attributed to the 

alloying elements that are selectively included in the austenitic nickel matrix. For instance, Cr, 
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Fe, Co, Mo, W, Hf, Re, and Ru prefer to exhibit in the γ-grain matrix and contribute to the solid 

solution strengthening of the Nickel-based superalloys; whereas the other elements such Al, Ti, 

Nb, and Ta tend to partition and form Ni3Al (γ’) or Ni3Nb (γ”) precipitates with ordered crystal 

structures (i.e., L12 or D022, respectively). Other examples are the B, C, and Zr elements that 

have the tendency to segregate in grain boundaries in form of strengthening solute-clusters or 

precipitates combined with Ti, Ta, Hf, Cr, and Mo. Fig. 1(b) presents the typical alloying 

elements exist in Nickel base superalloys are illustrated. 

In general, the microstructure of Nickel-based superalloys consists of austenitic (fcc) γ-

grain nickel matrix and a range of other secondary phases. Examples are (1) fcc-type carbide 

phases (i.e., MC, M6C, M23C6, M7C3); (2) the gamma prime (γ’) phase, which is a fcc-type 

Ni3(Al,Ti) ordered phase; (3) the gamma double prime (γ”) phase, which is a body-centered 

tetragonal (bct) type Ni3Nb ordered phase; (4) the eta (η) phase, which is a hexagonal closed 

pack (hcp)-type Ni3Ti (or Ni6TiAlNb) ordered phase; (5) the delta (δ) phase, which is an 

orthorhombic Ni3Nb ordered intermetallic compound [27]. The γ’, γ” and η phases are also 

known as the geometrically closed-packed (gcp) phases [26]. Due to their ordered crystal 

structure, the γ’, γ”, δ and η phases play an important strengthening role in the Nickel-based 

superalloys. This is because they require extra energy to get passed by the dislocations. The 

ordering increases the antiphase boundary (APB) and stacking fault (SF) energies, which in 

turn increase the strengthening effect of these phase. The strengthening effect of the ordered 

phases could be ascribed to the fact that certain elements always occupy specific locations in 

their crystal structures. For instance, in the ordered (fcc) γ’-phase (i.e., Ni3(Al, Ti)), the Nickel 

atoms always occupy the face centered positions in the cubic crystal structure while the Ti and 

Al atoms always occupy the corner positions that are shared with eight other neighboring atoms. 

In contrast, in the disordered structures, atoms may occupy any given locations and therefore 

the presence of each atom is identified by a volume or weight fraction within the known unit 

cell crystal structure [28]. Fig. 1(c) presents the crystal structures of γ’, γ”, δ and η phases. It is 

notable that there are other phases in the microstructure of Nickel-based superalloys which are 

known to have detrimental effect on their mechanical properties. Examples are (1) sigma (σ) 

phase with a tetragonal crystal structure (i.e., FeCr, FeCrMo, CrFeMoNi, CrCo and CrNiMo); 

(2) mu (μ) phase with a Rhombohedral crystal structure (i.e., Co2W6 and (Fe, Co)7(Mo, W)6); 

and (3) Laves phase with a hexagonal crystal structure (i.e., Fe2Nb, Fe2Ti, Fe2Mo, Co2Ta, and 

Co2Ti). These σ, μ and Laves phases are so known as the topologically close-packed (tcp) 

phases that mostly likely can form at the interface of γ-matrix and the gcp phases (i.e., γ’, γ”, 

δ and η) with an irregularly elongated plate-like or needle-like morphology and less frequently 

at grain boundary areas [26,29]. 

Among the separated strengthening mechanisms, γ’- and γ”-precipitates further yield a 

unique temperature capability to Nickel-based superalloys and Ni-Fe-based superalloys in 

comparison with the other alloying systems. Owing to the coherency of γ’- and γ”-precipitates 
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to nickel γ-grain matrix, the order-disorder transition is allowed leading to extremely high 

volume fraction of such precipitates [30]. Simultaneously, the ordering temperatures of γ’- and 

γ”-precipitates can reach 1375 oC and 650 oC, respectively, without the effects from impurities 

such as Fe [31]. The thermal stability of precipitates guarantees their ability to pin the 

dislocations in pairs by forming an anti-phase boundary (APB) and Kear-Wilsdorf (KW) locks 

at elevated temperatures, thus improving the mechanical performance of Nickel-based 

superalloys including yield strength, creep resistance, and fatigue strength [32]. The increasing 

strength attributed to the γ’- and γ”-precipitates, however, also restricts the formability and 

weldability of superalloys (directly linked to the Ti + Al content) [33]. With increasing γ’-

fraction, the solvus temperature of γ’-precipitates is expected to increase, and mechanically 

forming the superalloy parts can be difficult to accomplish in practice as γ’- precipitates cannot 

be eliminated by heat treatment. Therefore, the compositions of conventional superalloys are 

required to be compliant with the traditional processing routes such as forging [34] and welding 

[35], and the geometry of parts will be confined by the molds applied during the processing. 
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Fig. 1 (a) Typical stress-rupture behavior of three types of superalloy classes, i.e., the iron-nickel-, nickel-, and 

cobalt-base). Reproduced from [36]. (b) Typical alloying elements exist in the superalloys. Reproduced from [36]  

(c) Crystal structures of geometrically closed-packed (gcp) phases with ordered crystal structures, i.e., γ’, γ”, δ 

and η phases found in the microstructure of superalloys. Note that open hollow circle represents Ni atoms, and 

the solid black circle represents the M atoms (i.e., Al, Ti, and Nb) in compounds; also, a shaded plane shows the 

closest packed plane in crystal structure. Reproduced from [28]. 

 

3. Fusion-based AM technologies 

Typically, different AM processes have been developed based on type of feedstock and 

layer-by-layer deposition technologies. In metal fusion-based AM processes, feedstock is in 

form of powder or wire and the binding system is based on the heat source such as laser or 

electron beam in which metal is fused followed by rapid solidification (rate of 104-106 K/s). 

Fig. 2 shows schematic of the most common fusion-based AM processes. In this section and 

following paragraphs, each of these fusion-based AM technologies are further explained. 

Currently the fusion-based AM techniques offer the best reproducibility and dimensional 

accuracy within the other metal AM production methods and, hence, have been well-researched 

in academia and industry such as medical (titanium, stainless steels, and cobalt-chrome alloys), 

aerospace and defense (Nickel-based superalloys), and energy (stainless steels and superalloys) 

[37]. ISO/ASTM 52900:2015 standard [38] has defined the following terminologies for AM 

technologies:  

• Laser beam powder bed fusion (L-PBF): selective laser melting, laser powder bed fusion, 

direct metal laser sintering, etc. 

• Electron beam direct energy deposition (E-DED) 

• Electron beam powder feed or powder bed (E-PBF) 

• Laser beam directed energy deposition (L-DED): direct laser deposition 

• Wire arc additive manufacturing (WAAM): electric arc based additive manufacturing 
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Fig. 2. Schematic of the generic fusion-based AM processes: (a) laser powder bed fusion (L-PBF), reproduced 

from [39,40]. (b) electron-beam powder bed fusion (E-PBF), reproduced from [41,42]. (c) laser-beam direct 

energy deposition (DED) and cross-sectional view of laser melting, powder stream, and shield gas application. 

reproduced from [40]. (d) wire arc additive manufacturing (WAAM). 

Laser powder bed fusion - L-PBF employs thermal energy selectively provided by a laser 

beam to fuse different regions of a powder bed. Fig. 2(a) depicts a schematic of the generic L-

PBF process. A recoater blade or cylindrical roller is used to spread a thin (20 – 100 µm [5]) 

layer of metal powder from a powder reservoir across a build plate. Subsequently, this powder 

layer is melted and fused with previously deposited layers via a laser beam using a predefined 

scan strategy determined by a corresponding two-dimensional slice of the desired computer 

aided design (CAD) model geometry. Upon completion of one layer, the build plate lowers by 

the prescribed layer thickness, a new layer of powder is deposited, and this process repeats 

until the final three-dimensional (3D) geometry of the part is fully printed. 

Most L-PBF systems use a single 200 W – 1 kW fiber laser as the thermal energy source 

[5]. The build chamber is typically purged with argon gas to create an inert atmosphere that 

shields the reactive metal material and purifies the process. The main process parameters 

include laser power, scan speed, hatch spacing (distance between adjacent scan tracks), and 

powder layer thickness. As the beam diameter, hatch spacing, and layer thickness are all on the 

order of µm and the scan speed remains relatively low compared to electron-beam powder bed 

fusion, this process facilitates the fabrication of nearly fully dense parts with high-resolution 

features, complex internal passages, and relatively good surface finish. However, this paradigm 

also limits the deposition rate (5 – 20 cm3/h [5]) and invokes a high production time, making 

the process most suitable for the fabrication of small, high-fidelity components [5].  
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From a design for AM perspective, any overhanging surfaces – such as a cantilever beam 

– require support material to lower distortion or prevent possible collapse of molten material 

under the influence of gravity or thermally-induced residual stress [43]. The support structure 

acts as a mechanical support and heat sink by which heat is dissipated through the solid material 

beneath it. Since the support structures are temporary and removed by mechanical means in 

the post processing stage, it usually consists of a lattice structure to reduce manufacturing time 

and costs. Optimal support structures can be obtained during preprocessing through topology 

optimization or other numerical methods [5]. This process involves adjusting the orientation or 

configuration of the support structure to ensure its manufacturability. It can also be applied to 

lightweight the component itself by removing material in specific regions such that the 

component behaves more efficiently and with better mechanical properties such as strength 

and stiffness [44]. 

Upon completion of the build, the entire build plate will be surrounded by loose powder, 

which must be removed to comply with health and safety standards. It is especially critical to 

remove powders in volumes of complex features or internal passages where the particles may 

remain stubbornly trapped. The powder particles are often capable of being reused to avoid 

wastage. After support material and loose powder removal, the part may undergo several heat 

treatments to increase its mechanical integrity and performance. Some of these treatments 

include shot peening, polishing, machining, and heat treatment, depending on the requirement. 

Critical components may also require hot isostatic pressing (HIP) to partially close up some of 

the internal voids (which can be detrimental to the fatigue properties) generated during the 

thermo-mechanical process [5]. 

 

Electron-beam powder bed fusion - E-PBF is another powder-bed-based, layer-by-layer 

AM technology in which an electron beam (as compared with a laser beam used in L-PBF 

process), is used to selectively fuse different regions of the powder bed in vacuum chamber. E-

PBF offers several advantages, such as higher building rates (up to 80 cm3/hr. [5]) via faster 

scanning speeds and increased beam penetration depth. However, it also limits the dimensional 

control and produces parts with an inferior surface finish [45]. Combined with the higher 

machine cost and lack of unconstrained build volume, E-PBF has achieved less popularity than 

other powder-based processes such as L-PBF and direct energy deposition (DED). 

Fig. 2(b) shows an illustration of the generic E-PBF process. A hot tungsten filament emits 

electrons at high speed (60 kV), which are subsequently focused and deflected towards the 

desired location on the powder bed via electromagnetic lenses. As the electron beam hits the 

powder bed, the electrons’ kinetic energy is converted to thermal energy, which melts the 

powder particles. The beam current ranges from 1 – 50 mA, resulting in a maximum beam 

power of about 3 kW. Although, some new machines, to increase their productivity, have 
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power limits exceeding 6 kW. The beam diameter can be focused down to a minimum of about 

0.1 mm [5]. 

Each layer is scanned in two distinct stages: the preheating stage and the melting stage. 

During preheating, the defocused electron beam makes several passes over the building area 

with an approximate velocity of 10 m/s while the beam power gradually increases to ~3 kW. 

This step is critical, and its purpose is two-fold: one, it maintains a high temperature (up to 

1100 °C for Nickel-based superalloys) within the building volume, and two, it sinters the 

powder particles slightly [44]. Sintering the powder particles is essential to hold them in place 

and prevent the so-called smoke events, in which the powder particles get spread within the 

build chamber due to electrostatic repulsions. Note that it is critical to avoid a smoke event 

since this usually leads to termination of the process [44]. Additionally, maintaining a high 

temperature within the building volume is useful for reducing residual stress caused by steep 

thermal gradients. This is especially advantageous for AM of Nickel-based superalloys since 

they are prone to crack formation due to their high amount of alloying elements [46], and it 

could also help eliminate the need for heat treatment [5]. Considering the lower residual stress 

and additional support provided by the slightly sintered powder particles, the density and 

number of required support structures are lower for E-PBF than L-PBF. Besides, support 

structures fabricated during E-PBF are mainly used to enhance heat conduction rather than 

providing structural support [5]. 

After preheating, the already-sintered powder particles are next melted during the heating 

stage to form the component. The heating stage uses lower beam velocity (~4 m/s) and melts 

the powder particles at locations specified by the corresponding two-dimensional slice of the 

desired CAD model geometry [44]. The entire build chamber is subject to a vacuum (10-4 – 10-

5 mbar) to shield the alloy from ambient gases such as oxygen and nitrogen. Additionally, a 

small helium pressure of 10-3 mbar is applied to further stabilize the process and prevent smoke. 

The main process parameters include beam power, scan speed, hatch spacing, layer thickness 

(50 – 200 µm [5]), and preheating temperature. Generally, this process facilitates a welding 

process driven by heat conduction which would otherwise give rise to deep (keyhole) welding 

[47]. 

 

Laser-beam direct energy deposition – In DED technologies, thermal energy is used to 

selectively melt and fuse feedstock material (in the form of powder or wire) which it is fed 

coaxially with the laser beam using a set of nozzles. Popular DED technologies include laser 

engineered net shaping (LENS), direct metal deposition (DMD), laser-aided additive 

manufacturing (LAAM), wire arc additive manufacturing (WAAM), electron beam freeform 

fabrication (EB-FFF), among others [5]. 

Fig. 2(c) depicts a schematic of the generic DED process. A substrate or build plate is first 

placed on a table capable of x-y motion. A relatively high powered energy source such as 
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Nd:YAG or CO2 laser [48] is then used to fuse powder particles as they are blown through one 

or several nozzles into the laser beam and finally form the melt pool. A shielding gas such as 

argon protects the molten metal from oxidation or other chemical reactions. This shielding gas 

is also applied within the nozzles to deliver the powder particles into the melt pool [48]. 

DED is especially valuable for its potential to fabricate functionally graded materials and repair 

and clad damaged parts that are otherwise unable to be repaired via traditional manufacturing 

techniques. Functionally graded materials, or in-situ alloys, can be achieved by altering the 

process parameters or raw materials during the building process. DED also provides a higher 

deposition rate and larger allowable processing window to powder-bed based AM technologies, 

making it most suitable for the fabrication of large metallic components of medium geometric 

complexity [49]. The effectiveness of DED in manufacturing large, medium complexity parts 

can be attributed to unconstrained build volumes and substantially higher deposition rates than 

alternative approaches such as L-PBF [50]. 

 

Wire arc additive manufacturing - WAAM is a wire-based DED technique that melts the 

wire feedstock and deposits a component preform, layer by layer, using an electric arc as the 

fusion source. Fig. 2(d) shows the schematic of a WAAM process. Compared to the electron 

beam and laser AM processes, which are the alternative sources of fusion in DED described in 

the Standard Guide for DED of Metals in the ASTM F3187-16 standard series [51], the use of 

an electric arc offers many processing advantages. Additionally, the absence of any shielding 

gas in WAAM process could eliminate the possibility of any chemical reactions with much less 

equipment. Also, the existing arc welding systems can be easily upgraded for WAAM processes. 

Unlike conventional manufacturing processes such as casting and forging, the WAAM 

process does not require specific tools, therefore reducing the cycle time for low production 

volumes [52]. The ability to use wire as feedstock in DED is complementary, providing high-

efficiency material deposition eliminating the need for peripheral powder recycling processes 

[53], reducing health and safety risks, and offering a substantial price reduction compared to 

powder [54]. Additionally, low capital investment is a crucial benefit of the WAAM process, 

as the components of a WAAM machine can be obtained from an open-source welding 

equipment [55]. In contrast to the alternative fusion sources, the non-vacuum processing 

characteristics make the WAAM process preferable[36]. 

 

4. AM of Nickel-based superalloys  

4.1. Alloy compatibility 

As in welding, the fusion-based AM processed parts experience non-equilibrium 

solidification process with complex melt flow and extreme thermal history, and multiple 

iterations of scanning can affect the bonding between the subsequent layers or tracks and 

promote the phase transformation within the parts [56]. The processability of Nickel-based 
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superalloys through the fusion-based AM process can hence be estimated using the weldability 

of Nickel-based superalloys. Generally, the boundary between weldable and non-weldable 

Nickel-based superalloys depends on the Al and Ti contents within the alloys, as shown in Fig. 

3. It is believed that the γ′ precipitates formed by these constituents are responsible for the 

cracking formation at elevated temperature [57]. The microcrack formation mechanisms of in 

Nickel-based superalloys during AM fabrication processes will be discussed in section 4.4.1. 

 
Fig. 3. Relative weldability of various superalloys determined by the compositions of Al/Ti vs. Cr/Co [58]. 

 

The selection of Nickel-based superalloys for AM industry will highly remain dependent 

on their applications. For instance, below is a brief list of Nickel-based superalloys and their 

common applications. IN718 is mainly used in aircraft engines, high-speed airframe parts, 

cryogenic tankage, petrochemical applications, nuclear power plants, and cars’ turbochargers. 

CMSX-4 is the second-generation Ni-based superalloy suitable for high-pressure blades of jet 

engines, helicopter engines, high-pressure turbine shrouds, and gas turbines of power 

generation. Udimet 720 is commonly used for hot section components such as in gas turbine. 

Waspaloy is applicable for jet engines such as cast turbine disks, shafts, low-pressure rings, 

and seal rings. Rene N6 is basically a single crystal Nickel-based superalloy used for high 

pressure blades such as those used in military aeroengines. IN625 is a suitable Nickel-based 

superalloy for nuclear reactors and oceanographic equipment due to its high corrosion 

resistance as well as the structures in thermal power plants, armoring in aeroengines, and plugs 

in aeroengines. Haynes 242 is a suitable Nickel-based superalloy for a variety of applications 

in aircraft and industrial gas turbines. MAR-M247 is commonly used for blades and vanes and 

integral wheels of helicopter engines and, turbochargers. IN738 is mainly used in gas turbine 

blades and vanes applications. 

 

4.2. Processing effects 

4.2.1. Feedstock 

Powder is the most common raw material input for the fused based AM technology. The 

main advantage of using powder is the industrial supply chain available for metallic 
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powders[59]. Other advantages of powder feedstock are the feedstock storage, flexibility, and 

recycling [60]. Varied by the supplier, atomized process by gas or water and plasma rotating 

electrode process could provide metallic powders with different characteristics (morphology, 

size distributions, chemistry, etc.) for the fusion-based AM technologies. 

Though the major mechanisms of defects formation in AM of Nickel-based superalloys are 

attributed to unoptimized process parameter, complex chemistry, and residual stress, there are 

many research articles reported the influence of powder characteristics on the defect formation 

of AM Nickel-based superalloy components [61]. These characteristics are, but not limited to, 

powder size, flowability, packing density, shape, chemical composition, and trapped gas inside 

the powders. The detailed discussions on the effect of powder characteristic on processibility 

and subsequently on the final product properties are summarized in the following. 

 

Pre-alloyed powders - Due to the complex effect of compositional alloying elements in 

the Nickel-based superalloys, most of researches still focused on pre-alloyed and atomized 

commercial alloys such as weldable Nickel-based superalloys including IN718 [62] and IN625 

[63] as well as non-weldable ones including CM247LC [64], IN738LC [65], CMSX-4 [66], 

Mar M-247 [67], Rene 104 [68], and Rene 142 [69]. The γ′-forming elements such as Al, Co, 

Cr, Ta, and W were found to profoundly increase the viscosity of pre-alloyed powders as 

compared with that of pure Ni powders [70,71]. As a result, the difficulty to fabricate the pre-

alloyed Nickel-based superalloy powders is largely increased. Typically the atomization 

methodology produces powder size distributions for which less than 10% falls within the size 

range required for powder based AM techniques [72]. To avoid the waste for developing new 

alloys for AM with combination of good processibility and mechanical performance, in-situ 

alloying during AM process might be preferable methodology by mixing of different 

compositional pre-alloyed powders that are homogenized in the melt pool during deposition 

process. 

In-situ alloying can also be significantly beneficial during the DED process due to the 

larger melt pool area, higher laser powers, and larger area of re-melting, thus, lower 

solidification rate that is believed to effectively homogenize the chemistry of the mixture liquid 

[73]. Through the control of powder flow by individual nozzles, the DED process also renders 

more flexibility to determine the final composition independently, without any concerns of 

flowability of separate elemental powders. This characteristic also contributes to the capability 

of creating more homogenized gradient of compositions. 

Several studies have been conducted and successfully fabricated NiTi alloy and Ni-Fe-Cr 

alloys, which were summarized by Mosallanejad et al [74]. It should be noted that, however, 

fabrication of Nickel-based superalloys via in-situ alloying is still challenging due to the 

alloying elements’ different energy absorptivity, melting temperatures, and optical properties 

that would increase the viscosity while decrease the surface tension of the melt [75]. All of 
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these can affect the melt pool physics, which in turn would exacerbate the difficulty to achieve 

the homogeneity in the mixture liquid in the melt pool during solidification. Furthermore, these 

alloying elements generally have high tendency to segregate to within the inter-dendritic 

regions or at grain boundaries elevating crack susceptibility during the fusion-based AM 

processing. Despite the immense potentials of in-situ alloying, studies are still required to 

improve the processibility and homogeneity of Nickel-based superalloys. 

 

Powder characteristics - For the powder bed fusion including L-PBF and E-PBF, the most 

important characteristics of powders are the flowability and packing density. As the particles 

are spread by a rack or roller, there are inter-particle forces (Van der Waals forces), gravitational 

forces, and resistance from moisture against the recoating direction [76]. The particles with 

poor flowability tend to agglomerate as the resistance against the moving direction is too large 

and consequently result in non-uniform powder layer and low packing density [77]. Without 

sufficient packing density, the parts may possess high surface roughness and low relative 

densities that would significantly undermine the mechanical properties [78]. The packing 

density of powder also influences the thermal conductivity of powder bed [79] and melt pool 

kinetics [80] due to the void formation in the bed of powder. Generally, the higher the powder 

packing density, the higher thermal conductivity of the powder bed. With sufficient rate of heat 

transfer, powder can be fully melted and reduce the discontinuity of the melt tracks as well as 

bonding defects leading to better mechanical properties of the final parts [81]. The flowability 

can be estimated by Hall Flowmeter Funnel [82], Hausner ratio (HR) [83], flow resistance 

measurement [84], and avalanche angle [85] while packing density can be determined by Gas 

pycnometry [82] and tapping analysis [82]. Table 1 briefly summarized the characterization 

methods used for powders in additive manufacturing industry. 

 

Table 1. Characterization methods for powder used in fusion-based AM technology. 

Analysis Method Description 

Size determination Sieve [82,86] Not suitable for powder size smaller than 45 μm due 

agglomeration. 

Light scattering 

[82,86] 

Laser diffraction pattern of powder converted into particle 

size. Sensitive to powder morphology since it views the 

powder as a perfect sphere. 

Image analysis 

[82,86,87] 

Microscopy image of powder analyzed to calculate the 

powder size. 

Chemical composition Inert gas fusion 

[82,86] 

Oxygen, nitrogen, and hydrogen carried by an inert gas 

from the fusion area. The gas then collected and quantified. 

X-ray Photoelectron 

Spectroscopy 

[82,86] 

The sample bombarded by X-ray and kinetic energy of 

ejected K level electrons characterized for element analysis. 

Inductively coupled 

plasma optical 

emission spectroscopy/ 

atomic emission 

spectroscopy [86] 

The sample fed into plasma and convert into free atoms 

with specific emission spectra, which are quantified using 

the the intensity of each spectrum. 

Energy Dispersive X-

ray Spectroscopy/ 

The sample surface is excited by electron or X-ray and 

ejected electron from the inner shell and outer shell of 
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X-ray Fluorescence 

[82] 

element are analyzed for element characterization based on 

the released energy in X-ray. 

Auger Electron 

Spectroscopy [86] 

The machine quantifies excited Auger electron (L level 

electron). 

Flow characteristic Hall Flowmeter 

Funnel/ 

Carney funnel [88] 

Powder feedstock flows through the funnel freely. The flow 

time represents the flowability of powder. 

Flow resistance 

measurement [84] 

The force or the energy which is needed to push the powder 

flow is recorded and considered as flowability. 

Tap density testing 

(Hausner Ratio/ Carr 

index) [83] 

The ratio of bulk density (or apparent density) and tapped 

density of powder is considered as powder flowability.  

Avalanche angle [84] Certain amount of powder is sealed inside a cylindrical 

drum and then rotated. The cross-section image of rotating 

powder is recorded and analyzed between different powder 

batches.  

Density analysis Hall Flowmeter 

Funnel/ 

Carney funnel/ Scott 

volumeter/ Arnold 

meter [82] 

The powder flows freely and slowly into a small chamber 

with known volume. The weight of powder filled the 

chamber is measured and used for apparent density 

calculation. 

Tapping analysis [82] The powder is placed inside a graduated glass cylinder and 

then tapped until no further decrease in the volume. The 

tapping density of powder is then calculated. 

Gas pycnometry [82] The pores between particles are filled with gas. The gas 

volume is calculated and converted into packing density of 

powder. 

 

Flowability and packing density of powder are determined mainly by the powder size 

distribution and morphology. Powder with smaller particle size has more surface area, thus, has 

higher interaction between particles. It was noted that particles with the size smaller than 10 

μm could lead to severe agglomeration arising from interparticle forces (typically Van der 

Waals forces), and degrade the flowability or packing density of powder [77]. Powder size also 

influences the energy absorption of powder. It is reported that small particles have higher 

energy absorption due to more surface area exposed to irradiation which in turn increase the 

scattering of irradiation [89], and therefore will impact the process window of the fusion-based 

AM processes. Since small particles may adhere to the surface of large particles, a wide range 

of size distribution of powder with ultra-fine particles usually imparts a poor flowability. 

Without the satellite particles, on the other hand, a wide range of size distribution of powder 

provides a better packing density and a better bulk density of AM components since small 

particles could fill the gap between larger particles [78]. 

 

Particle shape - Another powder characteristic which associated with flowability and 

packing density is particle shape. Spherical powder with smooth surface could prevent friction 

between particles, improving the flowability and the packing density of the powder feedstock 

[90]. Each variable was also confirmed by a study investigating the processability of different 

IN738LC powders processed by L-PBF [65]. As shown in Fig. 4, a good combination of 
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spherical particles as well as particle size distribution without satellite particles smaller than 10 

μm can result in a decent fraction of porosities below 0.5 %. The results also verified that 

powder fabricated by water atomization possessed the largest fraction of porosity due to its 

irregular morphology. It was thought that gas atomized powder seemed to perform better than 

water atomized powder, but there are still limitations to gas atomized powder, such as satellite 

particles. Although recoating of powder is not required for the DED process, the flowability of 

powder seemed to impact the bulk densities of final AM component. A recent study on DED 

processed IN718 has reported that the powder prepared by plasma rotating electrode processing 

(PREP) exhibited a noticeable improvement on bulk density by 4.39 % when compared to that 

prepared by gas atomization (GA) under the same powder feed rate and scan conditions [91]. 

Despite not explicitly explained, it is believed that the better circularity and flowability in PREP 

powders allowed the enhanced filling efficiency leading to less porosities. 

 
Fig. 4. (Top) Powder characteristics such as size distribution, apparent and tap densities, and Haunser ratio, 

(middle) scanning electron micrographs of powder, and (bottom) optical images at the cross-section of L-PBF 

processed Nickel-based alloy indicating porosity and cracking defects [65]. 

 

Chemical composition is critical for Nickel-based superalloy and there are essential 

elements (e.g., Al, Ti, Nb, Ta, V, Cr, Fe, Co, and Mo) to achieve designed properties. It is also 

well known that trace elements inside Nickel-based superalloy have huge effects on the 

microstructure and mechanical properties [92]. Among these elements, oxygen content is the 

most important issues for AM Nickel-based superalloy. Nickel-based superalloy powders have 

higher oxygen content compared to the wrought or cast ingot [93], thus, the possibility of oxide 



19 

 

inclusions formation in the AM processed Nickel-based superalloy is higher [94]. The excess 

oxygen could influence the molten pool kinetics [95] leading to severe spattering or balling 

phenomenon [96] during the fusion-based AM process. The excess oxygen content in powders 

also degrades the ductility of the final AM processed Nickel-based superalloy components [97]. 

In addition to the oxygen content, some inert gas or hydrogen could also be entrapped 

inside the atomized powder [98]. Trapped gas forms bubbles inside the powder which will 

transfer into melt pool during the fusion-based AM processes. Once the gas bubble does not 

escape from the melt pool, it will become small pores , thus decreases the density of the final 

AM components [99]. 

The other minor elements such as Si, B, P, and C were also reported to affect the AM 

processability of Nickel-based superalloys. R. Engeli et al. [65] demonstrated that the cracking 

density of L-PBF processed IN738LC presented a positive correlation with the contents of Si, 

Ga, and Pb. Similar phenomenon was reported by Tomus et al. [100] in L-PBF processed 

Hastelloy X in which a low Mn+Si containing alloy showed considerably less cracking than a 

high Mn+Si containing alloy. In conventional welding, these elements were known to segregate 

to the grain boundaries, thus, locally decreasing the solidus temperature along the grain 

boundary areas. According to Tomus et al. [100], the addition of Si up to 1 wt. % can result in 

a significant decrease in solidus temperature by 33 oC. These elements (Si, B, P, and C) could 

potentially be detrimental by forming unfavorable phases such as eutectic or borides [101]. 

Thus, susceptibility to cracking would undermine the processibility and mechanical properties 

of the Nickel-based superalloys. 

 

Minor contamination of elements such as C and O enhances the laser absorption in 

because they are reported to increase the powder-surface roughness. This was validated by the 

decreasing reflectivity in Nickel-based metal matrix composites (MMC) [102]. It should be 

noted, however, the deposition of these thermo-resistant particles also degrades the effective 

thermal conductivity of the powder simultaneously [103]. The cumulative effects of 

agglomeration of contamination due to the complicated melt pool convection and buoyancy 

force as well as degraded heat conduction may consequently deteriorate the building efficiency 

and facilitate defect formation during the fusion-based AM process [104]. The surface 

modification for metal powders can significantly impact the as-built microstructures and 

processing window for the optimized scan parameters. 

 

Powder recycling - Since powder characteristics can significantly influence the properties 

of fusion-based AM components, it is important to thoroughly characterize powders before 

usage, especially for recycled powders. Spatter, evaporation of elements and oxidation will 

change the characteristics of recycled powders such as size distribution, flowability, packing 

density, and chemical composition [105]. The ASTM F3049 standard [82] provides a series of 
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standard method for metal powder characterization, which are summarized in Table 1. 

For powder bed techniques including E-PBF and L-PBF, powder recycling is one of the 

crucial steps since a small fraction of powders layered on the build plate are melted to 

manufacture the object. Nevertheless, the heat-affected powders distributing in the periphery 

of the melted powders may contribute negatively to the recycled powder characteristics due to 

effects such as oxidation, loss of elements, morphological effects, and size effects leading to 

variation in mechanical properties [106]. Therefore, sieving is needed to ensure the high-

quality powders similar to the virgin powders. However, similar to the Ti-alloys or steels [107], 

no significant change in mechanical properties was reported in weldable Nickel-base 

superalloys such as IN718  for recycled powders as compared with virgin powders [108]. 

The re-melted powder surfaces, spattered particles, and deformed powders that were 

generated and ejected from the melt pool, however, were found to broaden the particle size 

distribution in the recycled powder characteristics [109]. Nguyen et al. [110] further reported 

that the flow rate and the packing density of the recycled IN718 powders were decreased by 

1.12s·(50g)−1 and 0.8 % approximately after 10 cycles. Kong et al. [109] also showed the drop 

in both ductility and yield strength of AMed IN718 by 8 % and 50 MPa using the recycled 

powders after 6 cycles due to the change in particle size as compared with those of virgin 

powders. 

Additionally, it was found that the oxygen content in the recycled powders were gradually 

enhanced with increase in number of recycling. As reported by Rock et al. [111], the oxygen 

content in the recycled powders can increase by 100 ppm in IN718 powder after 10 times of 

recycling. Although the un-used particles also slowly gained the oxygen during the building 

process, the main reason that incrementally mounted up the oxygen content of the recycled 

powders was found to be the presence of spatter particles, which will be further discussed in 

next section. 

 

4.2.2. Fabrication 

Process parameters - The microstructure, density, and surface quality of the parts 

processed by fusion-based AM methods are tightly linked to the AM fabrication parameters. 

Review papers on the process-microstructure relationship have demonstrated that using 

optimized parameters can effectively suppress the formation of cracks and porosities leading 

to higher bulk densities in both DED [112] and PBF [113] processes. These parameters include 

power (laser or electron beam), scan speed, hatch spacing, layer thickness, and laser spot size. 

For the DED process, powder feed rate would also be considered as an important parameter 

that defines the minimum track width associated with the hatch spacing and layer thickness. 

Since parametric studies of AM processes can be complex due to the large amount of process 

variables involved, combined parameters were also used to design the processing window for 

Nickel-based superalloys. For example, previous studies have shown that certain measured 
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responses can be related to a volumetric energy density (VED) (in J/mm3) defined 𝑎s 

VED=P/(V.H.L)x106 [114] (where P is power in W, V is scan speed in mm/s, H is hatch spacing 

in µm, and L is layer thickness in µm). 

A study on L-PBF of CM247LC and CMSX486 demonstrated that the cracking density is 

proportional to the applied energy density [114]. Similar conclusion was also proposed by other 

studies on PBF processed IN738LC [115] and Hastelloy X [116]. The energy density was also 

found to correlate with the dynamics of melt pool. Cloots et al. [115] reported that the keyholes 

were observed in PBF processed IN738LC with relatively high energy densities. The large melt 

pool dimension due to high energy density induced the micro-humping and overlapping of the 

adjacent deposits could result in degrading flatness [117]. When processing with comparatively 

low energy densities, balling phenomenon may occur due to the insufficient flowability of the 

melt and large tendency to shrinkage, leading to reduced surface area [104,117]. The poor 

metallurgical bonding also corresponds to decreasing relative density of PBF processed Nickel-

based superalloys such as IN718 [117], CM247LC [114], and IN738LC [115]. Since the 

powder feed rate would determine the size of the deposits in DED process, the coupling of 

powder feed per unit length and energy density generally dominates porosity and surface 

quality. The incorporation of feed rate and energy density were widely studied in various 

superalloys including IN625 [118], IN100 [119], Rene 41 [120], Waspaloy [121], and Hastelloy 

X [122]. 

It should be noted that, however, the individual parameters may also impact the resulting 

properties despite the same VED. Recently, de Leon Nope et al. [123] showed that the most 

influential processing parameters on porosities are the hatch spacing followed by the power 

and scan speeds. In particular, the hatch spacings are mainly responsible for the formation of 

bonding defects whereas the scan speeds dominate the porosities due to the molten pool 

instabilities (e.g., spherical porosity due to the entrapped gas). The unequal contributions of 

each processing parameters account for the mismatch of prediction on fraction of porosity and 

VED. To efficiently and precisely optimize the processing parameters, some studies utilized 

the computer-aided design and machine learning [81]. 

The use of different scan strategies can profoundly impact the properties of AM processed 

Nickel-based superalloys in terms of defect formation, microstructures, and residual strains. 

Since different scan strategies lead to variations in thermal distribution, the grain structures 

would vary simultaneously, which are dependent on the direction and magnitude of thermal 

gradient. The island scanning with rotation of pattern led to more homogeneous grain structures 

and less texture, showing that a uniform scan strategy may reduce the directionality of thermal 

gradient that drove the epitaxial growth of the grains (see Fig. 5) [124]. The uniformity of scan 

strategy was also observed to contribute to the interruption in epitaxial growth of Nickel-based 

superalloys processed by DED [125]. Likewise, scan strategies with less repetition resulted in 

less residual strains and thereby the deflection of the builds [126]. The cumulative effects 
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altered the susceptibility to cracking during the PBF process. Studies have confirmed the 

repeated scanning and non-uniform scan strategies would significantly mount up the density of 

cracks especially in non-weldable superalloys such as Rene 104 [127] and CM247LC [128]. 

The studies clearly revealed the importance to seek for an optimized combination of scan 

strategy and processing parameters for Nickel-based superalloys processed by fusion-based 

AM techniques. The underlying mechanisms through which process conditions affect the 

defect formation (section 3.4), and the subsequent mechanical properties (section 4) as well as 

the processing optimization (section 6) will be further elucidated. 

 
Fig. 5. Electron backscattered diffraction (EBSD) and Inverse Pole Figure (IPF) Z maps showing the grain 

morphologies of L-PBF processed Hastelloy X using different scan strategies of (a) line scanning without scan 

rotation, (b) line scanning with scan rotation of 90o, (c) line scanning with scan rotation of 67o, and (d) island 

scanning with scan rotation of 67o, respectively. Note that the row 1 corresponds to the grain structures with 

respect to the build direction; row 2 corresponds to the grain structures with respect to the transverse direction; 

row 3 presents the pole figures for each condition [124]. 

 

As in the case of other alloying systems, shielding gas is used in AM processing of Nickel-

based superalloys to circumvent the reaction between atmosphere and the powder or melt by 
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fusion-based techniques. The purpose of using the gas flow is to remove any process by-

products such as spatter, condensate, and welding fumes from the path of the laser as well as 

prevent the formation of detrimental inclusion and porosity. Oxygen is the most influentially 

detrimental element that facilitates the formation of inclusions and spatters, thus, changes the 

melt pool physics. Similarly, the reuse of powders exposed to the oxidation environment can 

lead to drops of various mechanical properties due to the presence of spatter which alters the 

tendency to form γ'- γ'' precipitates. The PBF build chambers were typically operated under the 

vacuum or an inert gas (e.g., Ar or N2) to minimize oxidation both in AM parts and unfused 

powder [129]. Although the inert gas or vacuum environment are not necessary in DED process, 

inert shielding gas delivered along with powder flow is still needed to flood the area beyond 

the melted zone induced by arc or laser to exclude atmospheric gases for forming gas pores or 

inclusions [50]. 

However, the atmosphere can interact with the powder bed and melt pool during the AM 

process. Simulations and experiments have indicated that the atmosphere used for the PBF 

process significantly impacted the melt pool geometry [130]. As illustrated in Fig. 6, the low-

density gases such as He possess faster speed flow than high-density gases under the same 

pressure and thereby to induce larger dragging force that is proportional to the square of flow 

velocity. Despite not explicitly understood, the preliminary analysis suggested that the higher 

flow velocity of gases may induce larger radial flow leading to more pronounced denudation 

and balling phenomenon. These light inert gases could also potentially raise the cooling rate of 

the builds fabricated by DED process that is characterized to have comparatively lowing 

cooling rate due to the generation of large melt pool [50]. As one of the benefits from DED 

process, multiple shielding gases can be supplied periodically to take the beneficial properties 

of each shielding gas. 

 
Fig. 6. Schematic illustration showing the comparison the single bead morphologies in terms of denudation and 

balling phenomenon under Ar and He atmosphere, respectively [131]. 

 

In addition to the flow velocity, the pressure of atmosphere affects melt pool geometry and 

formation of certain types of defects. Y. Zhao et al. [132] suggested that the L-PBF process 
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under ambient pressure would cause larger recoil pressure related to the formation of keyhole 

and surface instability when compared to the E-PBF processed under vacuum condition [132]. 

The more intense convection and evaporation in L-PBF process account for smaller melted 

zone induced by faster heat dissipation, while, increasing fraction of porosity. The pressure-

dependent defect formation was also confirmed by Calta et al. [133]. The operating 

environment can profoundly influence the processing window of Nickel-based superalloys 

processed by fusion-based AM where optimized microstructure and density are achieved.  

 

Wall effect - During powder bed AM processes such as L-PBF and E-PBF, particles are 

spread as a thin powder layer by a rake (usually a roller, blade, or brush) and then the laser or 

electron beam perform fusion process. The rake contacts with powders and influences the 

powder bed condition directly. Chen et al. [134] investigated the interaction between powder 

particles and the rake during powder spreading through computational modeling. They found 

when powder particles flow through the gap between the rake and baseplate, some particles 

located at the surface of powder bed could be removed since the space is not enough for powder 

particles. Also, there is a net of transient contact force between powder particles, which 

sometimes develops into a ‘’force-arch”. The force-arch is hard to break, and it could act as a 

dynamic wall and remove powder. These phenomena were called “wall effect” since the 

powder is blocked from flowing through the gap just like there is a wall here. Consequently, 

this creates voids on the powder bed surface and decreases the packing density of powder bed. 

Nan et al. [135] suggested if the gap is much larger than powder particles, it is less likely that 

powder could be dragged by the rake, thus, the powder bed has higher density. Fig. 7(a,b) 

illustrates the “wall effect” and the influence of powder size and gap space. However, it should 

be mentioned that increasing gap space leads to thicker powder bed, which requires higher 

energy input for melt formation. Simultaneously, decreasing particle size could degrade the 

powder flow and packing density. To reach the balance, powder size, gap space and other 

process parameter should be well controlled during fusion-based AM process. 

 

Powder spreading - In addition to the micro-voids, some macro-flaws of powder bed 

could be observed during powder bed AM processes, which could lead to instable powder 

distribution. These flaws transfer into porosity [136] or even severe failure of AM components. 

They are considered as powder spreading anomalies and related to abnormal behavior between 

rake, powder bed and as-build AM part. Scime et al. [137] demonstrated different anomalies 

during the powder spreading and categorized them into six types (Fig. 7(c)). According to the 

literature and similar work from Foster et al. [138], the rake might strike the “super-elevation” 

of AM components and hop during powder spreading, causing part failure and unsmooth 

powder bed. If the rake is damaged by super-elevation or contamination on the powder bed, it 

could lead to stripes on the powder bed which are parallel to spreading direction. 
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 The “super-elevation” occurs when AM components warp up above the powder layer. 

Warping is a common defect observed in the overhang structure of AM components without 

proper support design [139]. Since the powder bed beneath the overhang structure has poor 

thermal conductivity compared to as-build solid part, the heat from the energy source 

concentrates at the overhang. This will result in high thermal gradient and shrinking to the 

overhang structure. Part failure also causes warping and super-elevation because heat cannot 

dissipate through the failure surface. Rough surface or spatter of AM components with 

improper fusion parameter also leads to super-elevation and damages the rake during powder 

spreading [138]. To alleviate issues related to powder spreading using a conventional dispenser 

(such as blade, roller, brush, etc.), it could be practical to use a non-contact electrostatic powder 

dispenser. 

 

Fig. 7. The powder spreading dynamic in powder bed fusion AM process. (a) The relationship between particle 

size and layer thickness in term of powder bed quality and uniform spread powder. (b) The dynamic “wall effect”: 
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when rake pushes the powder pile, strong contact force between powder drags some particles from the powder 

layer [134]. (c) The illustration of powder bed anomalies [137]. 

 

Spattering - Spattering is a common phenomenon observed during fusion-based AM 

process. When the high energy source fuses the feedstock, welding sparks are ejected from the 

fusion zone. These sparks then solidify as solid particles and disperse inside the working 

chamber. Spattering is critical especially to the fusion-based AM process with powder bed 

because the spatter could attach on the surface of AM components or powder bed in processing, 

it might cause powder bed anomalies by damaging powder spreading rake [137] or cause LoF 

if the next layer scanning cannot melt the large particles completely [140]. 

 Gasper et al. [105] have divided the spattering into two categories: (1) the molten material 

ejected from the molten pool, and (2) the particles entrained by an ambient gas flow or 

electrostatic force of electron beam [141]. The spatter ejected from the molten pool was 

demonstrated to be related to the forces induced by Marangoni flow and recoil pressure [142], 

in which the molten material is pushed to the edge of the molten pool and ejected to the 

surrounding. On the other hand, the feedstock particles on the powder bed could be entrained 

by the inert gas flow induced by the vapor jet of molten pool [143]. For electron beam melting, 

the electron beam not only creates a molten pool but charges the metal particles and substrate. 

The electrostatic force then triggers the powder jet [141]. If the entrained particles are molten 

by the energy source, they become “hot ejection spatter”. While some particles are not molten 

by the energy source and retain their morphology, they are “cold ejection spatter” and has less 

influence on the process. The vaporized material especially the elements with low vapor 

pressure also causes nano-particles [107], which attach to the surface of the chamber or the 

optical lens and are harmful to human health and performance of energy source. 

 Spatter will be collected with un-melt powder as recycled feedstock after the process. 

Ejected material from the molten pool solidifies as spherical particles. However, the size of 

spatter may be different with virgin powder and change the powder size distribution of recycled 

feedstock [144]. Entrained particles with partial melting could form agglomerates and degrade 

the aspect ratio of recycled feedstock. As mentioned earlier in section 4.2.1 about powder 

characteristic, powder morphology will impact the flowability and packing density of recycled 

feedstock [78]. Furthermore, it was reported that molten spatter could react with oxygen inside 

the chamber. Nickel-based superalloy usually has elements such as Al, Ti, Cr, and Si to reach 

the property requirement. These elements interact with oxygen under low oxygen partial 

pressure based on Ellingham diagram [145]. Gasper et al. [105] reported the oxide film of Al 

and Ti with the thickness hundreds of nanometers on the surface of spattered particles in L-

PBF processed IN 718. They also reported the oxide of Cr and Si on the spattered particles of 

L-PBF processed Hastelloy X [146]. The oxide film formation might increase the oxygen 

content of recycled feedstock [97] and provide a source for oxide inclusion formation inside 

the AM Nickel-based superalloy components. More details about the oxide will be discussed 
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in section 4.4.1 about inclusion. 

Based on the observations for the spattered particles, Fig. 8, oxide spots and films 

generated by the AM process can be clearly identified, either by liquid ejection or by particle 

entrainment (Fig. 8c). Despite the subtle change in chemical compositions, slight amount of Al 

and Ti was characterized reacting with oxygen leading to the formation of Al-rich and/or Ti-

rich oxides, acting as heterogeneous nucleation sites for Nb/Ti carbides that further deprive the 

γ’-forming elements [147]. The increasing density of oxide inclusions was also confirmed by 

Kong et al. [109], Gasper et al. [105] and Nandwana et al. [107]. The presence of elemental 

oxygen and/or oxide particles may slightly influence the microstructures and mechanical 

properties of the built part attributed to the impediments to the movements of dislocations and 

grain boundaries [148]. 

 

Fig. 8. (a) SEM micrograph of nickel alloy 718. Backscattered electron SEM micrograph and EDS elemental may 

analysis from (b) a spattered nickel alloy 718 particle, and (d) surface of the L-PBF process IN718 where oxide 

spots are detected, (c) Schematic illustrating laser-powder interaction and how spattered particles form during 

PBF process. Reprinted with permission from Ref. [105]. 

 

 To reduce the influence of spattering, a proper energy input during fusion-based AM 

process is important since the spattering is associated with kinetic stability of the molten pool 

[149]. A large energy density causes a deeper keyhole and more vaporized material, which 

leads to unstable molten pool kinetics. For L-PBF, a gas flow and proper specimen position are 

suggested to prevent the components from being covered by the spatter [150]. For electron 

beam melting, a vacuum chamber is shown benefit to stabilize the molten pool with smaller 

recoil pressure [132]. Also, low beam current and defocus electron beam could avoid the 
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unexpected powder spreading because of the electrostatic forces [151]. For recycled feedstock, 

it is suggested to sieve the powders after cycling use to remove agglomerates or huge particles. 

Composition analysis is also recommended for recycled feedstock [146]. 

 

Elemental evaporation - During the fusion-based AM processes, high energy source 

interacts with molten pool and evaporates the molten material, which causes gas expansion and 

recoil pressure inside the molten pool [149]. However, the elements of molten material 

evaporate in different rates since some elements have higher vapor pressure under specific 

temperature. The selective vaporization cloud cause compositional changes and impact the 

subsequent properties of the fusion-based AM components. Based on the well-known 

Langmuir equation [152], the evaporation rate of alloying elements of a molten liquid under 

low pressure is defined as J=P/√(2πMRT) (where J is the vapor flux, P is the partial pressure 

of the vaporizing element over the liquid, M is the molecular weight of the element, R is the 

gas constant and T is the specific temperature in k). Though it was reported that the experiment 

data of AM components has about 5~20% deviation or more between the calculation results 

[153], the equation still provides a good approach to understand the selective evaporation of 

alloying elements during fusion-based AM process. 

 Mukherjee et al. [153] found that for IN625 alloy with fusion-based AM process, the 

element loss of Cr is about 0.01 wt. %, which is less susceptible to elemental evaporation 

compared to Ti-6Al-4V or other alloys with high Mn content. Ahsan et al. [154] calculated the 

mass flow of L-PBF processed IN718 and found that Ni and Cr have the maximum 

concentration change (~0.2%) under high energy density fusion. A similar result given by 

Nandwana et al. [107] showed that Cr and Ni have the largest mass flux during E-PBF process. 

These findings indicated that the element with high vapor pressure and high concentration 

fraction in Nickel-based superalloy could experience concentration loss while the elements 

with low vapor pressure will segregate during fusion-based AM process. Also, Gasper et al. 

[105] and Nadawana et al. [107] found that Ni and Cr had the maximum concentrations in the 

plume. Panwisawas et al. [155] also showed that Cr and Co have about 1 at% loss after L-PBF 

process. Although, a compositional variation of about 1~2% does not seem critical for the AM 

Nickel-based superalloys, extra caution and careful efforts need to be employed to fulfill the 

alloy standard compositional requirements. It is also important to use extra caution about the 

powder condition because the spatter with elemental evaporation which could influence the 

composition of recycled powders and subsequently impact the mechanical properties of the 

resultant AM components [97]. 

 

4.3. Microstructure 

AM process optimization includes adjustments of scan parameters and pre-heat 

temperature. Since no additional procedures are needed, it possesses higher freedom of 
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adjustment and lower cost when compared to heat treatment. Overall, the process optimization 

aims to minimize the thermal gradient by (1) decreasing the cooling rate and (2) altering the 

melt pool volume and partial re-melting volume of the deposited layers or tracks. Pre-heating 

the substate can effectively reduce the thermal gradient that exists between successive layers 

by prolonging the cooling time, and thus reducing the residual stress during the solidification. 

The effectiveness has also been validated for Nickel-based superalloys processed by fusion-

based AM [156]. It should be noted, however, the processes such as E-PBF has already used 

the pre-heated substrate up to 1000 ℃. Although the magnitude of residual stress is lower in E-

PBF processed parts compared to other laser-based techniques, other strategies such as 

adjustments of scan parameters could further reduce the level of residual stress. Nickel-based 

superalloys fabricated by fusion-based AM techniques generally present the columnar-grained 

feature with respect to the building direction while equiaxed feature with respect to the 

transverse direction, and process parameters such as different scan strategies may result in 

different degrees of non-epitaxial solidification that accounts for variations in texture 

tendencies. This microstructural morphology has widely been reported in several Nickel-based 

superalloys processed by L-PBF [157], DED [158], and E-PBF [159]. 

 

4.3.1. Grain structure 

The forming mechanism by which grains grow within single-track molten pool as well as 

the overlapping regime between successive tracks or layers is schematically illustrated in Fig. 

9 [160]. For Nickel-based superalloys with fcc crystal structure, the formation of columnar 

grained structure tends to follow the [001] direction due to lower elastic modulus than that 

along [110] and [111] directions [161]. Driven by the thermal gradient denoted by vector G (in 

Fig. 9a), the grains with [001] direction would grow preferentially with respect to the melt pool 

boundaries. Particularly, three kinds of grain growth modes could be activated. In zone A where 

Gz dominates the vector G (i.e., Gz » Gy), the columnar grains keep growing along [001] 

direction under the thermal gradient G. With moving the location away from the center (e.g., 

zone B), Gy increases to a considerable value which is comparable with Gz, both grains with 

[010] and [001] direction are growing competitively, leading to the coexistence of columnar 

grains and equiaxed grains. Eventually, the Gz becomes predominant in the edge of melt pool 

(i.e., zone C), thus, the grains grow perpendicularly to the building direction. Gu et al. [162] 

provided a more comprehensive quantitative thermal data for L-PBF processed IN718 using 

ANSYS analysis. The cooling rate in this study was estimated to be 106 K/s at the center of 

melt pool and decreased when leaving the center; the thermal gradient was found to approach 

0 at the center of melt pool and then drastically increased away from the center. According to 

the criterion proposed by Hunt et al. [163] and modified by Gaumman et al. [164], the large 

cooling rate and low thermal gradient favor the columnar to equiaxed transition (CET). This is 

in good agreement with the microstructural change from columnar to equiaxed structure in the 
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middle of melt pool. 

 
Fig. 9. Schemetic illustration showing the dendritic growth within (a) single-track molten pool, (b) multi-tracks 

molten pool, and (c) overlap zone between successive layers [160]. (d) Microstructural profile of L-PBF IN718 

and different zones within the cross-section of molten pool [162]. 

 

The grain structure in AM processed samples is affected not only by a single bead but also 

due to the successive tracks or layers. Yang et al. [160] reported that the competitive growth in 

overlapping region away from the middle of melt pool results in cellular structures (see Fig. 9 

b) while the grain growth is dominated by [001] direction in the middle of melt pool , which 

accounts for the growth of elongated grains (see Fig. 9c) due to the successive layers or tracks. 

This competitive growth followed by thermal gradient also changes the grain orientations along 

build direction when different scan strategies are utilized. Helmer et al. [165] reported that the 

columnar grains grow in a zigzag pattern corresponding to the rotation of scan pattern whose 

borders reveals the existence of a high fraction of equiaxed grains owing to highly competitive 

growth along different directions. Similarly, the coupling of competitive growth and scan tracks 

also result in a complex texture with respect to the transverse direction depending on the scan 

strategy applied. For example, the “chessboard-like” scan pattern is typically present in 

samples built by zigzag scanning rotation between successive layers. Additionally, the average 

grain size of built parts was found to increase with increasing heights attributed to the 

decreasing cooling rate. This microstructure evolution is more pronounced in E-PBF processed 

samples as compared with L-PBF ones because the cooling rate is lower due to the pre-heated 

substrate. As displayed in Fig. 10, the columnar grain width increased substantially due to the 

increased sample height [101]. Likewise, the lower cooling rates during E-PBF and DED 

process are also favorable for epitaxial growth for Nickel-based superalloys. By comparing the 

grain structures of L-PBF processed (see Fig. 12a) and E-PBF processed (Fig. 12b) SB-CoNi-

10 superalloy, it could be seen that the columnar grains grew continuously in E-PBF processed 
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specimens, i.e., exhibited more predominant <001> texture than that in L-PBF processed 

specimens [166]. 

 

Fig. 10. Microstructure of E-PBF processed non weldable Ni-Co-Cr-Mo-Al-Ti-B Nickel-based superalloy from 

bottom to top observed by (a) optical microscope, (b) EBSD, and (c) backscattered electron scanning electron 

microscopy (BSE-SEM) [101]. 

 

By adjusting scan parameters and therefore changing the thermal history the columnar-to-

equiaxed transition (CET) are facilitated. In addition to reduced degree of anisotropy, it is found 

that the equiaxed grain structure can effectively inhibit the crack propagation in AM processed 

Nickel-based superalloys [167]. A more comprehensive discussion on process optimization and 

controls of microstructures for Nickel-based superalloys will be elaborated in next sections 

such as 5 and 6. For the non-weldable Nickel-based superalloys with small processing window, 

the parameter optimization may not be easily achieved without porosities and cracks that are 

detrimental to the mechanical performance. 
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Fig. 11. TEM micrographs of IN625 upon treated by laser shot peening at different areas along the build direction: 

(a,b) near the top surface, (c,d) at a depth of 100 μm, and (e,f) at a depth of 1000 μm. (g) A schematic showing an 

overview of the microstructure [168]. 

 

After heat treatment, the texture was found to be less pronounced. Previous studies have 

shown that the formation of isotropic grain structure can be achieved when supersolvus heat 

treatments are applied [169]. With insufficient temperature applied, however, the pinning effect 

contributed by precipitates may inhibit the migration of grain boundaries resulting in an 

unchanged grain structure. This is corresponding to the predominant anisotropy within AM 

processed Nickel-based superalloys upon heat treatment with their standard conditions based 

on the conventional process [170]. The grain structures after heat treatment are also affected 

by the selected processing technique. Attributed to sufficient pre-heating that eliminates the 

majority of the residual strains while reduces the cooling rate, a comparatively coarser grain 

structure would be obtained in E-PBF processed parts when compared to L-PBF processed 

parts. The EBSD IPF Z maps shown in Fig. 12 (a-7) clearly demonstrated the increase in grain 

size by more than 100 μm within SB-CoNi-10 superalloy [166]. 
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Park et al. [171] reported that the number fraction of low angle grain boundary (LAGB), 

which is believed to be associated with the crack initiation point, and the average misorientation 

angle were significantly lowered with 5% energy density of the laser remelting for the first 

scan. Other studies focused on the use of heat treatments. Studies have demonstrated that the 

tensile residual stresses responsible for cracking can be relieved by compressive stresses 

induced by laser shock peening [168] or high-pressure rolling [172]. As confirmed by the 

transmission electron microscopy (TEM) in Fig. 11, dislocation entangled with fine precipitates 

and fine recrystallized grains can also be achieved that strengthen the materials with superior 

resistance with crack propagation [168]. 

 

Fig. 12. SB-CoNi-10 superalloy processed by L-PBF in (a) and by E-PBF in (b) [166]: (1) Stitched BSE image 

showing the as-built microstructure . The particular microstructures near, 1 mm below, 2 mm below, and 4 mm 

below the final build layer are shown in (2), (3), (4), and (5), respectively. IPF Z maps showing the vertical section 

of as-built and heat-treated samples are displayed in (6) and (7), respectively. Observations at high magnification 

showing the γ-γ′ structures of heat-treated samples are further emphasized in (8) and (9). Note that the scale bar 

for (1) is 50 μm; the scale bars for (2–5) are 5 μm; the scale bars for (6) and (7) are 500 μm; the scale bar for (8) 

is 25 μm; the scale bar for (9) is 5 μm [166]. 
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4.3.2. Phase formation 

The thermal history occurring during the AM processes determines the microstructural 

evolution of Nickel-based superalloys. In the fusion-based AM techniques, the cooling rate is 

within 103-108 K/s, which is significantly larger than that in welds or castings [173]. This high 

cooling rates result in a fine dendritic grain structures and features surrounded by high density 

of dislocations. In addition, the solidified region may be influenced by re-melting or heat 

affected zone (HAZ) occurring during the successive scanning sequences. The cyclic heat input 

enables faster diffusion of refractory elements for nucleation as well as higher cooling rate and 

thermal gradient rendering larger undercooling and sufficient nucleation sites. Both factors 

contribute to fine-dispersed precipitates with limited growth in AM processed Nickel-based 

superalloys [174]. As shown in Fig. 13, the microstructure of L-PBF processed IN718 [175] 

consists of more delta phase precipitates along dendritic boundaries and grain boundaries with 

smaller particle size as compared to those processed by forging or casting [170]. 

 
Fig. 13. Microstructure and grain size distribution of L-PBF processed IN718. Forged and cast microstructure 

with corresponding SEM pictures are also included [170]. 

 

Interestingly, depending on the differences in thermal gradient and cooling rate, the 

dendritic structure and phase transformation may vary, and pre-heating of substrate may further 

influence the size distribution of precipitates in different AM processes. Based on 
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experimentally derived cooling rate/dendrite arm spacing (DAS) relationships, DAS was found 

to vary inversely with the cooling rate [176]. Due to the pre-heating during E-PBF process, the 

cooling rates in laser-based AM processes including L-PBF and DED have been reported to be 

1000 times greater [174]. As a result, it would be expected that E-PBF promotes coarser 

dendritic structure as compared with the laser-based AM processes, which in turn could further 

result in a larger degree of segregation in the former. This is evidenced by the works conducted 

by S. P. Murray et al. [166], as demonstrated in Fig. 14. The largest DAS with severe micro-

segregation in alloy processed by Bridgman casting confirmed the cooling rate-controlled 

solidification process. Similar observations were summarized by Murr et al. [177]. 

Simultaneously, the pre-heating in E-PBF process allows the growth of precipitates but reduces 

the residual strains. As a result, although the fraction of precipitates is decreased, the average 

size of precipitates would be larger in the E-PBF processed Nickel-based superalloys. This is 

evidenced by the observations reported for IN625 [166] and IN718 [178]. Nandwana et al. [179] 

reported that the size of needle-shaped δ phase (Ni3Nb) can approach over 10 μm when a pre-

heat temperature of 915 oC was utilized in E-PBF fabricated IN718. Similarly, the comparison 

between CM247LC fabricated by L-PBF [180] and E-PBF [181] revealed that the pre-heating 

during the E-PBF process facilitated the γ′ precipitates to grow from a nano-scale size to micro-

scale size. The high pre-heat temperature also allows the growth of precipitates as building 

process proceeds, and thereby, the size of γ′ precipitates presented an inverse proportionality 

to the sample’s height (Fig. 10(c)) [101]. Likewise, the comparatively large melt pool 

dimensions in parts fabricated by DED allows longer solidification time leading to more 

pronounced nucleation and growth of precipitates. This was evidenced by the presence of nano-

sized γ′′ precipitates in the DED processed IN718 [182]. 

 

Fig. 14. The BSE micrographs showing as built microstructure of SB-CoNi-10 Nickel-based superalloy after (a) 
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Bridgman casting, (b) E-PBF, and (c) L-PBF along the transverse direction. The corresponding quantitative 

compositional data performed by EPMA and Scheil curve showing the chemical segregation are shown in (d), (e), 

and (f) for Bridgman, E-PBF, and L-PBF samples, respectively. The BSE micrographs and chemical analysis were 

obtained from [166]. 

 

After heat treatment, the high density of dislocations that yields considerable amount of 

nucleation sites facilitates the phase transformation in laser-based AM processed samples. 

Similar to the observations in Fig. 12 a-b (i), it was found that both γ′ and γ′′ are larger in E-

PBF processed superalloys because of reducing the dislocation density would reduce the 

number density of nuclei [166]. In addition to the primary precipitates, this change can also 

affect the formation kinetics of the other minor precipitates. Kuo et al. [183] reported that 

needle-shaped δ precipitates grew continuously along the grain boundaries and sub-grain 

boundaries in AM processed IN718. Interestingly, upon solution heat treatment and aging, the 

E-PBF processed IN718 samples appeared to exhibit less amount of δ precipitates when 

compared to those processed by L-PBF. The higher pre-heating temperature during the E-PBF 

process reduced the residual strains, thus, retarded the phase transformation during the 

subsequent heat treatment. 

Considering the metallurgy of Nickel-based superalloys, their microstructures induced by 

AM processes can be roughly categorized using their main strengthening phases. In particular, 

the microstructural evolutions can be divided into two separated systems, γ′′-strengthened and 

γ′-strengthened superalloys. In γ′′-strengthened superalloys, Nb segregates to the inter-

dendritic regions leading to precipitation of Nb-rich phases such as Laves, δ and NbC, as shown 

in Fig. 15. Upon an appropriate solution heat treatment, these phases are dissolved to achieve 

a homogeneous distribution of Nb. Thus, a microstructure with a uniform distribution of γ′/γ′′ 

precipitates can be achieved upon the aging heat treatment, as shown in Fig. 15(a). If subsolvus 

heat treatment is applied at temperatures below 1010 oC, δ phase will survive and distribute 

along the region where segregation of Nb took place [184], as shown in Fig. 15(c-e). This 

morphology has been widely reported in AM processed IN718 [185] and IN625 [186]. In γ′-

strengthened superalloys such as Haynes 282, on the other hand, segregation of γ′-forming 

elements including Ta and Ti also accounts for the formation of (Ta, Ti, Hf)C carbides as well 

as other types of carbides such as Cr-rich M23C6 and Mo-rich M6C [187], which in turn could 

limit the dislocation mobility and thus contributes to pile-up of dislocation within inter-

dendritic region. The γ’ in cellular inter-dendritic region is significantly larger than that in 

dendritic regions owing to the eutectic formation and low energy diffusion path provided by 

the presence of dislocations, as shown in Fig. 15(b). Upon appropriate heat treatment, the 

bimodal distribution of γ’ precipitates as well as carbides can be identified, as shown in Fig. 

15(d) and (f), respectively. The primary γ’ precipitates are present along the grain boundaries 

when subsolvus heat treatment is applied, as shown in Fig. 15(d-f). Similar morphology was 

characterized in AM processed CM247LC [64], IN738LC [65], CMSX-4 [66], Mar M-247 [67], 

Rene 104 [68], Rene 65 [188], Haynes 282 [187], and Rene 142 [69]. 
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Fig. 15. Typical SEM micrographs of IN 718 LP-DED, Haynes 282 L-PBF, and Hastelloy X L-PBF specimens in 

various heat treated conditions: (a)-(c) as-deposited (NHT), (d)-(e) fully heat treated IN 718 LP-DED (i.e., stress 

relived (SR) at 1065 ºC/1.5hr + homogenized at 1162 ºC/3.5hr + solutioned at 1065 ºC/1hr + fully aged at 760 

ºC/10h+650 ºC/10h) [189]; (f)-(g) fully heat treated Haynes 282 L-PBF (i.e, stress relived (SR) at 1065 ºC/1.5hr 

+ HIPed at 1165 ºC/3.5hr/100 MPa + solutioned at 1135 ºC/1hr + fully aged at 1010 ºC/2h+788 ºC/8h) [187]; (h)-

(i) fully heat treated Hastelloy X L-PBF (i.e, stress relived (SR) at 1065 ºC/1.5hr + HIPed at 1165 ºC/3.5hr/100 

MPa + solutioned at solutioned at 1177 ºC/3hr [190]. 

 

4.4. Defects and anomalies  

The fusion of metallic layers during the AM process can result in formation of defects and 

anomalies associated with powder chemistry, powder trapped gas, powder spreading dynamics, 

lack of fusion, keyhole porosity, end of the track, spattering during the scanning process, 

residual stress and cracking, distortion and delamination, inclusions, elemental evaporation, 

surface finish and roughness, and porosity induced during post processing. Recently, Mostafaei 

et al. [18] and Wang et al. [191] have published an in-depth reviews on the AM metals. Defects 

in fusion-based AM processes can influence the quality of the built and therefore cause 

degradation in properties, so detection and mitigation are important, especially for Nickel-

based superalloys that are mostly used at elevated temperatures under severe and complex 

loading conditions. 

As discussed in previous section, there are factors that could significantly influence the 

defects formation in the AMed Nickel-based superalloys such as feedstock and processing 

anomalies. In this section, the formation mechanisms of different types of defects and 

anomalies found in the AM Nickel-based superalloys forming during the fabrication process 
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will be briefly summarized and discussed. Also, the state-of-the-art methods currently used for 

defects detections are discussed with respect to different types of defects. The underlying 

mechanisms of defect formations as well as practical approaches for elimination will be 

discussed. 

 

4.4.1. Sub-surface/internal defects 

 In section 3.2.1, the influence of powder characteristics on the fusion-based AM 

technologies were introduced and discussed. The key point to make a dense AM component is 

the feedstock with acceptable powder flow and good packing density. However, powder bed 

condition might be influenced by powder spreading process and lead to poor powder bed 

density or rough (uneven) powder bed, which is detrimental to final AM components. Porosity 

is a common defect observed in AM components and is detrimental to mechanical properties 

especially fatigue [192]. Generally, porosity of fusion-based AM Nickel-based superalloy 

primarily results from powder characteristics or improper fusion processing parameters used 

during the AM fabrication. Complex composition of the Nickel-based superalloys has less 

influence on porosity formation during AM process. Depending on the porosity morphology 

and formation mechanism, the process-induced porosities could be generally divided into 

following categories: lack of fusion, entrapped gas, and keyhole pores. 

 

• Lack of fusion (LoF) 

Generally, the classic morphology of LoF is irregular void and is formed as a result of 

insufficient energy input. High scanning speed or low source energy creates a smaller molten 

pool during fusion process. If the small molten pool cannot generate sufficient metallurgical 

bonding between the neighboring molten tracks or subsequent layers, an irregular void will 

form. Tang et al. [193] developed an analytical index in which molten pool dimension, hatch 

distance and layer thickness were the main elements to predict the LoF porosity during L-PBF 

process. However, their model did not consider other pores caused by balling effect and 

keyhole melting. Ning et al. [194] proposed a new analytical method based on the correlation 

between thermal behaviors and pore formation, which has an improved predicting accuracy. 

Examples of LoF porosity are shown in Fig. 16(c,d). 

 

• Keyhole pores 

While LoF is formed due to insufficient energy input, keyhole induced pore is formed a 

result of high energy density of fusion source and usually has near spherical morphology. 

Keyhole is a term for the opening hole forming inside the molten pool. High energy input of 

fusion source leads to high temperature inside the molten pool which vaporizes the material. 

The thermal gradient also creates large surface tension which drags the molten material from 

the hot center to the cold nearby borders. The combined force of material vapors and surface 
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tension creates a keyhole inside the molten pool. Once the energy input is cut or removed, the 

keyhole collapses because the force cannot support the molten material. Then metal vapors or 

inert gases from the chamber are entrapped inside the molten pool as bubbles [149]. The depth 

of keyhole increases with energy input. A deeper keyhole increases the tendency of porosity 

formation since gas is less likely to escape from the keyhole. It is also reported that keyhole 

induced pore is much severe at the end or at the turn point of molten track where the energy 

density abruptly changes. This may result in a deeper keyhole or a sudden collapse [195], which 

is also known as “turnaround” or “end-of-track” porosity. Examples of keyhole porosity are 

shown in Fig. 16 (i-k). The formation of keyhole porosity relies on the AM processing variables 

(i.e., laser or electron beam power, spot size, scan velocity, etc.), material-specific properties 

(i.e., boiling point, powder particle size and distribution, powder bed thickness, etc.), and 

choice of the atmosphere [196]. Thus, both machine and material-specific analysis are needed 

to minimize the pore formation, mainly with a focus on the impact of processing variables on 

the melt pool size and morphologies as well as the vapor cavity characteristics. 

 

• Entrapped gas pores 

In Fusion-based AM process, an inert gas is purged into the build chamber to protect liquid 

metal against oxidation. Due to high tendency of gas absorption in liquid metal, gas pores are 

frequently formed upon solidification. They are typically round with sphericity of > 0.7 and 

size of 50 µm. Another source of gas pore in the final build could come from the powder 

feedstock also known as entrapped gas in powder. The gas in metallic powders is primarily 

induced during the powder production processes. Typically, gas atomized powders have higher 

fraction of pores while mechanically milled or plasma rotating electrode powders have minimal 

pores. Upon laser or electron beam interaction with powder, the gases are introduced to the 

molten pool and potentially dissolve, then, part of them is entrapped in the solidified metal and 

form pores. Moisture on powder can be another source of gas porosity during the powder 

feeding. Melt pool surface fluctuation also results in gas pores during fusion-based AM 

processes. The surface protrusion on the molten metal pool as well as droplets or spatters 

induced by melt surface fluctuation may trap the surrounding gas and cause gas pore formation. 

Hojjatzadeh et al. [197] also demonstrated if solidification cracks upon rapid cooling, the 

surrounding gas flows into the cracks connecting to the top surface of the deposited 

layer/substrate, resulting in the formation of gas pores. Finally, if the Nickel-based superalloys 

are composed of volatile elements, they may evaporate due to high energy and heat input, thus, 

could bring gas pores in the solidifies metal [198]. 
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Fig. 16. Schematic of formation mechanisms for different defects. Lack of Fusion (LoF) in (a) with unmelted 

powder particles inside large irregular pores, in (b) with incomplete melting-induced porosity, in (c) with negative 

effect of metal spattering leading to shadowing effect and LoF formation, and in (d) with unstable fluid flow in 

molten pool leading to surface roughness. Gas pore in (e) gas entrapped by surface fluctuation, in (f) gas entrapped 

in raw powders entering molten pool, in (g) gas entering a molten pool through a substrate surface crack, in (h) 

gas pores precipitated during solidification. Keyholes in (i) due to rear keyhole wall collapse in the transition area 

occurring because of temperature reduction which in turn enhances the surface tension, leading to the combined 

recoil and stagnation pressure, and in (j) due to sudden laser shut off.  
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The mechanisms of gas trapped pores in atomized powder are illustrated in Fig. 17 [199]. 

During the atomized process, the high velocity of inert gas could blow the molten droplet into 

a “bag’’. The bag bursts and turns into smaller droplets. This is called “bag break-up” 

mechanism and could lead to small satellites attached on the atomized powder. However, if the 

viscosity of the molten droplet is high enough, the “bag” might not collapse into small droplets 

but close itself into a hollow sphere with inert gas trapped inside, which is observed as powder 

with spherical pores. Since the powder trapped gas is relative to high velocity of inert gas flow, 

a review from the work of Anderson et al. [98] suggested the atomized process with a reduced 

kinetic energy gas could avoid the “bag’’, suppressing the formation of satellites and powder 

trapped gas. It was also reported that small powder has less tendency to have trapped gas [200] 

since small particle results from the “bag’’ collapsing and at the same time, high cooling rate 

of small droplets leads to higher surface tension and thus inhibits the gas entrapment. 

 

Fig. 17. The illustration of “bag break-up” mechanism. Inert gas flow blows the droplet into a “bag”. If the “bag” 

does not collapse into smaller droplets, gas could trap inside the solidified powder [199]. 

 

Qi et al. [201] reported the influence of powder pores on AM components. The authors 

used direct energy deposition to build IN718 components with different powder feedstocks 

which were manufactured by gas atomized and plasma rotating electrode processed. The 

images of different feedstocks and corresponding AM IN718 components with same process 

parameter were shown in Fig. 18. It is obvious that powders with more trapped pores inside 

could lead to higher porosity to final AM components. Similar result on the influence of powder 

pores was reported by Zhong et al. [202]. They also found that gas entrapped pores in gas 

atomized IN718 powder could transfer into molten trackers during fusion process. Examples 

of gas pore formation are shown in Fig. 16(e-h). 
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Fig. 18. Powder with different porosity and corresponding AM components with similar deposition parameter. It 

clearly shows that pores inside powder feedstock could transfer to final components [201]. 

 

• Inclusions 

In the cast or wrought Nickel-based superalloys, the main source of inclusions is the debris 

from the melt crucible. The inclusions are usually within a size range of several hundred 

micrometers which are detrimental to the mechanical property of Nickel-based superalloy 

especially fatigue performance [203]. In contrast, in the fusion-based AM Nickel-based 

superalloys, the inclusions are induced by trace elements and contamination in the feedstock 

or oxidation films on the molten pool and recycled powder. These inclusions including oxide 

[204], nitride [205], carbide [206], and trace element segregation on the grain boundary [115]. 

The size of inclusions in fusion-based AM Nickel-based superalloy is ranging from several 

micrometers to nanoscale, which is much smaller than those observed in the cast or wrought 

Nickel-based superalloy. 

As discussed earlier in previous section 3.2 (Processing effects), apart from the gas 

entrapped, the gas contamination such as Oxygen is a common processing issue in AMed 

Nickel-based superalloys which could attach on the surface of powders or form oxide films on 

the particles, especially recycled powder. It was reported that oxidation of Nickel-based 

superalloy during fusion-based AM process is unavoidable, based on Ellingham diagram in 

which the oxygen partial pressure of chamber is always higher than the threshold values for 

the oxidation of Al, Cr, Fe and Ti [207]. Oxidation happens at the surface of the molten track 

and oxides attach on the surface of spattered particles [105], which increases the oxygen 

content of recycled powders. 
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Typically, excessive oxygen in powder could influence the molten pool kinetics. Studies 

have shown that oxygen could change the flow of Marangoni convection within the melt pools 

generated by fusion-based techniques from centrifugal to centripetal [208]. The centripetal 

flow drives the gas bubble into the bottom of molten pool, which cause higher porosity to the 

AM components. Oxide film also stabilizes the gas bubble inside the molten pool, inhibiting 

the pore healing. Also, oxygen could lead to larger spattering effect with irregular structure 

during the fusion-based AM processes. In addition to oxygen, nitrogen is also another source 

of inclusion formation during the fusion-based AM processing of the Nickel-based superalloys. 

It was found that the built materials using nitrogen-atomized powder did not recrystallize 

because of pinning effect due to the formation of nitrogen-included minor phases forming at 

the grain boundaries [209]. 

One of the concerns of inclusions is that they are the cracking initiation sites during fusion-

based AM process (see Fig. 19). The trace elements such as Zr [115] and B [101] could also 

form inclusion particles with low melting point at the grain boundaries, which lead to liquation 

cracking or solidification cracking. It is also reported that in the L-PBF processed Hastelloy X, 

carbides at the grain boundary caused liquidation cracking during the AM fabrication [206]. 

Large oxide is also confirmed as a crack initial site and causes embrittlement to the grain 

boundaries [204]. 

 

Fig. 19. SEM micrographs and elemental analysis maps showing oxide inclusions and corresponding cracking 

observed in L-PBF 738 LC [204].  

 

Another concern of inclusion is that they influence the mechanical property of the fusion-

based AM Nickel-based superalloy. It was reported that such inclusions, especially oxides, 

could increase the strength but degrade the ductility of AM Nickel-based superalloy [210]. As 

mentioned earlier in previous section 3.2 (Processing effects), the oxygen content of fusion-

based Nickel-based superalloy is much higher than cast or wrought Nickel-based superalloy. It 

is reported that gas atomized IN718 powder has ten times higher of oxygen content than in 
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wrought ingot (~275 ppm vs. ~20 ppm) [93]. The oxygen content is even higher in the recycled 

feedstock, which is a result of the interaction between the spatter and oxygen inside the 

chamber [146]. The oxide then forms nano-particles and provides dispersion strengthening to 

AM Nickel-based superalloy. This would influence the consistency of different batches with 

recycled feedstock. It is also reported that oxide inclusions can affect the surrounding 

composition and influence the phase formation in the microstructure of the AM Nickel-based 

superalloys. Kakehi et al. [211] found that the oxides can react with the  Al and Ti elements in 

exist in the IN718 matrix, which in could destabilize the γ′ formation and promote the 

transformation of γ′′ to δ phases during heat treatment. As a result, the creep resistance are 

decreased with inter-dendritic δ precipitation. 

Sometime the inclusion is beneficial to the AM Nickel-based superalloys and is added 

purposely for dispersion strengthening [212]. Another target of inclusion addition is grain 

refinement, in which inclusion plays as inoculant and refines the grain structure of the fusion-

based AM Nickel-based superalloy [213]. The refine grains also decrease the susceptibility of 

AM Nickel-based superalloy to cracking by decreasing the fraction of columnar grains [212] 

or high angle grain boundary [214], which are sensitive to cracking. 

The AM component usually requires heat heat treatment such as homogenization and 

aging process. It is widely known that high temperature treatment could lead to porosity in the 

Nickel-based superalloy. Entrapped gas, phase transformation, and Kirkendall effect are the 

major factors inducing the post processing induded porosity such as those formed upon HIPing 

[215]. Tammas-Williams et al. [216] reported that additional heat treatment on HIPed AM alloy 

could lead to coarsening of porosity because of internal pressure resulting from entrapped gas. 

It is also discussed in the following paragraphs (cracking) that segregation at inter-dendrite 

causes a lower solidus temperature, which could in turn form incipient melting during heat 

treatment [217]. Another case is the heat treatment inducing kirkendall porosity forming on the 

dissimilar material joint boundary such as between Nickel-based superalloy and other materials. 

An example is thermal barrier coating on Nickel-based superalloy. Kirkendall voids formed at 

the boundary of MCrAlY coating due to interdiffusion [218]. These voids could be important 

for the AM metal matrix composites (MMCs) of Nickel-based superalloys reinforced with 

nanoparticles such as graphene. Thus, post processing induced porosity of AM Nickel-based 

superalloy is expected to be similar to the traditional Nickel-based superalloy.  

 

• Micro-cracking and delamination 

As summarized by Carter et al. [219,220], the mechanism of cracking in fusion-based AM 

Nickel-based superalloys is similar to the one observed in welded Nickel-based superalloy, and 

the cracking mechanism of AM parts could be categorized into four types as summarized below. 

Solidification cracking forms in the mushy zone of molten pool, where solid dendrite 

grows into the molten material and inhibits the liquid flow at the inter-dendrite. The remaining 
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liquid is the cracking initial site when the residual stress or solidification shrinkage tear up the 

liquid region. Solidification cracking thus creates an opening dendrite structure to the cracking 

surface. Solidification cracking could be observed in any kind of fusion-based AM superalloy, 

especially the non-weldable Nickel-based superalloys. The susceptibility of Nickel-based 

superalloys to solidification crack is closely related to the segregation and formation of 

dendrites within the material. Fig. 20 presents the typical morphologies of solidification 

cracking in AM processed CM247LC [221]. 

 
Fig. 20. Solidification cracking observed in both CM247LC and IN939 processed by L-PBF. The jagged cracks 

were identified as dendrite arms were separated in the final stage of solidification [221].  

 

Hot tearing occurs when fast cooling induces the formation of a large thermal gradient 

that results in uneven thermal contraction along solid-liquid interface [222]. Although the semi-

solid material during solidification can accommodate this thermal strain via plastic deformation, 

creep, and filling of porosities, the lack of sufficient time due to fast solidification rate during 

AM fabrication will inhibit this thermal strain accommodation and hence lead to crack 

propagation along the inter-dendritic structure. Since hot tearing mainly occurs when solid and 

liquid phases coexist, alloys that present a high tendency for micro-segregation (e.g., Nickel-

based Mar-M-247 alloy) are more susceptible to hot tearing. If the materials fail to inhibit the 

crack propagation through the deposited layers, more severe delamination would occur. 

 

Liquation cracking of fusion-based Nickel-based superalloy occurs at the heat affecting 

zone of fusion. The material is heated to the temperature range between solidus and liquids 

temperature and causes a partially melted zone. If the liquid in the partially melted zone cannot 

resist the applied stress induced during AM fabrication process, cracking forms as a result. 

Similar to solidification cracking, eutectic phases [217], carbide [223], Laves [224] or trace 
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element segregation [115] decrease the solidus temperature locally, leading to the liquation 

cracking in the heat affecting zones. An example of liquation cracking in L-PBF processed 

Hastelloy X is illustrated in Fig. 21 (a-d), where Mo-rich carbide grew and liquified after cyclic 

heating [206]. Another example is the L-PBF processed IN738LC superalloy, which is showed 

in Fig. 21 (e), where the liquation cracking occurred at the site of eutectic γ′ [217]. 

 

Strain-age cracking (SAC) happens during either the heat heat treatment or the re-heating 

process when adjacent layers or tracks are subject to the heat source. The quick precipitate of 

γ′ as the result of stress relief decreases the ductility of Nickel-based superalloy while the 

residual stress relaxes slowly [225]. Formation of precipitate also induces more stress to γ 

matrix. The high densities of dislocations at the grain boundary can cause failure once the grain 

boundary cannot sustain the induced high strains. 

 
Fig. 21. Liquation cracking of AM Ni-superalloy: (a)~(d) the liquation cracking observed in L-PBF Hastelloy X 

with Mo-rich carbide liquefying [206] (e) Liquation cracking at eutectic γ’ of IN738LC superalloy [217]. 

 

Ductility-dip cracking (DDC) is a cracking resulting from ductility drop of grain 

boundary at the intermediate temperatures (approximately 0.4-0.7 of liquidus temperature of 

material) in the Nickel-based superalloys with low fraction precipitates. The mechanism is 
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complicated and sometime is categorized into strain-age cracking or liquation cracking [220]. 

DDC in fusion-based AM Nickel-based superalloy is referred to the cracking caused by creep 

like mechanism [226]. They concluded that during the reheating of welded Nickel-base 

superalloy, grain boundary sliding causes high strain and void coalescence. These voids 

segregate at the stress concentration sites such as triple point junction of grain boundaries and 

forms cracking eventually. It was noted that continuous carbide particles are harmful to 

ductility-dip cracking resistance since the voids near the carbide particles nucleate into the 

cracking [227]. Since DDC and SAC are only associated with solid phase, these two types of 

cracking are also referred as solid-state cracking. Fig. 22 presents the typical morphologies of 

solid-state cracking in AM processed Ni-superalloys [221]. 

 

Fig. 22. SEM micrographs showing the solid-state cracking in L-PBF processed (a-c) CM247LC and (d-f) IN939. 

Cracks normally propagate through several layers of melt pool with straight feature and sharp kink. Area in red 

boxes are shown in more detail in the subsequent figure [221].  

 

4.4.2. Residual stress 

As discussed earlier, although the layer-wise manufacturing manner of the laser-based AM 

processes allow complex design structures, it may also cause large thermal gradients due to the 

localized heat input and rapid solidification, which in turn may give rise to large internal stress 

(IS) induced during the process and consequently the residual stress (RS) at the end of 

production process generated within the AM components [228]. These internal stress and 

residual stress causes not only cracking but distortion to fusion-based AM Nickel-based 

superalloys, which degrades the dimensional precision of AM components. Part distortion is 

also the major cause for “super-elevation” of powder bed anomalies. Delamination and warping 

happen at the sides with LoF or the weak points of geometry, which damage the powder 

spreading rake and cause following failure during fusion-based AM process [137]. Though it 
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is possible to relieve the problem of residual stress and distortion by heat treatment [229,230], 

serious distortion and existing failure are hard to be eliminated.  

Among the cases of distortion in AM Nickel-based superalloys, serious distortion usually 

occurs in the support structure [231] and lattice structures [232] as well as at the edge or the 

overhang structure of AM components [233]. This is because these sides have different thermal 

conductivity since they are surrounded by powders or inert gas during the AM process. The 

heat from the energy source concentrates at the regions, which leads to a high thermal gradient 

and corresponding high residual stress and distortion [139]. Delamination also decreases the 

thermal conductivity since the heat cannot pass through the macro cracking and thus 

concentrates at the de-bond material [234]. It is also reported the energy input increased at the 

corner side due to shorter line scan lengths, which leads to a heat concentration and following 

warpage at the corner [139]. An example of AM Nickel-based superalloy component with 

distortion is illustrated in Fig. 23 where the distortions are concentrated at the corner. Similar 

issue occurs in the components with thin-walled feature, heat accumulates at the thin-wall and 

causes higher temperature and residual stress. The thin-wall also has a lower geometric stiffness, 

which increases the susceptibility to distortion [235]. 

 

Fig. 23. An example of distortion at the corner of E-PBF Nickel-based superalloy [139]. 

 

It is notable that the subsurface residual stress is a critical issue of fusion-based AM 

technology of Nickel-based superalloys [236]. Due to the inherent AM processing 

characteristic, it is unavoidable and usually is hard to prevent residual stress developing in the 

built compartment [237]. The high levels of residual stresses could further deteriorate the 

mechanical response by inducing cracks, distortion, and unexpected phase transformation. 

Hence, it is crucial to predict and measure magnitude of residual stress and understanding how 

residual stress develops during the repeated iteration of scanning so that remedies can be 

incorporated to minimize its impact on industrial application. 
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Residual stress occurs in both macroscopic and microscopic scale. The origin of 

macroscopic residual stress during fusion-based AM technology typically results from the non-

uniform thermal deformation induced by local thermal gradient, i.e., thermal gradient 

mechanism. When the newly added material is heated and fused during the subsequent 

deposition layer, it will first expand and then shrinkage after solidification while the cold 

underlayer has smaller thermal deformation and restricts the shrinkage of the newly deposited 

material, which causes tensile stress to the new layer but compressive stress to the underlying 

material (Fig. 24a) [238]. The repeated fusion leads to the accumulation of residual stress in 

AM component. Since the thermal gradient may vary along different directions, the magnitude 

of residual stress was also found to be different with respect to the sample orientation and 

dimension. Fig. 24(b) presents an example showing the non-uniform distribution of residual 

stress along different stress directions in L-PBF processed Nickel-based Waspaloy [239]. 

 
Fig. 24. (a) Schematic illustration showing the mechanism of residual stress happening during fused based AM 

process. Modified from the diagram of [238], and (b) Residual stress maps measured from neutron diffraction for 

the vertical direction stresses and horizontal direction stresses, respectively [239]. 

 

The microscopic residual stresses are generated as a result of differential thermal 

contraction between different phases and dendritic structures coexist in the microstructure of 

the Nickel-based superalloys during the AM fabrication process. The presence of residual 

strains can be affirmed by the high magnitude of dislocation density attributed to the formation 

of geometrically necessary dislocations (GNDs) along the inter-dendritic boundaries or phase 

boundaries [240]. Through the strain monitoring and temperature monitoring performed by in-

situ neutron diffraction and thermal camera, respectively, it should be noted that strain 
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development resulting from thermal contraction of the melt pool is minor when compared to 

that contributed by phase precipitation and dendrite formation during laser metal deposition 

[241]. Hence, the formation of cracks in fusion-based AM processes is generally initiated from 

the grain boundaries or inter-dendritic boundaries. Strategies for reducing the degree of residual 

stress in fusion-based AM processed Ni-superalloy and minimizing the probability to 

delamination and cracking could be generally categorized into the AM process optimization 

and heat treatment. 

Studies have shown that adjustment of scan parameters and strategies can significantly 

reduce the level of residual stress and hence decrease the susceptibility to cracking or 

delamination in AMed Nickel-based superalloys [242]. Different combinations of laser power, 

scan speeds [243], hatch distance [244], layer thickness [245], and scan pattern [246] are 

adopted to reduce the cooling rate of the molten materials. It is found that the cooling conditions 

are closely related to the melt pool physics. In general, a decrease in laser power and layer 

thickness can contribute to higher Fourier number while lower Marangoni number, leading to 

less degree of residual stress. It should be noted that the movements of scan tracks can largely 

influence the heat transfer and resulting accumulation of residual strains. Increasing the 

randomness of scan directions has been found to significantly reduce the residual stresses in 

AM processed Nickel-based superalloys [128]. Similarly, due to the strong dependence on 

temperature gradients in three dimensions, the level of residual stress also varies with different 

directions [247]. Therefore, the design of sample geometry should also be considered when 

analyzing the residual stress. 

Another approach for stress removal is the heat treatment. The large thermal energy allows 

the inter-diffusion and hence annihilates the high densities of dislocations and reduces the 

tensile residual stresses. Despite the reduction in tensile strength attributed to the characteristic 

coarser grain structure and less density of dislocations, the ductility was improved in several 

AM processed Nickel-based superalloys [248]. As the trade off, however, the phase 

constitution and grain structures may change significantly with different heat treatment 

temperatures and isothermal incubation time, and therefore unexpected phase transformations 

may occur such as brittle phases that are detrimental to the mechanical properties. 

Lastly, since the majority of the residual strains initiates from the phase boundaries and 

inter-dendritic boundaries, alloy compositions can profoundly impact the magnitude of the 

residual stress upon processing. Mukherjee et al. [242] reported that the strain parameter is 

relatively higher for IN718 deposits in comparison with that for 316 stainless steel, in addition 

to nominal increase with increasing laser power or decreasing scan speed (see Fig. 25); the 

underlying mechanism is attributed to the large solidification range while comparatively lower 

liquidus temperature that accounts for the shrinkage of larger melt pool. To effectively reduce 

the level of residual stresses without defects formation or expected microstructural evolution, 

the compositional modification may inhibit the susceptibility to dislocation pileups and 
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resulting crack formation. 

 

 
Fig. 25.Variation of strain parameters of IN718, Ti-6Al-4V, and 316 stainless steel as function of (a) laser power 

for a constant scan speed and (b) scan speed for a constant laser power [242]. 

 

4.4.3. Detection methods 

Defects detection methods can be classified into destructive and non-destructive 

techniques. The traditional metallography is a destructive approach, it involves sectioning 

samples in order to observe region of interest, and different length scales of structure defects 

from several centimeters to nanometers could be analyzed by microscopes, such as optical 

microscope, scanning electron microscope, transmission electron microscope. Although 

defects can be detected and analyzed in detail by microscopes, significant number of samplings 

and observations would be required to obtain representative information of defects in the bulk 

structure. 

 

• Non-destructive tests 

The non-destructive techniques (NDT) would be more efficient to gain an overview of the 

distribution and variation of defects within a bulk structure; it could also allow remedy to be 

performed during the AM process. Examples like penetrant testing [249], magnetic particle 

testing [250], and eddy current testing [251], which could reveal near-surface defects. For 

deeper under surface internal defects, mechanical wave testing such as ultrasonic [252] or 

acoustic testing [253] can be employed, these techniques use the change of mechanical wave 

data (echo and velocity) to estimate the location and size of internal defects (see Fig. 26a). 

However, rough surface of AM components could cause background noise during near-surface 

inspection or mechanical wave testing (see Fig. 26b) [254]. On the other hands, complex 

geometry of AM components makes the internal structure hard to be inspected. It is also tricky 

for these NDT methods to locate the accurate sites or reveal the shape of defects inside the AM 

components. 

There are two types of evaluation methods for surface defects and surface roughness (such 



52 

 

as Ra) of AM components: contact and non-contact methodologies [255]. A commonly used 

contact method is the standard stylus profilometry, which could capture the surface profile of 

the AM parts provided that the appropriate stylus tip radius and cone angle are selected to 

ensuring the reliability of the surface data and avoiding any damage to the probe and surface 

[255]. It should be noted that when using contact methods, the accessibility of the surface for 

detection should be of great concern. However, when using non-contact methods, there’s no 

risk of surface damaging. Some of the commonly used non-contact surface roughness 

measurement methodologies are the areal topography measurement methods such as confocal 

microscopy and atomic force microscopy (AFM), and 2D surface imaging methods such as 

optical microscopy (OM) and scanning electron microscopy (SEM) [255]. 

The other example for non-contact detection testing method commonly used for AM parts 

is eddy current testing (ECT). However, the detection capabilities of ECT techniques are 

limited to the surface and near-surface features located at shallow depths and they cannot detect 

the deep volumetric discontinuities. Although, the ECT of AM parts is very similar to that of 

conventionally processed components, the level of noise is higher in the former due to rough 

surface condition of AM parts. Moreover, the effect of AM fabrication process on the grain 

structure may affect the ECT signals [254]. The ECT of AM parts need reference and 

calibration blocks which is mainly because of their thickness and surface anisotropy due to the 

directional material deposition process [256]. Besides, further non-destructive evaluation 

(NDE) might be needed using mechanical testing and metallographic analysis of the same AM 

blocks used as ECT calibration references. As an electromagnetic technique, the ECT can be 

influenced by several parameters such as material electric conductivity, magnetic permeability, 

part thickness, and the lift-off distance (i.e., the distance between the detection probe and the 

part surface) as well as other microstructural features affecting these parameters such as 

porosity, voids, cracks, lack of fusion, inclusions and residual stresses. Prior to the actual 

inspection, the ECT instrument undergo performance verification measurements, according to 

manufacturer specifications performed on the calibration test blocks, to adjust the instrument 

operational settings [257]. 

Typical resolutions of ECT techniques are of an order of 1 mm [256] depending on the 

test parameters such as sensors size, array spacing, spatial resolution of the scan, acquisition 

rate, and scanning speed. In case of AM parts, the rough surface condition and possible 

dimensional distortion may have negative effect on the detection capabilities of the ECT 

technique for the discontinuity, although the ECT probe does not necessarily need to touch the 

AM parts’ surface. This is because surface ECT often requires covering of the surface of test 

piece with a thin non-conductive tape, to avoid the possible damage to the probe by the rough 

surface AM components. Yusa et al. [257] have tried to set a reference value for resolution limit 

of the ECT technique in AM parts, by creating specific branched defects, such as those 

observed in the stress-corrosion cracking. They have used the L-PBF process for the 316L SS 
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to deliberately generate the cracks with 30 μm width which were smaller than the ECT probe 

detection limit. 

Eddy current thermography inspection method, which is also known as induction 

thermography, is another version of ECT used for the AM metallic parts, especially the 

ferromagnetic materials [258]. The thermography is temperature gradient mapping, which can 

reveal the geometrical and microstructural non-uniformities due to their effect on heat transfer, 

e.g., by conductive, convective, radiative, or inductive [259]. For instance, the infrared (IR) 

thermography is not only sensitive to the surface properties, but also to the heat transfer inside 

the examined test piece. 

The thermography inspection method is fast, and non-contact and it can be used for large 

areas. However, in the case of the AM metallic parts, it does not provide the same level of 

details as ultrasonic or radiography-based techniques. It should also be noted that thermography 

inspection method is an in-process technique and used extensively for process monitoring 

during the fabricated process [256]. However, for the most metallic components, the induction 

thermography inspection method is more applicable to reveal surface and near-surface 

anomalies [260]. 

 
Fig. 26. (a) Defects at surface and sub-surface were detected based on the change of acoustic signal velocity. (1) 
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Detected velocity of acoustic signal, (2)Surface optical image, and (3) X-ray CT scanning [261]. (b) Penetrant 

testing of AM components. Rough surface caused noise spots [254]. (c) An example of radiographic testing. The 

AM component was sectioned along the line A-A. Defect detected by the testing was confirmed [252]. 

• Internal defects 

To inspect the deep internal defects with a clear image, radiographic testing [252] is 

employed for detection of internal defects. The radiation absorption images of AM components 

are recorded and demonstrated as 2D pictures (see Fig. 26c). It can provide more details of 

defects in the AM components compared with other NDT methods. However, the radiation 

absorption is sensitive to defect orientation and thus can cause misleading when distinguishing 

the types of defects, therefore, it is still hard for radiographic testing to inspect the AM 

components with complex geometry. 

To overcome the challenge, Digital Image Correlation (DIC) and Digital Volume 

Correlation (DVC) techniques are introduced to the radiographic testing, which is also known 

as the “micro (μ) X-ray Computed Tomography (μ-XCT) scanning”. The μ-XCT consists of a 

series of optical imaging and measurements combined into an overall data set. The 2D radiation 

absorption images of AM components from different angles are recorded and reconstructed as 

a spatial distribution of radiation absorption [262]. The reported resolution of μ-XCT scan 

results is several micrometers and it is capable to detect most of defects of metal components. 

Lack of fusion [263], porosity [264] , cracking [265], and even inclusion [266] could be 

revealed and mapped by μ-XCT scanning (Fig. 27a-c). Except for bulk defects, μ-XCT 

scanning could inspect surface roughness [267] and part distortion as well, which make μ-XCT 

scanning an all-round inspection technique for AM defects analysis. The main restriction of μ-

XCT scanning is depending on the penetration of radiation source. Large specimens take much 

time and decrease the resolution inevitably. Specimens sized from 10 to 100 mm are 

recommended. Another restriction is that μ-XCT scanning cannot detect the sharp corner 

morphology defects such as crack tips or sub-micron pores, which is because of resolution 

limitation. Alternatively, there are destructive methods for defect detection that are more 

frequently used for examination of the AM parts by cross-sectional characterization using OM 

and SEM. It should be noted that such inspection methodologies can provide high-resolution 

and detailed microscopic information of internal cracks and pores, however, their capabilities 

in overall quantification of internal defects in the AM parts are limited [268]. In addition, 

Archimedes method and mass/volume method are the other commonly experimental methods 

used to determine the overall porosity content or bulk density of AM components. Although, 

these density measurement methods are easy-to-implement and cost-saving, they cannot 

provide any detailed information about pore size, distribution and morphologies. 

Radiography [269] and mechanical wave methods with sensors embedded in the substrate 

[270] could detect defects formation during AM processing. It is even possible for high-speed 

radiography to record the melting pool kinetics. Keyhole, element vapor, and spatter could be 

detected with high-speed image. Except for the bulk defects detection, it is also important to 
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ensure the building condition during AM process especially for the powder bed techniques 

[271]. Optical camera is also commonly used to monitor the powder bed condition of AM 

components, which could reveal anomalies of powder bed or as-build surface [272]. Another 

monitoring method for AM process is the full-field infrared thermography [273]. It used an 

infrared camera to collect infrared radiation from the powder bed and as-build components. 

The intensity of radiation would vary with temperature and surface condition during fusion 

process, making the thermography a possible way for in-situ defects monitoring [274]. Pore 

and cracking have different thermal conductivity compared with nearby material and thus could 

be detected on the temperature profile (Fig. 27d-e). Thermography also reveals the thermal 

gradient of AM components, which is an important factor on microstructure evolution [273]. 

However, the resolution of thermography is not significantly lower that other inspection 

methods [275], which make it inaccurate and ineffective for precise quantification, 

identification and classification of the defects. 

 

• Residual stress 

To precisely estimate the influence of residual stress on cracking and resulting mechanical 

performance, several techniques are employed to measure the magnitude of residual stress. 

Table 2 summarizes the examples of common measuring tools for the fusion-based AM Nickel-

based superalloys. Recently, Schröder et al. have published a review article on diffraction-

based characterization methodologies of residual stress in laser AM of metals [228]. They 

emphasized the importance of the spatial distribution of residual stress for which the 

appropriate non-destructive characterization such as diffraction-based methodologies are 

needed. They have further listed and discussed the common diffraction-based methods used to 

determine residual stress induced during laser-based additive manufacturing processes. They 

have the following recommendations to have the best results in residual stress measurements: 

(1) to use mechanically relaxed specimens in several orientations to find the most strain-free 

lattice spacing; and (2) to use a grain structure model approach along with their experimental 

measurements to calculate diffraction-elastic constants which are material-, texture-, and 

process-dependent factors. 

 

Table 2. Summary of the use techniques for measuring residual stress in fusion-based AM Ni-superalloys. 

Alloy AM process Measurement Ref. 

IN718 Laser rapid 

forming 

Microhardness [276] 

L-PBF EBSD [277] 

L-PBF Synchrotron X-ray diffraction, neutron 

diffraction  

[228,237] 

L-PBF XRD [171] 

L-PBF Neutron diffraction [278] 

IN625 DED Neutron diffraction [247] 
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L-PBF EBSD [279] 

L-PBF Microhardness, XRD [168] 

Waspaloy DED Microhardness [239] 

Hastelloy X L-PBF Hole drilling, XRD, EBSD [280] 

 

Microhardness method - Proposed by Carlsson and Larsson [281,282], the Vickers 

microhardness method can be interpreted as the function of residual stress and residual strain 

which is defined as H=Cσ(εrepr + εres) and c2 = (c0)
2 – 0.32 Ln [1 + (σres)/{σ(εres)}]; where c is 

the ratio between the real and nominal projected contact areas of the indentation which is 

calculated by the diagonal lines of the indentation (assuming a prefect diamond shape); H is 

the measured micro-hardness of the tested point; C is a constant, which depends on the 

geometry of the sharp indenter only; σ(εrepr + εres) is the flow stress at an effective plastic strain 

(εrepr + εres); εres is a representative value of the effective plastic strain; and εres is the von Mises 

effective residual plastic strain in an equi-biaxial situation. By incorporating the uniaxial tensile 

test where the stress-strain curve obeys the power-law function, i.e., σ=K(εP)n MPa, the 

magnitude of residual stress and strain can be finally estimated.  

 

Hole drilling test - Hole drilling is a destructive technique that applies a strain gauge 

toward the surface of a sample. By drilling blind or through holes to relieve stresses, the initial 

residual stresses can be estimated based on the elastic deformation that occurs when the hole 

is drilled and the stresses at the surface are relieved [283]. Considering the contribution of non-

uniform strain relaxations within the AM processed materials, the integral method was further 

developed. The test is divided into several small depth increments, and the produced relaxation 

will be recorded for every single incremental step. A strain/depth curve can thus be plotted 

from these experimental measurements and can then be used to determine the residual stress as 

the function of thickness. 

 

X-ray/neutron radiography - Diffraction radiography is one of the non-destructive 

strategies to analyze the residual stress based on the Bragg’s law of diffraction. The specific 

lattice strain along with a plane, 𝜀ℎ𝑘𝑙, is calculated from the relative change in the stressed 

planar spacing, 𝑑ℎ𝑘𝑙, with respect to the nominal, or stress-free spacing, 𝑑ℎ𝑘𝑙
0 . In particular, the 

lattice strains, 𝜀ℎ𝑘𝑙 can be computed as 𝜀ℎ𝑘𝑙 =
𝑑ℎ𝑘𝑙−𝑑ℎ𝑘𝑙

0

𝑑ℎ𝑘𝑙
0 , where 𝑑ℎ𝑘𝑙 =

2 sin𝜃ℎ𝑘𝑙

𝜆
 and 𝜃ℎ𝑘𝑙 is the 

angle between the incident beam and the (hkl) lattice plane; λ is the wavelength of the incident 

beam. If the incident beam is neutron, the λ can be further estimated according to the Broglie 

relation or h/λ=mL/t (h is Planck’s constant, m is the neutron mass, L is the length of the neutron 

flight path, and t is the time of flight). The diffraction can be carried out with laboratory sources 

(e.g., 30 keV), however, the low energy restricts the penetration depth of X-rays and thereby 

restricts thickness that can be inspected. In contrast, the diffraction carried out by synchrotron 
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X-rays and neutron can reach a deeper penetration depth which is on the order of cm [284]. 

This allows better approach to analyze the distribution of residual stress within the samples. 

 

Electron backscattered diffraction - Although EBSD does not have the ability to compute 

the exact magnitude of residual stress within the AM parts, it is still a powerful means for 

visualization of strains that allows the qualitative analysis of the distribution of residual strains 

under the micro-scale. In particular, residual strains can be described by the formation of 

dislocations that causes local variations of lattice orientation, and hence the level of 

misorientation revealed by orientation imaging microscopy (OIM) can well indicate the strain 

distribution within the materials. The technique is extremely helpful for assessing the strain 

levels within the AM processed superalloys due to the non-uniform distribution of the strains 

induced by dendritic structure or different phases. 

 

• In-situ monitoring 

In-situ non-destructive Digital Image Correlation (DIC) and laser displacement sensor 

(LDS) [285] detection testing methods are commonly used for quantifying the part distortion 

or the residual stress. The DIC technique could be used for AM component inspection with 

DIC camera [286], which can reconstruct the 3D surface morphology and part geometry of 

material. Though DIC camera cannot detect deep internal defects (Fig. 27d-e), it could 

cooperate with computer software to measure the geometrical distortion, which is more 

efficient than radiography methods [287]. The LDS method is also used to measure the 

distortion and residual stress at certain positions, while the DIC method can provide full-field 

distortion measurement and stress estimation. However, the other destructive or Ex-situ testing 

methods for quantifying the residual stress more commonly used for the powder bed AM 

processes such hole drilling, slitting, X-ray and neutron diffraction methods. This is because 

the in-situ methods are less applicable for the powder bed AM process due to the existence of 

powder. A list of available non-destructive techniques for defects detection of fusion-based AM 

components is presented in Table 3, along with their advantages and restrictions. 
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Fig. 27. Defect Detection. (a-c) μ-XCT analysis: inclusion detected in heat treated powder metallurgy (PM) 

Nickel-based RR1000 superalloy. (a-b) crack initiating at the interface between γ-grain matrix and inclusion, and 

(c) reconstructed 3D image of crack and inclusion, reproduced from [266]. (d-f) comparison between data obtained 

by in-situ monitoring (by Thermography in (d) and Optical Tomography in (e) with that of μ-XCT analysis in (f) 

for L-PBF 316L SS [274].  
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Table 3. A summary of Non-destructive techniques for defects detection of fusion-based AM components. 

 Method Detected Defect  Pros Cons In-situ 

monitoring 

Image analysis Radiography (X-ray, 

neutron)  

[252,269,275,288] 

•Crack 

•Pore 

•Inclusion (~10μm) 

•Large 

component  

•Health concern 

•Time-consuming with 

high resolution 

•Flaw orientation 

depending. 

•Extensive training and 

experience 

Yes 

Computer tomography 

(X-ray, neutron) [262–

267,288,289] 

•Crack 

•Pore  

•Geometry distortion 

•Surface roughness. 

(~10μm) 

•Spatial 

distribution of 

defects 

•Time-consuming with 

high resolution 

•Size limitation (<20cm, 

X-ray). 

 

No 

3D scanning 

[286] 

•Geometry distortion 

•Surface roughness 

(~10μm) 

•Large 

component 

•No internal defects No 

Penetrant testing [249] •Crack 

•Pore 

•Low cost 

 

•Surface roughness noise 

•Shallow defects 

No 

Camera-based 

Monitoring [271,272] 

•Crack 

•Pore 

•Powder bed anomalies 

•Spatter  

(~10μm) 

•Powder bed 

and surface 

monitoring 

• Not suitable for post 

processing 

Yes 

Mechanical 

wave analysis 

Ultrasonic testing/ 

Acoustic testing 

[252,253,261,270] 

•Crack 

•Pore  

•Inclusion (~0.1mm) 

•Quick 

Inspection 

•Surface roughness noise 

•Limited geometry 

•Extensive training and 

experience 

Yes 

Electromagnetic 

analysis 

Eddy current 

testing[251] 

•Crack 

•Pore  

•Inclusion (~0.1mm) 

•Quick 

Inspection 

•Surface roughness noise 

•Limited to conductive 

material 

•Shallow defects 

No 

Magnetic particle 

testing [250] 

•Near surface •Low cost •Surface roughness noise 

•Limited to ferromagnetic 

material 

•Shallow detects 

No 

Thermography 

analysis 

Infrared Thermography 

[273–275] 

•Crack 

•Pore (~0.5mm) 

•In-situ 

Monitoring 

•Not suitable for post 

processing 

•Limited resolution 

Yes 

Diffraction 

stress analysis 

Neutron/ X-ray 

diffraction 

[278,287,290–292] 

•Residual stress. • High 

resolution 

•Near surface defects 

•Geometry restricted 

No 

 

The qualification of AM parts is not a straightforward task due to the process-induced 

defects forming during the AM fabrication process. The in-situ process monitoring enables the 

real-time observation of defects formation during the AM process. Although limited, the in-

situ or in-layer process monitoring during the AM fabrication process can provide valuable 

information for better understanding of formation mechanisms of such defects that could in 

turn help us finding the mitigation solution for them by further modification of process 

parameters [293]. Additionally, application of in-situ process monitoring for the powder bed 

fusion AM processes include powder dispensing, laser-powder interaction, melt pool, scan path, 

and slice [294]. A suitable in-situ process monitoring technique using high-speed imaging 

could be employed for each case to detect the possible defect formation during the AM process. 

The following paragraphs provides a summary review for the available high-speed imaging 
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techniques in the literature that are commonly utilized for the in-situ (in-layer) monitoring of 

the AM processes. 

High-speed imaging using visible optical light, and infrared radiation (IR) has been 

commonly used for the real time observation of the fusion-base AM processes. As discussed 

earlier, the IR and near-IR (e.g., silicon focal plane [295]) high-speed imaging uses two-color 

pyrometry to measure thermal graphs (thermographs) (Fig. 28b) to identifies materials 

processing anomalies based on the heat transfer reflection [296]. One of the benefits of the 

high-speed optical imaging or IR thermography is that they can be coupled with the data driven 

techniques (e.g., convolutional neural networks, computer vision) to identify and classify 

defect formation and minimize in-process defects [137]. The high-speed optical and IR imaging 

data can validated with the ex-situ post processing characterization such as synchrotron 

laboratory x-ray imaging (Fig. 28c) [297]. Majority of L-PBF studies have used in-layer 

thermography technique to monitor the temperature profile of melt pool and therefore, to 

identify the process-induced defects and anomalies [298,299]. Alternatively, the full-field IR 

thermography (with a lower frame rate and data storage requirement) of entire layers can be 

employed to identify material defects (e.g., keyhole and lack-of-fusion pores) and subsequently 

to correlate with the ex-situ observations for further validation [298]. The primary benefits of 

the pyrometry and high-speed IR imaging (or in-situ thermography) is a non-contact technique 

to measure the temperature profile during the process. However, the setups and calibration of 

digital imaging is not a straightforward task. 

High-speed synchrotron X-ray imaging was first used as an in-layer real time observation 

technique during the AM fabrication of metallic alloys in 2017 [300]. Different from the 

laboratory synchrotron X-ray imaging techniques, in the high-speed versions, the X-rays are 

not directly used for the imaging where the X-rays are converted to visible light rays to high-

speed cameras ( 

Fig. 29a-c) [301]. Using the in-situ X-ray imaging with micrometer spatial and sub-

nanosecond temporal resolutions, the AM processes can be studied even in three dimensions 

[302] with great details such as melt pool dynamics, powder ejections, rapid solidification, 

keyhole dynamics, and nonequilibrium phase transformation [303]. Additionally, the high-

speed synchrotron x-ray diffraction has been utilized as an in-situ monitoring technique to 

study the details of solidification mechanism of AM processes ( 

Fig. 29(d-f) [304]. 
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Fig. 28. In-situ monitoring for defect identification in Nickel-based CM247-LC superalloys during L-PBF process. 

(a) design of geometries and L-PBF process parameter optimization using cubes; (b) In-situ (in-layer) process 

monitoring using high-speed optical imaging (processed data corresponding to deposited layer #309); (c) In-situ 

(in-layer) process monitoring using the infrared (IR) thermographs obtained from the same layer within the region 

obtained over several time frames; (d) Ex-situ post processing characterization using the X-ray computed 

tomography (μXCT) of the same layer [297]. 
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Fig. 29 In-situ and Operando Synchrotron X-ray radiography for AM Nickel-based superalloys in (a)-(c) for LP-

DED IN718 [305] and in (d)-(f) for L-PBF CM247LC [306]: Schematic presentations for experimental setups for 

X-ray imaging and diffraction in (a) and (b), respectively. The timed radiographs in (b) and (e) for X-ray imaging 

and diffraction, respectively. The melt pool formation mechanism presented using the schematic diagrams as well 

as the X-ray imaging and diffractions in (c) and (f), respectively. Reproduced from [305] and [306]. 
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5. Mechanical properties 

In this section, the mechanical properties of AM Nickel-based superalloys including 

tensile, fatigue and creep will be reviewed based on existing literature and according to the 

influential factors. 

 

5.1. Tensile behavior 

Tensile properties at room and elevated temperatures are widely used to characterize the 

mechanical properties of the Nickel-based superalloys [26]. Fig. 30 summaries the room-and- 

elevated-temperature tensile properties for various AM Nickel-based superalloys such as laser 

beam powder bed fusion (L-PBF) Haynes 282 [187], L-PBF Hastelloy X [190], electron beam 

powder bed fusion (E-PBF) IN718 [307,308], L-PBF IN718 [170], laser powder direct energy 

deposition (LP-DED) IN718 [189], L-PBF IN738LC [309] ,L-PBF IN625 [310], powder bed 

binder jet (PB-BJ) printed IN625 [311]. Most relevant data reported in Fig. 30 for the room and 

elevated temperature tensile properties of the AM Nickel-based superalloys are focused on the 

IN718, IN625, Haynes 282, and Hastelloy X. This could be because of good  fabricability and 

weldability of these alloys [312]. 

 

5.1.1. Effect alloy composition 

Since the AM processed IN718 alloy shows significantly different tensile properties in as-

build or non-heat treated (NHT) condition as compared to heat treated ones which could be 

attributed to the γ′′-precipitates forming upon subsequent aging treatment. The tensile 

properties of the NHT AM IN718 is roughly similar that of the NHT and heat-treated AM 

IN625 and Hastelloy X alloys [313], which is reasonably ascribed to the small amount of γ′′-

precipitates in the NHT condition of AM IN718 alloy. This in turn makes its tensile properties 

comparable to that of the solid solutioned IN625 and Hastelloy X alloys. Therefore, in Fig. 30, 

all AM materials are compared in heat-treated conditions. 

Furthermore, the tensile properties of heat-treated AM Nickel-based superalloys may vary 

due to deviation in heat treatment (HT) schedules [187]. Relatively complete precipitation of 

the strengthening phases such as γ′/γ′′ in Haynes 282/IN718 and the grain boundary carbides 

in IN625/Hastelloy (as partial hardening precipitates) X will occur only after a set of carefully 

customized aging processes and solution treatments respectively, leading to enhancement in 

strength of these alloys. Despite many efforts to develop a novel customized heat treatment 

procedure for the Nickel-based alloys [314], still there is knowledge gap for heat treatment 

development of such AM alloys based on their unique microstructure characteristics (e.g., 

columnar grains aligned with build direction and micro-segregation within the inter-dendritic 

cellular regions), which are significantly different from what observed for the cast or wrought 

counterparts [33]. Considering the application-driven excellent high-temperature performance 

of Nickel-based superalloys, the grain boundaries are of crucial importance due to their 
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strengthening effect on high temperature properties such as creep, leading to a preferred design 

criteria for the columnar grain structure especially when it’s parallel with the applied load. 

Therefore, in Fig. 30, all data points were considered for the vertically fabricated AM 

specimens (i.e., direction of applied load parallel to the build direction). 

 
Fig. 30. A property map summarizing the combination of room- and elevated- temperature-yield strength and 

elongation to failure for various AM Nickel-based superalloys such as L-PBF Haynes 282 [187,315,316], L-PBF 

Hastelloy X [190,317], E-PBF IN718 [307,308], L-PBF IN718 [170], LP-DED IN718 [189], L-PBF IN738LC 

[35,309,318–324], L-PBF IN625 [310,325], PB-BJ IN625 [311]. Note all data consisted in this figure were in heat 

treated (HT) condition and obtained from vertical specimens, i.e., load direction is parallel to build direction. The 

wrought data were obtained for the sheet metals in fully heat treated conditions from Haynes International website 

[326]. 

 

5.1.2. Effect test temperature 

As shown in Fig. 30, distinct types of Nickel-based superalloys show different high-

temperature tensile properties. For instance, the solid solutioned Hastelloy X and IN625 alloys 

have shown the lowest strengths at room as well as elevated temperatures, while γ"-

strengthened IN718 superalloy showed the highest strength even better than that of the γ′-

strengthened Haynes 282 superalloy. This is further shown in Fig. 31 using separate graphs for 

the tensile properties (i.e., yield and ultimate strengths, and elongation to failure) of these alloys 

as a function of test temperature. It is notable that the elevated temperature tensile properties 

of γ'-strengthened Nickel-based superalloys presented in Fig. 31 are not conclusive due to the 

limited existing literature for AM materials. However, it is well known that the strengthening 

effect of γ"-phase is better than that of γ'-precipitates due to the higher lattice misfit generated 

by the former in the matrix [327]. 
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Fig. 31. Tensile properties, i.e., ultimate tensile strength (UTS) in (a), yield strength (YS) in (b), and elongation 

to failure (EL) in (c) at room and elevated temperatures for various AM Nickel-based superalloys such as L-PBF 

Haynes 282 [187,315,316], L-PBF Hastelloy X [190,317], E-PBF IN 718 [307,308], L-PBF IN 718 [170], LP-

DED IN 718 [189], L-PBF IN738LC [35,309,318–324], L-PBF IN 625 [310,325], PB-BJ) IN 625 [311]. Note all 

data consisted in this figure were in heat treated (HT) condition and obtained from vertical specimens, i.e., load 

direction is parallel to build direction. The wrought data were obtained for the sheet metals in fully heat treated 

conditions from Haynes International website [326].  
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In general, the grain boundaries (GB), particularly those perpendicular to the applied load 

direction, are the weakest regions under tension load at elevated temperatures [328–330]. This 

is partly because, the GB’s are the last regions solidified during the solidification where the 

brittle intermetallic/impurity phases could form and therefore they could play as a major source 

for the crack initiation points under tensile load [190]. For the NHT γ"-strengthened AM 

superalloy such as IN718, the intergranular fracture has been reported to be the main failure 

mechanism [329]. Similar failure mode has been observed on the room- and elevated-

temperature tensile fracture surfaces of AM Hastelloy X [328]. Thus, the lower the number of 

grain boundaries (i.e., the larger grain sizes), the better the high-temperature tensile properties 

of Nickel-based superalloys due to lower number of microcracks/voids initiation points as well 

as propagation paths [331]. Due to specific microstructural features such as columnar epitaxial 

grain growth along the build direction, the laser additive manufacture technologies (LAM) 

could result in an improved creep performance in vertical direction (i.e., when the load 

direction is parallel to the build direction). 

However, it has been reported that the brittle Laves phases (normally formed within the 

inter-dendritic regions during the last stage of solidification of the AM processes in the Nickel-

based superalloys, such as IN718) can act as the void initiation sites by the “debonding” or 

“fragmentation” under tensile test at room and elevated temperatures [314] (see Fig. 32), and 

the creep rupture test [314]. This can explain the inferior tensile elongation to failure of AM 

IN718 alloys, as shown in Fig. 31 (c), which can be improved by eliminating these detrimental 

Laves phases either by increasing cooling rate during the AM fabrication processes [332] 

and/or upon carefully customized heat treatments [333] with special attention to preserving the 

original and desirable columnar grains. 
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Fig. 32. The SEM micrographs obtained from the room temperature uniaxial tensile fractured surfaces on 

longitudinal cross-section, i.e., parallel to load direction, of the IN718 specimens fabricated by LAM technology 

in various hear treatment conditions. (a)-(c): directly fully aged (D-2Aged) condition (i.e., 720 ºC/8h+620 ºC/8h); 

(d)-(f):  the fully aged following a 15-minutes solution treatment at 1050 ºC (S1+2Aged) condition (i.e., 1050 

ºC/15min+720 ºC/8h+620 ºC/8h); and (g)-(i): the fully aged following a 45-minutes solution treatment at 1050 ºC 

(S2+2Aged) conditions (i.e., 1050 ºC/45min+720 ºC/8h+620 ºC/8h). Note the original micrographs used in this 

figure were adopted with permission from Sui et al. [314]. 

 

5.2. Fatigue properties 

It is well known that fatigue is the common failure mechanism for the aeroengine 

components operating below the nominal yield stress [334]. Fatigue failure is a complex 

phenomenon which occurs as a result of progressively degradative response of material under 

repetitive or cyclic loading, which in turn leads to the localized microstructural damage due to 

the formation and propagation of cracks [335]. 

In general, fatigue failure occurs during three stages: 1) crack initiation, 2) crack 

propagation and 3) final fracture [336]. In the first stage, the micro-cracks are initiated from 

the process-induced defects such as gas pores, and inclusions, which could be originated at the 

grain boundary and the surface morphology. In the second stage, these microcracks propagate 

either on the maximum shear stress plane and/or along the maximum tensile stress plane [337]. 

Eventually, in the final stage, when the stress is large enough and the microcracks propagates 

unsteadily, the final fracture occurs which is characterized by the microstructure features such 
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as striation on the fracture surfaces. For the low cycle fatigue (LCF) tests, the crack propagation 

stage controls the total fatigue life, while for the high cycle fatigue (HCF) tests, the crack 

initiation is the dominant failure mechanism [335]. 

Complication in understanding and interpretation of materials’ fatigue failure are largely 

because it is indeed an interactive result of several factors such as the size, volume fraction and 

morphology of process-induced defects as well as microstructural features. Such interpretation 

of materials’ fatigue failure  could even be more complicated for the additively manufactured 

processes due to their specific characteristics such as high cooling rates during layer-by-layer 

materials deposition, leading to significantly different microstructure and defect features as 

compared with those of the wrought processes [338]. 

Recently, fatigue performance of the AM Nickel-based superalloys such as IN718 [339] 

and IN625 [340] have received a lot of attention, majority of which reported an inferior fatigue 

performance for the AM components as compared with the wrought processed counterparts 

[341]. However, there are limited research works reported otherwise. For instance, Gribbin et 

al. [342] reported a cross-over for the low cycle fatigue (LCF) lives of L-PBF IN718 with that 

of the wrought alloy at 1% strain amplitude. In other words, below 1% strain amplitudes, the 

AM alloys have outperformed the wrought ones. Similarly, Sui et al. [343] reported a cross-

over for the high cycle fatigue (HCF) lives of the laser powder direct energy deposited (LP-

DED) IN718 at 647 MPa stress amplitude with that of wrought IN718, i.e.,  above 647 MPa 

stress amplitude, the AM alloy outlived the wrought one. Additionally, Poulin et al. [344] have 

found that the L-PBF IN625 alloy showed comparable fatigue crack propagation rates with that 

of the wrought alloy within the Paris regime. It is notable that in all the above-mentioned 

studies the microstructure of the AM Nickel-based superalloys was tailor-made using carefully 

customized heat treatments, which is emphasizing on the complication of fatigue failure 

mechanism in the AM alloys due to several interactive factors such as microstructural features 

and various types of process-induced defects. In the following paragraphs, some of these 

influential factors on fatigue behavior of two well-known Nickel-based superalloys, namely, 

IN718 and IN625, which have been studied in the AM conditions more than the other Nickel-

based superalloys, will be briefly discussed. 

 

5.2.1. Effect surface roughness 

Surface roughness is a crucially important factor on the fatigue behavior particularly for 

the AM alloys due to their characteristic process-induced defects such as surface and subsurface 

defects, e.g., micro pores, unfused powders, and LoF [345]. Additionally, the post processing 

surface treatment of AM components such as shot peening, machining and polishing is a 

challenging task due to their intricate and complex near-net geometries. Moreover, it is a well-

accepted fact within the AM community that most fatigue failures are caused by the cracks 

originated from the process-induced defect located on surface or sub-surface areas [346]. 
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Yamashita et al. [192] has shown by a comprehensive defect analysis that surface defects 

are more detrimental than internal defects for the fatigue performance of the L-PBF IN718. 

Moreover, Wan et al. [347] have shown in the L-PBF IN718 by using finite element simulations 

that the morphology of surface defects has a stronger counter-effect than their depth on the 

fatigue properties especially if the depth-location of such defect is 200 μm or deeper below the 

outer surface of the test specimen. Fig. 33 shows the fatigue properties of the IN718 and IN 

625 alloys fabricated by various AM processes such as L-PBF IN718 [348], E-PBF IN718 

[349], L-PBF IN625 [350,351] and PB-BJ IN625 [352] in two surface conditions, namely, as-

build surface and post processing surface treated conditions such as machined or polished. 

As shown in Fig. 33, regardless of heat treatment condition, the post processing surface 

treatments such as machining, mechanical griding, and polishing have been shown to have an 

improvement effect on the fatigue performance of the tested AM Nickel-based superalloys. In 

brief, in order to improve the fatigue properties of the AM Nickel-based superalloys, it seems 

necessary to remove the surface/subsurface defects induced during the AM fabrication 

processes by means of post processing surface treatment such as machining, polishing and 

electrochemical processing technologies [353]. 
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Fig. 33. (a) Effect of surface condition on room temperature fatigue properties obtained in fully reversed test 

condition (R = -1), i.e., stress amplitude (MPa) versus reversals to failure (2Nf), for IN625 (in (b)) and IN718 (in 

(c)) fabricated using various AM processes as L-PBF IN718 (HT) [348,354–357], E-PBF IN718 (NHT) [349], L-

PBF IN625 [350,351] (HT/NHT), and PB-BJ IN625 (NHT) [352]. (Note data presented in figure are both in NHT 

and HTconditions obtained from the vertical specimens, i.e., load direction is parallel to build direction, in two 

surface roughness conditions, i.e., as-build surface condition and surface treated condition such as by machined, 

mechanically ground and polished.) The wrought data were obtained from the references [338,358]. 

 

5.2.2. Effect of hot isostatic pressing (HIP) 

As discussed earlier, the process-induced defects located on surface/subsurface regions 

are the most detrimental factors on the fatigue properties of AM metal alloys. The pores/voids 

are considered as the most common process-induced volumetric defects which are also the 
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dominant source for the crack initiation points in AM metals under cyclic loads. Additionally, 

it is generally accepted that the size, shape, and morphology of such voids as well as their 

location relative to the outer surface of the specimen are the other important factors affecting 

fatigue properties of AM metal alloys. 

Amongst the influential post processing treatments on fatigue behavior of an AM metal 

alloy such as surface treatments as briefly discussed earlier, hot isostatic pressing (HIP) is also 

considered as an effective heat treatment on the fatigue behavior of some AM metal alloys such 

as titanium alloys [359,360]. Several studies have reported that the AM Ti-6Al-4V alloy has 

shown significantly better fatigue resistance in HIPed condition which is also comparable with 

that of their wrought counterparts [359,361–366]. This could be attributed to the 

homogenization effect of HIP on the AM process-induced microstructural anisotropy (i.e., 

grain structure and crystallographic orientation) and the defect directionality (i.e. voids’ shape 

and morphologies relative to the build orientation) through partial/complete recrystallization 

of the matrix grain structure, removal of the void directionality in their shapes, smoothening of 

sharp edges in their morphologies and even by closing some voids [338]. 

However, the effect of HIP on fatigue behavior of AM metals cannot be generalized. An 

example is the AM IN718 superalloy. Gribben et al. [342] have observed that the HIPhas 

insignificant effect on the fatigue properties of L-PBF IN718 at low strain amplitudes; therefore, 

they concluded that the role of porosity is less significant on the fatigue properties of the L-

PBF IN 718 alloy at lower strain amplitudes. Additionally, Yadollohi and Shamsaei [338] have 

reported that the L-PBF IN718 alloy showed inferior fatigue behavior in HIPed condition as 

compared with HIPed counterparts. Based on a comprehensive analysis on fatigue fracture 

surfaces, they have rationalized their observations by the large-sized un-melted regions (>100 

um) located near-surface which were connected to the outer surface of the test specimens, 

acting as crack initiation sites. 

Yadollahi and Shamsaei [338] have, based on the X-ray CT scans results obtained from 

the gage section of an NHT L-PBF IN718 alloy containing large voids along the perimeter of 

test specimens on the surface, further concluded that the direct contact of the outer surface of 

the test specimens with the powder bed during AM manufacture process may have caused the 

“melt pool thermal/fluidic edge effects (i.e., instabilities)”, which in turn may result in the 

large-sized subsurface voids. Fig. 34 summarizes the results of effect of HIP heat treatment on 

the fatigue performance of the IN718 and IN625 alloys fabricated by various AM processes 

such as L-PBF IN718 [367]; LP-DED IN718 [368], E-PBF IN718 [369], L-PBF IN625 [358] 

and laser consolidation (LC) IN625 [340]. As shown, the HIPing has shown an insignificant 

effect on fatigue performance of AM IN625 while it has shown counter-effect on the fatigue 

properties of AM IN718.  

As shown in Fig. 34(b), the HIP has an insignificant effect on the fatigue behavior of the 

AM IN625 alloys regardless of the heat treatments. Further, these results show that the fatigue 
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response of the alloy in HIPed condition is comparable with that of the wrought counterparts. 

Similarly, in the case of AM IN718 alloys (Fig. 34 (c)), HIP has shown a slight improvement 

effect on the fatigue response of the alloy regardless of heat treatments which are also 

comparable with that of the wrought counterparts. These results could be attributed to the 

negligible effect of porosity on the fatigue properties of the AM IN625 and AM IN718 alloys. 

 
Fig. 34. (a) Effect of HIP on room and elevated temperatures fatigue properties obtained in fully reversed condition, 

i.e., stress amplitude (MPa) versus reversals to failure (2Nf), for IN625 (in (b)) and IN718 (in (c)) fabricated using 

various AM processes such as L-PBF IN718 [192,338,349,357,367], LP-DED IN718 [368,370], E-PBF IN718 

[349,369], L-PBF IN625 [325,351,358,371], PB-BJ IN625 [352], and laser consolidation (LC) IN625 [340]. (Note 

data are both in the NHT and HT temper conditions obtained from the vertical specimens, i.e., load direction is 

parallel to build direction, in smooth surface condition) The wrought data were obtained from the references 

[338,358].  
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5.2.3. Effect test temperature  

Effect of test temperatures on fatigue properties of IN625 and IN718 fabricated using 

various AM processes such as L-PBF IN718 [357], LP-DED IN718 [368], E-PBF IN718 [369], 

L-PBF IN625 [358], and laser consolidation (LC) IN625 [340] are presented and compared in 

Fig. 35. Note that data points shown in the plots were obtained in similarly fully heat-treated 

condition with smooth surface condition under the fully reversed (R=-1) fatigue test condition. 

As shown in Fig. 35 (b), the AM IN625 alloy has shown little effect of test temperature on their 

fatigue performance. This could be explained by the hardening response of the alloy under 

cyclic loading. In the solid solution strengthened Nickel-based superalloys such as IN625, the 

cyclic response of the alloy could essentially be attributed to the “deformation induced 

microstructural mechanisms” occurring during cyclic deformation such as (i) dynamic strain 

ageing (DSA) (i.e., solute drag of mobile dislocations) [372], (ii) increase in dislocation density 

and dislocation–dislocation interactions, and (iii) precipitation of metal carbides (M23C6 and/or 

M6C) and their subsequent pinning effect on dislocations mobility [373]. Since all these 

deformations induced microstructural mechanisms are active simultaneously during cyclic 

deformation, determination of individual effect of each constituent is not easy and it requires a 

detailed modeling approach to be explored. 

The Cr and/or C elements can produce DSA (solute drag) effects in Ni-austenite (γ-grain) 

matrix during cyclic deformation. For instance, in IN625, DSA occurs under cyclic loading 

within temperature range 200-700 °C [372]. Similarly, in Hastelloy X, another solid solution 

strengthened Nickel-based superalloy, DSA can occur under cyclic loading within the 

temperature range of 200°C -700°C [373]. Under cyclic deformation and as a result of the 

interactive reactions between diffusing solutes/solute-clusters and mobile dislocations at local 

obstacles such as carbide particles in the glide plane, the matrix hardens. This phenomena is 

also known as “viscous glide type motion” [374], which in turn result in negative strain rate 

and inverse temperature dependency [375]. Such combined effect of DSA and dislocation–

dislocation interactions on cyclic response have reported in literature for other solid solutioned 

metals such as low carbon steels [376] and austenitic stainless steels (304H, 316H, 316L, 310, 

316LN) [375,377]. 

Furthermore, under cyclic loading, the nucleation and growth of the metal carbides (i.e., 

Cr-rich (M23C6) and/or Mo-rich (M6C) [33]) at lower test temperatures and/or lower test 

durations are promoted by rapid nucleation on heterogeneous sites such as dislocations and 

stacking faults [378] and non-equilibrium vacancies [379]. Such deformation induced carbide 

precipitation has also been reported in literature for the other solid solution strengthened Ni-

base superalloys such as Haynes 188 [378], Alloy 617 [380] and Alloy 800 [381]. It was 

reported that in Alloy 800 [381] that the cyclic softening due to (gamma-prime) shearing has 

been compensated by the intragranular carbide strengthening induced in the matrix under cyclic 

loading (through dislocation pinning), which in turn resulting in continuously cyclic hardening 
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till failure. 

As further shown in Fig. 35 (c), the AM IN718 alloy have shown slightly better fatigue 

performance at room temperature, which can be explained by effect of test temperatures on 

deformation mechanism in such precipitation hardened Nickel-based superalloy, i.e., 

dislocation interaction with precipitates under cyclic loading. Fournier and Pineau [382] have 

comprehensively studied the high-temperature low-cycle fatigue and cyclic behavior of IN718 

at room and 650 °C. They have reported a substantial decrease in fatigue life occurred as the 

temperature was increased from room to 650 °C. They have observed initial hardening at room 

temperature while at 650 °C, they only observed constant softening under cyclic loading. They 

have further shown using transmission electron micrographs that γ”-precipitates were sheared 

in the course of cyclic straining and that plastic deformation proceeded by the propagation of 

planar bands, which were characterized as deformation twins. Similar results have recently 

been reported for the L-PBF IN718 at high temperature under static loading [189]. Further, 

Fournier and Pineau [382] have reported that the twinning deformation mechanism to be more 

abundant at elevated temperatures than at room temperature. 

It could also be generally said that, there are some slight cyclic softening discernable in 

the stress response of the AM IN718 alloy at some high temperatures, which could be attributed 

to the combined effect of shearing mechanism of precipitates and anti-phase boundaries (APBs) 

on the glide plane [383] as well as deformation twining mechanism [382]. Similar cyclic stress 

behavior has been reported in the other Nickel-based superalloys [384] such as Haynes 282 

[383] and NIMONIC 80A [385]. Barat et al [383] has comprehensively studied the “high-

temperature low-cycle fatigue and cyclic behavior of Haynes 282” (another precipitation 

hardened Nickel-based superalloy) and revealed that the main deformation mechanism at the 

higher temperatures was precipitate shearing, which in turn result in pronounced dislocation 

activities within slip bands [383].  
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Fig. 35. (a) Effect of test temperatures on fatigue properties obtained in fully reversed condition, i.e., stress 

amplitude (MPa) versus reversals to failure (2Nf), for IN625 (in (b)) and IN718 (in (c)) fabricated using various 

AM processes such as L-PBF IN718 [192,338,349,357,367,386], LP-DED IN718 [368,370], E-PBF IN718 

[349,369], L-PBF IN625 [325,358], and laser consolidation (LC) IN625 [340]. (Note data are both in the heat 

treated HT conditions obtained from both vertical and horizontal specimens, i.e., load direction is parallel and 

perpendicular to build direction respectively, in smooth surface condition) The wrought data were obtained from 

the references [338,358,386–389].  
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5.2.4. Effect of secondary phases 

As discussed earlier for tensile fractures of AM Nickel-based superalloys, there are some 

research works, on one hand, that have reported that the brittle secondary phases such as 

carbides/nitrides (e.g., NbC, TiN), oxidation inclusions [390], delta (δ) [339] and Laves phases 

[343] can play a role in the fracture phenomena of the AM Nickel-based superalloys under 

cyclic loads. Fig. 36(a)-(c) present the sequential behavior of the Laves phases during the 

fatigue fracture mechanism of LP-DED IN718 alloy, in directly aged (D-2Aged) condition (i.e., 

720 ºC/8h+620 ºC/8h). At the initial formation and growth stages of fatigue cracks, the Laves 

phases can hinder the crack growth, while towards the final stage of fatigue rupture these brittle 

phases start to break down, as shown schematically in Fig. 36 (c) to (f). On the other hand, 

there are limited research that demonstrated the effect of such brittle secondary phases on the 

fatigue fracture properties [391]. 

 

 
Fig. 36. The SEM micrographs in (a)-(c) obtained on longitudinal/cross-sectional plane, i.e., parallel to load 

direction, from the room temperature fatigue fractured surfaces of the laser AM IN718 specimens in D-2Aged 

heat treatment condition, tested at 650 °C/690 MPa; (d)-(f): The schematic presentation of the fragmentation and 

the debonding of the Laves phases and the surrounding austenitic matrix. Note the original micrographs used in 

this figure were adopted with permission from Sui et al. [343]. 

 

5.2.5. Fatigue crack growth behavior 

Fatigue crack growth (FCG) behavior is an important criterion to characterize the damage 

tolerance and durability of AM metal alloys, according to the USAF Structures Bulletin EZ-

SB-19-01 [392]. The following paragraphs endeavors to briefly discuss the FCG behavior of 

AM IN 625, and AM IN 718. 
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In addition to the heat treatments, the microstructure texture and directionality could have 

critical impact on the FCG behavior of AM Nickel-based alloys. It is believed that columnar 

grain structures with strong <001> texture are the typical microstructure of laser AM Nickel-

based superalloys [393]. There is a long overdue debate over the impact of texture (collective 

orientation of grains) on fatigue properties of AM metals. Some researchers such as Konečná 

et al. [341] have shown that in the NHT IN718 alloy, the crack growth direction depends on 

the grain orientation, i.e., cracks propagation lines were mostly aligned trans-granularly along 

the fine elongated grains (parallel to build direction). Others [394] have further shown that the 

vertical samples (applied stress direction is parallel to the build direction) had the shortest 

fatigue lives. It has also been shown that even after heat treatments , the fatigue properties of 

the horizontal and vertical samples may still vary [395]. However, there are investigations 

showing no significant differences in the fatigue behavior of the horizontal and vertical nickel 

based superalloys [396]. 

Fig. 37 presents the fatigue crack growth rate (FCGR) (da/dN) vs. nominal stress 

intensity factor (SIF) range (ΔK) obtained for AM IN625 and AM 718 in various heat treatment 

conditions. Fig. 37(a)  presents the results of FCGR investigation by Poulin et al. [392,397] for 

L-PBF IN 625 in various heat treated (HT) conditions as compared with the wrought 

counterparts. They have found that the FCG behavior of NHT L-PBF IN625 is comparable 

with that of the wrought counterparts, within Paris regime; however, upon further HT such as 

the stress relieving (SR) and HIP, the HT AM IN 625 specimens showed higher crack growth 

resistance at lower stress ratios (i.e., higher ΔKth) as compared with that of the wrought 

specimens. They have ascribed this observation to the coarse grain structure on the crack tip 

shielding by promoting the crack closure mechanisms such as (1) the roughness-induced crack 

closure mechanism in the fine-grained materials as well as (2) the crack hooks, sliding and 

deflection mechanism in the coarse-grained materials. Therefore, the threshold intensity stress 

factor (SIF) range (ΔKth) is larger for the HT AM IN625 (with coarser grain structure) as 

compared to the NHT IN 625 (with finer grains). This is because in the latter and similarly in 

the wrought counterparts, no crack closure occurs due to their relatively fine-grain structure. 

However, this is not the case for the AM 718 in various heat-treated conditions. Fig. 37(b)  

presents the results for the FCG investigation by Yu et al. [398] for the L-PBF and LP-DED IN 

718 in various HT conditions as compared with the wrought counterparts. As shown, the effect 

of various HT on the FCG behavior of AM IN 718 is not only more pronounced than the HT 

AM IN 625 but also most of heat treatment conditions of AM 718 have shown lower FCG 

resistance, i.e., lower FCGR as well as smaller ΔKth (compared to wrought). They have 

observed the lowest FCGR and ΔKth in the as-build (NHT) IN 718 specimens which they have 

ascribed to the supersaturated and unreinforced matrix of as-deposited specimen and therefore 

better ductility as compared with the HT specimens (see Fig. 38(a)-(b)). 

Upon direct aging (D-2Aged) (i.e., 720 ºC/8h+620 ºC/8h),, the AM IN 718 specimens 
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could retain the columnar grain structure with an uneven distribution of both coarse Laves 

phases and γ’/γ” precipitates (see Fig. 38(c)-(d)), leading to severe decrease in the FCG 

resistance, possibly due to subsequent ductility loss. Similarly, after the solution at 950 ºC/1hr 

+ fully aging (S3+2Aged) heat treatment, the formation of soft “precipitate free zones” around 

the short acicular δ-phases will act as the fast paths for the FCG, resulting in decreasing the 

FCG resistance of the S3+2Aged specimens (see Fig. 38(e)-(f)). Finally, the homogenized at 

1100 ºC/1.5hr and solution plus aged (H+S3+2Aged) specimens shows comparable FCGR and 

ΔKth with those of the wrought counterparts due to bimodal grain structure with high volume 

fraction of γ’/γ” precipitates distributions as shown in Fig. 38(g)-(h). 

 
Fig. 37. Fatigue crack propagation diagrams obtained in R=0.1 test conditions: comparison of wrought and AM 

IN625 [397] in (a) and AM IN718 [392] in (b) in various heat treatment conditions along with the predicted curves 

using Hartman-Schijve model [399] for the former. The wrought data for IN718 were obtained from [400–403] 

while the wrought data for IN625 was obtained from NASGRO database [344,392].  
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Fig. 38. Typical cross sectional scanning and transmission electron micrographs (SEM and TEM) of fracture 

surfaces showing the fatigue crack growth (FCG) paths of the near Paris regime in IN 718 LP-DED specimens in 

various heat treated conditions: (a)-(b) as-deposited (NHT), (c)-(d) direct aged (D-2Aged) (i.e., 720 ºC/8h+620 

ºC/8h), (e)-(f) solutioned at 950 ºC/1hr and fully aged (S3+2Aged), and (g)-(h) homogenized at 1100 ºC/1.5hr and 

solutioned plus fully aged (H+S3+2Aged) [398]. Note the original micrographs used in this figure were adopted 

with permission from X. Yu et al. [398]. 

 

5.2.6. Fracture toughness behavior 

Fracture toughness behavior is a key property index for engineering materials and applications, 

especially from a damage tolerance design viewpoint. This is partly because fracture toughness 
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can reflects upon the material’s capability to resist cracks propagations during the final stages 

of static and cyclic failure mechanisms [404]. The importance of fracture toughness as a 

material property indicator is even more critical for the AM metal alloys due to their sensitivity 

to the process-induced defects which in turn could act as crack initiation sites under cyclic load 

in their service applications [405]. Puppala et al. [118] has studied the fracture toughness of 

LP-DED IN625 and reported that crack-tip opening displacement (CTOD) of the alloy is 

comparable with that of IN625 weldments while being inferior to that of wrought counterparts. 

Furthermore, they have revealed that upon the SR at 950 °C for 1 hr, the impact toughness 

of the alloy (obtained by the instrumented V-notch Charpy test) has marginally improved by 

about 10% with insignificant change in the CTOD responses of the alloy in SR conditions as 

compared with NHT one. Additionally, using the fractographic examination of the Charpy test 

specimens, they have concluded that during the crack growth under dynamic loads the crack 

propagation controls the failure mechanism. 

However, the effect of HT on the fracture toughness of AM IN718 is not the same as AM 

IN625. Recently, Seifi et al. [406] have studied the fracture toughness in as-deposited (NHT) 

L-PBF IN718. They have reported that upon the HT including HIP at 1120 ◦C/100 MPa/4 h + 

solution plus aging (AMS 5662), the fracture toughness of the alloy is much lower as compared 

with that of the as-deposited (NHT) condition. Additionally, they have revealed that the fracture 

toughness in NHT condition is strongly location- and orientation-dependent because the 

porosity content of NHT vertical samples is lower than that of the NHT horizontal ones. They 

have concluded that both the powder properties and HT have a great influence on the fracture 

toughness of L-PBF IN718 alloy. 

Furthermore, using small scale mechanical testing methodologies, Gotterbarm, et al. [407] 

have studied the effect of sample orientation on the tensile properties and fracture toughness 

response of the as-deposited (NHT) E-PBF IN718 alloy in two different grain structures, i.e., 

single-crystals and columnar multi-grains obtained by optimizing process parameters. They 

have reported a strong anisotropy of fracture toughness values between the horizontal and 

vertical orientations, i.e., pre-crack direction is perpendicular and parallel to the build direction, 

respectively, for both grain structures investigated.  

They have revealed that the fracture toughness values of vertical specimens were 

comparable for both single-crystalline and columnar multi-grains specimens while for the 

horizontal specimens the single-crystalline sample showed much lower fracture toughness 

values. They have rationalized this based on the fracture surfaces of single crystalline 

specimens where the cracks were observed to propagate mostly intra-granularly through the 

low angle grain boundaries (GB) as they were well aligned along the build direction, i.e., the 

pre-crack direction or perpendicular to load direction, resulting in “minimal crack bifurcation, 

blunting and deflection as compared with the more randomly distributed GB’s in columnar 

samples”. 
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Similarly, Yu et al. [408] have investigated the influence of HT on the microstructure and 

room-temperature fracture toughness of LP-DED IN 718. Fig. 39 presents the room-

temperature fracture toughness-yield strength diagram of LP-DED IN 718 alloy. As shown in 

Fig. 39, they have reported the as-fabricated (NHT) sample possesses the lowest fracture 

toughness mainly due to its lowest elastic modulus and yield strength [408]. Additionally, they 

have reported that the fracture toughness of D-2Aged is close to that of as-fabricated (NHT) 

sample, which they have ascribed mainly to their low ductility and strain-hardening exponent, 

which in turn could result in lesser capability of strain accommodation of a matrix during the 

crack propagation stage. However, they have revealed that upon the S+2Aged and H+S+2Aged 

heat treatments, the fracture toughness of the alloy has increased quite significantly mainly 

because of the better performance in the “strength–plasticity” (i.e., the strength-ductility, 

measured from the tensile test curves) of the HT specimens. Particularly, H+S+2Aged sample 

with bimodal grains showed even higher fracture toughness than the lower limit of wrought 

IN718 (AMS 5662) counterparts. They have concluded that an appropriate HT possesses 

obvious toughening effect on the LP-DED IN 718 alloy. Further, Fig. 40 typical SEM 

micrographs of fracture surfaces for the fracture toughness LP-DED IN718 specimens in 

various heat-treated conditions. 

 

 
Fig. 39. Relationship between RT fracture toughness and yield strength for IN718 fabricated by various laser AM 

technologies such as LP-DED [398], LB-PBF [406], gas tungsten arc weldment [409] and wrought [410–413] 

processes in various heat treated conditions including as-deposited (NHT), direct aged (D-2Aged), solutioned and 

fully aged (S+2Aged), and (g)-(h) homogenized and solutioned plus fully aged (H+S+2Aged) [398]. Note the 

solution treatment at different temperatures are grouped and shown using similar symbols for ease of presentation. 

 

As shown in Fig. 40(a)-(d), The degree of micro-segregation is almost similar in as-

fabricated (NHT) and D-2Aged samples. Upon the fully aged HT (S+2Aged), the micro-

segregation decreases and the γ′′/γ′ precipitates almost homogeneously within the inter-
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dendritic regions (see Fig. 40(e)-(f)). Furthermore, once the specimens were homogenized prior 

to the fully aged HT (i.e., H+S+2Aged) where the micro-segregation was completely removed 

in addition to precipitation of high-volume fractions of the γ′ ′/γ′ phases (~30 nm) within the 

grain interiors (see Fig. 40(g)-(h)). 

 

 

Fig. 40. Typical SEM micrographs of fracture surfaces for IN 718 LP-DED specimens in various heat treated 

conditions: (a)-(b) as-deposited (NHT), (c)-(d) direct aged (D-2Aged) (i.e., 720 ºC/8h+620 ºC/8h), (e)-(f) 

solutioned at 950 ºC/1hr and fully aged (S3+2Aged), and (g)-(h) homogenized at 1100 ºC/1.5hr and solutioned 

plus fully aged (H+S3+2Aged) [398]. Note the original micrographs used in this figure were adopted with 

permission from Yu et al. [398]. 

 

5.3. Creep properties 

Creep resistance is an important performance characteristic of high temperature metal 
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alloys such as Nickel-based superalloys. Interestingly, the creep performance of AMed Nickel-

based superalloys has not been fully investigated. Among all the AMed Nickel-based 

superalloys, the majority of the creep performance studies have been focused on the L-PBF 

processed IN718 [414] and E-PBF processed IN718 [415,416], while there are some 

researchers conducted on the L-PBF processed IN738LC [417], L-PBF processed CM247LC 

[418], L-PBF processed C263 [419], L-PBF processed Hastelloy X [420] were studies as well. 

 

5.3.1. Effect of build orientation 

The effect of anisotropy, i.e., the built orientation with respect to the applied tensile 

loading direction, on the creep performance of AMed Nickel-based superalloys has been 

widely studied [421]. For instance, Rickenbacher et al. [417] have indicated that the vertically 

built L-PBF processed IN738LC specimens (i.e., the applied stress is parallel to the build 

direction or along the elongated columnar grains) had shown better creep resistance, as 

compared with the horizontally built AM and cast counterparts. Similar results were reported 

for the L-PBF processed IN738LC [421], L-PBF processed CM247LC [418] and L-PBF 

processed IN718 [414] alloys showing similarly better creep resistance and strengthening 

mechanisms in the vertically built test specimens as compared with those of the horizontally 

built AM and the directionally solidified single crystal Nickel-based superalloys [422]. 

The effect of anisotropy on the creep resistance of the AMed Nickel-based superalloys 

seems to be significant even after heat treatments [423] (Fig. 41). It was reported that the creep 

life and ductility of the vertically built AM Nickel-based superalloys are increased (Fig. 41 (a)) 

while decreasing strain rates as compared with the horizontally built counterparts (Fig. 41 (b)) 

[424]. This could be attributed to the “crack growth” mechanism under creep test condition. It 

was reported that in the vertically and orthogonally built L-PBF processed IN718 creep test 

specimens [425], the intergranular cracking occurred on the planes of maximum tensile stresses, 

i.e., between the AM deposited layers, therefore creating some cleavage steps (Fig. 42 (g) and 

(h), respectively). However, in the horizontally built creep specimens, the intergranular 

cracking occurred on the plane of maximum shear stress, i.e., between the melt pools, therefore 

creating quasi-cleavage (Fig. 42(i)). This could be most likely because of their microstructure 

and the fact that creep damage accumulated on the grain boundaries are aligned with the plane 

of maximum stress [425]. However, in presence of a surface micro-notches, the influence of 

the anisotropy doesn’t seem to be the prime factor affecting the crack growth mechanism [426]. 

Shassere et al. [415] have comprehensively studied the effects of different grain 

morphologies (i.e., equiaxed/columnar grains) and loading directions (i.e., 

longitudinal/transverse) with respect to the build direction on the creep deformation/failure 

mechanism of E-PBF processed IN718, i.e., at 923 K (650 °C) under 580 and 600 MPa applied 

tensile stresses. They have reported similar creep lifetimes obtained for the HIPed E-PBF 

processed IN718 specimens as compared to the conventionally processed wrought IN718 
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counterparts. They have further reported the superior creep properties for the vertically built 

E-PBF processed IN718 specimens tested longitudinally with respect to the loading direction, 

i.e., the stress axis was parallel to the elongated direction of columnar grain structured E-PBF 

processed IN718 specimens. They have observed similar creep damage mechanism for both 

the E-PBF and wrought processed IN718 specimens wherein the micro-voids and cracks were 

initiated at grain boundaries from areas around the ẟ-phases (Fig. 43 (d) to (f)). They have 

further observed the maximum number of the micro-voids and cracking on grain boundaries 

that were transverse to the tensile load direction (Fig. 42 (d) to (f)). Their fractography analysis 

revealed that the equiaxed grain structured E-PBF processed IN718 specimens were 

dominantly consisted of the grain boundary cleavage (Fig. 42 (h) and (l)) while only ductile 

shear failure (Fig. 42 (j)) was observed in the columnar grain structured specimens which were 

loaded longitudinally, i.e., parallel to build direction. In brief, they have concluded that the 

transverse grain boundaries aligned with the loading direction are more detrimental to the 

overall creep rupture properties of E-PBF processed IN718, such as those found in the equiaxed 

grain structured or the horizontally built specimens as opposite to those in the vertically built 

specimens [415]. 

 

Fig. 41. Creep properties of L-PBF processed IN718 specimens in two different built directions, i.e., vertically 

built (parallel to load direction) and horizontally built (perpendicular to load direction) specimens [427]: (a) 

variation of central deflection of the creep tested specimen as a function of creep time and (b) variation of 

deflection and tr as a function of various heat treatments such as HA (homogenized at 1065°C/1.5h + aged at 
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760°C/10h and 650°C/8h), HAS (homogenized at 1065°C/1.5h + solution annealed at 980°C/1h+ aged at 

760°C/10h and 650°C/8h), and SA (solution annealed at 980°C/1h+ aged at 760°C/10h and 650°C/8h) [427]. 

 

 
Fig. 42. Creep crack growth mechanism of L-PBF processed IN718 [425]: Schematic representation of the failure 

planes of the different test cases for the vertically, orthogonally, and horizontally built specimens in (a), (b), and 

(c) respectively. SEM images obtained from the cross section of actual creep fracture surfaces showing 

microscopic indicators of the failure mechanisms for the vertically, orthogonally, and horizontally built specimens 

in (d), (e), and (f) respectively. Schematic representation of creep crack path mechanism in (g) for vertically built 

specimens, where intergranular cracking occurred with some cleavage steps; in (h) orthogonally built specimens, 

where the intergranular cracking caused grain boundaries decohesion and sliding; and in (i) for horizontally built 

specimens, where Quasi-Cleavage occurred. Alicona scans processed by Mountains Maps and SEM images of the 

fracture surfaces for the vertically, orthogonally, and horizontally built specimens in (j), (k), and (l) respectively. 

Reproduced from [425]. 
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The other important process parameters affecting the creep performance of the AMed 

Nickel-based superalloys are the laser power (or energy density) [428], laser focus height [424], 

oxidation [429], surface integrity [430] and ceramic reinforcements [213]. For instance, 

Popovich et al. [431] has reported inferior creep resistance in the L-PBF processed IN718 

specimens manufactured using higher laser power (950 W) with dominated ductile fracture (as 

compared with lower laser power of 250 W). They have explained their results to be because 

of presence of a large number of built-in defects such as LoF that were induced due the 

excessive laser power during AM deposition process. Changing the scan strategy can further 

affect the creep behavior [424], but the use of multiple laser beams reportedly does not have 

detrimental effect on the creep performance of the vertically built L-PBF processed IN718 

specimens [424]. 

 

5.3.2. Effect of heat treatment 

As a result of the rapid solidification during AM processes such as L-PBF, the resultant AM 

Nickel-based superalloy components consist of significantly refined grain structure in the non-

heat treated (NHT) or as-built condition, which as partially discussed above could directly 

deteriorate their creep resistance [432]. This could be attributed to two main reasons: (1) the 

grain boundary sliding and (2) intergranular cracking, both of which are identified as the 

dominant creep failure mechanisms especially under low strain rates in the AM Nickel-based 

superalloys such as L-PBF processed IN718 [433], L-PBF processed IN625 [434], and L-PBF 

processed IN738LC [330]. Such degradation of creep resistance could be further aggravated 

by the severely segregated microstructure induced in the non-heat treated (NHT) AM Nickel-

based superalloys [435], resulting in formation of brittle intermetallic phases such as Laves and 

δ-phases at grain boundaries. 

The as-solidified microstructure of the L-PBF processed IN718 alloy is composed of 

columnar grain microstructure (Ni-austenite γ-matrix) with highly dispersed γ’/γ”-phase 

precipitates inside the grains [436]. The metastable γ”-phases serve as strengthening phases. 

Furthermore, the ẟ-phases precipitate by nucleation at the grain boundaries in presence of γ”-

precipitates followed by their growth as thin plates extending into the columnar γ-grains. In 

thermomechanically processed wrought IN718, the ẟ-phases exist in globular morphology (i.e., 

equiaxed or slightly elongated, and relatively coarse particles) originating from the 

fragmentation of ẟ-plates. The ẟ-phase, that developed along the grain boundaries, can 

significantly reduce the fracture toughness and ductility of the IN718 alloy. Both γ”- and ẟ-

phases are Nb-based, although the ẟ-phase is thermodynamically more stable than the γ”-phase 

below 1000 °C [26]. Due the rapid solidification during the AMed IN718, the solid-liquid (SL) 

melt pool interface moves with severe inter-dendritic micro-segregation of massive elements 

such as Nb, which in turn leading to the formation of the hexagonal Laves phase, i.e., (Ni, Fe, 
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Cr)2(Nb, Ti, Mo) [437]. 

Although, Laves phases are considered as undesirable phases for creep resistance due to their 

high brittleness, which in turn leading to nucleation of intergranular cracking at grain 

boundaries [438], effect of δ-phases on creep resistance of AMed Nickel-based superalloys is 

at controversy. As discussed earlier, while some researchers such as Shassere et al. [415] have 

shown that the creep damage in the AMed Nickel-based superalloys such as E-PBF processed 

IN718 alloy were initiated from the precipitation free zones (PFZ) around the δ-phases at grain 

boundary areas (Fig. 43 (d) to (f)), there are other studies showing the δ-phases acting as a 

crack barrier [430], preventing the grain boundary sliding by pinning effect, and therefore 

impeding the micro-void coalescence [425]. Nonetheless, it was also reported that the creep 

resistance [439] and the grain growth [439] in the AMed Nickel-based superalloys were 

increased in the absence the δ-phases. Therefore, one of the benefits of heat treatments is to 

dissolve such intermetallic phases, which instead will increase the size and volume fraction of 

γ’ and γ’’ strengthening precipitates (Fig. 43) and subsequently improve the creep resistance 

[440]. 
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Fig. 43. Effect of various heat treatments on the size and distribution of primarily influential phases on the creep 

properties of L-PBF processed IN718 superalloy such as δ- and γ′′-phases [427]: SEM micrographs in (a)/(c) for 

HA-treated, in (b)/(e) for HSA-treated and in (c)/(f) for SA-treated specimens. Note (c), (e), and (f) were obtained 

from the cross section of failed creep specimens. TEM micrographs in (g)/(j) for HA-treated, in (h)/(k) for HSA-

treated and in (i)/(l) for SA-treated specimens. Note that the above-mentioned abbreviated heat treatments are as 

follows: HA (homogenized at 1065°C/1.5h + aged at 760°C/10h and 650°C/8h), HAS (homogenized at 

1065°C/1.5h + solution annealed at 980°C/1h+ aged at 760°C/10h and 650°C/8h), and SA (solution annealed at 

980°C/1h+ aged at 760°C/10h and 650°C/8h). Reproduced from [427].  
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The effect hot isostatic pressing (HIP) heat treatment on the creep behavior of AMed 

Nickel-based superalloys have been extensively studies in the literature [441]. It was reported 

that the HIP may increase the creep life when applied before solution annealing and two step 

aging heat treatments [439]. However, Xu et al. [329] has reported that if an intermediate 

homogenization step at 1100 °C was applied between HIP and standard heat treatment of 

solution annealed plus two step aging, the creep life is reduced. They have attributed their 

results to the excessive dissolution effect of intermediate high-temperature homogenization 

step on the growth rate of grain boundary intermetallic phases such as metal carbides (MC, 

M6C, and M23C6) as well as the γ′-/γ′′- strengthening precipitates, which in turn reduces the 

hindering effect of such carbide and strengthening phases on the grain boundary sliding and 

subsequently deteriorates the creep resistance of these alloys [442]. 

Multiple studies have compared the effect of various heat treatments on the creep 

performance of AM Nickel-based superalloys such L-PBF processed IN718 specimens [439] 

and L-PBF processed C263 [419]. Hautfenne et al. [414] have shown that L-PBF processed 

IN718 specimens exhibited better creep performance once solution annealed at 1065 °C 

followed by two step aging process (at 720 °C/8 h + 620 °C/8 h) as compared with the lower 

solution annealing temperature at 980 °C. Similar results have been reported by Probstle et al. 

[185] and Kuo et al. [443] where they have shown that the fully heat treated L-PBF processed 

IN718 specimens with solution temperature at higher than 1000 °C have exhibited better creep 

performance than directly aged counterparts.  

The two possible reasons can explain the above results of effect of solution annealing 

temperature on the creep behavior of L-PBF processed IN718 alloy. First possible explanation 

is the effect of solution temperature on phase formations, i.e., δ- and γ′′- phases, occurring 

during heat treatment in the L-PBF processed IN718 alloy. As discussed earlier, the γ′′- phases 

can have more improving effect on creep performance of L-PBF processed IN718 alloy due to 

their pinning effect on the grain boundary sliding [442], while the δ particles can act as the 

micro-voids/cracks initiation sites at grain boundaries (Fig. 43 (d) to (f)) [427]. Therefore, upon 

solution annealing at temperatures above δ-solvus (~1000 °C) such as 1065 °C, the δ- phases 

are dissolved, releasing Nb atoms into the surrounding γ- matrix [185], therefore promoting 

the formation of γ′′- precipitates. This in turn can result in improved creep resistance of the L-

PBF processed IN718 alloy. On the contrary, when the alloy is solution annealed at 

temperatures below δ-solvus such as 930 °C, more δ-phases are formed at the expense of γ”-

phase, which in turn have a deteriorating effect on the creep performance. The second possible 

reason is the effect of higher solution annealing temperature on the size of γ”-phase, with the 

average size of 13.4 ± 5.8 nm in specimens solution annealed at 1065 °C, as compared with 

those of solution treated at 930 °C with the average size of 9.1 ± 5.8 nm [185]. 

Similar results have been reported for L-PBF processed C263 by Davies et al. [419] using 

two different solution temperatures above δ-solvus temperature, i.e., 1150 ◦C and 1275 ◦C. 
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They have found that the higher the solution temperature results in the better the creep 

resistance [419]. They have attributed their results to the effect of higher solution temperature 

on generation of a more equiaxed microstructure, smaller average local misorientation, shorter 

random grain boundary network segment length and higher amount of metal carbides (MC, 

M6C, and M23C6) precipitation at grain boundaries. They have concluded that that shorter 

random grain boundary network segment length (i.e., shorter potential intergranular crack 

paths) and higher amount of metal carbides at grain boundaries could hinder grain boundaries 

deformation, therefore leading to improved creep resistance. 

 

6. Simulation and modeling 

In the fusion-base AM processes, a moving heat source melts feedstock and materials go 

through repeated heating, melting, cooling and solidification, thus multiple, thermal cycles 

occur at any location. The formation of a small molt pool, strong recirculating motion of 

the liquid materials driven primarily by Marangoni convection, the heat source movement, and 

the significant temperature gradient due to rapid temperature changes make the measurement 

of transient temperature and other imperative variables challenging. Also, experimental 

measurements are only practical on accessible surfaces by cameras and not on interior locations. 

Thus, it is essential to advance models of heat transfer, fluid flow and mass transfer to compute 

the temperature fields, size and geometry of fusion zone, and other parameters required for the 

predictions of pore, grain structure and texture, residual stresses, and distortion. Fig. 44 

summarizes the critical role of main mechanistic models to calculate heat transfer, fluid flow 

and mass transfer and to understand the physical processes in fusion-based AM. Wei et al. [444] 

recently published a state-of the-art review on mechanistic models for additive manufacturing 

of different metallic components. However, the current review will mainly focus on 

understanding simulation and prediction of feedstock-process-structure-defect-property 

relationship in fusion-based AM processed Nickel-based superalloys. 
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Fig. 44. Schematic representation of mechanistic models for heat transfer, fluid flow, and mass transfer to simulate 

and predict feedstock-process-structure-defect-property relationship [444]. 

 

6.1. Process modeling 

6.1.1. Laser-powder interactions 

Accurate simulation of AM processes necessitates an understanding of the complex 

interactions between the laser beam and powder particles, namely, the heat source absorptivity 

by the feedstock material. In AM, the absorptivity is defined as the ratio of energy absorbed by 

the solid material (e.g., metal powder or wire) to the total input energy from the heat source 

(e.g., laser or electron beam) [445]. Different AM processes absorb energy in distinct ways 

owing to the disparity between various energy sources [446]. The method of energy absorption 

is critical since it induces distinct modes of melting, and thus, different absorptivity depending 

on the process. For example, photons are absorbed only some nanometers from the surface of 

the material, whereas electrons deposit their energy several micrometers beneath [447]. 

Therefore, laser-assisted processes undergo multiple laser reflections within a relatively small 

area, which gives rise to substantial material evaporation yet comparatively low absorptivity. 

For L-PBF processes using a laser wavelength of 1.06 µm, the absorptivity of IN718 was 

reported to vary from 0.3–0.87 [448]; similar trends have also been observed for other materials 

[449]. Similarly, for DED processes where powder emerges from multiple nozzles before 

adjoining and traveling through the laser beam, the absorptivity was reported to range from 0.3 

to 0.7 for a 1.06 µm wavelength laser beam, depending on whether the material is in the liquid 
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or solid-state [450]. Contrarily, in electron beam processes, most of the energy will be initially 

absorbed by the material while the evaporation is mitigated [44]; the absorptivity for electron 

beam processes is generally in the range of 90% [451]. 

Besides its dependence on the process itself, absorptivity also depends on the laser 

properties (energy density, wavelength, polarization, and angle of incidence), feedstock 

material characteristics (thermophysical properties, size distribution, preheating temperature, 

surface roughness, chemistry (oxidation), and contamination), as well as the melt pool 

morphology and temperature [452]. For DED processes, the absorptivity also depends on the 

particle flight duration and shield gas velocity [450]. All these factors make the absorptivity 

challenging to measure experimentally, and thus, it is typically assumed as a constant in the 

process simulation model that is to be calibrated with experimental data in simulations 

involving laser-powder interactions [453]. One promising avenue for estimating the 

absorptivity under different process parameters was provided by Khairallah et al. [449] using 

their high-fidelity Multiphysics model, which was verified using in-situ x-ray data. The full 

ray-tracing method was employed to track the multiple laser beam reflections as they interacted 

with both a bare plate and a 35 µm thick layer of SS316L powder. Using the full ray-tracing 

method permitted the absorptivity to be a predicted output rather than an input approximated 

using a constant value; their results demonstrated that, especially at low laser power, 

absorptivity increases with a layer of powder than without due to the additional reflection 

events (Fig. 45 (a) and (b)). Also, absorptivity was shown to increase with laser power, owing 

to a widening depression at higher energy that accommodates more energy absorption events 

(Fig. 45 (c) and (d)). Similar studies should be performed with Nickel-based superalloys to 

elucidate these parameters' influence on the material absorptivity. 
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Fig. 45. Laser-powder interactions. The laser rays are grouped into four distinct colors representing four different 

power bins. The laser rays arrive at 100% power (red) and lose energy as they are reflected. A blue ray is at 25% 

or less of the initial power. At low power (92 W), the rays penetrate the powder bed through multiple reflections 

(a), leading to a higher absorptivity than that of a flat plate. At high power (365 W), the rays are concentrated 

inside the melt pool depression zone (c). The laser-powder interactions become less pronounced at higher laser 

power, while the overall absorptivity increases as more rays are absorbed within the melt pool. The 3D melt pool 

is cross-sectioned and made semitransparent for visual clarity. The X, Y, and Z axes act as the frame of reference. 

(b) and (d) depict a transparent bottom view, showing more laser reflections in the powder for (a). Reproduced 

from [449]. 

 

6.1.2. Melt pool 

Different analytical and numerical approaches have been employed to understand the melt 

pool geometry, heat transfer, and fluid flow for various AM processes. These include analytical 

approaches [454], heat conduction models [455], heat transfer and fluid flow models [456], 

level set method [457], the volume of fluid (VOF) method [458], Lattice Boltzmann and 

Lagrangian-Eulerian methods [459], which are summarized in Table 4. 

 

Table 4. Comparison among the various approaches currently used for simulating the heat transfer and fluid 

flow within the melt pool in AM. 

Approach Features Ref. 

Analytical 

• Analytical solution to heat conduction equation 

• Outputs are temperature fields and cooling rates 

• Low computational expense; simple and easy to use 

• Ignores dominant mechanism of heat transfer 

(convection); large computational error and limited 

fidelity 

[454] 

Heat conduction models 

using the finite element 

(FE) method 

• Solves steady-state/transient energy conservation equation 

with convective, radiative, or prescribed temperature 

boundary conditions 

• Outputs are 3D steady-state/transient temperature 

distribution 

• Existing software packages allow for easy implementation 

and complex geometries  

[455] 



94 

 

• Does not consider effects of convective (fluid) flow within 

the molten pool; typically overestimates the peak 

temperatures and cooling rates 

Heat transfer and fluid 

flow models using finite 

difference method (FDM) 

• Solves 3D transient conservation equations of mass, 

momentum, and energy 

• Outputs are 3D transient temperature and velocity fields, 

solidification parameters 

• Considers effects of convective flow within the molten 

pool and therefore provides more accurate temperature 

distributions 

• Assumes flat-top geometry to make the calculations 

tractable 

[456] 

Level set method (LSM) 

• Tracks the free surface of the molten pool 

• Outputs are 3D transient temperature and velocity fields 

with free curved surface 

• Melt pool morphology in good agreement with 

experiments 

• Computationally expensive and tends to suffer from non-

conservation of mass 

[457] 

Volume of fluid (VOF) 

using finite difference 

method (FDM) 

• Tracks the free surface of the molten pool 

• Outputs are 3D transient temperature and velocity fields 

with free curved surface 

• Melt pool morphology in good agreement with 

experiments, conservation equations satisfied 

• Computationally expensive  

[460] 

Lattice Boltzmann method 

(LBM) and Lagrangian-

Eulerian (LE) method 

• 2D and 3D numerical methods involving cellular 

automation modeling of particle kinetics discretized in 

time, space, and particle velocities 

• Involves free surface boundary conditions regarding 

thermodynamics, surface tensions, phase transitions, and 

wetting 

• Outputs are molten pool geometry 

• Can accurately predict melt pool morphology and 

phenomena such as balling and surface roughness 

• Computationally expensive, well-parallelized 

[47] 

 

As previously mentioned, experimental temperature measurements in AM are challenging 

since the process is highly transient and very high temperatures are typically reached, e.g., peak 

temperatures within the melt pool can be several hundred degrees above an alloy’s liquidus 

temperature, and sometimes surpass the boiling point of the alloy upon sufficiently high heat 

input. The most common way to obtain temperature measurements is to place thermocouples 

on various monitoring locations on a dense substrate sufficiently far away from the laser 

scanning path. However, while thermocouples provide the temperature measurements at the 

local monitoring locations, it is impossible to obtain a comprehensive view of the 3D 

temperature field. Infrared thermography can be used to measure the surface temperature of an 

entire layer; yet, this method also lacks the ability to provide the entire transient temperature 

field. Thus, a more suitable manner of obtaining the 3D temperature profile is via 

computational models that are validated with either (a), the far-field temperature-time history 

obtained experimental thermocouple measurements, or (b), the melt pool dimensions (width 

and depth) obtained through optical microscopy measurements. 
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Fig. 46 (a) and (b) demonstrate such a prediction, showing the computed temperature 

distribution for the 1st and 10th layers, respectively, during a 10-layer LP-DED of IN718 

powder [235]. The various colors in these figures represent the different temperatures which 

the material is subject to. As shown, the substrate in AM acts as a heat sink through which heat 

can conduct away from the molten pool. Heat accumulates as more layers are added due to the 

additional heat input from the laser beam. As a result, heat conduction through the substrate 

also diminishes, which traps the heat in the upper layers. The temperature contours are 

significantly elongated behind the heat source and depressed near the heat source due to the 

rapid scanning of the laser beam and Marangoni flow. The thermal cycles are in excellent 

agreement, which assures the validity of the computational model. Although the material is 

different, similar trends should be observed for Ni-based superalloys. Fig. 46 (d) demonstrates 

the molten pool morphology at the mid-length of the scan during the deposition of the 10th 

layer. The melt pool is at its highest temperature directly near the heat source and at its lowest 

near its peripheral boundary. The temperature gradient induces spatially variant surface tension 

(Marangoni stress), which drives the fluid flow from areas of high to low temperature. 

 
Fig. 46. Temperature distribution of (a) 1st and (b) 10th layer deposition during LP-DED processing of IN718 

powder on IN718 substrate with 300 W laser power and 15 mm/s scanning speed; (c) comparison of 

experimentally measured [461] and numerically computed thermal cycle for 5-layer deposition using 2000 W 

laser power and 10.5 mm/s scanning speed; (d) temperature and velocity distributions during the 2nd layer 

deposition for IN718 using 250 W laser power and 15 mm/s scanning speed. Reproduced from [235]. 

 

Owing to the difference in operating scales, melt pools attained through L-PBF are much 

smaller than those obtained via traditional welding processes. The combination of repeated 

rapid heating and cooling cycles and mesoscale molten pools invokes high heating and cooling 

rates, especially for L-PBF, where the scan speed is relatively fast. Heat accumulation 

throughout the build (Fig. 46 (a) and (b)) provokes an effective preheating temperature for 
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subsequent layers, which also affects the cooling rate. Namely, in upper layers, heat 

accumulation reduces conduction heat transfer effects through the substrate (heat sink), 

resulting in lower cooling rates and 𝐺/𝑅 ratios. These variations contribute to the formation of 

spatially variant melt pools, microstructures, and mechanical properties. Fig. 47(a) and (b) 

show the 2D computed and experimentally measured melt pool geometries using 285 W laser 

power and 1000 mm/s scan speed during a multi-track L-PBF processing of IN718 powder on 

an IN718 substrate [448]. The melt pool geometry changes significantly from the 1st to 2nd 

track due to the preheating effect and local powder particle arrangement, increasing 

conductivity and thus causing the 2nd track to become skewed towards the 1st. Additionally, 

due to the preheating temperature effect, the 𝐺/𝑅 ratio significantly decreases from the 1st to 

the 2nd track. Such reductions may prove desirable to achieve homogenous microstructures 

with equiaxed grains rather than inhomogeneous structures with columnar grains. 

 

Fig. 47. 2D (a) numerically computed and (b) experimentally measured melt pool geometries using 285 W laser 

power and 1000 mm/s scan speed during a multi-track L-PBF processing of IN718 powder on an IN718 substrate. 

The quantitative comparison of melt pool dimensions and 𝐺, 𝑅 values are provided in the tables. Reproduced from 

[448]. 

 

Under certain processing conditions, peak temperatures within the melt pool can surpass 

the boiling temperature of an alloy. The subsequent material evaporation exerts a recoil 

pressure on the free surface of the melt pool that invokes a significant vapor cavity and 

promotes enhanced laser absorption. This phenomenon changes the mode of laser melting from 

conduction to the so-called “keyhole mode”. In the conduction mode, the depth of the melt 

pool is dictated by conduction heat transfer through the solid material. Melt pools in this regime 

are semicircular in shape, in accordance with the solutions of Eagar-Tsai [454] and Rosenthal 

[462]. Whereas, in the keyhole mode, the laser beam is able to “drill” much deeper into the 

solid material and form a very large and unstable melt pool. As with keyhole welding, the 

incomplete collapse of the vapor cavity leaves voids in the wake of the laser beam [463]. A 

void resulting from keyhole mode melting will remain in the final part if it becomes trapped in 
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the solidification front and not expelled by the melting of subsequent tracks in current and 

subsequent layers. The regime laying in-between the conduction and keyhole modes is called 

the transition mode [464]. Regarding melt pool morphology, the transition mode displays 

elements of both conduction and keyhole melting. The temperature field (extent of 

vaporization) is the primary factor determining the threshold between the three different modes. 

Powder-scale models including all the relevant physics can be used to simulate these various 

melting regimes and help understand their formation and characteristics. For example, Fig. 48 

(a), (b), and (c) show a comparison between the experimental and simulated melt pool 

morphology in the conduction, transition, and keyhole mode, respectively, on a flat Inconel 

718 substrate [465]. 

 

Fig. 48. Comparison between experimental (left) and simulated (right) melt pool morphology in the (a) conduction, 

(b) transition, and (c), keyhole mode of melting on a flat Inconel 718 substrate [465]. 

 

6.1.3. Spattering 

An extensive investigation on the role of preheating temperature on melt pool morphology 

reveals the favorable effect of higher preheating temperature on the formation of larger melt 

pools for Nickel-based superalloys [465]. Specifically, at higher preheating temperatures, the 

melt pool dimensions across conduction, transition, and keyhole regimes of melting experience 

an increasing trend (Fig. 49(a)-(b), (e)-(f)). This observation is attributed to (1) enhanced heat 
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conduction via temperature-dependent thermal properties; (2) increased evaporation mass 

invoking stronger vapor depression and recoil pressure (Fig. 49(c), (d)); (3) increased keyhole 

front wall angle indicating a stronger laser drilling rate; and (4) stronger backward flow 

originating from the laser hot spot driven by larger flow velocities inducing stronger Marangoni 

forces (Fig. 49(f)). 

Hence, while increased preheating temperature proves favorable for achieving 

homogeneous microstructures and melting between subsequent tracks and layers, it also 

increases the likelihood of porosities caused by keyhole collapse and laser spattering invoked 

by increased flow rates. Preheating has also been found to lead to larger residual stresses in the 

part [466]. Thus, a suitable medium for preheating temperature is desirable to optimize the 

solidification parameters while preventing high residual stresses and defects such as keyhole 

porosity and laser spattering. Furthermore, powder particle spattering induced by the metal 

vapor jetting and vortex flow near the melt pool could significantly influence the porosity of 

final product. Chen et al. [467] have developed a high-fidelity Multiphysics model to study the 

spattering and porosity formation mechanism in laser powder bed fusion process. They have 

reported two porosity formation mechanisms due powder particle spattering in experiments 

and simulation: (1) direct particle spattering into melt pool, resulting in un-melted or partially 

melted pores; and (2) the near-melt-track particles dragging to the melt pool bead, resulting in 

partially melted particles due to heat conduction. 

 
Fig. 49. Comparison of experimental and simulated melt pool morphology in keyhole regime (P = 250 W, v = 500 

mm/s) at the preheating temperature of (a) 100 °C and (b) 300 °C; vapor depression during the formation of the 

melt pool in conduction regime (P = 250 W, v = 1500 mm/s) at (c) 200 °C and (d) 300 °C preheating temperature; 

molten pool volume in keyhole regime (P = 250 W, v = 500 mm/s) at various preheating temperatures; (e) Molten 

pool volume for different preheat temperatures; (f) global melt pool velocity profile in conduction regime (P = 

250 W, v = 1500 mm/s) at 100 °C and 500 °C preheating temperature. All results are for L-PBF processing on an 

IN718 substrate (no powder). Reproduced from [465]. 
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6.1.1. Balling effect 

During AM processing, a faster scanning speed is desirable to increase productivity. 

However, too fast of speeds can cause the melt pool to become elongated such that it breaks 

into separated islands, otherwise known as the “balling defect”. The cause and formation of 

such a defect are illustrated in Fig. 50 [468]. Fig. 50(a) demonstrates the computed 3D 

temperature distribution using 200 W laser power and 1100 mm/s scan speed during a single-

layer L-PBF processing of IN718 powder. In this case, the melt pool is continuous, and the 

balling defect is not observed. In contrast, in Fig. 50(b), by increasing the scan speed to 2,300 

mm/s, there is a very shallow melting of the substrate due to the rapid scanning speed and the 

resultant decrease in linear energy density. Small disconnected islands, also known as “balls”, 

from throughout the trailing end of the melt pool, which is attributed to Rayleigh instability 

[469]. Such instability is initiated when the length to width ratio of the melt pool is greater than 

π. By increasing the scan speed, the molten pool length increases while the width decreases 

slightly, thus leading to larger instabilities. Other factors influencing the formation of Rayleigh 

instability include the local powder particle distribution, wetting effect, Marangoni flow, and 

gravity [470]. The balling defect can lead to porosity in the final part and negatively impacting 

mechanical performance. 

 

Fig. 50. Evolution of melt pool profile illustrating the formation of balling defect during L-PBF processing of 

IN718 powder on IN718 substrate using 200 W laser power and (a) 1100 mm/s scan speed, (b) 2300 mm/s 

scanning speed [468]. 

 

6.2. Microstructure modeling 

The various numerical approaches to model the solidification and grain microstructure 

growth during the directional solidification processes have been used for AM. Cellular 

Automaton (CA), Monte Carlo (MC), Dendritic Needle Network (DNN), and Phase Field (PF) 

methods are among these numerical approaches. Note that, columnar grains resulting from 

dendrite mode solidification has predominantly been reported for the AM of Nickle alloys in 

literature. The nucleation of dendrites and their subsequent growth during solidification is 

called dendrite mode solidification. These methods are briefly discussed. 

The prediction of grain microstructure and texture in AM processes has been modelled 
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mostly using MC and CA methods. The MC Potts model is based on the reduction of total 

energy at the grain boundary rather than kinetics of dendrite growth, which raises questions 

about its suitability for simulating the dendrite mode solidification phase in AM processes 

[471]. The PF approach is a tool for simulating mesoscale microstructure evolution that can 

predict intricate details during dendritic growth and estimate the anatomy of evolving dendrites 

[472]. To model the kinetics in alloys with several components, the PF approach uses 

thermodynamically based partial differential equations [473]. But, the material properties and 

various physical variables required in PF models to understand the dynamic development of 

the microstructure are seldom available through AM experiments [474]. Alternatively, the CA 

model which is based on multiphase solidification, can simulate the process of dendrite 

nucleation and formation [475]. The output values of a cell (crystallographic alignments) on 

the fixed grid are simultaneously modified based on dendrite growth laws. Tourret et al.’s 

Dendritic Needle Network (DNN) approach [476–478] assumes the dendrites as needles and 

as function of the solute flux power to calculate the velocity and radius of the dendrites. The 

PF [474], CA [479] and DNN [476–478] techniques, however, are computationally intensive, 

limiting their implementation to comparatively small spatial and time scales. To simulate the 

evolution of the microstructure in the as-built AM IN718 [474], IN625 [480], PF modeling is 

used. Secondary element classification, and dendrite quantities, orientation, and morphologies 

are all modeled in these simulations. Lattice Boltzmann method paired CA model [471] has 

been used to estimate the grain microstructure of E-PBF IN718 [481] for lengths up to a few 

millimeters. Literature [482] reports that the integrated CA-PF method to predict the growth of 

multi-phase and multi- component alloy dendrites. The dendrite growth kinetics is calculated 

by the 1D PF model. This is used as input at the CA interface cells in the micro-scale CA model, 

to calculate the mass redistribution and the dendrite growth. This model, however, can estimate 

a few tens of micron length scale for the microstructure. For grain microstructure prediction, 

MC simulation of LP-DED IN718 is recorded in a single-track deposition [483] with a cross-

section of a few hundred microns. The model DNN [475] bridges the difference between CA 

simulations of dendritic grain sizes and PF calculations of dendrite tip radius (a few 

nanometers), which is many orders of magnitude smaller. About Al-7 wt., the DNN model is 

reported by percent Si and can predict dendrite growth for length scales of up to a few 

millimeters [476]. The full-length range of the simulation methods for the grain microstructure 

mentioned above is limited to a few millimeters. The recently reported Discrete Dendrite 

Dynamics (DDD) model has shown promise in simulating grain-microstructure and texture for 

the entire length scale of an AM fabricated component. The popular CA and newly developed 

DDD methods are briefly discussed below. 

 

6.2.1. Grain structure 
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Cellular Automaton (CA) method - A prominent work for predicting grain structure of 

AM fabricated IN718 is reported by Lian et al. [484], which couples a finite volume (FV) 

method with a 3D Cellular Automaton (CA) method. The FV model accounts for the heat 

convection due to thermocapillary flow inside the melt pool to calculate the temperature field. 

The CA model implements an enriched grain nucleation scheme to capture the epitaxial grain 

growth in AM of IN718. With a face-centered cubic (fcc) or body centered cubic (bcc) lattice 

structure, several alloys solidify. A collection of cubic cells is used in the CA model to 

discretize a region of material, as shown in Fig. 51. There may be variables associated with 

each cell, such as temperature and a state index that correlates the cell with a specific grain. 

Two sub-models, for nucleation and grain growth kinetics, control the evolution of the grain 

structure. The location of nucleation sites, activation requirements and the crystal orientation 

of nucleated grains are determined by the nucleation model used in CA. Contrary to casting 

simulations by the CA method, where nucleation can occur both at the surface of the mold and 

in the bulk of the liquid volume, epitaxial grain growth is often reported in experiments in AM. 

Lian et al., [484] considers bulk nucleation and activation of existing grains along the molten 

pool boundary. In the CA model, a combination of envelopes models the details of the dendritic 

structure; an envelope is described as a "smooth surface" surrounding all the dendrite tips of a 

grain. For cubic crystals, the coupled FV-CA model identifies the preferred half-diagonals of 

the octahedral envelope with the preferred dendritic growth direction along <100>, 

representing the <100> crystallographic directions identified by the angles of Euler, along 

which the grain grows most rapidly. 

 

Monte Carlo method - To simulate microstructural evolution on a discrete lattice, the 

Monte Carlo (MC) Potts model evolves spins (or grain identifiers). By assigning spins to each 

lattice site, the starting microstructure is digitized on a 3D lattice to initialize the simulation 

[485]. Since the reduction in grain boundary energy is the driving force for curvature-driven 

grain growth, wherein the sum of bond energies between neighboring lattice sites is used to 

calculate grain boundary energy with different spins. By choosing a lattice site and trying to 

shift its spin to that of a randomly chosen neighbor with a different spin, grain growth is 

simulated. The system's total energy is then recalculated by the Metropolis function [486], the 

probability of accepting the shift is determined. The formulation permits all configurational 

modifications that decrease the energy of the global system. The configurational modifications 

which increase the energy of the global system are based on the Boltzmann distribution. In a 

single Monte Carlo step (MCS), all lattice sites attempt one spin shift. With correct kinetics 

and topology, this formulation has been shown to simulate curvature-driven grain growth. 

Wei et al., [483] studied the heterogeneous grain structure in multi-layer laser deposition 

of IN718 using the MC Potts method. The MC model considers repeated heating and cooling 

during multi-layer deposition, local temperature gradient and solidification growth rate, deposit 



102 

 

geometry, and molten pool shape and size govern the evolution of the grain structure in multi-

layer LP-DED process. Note that, the heterogeneous grain structure is a source of the 

inhomogeneity in structure and properties of the metallic components. Wei et al., [483] found 

that epitaxial columnar grain growth from the substrate or previously deposited layer to the 

curved top surface of the deposit is controlled by the molten pool shape and size as illustrated 

in Fig. 51(a). Their predictions for the grain structure of LP-DED IN718 in both built directions 

have shown good consistency with experimental results as shown in Fig. 51(b,c), respectively. 

 
Fig. 51. Evolution of grain structure in LP-DED IN718: (a) simulation results visualized in the longitudinal central 

plane and the top surface of the deposit [483]; (b) experimental results obtained from EBSD analysis of horizontal 

and vertical planes [487]; (c) simulation results obtained for horizontal and vertical planes [483]. (Laser power 

840 W, scanning speed: 10 mm/sec). Reproduced from [483]. 

 

Discrete Dendrite Dynamics (DDD) method - The DDD model is based on the classical 

competitive grain growth model for columnar dendritic grains by Walton and Chalmers [488]. 

According to the competitive grain growth theory the preferable orientation of the dendrite's 

growth depends on the undercooling difference. From experimental studies and computational 

simulations of the directional solidification process [472], welding [489], and AM [474], it is 

understood that stable primary columnar dendrites expand in the preferred direction, which for 

cubic crystals (fcc and bcc) is along one of its <001> crystallographic orientations that intersect 

the local temperature gradient at the smallest angle [475]. In addition, prior research [490] has 

shown that the nucleation of new grains in AM metals with cubic unit cell lattice structures is 

dominated by the epitaxial growth along one of the <001> directions to escape the high free 

energy requirement for nucleation.  

The DDD model traces the instantaneous dendrite tip location growing from the evolving 

the contact surface and is based on geometrical shape based epitaxial growth by Lian et al. 

[484]. The seed crystals in the un-melted zone near the surface are activated during 
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solidification. The crystallographic orientations of the selected seed crystals are used as input 

to determine the growth direction for the epitaxial growth of columnar dendrites. In the DDD 

model, each dendrite arm is idealized as a line segment, with one endpoint representing as the 

start and the other endpoint as the dendrite arm tip at the present time instant. The state variables 

associated with each tip point are: (1) the spatial position of the tip point, (2) the local 

temperature gradient (𝐺), (3) the three Euler angle crystallographic orientations, and (4) the 

dendrite arm's growth direction. The model accounts for the different situations arising due to 

interaction of a primary dendrite (PD) with its neighboring dendrites, namely, (1) change of 

growth direction of a PD with change in the local 𝐺, (2) convergence of two dendrites, and (3) 

divergence of dendrites. The DDD model is comparable to the coarse-resolution mesoscale CA 

model with only undercooling-dependent tip kinetics (cell size such as primary dendrite arm 

spacing (PDAS)). While the mesoscale CA model follows a Eulerian approach during 

solidification, the DDD model employs a more computationally efficient Lagrangian approach 

that tracks the tip locations of the dendrite arms at each time step as the solidification front 

progresses. Unlike the CA model, the DDD model does not require a change in the frame of 

reference to account for the cells undergoing liquid-solid transformation. In contrast to CA, 

this leads to greater computational efficiency for the DDD model. Note that the sub-grain level 

microstructure specifics such as dendrite arms spacings and composition segregations, are not 

modelled by both the DDD model and the mesoscale CA process, which would require higher 

resolution models such as the PF models or CA microscale models. The microstructure 

predicted by the DDD grain growth model for L-PBF IN740H [491] is compared with the 

results reported in Ni et al. [492] and shown in Fig. 52. Paul et al. [491] have studied the 

versatility of the DDD model by the accurate prediction of grain texture using scan vector 

rotation of 67° per layer of the EOS M290 DMLS machine for the L-PBF IN718 alloy. They 

[491] have also compared the grain texture analyzed with mtex-5.1.1 extension used with the 

MATLAB code.  The model compares the Aspect ratio (ASR) of the grains in the x − z plane. 

The ASR predicted by the DDD model is 2.74 ± 1.37 compared to 2.92 ± 1.59 reported by Ni 

et al. [492]. 
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Fig. 52. Comparison of grain structure for L-PBF IN740H obtained by experiments versus the simulation results 

obtained by DDD modeling approach: (a) EBSD IPF, after [492], (b) DDD predictions [491], (c) inverse pole 

figures (IPF) obtained using EBSD analysis, after [492] and (d) IPF predicted by the DDD model [491]. 

6.2.2. Solidification 

 Phase Field (PF) methods 

PF along with MC models are two widely used techniques to model solidification of 

metals deposited by AM processes. PF techniques rely on thermodynamically dependent partial 

differential equations and can be used to deal with the growth kinetics of multi-component 

alloys. However, in terms of computation, PF calculations are costly and are therefore limited 

to small domains and fine time scales. The region of the phase diagram where the liquid and 

solid phase of the system are in equilibrium is considered for the investigation of solidification 

[493]. Wang and Chou [494,495] investigated the microstructure evolution during L-PBF of 

IN718 by a PF model. Their FP simulation results are shown in Fig. 53 (a) to (c) along with the 

experimentally measured microstructural features from SEM micrograph in (d). The 

temperature gradient and the solidification velocity are first determined from an L-PBF FEM 

and are used to simulate the growth of the microstructure with time as the input of the PF model. 

The effects of the build height and scan speed of the laser beam on the evolution of the 

microstructure are calculated. The results show that the PF simulated primary dendritic arm 

spacings (PDAS) are comparable to the results of experiments and analytics, as shown in Fig. 

53. The cooling rate and the thermal gradient first decreased with the rise in build height, and 

then slightly increased at the very top of the AM built layers. Furthermore, the temperature 

gradient increased to a certain value and then decreased with the increase in the scanning speed 

of the laser beam, and the direction of the maximum temperature gradient appeared to be 

parallel to the direction of the component construction. In addition, the temperature gradient 
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greatly influences the growth of the dendrite due to a higher temperature gradient that results 

in a higher growth speed. 

 
Fig. 53 Solidification simulation of L-PBF IN718 using phase field modeling: at the average dimensionless 

thermal gradient of 0.498 (temperature gradient ~1.04 × 106 °C/mm). Phase field simulations at time step of t = 1 

ms in (a), and t = 1.7 ms in (b). Concentration profile at time step of t = 1 ms in (c). In (f), an example of SEM 

micrograph for measuring the Secondary Dendritic Arm Spacing (SDAS) in the as-build L-PBF IN718 sample  

[495]. 

 

The PF model has been widely used for the simulation of microstructure evolution and 

severe elemental micro-segregation occurring during the AM of Nickel-based superalloys due 

to rapid solidification [496]. The attractiveness of the PF method is that there is no need to 

track the moving solid-liquid (SL) interface as the sharp interface. This is because the SL 

interface is part of the mathematical model used by PF to solve the heat and diffusion equations 

at SL interface. The need to track the SL interface is eliminated using an order parameter that 

varies smoothly in a sine wave curve form between the two solid and liquid phases [493]. 

Additionally, computational thermodynamics and CALPHAD (CALculation of PHAse 

Diagrams) modelling are also used for the fast and accurate prediction of the compositional 

variations due to multiple cyclic heating and cooling with different heating/cooling rates and 

high magnitude of solidification rate at 106 K/s during the AM processes [497]. The following 

paragraphs discuss the work on simulating the severe elemental micro-segregation of these 

phases in the AM of Nickel-based superalloys. 
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Ghosh et al. [498] used PF simulations to predict the size and micro-segregation of the 

cellular microstructure formed along the melt pool boundaries for the solidification conditions 

of L-PBF of IN625 as a function of melt pool dimensions. Keller et al., [480] investigated 

microstructure and micro-segregation during rapid solidification of L-PBF of IN625. 

Geometric and thermal features of the melt pools were simulated using a thermal FE model 

and used in the subsequent mesoscale simulations. The solidification in the melt pool was 

simulated on two length scales. For the PF simulations, Ni-Nb was used as binary analogue to 

IN625. The simulated primary cellular/dendritic arm spacings (PDAS) agree well with 

experimental measurements [480]. 

PF models can investigate the influences of the build height and laser beam scanning speed 

on the microstructure evolution [495]. PF model is also coupled with DICTRA software, to 

study micro-segregation during solidification of AM processed IN625 [480]. In this 1D for 

diffusion-controlled phase transformation model micro-segregation and back-diffusion in 

multicomponent materials (such as Nickel-based superalloys) is simulated by combining 

CALPHAD thermodynamic and kinetic materials descriptions [480,493]. There are also 

confounding factors that affect the exact compositions predicted by our phase-field and 

DICTRA models. The accuracy of these predictions is linked to the correctness of the FE 

models in capturing the complex temperature-time cycles during AM processes, including the 

effects of depositing additional layers. A detailed thermal history of the AM process can 

account for the influence of solid-state diffusion, avoiding the artificially high compositions in 

the enriched regions of the microstructure, as predicted by the PF models [480]. 

In IN718 alloy, the formation and growth of γ′- and γ′′-phases precipitating from the 

supersaturated solid solution (SSSS) γ-grain matrix during the subsequent thermomechanical 

processes can also be simulated using a PF modeling approach, wherein the evolving molar 

fraction of γ′- and γ′′-precipitates can be traced. A pseudo-ternary (Ni-Al-Nb) thermodynamic 

database can be developed from the AM specific continuous cooling transformation (CCT) and 

time-temperature-transformation (TTT) diagrams of IN718 [480,499]. The pseudo-ternary 

database can determine the apparent composition of Alx (xAl) as the weighted summation of 

γ′-forming elements (Al, Ti, Fe). Similarly, the apparent composition of Nbx (xNb) can 

represent the weighted summation of γ”-and ẟ-forming elements. Note that, the composition 

of both γ′′ and ẟ-phase could be treated as Ni3Nb with γ′′-being a metastable phase and δ-being 

the stable phase. During precipitation, the time evolution of the concentration fields is governed 

by the generalized diffusion equation, i.e., the Cahn–Hilliard and Ginzburg–Landau equations 

[500]. 

Usually a multi-scale model is combined with finite-element method (FEM) and PF 

modeling approach to simulate the evolution of solidification microstructures at different 

locations within a molten pool of an additively manufactured IN718 alloy [494]. FE model is 

used to calculate the shape of molten pool and the relative thermal gradient G at the macroscale. 
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Then, the results are employed as inputs to PF model. In the PF model, a scalar variable Ø 

introduced to distinguish the type of phases at a fixed point and time. The field / takes on the 

value Ø= -1 in the liquid phase and Ø= +1 in the solid phase and varies smoothly across the 

diffuse interface. Wang et al. [494] compared the predicted morphology of as-solidified 

microstructures and formation of Laves phase at different sites for the AM IN718 (see Fig. 54). 

They estimated that the solidification site with a large angle between the temperature gradient 

and the preferred crystalline orientation could build up a high niobium (Nb) concentration in 

the liquid during solidification but has less possibility of forming continuous long chain 

morphology of Laves phase particles. These findings provide an understanding of the 

microstructure evolution inside the molten pool of IN718 alloy during rapid solidification of 

AM processes. Further, the findings indicate that the site with a large misorientation angle will 

have a good hot cracking resistance after solidification. 

 

Fig. 54 Comparison of Phase Field modeling simulations with experimental results in AM IN718 alloy for the 

morphology of Laves phase forming during solidification at two cooling rates of 1000 K/s in (a)-(c) and 4000 K/s 

in (d)-(e). The solute concentration profile of Nb in (a) and (b). The phase distribution of Laves phase particles in 

(b) and (f). Experimental observation by SEM of Laves phase particles from [501] in (c) and (e). Reproduced 

from [494]. 

 

 Thermodynamic databases 

During the AM processes, and after solidification, due to their characteristic thermal 

history, i.e., subsequent reheating during continuous cooling, various solid-state transformation 

takes place, which can in turn result in different as-fabricated microstructures for different AM 

processes. For instance, the microstructure of L-PBF IN718 consists of fine γ” strengthening 

precipitates while that of E-PBF IN718 and DED IN718 consist of substantial amount of aging 
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or grain growth [502]. This is because the entire build experiences a higher overall cooling rate 

during L-PBF process while during DED process due to significant heat build-up and during 

E-PBF process due to the high pre-heating, a large portion of the entire build can experience 

higher temperatures up to above 900 °C over an extended period of time, resulting in coarse γ” 

precipitates and larger grain structures [502]. The subsequent effect of such complex thermal 

characteristics on microstructure may increase the anisotropy in mechanical properties of the 

AM components. For instance, a non-uniform hardness profile was reported for LP-DED 

IN718 over the build height, i.e., higher hardness in the lower part due to excessive aging effect 

on formation of fine γ” precipitates [174]. The other effect of unique AM thermal 

characteristics is the severe micro-segregation of alloying elements observed in the AM Nickel-

based superalloys such L-PBF IN625 [503], E-DED IN718 [504], and E-PBF CMSX-4 [505], 

which can not only can affect the local compositions of the microstructure deviating from the 

nominal composition but also can alter the precipitation kinetics of various phases in the alloy. 

For the modeling purpose of the effect of unique thermal characteristics of AM processes on 

the microstructure experienced during the fabrication process, there are some thermodynamic 

databases available for the Nickel-based superalloys such as JMatPro database and TC-

PRISMA database. 

Kumara et al. [504] used the JMatPro thermodynamic database to generate the continuous 

cooling transformation (CCT) diagrams of IN718 with nominal composition during E-PBF 

process (Fig. 55(a)). Using the precipitation kinetics, they have revealed the mechanisms for 

the formation of the diverse precipitates in E-PBF IN718 based on severe micro segregation 

formed during AM fabrication. They showed that local compositions of the solidifying 

structure are significantly location dependent, e.g., severely micro-segregation of alloying 

elements form the core of inter-dendritic regions towards the area near the Laves phase [4]. 

Subsequently, the γ’, γ”, and δ phases precipitated faster in the regions near the Laves phases 

(dotted lines) compared with that at the dendrite core (solid lines) [504] (Fig. 55(a)). Zhang et 

al. [503] used the TC-PRISMA thermodynamic database to simulate the solid-state phase 

transformation during isothermal heat treatment at 870 °C in the L-PBF IN625 with nominal 

composition (Fig. 55(b)). As shown in Fig. 55(b), the δ phase started to form at the peak volume 

fraction of γ″ after over 100 h. The big challenge in the solid-state phase transformation 

modeling of AM process is the inclusion of repeated phase formations or dissolution during 

multiple thermal cycles serving as in situ heat treatments. As discussed earlier, the precipitation 

rates of the phases depend on prior micro-segregation in the as-fabricated microstructure and 

the strength of the thermal cycles, i.e., isothermal holding time at local temperature. For 

instance, In E-PBF CMSX-4, a significant size gradient for the γ’ precipitates was reported 

along the build height [505]. 
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Fig. 55 Simulation results for Nickel-based superalloys during AM processing using commercial thermodynamic 

databases: (a) Continuous Cooling Transformation (CCT) diagram created using JMatPro database simulated for 

nominal composition of IN718 alloy along with the experimentally measured cooling curve by thermocouples 

during E-PBF process. Notably, the dotted lines represent the region close to Laves phase and solid lines represent 

the dendrite core for 0.5 wt.% transformation [504]. (b) Simulated precipitation kinetics of IN625 (Ni-20.70Cr-

9.00Mo-4.00Nb-0.72Fe-0.05C) at 870 °C using TC-PRISMA database during L-PBF process [503]. 

 

6.3. Defects modeling 

Some of the most common defects in AM are LoF and keyhole porosity, whose formation 

stems from the temperature distributions and melt pool geometries throughout the build [153]. 

These defects have an adverse influence on the part’s density and can be detrimental to its 

mechanical properties, such as fatigue behavior [366]. Thus, it is critical to understand the 

physical mechanisms causing the development of such defects and discover ways to prevent 

their formation. Since experiments cannot provide such a detailed understanding, well-tested 

3D transient heat transfer and fluid flow models are typically employed. 

There are three primary mechanisms through which porosity forms during AM processing. 

The first is the formation of LoF pores caused by inadequate melting of upper layers into 
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previously deposited layers [506]. The second is keyhole pores caused by the collapse of the 

vapor cavity in keyhole mode melting [463]. Recall that for processes operating under high 

energy densities, preheating temperatures, or a combination of both, peak temperatures within 

the melt pool can surpass the boiling temperature of some of alloying elements in the alloy 

composition. Therefore, the subsequent evaporation of such elements exerts a recoil pressure 

on the melt pool free surface that invokes a significant vapor cavity and promotes laser 

absorptivity, which is also known as the keyhole mode. The incomplete collapse of the vapor 

cavity leaves voids in the wake in the laser beam, which will remain as a keyhole pore in the 

final part if trapped in the solidification front and not expelled by the melting of next tracks or 

layers [463]. The size of such pores depends on the melt pool dynamics, while the shape will 

be mostly spherical due to the hydrostatic pressure of the liquid metal acting on the pore and 

therefore the liquid surface tension acts inwardly toward inside the pore, leading to minimize 

the pore’s surface area, i.e., shrinking the pore’s overall size [507]. Finally, during the powder 

atomization process, entrapped gas might form inside the powder particles, leading to 

mesoscopic spherical gas pores in the AM parts [508]. Gas pores may also form due to the 

entrapment of shielding gas used in the AM fabrication as well as the alloying elements 

evaporation within the melt pool during AM fabrication [16]. 

While many researchers have employed numerical simulations to study the development 

of LoF and keyhole porosity for various other materials, there has been relatively little work 

performed for Ni-based superalloys [506]. Bayat et al. [509] studied the evolution of LoF pores 

in the multi-track/multi-layer processing of IN718 by L-PBF, as shown in Fig. 56, where the 

thermal field during scanning of the second layer at different times is shown on a cross-section 

parallel to the laser scanning direction. Note that, in this figure, there are some existing pores 

formed from the first layer deposition. At t = 320 µs (Fig. 56(a)), the laser just reaches the 

location of the cross-section, where significant vapor depression is observed owing to the recoil 

pressure caused by the alloying elements evaporation. As time progresses, the laser eventually 

reaches the plane again while scanning the second track (t = 890 µs, Fig. 56(c)). At this point, 

the recoil pressure creates a significantly deep melt pool, resulting in eradication of some of 

the pores developed during previous layer. At t = 1160 µs (Fig. 56(d)), as this molten pool 

continues to solidify, a new pore is formed near the top right side of the track, while a 

previously formed pore begins to shrink. During the scanning of the 3rd and 4th tracks, a series 

of pores are also formed due to the inert gas being trapped below the melt pool. That is because 

the depression zones formed during the 2nd layer are not sufficiently wide/deep to eradicate 

pores formed during the previous layers. These pores, also known as interlayer pores, are likely 

to form when the melt width is partially smaller than the hatch spacing, causing them to align 

vertically, as shown in Fig. 56(g-i). The lack of sufficient overlap between the adjacent tracks 

and layers, is one of the primary mechanisms by which the LoF pores are formed in both the 

L-PBF and E-PBF processes. Thus, the results from this model suggest that modification of the 
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process parameters such as laser power, scan speed, or hatch spacing would help mitigate the 

formation of LoF pores. 

 
Fig. 56. Evolution of lack-of-fusion pores during scanning of the second layer of IN718 by L-PBF [509]. The 

thermal field and melt pool dynamics are depicted at different times on a cross-section parallel to the laser scanning 

direction. (a) 320 µs, (b) 540 µs, (c) 890 µs, (d) 1160 µs, (e) 1440 µs, (f) 1540 µs, (g) 1960 µs, (h) 2050 µs, (i) 

2110 µs. 

 

6.4. Residual stress modeling 

During the AM fabrication process, the residual stress is induced due to either (1) 

differential heating of large thermal gradients forming solids or (2) differential cooling. 

Previous work [510] using an unheated construction chamber to experimentally quantify 

residual stress in the L-PBF process has shown that residual stress is compressive near the center 

of parts and tensile at the edges. In addition, measurements of parts attached to the building 

plate showed concentration of residual stress near the interface of the substrate [511]. Residual 

stress of 50-80% of the yield stress was shown by laser free-formed material [512], whereas E-

PBF material shows only 5-10% of UTS [513]. Laser melting has noted substrate warping, or 

deformation during the AM process, and its physical relationship to residual stress [514]. 
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Prabhakar et al. [515] developed a thermo-mechanical model for predicting the substrate 

deformation during E-PBF of IN718. 

Cheng et al. [516] studied the effect of scanning strategy in the L-PBF of IN718 on the 

stress and deformation distribution using a sequentially coupled thermomechanical FE model. 

Some limitations and assumptions in these thermomechanical models include: (1) Assuming 

increase in the melt pool conductivity [517] to account for the convection of liquid in the melt 

pool and (2) Neglecting powder layer volume shrinkage due to solidification. 

Pant, et al. [518] developed a thermomechanical FE model to predict the 2D residual stress 

distributions (see Fig. 57) and compared the predicted residual stress with Neutron Diffraction 

measurements for the L-PBF IN718. Slightly lower than the experimentally determined values 

are the expected stresses near the surfaces attached to the base plate is attributed to the 

assumptions for the material behavior and uncertainty in material properties used for the 

simulations. The lack of material properties of the as-build alloy means that the material 

properties for aged wrought IN718 are used in the simulations [515]. Additionally, anisotropy 

in material behavior has been reported in experimental study [519], but in the FE simulations 

usually isotropic material behavior is assumed. 

 

Fig. 57. Comparison of stress distribution measured by Neutron Diffraction experiments with FE simulations for 

L-PBF IN718. Reproduced from [518]. 

A promising method for ensuring manufacturability and improving component quality [520] 

is the quick and accurate simulation of residual stress/distortion in AM processed parts. Given 

the limited computational speed, the primary focus of early simulation efforts for L-PBF was 

on millimeter-order or even smaller-scale models such as single track [521]. In terms of time 
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steps, thermomechanical analysis for prediction of part-scale distortion and residual stress 

requires time steps in orders of millions. Simulation of the L-PBF method involves 

prohibitively large numbers of elements and high computing costs to account for the 

ridiculously small laser spot size and thin layer thickness. Numerous techniques have been 

proposed to increase the computational efficiency of the AM process simulation. These include 

layer scaling (simultaneously modeling several layers grouped together) to reduce element 

number and computation cost [522], applying uniform thermal load [523], stress [524], or 

temperature field [525] from detailed micro-scale analysis and pass the results to macroscale 

analysis with scaled up layers for distortion and stress prediction. A highly efficient technique 

to simulate residual stress/distortion at part-scale is the inherent strain method. The inherent 

strain method was first proposed by Ueda [526] and has been widely used to calculate 

distortions and residual stress during welding [43]. 

A detailed thermomechanical simulation for AM processes is computationally expensive. 

So, a detailed micro-scale thermomechanical model is integrated with multiscale process 

modeling approach to predict part-scale distortion. A micro-scale detailed process model is 

employed to extract inherent strains based on the modified inherent strain model. Residual 

distortion and stress prediction at the part scale is performed using the inherent strains extracted 

in the layer wise inherent strain method. 

A quasi-static mechanical analysis is conducted in sequential thermal load steps using the 

temperature history obtained to solve the mechanical response. Chen et al. [527] postulates that 

when the laser passes the point of interest in the bottom layer, the compressive plastic and 

elastic strain become tensile due to the rapid heating. The remelting on a previously deposited 

layer due to deposition of a new layer partially relieves the accumulated residual stress and 

strains. The highly localized heat input in the immediate vicinity of the melt pool results in a 

steep temperature gradient, which in turn causes non-uniform thermal expansion. The 

underlying solidified metal constrains thermal expansion and thus induces compressive strain 

and stress. Since both the yield strength and elastic modulus decrease drastically at high 

temperatures, compressive plastic strains are readily accumulated by this heating process. As 

the deposition cools down further, the underlying solidified metal prevents thermal contraction, 

and the material can develop tensile strain and stress. Due to the subsequent layer depositions, 

the thermal expansion and contraction cycle repeats and relieves the accumulated plastic and 

elastic strains. 

The original theory of inherent strain implies that elastic strain is relaxed because when 

cooling to the ambient temperature, the welded parts are not fixed, and therefore the plastic 

strain produced in the welding process is directly applied as the initial strain in the system. The 

physical process of L-PBF, however, is very distinct from the problem of welding. With melting 

and solidification, mechanical limitations begin to arise, and when the component cools to 

ambient temperature, elastic strain cannot be completely released. The modified inherent strain 
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model [528] is therefore formulated to extract the inherent strain anisotropic values for AM 

part distortion and stress prediction. The modified inherent strain is defined as the difference 

between the intermediate-state total mechanical strain and the steady-state elastic strain Chen 

et al., [527] performed part-scale distortion and residual stress simulation based on the inherent 

strain method on a double cantilever beam manufactured by the L-PBF of IN718. The inherent 

strains derived from the micro-scale model are added in three natural directions to the model 

as constant coefficients of thermal expansion (CTEs). To form one numerical layer, ten actual 

physical layers are grouped together and enabled along the build direction in layer-by-layer 

fashion. A uniform unit temperature increase is added to the newly active components when 

the grouped layer is activated to add the underlying strains and a quasi-static analysis of 

equilibrium at room temperature is performed. For deposition of each layer, this simulation 

process repeats itself. The distortion profiles after cutting of the supports obtained from 

simulation and experiment are compared in Fig. 58. The simulation result and experimental 

measurement have highly similar distortion profile and magnitude. 

 

Fig. 58. Comparison of distortion field for the double cantilever beam after cutting off the supports: (A) 

experimental measurement, (B) inherent strain simulation, and (C) distortion profile along center line of the top 

surface [527]. 

 

To further clarify the development of residual stress in fusion-based AM components, 

some researchers use finite element method (FEM) to help predicting the residual stress and 

the distortion [235]. In the FEM, the complex component is discretized into finite number of 
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elements. Transient thermal analysis and elasto-plastic mechanical analysis are performed in 

each element, then the individual results are assembled into an overall analysis [529]. FEM 

could give the relationship of temperature and residual stress distribution in AM components. 

FEM also gives a quick view to predict the influence of different parameter. Such example of 

FEM analysis is the work of Mukherjee et al. [242], they used the computer simulation and 

found that high energy density (high energy source or low scanning speed) could increase the 

distortion inside the AM components. At the same time, the work of Wen et al. [530] with FEM 

also pointed out that high energy input causes a higher peak temperature and larger residual 

stress to Nickel-based superalloy, their simulation demonstrated that the variation of residual 

stress is 50 MPa or more by changing the scanning speed (900 mm/s to 1300 mm/s) and laser 

power (250 W to 150 W). Though FEM is a powerful tool for residual stress predication, it is 

important to do the practical experiment and use the result to improve the FEM model [531]. 

An example of FEM analysis couples with experiment result about Inconel 718 alloy is 

illustrated in Fig. 59. 

 

Fig. 59. An example of FEM prediction and practical experiment with E-PBF Inconel 718 alloy [532]. 

 

6.5. Mechanical properties modeling 

The mechanical behavior of Nickel-based superalloys is governed by the several 

precipitates and carbides within the γ-grain matrix. The relation between the meso-, 

microstructures and mechanical behavior of Nickel-based superalloys has been studied using 

microstructure-based constitutive models. Many of these models have used polycrystalline 

plasticity schemes or crystal plasticity modeling for the AM Nickel-based superalloys, such as 

finite elements and self-consistent elements [533]. Common practice is to use the elasto-plastic 

self-consistent (EPSC) mean-field homogenization formulation. A polycrystal is assumed as a 

collection of single crystals, with each crystal having a specific orientation, a volume fraction, 

and an ellipsoidal shape. Each ellipsoidal representative grain orientation is treated in the 

homogeneous equivalent medium (HEM) as an elastoplastic inclusion which would have the 

polycrystal's average properties. The deformation of the polycrystal is related to the 

deformation of the grain using a self-consistent scheme. Ghorbanpour et al. [533] recently 

developed a temperature dependent mean-field EPSC model for L-PBF IN718, to account for 
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the effects of precipitates. The model predicts the mechanical behavior such as tensile, 

compression and cyclic deformation of L-PBF IN718 from room temperature to 550°C by 

integrating dislocation density-based hardening to the crystal plasticity model. The size of the 

precipitates is modeled implicitly by including anti-phase boundary (APB) formation for the 

precipitates and the slip resistance, along with Non-Schmid activation stresses and latent 

hardening. The EPSC model describes a polycrystal as a set of grains with a distinct volume 

fraction and crystallographic orientation. Each grain in a homogeneous medium is modelled as 

an elasto-plastic ellipsoid inclusion. The polycrystalline aggregate's constitutive response is 

assumed to follow a linear relation. 

The importance of implementation of Non-Schmid effect in the mechanical performance 

modeling of AM Nickel-based superalloys, i.e., mean-field EPSC model, is because of two 

main reasons: (1) γ’/γ”-precipitation hardened Nickel-based superalloys such as IN718 exhibit 

pronounced tension-compression asymmetry, i.e., they show higher tension yield stress in 

[001] crystallographic direction (i.e., {111} <001> glide systems) while higher compression 

yield stress in [011] crystallographic direction ({111} <011> glide systems) [534]; and (2) the 

AM processing affects the grain structure orientation, i.e., anisotropy, of the Nickel-based 

superalloys, which has been discussed earlier, with predominant [001] or [110] texture with 

respect to the build direction. This is because according to the Non-Schmid law, dislocation 

glide results not only from the resolved shear stress along the direction of slip (Schmid law) 

but also from shear stresses resolved along directions orthogonal to the slip direction as well 

as the three normal stress components [535]. 

The IN718 alloy has a relatively complex microstructure, with many precipitates and 

carbides within Ni-austenite γ-grain matrix. These precipitates regulate the alloy's mechanical 

behavior, and the AM processing can influence their volumetric fraction and distribution. In 

the γ-grain matrix, the plastic deformation occurs in the octahedral {111} <1-10> slip systems. 

Additionally, at high temperatures, plastic deformation also occurs in the six cubic {111} 

<110> glide systems [533]. The strengthening γ’-/γ”-precipitates are shearable by dislocations 

at the anti-phase boundary (APB). An understanding of the APB energy values is important to 

understand the contribution of precipitate strengthening. 

Ghorbanpour et al., [533] calculated the APB energy values for γ′-/γ′′-precipitates and used 

in the EPSC constitutive relations. Temperature affects the initial slip resistance, and this 

dependence is established by measuring the material behavior at elevated temperatures. In 

summary, the model establishes the temperature-dependent initial slip resistance by fitting the 

mechanical data and not calculating the temperature-dependent APB energy and the shear 

modulus. As a result, slip resistance varies with temperature, strain and strain rate on individual 

slip systems [536]. The comparison between simulated and measured mechanical properties of 

L-PBF IN718 at different temperatures are provided in Fig. 60. The yield stress, flow stress, 
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and hardening rate are well agreed upon by the model at various temperatures, with the 

experimental measurements. 

 

Fig. 60. Comparison of the true stress–true strain responses obtained by experiments and simulation for L-PBF 

IN718 at different build directions and temperatures [537]. 

 

7. Challenges and approaches 

7.1. Alloy design 

Although limited research has been focused on alloy design specific for AM processed 

Nickel-based superalloys due to the large time and cost investment associated with the 

traditional design procedure, several approaches have been conducted that highlight the 

compositional effects on microstructure and processability. With the combination of several 

modern research tools, including first principles calculations, CALPHAD based simulations, 

combinatorial alloy synthesis, and non-destructive characterization techniques, complex alloy 

compositions that are favorable for AM and also possess favorable mechanical and 

environmental properties can be developed. 

 

7.1.1. Alloy compatibility 

As aforementioned, development of residual strains and cracking during the AM 

fabrication process is closely associated with the growth of dendrites and secondary phases, so 
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the material chemistry influenced by the alloy composition would dominate the processability 

of Nickel-based superalloys by fusion-based AM. The processability of Nickel-based 

superalloys can be classified based on their characteristic response to high energy density 

welding. In general, alloys that possess an increased fraction of precipitate-forming elements, 

such as Al or Ti, generally exhibit poor weldability due to their high susceptibility for hot 

tearing and cracking during solidification [33]. Since the underlying mechanisms occurring 

during fusion-based additive manufacturing techniques are similar to those of casting and 

welding processes, the processability of the AM processed parts can also strongly be correlated 

to the weldability of superalloys. In recent years, numerous studies suggested that defect 

formation is unavoidable when processing various commercial, non-weldable superalloys by 

fusion-based techniques including CM247LC [64], IN939 [221], IN738LC [65], CMSX-4 [66], 

Mar M-247 [67], Rene 104 [68], and Rene 142 [69], and cracking induced by different 

mechanisms can be observed simultaneously during the fusion-based AM process [538]. 

Nickel-based superalloys containing high concentrations of precipitate forming solutes such as 

Nb, Mo, and Hf and grain boundary elements such as C, B, and Zr tend to be non-weldable as 

the extreme temperature gradients encountered in all high energy density processes can induce 

solidification cracking, hot tearing, liquation cracking, ductility-dip cracking (DDC), and strain 

aging cracking (SAC) as the weld solidifies. As reported by Dye et al. [539], solidification 

cracking occurs when the volume fraction of solid is in the range of 0.7-0.9. Within this range, 

the movement of remaining liquid in the weld is hindered by growing dendrites. The 

insufficient filling of liquid results in void formation that yields additional opportunity for crack 

initiation as dendrite shrinkages with decreasing temperature. Hence, this phenomenon is more 

pronounced in non-weldable superalloys as severe segregation between dendritic and inter-

dendritic regions could broaden the solidification range and aggravate the susceptibility to 

crack formation. 

Solidification cracking is the main cracking type for solution strengthening Nickel-based 

superalloys such as Hastelloy X [214,540] and IN625 [541,542] during fusion-based AM 

process. The solid solution strengthened alloys have Hf, Nb, Mo, and C alloying elements, 

which form carbide or Laves phase with low eutectic point and increase the solidification 

temperature range [543]. On the other hand, for the γ′ strengthened superalloys, the 

solidification cracking is associated with impurity or trace elements such as B [101] and Zr 

[115]. Although the addition of B and Zr elements improves the creep and stress-rupture 

resistance by stabilizing the grain boundaries, it was reported that these elements segregated to 

the inter-dendrite region or grain boundary and decreased the solidus temperature, which lead 

to the solidification cracking during AM process. 

Like the solidification cracking, liquation cracking occurs when high solute content 

superalloys are heated rapidly to high temperature. According to Henderson et al. [225] and 

Attallah et al. [544], some secondary phases with low melting point on grain boundaries cannot 
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dissolve instantly into solid solution due to the rapidly heating rate; instead, they melt directly 

and form a liquid film along the grain boundaries that act as crack initiation sites as it cannot 

accommodate the stresses induced by thermal contraction. Moreover, for non-weldable Nickel-

based superalloys, the increased driving force to form γ’ precipitates leads to the formation of 

eutectic γ-γ′ pools along the grain boundaries during solidification [545]. This eutectic structure 

may liquefy if present within the heat affected zone (HAZ) when subjected the heat source, and 

thereby result in crack propagation along the grain boundaries. 

In fusion-based techniques, the rapid cooling rate may potentially inhibit the formation of 

γ-γ′ eutectic, but the minor elements such as B, Zr, and Si still possess a high tendency to 

segregate to grain boundaries. The high concentration of these low-melting temperature solutes 

dramatically lowers the solidus temperature along the grain boundary regime. Consequently, 

liquation cracking occurs when successive layers solidify. Engeli et al. [65] suggested that the 

feedstock with high Si content possessed a higher tendency to form cracks. Cloots et al. [115] 

used atom probe tomography (APT) to conclusively identify that segregation of Zr occurs along 

grain boundaries in as-built IN738LC processed by L-PBF (see Fig. 61). Similar observations 

were demonstrated by Chauvet et al. [101] where MB and M2B type borides were found in the 

periphery of cracked grain boundary. This finding is also responsible for crack formation 

reported by Cloots et al. [115], Ruttert et al. [546], and Peng et al. [547]. Due to the 

characteristic columnar grain structure induced by extremely high cooling condition, residual 

strains are found to accumulate along these continuous grain boundaries leading to rapid crack 

propagation. In most of the cases, the cracking of fusion-based AM Ni-superalloy can clearly 

be observed along the grain boundaries [548]. 

 

 
Fig. 61. Isoconcentration surfaces detected and reconstructed by APT and IVAS software. Green dots indicate the 

Ni atoms while Zr atoms are shown in red color [115]. 
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In addition to the solidification crack and liquation crack, solid-state cracks including DDC 

and SAC can commonly be found in γ′ strengthening Nickel-based superalloy with high Al and 

Ti content [548]. Since the borides and carbides were generally found to precipitate along either 

grain boundaries or cellular boundaries in HAZ during the AM processing, the carbide and 

boride interfaces are not with the surrounding matrix. Consequently, the residual stresses will 

lead to the void coalescence along the periphery of these precipitates. Simultaneously, the 

formation of Hf/W/Ti/Ta-rich precipitates and γ-γ′ eutectic in HAZ will further facilitate SAC 

and DDC during the processing. The inability of dislocations to glide or climb increases the 

susceptibility of the alloy for cracking during additive manufacturing [68]. 

 

7.1.2. Processability 

Sreeramagiri et al. [549] designed a new Nickel-based superalloys “WSU 150” that is 

capable of being processed by laser metal deposition. In this study, an in-situ technique was 

utilized by applying powders with high and low content of γ’-forming elements in two powder 

hoppers so that alloys with different compositions can be built up. The fabricated samples 

possessed superior tensile properties when compared to Rene 88DT and Haynes 282. A similar 

method was utilized by Zhou et al. [550]. Since the hot tearing susceptibility is generally 

proportional to the difference between the liquidus temperature and the eutectic composition 

melting temperature, and strain-age cracking (SAC) is controlled by the misfit between γ 

matrix and γ’ precipitates, the alloy composition could be selected that is compatible with the 

AM process. Tang et al. [221] proposed several criteria considering weldability, γ’ volume 

fraction, Scheil freezing range, strain-age cracking merit index, and creep resistance, as shown 

in Fig. 62. 



121 

 

 

Fig. 62. Computational alloy design spaces used for AM processed Nickel-based superalloy; the corresponding 

properties of commercial superalloys are also plotted for comparison. In particular, (a) depicts the modified 

weldability diagram for commercial superalloys; (b) and (c) show the correlation between strain-age cracking 

merit index and γ′ fraction and temperature for creep life of 1000 h with applied stress of 137 MPa, respectively; 

(d) and (e) presents the magnitude of freezing range in relation to γ′ fraction and temperature for creep life of 1000 

h with applied stress of 137 MPa, respectively; (f) shows the correlation between strain-age cracking merit index 

and freezing range. Note that the strain-age cracking and creep merit contours are indicated in each plot. The 

design spaces where crack-free superalloys with desirable creep capability are achieved are emphasized by blue 

color [221]. 
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Generally speaking, the need to restrict the solidification range and γ’/γ’’ volume fraction 

that impact the susceptibility to cracking by limiting the elements which promote precipitation 

hardening should be compromised with mechanical properties. A similar criterion was reported 

by Shukla et al. [551]. Both physics and experimental data were used to develop the property 

models that revealed the impact of volumetric change and total strain during solidification on 

microcrack formation. Other attempts in alloy design for the AM processed Nickel-based 

superalloys were through the minor adjustment of solute concentration [552]. According to 

Harrison et al. [14], the crack density of L-PBF Hastelloy X decreased by approximately 65 % 

with a slight increase of Mo and W. It was demonstrated that this slight modification of 

Hastelloy X enhanced the solid solution hardening to the flow stress. The strengthened matrix 

had more capability to impede the crack propagation and dislocation movement, and hence 

contributed to less susceptibility to stress-induced crack formation and higher tensile strength. 

These changes in alloy composition were found to affect the grain structure and phase 

constitution as well. Cloots et al. [553] demonstrated the effect of compositional change on the 

grain structure of two distinct Nickel-based superalloys, L-PBF IN738LC and Mar-M509, 

respectively, as shown in Fig. 63. It could be seen that L-PBF Mar-M509, which contains 

higher content of Co (~54.7 wt.%,), possessed finer and more isotropic grain structure when 

compared to that of L-PBF IN738LC with less Co content (~8.3 wt.%) in its composition. The 

underlying mechanism was ascribed to the reduction of total stacking fault energy (SFE) of the 

alloy resulting from the excessive Co additions in the L-PBF Mar-M509 alloy composition. 

Theoretically, materials with low SFE tend to recrystallize while materials with high SFE tend 

to recover quickly during plastic deformation at elevated temperatures. This is due to the impact 

of SFE on cross slip mechanisms. As a result, the re-heating process in HAZ only contributes 

to grain refinement in the L-PBF Mar-M509 whose SFE is lower [553]. Another study carried 

out by Tang et al. [554] showed that the low SFE associated with the high concentration of Co 

may inhibit the formation of η precipitates in AM processed Ni-Co base superalloy. With the 

merits from Co addition, a crack-resistant Co-Ni superalloy was successfully developed by 

Murray et al. [166] owing to its superior ductility and favorable solute partitioning combined 

with favorable γ’ solvus temperature. 
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Fig. 63. EBSD IPF Z maps showing the grain structures of L-PBF processed samples fabricated vertically, i.e., 

parallel with respect to the build direction in (a); and (b) and in transverse direction, i.e., perpendicular to build 

direction in (c); and (d). Note that (a) and (c) correspond to the microstructure of L-PBF IN738LC while (b) and 

(d) correspond to that of L-PBF Mar-M509. [553]. 

 

 Insufficient filling of liquid in dendritic region will lead to solidification cracking. 

Coniglio et al. [555] summarized the concept of rate of shrinkage (ROS) and the rate of feeding 

(ROF). Solidification cracking is likely to occur when the ROS value exceeds the ROF value. 

The ROF value increases with elevated effective feeding pressure while decreases with falling 

of melt pool temperature. The ROS value, on the other hand, is proportional to the cooling rate 

and amount of solidification shrinkage. In fusion-based techniques, the comparatively higher 

cooling rate ranged between 103-108 K/s imparts a higher ROS value and exacerbates the 

susceptibility to solidification cracking in non-weldable Nickel-based superalloys. 

Furthermore, cracks could easily propagate along the continuous grain boundaries as higher 

magnitudes of strain partition to each individual grain boundary which cannot be 

accommodated by the liquid film along the solidifying interface [555]. Chauvet et al. [101] 

further reported that minor precipitates like carbides and borides were more likely to grow 

along the high angle grain boundaries (HAGB) during processing. This finding was in 
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agreement with the higher cracking density in grain boundaries with misorientations larger than 

15o for non-weldable Nickel-based superalloy processed by E-PBF. The cumulative effects 

further confine the processing window of Nickel-based superalloys for fabricating the parts 

without bonding defects or cracks. 

Another feature in alloys processed by fusion-based AM process is high magnitude of 

residual strain. As aforementioned, the residual stains are generated as a result of differential 

thermal contraction between successive deposited layers, and the formation of the dendritic 

structure further magnifies the dislocation density due to the formation of geometrically 

necessary dislocations (GNDs) [240]. Namely, the material systems with high potency to 

segregate or precipitate such as superalloys possess a higher susceptibility for inducing 

significant dislocation densities and magnitudes of residual strains. Wang et al. [556] reported 

that high density of dislocations accumulated around the cellular structure in L-PBF processed 

CM247LC. Similar microstructures were reported for both non-weldable superalloys [180] and 

weldable superalloys [183] processed by L-PBF. It could be seen that the complex composition 

of Nickel-based superalloy increases the susceptibility of AM components to the cracking, 

which refer to their weldability, and the characteristics of fusion-based AM process further 

enhances the susceptibility to cracking by high level of thermal contraction and directional heat 

transfer those accounts for the elongated grain structure and texture. 

 

Inoculants - Another approach to increase the processability of the AM processed 

Nickel-based superalloys is to add minor amounts of particles as inoculants into the AM alloy 

powders mixture before fusion. As demonstrated by Hunt et al. [163] and Gaumman et al. 

[164], the thermal gradient correlates strongly with nuclei density and solid-liquid interface 

velocity. This correlation was further evidenced by Bermingham et al. [557] and Polonsky et 

al. [558] as the solute concentration largely enhanced the nucleation density, albeit also 

increasing the likelihood of solute trapping, leading to restricting the growth of columnar 

dendritic structure and hence result in more equiaxed structure. 

Inoculant particles have recently been reported to facilitate the formation of equiaxed 

grains and augment the tensile properties of AM processed aluminum alloys [56,559], stainless 

steels [560], and titanium alloys [557]. The inoculant particles could be any precipitates 

including oxides, borides, and carbides with high melting point and good coherency to the 

matrix. The potency of inoculants, i.e., the lower undercooling (ΔTN=4γ/(ΔSvd)) {ΔSv= entropy 

of fusion; d=inoculant diameter} required for nucleation on inoculants, could be estimated by 

the lower interfacial energy (γ). In other words, the lattice misfit of the interface directly 

determines the difficulty to trigger heterogeneous nucleation along a specific orientation on the 

inoculant particle. To predict this property, Bramfitt [561] defined the planar lattice misfit, 

which make low index surface of crystal nucleus coincide with low index surface of substrate. 

For the interface with lattice misfit within 12 %, the nucleating agent would be potent. One 
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example carried out by Xia et al. [562] has pointed out that TiB2 and CeO2 can successfully 

decrease the grain size of pure nickel whose lattice misfit was estimated to be 6.7 % and 8.4 %, 

respectively, based on the matching of low index planar interfaces.  

Other lattice matching methods with better accuracy such as edge-to-edge matching 

(E2EM) are usually employed as well. The E2EM model is based on the inverse proportionality 

between the atomic matching present at a two-phase interface, and the interfacial energy (γ) 

[563]. The mechanism that maximizes atomic matching between two phases can be extended 

to heterogeneous nucleation given the solid-solid interface of the nucleus and matrix. For 

example, Yang et al. [564] predicted the interfacial property between CrFeNb particles and 

IN718 using E2EM method. It was found that the CrFeNb particles were coherent to the 

interface of IN718 with a small mismatch when their close-packed planes and directions were 

aligned under certain correlations, showing that CrFeNb particles are highly potential to act as 

nucleation sites due to their high coherency to Nickel-based superalloys. 

Another factor that determines whether heterogeneous nucleation in solid-state would take 

place is the size of inoculant particles [565]. Recently, a comprehensive approach to predict the 

nucleation events on inoculants was conducted by Prasad et Al [566]. Simulations obtained 

using numerical solidification modeling program (μMatIC) clearly demonstrated that the 

activation of inoculants is correlated to both the required undercooling (ΔTN) as well as the 

processing conditions such as thermal gradient (G) and solidification rate (or solid-liquid 

interface velocity, V). In summary, at large cooling rate, i.e., higher solidification rate (V), the 

columnar growth was successfully suppressed with more nucleation events on inoculants with 

larger ΔTN, albeit the negative effect from large thermal gradient (G). The underlying 

mechanism is attributed to a reduced degree of solute trapping combined with solute diffusion 

and thermal undercooling generated by the “lag” in growth rate (V) of dendrite tips and 

theoretical diffusion rate of solute elements at the growing solid-liquid interface. Thus, instead 

of constitutional/compositional undercooling driven by solute diffusion, thermal undercooling 

becomes dominant and facilitates heterogeneous nucleation on inoculants with higher potency 

when high cooling rates are present. Prasad et al. [566].have further shown that their results are 

also consistent with the results of “Interdependence Model” that present a decreased size of 

nucleation free zone (NFZ) with increasing cooling rate. Thus, the selection of inoculants and 

the processing conditions is crucial to improve the inhomogeneous grain structure and 

anisotropy within AM processed Nickel-based superalloys. 

Another example of grain refiner inoculants is the CoAl2O4 particles that were commonly 

used to promote equiaxed-grained structure in the investment cast Nickel-based superalloys 

such as the MAR-247 [567], IN100 [567], and IN713C [568]. Interestingly, these particles did 

not directly act as the heterogenous nucleation sites for the melt during solidification; instead, 

a chemical reaction between the CoAl2O4 particles and elemental Cr, Ti, and Al in the liquid 

alloy leads to the formation of elemental Co or CoAl intermetallic phases that possess a high 
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coherency to the Ni-austenite γ-grain matrix [568]. Furthermore, as reported by Ho et al. [569], 

the Co and CoAl particles both possess higher melting temperatures than IN718; leading to the 

possibility that solid Co or CoAl particles are capable of surviving in the melt and aiding in the 

nucleation of equiaxed grains. They have reported [569] that the CoAl2O4 inoculants can 

facilitate formation of equiaxed grains in L-PBF IN718, leading to a more homogeneous grain 

structure that was evidenced by the elimination of elastic anisotropy. Moreover, these particles 

were also found to impede the movement of grain boundaries and dislocations. The 

comparatively finer grain structure strengthened by dispersed oxide particles yielded superior 

tensile strength and creep resistance in IN718 with addition of CoAl2O4. 

Composites - In addition, studies have shown the superior compressive strength and wear 

resistance in Nickel-based superalloys metal matrix composites (MMCs) fabricated by L-PBF 

process, such as graphene/IN718 [570], TiC/IN718 [571], TiC/Hastelloy X [572], WC/IN718 

[573], Y2O3/Ni-8Cr-5.5Al-1Ti [574], etc. Ho et al. [575] and Rong et al. [576] identified the 

nucleation and growth of new grains around the micron-sized WC/W2C eutectic particles 

within L-PBF IN718 attributed to the inter-diffusion layer that improved the wetting behavior 

of WC/W2C particles and therefore enhanced the coherency between these inoculants and the 

IN718 alloy melt, as illustrated in Fig. 64(a)-(b). Similar studies were conducted for IN718 

MMCs reinforced with NbC/TiC “flakes” [577]. It was found that finer grain structure and 

dendritic cells were obtained with 0.5 wt. % to 5 wt. % of TiC or NbC reinforcements that 

accounted for superior yield strength at room temperature and lower steady creep strain rate. 

Furthermore, Hong et al. [578] observed a coherent interfacial layer with the thickness of 0.8–

1.4 μm formed between TiC particles and the matrix in the IN718 MMCs fabricated by L-PBF 

process, which was identified as (Ti,Nb,Mo)C (see Fig. 64(b)-(c)). 

Another significant advancement on the columnar-to-equiaxed transition (CET) was 

achieved in the LP-DED IN625 [579] and Hastelloy X [580] using the micron-sized or 

submicron-sized TiB2 particles. Owing to their lattice misfit of 6.7 % and high melting 

temperature above 3000 °C, the TiB2 particles can survive the Nickel-based superalloys melt 

and facilitate the grain refinement leading to reduced grain aspect ratio and fine grain structure, 

ultimately. Furthermore, the improved texture and subsequent elimination of micro-cracks 

were also found to greatly improved the mechanical properties. According to Zhang et al. [167], 

the L-PBF Hastelloy X/TiB2 MMCs exhibited an increase in both tensile elongation and 

ultimate strength (UTS) by 1.16 % and 200 MPa, respectively. Similar results were observed 

in L-PBF Hastelloy X/TiC addition [572]. It is believed that the increase in the number density 

of grain boundaries and TiB2 help inhibit the crack propagation and hence reduce the cracking 

density. 
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Fig. 64. IN718-based metal matrix composite (MMC) fabricated by L-PBF process (a) schematic illustration of 

inter-diffusion between WC/W2C particles and IN718 matrix [576]; (b) corresponding SEM image for (a) obtained 

experimentally; (c) and (d) SEM micrographs showing the interfacial layer between TiC particle and IN718 matrix 

[578]. 

 

In summary, the use of inoculants could potentially influence microstructure evolution 

and hence improve the inhomogeneous grain structure as well as mechanical performance. 

However, the large addition such as 5 vol. % may still cause the ductility drop [581], and the 

interactions between inoculant particles and the melt pool can result in significant changes in 

melt pool physics. In the system of pure Ni/Al2O3 nanocomposites prepared by Ma et al. using 

laser manufacturing [582], the nano-oxides were found to reduce the thermal conductivity 

while increase the viscosity of the system, thus reducing the Marangoni convection and leading 

to deeper penetration of melt pool while inhibited heat-affected zone (see Fig. 65). Chang et al. 

[581], on the other hand, presented an opposite result showing that the depth of melt pool during 

L-PBF processing was decreased from 223.4 µm to 139.4 µm with 5 wt. % addition of micron-

sized NbC particles in IN718 metal matrix composite. Although not explicitly reported, it is 

believed that the un-melted particles might have rebounded to the surface leading to instability 

of the melt pool that is revealed by the formation of balling morphology with shallow 

penetration [583]. 

In addition, agglomeration may occur during the laser additive manufacturing due to the 

particle migration triggered by intense Marangoni convection and the difference in density 

between inoculant particles and matrix powders. This has been already confirmed by TiC 

reinforced Al matrix nanocomposites fabricated using L-PBF process [584]. Similar 
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observation was reported in IN718/CoAl2O4 processed by L-PBF [104]. The agglomerated 

particles larger than 100 μm were characterized even though the initial particle size of CoAl2O4 

was less than 10 μm; larger number of agglomerated particles were found when the applied 

energy densities increased from 31 J/mm3 to 55 J/mm3. The correspondence of agglomeration 

to energy densities was also reported in Ni-Cr-Al-Ti alloy with 0.5 wt. % of Y2O3 addition 

[574]. The strong affinity between Y2O3 and Al led to the formation of Y4Al2O9 slag that 

agglomerated afterwards attributed to the Marangoni convection, thus leading to a reduced 

density at similar processing conditions. Therefore, the selection of inoculant particles and the 

fraction of added inoculants still need proper investigation in order to optimize the final 

properties. 

 
Fig. 65. Schematic illustration showing the mechanisms for melt pool modification by nanoparticles during laser 

melting of Ni/Al2O3 nanocomposites based on the research conducted by Ma et al.  [582].  

 

7.2. Microstructure 

7.2.1. As-fabricated 

Inhomogeneous grain structure - The nature of fusion-based AM processes accounts for 

the inhomogeneous grain structure and predominant [001] or [110] texture with respect to the 

build direction. This anisotropic property directly induces negative effects on the mechanical 

behavior in many respects. Carter et al. [265] reported that L-PBF processed CM247LC 

revealed an extremely high density of cracks in fine-grained regimes attributed to high fraction 

of high angle grain boundaries (HAGB). Tucho et al. [585] found that L-PBF processed IN718 

exhibits approximately 13% difference in hardness along the build direction attributed to non-

uniform distribution of precipitates and inhomogeneous grain structure. This finding was in 

agreement with previous reports carried out by Tian et al. [174] in DED processed IN718 and 

Kirka et al. [586] in IN718 fabricated by E-PBF. Furthermore, the inhomogeneous 

microstructure also impacts the anisotropy of mechanical performance. Numerous studies have 

demonstrated that the horizontal samples (i.e., load direction is perpendicular to build direction) 

possessed a superior tensile strength and elastic modulus along the transverse direction (i.e., 

perpendicular to build direction) as compared with those of vertical specimens (i.e., load 

direction is parallel to the build direction) for AM Ni-base superalloys including IN718 [587], 
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CM247LC [588], and IN738LC [553] at room temperature. Cloots et al. [553] suggested that 

the tensile load direction corresponding to the building direction contributes to the least elastic 

modulus due to preferred [001] orientation; the higher fraction of grain boundary area in the 

transverse section yields superior tensile strength owing to the Hall-Petch effect. Similar 

findings were proposed by Trosch et al. [170] where the coupling of columnar grain growth 

and layered structure contributed to the variation of tensile strength and ductility. In addition 

to grain structure, the crystallographic texture plays an important role on tensile properties. As 

demonstrated by Ni et al. [492], samples that possess predominant [001] texture in the vertical 

section will lead to a higher value of Schmid factor when an axial load along the building 

direction is applied. Similar results were reported by Yu et al. [589] that Hastelloy X processed 

by L-PBF presented a lower yield strength at both room and elevated temperatures attributed 

to predominant [110] texture that is can be activated easily in fcc crystal structure. Sun et al. 

[308] further elucidated the influence of crystallographic texture through the tensile testing for 

E-PBF processed IN718. It was found that the yield strength of as-built IN718 was observed 

to possess the maximum value as the deviation between the loading axis and build direction 

approached 55° that exhibited the smallest Schmid factor. Similar correlation was reported by 

Chlebus et al. [590] in L-PBF processed IN718. The anisotropic tensile properties still persist, 

albeit slightly reduced upon heat treatment. This is because the subsequent heat treatment does 

not eliminate the existing crystallographic orientation of the grains nor the distribution of 

carbide phases [587]. Furthermore, the anisotropic behaviors are not limited to the tensile 

properties. Seifi et al. [406] proposed that the L-PBF processed IN718 revealed the superior 

fatigue threshold along the transverse direction attributed to the more equiaxed-grained 

structure. Kuo et al. [443] reported that IN718 fabricated by L-PBF exhibited anisotropy creep 

rupture life as δ precipitates closely aligned with grain boundaries would provide the initiation 

sites of crack during the creep test. Simultaneously, it was found that the columnar-grained 

structure reduced the creep strain rate along the transverse direction as diffusion is more 

pronounced along the grain boundaries. The creep tests performed by S. Sanchez et al. [425] 

have shown that the vertical specimens of L-PBF IN718 had a 144% and 70% longer creep life 

than the horizontal specimens and 45°specimens after the AMS 5662 standard heat treatment. 

Similar results were proposed by Kirka et al. [591] showing superior creep rupture life along 

the build direction. A larger fraction of grain boundary area along the transverse direction 

promoted intergranular fracture resulting in decreased creep rupture life. 

 

Stress-induced phase transformation - The characteristically high residual stress induced 

by AM process not only facilitate crack propagation but also can induce microstructural 

changes in the built parts. It has been found that the coupling of residual stress and micro-

segregation may lead to unexpected phase transformations upon heat treatment. This 

phenomenon was commonly reported in Nickel-based superalloys strengthened by γ’’ 
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precipitates such as IN718, IN625, and IN718 Plus. Zhang et al. [503] estimated the incubation 

time for δ formation in L-PBF processed IN625 is less than 5 min, which is two orders of 

magnitude lower when compared to wrought IN625, through the in-situ XRD measurements. 

Another finding demonstrated by Li et al. [592] revealed that more pronounced phase 

transformation of γ/γ’’ → δ in IN718 took place in inter-dendritic region where higher 

concentration of Nb was identified (see Fig. 66a-b). Idell et al. [593] used Thermo-Calc 

simulations to estimate the niobium isopleth for IN718 Plus and found that the δ formation 

only occurred when Nb concentration was greater than a certain value at designated 

temperature. The underlying mechanism by which δ phase formed earlier in these studies can 

be ascribed to the same mechanisms of δ phase formation in conventional wrought IN718. 

Generally speaking, the growth of γ’’ precipitates would occur prior to that of δ phase during 

heat treatment as the growth of δ phase increases the overall interfacial energy due to the 

incoherent interface between δ phase and γ matrix [594]. Nonetheless, the micro-segregation 

of Nb to the inter-dendritic regions induce the growth of δ phase, and the residual strains 

contribute to triggering the nucleation of δ phase. As a result, the metastable γ’’ phase does not 

form as the δ phase forms directly with its long axes aligned with {111}γ[11̅0]γ [595]. This 

conversion reaction was also confirmed by Probstle et al. [185], Strobner et al. [596], Trosch 

et al. [170], and Mostafa et al. [157] in AM processed IN718, as well as Dinda et al. [125] and 

Lass et al. [597] in AM processed IN625. 

The unexpected phase changes significantly undermine some mechanical properties of 

AM processed parts, even though no crack is found in microstructure. Trosch et al. [170] 

reported that the L-PBF processed IN718 underwent a ductility drop at temperature above 450 

°C, and this is partly due to the higher fraction of δ-phase distribution within the inter-dendritic 

region. Kuo et al. [183] further reported that the needle shape δ phase with incoherent interfaces 

with the IN718 matrix contributed to inferior creep rupture life in both L-PBF and E-PBF 

processed specimens when compared to those fabricated by conventional cast and wrought 

processed following the final-heat treatment. This behavior was in a good agreement with 

microstructure of ruptured samples that revealed a continuous δ phase inducing coalesce of 

voids in order to release excess strain energy (see Fig. 66c) [443]. Therefore, managing the 

sequence of phase transformations becomes another limitation when fabricating Nickel-based 

superalloys. 

 

Fig. 66. SEM images showing the needle-like δ precipitates distributed in inter-dendritic region upon heat 
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treatment under (a) lower and (b) higher magnifications [592]. (c) TEM microstructure of an STA specimen after 

creep test showing crack and needle-like δ precipitate [443]. Samples were manufactured by L-PBF IN718 alloy. 

 

7.2.2. Heat treatments 

 In addition to optimization of processing parameters, the optimization for heat treatments 

could also partially improve the performance of AM processed Nickel-based superalloys. A 

more homogeneous microstructure can be achieved when proper heat treatments are applied, 

which in turn can improve the anisotropic properties including tensile strengths and elastic 

modulus [587]. An appropriate heat treatment could also inhibit the unexpected phase 

transformation induced by micro-segregation and residual strains. Probstle et al. [185] and Li 

et al. [592] demonstrated how various heat treatments influence the phase constitution in the 

L-PBF IN718, as shown in Fig. 67 [592]. Since the solvus temperature of δ phase is 

approximately 1010 °C [598] in IN718, the heat treatment above 1010 °C dissolved the δ phase 

and homogenized the micro-segregation. As a result, Nb atoms were released as solid solution 

atoms into Ni-austenite γ-grain matrix, which in turn provided a higher driving force for γ’’ 

precipitation. When the heat treatment is performed at temperatures below 1010 °C, on the 

other hand, this promotes the direct formation of δ phase in the Nb-rich regions of the 

microstructure at the expense of γ’’ precipitates. The control of δ phase significantly impacts 

the creep properties of γ’’-strengthening Nickel-based superalloys. Probstle et al. [185] 

suggested that the minimum creep strain rate decreased with decreasing fraction of δ phase in 

L-PBF IN718 upon solution-heat treatment and aging as the growth of δ phase occurs at the 

expense of the γ’’ phase. Brenne et al. [331] adopted a similar heat treatment condition that led 

to a consistent conclusion. In addition to the creep strain rate, the creep rupture life could be 

also influenced by δ phase that induces stress concentration. Kuo et al. [443] reported that the 

creep rupture life of L-PBF IN718 can be improved by eliminating the heat treatment at 980 

°C where the highest precipitation rate of the δ phase occurs. Nonetheless, the mechanical 

properties of AM Nickel-based superalloys may still differ when compared with those of 

wrought alloys as the distribution of δ phase or carbides within these two materials will vary.  

The distribution of these phases within the respective microstructures cannot be altered 

significantly during the heat treatment and these phases can impede the movement of grain 

boundaries, leading to retained texture and inhomogeneous grain structure. Even though 

supersolvus heat treatments are applied, the lack of the precipitates that stabilize the grain 

boundary may undermine the creep resistance at elevated temperatures [599]. Therefore, the 

optimization of processing parameters and modification of alloys are still required for better 

performance. 
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Fig. 67. SEM micrographs showing the microstructures of L-PBF IN718 subjected to solution heat annealed at 

1065 °C in (a)-(b) and 980 °C in (c)-(d), respectively, followed by aging [592]. 

 

Although one of the primary purposes of heat treatments, including hot isostatic pressing 

(HIP) and other heat-treatments, is to consolidate the part and eliminate undesirable 

microstructures that are present through the building process. It should be noted that, however, 

other defects may appear that undermine the performance of the parts. Zhao et al. [600] 

explained the presence of long grain boundary cracks surrounded by carbide precipitates cannot 

be eliminated due to the severe segregation of carbon to grain boundaries. Peng et al. [547] 

also identified the reappearance of cracks in HIPed DZ125 Nickel-based superalloy during the 

heat treatment as revealed by the increasing crack ratio shown in Table 5. The cracked region 

exhibiting features of a residual liquid film, implies that heat treatments cannot eliminate all of 

the cracks induced by E-PBF [547]. Under the considerations of grain morphology, on the other 

hand, the supersolvus heat-treatment can promote the formation of homogeneous grain 

structure and remove the texture. As a trade-off, however, the excess grain growth may lead to 

reduced ductility and yield strength simultaneously [601]. 

 

 

Table 5. Summary of the spacing, average size, and volume fraction of γ’ precipitates as well as the crack ratio for 

E-PBF processed DZ125 upon fabrication, HIP, and solution and aging heat-treatment (STA). Note that CCG and 

FCG stand for the comparatively coarser and finer grain size in as-built samples [547]. 

Sample ID Condition γ channel 

width (μm) 

Average γ’ size (μm) γ’ (vol %) Crack ratio (%) 

CCG E-PBF 0.06±0.02 0.31±0.04 (core) 64 2.6 
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0.06±0.02 (boundary) 

E-PBF +HIP 0.19±0.06 1.31±0.08 67 1.29 

E-PBF 

+HIP+STA 

0.06±0.01 0.64±0.05 76 5.69 

FCG E-PBF 0.05±0.02 0.33±0.06 (core) 

0.47±0.09 (boundary) 

70 2.72 

E-PBF +HIP 0.20±0.08 1.26±0.09 64 1.03 

E-PBF 

+HIP+STA 

0.07±0.02 0.69±0.07 75 4.93 

Cast  

DZ125 

As-cast 0.09±0.04 0.61±0.07 66 N/A 

Cast+STA 0.05±0.01 0.54±0.03 77 N/A 

 

7.3. Approaches 

As discussed earlier, the grain structure of AM processed Nickel-based superalloys is 

largely dependent on the thermal history experienced during the AM fabrication processes such 

as thermal gradient [602], cooling rate [603], and melt pool morphology [604], all of which 

subsequently control the direction of epitaxial grain growth. It has been a well-established fact 

that the thermal history experienced during the AM fabrication is a complex function of 

interactive variables including all processing parameters. 

 

7.3.1. Anisotropy 

In addition, the melt pool morphology that may change with different applied scan 

parameters could influence the grain structure. According to the welding theories [605], the 

solidification rate (V) with respect to the melt pool boundary can be approximated by the 

curvature of the melt pool. In particular, the deeper melt pool penetration enables the 

solidification along with the scan direction and therefore maximizes the solidification rate. This 

correlation was also observed in other studies on scan parameter optimization for AM 

processed Nickel-based superalloys [165,278,547]. 

It should be noted that, however, the above discussion was generally based on the steady-

state columnar-to-equiaxed transition (CET) model that assumes a constant solidification 

direction ahead of the solidification front. Thereby, the actual solidification occurring during 

the E-PBF process that can be affected by overlapping of subsequent layers or tracks, may not 

be considered in the model. This argument can be validated by the solidification map simulated 

by analytical transient modeling (ATM) and corresponding EBSD observations for three 

distinct scanning conditions used in E-PBF processed Alloy 713ELC, a non-weldable Nickel-

based superalloy, which is shown in Fig. 68 [606]. Although the majority of solidification 

profile for E0 fabrication conditions was located in the columnar regime due to the moderately 

increased thermal gradient (G) caused by reduced energy density (see Fig. 68(a)), each melt 

layer was found to be highly overlapped by 2∼3 adjacent tracks along an opposite direction 

leading to less pronounced directionality of G that impeded the epitaxial growth owing to non-

steady state CET (see Fig. 68(b)). The spacious variations in G incorporated with moderately 
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high solidification rate (V) thereby accounted for the equiaxed grain structure with more 

dispersed texture in samples processed by E0 (see Fig. 68(c)). The study affirmed the 

importance of modification of melt pool geometries via not only the process parameters but 

also the hatching geometries. 

 
Fig. 68. (a) Solidification map simulated by application of analytical transient mode (ATM) for three distinct 

scanning conditions used in EBM processed non-weldable superalloy Alloy 713ELC. The arrow plot showing the 

spatial variations of thermal gradient (G) vectors for each scan condition are shown in (b). The scan parameters 

C1, C2, and E0 are provided in the table below where I, V, FO, LO, and γb denote current, scan speed, focus offset, 

line offset, and nominal beam radius, respectively. The layer thickness and preheating temperature were controlled 

under 100 µm and 1000 °C, respectively. The EBSD maps and corresponding pole figures for samples processed 

by C1, C2, and E0 are provided in (b) [606]. 

 

Since the higher energy density normally produces melt pools with a higher depth/width 

ratio, this would further facilitate the equiaxed grain structure[165]. As shown in Fig. 69, the 

grain structure in the E-PBF DZ125 alloy [547] has changed gradually from columnar to 

equiaxed with increasing energy density [547]. Furthermore, it has been found that the scan 

strategy may affect the crystallographic texture in Nickel-based superalloys. Geiger et al. [607] 
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have showed that the rotation of the scan pattern reduced the crystallographic texture within L-

PBF IN738LC because it enhanced the randomness of melt pool morphologies . Liu et al. [608] 

also reported that the change of scan direction interrupted the growth of columnar grains along 

the build direction between successive layers and hence led to a more equiaxed grain structure. 

Plotkowski et al. [609] have reported that the scan strategy with a short dwell time favored 

columnar grain growth while that with a longer dwell time favored equiaxed growth due to the 

significant variation on thermal gradient. The subsequent change in crystallographic texture 

due to different scan strategy was found to impact the mechanical performance after the heat 

treatment. Sanchez et al. [425] have reported different the creep rupture life from 320 h to 507 

h for the L-PBF IN718,  when processed using stripe scan strategy and meander scan strategy, 

respectively, because the larger laser overlapping zones in the former contributed to an increase 

in area fraction of δ precipitates by 0.19 % where equiaxed grains were observed. 

The control of the columnar-to-equiaxed-transition (CET) through processing parameters 

was also applied to fabricate directionally solidified (DS) Nickel-based superalloys or single 

crystal (SX) Nickel-based superalloys. Yang et al. [160] have reported a fully columnar grain 

structure with minimal levels of misorientation obtained in L-PBF SRR99 by increasing the 

ratio of G and V with appropriate scan parameters. Chauvet et al. [610] also demonstrated that 

a single crystal (SX) CMSX-4 could be achieved without the use of seeds and only by tuning 

the energy density to a desirable value at which the grain growth aligned with [001] direction 

is dominant.  

 

 
Fig. 69. EBSD IPF Z maps showing the microstructures of E-PBF processed DZ125 Nickel-based superalloy with 

energy densities of (a) 1.88 J/mm2; (b) 2.07 J/mm2; (c) 2.31 J/mm2; (d) 2.50 J/mm2; (e) 2.50 J/mm2; (f) 5.00 J/mm2 

[547]. 

 

Potential advantages of heterogeneity in microstructure. Compared to dissimilar welded 

structures with a sharp interface, as-fabricated AMed Nickel-based superalloy with a gradient 
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microstructure can be a better choice to permit a smooth transition of properties. Combination of a high 

surface hardness with adequate wear resistance and a soft core to absorb stresses without cracking can 

result in a high fracture resistance in functionally graded materials (FGMs) processed by the fusion-

based AM. For instance, a turbine blade manufactured by AM process to achieve a FGM with 

heterogenous microstructure can results in high surface hardness which impedes fatigue growth of 

surface cracks.  

 

7.3.2. Defects 

The process induced features that will lead to crack propagation and inferior mechanical 

properties can be also mitigated through the process optimization including scanning 

parameters, scanning strategy, and in-situ process control. Carter et al. [114] attempted to find 

the correlation between energy density and defect formation by applying a range of scan speeds, 

laser powers, and hatch distances for L-PBF IN718, IN625, CM247LC, and CMSX486, 

respectively. It was observed that a clear threshold of high energy density could be found where 

LoF defects and porosities were inhibited. This energy density threshold seemed to be 

independent of the alloy composition. Similar findings were reported by Collins et al. [611]. 

As for the crack density, no clear relationship with energy density was found, indicating that 

cracking behavior has larger dependence on the individual scan parameters. Generally, high 

laser powers and low scan spacings result in a high crack density while high scan speeds and 

scan spacings result in low crack density based on present studies [114]. Interestingly, these 

parameters seemed to have some coupling effects on cracking density and void fraction. Carter 

et al. [219] found in another study that the dependence of crack density and porosity in L-PBF 

CM247LC became more pronounced when greater scan speed and hatch distance (scan spacing) 

were used. Moreover, it has been observed that the scan strategy and intensity distribution of 

laser beam could influence the properties of built parts. Carter et al. [265] had further reported 

in another study that L-PBF CM247LC presented less cracking density when simple “back-

and-forth” strategy was used due to less misorientation between grain boundaries, albeit more 

severe crystallographic texture. Another study carried out by Cloots et al. [115] revealed that 

using a doughnut profile as the intensity distribution of laser beam could reduce the cracking 

density of L-PBF IN738LC as the volume of liquid film at grain boundaries was significantly 

reduced. In addition to scan strategy, Seidel et al. [612] proposed a new approach to suppress 

hot tearing through the modification of the laser-induced melt pool convection (Marangoni 

convection) using customized magnetic fields. The underlying mechanism was ascribed to the 

increase in flow velocity that elevates the interface temperature, leading to less severe thermal 

contraction. Unfortunately, it is still challenging to fabricate a fully dense non-weldable Nickel-

based superalloys without any cracks using the fusion-based AM processes, based on present 

studies. 

 

https://www.sciencedirect.com/topics/engineering/impact-toughness
https://www.sciencedirect.com/topics/engineering/functionally-graded-material
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7.3.3. Surface roughness 

There are different sources cause surface roughness in the final AM part such as unstable 

fluid flow in the molten pool, gas flow stress, spatters, denudation, balling, and unsuitable hatch 

spacing. One source is the “balling effect” which typically occurs at high scan speed and 

laser/electron beam power. Once the energy input is less and the molten material does not wet 

(i.e., generate properly metallurgical bonding with) the underlying layer, surface tension will 

make the molten material turn into spherical droplet [613]. Unstable molten track resulting 

from high scanning speed also leads to disconnected droplets [80]. These droplets solidify as 

“balling” structure later. Rough surface of AM Nickel-based superalloy could also be induced 

by unfavorable molten pool dynamics. Xia et al. [614] changed the hatch distance of L-PBF 

processed IN718 and found that a small hatch distance causes higher thermal gradient and 

larger surface tension. The surface tension drags the molten material to the as-fabricated tracks 

and leads to the stacking of material, which creates humps and shrinkages on the surface of 

AM component. Rough surface also causes LoF during fusion-based AM process if the next 

layer scanning does not heal the valleys of rough surface. 

Besides, the surface roughness of powder particles related with the particles’ morphology 

and contamination, and the satellited particles can affect the final surface roughness of the AM 

part. Although the morphological irregularities of the powder particles can cause the 

insufficient packing density, they can improve the building efficiency by increasing the rate of 

heat absorption [615]. The underlying mechanism through which heat absorbing rate increases 

with surface asperities is believed to be the decreasing laser reflectivity of the powders due to 

their complex geometry. 

Surface finish is a critical limit factor for the fusion-based AM processes to reach the 

requirement of finial application. Poor surface finish decreases the geometry precision. The 

irregularities on the surface also provide stress concentration and serve as cracking initial sites 

especially for fatigue damage [349]. It is also mentioned in section 3.4 (defects and anomalies) 

that rough surface of AM components could damage powder spreading rake and impact the 

following process [137]. 

 For the top surface of as-built AM components, the surface finish is depended on the 

fusion parameters and the spattering. Insufficient energy input leads to balling-effect, in which 

the molten material cannot wet the underlying layer and forms bead-up structure [613]. On the 

other hand, excess energy input could cause the stacking of material because of Marangoni 

flow, which creates humps and shrinkages on the surface of AM component [614]. It is also 

mentioned in section 3.2.2 (about the spattering) that excess energy input could cause an 

instable molten pool, in which metal vapor expands and ejects molten material to the 

surrounding [149]. The spatters then stick on the as-build component and degrade the surface 

finish [616]. Another mechanism for rough surface is the edge-effect. As the discussion earlier 

in residual stress (3.4.2), it is reported that heat will accumulate at the edge of AM components 
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[139]. Heat accumulation not only leads to more severe thermal distortion but causes a larger 

molten pool which grabs material from the nearby. This causes an elevated edge to AM 

components [617]. 

 For the side and down surface of AM components, the surface finish is depended on the 

stair stepping effect and partially molten particles attaching to the surface. Decreasing the 

inclination angle or increasing the layer thickness of AM component could increase the stair 

stepping effect during AM process [618]. It is also reported that stacking irregularities could 

happen between each layer, which forms notch like defect (known as “plate-pill”) on the 

surface [349]. Moreover, the fusion at the edge grabs the particles from the powder bed but 

cannot fuse the particles completely. These partially molten particles stick on the surface and 

degrade the surface finish [619]. The issue of partially molten particle is much more severe at 

the down surface of powder bed AM technology, where the molten material wets the powder 

bed, which leads to balling structure and entangles the particles from the underlying powder 

bed [620]. Different mechanisms causing rough surface of AM components are illustrated in 

Fig. 70. 

 

 

Fig. 70. The irregularities on the surface of fusion-based AM component. The red dotted lines are the boundaries 

of each layer. 

 

 Apart from a proper set of fusion parameters, post processing surface treatments are 

usually required to remove surface irregularities after fusion-based AM process. These 

processes including mechanical treatment, remelting, chemical polish or even coating 

technique [621]. Different post processing surface treatments to improve the surface finish of 

the fusion-based AM component are listed in Table 6. 
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Table 6. Post processing heat treatment to improve surface finish of AM component. 

Type Surface treatment Description  

Mechanical based Finish Machining Surface materials removing by machining, grinding, and 

polishing. [621] 

Tumble finishing The part places inside a barrel with abrasive media. The 

part tumbles against abrasive media and removes the 

surface material. [621,622] 

Blasting The abrasive media is propelled against the part under 

high pressure and removes the surface material. [621] 

Peening The surface of the part is bombed by a stream of small 

shots such as steel balls or laser pulse, which creates cold 

working effect on the surface. [621,623] 

Fusion-based Remelting Addition scanning is performed without material applied 

on the surface during AM process. [621] 

Laser polish Similar with the concept of remelting, a laser is applied 

on the surface of parts and remelts the irregularities on 

the surface. [621,624] 

Chemical based  Chemical polish/etching Material is removed by chemical solution. The process 

might be enhanced with electrolysis or abrasive 

media.[621,625] 

Material Coating The part is covered with other material to improve 

surface finish [621] (by spark deposition [626] or 

solution-based coating [627]) 

7.3.4. Residual stress 

Another purpose of process optimization is to mitigate accumulation of residual strains 

during AM fabrication that may trigger the delamination and microcrack 

formation/propagation during AM processing, heat treatments, and service performance. To 

minimize the influence of distortion to AM Nickel-based superalloy components, many 

researchers built the AM Nickel-based superalloy components with different process 

parameters and then measured the residual stress or the distortion [628]. 

Gao et al. [629] measured the dimensional deflection of the substrate plate during the L-

DED process of IN718 cylinders using several different deposition patterns to quantify the 

amount of residual stress. It was found that the raster scanning patterns have a more significant 

effect on build plate deflection as compared to the contour paths; the back-and-forth scanning 

patterns generated the least amount of residual stress owing to a minimization of the 

unnecessary movements of the scan track. Similar studies were conducted for L-PBF processed 

CM247LC [128] and L-PBF processed IN718 [630]. The use of island and fractal scanning 

strategies was observed to significantly reduce the extent of residual stress. A simulation 

obtained from finite element modeling based on L-PBF processed IN718 further suggested that 

the rotation of scan pattern between successive layers reduces the anisotropic distribution of 

residual stress [631]. However, it should be noted that the use of island and fractal scanning 

strategies may result in localized microcracking due to the clusters of high angle grain 

boundaries (HAGBs) within the fine grain region. Therefore, several in-situ process controls 

were implemented to reduce the residual stress. For example, pre-heating of the substrate or 

powder bed allows reduction of thermal gradient between subsequent layers, and thus reduces 

the thermal strains during solidification. Although not explicitly reported for Nickel-based 
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superalloys, studies focusing on AM steels and Ti-alloys have demonstrated that the tensile 

residual stress responsible for cracking can be relieved by compressive stresses induced by 

laser shock peening [632]. Similar approaches were carried out using a high-pressure roller to 

reduce thermal distortion [633]. 

Nadammal et al. [278] have changed the length of the scanning patterns and measured the 

residual stress of L-PBF IN718. They found a short distance of scanning lead to higher heat 

concentration and a maximum residual stress 400 MPa while the specimen with longer 

scanning has a maximum residual stress range from 200 to 300 MPa. The similar result was 

reported by Lu et al. [630], where the authors changed the size of island scanning and found a 

small island cause more cracking inside the component. Cheng et al. [634] analyzed the 

influence of substrate and found that residual stress in L-PBF IN718 was reduced from 350 

MPa to 200 MPa by substrate preheating. 

 

8. Summary  

8.1. Feedstock 

It is clear throughout the review presented here that the characteristic of the powder 

feedstock used for the AM processes plays a crucial role on the processability of Nickel-based 

superalloys. In summary, the particle morphology, and size distribution determine the 

flowability and packing density of the powders. Powders with good flowability and packing 

density enable efficient flow of the melt into the pores, leading to higher bulk density in both 

DED and PBF processed Nickel-based supealloy parts. Although increasing surface roughness 

can enhance the absorptivity of heat, it is suggested that the use of spherical powder without 

ultra-fine particles may achieve better flowability and resulting bulk density. 

The trapped gases (particularly oxygen) and contaminations may also deteriorate the bulk 

density by forming unfavorable phases that facilitate crack propagation and leaving gas pores 

within the solidified parts. The findings are also analogous to degrading performance of built 

parts as recycled powders are used. The heat-affected powders distributing in the periphery of 

the melted powders may contribute negative effects such as oxidation, loss of elements, 

reshaping of morphology, and changes in size distribution leading to degrading of flowability. 

The selection of techniques to fabricate and sieve the powders is highly relevant to the material 

properties in Nickel-based superalloys. 

 

8.2. AM processing 

Although the AM process facilitates part integration through its ability to fabricate many 

parts required in an assembly into a single component, process optimization is still complex 

regarding defect formation and microstructures. Since the formation of defects are closely 

related to the laser-powder interaction and laser-melt interaction that influence the resulting 

melt pool stability and thermal history, the optimization process can be approached using a 
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processing window with either independent scan parameters/scan strategies or incorporated 

factors such as energy density as the variables. Furthermore, the use of shielding gas and its 

corresponding flow rates used in AM process can also profoundly impact the properties of built 

parts in terms of oxidation, melt pool geometry, and trapped gas or spatter. Aided by the 

understanding of underlying mechanisms through which each type of porosity or crack forms, 

computer-aided processing optimization including machine learning, finite element modeling, 

and processing monitoring via optical/infrared camera was also conducted for both weldable 

and non-weldable Nickel-based superalloys. 

 

8.3. Microstructure 

Given the combination of high thermal gradient and cooling rate with respect to the melt 

pool boundary, grains would grow epitaxially with preferred orientation along the [001] 

direction as Nickel-based superalloys solidify. As approaching the center of the melt pool, the 

thermal gradient and solidification rate vary leading to transition from cellular dendrite to 

columnar dendrite. The combination of different scan conditions, strategies, pre-heating, and 

size and energy the laser/electron beam further contributes to distinct thermal history and 

fraction of overlapping area that re-configures the grain structure and allows competitive grain 

growth leading to different degree of columnar-to-equiaxed transition. 

The fast-cooling rate in fusion-based AM process also reduces the dendrite arm spacing 

and resulting micro-segregation as well as restricts the precipitation. Despite the high tendency 

to forming precipitates for Nickel-based superalloys, only nano-sized γ’/γ’’ as well as 

secondary phases such as Laves, δ and carbides induced by micro-segregation can be found in 

L-PBF processed Nickel-based superalloys. With decreasing cooling rates in DED and E-PBF 

process, growth of γ’/γ’’ and other secondary phases is allowed resulting in transition from 

nano-sized particles to micro-sized particles. 

The microstructure evolution within AM processed superalloys also depends on the as-built 

grain morphologies. Due to the presence of precipitates, these particles may pin the grain 

boundaries leading to remaining texture and columnar feature as sub-solvus heat treatments are 

applied. The residual strains induced by fast cooling of the fusion-based AM process also 

facilitate the recrystallization and account for more pronounced grain structural evolution in L-

PBF process when compared to that in DED and E-PBF processes. As the trade-off, the large 

strain energy also allows rapid coarsening of precipitates and formation of undesired phases 

that undermine the mechanical performance. 

Given the anisotropic properties and distinct microstructural evolution in fusion-based AM 

processed Nickel-based superalloys, attempts were carried out by optimization of processing 

conditions and chemistry of alloys by the combination of several research tools including 

computational modeling and destructive/non-destructive characterization techniques. These 

approaches successfully achieve certain degree of columnar-to-equiaxed transition and 
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optimize the processibility of Nickel-based superalloys that satisfy the needs for designers to 

make better and wider use of AM processed Nickel-based superalloys. 

 

8.4. Defects 

Fusion-based AM process can fabricate parts with complex geometry and has attracted a 

large interest in the Nickel-based superalloy community, and defects formation associated with 

the AM process remain a subject of importance. Most of defects are detrimental to the 

mechanical properties and can affect the yield of the production, such defects include porosity, 

crack, and distortion; these defects are induced generally by improper fusion energy or existing 

defect of the feedstock. On the other hand, high contents of γ’ forming elements and trace 

elements addition can also impact the susceptibility to crack formation during the fusion-based 

process. Some minor defects have less impact on the mechanical properties but could influence 

the dimensional consistency of the built; these issues include the elemental evaporation, 

spattering, inclusion, and rough surface. Some defects, such as oxide or carbide inclusions that 

can provide dispersion-strengthening and improve mechanical properties of the built. 

 

8.5. Mechanical behavior 

 This review has highlighted and compared the mechanical properties of the several AM 

Nickel-based superalloys with the baseline data available in the literature for traditionally 

manufactured counterparts. First, the tensile properties at room and elevated temperatures for 

various AM Nickel-based superalloys such as L-PBF processed Haynes 282, L-PBF processed 

Hastelloy X, E-PBF processed IN718, L-PBF processed IN718, L-PBF processed IN625, 

powder bed binder jet (PB-BJ) printed IN625 were compared and discussed accordingly. It was 

shown that the solid solution strengthened Hastelloy X and IN625 alloys possess the lowest 

strengths at room as well as elevated temperatures, while γ"-strengthened IN718 superalloy 

typically show the highest strength even better than that of the γ’-strengthened Haynes 282 

superalloy. Furthermore, it was found that the grain boundaries (i.e., GBs, particularly those 

perpendicular to the applied load direction) are the weakest regions under tension load at 

elevated temperatures due to the brittle intermetallic/impurity phases forming at GBs during 

the last stage of solidification acting as the major source for the crack initiation. 

Next, the fatigue properties of the AMed Nickel-based superalloys were discussed to 

specifically provide an overall understanding and interpretation for the complicated failure 

mechanism due to its several interactive factors such as the size, volume fraction and 

morphology of process-induced defects as well as microstructural features. These were 

discussed using some of influential factors on the fatigue failure of two well-known alloys, 

namely, IN718 and IN625, due to more availability of data in the literature. 

The effect of surface roughness on the fatigue behavior was reviewed. This is crucially 

important for the AMed Nickel-based superalloys due to their characteristic process-induced 
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defects, initiating the fatigue failures. It was shown that regardless of heat treatment (HT) 

condition, the post processing surface treatments can improve the fatigue performance of the 

AMed Nickel-based superalloys due to the removal of the surface/subsurface defects induced 

during the AM fabrication processes. 

The effect of HIP on the fatigue behavior of some AM Nickel-based superalloys was 

highlighted. It was shown that the HIP has an insignificant effect on the fatigue behavior of the 

AM IN625 and AM IN718 alloys regardless of the HT conditions. Further, it was revealed that 

the fatigue responses of both alloys in HIPed condition are comparable with those of their 

wrought counterparts. These results could be attributed to the negligible effect of internal 

porosity content on the fatigue properties of the AM IN625 and IN718 alloys. 

The effects of brittle secondary phases on the fatigue fracture phenomena of the AM 

Nickel-based superalloys were discussed. More particularly, the sequential behavior of the 

Laves phases during the fatigue fracture of HT LP-DED IN718 alloy was highlighted. It was 

shown that during the initiation and growth stages of fatigue cracks the Laves phases are strong 

enough to hinder the crack growth, while during the final stage of fatigue rupture the Laves 

phases start to break down due to their brittleness as compared with the surrounding matrix. 

The effect of various HT conditions on fatigue crack growth rate or FCGR (da/dN) as an 

important measure of damage tolerance and durability of AMed Nickel-based superalloys was 

further discussed. It was shown that within Paris regime the FCGR of non-heat treated (NHT) 

L-PBF processed IN625 is comparable with that of its wrought counterpart. However, in heat 

treated condition (HT) conditions such as the stress relieving (SR) and HIP, the FCG resistance 

is higher (i.e., higher ΔKth) at lower stress ratios as compared with wrought specimens, which 

could be ascribed to the shielding effect of coarse grain structure on the crack tip opening, 

which is promoted by the crack closure mechanisms. However, in the case of the AMed IN718, 

the effect of various HT conditions on the FCG behavior of the alloy is more pronounced than 

the HT AM IN625, which could be ascribed to the strengthening effect of γ”-precipitates on 

fatigue crack growth in the former. Furthermore, most of HT conditions of AM IN718 have 

shown lower FCGR as well as lower FCG resistance, i.e., smaller ΔKth (compared to wrought). 

Additionally, the minimum ΔKth value is reported for the NHT condition, which could be 

attributed to the supersaturated and unreinforced matrix in NHT condition and therefore better 

ductility as compared with the HT specimens. 

The effect of various HT conditions on fracture toughness of the AM IN625 and IN718 

alloys was also discussed. It was shown that the stress relieving (SR) could marginally improve 

the fracture toughness of the AMed IN625. However, in the case of AMed IN718, various HT 

conditions such as direct two-step aged (D-2Aged), solution + fully aged (S+2Aged), and 

homogenized + solution + fully aged (H+S+2Aged) could improve the fracture toughness of 

the alloy. Interestingly, the lowest fracture toughness values were observed for the NHT and 

D-2Aged conditions, which could be attributed to their lower ductility and strain-hardening 
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exponent, resulting in lesser capability of strain accommodation of a matrix during the rapid 

crack propagation stage. 

Finally, the creep behavior of the AMed Nickel-based superalloys based on available data 

in the literature such as for IN718 and IN738LC, CM247LC, L-PBF C263, L-PBF Hastelloy 

X alloys was briefly reviewed. Similar to tensile properties, it was shown the AMed Nickel-

based superalloys has shown anisotropic creep behavior in non-heat treated (NHT) conditions 

which was removed upon heat treatments. In other words, in NHT condition, the AMed Nickel-

based superalloys have shown better creep resistance in vertical direction, i.e., when the stress 

is applied parallelly with respect to the build direction or elongated grain structure), as 

compared with the horizontally built AMed and cast counterparts. This could be most likely 

attributed to the fact that creep damage was accumulated on the grain boundaries that were 

aligned with the plane of maximum applied stress. Furthermore, the creep failure mechanism 

in the AMed Nickel-based superalloys were discussed and attributed to the intermetallic phases 

forming at grain boundary areas such as metal carbides and δ-phases, which could significantly 

affect the creep response of these alloys 

 

8.6. Computational modeling 

A critical review of the computational modeling of Nickel-based superalloys establishes 

their role in understanding the relevant physical parameters that affect final part quality, 

including temperature and velocity fields, cooling rates, and solidification morphology. Such 

parameters are difficult, if not impossible, to obtain via experimental measures, and thus, these 

simulations provide means of understanding their impact on the formation of the final part’s 

structure and properties. The laser-powder interactions vary with AM processes and play a 

critical role in determining such parameters. Various methods, including full or partial ray-

tracing, have been proposed to simulate these mechanisms and further our understanding of 

their implications. These results can be provided as input to higher-fidelity thermal models 

(including heat transfer, fluid flow, and added physics) or approximated in the case of lower-

fidelity (conduction-based) simulations. The choice between higher- and lower-fidelity 

simulations depends on the desired results and application: the former provides better accuracy 

at exuberant computational cost, whereas the latter degrades the solution accuracy at a 

significantly decreased expense. Besides, the results obtained from either set of simulations 

can help elucidate our understanding of and optimize the process, reduce defects, and bridge 

the gap between product design and certification. Additionally, the results from such 

simulations can be provided as input to models for microstructure and residual stress 

prediction. 

Techniques including the Monte Carlo (MC) and Phase Field (PF) methods for predicting 

solidification microstructure were discussed. Regarding prediction of grain microstructure, 

computationally efficient methods based on dendrite growth kinetics such as the Cellular 
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Automaton (CA) and Discrete Dendrite Dynamics (DDD) methods were introduced. These 

methods have been employed to simulate the columnar grain microstructure oriented along the 

build direction and crystallographic texture with high accuracy. This is evident from the part 

scale grain microstructure and texture prediction by the DDD model. Regarding prediction of 

γ’ and γ” phase precipitates along with 𝛿-forming elements in the parent γ-matrix during in 

Nickel-based superalloys, works related to the numerical techniques such as PF were discussed. 

As prediction of residual distortion and stresses play significant role with regards to the 

successful AM build, sequentially coupled thermomechanical finite element (FE) models along 

with the inherent strain method were also discussed in detail. Finally, elastoplastic self-

consistent (EPSC) mean-field homogenization formulation based polycrystal plasticity method 

was identified as a prominent method for predicting the effect of precipitate phases in the parent 

γ-matrix and processing temperatures on the mechanical behavior of AM processed Nickel-

based superalloys. 

 

9.  Research outlook 

Considering the recent cutting-edge advancements in the field, the following key areas appear to be 

of primary interest to AM community to enhance the fabrication and mechanical properties of the 

Nickel-based superalloy materials and parts.  

Synergistic effect of defects and microstructure. Recent advanced process control during AM 

fabrication such as innovative “scan strategies”, “beam profiles” and “online process monitoring” have 

been partially able to mitigate some of process-induced defects for certain difficult-to-print Nickel-

based superalloys, which in turn could result in improved mechanical properties such as fatigue. 

Additionally, advances in thermal management by process controls may even enable the users to point 

design the AM components by microstructure, leading to enhancement of the mechanical properties of 

the alloy. However, such innovative approaches may introduce new challenges such as large volume of 

data generation for which the role of computer scientists and data analysists become crucial in such 

huge data collection and analyses.  

Alloy design. The current review has endeavored to highlight much of existing work for the 

mechanical properties of popular AM Nickel-based superalloys, namely, IN625 and IN718. However, 

there are abundant opportunities within the Nickel-based alloy metallurgical framework by 

compositional modification to specifically design the alloy for AM processing with enhanced AM 

compatibility and mechanical properties. One example in this regard is to formulate new AM processing 

methods, and therefore, to develop new Nickel-based alloys with enhanced thermal stability. The other 

example is to devise new AM processing strategies such as powder reusage for new alloy development 

in which the alloy performance can be assured. 

Design of heat treatments. Designing appropriate HT for the AM Nickel-based superalloy has 

always been important because of their inherent differences such as the as-solidified microstructural 

features and process-induced defects which strongly influence the mechanical properties. Although HT 
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schedules proposed for the wrought alloys are expected to result in similar microstructures and 

structural integrity for AM ones, this is not always the case. This necessitates a carefully customized 

HT schedule for the AM Nickel-based superalloy to obtain the desirable microstructure and mechanical 

properties of the alloy.  

Simulation and modeling. Given the high computational expense associated with the methods 

discussed above, future work in this field will rely on the transfusion of physics-based numerical 

simulation with modern advancements in GPU computing and machine learning. Process and 

microstructure simulations that have long relied on CPU cores to obtain solutions will benefit from 

being placed on GPU clusters in the future. Dimensionality reduction techniques that correlate process 

parameters (or other physical signatures) to corresponding quantities of interest could play a vital role 

in fast process optimization. Similarly, machine learning techniques that fully or partially abstract the 

physics but maintain high accuracy concerning temperature, defect, or microstructure prediction will 

be pivotal to further elucidate our understanding of the process and help accelerate the widespread 

adoption of AM for next-generation manufacturing applications. 
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