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A B S T R A C T   

Fe-TiB2 metal matrix composite, also called high-modulus steels (HMSs), are of great interest for applications in 
fuel-efficient transportation infrastructure, aerospace, and wear industries due to their high specific stiffness and 
yield strength. However, conventional cast Fe-TiB2 HMSs often contain coarse and sharp-edged TiB2 particles 
which easily trigger premature cracking during loading. Here, we synthesized a Fe-TiB2 nanocomposite HMS via 
laser powder bed fusion (LPBF) additive manufacturing of mixed micro-sized powders of Fe, Ti, and Fe2B. We 
investigated the microstructure formation and mechanical behavior of the Fe-TiB2 HMS. We found that in situ 
chemical reaction of Ti and Fe2B enables the formation of TiB2 particles at nanoscale during rapid solidification 
of LPBF. These nanoscale TiB2 particles can serve as heterogeneous nucleation sites and promote the formation of 
ultrafine and equiaxed α-Fe grains with random crystallographic textures, which differ from many other addi-
tively manufactured (AM) metal alloys characteristic of strong crystallographic textures. As such, isotropic 
mechanical properties were achieved in the AM Fe-TiB2 nanocomposite HMS with a high elastic modulus of ~ 
240 GPa, an exceptional yield strength of ~ 1450 MPa, and a large plasticity of ~ 20% under compression. 
Quantitative analysis reveals that the high yield strength primarily originates from strengthening contributions 
of the ultrafine grains with an average grain size of ~450 nm, the nanoscale TiB2 reinforcing particles of 20–180 
nm, and a high density of printing-induced dislocations of the order of 1015 m−2. In situ synchrotron high-energy 
X-ray diffraction unveils the load partitioning from the softer α-Fe matrix to the stiffer and stronger TiB2 
nanoparticles, contributing to the sustained strain hardening during compression. Our work not only provides a 
general pathway for achieving high-performance metal matrix nanocomposites by in situ chemical reaction and 
precipitation of ceramic nanoparticles during additive manufacturing, but also offers mechanistic insights into 
the deformation mechanism of nanoparticle-reinforced HMS composites.   

1. Introduction 

High-modulus steels (HMSs) are workhorse materials for fuel- 
efficient transportation infrastructure, aerospace and wear industries 
owing to their high specific stiffness and yield strength [1,2]. The HMSs 
community has so far strongly focused on ceramic particles-reinforced 
Fe-based metal matrix composites, where light, stiff, and strong 

ceramic particles contribute to a significant increase in both specific 
stiffness and specific yield strength [3,4]. Among various ceramic pha-
ses, TiB2 ceramic particles have received the most attention [5–7]. In 
addition to their excellent physical and mechanical properties, e.g., a 
low density of 4.52 g/cm3 and a high Young’s modulus of 565 GPa, TiB2 
ceramic particles are thermodynamically stable and can be in situ syn-
thesized in the Fe-Ti-B steel composite system [2,8–10]. Additionally, 
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TiB2 reinforcement exhibits favorable wettability and metallurgical 
bonding with the α-Fe matrix [11–13]. So far, many attempts have been 
made towards high performance Fe-TiB2 HMSs by casting. For example, 
Huang et al. reported that a cast Fe-based HMS reinforced with 14 
volume percent (vol%) TiB2 particles exhibited a low density of 7.14 
g/cm3 and a high Young’s modulus of 253 GPa [14]. Similarly, Li et al. 
also casted an Fe-based HMS reinforced with 15 vol% TiB2 particles, 
presenting a specific stiffness of 34 GPa⋅cm3⋅g−1, a specific yield 
strength of 104 MPa⋅cm3⋅g−1, and a specific ultimate tensile strength of 
130 MPa⋅cm3⋅g−1 [15]. These attractive properties make Fe-TiB2 HMSs 
well outperform conventional monolithic steels. However, the TiB2 
particles formed during conventional casting are often sharp-edged and 
tend to coarsen owing to insufficient cooling rates. Sharp-edged and 
coarse particles not only weaken the interfacial decohesion [12,16], but 
also easily generate substantial local stress concentration and lead to 
early crack initiation [17–19]. To control the morphology and size of 
TiB2 particles, Springer et al. used levitation melting coupled with splat 
cooling to process Fe-TiB2 HMSs, and the intrinsically high cooling rates 
facilitate the in situ formation of spherical TiB2 particles down to 
nanoscale sizes [20]. However, such processing routes are not readily 
applicable for fabricating bulk HMS parts. 

Through the past two decades, laser powder bed fusion (LPBF) ad-
ditive manufacturing is developing rapidly due to its unique capability 
of printing net-shaped parts directly from a computer-aided design 
model [21–28]. This emerging technique enables the design freedom for 
complex geometry and requires little or no post tooling. Additionally, 
LPBF is featured by localized solidification in the melt pool with a high 
cooling rate up to ~ 106 K/s, resulting in highly refined and heteroge-
neous microstructures that give rise to unusual mechanical properties 
not readily achievable by conventional processing routes [29,30]. 
Driven by these promising outcomes, LPBF has also been employed to 
process HMSs in recent years [31]. For example, Springer et al. suc-
cessfully fabricated Fe-TiB2 HMS by LPBF processing of Fe-Ti-B pre--
alloyed powders [31]. Their study shows that the rapid solidification 
during LPBF leads to the formation of TiB2 nanoparticles homogenously 
dispersed in the α-Fe matrix. However, numerous metallurgical defects 
such as pores and cracks were frequently observed that prevented a 
thorough evaluation of the macroscopic mechanical properties of the 
additively manufactured (AM) Fe-TiB2 HMS. In addition, the prepara-
tion of customized Fe-Ti-B pre-alloyed powder feedstocks is 
time-consuming and costly. To address this challenge, a cost-effective 
alternative is of significant interest by directly employing mixtures of 
multiple commercially available powders for the LPBF process. 
Although the direct incorporation of TiB2 particles has been successfully 
employed for AM metal alloys (e.g., steel and Al alloys) to produce a 
fine-grained microstructure with a random crystallographic orientation 
by LPBF [32,33], these ex-situ metal-matrix composites face challenges 
such as poor wetting at the matrix/ceramic particle interface and 
inhomogeneous dispersion of ceramic particles in the matrix [34,35]. 
Compared with the ex-situ routes, the in-situ process has significant 
superiorities such as uniform distribution of reinforcements, finer rein-
forcement sizes, and thermodynamically stable reinforcement in the 
metal matrix composites [36]. 

In the present work, we fabricated in-situ Fe-TiB2 nanocomposite 
HMS by LPBF of mixed powders of Fe, Ti, and Fe2B, which are all 
commercially available. LPBF of in-situ Fe-TiB2 nanocomposite HMS 
involves chemical reaction of primary powders, enabling in-situ formed 
and uniformly distributed TiB2 nanoparticles in the matrix. The LPBF 
HMS exhibits excellent mechanical properties with a high elastic 
modulus of ~ 240 GPa, an ultrahigh yield strength of ~ 1450 MPa, and a 
large compressive plasticity of ~ 20%. In addition, unlike many other 
AM metal alloys that demonstrate a strong mechanical anisotropy, the 
LPBF HMS possesses isotropic mechanical properties due to the random 
crystallographic texture. Our work provides a general pathway for 
achieving high performance metal matrix nanocomposites by in situ 
chemical reaction and precipitation of ceramic nanoparticles during 

laser additive manufacturing. 

2. Experimental details 

2.1. Powder characteristics 

A target powder composition of Fe-6.4Ti-2.6B (wt%) were prepared 
for LPBF from mixed micro-sized powders of Fe, Ti, and Fe2B that are 
commercially available. Here the target composition corresponds to the 
near-eutectic composition of ~ 13.65 vol% TiB2 in the Fe-Ti-B system, 
leading to a desirably low melting temperature of ~ 1400 ◦C [20] and 
minimal solidification interval [37], which are beneficial for avoiding 
hot cracking during AM process. Commercially available high purity 
elemental Fe (99.99 wt%), Ti (99.99 wt%), and Fe2B (99.9 wt%) pow-
ders were purchased from Atlantic Equipment Engineers, Inc. USA. The 
Fe and Ti elemental powders are spherical with a size range of 5–53 µm 
and 5–38 µm, respectively, while the Fe2B powders are irregular with a 
size of 1–25 µm (Fig. 1a-d). The mass median diameters of the Fe, Ti and 
Fe2B powders are 31.2, 19.6, and 8.6 µm, respectively. Note that Fe2B 
instead of B was used due to its much lower melting point that facilitates 
in situ alloying during rapid solidification. These constituent powders 
were mixed by a low-energy T2F Turbula Heavy-Duty Shaker-Mixer for 
2 h. A typical scanning electron microscopy (SEM) image and corre-
sponding elemental maps using energy-dispersive x-ray spectroscopy 
(EDS) in Fig. 1e show that the constituent powders were homogeneously 
mixed. 

2.2. LPBF process optimization 

The mixed powders were loaded into an M290 LPBF system (EOS 
GmbH, Munich, Germany), which is equipped with a 400 W Yb-fiber 
laser of a spot size of 100 µm. We first performed a standard single- 
track study to narrow down the process window, encompassing 70 
different combinations of laser powers and laser scan speeds, as sum-
marized in Table S1 in Supplementary Information. The geometric 
characteristics of these single tracks were analyzed by the optical mi-
croscopy (OM, BX53M, Olympus, Tokyo, Japan). Specifically, these 
single-track deposits were sectioned, polished, and chemically etched, 
using a 5% nitric acid solution by volume. The melt pool depth was 
determined by measuring the distance from the substrate surface to the 
melt pool bottom. The melt pool width was extracted by measuring the 
distance across the two intersection points between the single track and 
substrate surface. 

Based on the narrowed process window determined from single- 
track experiments, a series of cubic samples of 8 × 8 × 8 mm3 were 
fabricated with 16 different parameters (see Table S2 in Supplementary 
Information). The layer thickness and hatch distance of those cubic 
samples were kept constant at 40 µm and 80 µm, respectively, based on 
empirical relationships and our previous work [29,38–40]. To reduce 
the potential crystallographic anisotropy [41], a bi-directional scan 
mode with 90◦ rotation between successive layers were adopted for 
these bulk samples. The density of these bulk samples was determined 
by an AccuPyc II 1340 gas pycnometer (Micromeritics, Norcross, GA, 
USA). The metallurgical defects of these bulk samples were investigated 
by OM. Based on the density and defect levels of these bulk samples, the 
optimal process parameters were determined: a laser power of 300 W, a 
laser scan speed of 500 mm/s, a layer thickness of 40 µm, and a hatching 
distance of 80 µm. The bulk samples built with these process parameters 
were used for subsequent microstructural and mechanical 
characterizations. 

2.3. Microstructural and mechanical characterizations 

The LPBF HMS samples were sectioned perpendicular (top view) and 
parallel (side view) to the building direction, respectively, then pro-
gressively ground with SiC grinding papers for metallographic 
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examination. 
A field-emission scanning electron microscopy (SEM, Leo Gemini 

1525, Oberkochen, Germany) was applied to characterize the micro-
structure. The SEM images were collected in the scanning electron mi-
croscope at three different magnifications: 200 × (a pixel size of 
0.15 µm), 1500 × (a pixel size of 0.025 µm), and 30,000 × (a pixel size 
of 1.8 nm). The TiB2 volume fraction was estimated from SEM images 
using the public-domain software ImageJ [42,43]. More than 20 SEM 
images were taken, with each SEM image covering an area of 
3.8 × 3.8 µm2. To get physical insight into the formation of TiB2 phase, 
Scheil-Gulliver non-equilibrium solidification calculation was per-
formed with Thermo-Calc software (v. 2020b) with a steel/Fe thermo-
dynamic database (TCFE10 v. 10.1). Specimens for electron backscatter 
diffraction (EBSD) imaging were further mechanically grinded using 
20 nm oxide polishing suspension, followed by vibratory polishing to 
remove the surface deformation layer induced by mechanical polishing. 
EBSD characterization was performed using a field emission SEM (Carl 
Zeiss Auriga 45–66, Jena, Germany) equipped with an Oxford In-
struments Aztec 2.0 EBSD system (Channel 5 software). The step size for 
the EBSD scan was 40 nm. Transmission electron microscopy (TEM) 
samples were lifted out from the polished samples, and then thinned 
down to below 100 nm using focused ion beam (FIB) on a Thermo Sci-
entific Scios Dual-Beam (Thermo Fisher Scientific, USA). TEM charac-
terization was performed utilizing a FEI Tecnai F20 (FEI Company, 
USA). 

An Instron 5969 testing machine (Instron, USA) was employed for 
uniaxial compression tests with a strain rate of 5 × 10−4 s−1. A non- 
contact AVE2 video extensometer was employed during compression 
tests to precisely measure the strain. For compression tests, following the 
general ASTM E9–09 standard, an aspect ratio of 2 was adopted. 
Compression pillars with dimensions of 2 mm × 2 mm × 4 mm were cut 
along both top- and side-view planes to study the orientation effect. 

Three tests were performed for each orientation. Vickers hardness tests 
were performed via a Vickers microhardness tester (ALPHA HMT- 
2000Z) with a load of 500 g and a dwell time of 15 s 

2.4. In-situ synchrotron-based high-energy X-ray diffraction (HE-XRD) 

The deformation micro-mechanisms of our LPBF HMS were studied 
using in-situ compression experiments under HE-XRD at the beamline 
11-ID-C at the Advanced Photon Source, Argonne National Laboratory. 
A 0.5 × 0.5 mm2 X-ray beam size was used, with a wavelength 
λ = 0.1173 Å and a corresponding energy of 105.7 keV. We used the 
LaB6 standard material to calibrate the distance between the detector 
and the sample. We collected two-dimensional (2D) XRD patterns and 
then processed the data by GSAS II software [44]. One-dimensional (1D) 
XRD patterns were obtained by the integration of the 2D patterns along a 
specific azimuth angle over a range of ± 5◦. The interplanar spacing 
(d-spacing) of each (hkl) crystalline plane was converted from the 
diffraction angle, θ, based on the Bragg’s equation (2dsinθ = λ). Then 
the lattice strain, εhkl, of each (hkl) crystalline plane can be calculated 
from εhkl = (dhkl − dhkl,0)/dhkl,0, where dhkl,0and dhkl are the interplanar 
spacings without and with an applied stress, respectively. 

3. Results and discussion 

3.1. Densification 

3.1.1. Single-track samples 
A preliminary printability diagram (Fig. 2a) was established, based 

on experimental observations of the geometric characteristics of 70 
single-track deposits obtained with different laser powers and laser scan 
speeds. Four distinct regions can be distinguished from the printability 
diagram in Fig. 2a, with representative geometric characteristics shown 

Fig. 1. SEM images showing the characteristic morphology of (a) Fe, (b) Ti, (c) Fe2B powders, and (d) corresponding powder size distributions. (e) A typical SEM 
image presenting the Fe/Ti/Fe2B mixtures and the elemental maps. 
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in Fig. 2b. First, lack-of-fusion defects tend to appear at low laser powers 
and high laser scan speeds, which can be attributed to the low energy 
input and thus the insufficient penetration into the substrate [45,46]. 
Second, keyholing prevails at low laser scan speeds and high laser 
powers. It is generally believed that keyholing occurs owing to the 
over-high energy input, and as a direct result, the liquid metal may 
evaporate and induce vapor cavities [47,48]. Moreover, vapor cavities 
are sometimes enclosed before gas can escape. Hence, the gas is trapped 
and retained inside the deposit, becoming unwanted pores. Third, at 
high laser powers (> 200 W) and very high laser scan speeds (1000 – 

3000 mm/s), a balling phenomenon was observed. In this case, the melt 
pool tends to break into discontinuous droplets due to the 
Plateau-Rayleigh capillary instability [49]. Such balling effect often 
results in the void formation, poor surface roughness, and even delam-
ination, all of which deteriorate the mechanical properties of the 
deposited parts. Besides these three types of defects, we also observed 
that good single-track deposits (asterisk symbols in Fig. 2a) can be ob-
tained with 16 combinations of laser powers and laser scan speeds, as 
listed in Table S1. 

3.1.2. Bulk samples 
Based on the results of single-track experiments, bulk samples of 

8 × 8 × 8 mm3 were fabricated using 16 different parameter combina-
tions (see Table S2). The density analysis results are shown in Fig. 3, 
accompanied by several typical optical micrographs showing different 
types of metallurgical defects. At low volumetric energy density (VED) 
values (e.g., 83.3 J/mm3), the relative density is low, and this is due to 
the formation of lack-of-fusion pores. The increase of the VED (e.g., 
109.37 J/mm3, and 156.25 J/mm3) progressively leads to a better 
densification with fewer micropores and gradually improved sphericity. 
The VED of 187.5 J/mm3 leads to the highest relative density of 99.32 
± 0.33% and the corresponding porosity is 0.68 ± 0.33%, with a 
Gaussian-type pore size distribution ranging from 0.2 to 15 µm (see 
Fig. S1 in the Supplementary Information). It should be noted that the 
irregular shape of the microscale Fe2B powders (Fig. 1c) in the feedstock 
powders may be detrimental to the powder flowability and packing 
density. However, this issue can be mitigated by the high VED value of 
187.5 J/mm3 which facilitates enhanced Marangoni flow and hence 
improved gas escape and elemental homogeneity [50,51]. As a result, a 
relative density as high as 99.32 ± 0.33% was achieved. It is worth 

mentioning that Fe-TiB2 composites have superior wear resistance [52] 
and those samples in sub-optimal processing conditions (higher 
porosity) have potential applications in the field of grinding wheel 
[53–55]. 

3.2. Phases and microstructures 

3.2.1. Fe-TiB2 dual-phase structure 
Fig. 4 shows the 1D HE-XRD profile of LPBF HMS in the as-printed 

state, which was integrated over the entire 360◦. The HE-XRD pattern 
demonstrates a dual-phase structure in the LPBF HMS, i.e., the α-Fe 
phase with a body-centered-cubic (BCC) structure and the TiB2 phase 
with a hexagonal-close-packed (HCP) structure. The TiB2 peaks can be 
clearly observed in the enlarged diffraction pattern, as shown in Fig. 4b. 
Based on a quantitative Rietveld refinement analysis, the lattice 
parameter of a1 = 2.87023 Å for α-Fe phase, whereas the calculated 
lattice parameters for the TiB2 phase are a2 = 3.03043 Å and c 
= 3.21606 Å. Moreover, the refined phase fraction of the TiB2 phase is 

Fig. 2. (a) A preliminary printability diagram established based on the experimental observations of 70 single-track deposits obtained with a wide laser power - laser 
scan speed region. Keyhole, good track, balling, and lack of fusion are marked with different symbols and colors. (b) Representative melt pool cross sections showing 
the lack of fusion, good track, keyhole, and balling, respectively. 

Fig. 3. Relatively density of the LPBF HMS bulk samples manufactured at 
various laser energy densities. The density measurements were carried out 
using a He gas pycnometer. 
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estimated to be ~ 13.2%. 
As presented in Fig. 5a, the LPBF HMS exhibits typical “fish-scale” 

melt pools, which are common for AM materials [29,30]. Consistent 
with the HE-XRD measurements, a dual-phase microstructure with an 
α-Fe phase in bright contrast and TiB2 phase in black contrast was 
observed (Fig. 5b-d). Contrary to common AM metal alloys that are often 
composed of columnar grains [21,56,57], the α-Fe grains are highly 
equiaxed. The TiB2 particles of 20–180 nm in diameter are dispersed in 
the α-Fe matrix, preferentially at the grain boundaries. Interestingly, 
both the α-Fe grains and the TiB2 nanoparticles in the heat-affected zone 
(HAZ) are slightly coarser than those in the melt pool interior 
(Fig. 5b-d). This feature may result from the in situ 
thermal-cycling-induced grain-coarsening effect in the HAZ during laser 
scanning of successive tracks or layers [58]. In addition, EDS mapping 

was performed over a region containing a melt pool boundary, and no 
obvious chemical differences were detected across the melt pool 
boundary, as shown in Fig. S2 in the Supplementary Information. Thus, 
a change in contrast between the top and bottom of single layers in 
Fig. 5a is presumably attributed to the differences in grain sizes. Based 
on these SEM micrographs, the volume fraction of the TiB2 nanoparticles 
is estimated to be ~ 13%, which is coincident with the Rietveld 
refinement analysis of the 1D HE-XRD pattern. 

We further performed TEM experiments to determine the phase 
constitutes of the LPBF HMS specimen. The TiB2 nanoparticles contrast 
well under TEM, appearing as small black dots in Fig. 6a. Several but not 
all of the grains are visible under TEM with an objective aperture 
contrast. To confirm that the particles are TiB2, a scanning transmission 
electron microscopy (STEM) image with EDS mapping was collected, 

Fig. 4. (a) 1D HE-XRD profile integrated over the entire 360◦ of LPBF HMS in the as-printed state. (b) Enlarged diffraction pattern of the rectangular region in (a) 
showing the TiB2 diffraction peaks. 

Fig. 5. SEM micrographs displaying the characteristic microstructure of the side-view cross-section of the LPBF HMS sample. (a) Melt pools. (b) A melt pool contains 
finer grains in the melt pool interior and relatively coarser grains in the HAZ below the melt pool boundary. (c) Finer grains. (d) Coarser grains. 
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showing the Ti enrichment in the particles (Fig. 6b-d). Confirmation of 
the crystal structure of both HCP TiB2 nanoparticles and BCC α-Fe phase 
were also performed, using selected area electron diffraction (SAED), 
shown in Fig. 6e-h. 

The above HE-XRD, SEM, and TEM characterizations concurrently 
reveal an Fe-TiB2 dual-phase structure. It naturally follows to analyze 
the phase formation. For the complex Fe-Ti-Fe2B system, several 
chemical reactions may occur and are listed as follows [59–63]:  
Fe + Ti = FeTi                                                                               (1)  

2Fe + Ti = Fe2Ti                                                                            (2)  
Ti + 2B = TiB2                                                                              (3)  
Ti + B = TiB                                                                                 (4)  
Fe + B = FeB                                                                                (5)  
2Fe + B = Fe2B                                                                             (6)  

Fig. 6. TEM characterization of LPBF HMS. (a) A representative TEM image of α-Fe grains and TiB2 nanoparticles. (b) A STEM image of TiB2 nanoparticles, with (c) 
Fe and (d) Ti STEM-EDS maps of the highlighted region in (b). (e) TiB2 nanoparticle in the selected area aperture, along with (f) the SAED pattern of the particle in 
(e). (g) The α-Fe grain along with (h) the SAED pattern of the highlighted region in (g). 

Fig. 7. (a) Prediction of Gibbs free-energy change of each possible reaction in the Fe-Ti-Fe2B system. (b) Simulation of the solidification pathway of the Fe-Ti-B HMS 
based on Scheil-Gulliver non-equilibrium solidification model. 
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Ti + 2Fe2B = TiB2 + 4Fe                                                                (7) 
In order to analyze the competition among these reactions during 

LPBF, the changes in Gibbs free energy, ΔG, for these reactions were 
calculated, based on the thermodynamic data from Ref. [64] and are 
plotted in Fig. 7a. The calculated results demonstrate that all these re-
actions have a negative ΔG value, indicative of spontaneous reactions. 
Additionally, we observed that a more negative ΔG value was expected 
for reaction (3), i.e., Ti + 2B = TiB2. Therefore, in our current system, 
reaction (3) is more energetically favored and is expected to prevail 
during the in-situ reaction, indicating that the TiB2 phase would form. 
Such analysis offers a theoretical background for our experimental re-
sults (Figs. 4, 5, and 6), namely, besides the α-Fe phase, only the TiB2 
phase was detected without any other reaction products. In order to get 
deeper physical insight into the formation mechanism of the TiB2 phase, 
Scheil-Gulliver solidification calculation was also performed. Fig. 7b 
presents the evolution of the phase fractions with respect to tempera-
tures. Clearly, a solidification path: Liquid → Liquid(Fe) + TiB2 → Liquid 
(Fe) + TiB2 + BCC(Fe) is predicted. In other words, TiB2 phase prefer-
entially solidifies from the melt at the initial stage of rapid solidification. 

3.2.2. Equiaxed grains with random crystallographic textures 
In Section 3.2.1, a dual-phase structure containing both BCC-type 

α-Fe and HCP-type TiB2 phases are revealed and discussed. In this sec-
tion, we aim to understand the formation mechanism of equiaxed grains 
with random crystallographic textures. The EBSD results of the cross- 
sections perpendicular to the building direction (top-view) and along 
the building direction (side-view) are respectively shown in the left and 
right columns of Fig. 8. It is clear from the inverse pole figure (IPF) maps 
that the α-Fe grains exhibit equiaxed morphologies in both top and side 
views (Fig. 8a and b). Also, relatively coarser grains are found in the 
HAZs below the melt pool boundaries (highlighted by the dash lines in 
Fig. 8b), which is in agreement with the SEM microstructural observa-
tion in Fig. 5. Fig. 8c and d display the α-Fe grain size distributions of the 
top- and side-view cross-sections of the LPBF HMS sample, respectively. 
In the two planes, comparable average grain sizes of 450–460 nm are 
identified. Interestingly, the majority of α-Fe grains (> 98%) are ultra-
fine with sub-micron (< 1 µm) grain sizes. Both SEM and EBSD results 
verify that the ultra-fine equiaxed grains are prevalent in the LPBF HMS. 
Fig. 8e and f show the Kernel average misorientation (KAM) maps of the 
top-view and side-view cross-sections, respectively. Higher KAM values 
are identified at grain boundaries, as compared with those in the grain 
interiors. In general, high KAM values suggest large local mis-
orientations that are related to a significant accumulation of geometri-
cally necessary dislocations (GNDs) [65]. In the current study, the large 
number of TiB2 nanoparticles at the grain boundaries understandably 
results in a larger lattice strain. As a result, a high density of GNDs is 
present at grain boundaries to accommodate the local strain in-
compatibility. Furthermore, no distinct KAM values were observed in 
the top-view and side-view cross-sections, suggesting an overall uniform 
microstructure (Fig. 8g and h). 

In addition to the ultrafine equiaxed grains, we also note the random 
crystallographic textures, as indicated by the random grain colors in the 
EBSD IPF maps in Fig. 8a and b. To quantify the crystallographic texture, 
the pole figures of the α-Fe phase are extracted and are displayed in  
Fig. 9. Data is contoured by multiples of a uniform distribution (MUD), 
which is used as an indicator of the local texture intensity. MUD = 1 
corresponds to a random distribution of crystal orientations. The pole 
figures in both top- and side-views (Fig. 9a and b) verify rather random 
crystallographic textures, with a maximum MUD of only 1.68 and 1.81, 
respectively. Such random crystallographic textures in our LPBF HMS 
are highly desirable for many structural applications. This observation 
stands in contrast to many other AM metal alloys, where the directional 
thermal gradients during LPBF often favor the epitaxial growth of 
columnar grains associated with strong crystallographic textures [56,57, 
66]. Fig. 10a and b display the Taylor factor maps in both top- and 
side-views, where the lowest and highest values of M are shown in blue 

and red, respectively. The top- and side-views show similar average 
Taylor factor values of M ≈ 3.05 and 3.06, respectively (Fig. 10c and 
d), which indicate a nearly isotropic microstructure. 

The formation of ultrafine equiaxed grains with random crystallo-
graphic textures are believed to be closely related to the TiB2 nano-
particles. As revealed in Section 3.2.1, the TiB2 nanoparticles are 
preferentially formed at the initial stage of solidification. The TiB2 phase 
was reported to have a favorable crystallographic-orientation relation-
ship with the α-Fe phase, i.e., [0001]TiB2//[001]Fe and (1010)TiB2// 
(100)Fe [67,68]. The TEM characterization in Fig. 6 also confirms that 
the TiB2 are either spherical or slightly faceted, which is suggestive of a 
semi-coherent interface between the TiB2 nanoparticle and α-Fe matrix. 
In addition, Fig. S3 in the Supplementary Information shows the TEM 
images of the interface of the α-Fe and TiB2 which is accompanied by 
lattice misfit dislocations, also indicative of semi-coherent interfaces. 
Such specific crystallographic orientations allow the in situ formed TiB2 
nanoparticles in the melt pool to serve as effective heterogeneous 
nucleation sites for the solidification of α-Fe phase, and consequently, 
promote the heterogenous nucleation of equiaxed crystals in the solid-
ification front. Based on the classic solidification theory, the prevalence 
of equiaxed crystals in the solidification front would hinder the 
columnar grain growth, if any, and promote the columnar-to-equiaxed 
transition (CET). As such, the equiaxed grain morphology is formed. 
We also notice that the TiB2 nanoparticles are preferentially distributed 
at the grain boundaries (Fig. 5c-d), which can inhibit the growth or 
coarsening of α-Fe grains due to the Zener pinning effect [69]. 
Furthermore, the random orientation of individual nanoscale TiB2 
nucleation agents in the melt pool determines the random orientation of 
newly formed equiaxed α-Fe grains, contributing to the development of 
random crystallographic textures. Collectively, ultrafine equiaxed grains 
with random crystallographic textures are formed in our LPBF Fe-TiB2 
HMS. 

3.3. Mechanical behavior 

3.3.1. Mechanical properties 
Fig. 11 exhibits the quasi-static compressive engineering stress-strain 

curves of our LPBF Fe-TiB2 HMS along both transverse and longitudinal 
directions. In the former case, the loading direction (LD) is perpendic-
ular to the building direction (BD), while in the latter case, the LD is 
parallel to the BD. Table 1 summarizes the measured values of yield 
strength (σy), fracture strength (σf), fracture strain (εp), and Young’s 
modulus (E). Of particular interest, the LPBF Fe-TiB2 HMS exhibits 
exceptional and almost isotropic mechanical properties along the two 
different orientations with E ≈ 240 GPa, σy ≈ 1450 MPa, σf 
≈ 2000 MPa, and εp ≈ 20%, giving rise to a high specific stiffness of E/ 
ρ ≈ 34 GPa⋅cm3⋅g−1 combined with a high specific yield strength of 
207 MPa⋅cm3⋅g−1 and a specific compressive strength of 
272 MPa⋅cm3⋅g−1. The mechanical properties are superior to those of 
some conventional HMSs such as press-hardened 22MnB5 steel, which 
often shows a specific stiffness of ~27 GPa⋅cm3⋅g−1 and a specific yield 
strength of ~147 MPa⋅cm3⋅g−1 [70,71]. Additionally, the average 
hardness of our LPBF Fe-TiB2 HMS in side- and top-views were measured 
to be 383.6 ± 9.3 HV and 389 ± 5.1 HV, respectively. It is worth 
mentioning that the isotropic mechanical properties of our LPBF HMS 
stand contrast to many other AM metal alloys with severe mechanical 
anisotropy [56,57,72,73]. The isotropic mechanical properties of the 
LPBF HMS are largely attributed to the random crystallographic 
textures. 

3.3.2. Strengthening mechanisms 
To probe into the fundamental strengthening mechanisms of our 

LPBF Fe-TiB2 HMS, a quantitative estimate of the yield strength was 
performed. Owing to the isotropic microstructure and mechanical 
properties, here only the estimate of the yield strength along the 
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Fig. 8. EBSD characterization of LPBF HMS (a, b) IPF maps, (c, d) grain size distribution, (e, f) KAM maps, and (g, h) KAM distributions of (a, c, e, g) top- and (b, d, f, 
h) side-view cross-sections of the LPBF HMS. The building direction (BD) is shown with respect to the specimen coordinates. The KAM scale ranges from blue to red, 
representing 0–5◦ misorientation. 
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transverse direction was conducted. The yield strength (σy) of LPBF HMS 
can be estimated by considering the frictional stress (σ0), dislocation 
strengthening (ΔσD), grain-boundary strengthening (ΔσG), and Orowan 

strengthening (ΔσOrowan), as expressed by Eq. (9): 
σy = σ0 +ΔσD +ΔσG +ΔσOrowan (9) 

Fig. 9. Pole figures (PFs) of the LPBF HMS specimen. (a) top view. (b) side view.  

Fig. 10. (a, b) Taylor factor maps and (c, d) Taylor factor distributions for (a, c) top- and (b, d) side-view cross-sections of the LPBF HMS sample. The grains in the (a, 
b) Taylor factor maps are colorized to indicate the Taylor factor values. 
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where σ0 ≈ 50MPa represents the frictional stress of the α-Fe steel ma-
trix [74]. The LPBF HMS possesses a high density of dislocations, as 
indicated by EBSD KAM maps in Fig. 5e-f. The high dislocation density is 
believed to result from the large thermal residual stresses during LPBF, 
and these pre-existing dislocations would serve as obstacles for dislo-
cation motion, inducing the so-called dislocation strengthening [75]. 
The dislocation strengthening can be calculated from the following 
Taylor hardening law [76]: 
ΔσD = MαGbρ1/2 (10)  

where α is the dimensionless pre-factor (~ 0.24 for the BCC phase) [29], 
b = 0.248 nm is the magnitude of the Burgers vector, M is the average 
Taylor factor, G = 78 GPa is the shear modulus of the matrix [77], and ρ 

is the dislocation density. Here we use geometrically necessary dislo-
cations (GNDs) to roughly represent the overall dislocation density and 
the GND density can be calculated based on the average KAM value, 
using the following formula [78]: 

ρ = 2θKAM

xb
(11)  

where θKAM is the average KAM value (here, θKAM ≈ 0.0079 for the 
sample in the transverse direction). x is the unit length, x = 2 Px, where 
Px is the step size of the EBSD scan. Therefore, ρGND ≈ 1.05 × 1015 m−2, 
and thus, ΔσD can be determined to be ~ 385 MPa. The grain-boundary 
strengthening can be calculated from the Hall-Petch relationship as 
follows [79]: 
ΔσG = KHPd−1/2 (12)  

where KHP = 17.4 MPa mm1/2 represents the Hall-Petch coefficient 
[77], and d is the average grain size. Hence, the grain-boundary 
strengthening contribution is estimated to be 820 MPa. The Orowan 
mechanism operates if the nanoparticles inhibit dislocations, leads to 

bowing dislocations around particles and creates strengthening effect. 
The contribution from the Orowan strengthening mechanism can be 
calculated as [80]: 

Δσor =
0.4M

π
̅̅̅̅̅̅̅̅̅̅̅

1 − v
√ • Gb

L
• ln

̅̅

2
3

√

dp

b
(13)  

where 

L =
̅̅̅

2

3

√

dp

(
̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅

π

4vp

− 1

√
)

(14)  

and M is again the Taylor factor of 3.05, v denotes Poisson’s ratio (0.29) 
of α-Fe [81], L is the interparticle spacing, b = 0.248 nm is again the 
Burgers vector, dp represents the mean particle diameter (~ 98 nm), and 
vp is the volume fraction of the TiB2 particles (13%). The calculated 
strength from the Orowan-strengthening mechanism in the sample is ~ 
288 MPa. 

Altogether, the total yield strength from various strengthening 
mechanisms is ~ 1543 MPa for the transverse direction. The calculated 
results agree reasonably well with the experimentally measured yield 
stress of 1473 MPa. The difference between the calculated and experi-
mental values may be attributed to the overestimated Orowan- 
strengthening effect. In the present work, all the TiB2 nanoparticles (~ 
13 vol%) were used for the theoretical calculation of the Orowan 
strengthening. However, according to the Orowan-strengthening 
mechanism, the interaction between the dislocations in the matrix and 
dispersed reinforcement particles contributes to the strengthening. The 
TiB2 particles located at the grain boundaries (Fig. 5c-d) may not pro-
vide an Orowan-strengthening effect, thus generating the overestimated 
strength. 

3.3.3. Deformation micro-mechanisms 
To reveal the deformation micro-mechanisms of our LPBF Fe-TiB2 

HMS during compression, in situ synchrotron HE-XRD compression tests 
were performed. Fig. 12a shows the elastic lattice strain evolution versus 
applied stress in the loading direction for selected crystallographic 
planes of both α-Fe and TiB2 phases. Three stages can be clearly iden-
tified from the curve of the elastic lattice strain vs. the applied stress. In 
stage I, a linear response of the elastic lattice strain to the applied stress 
was observed for all crystallographic planes of both phases, indicative of 
elastic deformation occurring in both phases. Different slopes of various 
crystallographic planes of both phases result from elastic anisotropy. 
Notably, the elastic diffraction constants of the TiB2 phase are signifi-
cantly larger than those of the α-Fe phase, especially TiB2 – {100}, 
{110}, and {111} grains. Hence, the incorporation of the TiB2 nano-
particles into the α-Fe matrix leads to a high Young’s modulus. In stage 
II, the α-Fe crystallographic planes gradually yield, as evidenced from 
the decreased lattice strains. In this stage, the elastic lattice strains of 
TiB2 crystallographic planes also deviate from linearity but increase 
more rapidly. It is worth mentioning that in this stage, the TiB2 phase is 
still in the elastic region, and the sharp increases in the elastic lattice 
strains of the TiB2 crystallographic planes are due to the gradual load 
transfer from the α-Fe phase to the TiB2 phase. After macroscopic 
yielding (stage III), the elastic lattice strains of various crystallographic 
planes of both phases increase simultaneously. Yet, the elastic lattice 
strains of TiB2 crystallographic planes are much larger than those of α-Fe 
phase, manifesting that the TiB2 phase bears higher stresses than the 
α-Fe phase. To vividly demonstrate the real-time stress partition be-
tween the α-Fe and TiB2 phases, the phase-specific stress, σphase, was 
estimated, using Hooke’s law as follows: 
σphase = εphase • Ephase (15)  

where εphase is the phase-specific strain, and Ephase is the phase-specific 
Young’s modulus. Here for the α-Fe phase, the {211} crystallographic 

Fig. 11. Compressive engineering stress-strain curves of the LPBF HMS samples 
along transverse and longitudinal directions. 

Table 1 
Mechanical properties of the LPBF HMS sample along transverse and longitu-
dinal directions.  

Orientations Young’s 
modulus 
E (GPa) 

Yield 
strength 
σy (MPa) 

Compressive 
strength 
σf (MPa) 

Fracture 
strain 
εp (%) 

Transverse 241.6 ± 3.8 1473 ± 26 1937 ± 39 18.8 ± 3.1 
Longitudinal 238.3 ± 4.5 1421 ± 35 2032 ± 46 20.3 ± 2.6  
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plane was selected to represent the average behavior of the α-Fe phase 
owing to its relatively low asymmetry and insensitivity to the inter-
granular strain [82]. The TiB2 phase stress, σTiB2 , was then back calcu-
lated, based on the rule-of-mixture as follows: 
σTiB2

= (σapplied − σα−Fe • fα−Fe)
/

fTiB2
(16)  

where σapplied is the applied macroscopic stress, and fα−Fe and fTiB2 are the 
volume fractions of the α-Fe and TiB2 phases, respectively. The phase- 
specific stresses of both α-Fe and TiB2 structures as a function of the 
applied macroscopic true stress are plotted in Fig. 12(b). Clearly, in the 
elastic deformation region (region I), a slight stress partition is estab-
lished between both phases. With further straining (regions II and III), 
increasingly higher stresses are transferred from the softer α-Fe matrix to 
the harder TiB2 nanoparticles, leading to significant increases of the 
macroscopic flow stress, i.e., strain hardening effect, and thus a large 
plasticity and a high fracture strength. The good damage tolerance of 
our LPBF Fe-TiB2 HMS can be attributed to the in-situ reaction-induced 
good interfacial cohesion and the spherical, nanoscale, and homoge-
nously distributed TiB2 particles. In contrast to the TiB2 particles in the 
as-cast Fe-TiB2 HMS that are often deliberately added instead of by in- 
situ chemical reaction, our in-situ synthesized Fe-TiB2 HMS by LPBF 
expectedly possess a stronger interfacial cohesion between the matrix 
and the reinforcing particles, which helps increase the plastic deform-
ability around the interface and hence delay the interfacial de-bonding 
during loading [14]. Secondly, the ex-situ TiB2 particles in the as-cast 
Fe-TiB2 HMS are normally large and sharp-edged, and tend to cluster 
together, which could result in elevated stress concentration, damage 
percolation, and premature failure during loading [83,84]. In contrast, 
the TiB2 particles in our LPBF Fe-TiB2 HMS are spherical with an average 
size below 200 nm and are homogenously distributed, which help 
delocalize the strain during loading. As such, a good damage tolerance is 
expected for our LPBF Fe-TiB2 HMS. 

4. Conclusions 

In this study, Fe-TiB2 HMS was fabricated by LPBF of mixed powders 
of Fe, Ti, and Fe2B, which are commercially available. Standard single- 
track experiments followed by printing and analysis of bulk samples 
enabled us to determine the optimal printing parameters for this mixed- 
powder system. The phase constitution, microstructure, and mechanical 
behavior of the LPBF Fe-TiB2 composite HMS were studied and dis-
cussed. The important specific findings are summarized as follows:  

(1) The LPBF Fe-TiB2 nanocomposite HMS has a dual-phase structure 
containing a BCC α-Fe matrix and HCP TiB2 nanoparticles, as 
evidenced by HE-XRD, SEM, and TEM analyses. The changes in 

Gibbs free energy, ΔG, for each possible reaction and Scheil- 
Gulliver solidification pathway prediction concurrently demon-
strate that TiB2 nanoparticles preferentially solidify from the melt 
at the initial stage of rapid solidification.  

(2) The LPBF Fe-TiB2 HMS exhibits ultrafine equiaxed α-Fe grains 
with random crystallographic textures, as revealed by EBSD 
characterization. The formation of such an equiaxed grained 
microstructure is attributed to the in-situ formed TiB2 nano-
particles which can serve as effective heterogenous nucleation 
sites for the α-Fe grains and promote the columnar-to-equiaxed 
transition. 

(3) The LPBF Fe-TiB2 HMS exhibits excellent and isotropic mechan-
ical properties with a high elastic modulus of ~ 240 GPa, an ul-
trahigh yield strength of ~ 1450 MPa, and a large compressive 
plasticity of ~ 20%. Quantitative analysis indicates that the ul-
trahigh yield strength mainly originates from strengthening 
contributions of ultrafine grains of ~450 nm, nanoscale TiB2 
particles of 20–180 nm, and a high density of printing-induced 
dislocations of the order of 1015 m−2. In situ synchrotron HE- 
XRD reveals that the stress transfer progressively occurs from 
the α-Fe matrix to the stiffer and stronger TiB2 nanoparticles 
during loading, leading to significant increases in the macro-
scopic flow stresses, i.e., pronounced strain-hardening effect and 
thus high fracture strength. 
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