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HIGHLIGHTS GRAPHICAL ABSTRACT

« AlO,/SU-8 nanocomposite nanopillars
with core-shell structure were
synthesized by Vapor-Phase
Infiltration method.

« Core shell regions possess unique
interconnecting-particulate A umeracmots B A V‘Wa B N S

microstructures that cannot be
of Resilience

A: Polymer matrix, B: filler
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obtained by a conventional solution-
based method.

« Polymer-like Young’s modulus and
metal-like high yield strength lead to
a modulus of resilience close to its
theoretical upper limit.

« Negligible strain-rate dependence of Core-shell
modulus of resilience attributes to
the viscoelasticity of SU-8 with the
low degree of cross-linking.

« Our work provides an optimized
composite microstructural design
that can absorb a large amount of
elastic energy.
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panels, and micro-/nano-electromechanical actuators. In this study, core-shell SU-8 nanocomposites
were fabricated via vapor-phase infiltration of nanoscale amorphous aluminum oxides into SU-8 nanopil-
lars and performed transmission electron microscopy, nanomechanical testing, analytical modeling, and
atomistic simulations to gain a fundamental insight into the ultrahigh modulus of resilience much higher

ﬁg&ﬂﬂsgf resilience than that of most high-strength materials. This study shows that the ultrahigh modulus of resilience
Elasticity results from: the low aspect ratio of amorphous aluminum oxide nano-particulates; the particulate size

Nanocomposite thicker than the free volume size; and the thin aluminum oxide interconnecting links within nano-
Vapor-phase infiltration particulates. These unique microstructural features produce the unusual combination of low specific
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Young’s modulus (E), 4 MPa/(kg/m?), and high specific yield strength (o), 0.2 MPa/(kg/m?), leading to the

specific modulus of resilience, 5.21 + 0.39 k]/kg (o5 /(2E)) about ten times higher than materials with the
similar yield strength. This study demonstrates that vapor-phase infiltration is an excellent fabrication
method to produce a polymer nanocomposite that can absorb and release a large amount of elastic strain

energy.

© 2023 The Authors. Published by Elsevier Ltd. This is an open access article under the CCBY license (http://

creativecommons.org/licenses/by/4.0/).

1. Introduction

Modulus of resilience is the maximum strain energy density
stored in an elastically deformed solid before plastic deformation
occurs [1]. Achieving high modulus of resilience is desirable in var-
ious engineering applications. For instance, a material with a high
modulus of resilience can absorb a large amount of mechanical
work per given volume and can still be recovered to its original
state. Thus, it can provide great protection from external mechan-
ical work [2,3]. Also, artificial muscles in robots usually require a
high modulus of resilience because artificial muscles that store a
large amount of elastic energy can produce high-powered locomo-
tion [4-6]. Advanced flexible electronics panels also require a high
modulus of resilience because they require durability and flexibil-
ity simultaneously [7,8]. The modulus of resilience of isotropic lin-
ear elastic solids is defined as ¢2/(2E), where o, is the yield
strength and E is Young’s modulus, and the simultaneous achieve-
ment of high o, (durability) and low E (flexibility) corresponds to
high ¢}/(2E). In addition, actuators in micro-/nano-electro-
mechanical systems (MEMS/NEMS) often require a high modulus
of resilience to achieve efficient energy conversion and high detec-
tion sensitivity [9-11].

However, it has been challenging to design a material with a
high modulus of resilience. Because the yield strength and Young’s
modulus of most engineering materials usually scale together,
0%/(2E) does not increase significantly regardless of material class
[12]. Nonetheless, it has been considered that a polymer composite
would be a promising candidate material to achieve high modulus
of resilience because a polymer matrix can serve as a starting
material with a low Young’s modulus. If a compositization process
can improve the yield strength much more significantly than
Young's modulus, it would be possible to achieve a high modulus
of resilience. A composite model often shows that there are theo-
retical upper and lower bounds of Young’s modulus [13] and yield
strength [14] (Fig. 1(a) and (b)). Based on 67 /(2E), if Young’s mod-
ulus of polymer composites is close to the theoretical lower bound
(red line in Fig. 1(a)) but the yield strength is close to the theoret-
ical upper bound (red line in Fig. 1(b)), the modulus of resilience
can be maximized. Usually, the shape of the upper bound curve
is close to that of the linear mixture rule, and the shape of the
lower bound curve looks parabolic. If these two curves are inserted
into ¢7/(2E), the maximum modulus of resilience is expected to be
achieved at a certain large volume fraction of filler (fj i in Fig. 1
(<))

To obtain the high yield strength, it is usually better to have a
small-sized filler because its high surface-to-volume ratio pro-
duces a large total interfacial area (per volume) where the interfa-
cial interaction (or adhesion) makes plastic deformation more
difficult [15,16]. Thus, a polymer nanocomposite, which contains
nanoscale fillers, could be considered as a good candidate to
achieve high modulus of resilience due to the combination of high
matrix-filler interaction and low Young’s modulus of the polymer
matrix. However, it has been difficult to introduce a large volume
of nano-sized filler, for instance, over 30 % of volume fraction into
a polymer matriX (f giicq in Fig. 1(c)), without filler agglomeration,

which is detrimental to the mechanical properties of composites.
In the case of conventional solution-based compositization meth-
ods, fillers almost always tend to agglomerate due to the high
interfacial energy between filler and matrix. The agglomerated fil-
lers usually degrade the mechanical properties of composites
because it reduces the load bearing capacity of materials due to
the weak binding at the filler-filler contact as well as the incom-
plete adhesion between filler agglomerates and matrix. Therefore,
it is crucial to distribute nanoscale fillers uniformly into a matrix
material without their agglomeration [17-19].

Recently, vapor-phase infiltration (VPI), also known as sequen-
tial infiltration synthesis (SIS), has been developed as a new com-
positization method to create polymer nanocomposites [20-22].
The molecular diffusion of vapor-phase precursors into the solid-
state polymer network structure could distribute nanoscale metal
oxides much more uniformly than conventional solution-based
compositization methods. VPI techniques have been usually used
to control the functionality of polymer surface for applications in
microelectronics, energy storage, smart coatings, and smart fabrics
[23]. However, the preliminary study confirmed that the VPI of
amorphous aluminum oxide (a-AlOy) nano-particulates into the
SU-8 polymer matrix also produces polymer-nanocomposite
nanopillars and demonstrated a strong potential as a structural
material [24]. This work showed the possibility to fabricate
nanocomposites with superior modulus of resilience, but the
experimental data have been neither quantitatively understood
by using analytical composite models nor understood from the
perspective of nanoscale structures. Analytical composite models
allow us to evaluate and predict the mechanical properties of
nanocomposites in the wide range of the volume fraction of filler,
even up to the range that an experiment cannot access. Meanwhile,
atomistic simulation can probe the nanoscale origin of mechanical
behavior. Therefore, it is worthwhile to use both analytical model-
ing and atomistic simulation to gain a fundamental insight into the
processing-structure-property relation of the polymer nanocom-
posites. Furthermore, the internal nanostructure of nanopillars in
the previous study was inferred from an infiltrated thin film. To
relate the experimentally measured mechanical properties to the
internal nanostructure, it is important to perform a detailed
microstructural analysis, including compositional mapping
directly on the infiltrated nanopillars.

In this study, therefore, we conducted extensive experimental
and numerical studies on the internal nanostructural characteris-
tics of a-AlOy infiltrated SU-8 nanopillars to understand the funda-
mental origins of their exceptionally high modulus of resilience,
orders of magnitude higher than most engineering materials. The
high-resolution energy-dispersive X-ray spectroscopy (EDXS)
images of nanopillar cross-section confirmed that the infiltrated
nanopillar indeed has a core-shell structure where a-AlO, nano-
particulates were overall evenly distributed in the SU-8 matrix,
with some of them connected through ultrathin a-AlOy links. The
modified Halpin-Tsai (mHT) model [25], the modified Nicolais-
Narkis (mNN) model[26], and the Hashin-Shtrikman (HS) model
[13,14] revealed that the Young’s modulus of the infiltrated layer
is close to the HS lower bound while the yield strength of the infil-
trated layer is close to the HS upper bound, leading to the ultrahigh
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Fig. 1. Schematic diagram of (a) Young’s modulus (E); (b) yield strength (o,); (c) modulus of resilience (R) of polymer composites as a function of volume fraction of
reinforcement filler. The maximum possible modulus of resilience can be achieved at the critical volume fraction of filler, f; s, Which corresponds to a relatively large

volume fraction.

modulus of resilience as described schematically in Fig. 1. In addi-
tion, molecular dynamics (MD) simulation results explain the crit-
ical roles of particle size and the degree of cross-linking (DC) of SU-
8 matrix in the strain rate dependence of mechanical properties of
nanocomposites. The quantitative analysis in this study provides
an important insight into understanding the high modulus of resi-
lience of polymer nanocomposites prepared by VPI. The results
clearly show that the infiltration of nanoscale metal oxides into a
polymer matrix via VPI is an excellent method for producing poly-
mer nanocomposites with high modulus of resilience, which will
be greatly beneficial for developing a reliable mechanical protector,
high-powered artificial muscles in robotics, strong-but-flexible soft
electronics panels, and ultrahigh-sensitive sensors in MEMS/NEMS
applications.

2. Method
2.1. SU-8 nanopillar patterning and Vapor-Phase infiltration

The entire SU-8 nanopillar arrays patterning process was done
by using a 100 kV JEOL JBX-6300FS electron-beam lithography sys-
tem. SU-8 2002 (MicroChem) was diluted first and was spin-cast
on the Si substrate under the speed of 2000-5000 rpm. Then, the
sample was baked for 1 min at 65 °C (hot-plate baking) and was
baked for another 1 min at 95 °C (soft baking). Electron-beam pat-
terning with an exposure dose of 20 pC/cm? and 300 pA beam cur-
rents was followed, and the array of nanopillars was formed by
cross-linking. The post-exposure SU-8 was baked for 1 min at
90°C and then emerged in the propylene glycol monomethyl ether
acetate (PGMEA) for 10 min to remove the SU-8 that were not
cross-linked. Finally, the pattern of the SU-8 array was fully purged
by isopropanol and dried by blowing N,. The diameter and the
height of the final SU-8 nanopillar are 300 nm and ~1 pm,
respectively.

AlOy-infiltrated core-shell SU-8 composite nanopillars were
produced by the vapor-phase infiltration (VPI) method at 85 °C
using the microdose protocol [27]. Using a conventional atomic
layer deposition (ALD) system (Cambridge NanoTech, Savannah
$100), the patterned SU-8 nanopillar arrays on a Si substrate were
first exposed to vapor-phase organometallic Al precursor,
trimethylaluminum (TMA, Sigma-Aldrich), by repeatedly dosing

TMA vapor (14 msec pulsing duration) every 0.5 min for 20 times
(thus, the total exposure time of 10 min (30 sec x 20)) under static
vacuum (i.e., the chamber was isolated from a vacuum pump; pres-
sure below 100 Torr), allowing TMA infiltration into the polymer
matrix. This was followed by the nitrogen chamber purging (20
sccm) under dynamic vacuum for 10 min to remove unreacted
TMA from the polymer matrix, completing the first half VPI cycle.
Then, the TMA-infiltrated SU-8 nanopillars were similarly exposed
to water vapor for 10 min via the microdose protocol (30 sec x 20;
pulsing duration of 40 msec) under static vacuum
(pressure ~ 20 Torr) followed by 10 min nitrogen purging to com-
plete the first AlOy VPI cycle, leading to the conversion of pre-
infiltrated TMA to a-AlOy. VPI with 4, 8, 12 cycles were done on
the SU-8 nanopillars.

A quartz-crystal microgravimetry (QCM) system (Colnatec) was
installed in the ALD chamber to measure the mass gain to calculate
the volume fraction of a-AlOy during the VPI process. Spin-cast
more than 1 pum thick SU-8 film was done on the AT-cut quartz
crystal (Philips Technologies, 6 MHz resonant frequency) which
is Au-plated and has a diameter of 14 mm. The film was then soft
baked and followed by exposure to ultraviolet (UV) light for 5 min
in an N, environment (American Ultraviolet Co.) for cross-linking.
After properly cross-linked, post-exposure baking was processed.
The resonance frequency change was recorded during the VPI pro-
cess and was transformed to mass gain results by the Sauerbrey
equation. The sensitivity factor here is 81.2 Hz ug'cm?.

2.2. Microstructural and mechanical characterizations

The microstructure details were studied by cross-sectional
high-resolution transmission electron microscopy (TEM) (Talos™,
200 kV, ThermoFisher). TEM samples were prepared by focused
ion beam (FIB) technique (FEI Helios) with a Pt protective layer
deposited on the surface of the film. The high-angle annular dark
field (HAADF) imaging and energy dispersive X-ray spectroscopy
(EDXS) mapping were utilized to identify the distribution of
infiltrated-AlOy in SU-8 polymer nanopillars.

The mechanical properties of SU-8 polymer composite nanopil-
lars were characterized by a NanoFlip™ (KLA, USA) which was
installed in a field-emission scanning electron microscope (SEM)
(JSM-6335F, JEOL, Japan). A diamond flat punch tip was used to
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compress the nanopillars. The nanopillars were compressed at con-
stant nominal displacement rates of 10, 100, and 1000 nm/s (10~
2571 10's™!, and 1 s '), respectively and the corresponding
stress—strain curves were obtained from the load-displacement
data. Note that the strain rate dependence has not been studied
before. The whole deformation process was recorded in-situ to
confirm that no error was made in the mechanical measurement.
Young’s modulus was determined by using the linear fitting on
stress—strain data at the initial stage of deformation. Because
stress-strain curve is not perfectly linear, the strain value (&) that
has the maximum slope (do/de) was determined first. Then, the
linear fitting was done between 0.9¢y,s and 1.1¢,s. Once Young's
modulus is determined, the 1 % offset of plastic strain was used
to determine yield strength.

2.3. Fullerene-reinforced SU-8 polymer atomic model

Here, fullerene was used instead of a-AlOy particulate to reduce
the computational cost. If a-AlOy particulate is used, MD simula-
tion will need to compute the position and velocity of all Al and
O atoms, most of which do not interact with SU-8 molecules. Full-
erene has a much smaller number of atoms, but its high stiffness
and weak interaction with SU-8 molecules can mimic the role of
a-AlOy particulate in the nanocomposite.

A cross-linked and fullerene-reinforced SU-8 polymer model
was computationally generated on account of a multi-step cross-
linking scheme. Taking 50 % DC SU-8 polymer filled with the vol-
ume fraction of 5 % C20 fullerene particles as an example, reactive
atoms are first assigned to two SU-8 monomers (SU-8-1 and SU-8-
2). Here, the end carbon atoms, and oxygen atoms of the epoxide
groups are set to the reactive atoms of SU-8-1 and SU-8-2 mono-
mers, respectively. Then employing a 10 x 10 x 10 nm® cubic box
along x, y, and z-direction, 205 SU-8-1 monomers, 205 SU-8-2
monomers, and 289 C20 particles are packed into a 3D-periodic
amorphous cell in which SU-8 monomers and C20 particles can
move randomly in a box, and there are 1640 potential reaction
sites in the total system (eight sites for each SU-8 monomer).

Next, geometry optimization and 5 annealing cycles are per-
formed for equilibrating the packed system with periodic bound-
ary conditions in all directions. During the whole equilibration
process, constant pressure and constant temperature are con-
trolled by the Andersen barostat and the Nose-Hoover thermostat,
respectively. After the equilibration process, the SU-8 model is
polymerized by applying a cross-linking criterion to achieve a tar-
get DC and remove the possible geometric distortions. As the cross-
linking reactions are usually performed for the SU-8 model at an
ascended temperature, a similar equilibration process is applied
to relax the structure at the risen temperature before conducting
cross-linking reactions. The temperature is set up at 368 K to
match the temperature of the fabrication process of SU-8 samples.
At each cross-linking step, the distance between the available reac-
tive atoms is first calculated, and then possible reactive atoms sit-
uated in the current cutoff are identified. The initial cutoff distance
is set to be 4.5 A with an increment of 0.5 A, and the maximum cut-
off distance is set to be 14.0 A. When the reactive atoms are deter-
mined, the epoxide groups consisting of those discerned reactive
atoms are open. Virtual elastic springs are developed between
those reactive atoms within the opened epoxide groups at a given
cutoff distance. Those discerned reactive atoms are then pulled
together under the virtual elastic springs to develop cross-links
when the distance between those reactive atoms is short enough
(less than 0.147 nm). After the cross-links are formed, the unre-
acted atoms are compensated with hydrogen atoms for the open
epoxide groups. After each cross-linking step, the geometric con-
figuration is updated by adding new bonds, angles, dihedral angles,

Materials & Design 227 (2023) 111770

and improper angles into the cross-linked structure. Geometry
optimization and 5 annealing cycles are further performed for
the new geometric configuration to alleviate geometric distortions.
After that, the next cross-linking step continues to be carried out
until the DC reaches 50 %. When the DC is satisfied, the cross-
linking simulation stops further epoxide groups breaking and bond
formation, eventually building up a fullerene-reinforced SU-8 poly-
mer. Besides, a short equilibrium process is conducted to cool
down the developed cross-linked structure until room temperature
is achieved. During the cross-linking process, partial charges are
also updated to obey the charge neutrality and force field assign-
ment. Finally, structure optimization and 40 annealing cycles are
performed for the built SU-8 polymer.

2.4. Model systems for MD simulations

The focused SU-8 polymer systems in this study include pure
SU-8 polymers with different DCs and fullerene-reinforced SU-8
polymers with different filler sizes and volume fractions. Six differ-
ent DCs are considered for pure SU-8 polymers, such as 20 %, 30 %,
40 %, 50 %, 60 %, and 70 %. For fullerene-reinforced SU-8 polymer,
50 % DC is employed for all simulation systems. Then, nine size fil-
lers are studied, such as C20, C36, C60, C84, C180, C240, C320,
C540, and C720, corresponding to a radius of 0.346 nm,
0.417 nm, 0.494 nm, 0.551 nm, 0.707 nm, 0.777 nm, 0.855 nm,
1.018 nm, and 1.121 nm, respectively. Additionally, the initial
and final volume fractions for different filler types are listed in
Table S4. Here, the final volume fraction of filler is determined
based on the equilibrium configuration of MD simulations.

2.5. MD simulations process for mechanical metrics

All MD simulations are conducted using the Large-scale Atomic/
Molecular Massively Parallel Simulator (LAMMPS) package [28].
Interaction potentials involving fullerene particles and SU-8 poly-
mer are characterized by polymer consistent force field (PCFF)
[29-31]. PCFF is a verified second-generation force field, which
has been parameterized for organic compounds and widely applied
to describe materials’ mechanical properties, compressibility, elas-
tic constants, and so on. Non-bonded interactions, including L] and
Coulomb potentials, are defined as:

9 6
— e |2(%) _3(% 9i9;
Unonbonded = 81] |:2 (rij> 3 (nj) :| + C 8rij (12)

where rj is the distance between atoms i and j, ¢; denotes the depth
of the L] potential well between two atoms, g; and g; denote the
charges of atoms i and j, respectively. ¢;; represents the interatomic
distance at which the L] potential gives the minimum value. C
defined as a unit conversion factor and ¢ is a dielectric constant.
The interaction potentials between different types of atoms are cal-
culated using the six-power mixing rules[32]:

i’ jj
Van der Waals interactions are truncated smoothly with a cutoff
of 10.0 A. Particle-particle particle-mesh (PPPM) solver with a force
tolerance of 10~ is used to calculate the long-range electrostatic
interactions.

Before performing mechanical properties, simulation systems
are equilibrated first using a 21-step MD equilibration protocol
[33]. Based on the obtained equilibrium configuration, a relaxation
time of 500 ps continues to be performed under the NPT ensemble
at 300 K and 0.0 MPa. Using the NEMD simulation after equilibra-
tion, an improved stress-strain loading process [34] is employed to
compress the system along the z-direction at 300 K with a time
step of 0.2 fs. The z-dimension within the simulation box was

1 1
& = \/ﬁgjzﬁ.ﬁ (rg + rj‘}.)z and o; = 2% (O'g + 61-6}-)6. Electrostatic and
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diminished during each loading stage in a Noj¢;T ensemble until
an approximate engineering compressive strain of 30 % was
achieved. Meanwhile, the system keeps at 0 MPa along
both x and y directions during the loading process, allowing their
dimensions to free change to meet the Poisson’s effect. Two stain
rates are employed for pure SU-8 polymers and fullerene-
reinforced SU-8 polymer systems, including 108 s™!, and 5 x 10®
s~!. Their mechanical metrics, elastic modulus (E), and yield
strength (o,) are then extracted based on the obtained stress-
strain curves.

3. Results
3.1. Microstructure of SU-8 nanocomposites

Core-shell SU-8 nanopillars were produced via VPI (Fig. 2) (See
also Method Section). The TEM specimen in this study was fabri-
cated directly from an infiltrated SU-8 nanopillar that underwent
12 VPI cycles. Cross-sectional energy dispersive X-ray spectroscopy
(EDXS) mapping was performed for different elements (Fig. 3). Sig-
nals for Al element confirm ~50 nm infiltration depth from the side
surface of the nanopillar (Fig. 3(a)). Therefore, the TEM results con-
firm that the nanocomposites have a core-shell structure that con-
sists of a pure SU-8 core with ~200 nm in diameter and a ~50 nm-
thick infiltrated shell. Al and additional O exhibit nearly identical
shape of concentration profile within the infiltrated region (Fig. 3(-

Electron Beam

(@)

Organometallic Pulse
>

>

y > .
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b)-3(d)), which also supports the formation of AlO, via VPI inside
the SU-8 matrix.

Note that the SU-8 matrix is expected to have a significantly
large free volume compared to other polymers due to the cage-
like open structure of the SU-8 monomer (~1 nm size curved
shape, the inset of Fig. 2(a)). Because it is difficult to characterize
free volume dimensions experimentally, MD simulation was per-
formed to investigate the free volume structure by controlling
the degree of cross-linking and minimizing the total energy of
the system (See also Method Section). The results showed that
the SU-8 matrix contains plenty of free volume channels ~0.4 nm
in width and a few nm in length regardless of the degree of cross-
linking (See also Supplementary Information). The free volume
channel of the SU-8 matrix would allow the diffusion of TMA and
water molecules into the SU-8 matrix. The high-resolution TEM
image and its Fast Fourier Transform pattern confirm that there
is no crystallinity (See also Supplementary Information), imply-
ing that AlO, appears to be amorphous (a-AlOy).

The high-resolution nanoscale EDXS mapping images show
more details of the microstructure, which shows a homogenous
and dense distribution of AlOy nano-particulates in the polymer
matrix (Fig. 4(a) and 4(b)), corroborating that VPI successfully cre-
ated a uniform and dense distribution of a-AlOy nano-particulates
with almost no agglomeration. Interestingly, many clusters are
interconnected by the ultrathin a-AlOy structure (indicated by the
green arrows in Fig. 4(c)). The observed AlOy interconnects between

(b)

Al
o CH:
P e 0O
< 4% H
D %&’ o OH
)
B
)
> /ZO
o )
Vapor-Phase Infiltration Ysg
P~
/ .

A -

b o
A
¢ Reaction
i, ———————
is

b-

o

Fig. 2. (a) Schematic illustration of the preparation of a-AlOx-infiltrated SU-8 nanopillar by combining electron-beam lithography and vapor-phase infiltration (VPI). Inset
shows the structure of SU-8 monomer, which has the cage-like open structure with ~1 nm in width (b) SEM images of a-AlOy-infiltrated SU-8 nanocomposite nanopillar

array; (c) high magnification image of nanocomposite nanopillar.
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Fig. 3. Cross-sectional EDXS composition map of nanopillar with 12 infiltration cycles for (a) Al (b) O elements, and the corresponding composition profile of (c) Al and (d) O
elements (scanned along the red dash lines). The infiltration depth is ~ 50 nm. (For interpretation of the references to colour in this figure legend, the reader is referred to the

web version of this article.)

~50 nm

(@)

(c)

Fig. 4. High resolution EDXS mapping images of Al element in the infiltrated layer. (a) the lowest, (b) intermediate, and (c) the highest magnification. The green arrows
indicate the interconnection between nano-particulates, and the orange arrow indicates the nanoscale hair emanating from nano-particulates. These unique features can be
found in many other nano-particulates. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.)

clusters most likely have been formed through channels among free
volumes due to the open network structure of the SU-8 matrix. Pre-
viously, it has been shown that the metal oxide VPI, specifically ZnO,
in SU-8 was mediated via residual solvent molecules (blue region in
Fig. 5) with reactive moieties (such as C=0 bond) that could interact
with infiltrating Zn precursor, diethylzinc (DEZ). [20] Since both

TMA and DEZ are Lewis acids, the reaction mechanism of TMA with
SU-8 is expected to be similar to that of DEZ with SU-8. The forma-
tion of a-AlOy in the SU-8 matrix during VPI should start on this
basis, and the network should continue to grow through the chan-
nels among the neighboring free volume sites (Fig. 5), leading to
interconnected nano-particulates.
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Fig. 5. Schematic diagram of the formation process of nano-particulates and its interconnection. The region surrounded by the red broken line indicates the free volume. The
blue region corresponds to un-cross-linked SU-8 region with the residual solvent molecules. This region serves as a nucleation cite of nano-particulates. [20] The green arrows
indicate interlink between nano-particulates, and the magenta arrows indicate the terminated links. (For interpretation of the references to colour in this figure legend, the

reader is referred to the web version of this article.)

3.2. Micromechanical data

The representative engineering stress-strain curves were
obtained from pure SU-8 nanopillars and AlOy-infiltrated core-
shell nanopillars with 4, 8 and 12 VPI cycles and at different strain
rates (Fig. 6) (See also Supplementary Information). Increasing
cycles of VPI increases both yield strength and Young’s modulus
simultaneously. To study the effects of infiltration quantitatively,
the volume fraction of AlOy filler needs to be measured. Since the
in-situ quartz-crystal microgravimetry (QCM) system measures
the amount of mass gain during VPI cycles (See also Supplemen-
tary Information), the volume fraction (f) of a-AlOy filler in the
infiltrated layer could be determined by the following equation:

Mo,

Paiox - Vinfi =
where My, is the mass gain of a-AlOy recorded by the in-situ QCM,
Pao, 1s the density of amorphous AlOj filler (~3000 kg/m?) and Vi
is the volume of the infiltrated layer. Note that only for the mass
gain measurement, the SU-8 thin film sample had to be used
because a nanopillar array is too small to absorb the measurable
total mass of a-AlOy. The calculation shows that the volume fraction
of a-AlOy in the infiltrated layer reaches up to 32 % for 12 infiltration
cycles and 44 % for the 16 infiltration cycles in the previous study.
[24] Both values are surprisingly high, compared to the typical
value of polymer nanocomposites (less than 10 %[35-38]), most of
which also show the significant agglomeration of fillers. Thus, the
VPI can introduce an exceptionally large volume fraction of nanos-

cale oxide fillers uniformly into the infiltrated layer with almost no
agglomeration.

Young’s modulus (Fig. 7(a)-(c)) and yield strength (Fig. 7(d)-(f))
were obtained as a function of a-AlO, volume fraction in the infil-
trated layer and strain rate, respectively. Here, the yield strength
was obtained based on 1 % offset yield strength. The large error
in Young's modulus could result from the error in displacement
rate caused by the PID-feedback loop, but the random nature of
this error does not affect the average value much. Both Young's
modulus and yield strength increase with the volume fraction of
filler. For the high infiltration cycles, for instance, 12 cycles, the
core-shell nanocomposites exhibit metal-like high strength (371.
13 + 10.58 MPa) but foam-like low Young’s modulus (7.66 + 0.35
GPa). Both Young’s modulus and yield strength increases with
strain rate, but the modulus of resilience is relatively insensitive
to the strain rate (Fig. 7(g)-(i)).

3.3. Interphase models for the evaluation of mechanical performance

A theoretical model for analysis could provide a useful pathway
to describe the relationship between the infiltrated layer’s Young’s
modulus as well as its yield strength and the filler volume fraction,
so as to achieve the modulus of resilience estimation for any speci-
fic filler volume fraction. Based on the presence of a-AlOy nano-
particulates, the particulate composite model could be the best
approximation that describes the mechanical properties of the
infiltrated layer. Then, the mechanical properties of core-shell
nanopillars can be estimated by using the isostrain model because
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Fig. 6. Representative engineering stress-strain curves tested under the nominal strain rate of (a) 102 s! (b) 10" s™!, and (c) 1 s~'. The numbers (0, 4, 8, and 12) correspond

to the number of infiltration cycle.
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Fig. 7. Mechanical data as a function of volume fraction. Young’s modulus under the strain rate of (a) 102 s~ ! (b) 107" s7!, and (c) 1 s~ . Yield strength under the strain rate of
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infiltrated layer as the x-axis value instead of the volume fraction of a-AlOy in the entire volume of pillar to be consistent with the other figures that contain mechanical
properties of both composites and infiltrated layer as a function of the volume fraction of a-AlOy in the infiltrated layer.

the loading direction is parallel to the infiltrated layer on the side
surface.

Zare modified the original Halpin-Tsai (mHT) model [39] by
materializing the interfacial interaction effect by introducing a
hypothetical phase between nanoparticle and matrix, and this
phase is termed as ‘interphase’ [25]. In this model, interphase
parameters are just the fitting parameters that combine all addi-
tional contributions to mechanical properties, such as adhesion
between filler and matrix, local matrix distortion, and chemical/
structural mixing between filler and matrix. The structural mixing
between filler and matrix could be particularly important because
some a-AlOy nano-particulates possess the interconnecting links
(or its terminated form) between nano-particulates. Thus, we
assume that a AlO, nano-particulate consists of nanoparticle and
interphase which is the structural mixture of SU-8 matrix and AlOy
nanoscale link.

The mHT model expresses Young’s modulus of composite (Ec)
with the following relation:

Ec 1 + 211,f + 2nif;

= _ 2

Ev  1-nf-nf @
Ep 4 i,1

where 7, :EL“;{ and #; :Eﬂf#. Em and Ep in the Eq. (2) are the
Ey e Byt

Young’s modulus of the matrix and fillers, respectively.E; and f;
are Young’'s modulus and volume fraction of interphase, respec-
tively, and f; is calculated by [(%)3 — l]f, where R is the radius
of the filler, t is the thickness of the interphase and f is the volume
fraction of nanoparticles. { is two times the aspect ratio of filler and

is 2 for a spherical particle, which is approximately the case of this
study. This mHT model (Eq. (2)) can provide the analytical expres-



Z. Li, . He, A. Subramanian et al.

sion of Young’s modulus of the infiltrated layer as a function of vol-
ume fraction of a-AlOy filler (such as Fig. 1(a)).

Furthermore, the yield strength of particulate composites can
be predicted by the modified Nicolais-Narkis (mNN) model, which
also includes the same interphase concept[26], which incorporates
all additional strengthening components into the interphase
strength (o0;). The mNN model utilizes interfacial parameter ‘a’,
which is a function of g}, to describe the degree of interfacial inter-
action between fillers and matrix, and the equation is expressed as:

Gc=0nm (1 - aﬁ) (3)

where . and ¢, are the yield strength of the composite and matrix,
respectively. The effective interaction helps transfer a portion of the
load from the matrix to fillers so that strengthens the whole mate-
rial. In this case, the value of ‘a’ becomes the negative number, and
o, increases. If the interphase is available, ‘a’ can be calculated as:

i 121 | R+’ 0 ((R+t)2>

(4)

R? Om

where ¢; is the yield strength of interphase. Note that R and t must
be the same in both the mHT model and mNN model.

In the mHT and the mNN model, the three unknown parameters
are the mechanical properties of interphase (E; and g;) and the
thickness of interphase (t). These parameters can be obtained by
fitting Eqs. (2) and (3) into the experimental data. Because these
two models describe the mechanical properties of the infiltrated
layer only and do not include the contribution of the SU-8 core.
Thus, this isostrain core-shell model was used to fit into the exper-
imental data of core-shell nanopillars. Due to the relatively weak
chemical interaction between a-AlOy nano-particulate and SU-8
matrix (chemical bonding occurs only at the residual solvent
regions, the blue region in Fig. 5), the interphase thickness may
not be larger than the radius of a-AlOy, particulate. Then, the differ-
ent ratio of t/R between 0 and 1 was assumed with 1/10 of resolu-
tion. Also, if a filler grows as VPI cycles increase, the filler-matrix
interaction will increase. Thus, the power law form of
Ei = C1V;"GPa and o; = C,V;"MPa was used as the first order of
approximation of the monotonic increase in E; and a;. Here, the
exponents, m and n, describe how sensitive Young’s modulus and
yield strength are to the volume fraction of filler, respectively.
With this model set up, the numerical calculation discovered that
t=1 gives approximately the best fitting  with

-
Ei = (7.466V,°""*)GPa and g, = (693.7V,°*""* ) MPa.

With the obtained fitting parameters, it is now possible to esti-
mate Young’s modulus (Fig. 8(a)) and yield strength (Fig. 8(b)), and
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the modulus of resilience (Fig. 8(c)) of the infiltrated layer (blue
dash line) and the core-shell composite (red line) as a function
of volume fraction of filler in the infiltrated layer. Both curves show
that the maximum modulus of resilience is obtained at around
36 % of the volume fraction of filler, which is close to the volume
fraction of the highest experimental value (Fig. 8(c)). This result
confirms theoretically that the infiltrated layer of the sample
already reached the maximum possible modulus of resilience
under the used synthesis conditions. Interestingly, a further
increase in the volume fraction of filler decreases the modulus of
resilience. This is primarily because Young’s modulus increases
much more rapidly than the yield strength at a higher volume frac-
tion of filler (Fig. 8(a) and 8(b)). This result is exactly consistent
with the hypothesis (Fig. 1). Therefore, the optimum volume frac-
tion of filler is present for the highest modulus of resilience of a
given composite system.

Note that a polymer nanocomposite has a much lower density
compared to metals or ceramics. Thus, it is worthwhile to compare
the modulus of resilience per mass density, which is called the
specific modulus of resilience. The excellent specific modulus of
resilience of the core-shell nanopillars can be highlighted when
the data are plotted in the modified Ashby Chart of specific
strength vs specific modulus (Fig. 9). The modified Ashby
Chart shows that the core-shell nanopillars of this study exhibit
an ultrahigh specific modulus of resilience (5.21 + 0.39 kJ/kg) and
occupy the white space, implying that it exhibits a unique combi-
nation of high specific strength and low specific modulus. It is also
possible to extract the specific modulus of resilience of the infil-
trated layer (6.28 + 0.58 kJ/kg) by using the isostrain model. It
was found that the specific modulus of resilience of the infiltrated
layer is almost the same as that of the core-shell nanocomposite.
For the fully infiltrated nanocomposite, the increase in mass den-
sity compensates the increase in modulus of resilience, which
allows a core-shell nanocomposite to have a similar specific mod-
ulus of resilience to the fully infiltrated layer. This result implies
that full infiltration is not always necessary for achieving the high
modulus of resilience.

3.4. Upper and lower bounds of Young’s modulus and yield strength

In the previous section, the mechanical performance of core-
shell nanocomposite was evaluated by comparing the fitted data
and the experimental data. The mHT and mMN models allowed
us to find the maximum modulus of resilience, but this evaluation
is valid only under the given synthesis condition. It is also worth-
while to compare the data with their theoretical values, which can
be achieved in the idealized composite structure. The Hashin-
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Shtrikman (HS) model[13,14] is based on the variational principle
of elasticity theory for linear and isotropic materials and has been
extensively used to obtain the theoretical upper and lower bounds
of Young’s modulus and yield strength of composites with no inter-
facial interaction. The HS model predicts the lower bounds of bulk
modulus ‘K;’ and shear modulus ‘G;’ as:

f
K=Ky +————57- (5)
Ko—Ky T 3Ky+4Gy
f
G =Om + G nkar2ce 6)
Gr—Gm T 5Gy(3Ky+4Gy)

and the upper bounds of bulk modulus ‘Ky’ and shear modulus ‘Gy’
as:

1 _
Ky = Kp + % (7)
Ku—Kp T 3Kp+4G;
f
G = Gp +— & Kp1267) (8)
Cu-Cp T 5G,(3Kp+4Gp)

where f is the volume fraction of fillers. Ky and Gy are the bulk and
shear moduli of matrix, respectively, and Kp and Gp are the bulk and
shear moduli of reinforcing particles, respectively. K and G can be

calculated by the relation of E and Poisson’s ratio v: K = 5355, and
G = 5£—, where Young’s modulus (Ey) of the matrix is set as 2

2(1+vy
GPa, which is in agreement with the experimental result obtained
from the stress-strain data (Fig. 7(a)). And the Young's modulus
(Ep) and Poisson’s ratio (vp) of fillers and Poisson’s ratio (vy) of
matrix are used as 173 GPa, [40] 0.24[41] and 0.26, [42] respec-
tively. Then, the lower and upper bounds of E were calculated by

Ei = 5¢4% and Ey = 53 %, respectively.
The HS model also provides analogous upper (o) and lower

(o1) bounds for yield strength:

3fop 2(1-f) om\’
+3+2(1—f)JH 3 []‘(a_p” @)

On = 5(1-f)om
"T3%2(0-)
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and the lower bound of yield strength as:

oL =0y 1+ 1.5f

where op is the yield strength of the strong phase and gy is the
yield strength of the weak phase. The final upper bound of the mod-
ulus of resilience is obtained by using the upper bound of yield
strength and the lower bound of Young’s modulus as suggested in
Fig. 1. All curves are plotted with the corresponding experimental
data points (Fig. 10). Results show that the experimental Young's
modulus is slightly higher than the lower bound but much lower
than the upper bound (Fig. 10(a)). The experimental yield strength
is almost the same as the upper bound (Fig. 10(b)). These results
show that the nanocomposites indeed have the unusual combina-
tion of low Young’s modulus and high yield strength, which is
extremely difficult to achieve in most material systems. This should
be the reason why the experimental modulus of resilience of
nanocomposites occupies the white space in the modified Ashby
Chart (Fig. 9).

(10)

4. Discussion
4.1. Low Young’s modulus of nanocomposites

The equation of the mHT model (Eq. (2)) shows that Young’s
modulus of a particulate-filled composite is mainly the function
of the aspect ratio and the volume fraction of filler. Thus, the effect
of the aspect ratio of filler on Young’s modulus of the nanocompos-
ites was examined (Fig. 11(a)). The mHT model shows that as the
aspect ratio increases, Young’s modulus increases significantly.
Also, it is worthwhile to note that for the volume fraction between
0 % and 44 % (the experimental range), Young’s modulus with the
aspect ratio of unity (the composite of this study, the black broken
line in Fig. 11(a)) is close to the lower bound of the HS model,
which corresponds to the theoretical minimum of Young’s modu-
lus of the composite. Therefore, the dominant factor that enabled
the low Young’s modulus of the nanocomposite is the low aspect
ratio of a-AlOy fillers nano-particulates. Similar results have been
observed in other studies of fiber composites with a different
aspect ratio of fibers [43].

However, there is a small difference between Young’s modulus
of nanocomposite (black broken line) and the lower bound of the
HS model. This difference increases as the volume fraction of filler
increases. The HS model assumes no interaction between filler and
matrix, but a real composite always has some degrees of interfacial
interaction, which is either physical or chemical. In the case of this
study, the contribution of chemical interaction to Young’s modulus
could be weak because chemical bonds are formed only between
liquid-like uncross-linked SU-8 regions (blue region in Fig. 5) and
a-AlOy fillers as in the case for ZnO-infiltrated SU-8 [20]. The chem-
ical bonds that are connected to the soft liquid-like regions should
not contribute to Young’s modulus much. Thus, the physical inter-
action between the a-AlOy filler and SU-8 matrix produces the dif-
ference between the experimental data and the HS lower bound
primarily. For VPI, the volume fraction of the filler can also be
interpreted as the size of the filler because the filler grows as the
infiltration cycle (or the volume fraction of the filler) increases.
Based on TEM analysis, the size of filler for 12-16 cycles is around
2-3 nm, which appears to be larger than the width of the free vol-
ume channel of SU-8 (~0.4 nm in width and a few nm in length
based on MD simulation data, See also Supplementary Informa-
tion). This means that the physical interaction between a-AlOy par-
ticulate and SU-8 matrix could increase due to the continuous free
volume occupation as the VPI cycle increases.

To test the effect of filler size, MD simulation was also per-
formed with a fullerene filler, which mimics an a-AlOy particulate
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and allows us to reduce the computational cost due to the small
number of atoms of fullerene (See also Method Section). The
MD simulation results support the hypothesis on the stronger
effect of the larger filler size on Young’s modulus. The simulated
stress—strain data show that a larger filler enhances Young’s mod-
ulus more effectively than a smaller filler (Fig. 12(a) and 12(c)). In
MD simulation, before mechanical testing, the energy minimiza-
tion process moves most small fullerenes into free volume chan-
nels because this reduces the total potential energy by
minimizing the matrix distortion. Then, at high-volume fractions,
the agglomeration of small fullerene molecules in the free volume
channels is unavoidable and reduces the load transfer capability
significantly due to the weak interaction between fullerenes and
the incomplete contact between fullerene agglomerate and matrix
(See also Supplementary Information). If a filler becomes larger
than the free volume, however, all these large fillers are not
squeezed into the narrow free volume region. Instead, they will
try to stay separately in the matrix. As a result, this uniform distri-
bution of large fillers enables the large contact area and the effec-
tive physical interaction between filler and matrix. This is the
reason for the higher Young’s modulus at the high volume fraction
of large fullerenes in MD simulation results and for the higher
Young’s modulus than the HS lower bound (Fig. 11(a)).

In the mHT model, it is possible to control the degree of inter-
facial interaction by adjusting the interphase Young’s modulus

11

(E;) and the interphase thickness (t). E; and t were decreased with
the same ratio and confirmed that Young’s modulus of composite
approaches toward the HS lower bound (Fig. 11(a)). In sum, the
low Young’s modulus of nanocomposite results primarily from
the low aspect ratio of nanoscale filler, but Young’s modulus is
slightly higher than the HS model within the experimental range
of volume fraction of a-AlO, because of the physical interaction
at the interface between a-AlOy filler and SU-8 matrix at the higher
infiltration cycle.

4.2. High yield strength

The analysis shows that the yield strength of the nanocompos-
ites is close to the upper bound of the HS model. This is quite sur-
prising because it is usually difficult to get the HS upper bound of
mechanical properties with particulate-type fillers. The upper
bound of mechanical properties could be obtained from the isos-
train model, where a long fiber (or layer) is vertically aligned along
the loading direction. Particulate composites usually produce yield
strength between lower and upper bounds. Therefore, additional
microstructural features, which cannot be found in conventional
polymer nanocomposites, are required to bring the yield strength
up to the upper bound of the HS model.

First, the effect of interphase on yield strength phenomenolog-
ically from the mNN model needs to be evaluated by controlling
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the degree of interfacial interaction by adjusting the strength of
interphase (o;) (Fig. 11(b)). One interesting observation is that
the effect of interphase on yield strength seems to be much stron-
ger than that of Young’s modulus. The interphase yield strength is
reduced with the same scale (1/2 and 1/5), which was used to see
the effect of interphase on Young’s modulus (Fig. 11(a)). The yield
strength of composites decreases significantly from the upper
bound to the lower bound of the HS model. In the mHT model, E;
appears in both numerator and denominator in the expression of
n; so the change in E; makes a relatively weak contribution to
Young’s modulus of the composite. However, g; appears only in
the numerator in the expression of a. So, o; makes a strong influ-
ence on the yield strength of the composite. Due to the growth
of filler, the filler-matrix physical interaction increases as the vol-
ume fraction of filler increases, leading to a more effective load
transfer at a higher volume fraction of filler (equivalently, the large
size of filler). This is all enabled by the characteristics of VPI that
grows nanoscale a-AlOy particulate fillers in the SU-8 matrix, par-
ticularly throughout its free volume.

MD simulations were performed to investigate the effect of fil-
ler size on yield strength (Fig. 12(d)). A larger fullerene improves
yield strength more effectively. Similarly with Young’s modulus,
a large filler size enables more physical interaction between filler
and matrix, which leads to an effective increase in yield strength
with the volume fraction of filler. Interestingly, the MD results
show that the filler size affects yield strength more than Young’s
modulus (All other MD data are also available in Supplementary
Information). The largest (C720) fillers show a 7.5 % higher
increase in Young’'s modulus than the smallest (C20) fillers
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(Fig. 12(c)), but a 46.2 % higher increase in yield strength than
the smallest (C20) fillers (Fig. 12(d)). The stronger effect of filler
size on yield strength must be related to the fundamental differ-
ence between plasticity and elasticity of polymer. Under compres-
sion, the plastic deformation of polymers usually occurs via the
double kink formation or buckling in polymer chains based on
the Argon theory, [44]| which shows the critical stress of double
kink formation as:

45u I
8(1—-v) (2)
where p is the shear modulus, v is the Poisson’s ratio, r is the molec-
ular radius of the polymer chain, and z is the length of the polymer
chain. In the case of this stuy, due to the large monomer size and the
relatively short chain length, it is difficult to form a double kink.
Instead, local buckling of chains can still occur frequently. MD sim-
ulations revealed that the two sp?-sp> bonds of benzene ring can be
easily rotated, leading to local buckling and re-configuration of
chain structures under a stress (See Fig. 13 and Supplementary
Movie). Double-kink formation is basically the combination of
two buckling events. Thus, the critical stress of single buckling
event could be around the half of Eq. (11), and the similar physical
interpretation can be applied to a composite.

Based on Eq. (11), this double kink formation or buckling is
directly related to the shear modulus of the polymer matrix, which
must be scaled by Young’s modulus of the polymer matrix. This
part cannot explain the faster increase in yield strength because
Young’s modulus of polymer matrix itself does not change with
compositization due to no chemical mixing between matrix and

T= (11)
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Fig. 13. MD simulation snapshots of the plasticity process in SU-8 matrix. Rotation of benzene ring (blue-colored) along sp2-sp3 bonds allows the local buckling and
significant re-configuration of chain structure, leading to the permanent motion (plasticity) of SU-8 chain. Two un-colored benzene rings in snapshots correspond to two red
benzene rings in the schematic diagram. The corresponding Supplementary video shows the sudden buckling event due to the rotation of blue benzene ring. (For
interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.)

filler. The presence of a-AlO, nano-particulates also does not affect
the molecular radius (r) of the polymer chain. However, a-AlOy
nano-particulates could effectively reduce the length of the poly-
mer chain because they can serve as an additional anchor in the
middle of the polymer chain. The critical stress of buckling is inver-
sely proportional to z8, and the power of 6 means that the length
reduction of polymer chain segments could increase the yield
strength of composites significantly. Anchoring effect of a large fil-
ler must be more effective than that of small filler because a large
filler is more mechanically stable compared to a small filler which
moves easily around in a free volume channel. Although the plas-
ticity of SU-8 is related to local buckling event, its elasticity is the
volumetric response of atomic bonds and the collective (recover-
able) motion of polymer chains under thermodynamic driving
force. In this case, the size of the filler is a weak factor, but the vol-
ume fraction of the matrix and filler determines Young’s modulus
of composites more dominantly. For this reason, the yield strength
could be more affected by the size of filler (Figs. 7 and 12).

The anchoring effect could be more effective when the particu-
late size is larger, but the particulate size itself is not enough to
explain the high value of g; near the upper bound of the HS model
because the yield strength of most particulate polymer composites
is almost always in between the lower and upper bound of the HS
model. [14] Thus, there must be another microstructural feature
that can enhance the anchoring mechanism effectively and that
cannot be easily seen in conventional solution-based nanocompos-
ites. The STEM EDXS mapping analysis (Fig. 4(c)) shows that many
fillers are connected by thin a-AlOy links. These interconnecting
links are believed to be formed through the channel among free
volume spaces (indicated by the green arrow in Fig. 5). These a-
AlOy links could impact the yield strength significantly because
they can immobilize the larger volume of SU-8 matrix. This
mechanical locking reduces the length (z in Eq. (11)) of the single
polymer chain more effectively. This picture is also consistent with
the VPI mechanism during which after the initial infiltration cycle,
the following infiltration cycles proceed through the interaction of
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infiltrating precursors (e.g., TMA) with the inorganic inclusion,
especially its hydroxyl group, created in the previous infiltration
cycle through, thus creating a network of inorganic inclusions pen-
etrating the polymer molecular matrix. [20] In addition, as dis-
cussed in the previous section, the distortion of matrix is
expected to occur due to filler size being larger than the free vol-
ume size. The distorted part of matrix could be denser due to com-
pressive residual stress, which could make the motion of polymer
chains more difficult. At a higher volume fraction of large filler, the
compressive residual stress could not be negligible everywhere in
the SU-8 matrix and could produce the additional resistance to the
buckling event because the motion of polymer chains is more
restricted by other neighbor chains.

The interphase strength (o;) in the mNN model is, in fact, the
fitting term that includes all additional strengthening effect other
than the effects of particulates. Because the additional effect of
interconnecting links and the distorted matrix is included into
the interphase strength term and significantly improves the yield
strength of nanocomposites, the power value of the volume frac-
tion of the interphase strength (0.2718) is higher than that of the
interphase Young’s modulus (0.1218) in their power laws. As the
volume fraction increases, more interconnecting links will grow,
and the matrix distortion will be more significant. Then, the yield
strength is more strongly affected by the filler volume fraction than
Young’s modulus. Overall, the results lead to a notion that the
effects of filler size, which are related to the filler-matrix interac-
tion, and thin interconnecting links between nano-particulates
and the matrix distortion could result in a significant increase in
yield strength, even enabling the yield strength to be nearly close
to the upper bound of HS model. Note that, a-AlOy interconnecting
links and the matrix distortion can be only obtained by the VPI
method because fillers grow in a free volume channel. These
unique features cannot be obtained by conventional solution-
based compositization methods, which form a polymer matrix
after the insertion of fillers.
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4.3. The weak effect of strain rate on the modulus of resilience

Experimental data of modulus of resilience (Fig. 7(g)-6(i)) exhi-
bit a relatively weak dependence on strain rate (Fig. 7(g)-6(i)). In
other words, the nanocomposites can keep a high modulus of resi-
lience regardless of strain rate, and this is beneficial for a high
strain rate application, such as artificial muscle or impact protec-
tor. The weak effect of strain rate on modulus of resilience results
from the stronger effect of strain rate on Young's modulus (E) than
that on yield strength (o) according to the experimental data
(Fig. 7(a)-6(f)). The faster increase in E than o, makes oﬁ/(ZE) rel-
atively constant.

The strain rate dependence of Young’s modulus of polymeric
materials is strongly related to viscoelasticity. As a demonstration,
the cyclic test with the nominal force amplitude of 0.005 mN and
the strain rate of 50 s—! obtained tans = 1.71, which implies that
the SU-8 matrix is strongly viscoelastic at high strain rate (See
Supplementary Information). Viscoelasticity of polymeric materi-
als is usually affected by the degree of cross-linking. [45-47] To
understand the effect of cross-linking on mechanical properties
of polymer nanocomposites, MD simulations were performed with
the systematic control of the degree of cross-linking systematically
by changing the percentage of cross-linked points from the initial
SU-8 chain structure (See Method Section). The MD simulation
results show that both yield strength and Young's modulus
increase as the percentage of cross-linked points increases, but
they show the different strain rate dependence (Fig. 14). Particu-
larly at a low percentage of cross-linked points (<50 %), Young’s
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modulus shows the strong strain rate dependence (Fig. 14(c)),
but yield strength is relatively insensitive to the strain rate
(Fig. 14(d)). The previous study confirmed that a SU-8 matrix
includes non-cross-linked regions (blue region in Fig. 5), which
could promote the nucleation of nano-particulates. [20] Also, sev-
eral studies showed that the full cross-linking in SU-8 polymer can
be achieved by the high temperature (~240 °C) hard baking or the
high exposure dose of electron beam during electron-beam lithog-
raphy. [48] Note that SU-8 nanopillars were baked only around
90 °C, which is significantly lower than the baking temperature
of the full cross-linking condition. The low baking temperature
indicates that SU-8 nanopillars in this study could have the rela-
tively low degree of cross-linking, which leads to the higher strain
rate dependence of Young's modulus as shown in experimental
and MD data (Fig. 7(a)-6(f)).

The effect of strain rate on yield strength and Young’s modulus
can be explained by their fundamental difference in deformation
mechanism. If the degree of cross-linking is low, the average length
of un-cross-linked chains is longer. Because buckling could occur
easily in a longer chain, the Argon theory could be the appropriate
model to explain the yield strength of polymer with a low degree
of cross-linking. Based on the Argon theory, the yield strength is
determined by the critical stress of the double-kink formation or
buckling at the structurally weakest spot. In this case, the value
of stress at the weakest spot is more important than the rate of
stress increase (or strain increase). Regardless of strain rate, once
the stress level reaches the critical stress of buckling, plastic defor-
mation could immediately occur. However, the elastic deformation
of polymers is mostly the volumetric response because the average
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Fig. 14. MD simulation results of uniaxial compression test on pure SU-8. MD simulation stress-strain curves with different cross-linking degrees under the strain rate of (a)
108 s7! and (b) 5x108 s~ '; (c) Young’s modulus and (d) yield strength as a function of percentage of cross-linked points under different strain rate.
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motion of polymer chains under the thermodynamic force (en-
tropy change) controls the elastic deformation of polymers. It
always takes some time for polymer chains to re-configure their
arrangement via thermal vibration under a given stress. Thus, elas-
tic deformation is strongly strain-rate-dependent.

If the degree of cross-linking is high, however, Young’s modulus
could show a weaker dependence on strain rate because Young’s
modulus of tightly interconnected polymer structure is controlled
by the atomic bonding more than the thermodynamic force. As an
extreme case, ceramics or metals exhibit a much weaker strain rate
effect on Young’s modulus because Young’s modulus is controlled
completely by atomic bonding, whose elastic response is almost
not affected by the strain rate. MD data also show that at a high
degree of cross-linking, the yield strength begins to be strain-
rate-dependent. Here, we think that the Argon theory does not
work anymore because too high stress could be required to cause
buckling in a short polymer chain. Then, the yield strength could
be not determined by the local deformation but by the collective
plastic deformation of tightly interconnected polymer structure.
It could take some time to re-arrange the group of tightly con-
nected polymer chains to produce the plastic flow. Therefore, the
effect of strain rate on Young's modulus and yield strength can
be opposite based on the degree of cross-linking.

Note that MD simulation results are not the same with experi-
mental data. This is most likely because the SU-8 structure of MD
simulations may not be identical to the structure of the real SU-8.
Also, the strain rate of MD simulations is too high (the order of
108s~1). It is extremely difficult for MD simulation to mimic the
experimental conditions. However, the simulation results qualita-
tively agree with the experimental observation in that the strain
rate effect on Young’s modulus is stronger than that on yield
strength, providing an important physical insight into understand-
ing of experimental results in terms of the degree of cross-linking.

5. Conclusion

In this study, AlO,/SU-8 core-shell nanocomposite nanopillars
were synthesized via VPl method and confirmed that the
nanocomposites exhibit an unusual combination of low Young’s
modulus and high yield strength. The relationship between the
unique composite microstructure and the ultrahigh modulus of
resilience of the nanocomposites was investigated by performing
nanoindentation, transmission electron microscopy, analytical
modeling, and MD simulations. The major findings are shown as
follows:

e TEM analysis revealed that the nanopillar composites have a
core-shell structure with a ~50 nm thick infiltrated outer layer
and a pure SU-8 core with 200 nm in diameter, and the a-AlOy
nano-particulates are dispersed evenly at nanoscale.

At 12 infiltration cycles, the AlO,/SU-8 nanocomposites exhibit

the metal-like high yield strength (371.13 £ 10.58 MPa) but the

polymer-like low Young’s modulus (7.66 + 0.35 GPa), leading to
the exceptionally high modulus of resilience (9.02 + 0.67 MJ/

m?) and specific modulus of resilience (5.21 + 0.38 kJ/kg). Ana-

lytical composite models confirm that the modulus of resilience

of the nanocomposites is close to the maximum possible value
that can be achieved under the given synthesis conditions.

e The low Young’s modulus of nanocomposites could result from
the low aspect ratio of a-AlOx nanoparticulate. The high yield
strength could result from the physical interaction between
particulate and matrix due to the particulate size larger than
the free volume size. Ultra-thin a-AlOy interconnecting links
between nano-particulates enhance anchoring effect, which
leads to yield strength close to its theoretical upper bound.
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¢ Uniform distribution of a-AlO, nanoparticulates with ultrathin
interconnecting links cannot be achieved by conventional
solution-based compositization methods.

¢ A stronger dependence of Young’s modulus on strain rate than
that of yield strength leads to the modulus of resilience value
relatively insensitive to the strain rate, which could be due to
the low degree of crosslinking in SU-8 polymer matrix.

The results of this work can be useful to improve the sensitivity
of MEMS mass sensors. The sensitivity of a MEMS cantilever mass
sensor is closely related to the modulus of resilience. The higher
the modulus of resilience of cantilever, the high the sensitivity is.
If VPI is applied to the existing sensor, its sensitivity can be
improved significantly. [11] In addition, VPI can be used simply
to strengthen the surface of SU-8 MEMS components. Because
VPI does not impact the volume much, the surface of the entire
SU-8 MEMS structures could be strengthened through VPI process.
This will improve the surface hardness or the wear resistance of
the SU-8 MEMS components.
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