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A B S T R A C T   

Enhancing both strength and ductility simultaneously in commercial alloys at an industrial scale remains a 
challenging task. In this study, we have demonstrated a simple heat treatment method to achieve a hetero
structure with coarse and ultra-fine lamellar α precipitates in a common titanium alloy, Ti-5Al-5Mo-5V-3Cr-1Zr. 
Guided by computer simulations, we successfully attained microscale concentration modulations in the β-phase 
matrix using up-quenching of a duplex microstructure consisting of a globular primary α phase (αp) and β matrix 
to dissolve the αp phase rapidly and leave residual concentrations. We subsequently applied aging treatments to 
create finely dispersed regions of coarse and ultra-fine α precipitates embedded in the β matrix by activating 
different phase transformation mechanisms. Compared to the commercial alloy that has a homogeneous lamellar 
structure, the heterostructured alloy we produced exhibits a 6% increase in ultimate tensile strength and a 
remarkable 130% increase in elongation. The outstanding ductility of the heterostructured alloy is attributable to 
its unique microstructure design, which prevents strain localization and allows full activation of dislocation and 
twin deformations in the coarse and ultra-fine α regions. Meanwhile, the high strength of the alloy can be 
attributed to the enhanced back stress effect induced by strain partitioning of the heterostructure. Our study 
demonstrates a simple and effective method for creating bulk heterostructures in precipitation-hardened alloys at 
an industrial scale, leading to substantially improved strength and ductility.   

1. Introduction 

The design of alloys with a synergistic combination of strength and 
ductility is still a daunting challenge to the materials science and engi
neering community [1–3]. In recent years, heterostructured materials, 
defined as materials composed of regions with significantly different 
physical and mechanical properties, have attracted much attention [4]. 
Its ability to obtain superior mechanical properties by the ordered su
perposition of these different property regions (Such as soft plastic 

coarse grains and hard ultra-fine nano-grains), the comprehensive per
formance exceeds the prediction of the rule of mixtures [5,6]. These 
superior mechanical properties are mainly based on the synergistic 
strengthening effect between the different regions, i.e., 
hetero-deformation induced strengthening and work hardening. Spe
cifically, under tensile loading, the soft region of the coarse grains de
forms preferentially, and dislocations accumulate and form strain 
gradients at the interface (the interface between the soft and hard re
gions) due to being confined by the surrounding hard region [7,8]. The 
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strain gradient from hetero-deformation will generate back stresses in 
the soft region and forward stresses in the hard zone. The generation of 
back stresses will contribute to the strengthening of the soft region, 
while the forward stresses contribute to the yielding and deformation of 
the hard region, which will contribute to the strength and ductility of the 
alloy, respectively. Clearly, the size, geometry and distribution of the 
heterogeneous regions will be key to the properties of the alloy, yet it is 
not easy to design customized and controlled combinations of hetero
geneous regions, which usually involve elaborate preparation and pro
cessing approaches. For example, various heterostructures such as 
gradient structures with different grain sizes [9], heterogeneously 
layered structures [10], nanoscale solute undulation [11,12] and har
monic structures [13,14] have been created in recent years by using 
various innovative processing techniques, including surface grinding 
treatments [9], multi-pass asymmetric rolling [10], pulsed electrode
position [11] and spark plasma sintering [13]. However, these sophis
ticated processing methods are either limited to small scale laboratory 
demonstrations or being able to produce heterostructured specimens 
only in micron-scale, and difficult or impractical to be realized in 
large-scale commercial manufacturing of bulk heterostructured alloys 
[15,16]. 

In this study, we demonstrate a simple and efficient method to 
fabricate heterostructure in a commercial titanium alloy, Ti-5Al-5Mo- 
5V-3Cr-1Zr (Ti-55531, in weight percent), which is a high-strength ti
tanium alloy used in landing gears of Boeing-787 and Airbus-380 air
liners [17–21]. Guided by phase field microstructural simulations, 
heterostructured alloys with coarse and ultra-fine lamellar α precipitates 
are designed and successfully fabricated by using a simple three-step 
heat treatment. We first produce a duplex microstructure consisting of 
globular primary α (αp) precipitates + β matrix by annealing a forged 
alloy in the α + β two-phase region of the phase diagram. We then 
up-quench the alloy to above the β-transus and isothermally hold for a 
short period of time to dissolve the αp precipitates structurally but do not 
allow the solutes to homogenize, producing α stabilizer rich and α sta
bilizer lean regions. We finally bring this compositionally modulated 
single phase β back into the α + β two phase region to activate both the 
nucleation-and-growth mechanism and the congruent structural trans
formation mechanism for lamellar α precipitation during isothermal 
holding. Compared with the conventional alloy having homogeneous 
lamellar structures, our heterostructured alloy exhibits a 6% increase in 
the ultimate tensile strength (UTS) and 130% increase in elongation. The 
enhanced strength and ductility could be attributed to the strengthening 
of the grain boundaries (GBs) by the unique microstructure design and 
the strain gradient associated with the structural gradient in hetero
structures effectively eliminates the strain localization. Such a three-step 
heat treatment can be readily implemented in industrial practice for 
large-scale production and is applicable to a variety of 
precipitation-strengthened bulk alloys. 

2. Method 

2.1. Simulation method 

We simulate the microstructure evolution of the Ti-55531 alloy 
during the two-step heat treatment process with the phase field method. 
The initial microstructure of the alloy is a duplex microstructure 

contains globular αp phase and β matrix, which are easily obtained in 
experiments by conventional thermal processing and heat treatment. In 
step 1, the alloy is up-quenched to β region (920 ◦C) for 300s, 500s, and 
1000s, respectively, to dissolve structurally the globular αp phase, but 
the holding times are too short to allow the solutes to homogenize, 
leaving composition modulations of different amplitudes in the β matrix. 
In step 2, the compositionally modulated alloys are isothermally aged at 
600 ◦C for 1000s to obtain different heterostructures. 

In our phase field model, the Ti-55531 alloy used in our experimental 
study was described using a pseudo-binary Ti-Mo system due to the lack 
of reliable thermodynamic and kinetic databases for the Ti-Al-V-Mo-Cr- 
Zr-Fe system. Specifically, we utilized the molybdenum equivalency 
(Mo-eq) (Eq. (1)) to represent the alloy, which preserves the phase 
stability of the alloy [22]. Therefore, the phase-field simulations pre
sented in our manuscript serve only as a proof-of-concept guide for the 
experiment, as they capture the transformation kinetics of solute redis
tribution via long-range diffusion relative to the structural trans
formation by short-range diffusion. According to the following formula, 
Ti-55531 alloy can be simplified to Ti-9Mo (in weight percent). 

MoE = 1.0(wt.%Mo) + 0.67(wt.%V) + 0.44(wt.%W) + 0.28(wt.%Nb)

+0.22(wt.%Ta) + 2.9(wt.%Fe) + 1.6(wt.%Cr) + 1.25(wt.%Ni)
+1.70(wt.%Mn) + 1.70(wt.%Co) − 1.0(wt.%Al)

(1) 

The chemical-free energy curves of the β and α phases in this pseudo- 
binary system at different temperatures obtained from the PANDAT 
thermodynamic database are shown in Fig. 1. A conserved order 
parameter, i.e., the concentration field (c), and 3 non-conserved struc
ture order parameter fields, ηp (p = 1~3) are introduced in the phase 
field model to characterize the α+β microstructure in two-dimensions 
(2D). The total free energy of the system is formulated as a functional 
of the concentration and structural order parameter field as the 
following [23]:   

Fig. 1. The chemical-free energy curves of α and β phases for Ti-Mo binary 
alloys at various temperatures and the corresponding C0 compositions. 
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where, the ηp represents structural order parameter of the pth α variants 
(similarly, ηq represents the qth α variant), and cMo denotes the concen
tration of Mo. h(ηi) is an interpolation function which links a smooth 
connection of the free energy curves between structural order parame
ters and concentration [24]. 

h(η) = η3(
6η2 − 15η + 10

)
(3)  

w1 and w2 are the surface hump height among different α variants and 
between β and α phases, respectively. κ and ε characterize the gradient 
energy coefficients for concentration and structural field, respectively 
[9]. The chemical free energy expressions for the α and β phase as 
functions of composition and temperature, denoted as gα(cMo,T) and 
gβ(cMo,T) respectively, have been derived based on the free energy 
curves depicted in Fig. 1. The C0 compositions are 8.75 wt.% Mo, 5.72 
wt.% Mo and 2.53 wt.% Mo at temperatures of 600 ◦C, 700 ◦C and 
800 ◦C, respectively. it is important to note that there is no C0 point 
identified at 950 ◦C. 

The contribution of elastic energy to the total free energy is closely to 
temperature. If the temperature above 800 ◦C, the elastic energy is 
negligible due to the assumption of the uncoherent boundary [25]. If the 
temperature below 800 ◦C, the coherent boundary is assumed in our 
simulations, and the elastic energy as a nonnegligible term in solid state 
phase transition can be derived according to Khachaturyan-Shatalov 
theory as follows: 

Eelastic =
1
2
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Where Cijklis the stiffness tensor, εT
ij (p) is the stress-free transformation 

strain of the pth variant, and σT
ij(p) = CijklεT

kl, [Ω( n→)]
−1
ik = Cijklnjnl[Ω( n→)]. 

The value of stress-free transformation strain for the three equivalent 

variants in 2D simulations on the (111) plane can be derived from the 
lattice constants [26], burgers orientation relationship [27] and sym
metry operations. 
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The microstructural evolution of structure and concentration diffu
sion can be obtained by solving two partial differential equations: Allen- 
Chan (AC) and Chan-Hilliard (CH) for structure field and concentration 
field respectively. 

∂cMo

∂t
= ∇

(

M∇
δF

δcMo

)

+ ξc (6)  

∂ηp

∂t
= −L

δF
δηp

+ ξη (7)  

Where L stands for the structural mobility(ηP) and M stands for the 
chemical mobility (cMo). ξc and ξη are the Langevin force terms used to 
simulate thermal fluctuation [28]. 

2.2. Experimental method 

A commercially available Ti-55531 alloy is used in this study. The 
chemical composition of the alloy is 5.2Al, 5.3 V, 5.1Mo, 2.8Cr, 1.1Zr, 
0.3Fe, 0.02C, 0.002H, 0.11O, 0.003 N and 0.08Si,all weight percent. The 

Fig. 2. Schematic diagram of variation of α phase precipitation mechanisms as a function of alloy composition. (a) Schematic diagram of the free energy curves of the 
α and β phases as a function of β stabilizer concentration. When the alloy composition is located to the left of the critical point (C0) (the red concentration region), 
congruent β→α structural transformation (the red arrow) takes place, followed by solute partitioning, leading to an ultra-fine α precipitate microstructure (b). When 
the alloy composition is located on the right of the C0 point and close to it (i.e., the green composition range), thermal fluctuations will bring some local compositions 
across the C0 point (see one of the green arrows), and the precipitation follows the so-called pseudo-spinodal decomposition mechanism, leading to a fine α pre
cipitate microstructure (c). When the alloy composition is on the right side of the C0 point and far away from it (e.g., the blue composition range), α precipitation will 
follow the classical nucleation-and-growth mechanism, leading to a relatively coarse α precipitate microstructure (d). (e–f) When a composition modulation is present 
in the β matrix (e), different precipitation mechanisms will operate simultaneously, resulting in a gradient precipitate microstructure (f). 

D. Wu et al.                                                                                                                                                                                                                                      



Acta Materialia 257 (2023) 119182

4

β-transus temperature is 830±5 ◦C using the metallographic method. 
According to the simulation results, a three-step heat treatment is 
designed for the alloy to obtain heterostructure, as shown in Supple
mentary Fig. 1. Since the αp phase in the as-received forged alloy has not 
yet been globularized, an additional heat treatment step is required to 
globularize the αp phase. Step 1: the alloy is annealed in the α+β two- 
phase region (800 ◦C) for 90 min to obtain globular αp + β matrix. 
Step 2: up-quenching to the single β phase region (920 ◦C) and 
isothermally hold for short time (3, 5 min) to transform structurally the 
globular αp phase to β phase, but maintain the solute partition in the two 
phases. Because a complete homogenization of solute elements requires 
a solution time more than 30 min at 920 ◦C. In step 3: the composi
tionally modulated alloys are aged at 600 ◦C for 120 min to obtain the 
heterostructures and, as comparison, a fully homogenized alloy (solu
tion treatment at 920 ◦C for 30 min in Step 2) is also aged at 600 ◦C for 
120 min to obtain the homogeneous structure. In this study, the area 
fractions of the coarse and ultra-fine α phase regions are determined 
using the square-counting method. Subsequently, the thickness distri
bution of the lamellar α phase within these regions is calculated by 
measuring the length after scribing. The obtained thickness distributions 
are then multiplied by their corresponding area fractions to calculate the 

frequencies of different thicknesses. Furthermore, the phase fractions of 
the lamellar α and β phases are obtained using the dot-counting method. 
This method allows for the determination of the relative proportions of 
these phases within the microstructure. 

The heat-treated alloys are processed into dog-bone like samples, and 
tensile tests are carried out at the room temperature. The size of the 
uniform part of the tensile sample is 20 mm × 3.5 mm × 1.5 mm, and the 
stretching rate is 1 mm/min. Tensile tests were performed on MTS 810 
system, and each set of specimens was tested at least three times. SEM is 
used to characterize the microstructures of heterostructured and ho
mogeneous alloys before and after the tensile fracture. TEM is used to 
characterize the deformation microstructure. The TEM samples were 
first polished to 60 μm with SiC sandpaper, and then thinned in 
TENUPOL-5 electrolytic thinning instrument with a voltage of 25 V and 
a temperature of minus 25 ◦C. The TEM characterization of this study is 
performed on Titan G2 60–300 with a working voltage of 300 KV. The 
SEM characterization is performed on TESCAN MIRA3 LMH with an 
acceleration voltage of 15 KV and a working distance of 15 mm. The 
composition of the phantom αp and β phase is measured on a JEOL JXA- 
8230 electron probe micro-analysis (EPMA) with parameters of 15 kV 
and 20 nA. 

Fig. 3. Calculated α precipitate morphology designed by two-step heat treatment. (a) The initial microstructure of Ti-9Mo binary alloy contains globular αp phase 
and β matrix. In Step 1: (b-d) the alloy is up-quenched to β phase region (920 ◦C) for t*=300s (b), t*=500s (c) and t*=1000s (d), respectively. The αp phase is 
dissolved but the concentration distribution is retained, and the solute elements gradually diffuse evenly with the increase of the solution time. In Step 2: (e-p) the 
binary systems are aged at 550, 600 and 650 ◦C for t*=1000s, (e, i, m) bimodal microstructure contains globular αp and lamellar α phase, (f, j, n) heterostructure 
contains significantly different coarse and ultra-fine α plates, (g, k, o) heterostructure contains coarse and fine α plates, (h, l, p) homogeneous α plates. The color 
figures describe the structural field (red, green and blue colors represent three variants of the α precipitates, and the dark blue color describes the β phase). The black- 
gray figures describe the concentration field (black represents α precipitates, gray represents β phase, and dark gray represents residual concentration in β phase). 
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3. Results and discussion 

3.1. Variation of precipitation mechanisms with composition in α+β Ti 
alloys 

The designed heat treatment schedule to prepare the hetero
structured titanium alloys is based on multiple precipitation mecha
nisms, which vary with alloy composition. As illustrated in Fig. 2a, when 
the alloy composition is located on the left side of a critical point (C0), a 
congruent β→α structural transformation takes place. The critical point 
C0 represents the composition where the α and β phase free energy 
curves intersect (within the red composition range in Fig. 2a). Because of 
the relatively large precipitation driving force and no need for solute 
partition, the congruent structural transformation creates ultra-fine α 
precipitates (Fig. 2b) [22,29]. When the alloy composition is located on 
the right side of the C0 point and close to C0 (e.g., the green composition 
range in Fig. 2a), thermal fluctuations will make certain local compo
sitions across the C0 point and activate the congruent β→α structural 
transformation, followed by solute partitioning, leading to fine α pre
cipitates (Fig. 2c). This is the so-called pseudo-spinodal decomposition 
mechanism [26,30]. When the alloy composition is on the right side of 
the C0 point and far away from it (e.g., the blue composition range in 
Fig. 2a), the β→α transformation follows the classical 
nucleation-and-growth mechanism, leading to a significantly coarser α 
precipitate microstructure (Fig. 2d) [23,26,31]. This variation of pre
cipitation mechanisms with alloy composition offers us an opportunity 
to design heterostructure with well controlled precipitate microstruc
ture gradients (Fig. 2f) by creating final scale concentration modulations 
in the parent β phase (Fig. 2e). 

3.2. Phase field simulation of heterostructure formation 

In order to activate the various precipitation mechanisms of the α 
phase in a single alloy, a two-step heat treatment process is designed and 
simulated for a prototype binary alloy, Ti-9Mo (in weight percent), 
representing Ti-55531 alloy (see Method for details) by the phase field 
method. Fig. 3a shows that the initial state of the alloy is a duplex 
microstructure contains globular αp phase and β matrix, and the area 
fraction of globular αp is about 20%. In Step 1, the sample is up- 
quenched to the single β phase region (920 ◦C) and isothermally hold 
for t*=300, 500 and 1000, respectively, where t* is a reduced time, and 

then rapidly quenched to room temperature. Based on the observations 
from Fig. 3b, 3c, 3d, it is evident that the globular αp precipitates un
dergo a complete structural transformation from HCP to BCC during the 
specified holding times. However, the homogenization of Mo concen
tration within the precipitates requires an extended period of time (e.g., 
at t*=1000). For instance, at t*=300, the phantom globular αp are still 
visibly present (Fig. 3b) and they gradually diminish with longer aging 
times (as seen in Fig. 3c and 3d). This leads to alternating α stabilizer 
rich and α stabilizer lean regions in the β matrix. 

In Step 2, all the samples are quenched to and aged at 550~650 ◦C. 
This leads to various α+β microstructures, including bimodal micro
structure composed of globular αp and lamellar α phase (Fig. 3e, 3i, 3m), 
heterostructure with alternating coarse and ultra-fine α plates (Fig. 3f, 
3j, 3n), coarse and fine α plates (Fig. 3g, 3k, 3o), and homogeneous α 
plates (Fig. 3h, 3l, 3p). At the same aging temperature, the size scale of 
the α plates in homogeneous structure is in between those of the ultra- 
fine and coarse α plates in heterostructure. With the increase of aging 
temperature, both coarse and ultra-fine α plates are coarsened in 
different magnitudes. When the aging temperature is 600 ◦C, the dif
ference between the coarse and ultra-fine α plates is most significant 
(Fig. 3j). Note that the size of the coarse α plates in Fig. 3k are finer than 
those observed in Fig. 3j because of the difference in the amplitude of the 
Mo concentration modulations (as shown in Fig. 3b and 3c). Thus, the 
size difference between the ultra-fine and coarse α plates can be easily 
adjusted by controlling the solution time and aging temperature. 

In order to understand the formation mechanism of heterostructure 
with ultra-fine and coarse α plates, we calculate the concentration of Mo 
(a strong β stabilizer) across a phantom αp of the duplex microstructure 
after up-quench to the single β phase region (920 ◦C) and isothermal 
hold for different times (t*=0, 300, 500 and 1000s) (Fig. 4a). At t*=0, 
the initial concentrations of globular αp and β phases are 1 wt.% and 
11.5 wt.% Mo, respectively, with a difference of 10.5 wt.% Mo (the gray 
curve). At t*=300s (the red curve), the Mo-lean region expanded to 
approximately twice the area (measured in square units) of the original 
globular αp, while the Mo concentration varied between 5.6 wt% and 
11.2 wt% from the center to the edge. At t*= 500s (the blue curve), the 
size of the Mo-lean region further increased to about three times of its 
original size with the Mo concentration ranging from 7.8 wt.% and 10.2 
wt.%. As t*=1000s (the green curve), the Mo concentration approaches 
to uniform. The free energy curves of α and β phases of Ti-Mo system at 
600 ◦C are shown in Fig. 4b, where the C0 point is located at 8.75 wt.% 

Fig. 4. The formation mechanism of heterostructures. (a) The concentration profiles across a phantom αp in the Ti-9Mo alloy after being up-quenching to β-phase 
region (920 ◦C) for t* = 0, 300, 500 and 1000s. As the solution time increases, the αp phase is dissolved and left the concentration hysteresis area (phantom αp), the β 
phase concentration gradually changes from heterogeneous to homogeneous. Compared with αp, the area of ghost αp doubles (t*=300s) or even more (t*=500s). (b) 
The free energy curves of α and β phases at 600 ◦C, and the relationship between C0 and β-rich and α-rich concentrations after treated at 920 ◦C for t*=300s. Due to 
the Mo concentration varied continuously from 5.6 to 11.2 wt%, all three precipitation mechanisms shown in Fig. 2 are activated. In the α-rich region, the α phase 
transition is congruent structural transformation followed by decomposition, and in the β-rich region is the nucleation and growth mechanism. 
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Fig. 5. Ti-55531 alloy obtains the heterostructure through three-step heat treatment. In Step 1: (a) the alloy is annealed in the α+β region (800 ◦C) for 90 min to 
globularize the α phase, and a duplex microstructure contains globular αp and β matrix are obtained. In Step 2: (b-c) up-quenching to β region (920 ◦C/3 min) and 
then air-cool, the globular αp phase is dissolved, and leaves the α stabilizer rich pockets (at the β GBs). (c) the concentration distribution of element Mo, Cr, Al, and the 
concentration profile along the white arrow in Fig. 5b, including the α-rich and β-rich regions. In Step 3: (d) the alloy is aged at 600 ◦C for 120 min to obtain the 
heterostructure, and (e) the ultra-fine α phase covers most of the GBs, (f) coarse α phase within the grain. (g) Distribution characteristics of α-lamellar thickness in the 
heterostructure, (h) Average thickness of coarse and ultra-fine α lamellae, and area fractions of coarse and ultra-fine α precipitate regions. 
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Mo that is right in the middle of the concentration modulation across the 
phantom αp that has been up-quenched and held for t*=300s (5.6wt% to 
11.2wt% Mo). When the alloy is aged at 600 ◦C, all three precipitation 
mechanisms shown in Fig. 2 are activated, leading to the heterostructure 
shown in Fig. 3j. When the dissolution time is t*=1000s, the nearly 
homogeneous Mo concentration is close to the intersection point (C0) of 
the free energy curve (ΔC = 9 wt.%−8.75 wt.% = 0.25 wt.% << 2 wt. 
%). Therefore, α precipitation follows the pseudo-spinodal decomposi
tion mechanism, leading to homogeneous and fine α precipitates (i.e., 
homogeneous structure) (Fig. 3l). This is consistent with the results of 
Nag et al. [9]. In heterostructure, the ultra-fine α phase formed in the α 
stabilizer rich region is via congruent structural transformation followed 
by decomposition, while the coarse α phase formed in the α stabilizer 
lean region is via the nucleation-and-growth mechanism. 

It should be noted that in the phantom αp regions, the concentration 
of β-stabilizer is lower than that of the β matrix of the homogeneous 
alloy and, thus, the α phase has greater driving forces for precipitation in 
these regions. In contrast, the β stabilizer concentration in the β matrix 
of the heterostructure samples is higher than that of the homogeneous 
alloy and, thus, the driving force for α precipitation is smaller. This 
would also lead to alternating finer and coarser α precipitate micro
structures as compared to that observed in the homogeneous alloy. Thus, 
the variation of β matrix composition associated with the phantom αp 
causes the variation of β phase stability and α precipitation mechanisms, 
which are responsible for the formation of the heterogeneous precipi
tation microstructure. 

3.3. Three-step heat treatment to prepare heterostructured alloy 

According to the simulation results, we design a three-step heat 
treatment for Ti-55531 alloy to obtain heterostructure. Since the αp 
phase in the as-received forged alloy has not yet been globularized, we 
need to add one more step, i.e., the globularization treatment. In Step 1, 
the as-received alloy is annealed at 800 ◦C (α+β phase region) for 90 min 
(Fig. 5a) to obtain the duplex microstructure with globular αp phase and 
β matrix. If the starting alloy has already a duplex microstructure, then 
this step can be skipped. The globular αp are mostly located at triple 
junctions of the β GBs. The diameter of the globular αp is about 1~3 μm 
and its area fraction is about 20%. 

In Step 2, the alloy is up-quenched (~1000 ◦C/min) to β phase region 
(920 ◦C) and held for 3 min (Fig. 5b-c). SEM (Fig. 5b) and TEM (Sup
plementary Fig. 2) results show that the globular αp have been dissolved 
and the alloy has a single phase β. The concentration mapping results in 
Fig. 5c show that the alloying elements are heterogeneous in the β phase. 
The metastable island regions lean in β stabilizers (Mo, V, Cr) and rich in 
α stabilizers (Al) are centered at the original globular αp locations and 
spread into the surroundings. 

Table 1 presents the compositions of αp and β matrix regions, as 
determined by EPMA, along with the difference in their corresponding 
Mo equivalencies. The Mo equivalencies are obtained using Eq. (1). The 
results demonstrate a concentration variation of approximately 5.2 Mo 
equivalency, which is consistent with the calculated results of 5.6 Mo 
equivalency. Additionally, the regions located between these phantom 
αp regions, predominantly situated in the interior regions of the β grains, 
exhibit higher contents of β stabilizers and lower contents of α stabi
lizers. Consequently, there is a gradual decrease in the concentration of 
α stabilizers and a corresponding increase in the concentration of β 

stabilizers from the GBs towards the grains interiors. 
During Step 3, the alloy is aged at 600 ◦C for 120 min (Fig. 5d-f), 

which leads to the formation of a heterostructure comprising an alter
nating distribution of coarse and ultra-fine α precipitates. This can be 
attributed to the presence of a heterogeneous β matrix with large 
number of fine domains that are alternately enriched or depleted in α 
stabilizers, as obtained in Step 2. Based on the results in Table 1, the Mo 
equivalence of the heterogeneous β matrix ranges from 5.4 to 10.6. This 
variation enables the activation of all three precipitation mechanisms, 
aligning with the findings of the phase field simulations. It is important 
to note that a large number of the β GBs are covered by the ultra-fine α 
precipitates (Fig. 5e), while the coarse α precipitates are predominantly 
distributed within the interiors of the grains (Fig. 5f). This distribution 
pattern arises because the ultra-fine α precipitates are formed in the 
phantom αp regions, which primarily occur at triple junctions of β GBs 
(where the globular αp precipitates are located). Moreover, during 
dissolution, the area fraction of the phantom αp regions expands by 2 to 3 
times, resulting in a significant coverage of the GBs. Fig. 5g quantifies 
the thickness distribution of the α precipitates in the heterostructures, 
which exhibits a significant bimodal characteristic. In the coarse α phase 
region, the average thickness of the α lamellae is ~132±45 nm, while in 
the ultra-fine region it is 45±13 nm. The area fractions occupied by the 
coarse and ultra-fine α regions are ~56.9% and 43.1%, respectively 
(Fig. 5h). 

As a comparison, the homogeneous structure (Fig. 6) is obtained by 
prolonged the homogenization solution treatment time of Step 2. In Step 
1 (Fig. 6a), the alloy is treated at 800 ◦C for 90 min (consistent with 
Fig. 5a). In Step 2, the alloy is up-quenched to 920 ◦C for 30 min. SEM 
images (Fig. 6b) show that the alloy is a single β phase. Fig. 6c shows the 
results of concentration mapping. After 30 min homogenization 
annealing in β phase region, the alloying elements are fully diffused 
evenly, and there is no concentration difference between at GBs and 
within grain. In Step 3, aging the alloy at 600 ◦C for 120 min (Fig. 6d-f), 
homogeneous and fine lamellae α are precipitated in the homogeneous 
metastable β matrix. The enlarged images (Fig. 6e-f) show that there is 
no significant difference in the size of the α phase near the GBs and 
within the grain. Fig. 6e shows a continuous layer of coarse α phase at 
GBs. Fig. 6g-h quantifies the α lamellar thickness distribution of the 
homogeneous structure. The average thicknesses of the α lamellae is 
~79 ± 21 nm, respectively, and the area fraction of the α phase is 
~53.7%. 

3.4. Tensile properties of heterostructured alloy 

Our approach to designing heterostructured alloy results in a notably 
improved strength and ductility. This is revealed by comparing the 
heterostructured alloy with a reference alloy with the homogeneous 
structure (Fig. 7). When the aging temperature is 600 ◦C, the UTS of the 
homogeneous structure (see Fig. 6) reaches 1210 MPa and the total 
elongation is 4.3%, while the UTS of the heterostructure (see Fig. 5) 
reached 1286 MPa, increased by 76 MPa (6%) and, more significantly, 
the uniform elongation of the alloy reached 10.1%, increased by 130%. 
When the aging temperature is 500 ◦C, the heterostructured alloy ach
ieves an ultra-high strength of 1496 MPa while maintains a 5.8% uni
form elongation. Fig. 7b compares the tensile properties of our 
heterostructured alloy with Ti-5553, Ti-1023 and other titanium alloys 
with homogeneous or heterogeneous structure [32–38]. It can be seen 

Table 1 
EPMA determined phantom αp and β phase compositions and the corresponding Mo equivalencies.  

Phase Compositions (wt.%) 
Mo V Cr Al Fe Zr Cumulative Mo-eq 

Phantom αp 3.3 4.7 2.4 5.6 0.16 1.1 5.4 
β phase 5.5 5.6 2.9 4.8 0.34 1.0 10.6 
Mo-eq difference 2.2 0.74 0.9 0.8 0.5 0.03 5.2  
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that the heterostructure has excellent mechanical properties and ach
ieves a synergy between strength and ductility. 

3.5. Deformation and fracture mechanism of heterostructured alloy 

To compare the deformation and fracture mechanisms between the 
heterogeneous and homogeneous alloys, post-failure specimens are 
examined, as illustrated in Fig. 8-9 and Supplementary Fig. 3. These 

examinations provide insights into the differences in how the alloys 
deform and fracture under different conditions. In the homogeneous 
alloy, since the strength of the GB α phase (α phase precipitated along 
the GBs, see Fig. 6e) is lower than that of the intragranular lamellar α 
regions, deformation initiates within the GB α phase regions, resulting in 
a low yield strength [39,40]. Afterwards, strain localization at the GBs 
causes microcracks to nucleate and propagate along the GBs [19,41,42] 
(Fig. 9a-d). Due to the premature intergranular brittle fracture, the stress 

Fig. 6. Compared with Fig. 5, homogeneous structure is obtained by prolonged homogenization solution treatment time. In Step 1: (a) consistent with Step 1 in 
Fig. 5a, the alloy is treated at 800 ◦C for 90 min and then air-cooled to obtain αp and β matrix. In Step 2: (b-c) the alloy is up-quenched to 920 ◦C/30 min and then air- 
cool, the αp phase is dissolved and diffused uniformly, (c) the homogeneous concentration distribution of element Mo, Cr, V, Al. In Step 3: (d-f), (d) the alloy is aged at 
600 ◦C for 120 min to obtain the homogeneous structure, (e-f) uniformly dispersed α phases near the GBs and within the grains, and coarse α phase along the GB. (g) 
Normal distribution of α-lamellar thickness in the homogeneous structure. (h) Average thickness of the α phase, area fraction of the α and β phases. 
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level is not high enough to activate the deformation in the intragranular 
lamellar α phase regions and, thus, only low density of dislocations are 
detected in the intragranular α phase regions (Supplementary Fig. 3). 

The enhanced ductility of the heterostructure could be attributed to 
its unique microstructure that avoids strain localization, allowing 
continued deformation by dislocations and twinning in the coarse and 
ultra-fine α precipitate regions. First, since the globular αp are usually 
located at triple junctions of β GBs, and after becoming phantom αp they 
double their area or even more, the ultra-fine α phase regions in heter
ostructure formed within these phantom αp cover most of the GBs 
(Fig. 5d). The GBs covered by the ultra-fine α phase are significantly 
strengthened, and thus avoid strain localization and early microcracks 
nucleation there, result in an increase in yield strength. For example, 
Fig. 9f shows that the nucleation sites of microcracks are at intragranular 
coarse α phase regions rather than GBs, which lead to tortuous trans
granular ductile fractures (Fig. 9e-h). Because of the reduced strain 
localization at the GBs, the intragranular coarse α phase in hetero
structure enables large-scale deformation through the accumulation of 
high density of dislocations (Fig. 8b and Supplementary Fig. 4) and 
deformation twinning (Fig. 8c-e), which will significantly increase 
ductility of the alloy [43–46]. 

Second, as the soft coarse α region is surrounded by the hard ultra- 
fine α region, dislocations are stacked at the interface between the soft 
and hard regions (Fig. 8a), forming geometrically necessary dislocations 
to coordinate the deformation of the soft and hard regions. Fig. 8a and 
8g-h demonstrate the high density of dislocations and nanotwins in the 
interface region, which further increases the ductility of the alloy. 

In addition, the high density of dislocations in the coarse α region 
and the geometrically necessary dislocations at the interface form a 
strain gradient that further prevents strain localization and stimulates 
deformation in the ultra-fine α region. Fig. 8a and 8j-l show the gradu
ally decreasing dislocation density gradient (strain gradient) from the 
coarse to ultra-fine α regions, and the dislocation and twin deformation 
in the ultra-fine α regions, respectively. According to the back stress 
theory [4,47,48], the strain gradient formed between the soft and hard 
regions will create a long-range back stress within the soft regions, 
which will significantly strengthen the soft regions and eventually 
activate plastic deformation of the hard region (ultra-fine α phase re
gion) (Fig. 8j-l), leading to further increase in ductility [44,46,49,50]. 

Interestingly, twinning deformation are detected in the coarse, ultra- 
fine and interface regions in the heterostructures. According to previous 
reports [51,52], twinning preferentially occurs in coarse lamellae 
(thickness over 200 nm) or globular αp particles. However, the thickness 
of the ultra-fine α lamellae in the heterostructures is only ~50 nm 
(Fig. 8j). Nanotwins in such ultra-fine α are rare in titanium alloys [53, 

54]. According to Guo et al. [55] the formation of twins in titanium 
alloys is related to the stacking fault energy and local stress state. Fitzner 
et al. [56] reported that an increase in Al content decreases the stacking 
fault energy on the twinning plane, which will enhance the twinning 
activity. However, the Al contents in the coarse and ultra-fine α pre
cipitates measured by EDS are 7.5 and 7.1 wt.%, respectively, while the 
one in the homogeneous structure is 7.3 wt% [22]. We thus attribute the 
formation of nanotwins in the heterostructures to high local stresses. It 
has been shown that the stress state plays a decisive role in twin for
mation [56]. In the heterostructures, twin formation is usually accom
panied by dislocations pile-up at the α/β interface (Fig. 8c, 8g, 8j), which 
suggests that twin formation is associated with the high local stresses. 
The unique heterostructures in this study effectively avoids strain 
localization and allows the material be loaded to a higher stress level 
and, thus, promotes the formation of nanotwins. 

3.6. Strengthening mechanism of the heterostructured alloy 

The high strength of the heterostructures could be attributed to the 
back stress effect caused by strain partitioning. Under tensile loading, 
the coarse α precipitate regions (soft regions) deform preferentially, but 
the deformation is confined by the surrounding hard regions (ultra-fine 
α precipitate regions). Dislocations are accumulated at the interfaces 
between the soft and hard regions (Fig. 8a, 8g-i), which generate long- 
range internal stresses in the soft regions, i.e., back stresses, in the di
rection opposite to the resolved shear stress direction. Therefore, further 
yielding of the soft regions requires overcoming this back stress, which 
strengthens the soft regions, somewhat similar to work hardening of the 
soft regions [57]. That is why the coarse α phase in the heterostructures 
is coarser than that in the homogeneous structure, but it has a greater 
yield strength than that in the homogeneous structure. 

To investigate the influence of back stress on the yield strength, cy
clic loading-unloading experiments on both homogeneous and hetero
geneous alloys are conducted as shown in Fig. 10. The back stress σb is 
half of the unloading yield stress (σu) and reloading yield stress (σr), 
where the yield points (σu and σr) are determined by deviation of the 
stress strain curve from the effective Young’s modulus [58]. The effec
tive Young’s modulus is the slope of the linear segment of the unloading 
and reloading curves, and here it is assumed that the unloading effective 
Young’s modulus (Eu) and reloading effective Young’s modulus (Er) are 
equal. As shown in Fig. 10b, the calculated back stress for the hetero
structure during early deformation is approximately 640 MPa, while 
that for the homogeneous alloy is 585 MPa. This indicates that the soft 
zone in the heterostructure needs to overcome higher back stress to 
initiate plastic deformation. The elevated back stress in the 

Fig. 7. Comparison of tensile properties between heterostructure and homogeneous structures. (a) The heat treatment system of heterostructured alloy is 800 ◦C/90 
min + 920 ◦C/3 min + 500/600 ◦C/120 min, and homogeneous alloy is 800 ◦C/90 min + 920 ◦C/30 min + 500/600 ◦C/120 min. (b) Comparison of tensile 
properties between heterostructured alloy in this study and other alloys [32–38]. 
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heterostructure can be attributed to its significant strain partitioning 
effect, as evidenced by the strain gradient in Fig. 8a and the pronounced 
strain hysteresis loop in Fig. 10b [59]. Previous research has indicated 
that a prominent stress-strain hysteresis loop indicates significant strain 
partitioning and a back stress strengthening effect within the alloy [60]. 
As the deformation proceeds, the strain partitioning will lead to greater 
strain discordance between the soft and hard regions. However, the 
strain must remain continuous at the interfaces. Geometrically necessary 
dislocations will be formed to accommodate the strain gradient, which 
will generate greater back stresses within the soft regions, thus further 
increasing the ultimate strength. It is important to note that 

geometrically necessary dislocations resulting from strain partitioning 
between the soft and hard regions are responsible for the generation of 
strain gradients [48]. 

The schematic diagram of Fig. 11 compares the tensile property 
enhancement mechanism of homogeneous and heterogeneous struc
tures. In the homogeneous structures (Fig. 11a-c), deformation initiates 
in the GB α phase region due to the lower strength of the GB α than the 
intragranular lamellar α region, causing strain localization and crack 
nucleation at GBs. Due to premature crack nucleation, it is difficult to 
induce deformation of the intragranular lamellar α phase, which even
tually leads to crack propagation along the GBs and intergranular brittle 

Fig. 8. Deformation mechanism of heterostructures (the same specimen as Fig. 5d). (a) Dislocation density and strain gradients formed between coarse, ultra-fine 
and interface regions. (b) High-density dislocations slip band in the coarse α phase. (c-e) Deformed twins in coarse α region (c) Dislocation accumulation at the α/β 
interface induces twinning deformation. (d) Bright field images of the twin system, (e) selected area electron diffraction of deformed twins in coarse α. (f) High- 
density dislocations in the interface regions. (g-i) High-density deformation twins in the interface regions, (g) bright field image, (h) dark field image, (i) diffrac
tion spots showing {1101} twins. (j-l) Nanotwins in ultra-fine α precipitates. (j) Dislocation pile-up at the α/β interface, inducing nanotwins. (k) dark field image, (l) 
selected area electron diffraction. 
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fracture. In the heterostructures (Fig. 11d-f), the ultra-fine α phase at the 
GBs effectively strengthens the GBs, avoids strain localization at the GBs 
and stimulates the deformation of the coarse α phase. Subsequently, 
dislocations in the coarse α region glide to and are stopped by the 
interface region and form geometrically necessary dislocations, which 
not only further increase the deformation but also generate long-range 
back stresses in the coarse α region to reinforce the soft region. The 
strengthening of the soft region will further eliminate strain localization 
and stimulate continued deformation by dislocation and twinning in the 
hard region (ultra-fine α region) and, thus, increase strain hardening. 
Meanwhile, the nucleation and propagation of microcracks do not occur 
at GBs, but within the grains, leading to the tortuous transgranular 
ductile fractures. 

4. Conclusion 

In summary, our work presents a simple and effective method for 
designing heterostructures (heterogeneous precipitate microstructures) 
in the commercial Ti-55531 alloy to achieve a synergistic enhancement 
of strength and ductility. By exploiting solute redistribution upon up- 
quenching, which lags significantly behind the structural trans
formation, and guided by phase field simulations, we have demonstrated 
experimentally that micrometer-scale composition modulations can be 
created in a single β phase by up-quenching a pre-existing globular αp +

β microstructure. Such composition modulations activate different α 
precipitation mechanisms simultaneously and lead to spatially hetero
geneous microstructures with alternating ultra-fine and coarse α 

Fig. 9. Comparison of fracture mechanisms of homogeneous (a-d) (the same specimen as Fig. 6d) and heterogeneous structures (e-g) (the same specimen as Fig. 5d). 
(a) Macroscopic image near the fracture, straight fracture surface without obvious necking. (b) The micro-cracks nucleation at the GBs, resulting (c) the cracks 
propagate along the GBs. (d) The brittle fracture facet of homogeneous structures. (e) Macroscopic image near the fracture, tortuous crack with obvious necking. (f) 
Micro-cracks nucleate at intragranular coarse lamellar α region. (g) The cracks propagate within the β grain. (h) The large dimple of the heterostructures. 

Fig. 10. Back stresses of the homogeneous and heterostructure alloys (the same specimen as Fig. 5d and 6d). (a) Cyclic loading and unloading experiments on the 
homogeneous and heterostructure samples. (b) The back stress σb is half of the unloading yield stress (σu) and reloading yield stress (σr). The back stresses are 585 
MPa and 640 MPa for homogeneous and heterogeneous structure alloys, respectively. 
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precipitates, with the ultra-fine α regions primarily located at the prior β 
GBs. Experimental characterizations reveal that the globular αp pre
cipitates become α-stabilizer-rich phantom αp (with a BCC structure) 
during the up-quenching heat treatment, where congruent structural 
transformation takes place followed by decomposition upon aging, 
leading to the formation of ultra-fine α precipitates. In the meantime, in 
the β-stabilizer-rich regions, α precipitation follows the classical 
nucleation-and-growth mechanism, yielding coarse α precipitates. Me
chanical testing results indicate that the resulting heterostructured alloy 
exhibits significant enhancements in both ductility (by 130%) and ul
timate strength (by 6%) over the homogeneous alloy counterpart. SEM 
and TEM characterizations reveal that the enhanced ductility of the 
heterostructured alloy could be attributed to its unique microstructure 
that avoids strain localization at prior β GBs, allowing deformation by 
dislocations and twinning continue in the coarse and ultra-fine α re
gions. The high strength of the alloy could be attributed to the signifi
cantly increased back stress effect caused by the strain partitioning in 
the heterogeneous precipitate microstructures. This work offers a simple 
and low-cost method readily implementable in industrial practices for 
achieving bulk heterostructures in precipitation-hardened alloys, lead
ing to significant enhancement in both ductility and strength. 
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