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Abstract

In a recent work, we have reported outstanding strength and work hardening exhibited by a
metastable high entropy alloy (HEA), FesxMn»3Co010Cr15S15 (in at. %), undergoing the strain-
induced martensitic transformation from metastable gamma austenite (y) to stable epsilon
martensite (¢). However, the alloy exhibited poor ductility, which was attributed to the presence
of the brittle sigma (o) phase in its microstructure. The present work reports the evolution of
microstructure, strength, and ductility of a similar HEA, Fess sMn2oCo020Cr15S15Cui 5 (1n at. %),
designed to suppress the formation of o phase. A cast and then rolled plate of the alloy was
processed into four conditions by annealing for 10 and 30 minutes at 1100°C and by friction stir
processing (FSP) at tool rotation rates of 150 and 400 revolutions per minute (RPM) to facilitate
detailed examinations of variable initial grain structures. Neutron diffraction and electron
microscopy were employed to characterize the microstructure and texture evolution. The initial
materials had variable grain size but nearly 100% y structure. Diffusionless strain induced y—-¢
phase transformation took place under compression with higher rate initially and slower rate at
the later stages of deformation, independent on the initial grain size. The transformation
facilitated part of plastic strain accommodation and rapid strain hardening owing to a
transformation-induced dynamic Hall-Petch-type barrier effect, increase in dislocation density,
and texture. The peak strength of nearly 2 GPa was achieved under compression using the
structure created by double pass FSP (150 RPM followed by 150 RPM). Remarkably, the tensile
elongation exhibited by the alloy was nearly 20% with fracture surfaces featuring a combination
of ductile dimples and cleavage.
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1. Introduction

Substantial solid solution strengthening effects while avoiding brittle intermetallic phases
have been achieved in a special class of materials termed high entropy alloys (HEAs) [1, 2].
Several elements are usually used to produce a high configurational entropy state in these alloys
for solid-solutions having extraordinary mechanical and physical properties [3]. Specifically, the
alloys have shown a great potential to improve the contrasting material properties of strength and
ductility [4]. HEAs begun as single-phase solid solutions via equiatomic mixing of multiple
elements [5] but quickly evolved into multi-elemental non-equiatomic alloy systems which
undergo deformation-induced martensitic transformation [6] or precipitation strengthening [7].
Despite consisting of multiple elements, HEAs tend to form common crystal structures for
metals like face-centered cubic (FCC) or body-centered cubic (BCC). In next-generation HEAs
for structural applications, single- or multi-phase solid solutions of multi-component alloy
systems are sought which leverage the high entropy of mixing of constituent elements while
eliminating embrittlement from secondary phases [8].

Even an equiatomic HEA, e.g. FeaoMn2oNi120C020Cr20, showed outstanding strength,
ductility, and fracture toughness [1]. Other variants of non-equiatomic Fe-Mn-Ni-Co-Cr HEA
systems like Fe4oMn27Ni26CosCr2 (at. %) or other types like Als3 4C0222Cr11 1Fe2 2N 1 (at. %)
have been explored [6, 9-12]. Modifying the composition and processing of these alloys allows
tuning their microstructure and deformation characteristics [13, 14]. One aspect of
microstructure tuning pertains to phases of multi-phase HEAs. The FesoMn3oCo10Cri0 (at. %)
alloy of the Fe-Mn-Co-Cr HEA class contains meta stable austenite (y) with a FCC structure
undergoing the strain-induced phase transformation to stable epsilon martensite () persisting of
a hexagonal close-packed (HCP) structure, given its low stacking fault energy (SFE) [11, 15].
Volume fraction, distribution, and thermodynamic stability of y and ¢ phases can be adjusted to
promote ductility and strength [6, 9, 11, 16, 17]. In addition to crystallographic slip, the
deformation driven transformation-induced plasticity, TRIP, mechanism accommodates plastic
strain in these alloys. Depending on SFE, twinning induced plasticity (TWIP) can also operate as
an additional deformation mechanism to TRIP and slip [4].

Increasing the content of Cr promotes the driving force for y—¢ phase transformation [18,
19]. Works on the effects of adding elements such as C, Al, and Si on Fe-Mn alloys were also
performed [18]. Si was found to also promote metastability of y phase [20]. Given these
findings, an HEA with chemistry of Fe4oMn20Co020Cr15S15 (in at. %) was developed and referred
to as CS-HEA due to the increased amount of Co and added Si compared to the reference dual-
phase (DP)-HEA with chemistry FesoMnzoCo10Crio [9]. Increased Co and added Si stabilized and
promoted ¢ by lowering the SFE [19, 21, 22]. Interestingly, the alloy exhibited both TRIP and
TWIP deformation mechanisms [11, 23]. In a recent work [24], we have reported outstanding
strength and work hardening exhibited by a HEA with chemistry of FesxMn»3C010Cr15S1s (in at.
%). However, the alloy exhibited poor ductility, which was attributed to the presence of the
brittle sigma (o) phase in its microstructure [25]. Increasing the content of V promotes the
generations of sigma-phase in CoCrFeMnNi1V systems [26].



Metastability of the y phase can be further enhanced with thermomechanical processing
which can tune stored energy, grain structure and texture in HEAs [19, 21, 22]. While
deformation processes such as rolling or forging can change microstructure, more dramatic
changes can be induced by severe plastic deformation techniques like equal channel angular
pressing (ECAP), friction stir processing (FSP), and high pressure torsion (HPT) [23, 27-30]. To
this end, significant enhancements in strength and ductility over as-cast HEAs were obtained via
FSP processing because of intense grain refinement [4, 31-33]. While the as-cast
Fe42MngCo010Cr15S15 (in at. %) HEA had a mixture of y and ¢ with more dominance of y phase,
the FSP alloy had increased fraction of the ¢ phase along with substantially refined grains [20].
As a result, yield strength (YS) increased to 950 MPa relative to the 400 MPa of the as-cast
counterpart. Additionally, metastability of the y phase increases by FSP promoting y—¢ phase
transformation because of the specific microstructure with larger stored energy.

This paper reports the microstructure and associated mechanical properties of a new DP
HEA, Fess sMn20Co20Cr15S15Cu 5 (n at. %), designed to suppress the formation of ¢ phase in
comparison to the Fe4>xMn»3sC010Cr15S15 (in at. %) composition. The addition of Cu to
FeCoCrMnSi alloy systems was found to promote y and subsequent TRIP during plastic
deformation [34]. The alloy Fess sMn20C020Cr15S15Cus 5 (in at. %) showed good fatigue resistance
[35] and good corrosion resistance [34]. To complement these works and to facilitate detailed
examinations of the microstructure evolution and strength under compression, the material for
the present study was fabricated in four different conditions. Two of the conditions involved
rolling followed by annealing for 10 and 30 minutes at 1100°C to obtain two different grain
sizes. The additional two conditions involved FSP using two different process parameters to
obtain fine grains for enhancing strength of the alloy. One involved rolling followed by dual pass
FSP under a tool rotation rate of 150 revolutions per minute (RPM) and another involved singe
pass FSP under a tool rotation rate of 400 RPM. The initial material in every condition was
nearly single phase y. However, different grain sizes were obtained to evaluate their role on the
transformation rates and associated strength. Standard compression and tensile testing were
performed to measure strength and ductility of the alloy along two testing directions. Simple
compression tests were performed on specimens to various strain levels to measure phase
volume fractions and texture per phase in function of plastic strain. Neutron diffraction (NeD)
and electron microscopy including electron back scatter diffraction (EBSD) were employed to
characterize the phases and texture. The extent of strain induced y—¢ phase transformation
accommodating the plasticity and texture per phase were measured and quantified for all
specimens. Strength, strain hardening, and anisotropy of the alloy are rationalized and discussed
in terms of the measured microstructure evolution data. Ductility in tension was also assessed.

2. Experimental Procedures

2.1 Material Processing



Rolled plates of Fess sMn20Co20Cr15S15Cur s HEA were received from Sophisticated
Alloys, Inc. After vacuum arc-casting of an 50.8 mm thick ingot, the ingot was homogenized at
1100°C for 2 hours and then rolled into a half-inch thickness plate in multiple passes.

A rolled plate was processed by FSP adhering to procedures described in [4, 36]. The
processing was accomplished by using a W-RE tool with a shoulder diameter of 16 mm and a
root diameter of 8 mm. The shoulder contained a tapered pin with a diameter of 6 mm and a
length of 4 mm. Two FSP beads were created in the rolled plate using two rotational rates. The
15t FSP bead was a two-pass bead made with a rotational tool rate of 150 RPM for both passes
with a length of 107 mm. The 22¢ FSP bead had a 400 RPM tool rotation rate with again a length
of 107 mm. The traverse speed was 50.8 mm/min for both rotational rates. FSP was completed
along the rolled plate’s transverse direction (TD). Samples for compression testing were
machined from the two FSP beads and classified into two categories: 150 RPM dual-pass FSP
and 400 RPM single pass FSP as “S1” and “S2”, respectively. The diameter and height of the
compression cylinders were within the FSP beads.

Two additional plates of the initial rolled HEA were subjected to heat treatment only.
Annealing at 1100°C for 30 minutes for the first plate and annealing at 1100°C for 10 minutes
for the second plate were performed. Samples for compression testing were machined from these
two plates as well. Two additional specimen categories are: annealed at 1100°C for 30 minutes
and annealed at 1100°C for 10 minutes and denoted as “S3” and “S4”, respectively.

2.2 Mechanical Testing

Wire electrical discharge machining (EDM) was used to machine the cylinders for
compression testing from the plates along two directions to evaluate any possible anisotropy: the
in-plane (IP) TD and the through thickness (TT) normal direction (ND). The remaining plate
direction is the rolling direction (RD). Cylinders of 4 mm diameter and 4 mm height were made
from the four categories. Test results for S3 and S4 specimens were verified using cylinders of 6
mm in diameter and 8 mm 1n height. Tensile samples were machined using EDM and turned
from the S3 category along the RD. The gauge section of the dog-bone tensile specimens was 25
mm in length and 5 mm in diameter.

An Instron servo-hydraulic testing machine with appropriate fixtures was used for the
compression and tensile tests. All tests were conducted at room temperature and at a constant
quasi-static strain rate of 10-3/s. The load cell used had a capacity of 100 kN. The machine was
controlled using an integrated DAX software. Lubricant oil was used to reduce friction between
the sample and the die. A steel ball was placed between the upper force arm and the upper platen
to eliminate bending moment and to ensure a uniaxial state. Compliance of the machine was
measured and subtracted from the raw compression data to correct the load and displacement
data before the true-stress true-strain curves were calculated [37, 38].Tests were performed to
specific strain levels or to fracture to investigate microstructure evolution at these strains. Tensile
tests were also repeated and no appreciable difference between the measured curves was
detected.

2.3 Microstructural characterization



2.3.1 Electron Microscopy

Microstructure in the specimens was characterized by EBSD, energy dispersive
spectroscopy (EDS), and secondary electrons (SE) imaging in a scanning electron microscope
(SEM). These were performed using a Tescan Lyra (Ga) field emission SEM. EBSD scans were
taken in field mode with a beam intensity (BI) of 20.05-20.07 at a voltage of 20 kV. The working
distance was set at 9 mm and the scans were conducted with a step size of 0.2 pm at 10x10
binning for S1 and S2 categories and with a step size of 0.3 pm at a 16 x16 bin size for S3 and
S4 categories. Multiple scans were taken for each strain level to ensure sufficient statistics of the
results and all scans contained over 600,000 points. Post processing of data was performed using
orientation imaging microscopy (OIM) analysis software package.

Samples cross sections from specimens were prepared by grinding with 320, 400, and
800 grit SiC papers with 61b force per sample till plane. Post grinding, the samples were polished
with a TriDent mat using 3 pm diamond suspension at 150 rpm for 5 minutes, followed by a
TriDent mat with 1 pm diamond suspension at 150 rpm for 5 minutes. Lastly, vibratory polishing
with a 0.04 um colloidal silica suspension for 28 hours was conducted to ensure preferable
indexing and high confidence index (CI) on the EBSD scans. Vibratory polishing was necessary
to ensure no y—e¢ transformation was induced by the polishing process.

EDS was also completed at 15 kV voltage and 9 mm working distance to confirm the
elemental composition.

Finally, several SE images of fractured surfaces were captured.

2.3.2 Neutron Diffraction

Neutron diffraction (NeD) was conducted at Los Alamos Neutron Science Center
(LANSCE) at Los Alamos National Laboratory. The time-of-flight (TOF) high pressure
preferred orientation (HIPPO) neutron diffractometer was used to obtain diffraction data for
quantitative phase and texture analyses. HIPPO detector rings are normally positioned at 26
diffraction angles of 40°, 60°, 90°, 120°, and 144°. In the instrument, sample cylinders were
oriented with the loading direction (LD) perpendicular to the neutron beam. To improve pole
figure coverage, three sample rotations (0°, 67.5°, and 90°) around LD were used, resulting in a
total of 126 unique diffraction vectors after noisy detectors were removed. For phase
identification, the diffraction data for each ring and the three rotations was summed, resulting in
5 histograms. The summed data ensures the phase analysis is mostly free from texture influence;
simplifying identification of minority phases [24]. Rietveld analysis was performed with MAUD
[39-41] using the scripting analysis software MILK [42]. The 10° E-WIMYV textures were
exported from MAUD for plotting and analysis in MTEX [43].

3. Results
3.1 Mechanical Testing

True stress-strain curves were measured under compression testing of the four alloy
conditions. Additionally, a true stress-strain curve of S3 condition was measured in tension. The
data 1s presented in Fig. 1. As apparent from the figure, the S3 condition material category has
the lowest strength. The as-rolled + annealed alloy is relatively isotropic and can accumulate



slightly more compressive strain in IP than TT. Strength of the material increased with FSP as
seen from the curves of S1 and S2 specimens. The different tooling rates created slightly varying
microstructures, as described in the following sections. Decreasing the tool speed from 400 RPM
to 150 RPM double pass increased the strength of the alloy. The S1 category material tested
along the TT direction showed the highest strength of over 1900 MPa. The increase in strength
from S3 to S4 did not result in loss of compressive strain at fracture. The FSP materials showed
slightly more anisotropy than the rolled + annealed plates. Directional dependence of
compressive strength did not have a large variance in TT and IP directions. However, for all
material categories, the TT direction displayed slightly higher strength than the IP direction.

Simple tension was conducted for the as-rolled S3 material category because of sufficient
material to make tensile specimens. Multiple samples were tested. The material displayed good
strain accommodation fracturing at 0.18 strain level. This is substantially larger than a previously
tested FeMnNiCoCrSi system due to the elimination of a brittle sigma phase [25] (Appendix A).
To further understand the strength behavior of the four material conditions, EBSD and NeD
characterizations were performed and presented below.
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Fig. 1: True stress versus true strain curves for the four specimen categories compressed to fracture
in both in-plane (IP)/TD and through thickness (TT)/ND directions and for one specimen category
pulled to fracture in tension along RD.

3.2 Microstructural Evolution

3.2.1 EBSD

Inverse pole figure (IPF) maps and phase maps of the initial structures are shown in Fig.
2. The two phases are shown with green and red colors, which correspond to y-austenite and &-



martensite, respectively. Evidently, the initials materials contain very little . Note that both tool
rotation rates (150 RPM and 400 RPM) take the material into the y phase to sufficiently soften
the material for FSP. The structure does not contain any ¢ like the HEA studied in our prior work
[24]. Average grain size of y phase was estimated for every material category and is provided in
Table 1. FSP processing at higher tooling rates put a higher heat into the material to facilitate
slightly more grain growth.

Fig. 3 and 4 shows the microstructure and phase maps of the four material categories at a
compressive strain of approximately 0.1 and 0.3, respectively. Slip bands of y phase as sheaves
of parallel laths on the {111}y planes produce the strain induced ¢ formation while being able to
accommodate the plastic strain. The deformed structures at 0.3 strain contain a small fraction of
deformation twins.

Table 1 Average grain size in the y phase of initial specimens.

Category FCC (um) Standard deviation (nm)
S1 8 4.1

S2 16 5.2

S3 90 32.5

S4 70 22.5







Fig. 2: IPF and corresponding phase maps acquired by EBSD for the initial specimens: (a) S1-IP,
(b) S2-IP, (c¢) S3-IP, and (d) S4-IP. Perpendicular to the maps is the sample IP/TD direction. The
colors in the IPF maps also represent the orientation of TD/IP sample axis with respect to the
crystal frame according to the coloring in the standard IPF triangles shown at bottom. Phase
fraction values are averages of at least two scans: 98% FCC in (a), 94% FCC 1in (b) and 100% FCC
in (c) and (d). The micron bars in the maps are 20 pm.

Fig. 3: IPF and corresponding phase maps acquired by EBSD for specimens compressed to
approximately ¢ = 0.1: (a) S1-IP, (b) S2-IP, and (c) S3-IP. The colors in the IPF maps are defined
as in Fig. 2. Phase fraction values are averages of at least two scans: 66% FCC in (a), 70% FCC in
(b) and 37% FCC in (c¢). The micron bars in the maps are 20 pm.



Fig. 4: IPF and corresponding phase maps acquired by EBSD for specimens compressed to
approximately € = 0.3: (a) S1-IP, (b) S2-IP, and (c) S3-IP. The colors in the IPF maps are defined
as in Fig. 2. Phase fraction values are averages of at least two scans: 18% FCC in (a), 26% FCC in
(b) and 28% FCC in (c¢). The micron bars in the maps are 20 pm.

3.2.2 Neutron Diffraction

Example summed patterns from the 90° HIPPO detectors is presented in Fig. 5 for S4-1P
specimen. A Rietveld model fit (red) without texture demonstrates that the summing procedure
effectively removed any texture and allows visual identification of phase fraction evolution. Data
for all other specimens look similar. Bragg reflections for the two present phases are shown in
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the figure. Evidently, the mtensity of y phase decreases with increasing compressive strain, while
the intensity of € increases. In the absence of texture, this intensity change 1s indicative of the
phase fractions evolving with strain.

The results of the phase analysis are presented in Fig. 6. The figure also includes the
EBSD data. There is an obvious change in the phase fractions due to the strain induced
transformation process. The trends are such that the transformation is more rapid initially and
slows down at higher strain levels. The saturation is at about 20% of remaining y. Local EBSD
measurements shows a slightly higher rate of transformation, but NeD data are macroscopic and
more representative. Interestingly, all sample categories show the similar transformation rate.

Pole figures showing the texture evolution for both y and & phases are presented in Fig. 7.
Refinements of 132 histograms from the NeD data was used to reconstruct an ODF per specimen
per phase. Analysis was performed using E-WMIV texture algorithm and followed the processes
described in [44]. Evidently, the initial texture of all sample categories for both y and & were
relatively random. As anticipated, the pole figures for ¥ phase exhibit strengthening of the {110}
fiber along the loading direction with compressive strain for all sample categories [44-46]. € phase
strengthens basal pole, {0001}, along the loading direction because of y—¢ phase transformation.
Such texture can promote pyramidal slip and twinning [47].
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Fig. 5: Measured diffraction patterns (black) along with Rietveld refinement fits (red) for S4-IP
specimen at the four strain levels indicated in the figure. The y-axis is the square-root of the
intensity of peaks in the square root of counts of photons, while the x-axis is a selected range of

the interplanar spacing.
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Fig. 6: Evolution of phase fractions (FCC-red, HCP-blue) with plastic strain under compression
along TT (left) and IP (right) for specimens of the HEA labeled in the figure. Circular and square
symbols are data measured by NeD, while stars are data collected using EBSD. Lines are fit to
show the transformation rate trends. The actual rates are presented in the appendix.
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Fig. 7: Stereographic pole figures measured using NeD showing the evolution of texture in FCC
austenite and HCP martensite phases during compression at the indicated strain levels for: (a) S1-
TT, (b) SI-IP, (c) S2-TT, (d) S2-IP, (e) S3-TT, (f) S4-TT, and (g) S4-IP sample categories.
Loading direction (LD) is indicated in the figure.

4. Discussion

Results have shown that the alloy exhibits a good synergy of strength, work hardening,
and ductility owing primarily to the great deal of y—¢ martensitic transformation. The 1.5 at. %
Cu in the alloy stabilized the metastable y independent on the thermomechanical processing
explored in the present work [34]. The phases in the four material categories were determined by
NeD. Moreover, the EBSD maps were collected to partially cross validate the macroscopic NeD
data and to confirm occurrence of deformation twins in the structure. The IPF maps also depicted
the process of slip bands as sheaves of parallel laths stringing out on the {111}Y planes in the y

phase forming the strain-induced ¢, while accommodating plastic strain.

The studied HEA exhibited an extensive diffusionless transformation of metastable y into
stable ¢ under compression. The ¢ phase was stable in the FeMnCoCr HEA system at room
temperature. The driving force or the change in Gibb’s free energy for y—¢ transformation was
primarily related to the change in entropy [48]. The metastability of y was increased in the alloy
by adding the ¢ phase stabilizers, Co and Si, which increased the entropy and lowered the SFE of
the alloy. The low SFE was necessary for the formation of ¢. Local stress field acting in
individual grains could separate partial dislocations into slip bands [49, 50]. Such bands
encompassed nearby {111}, planes and formed thick faults [51]. Dislocations at every 2¢
{111}, plane in a y band formed ¢ HCP structure [52]. In contrast, dislocations at every {111},
plane in a y band would form FCC twin structure.

In general, whether ¢ or twin forms in a y band depends on the SFE [48]. Stress for the
dissociation of perfect dislocations into partials to form stable intrinsic stacking faults in the y
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matrix decreases with decreasing SFE. Crystallographically soft grains have a higher tendency to
transform [53-58]. To this end, grains with the <001> crystallographic direction parallel to the
compression direction easily transform forming slip bands of & [56], while the orientations
compressed along <111> or <011> directions cannot transform in compression because partial
dislocations do not have sufficient driving force to produce wide stacking faults and slip bands
[54, 57]. Fig. 7 shows relatively weak initial texture in the studied materials meaning that texture
plays a secondary role in the transformation kinetics (e.g. comparing transformation behavior of
TD and ND compression). Stored energy and defect contents in the structure also influence the
transformation kinetics.

The tool rotation rate of 400 RPM during FSP developed a higher temperature than the
150 RPM rate. Both rates took the material into the soft y phase. During any FSP, grains
substantially refined while some recovery, dynamic recrystallization, and grain growth took
place [31]. The lower tool rotation rate developing lower temperature left a higher stored energy
in the structure than the higher tool rotation rate developing a higher temperature. The higher
stored energy state means a higher dislocation density content in the structure. The high stored
energy state of the structure corresponds to the high enthalpy state, even though the entropy is
the same because the solid solution configurations remain the same [59]. While the fraction of
phases during compression was not found to be a strong function of the processing history or
compression direction, measured results in Fig. 6 show slightly more of the ¢ phase upon FSP at
150 RPM than upon FSP at 400 RPM meaning that the structure in the former condition
promoted the transformation slightly more than in the latter condition. Strain hardening rates are
influenced by the rate and amount of the ¢ phase. For example, the rate and amount of
transformation in S2-IP specimen is slightly less than in S1-IP, S1-TT, and S2-TT and therefore
the rate of hardening is correspondingly slightly smaller. Likewise, the less annealed material S4
having a bit higher stored energy transformed a bit more than the more annealed material S3
(Fig. 6). Finally, the data shows a slightly greater y—¢ transformation rate in the TT direction
than in the IP direction.

The phases in the structure are co-deforming contributing to texture evolution per phase
(Fig. 7). Deformation initiates from slip in the y phase, and subsequently progresses into the &
martensitic transformation. The deformation in ¢ proceeds on prismatic and basal planes, which
later progresses through non-basal slip activity and some deformation twinning [60]. The non-
basal slip activity is promoted with texture evolution as crystallographic c-axis for many grains
becomes aligned or slightly tilted with respect to the compression direction. Texture evolution in
y during compression forms a typical {110} fiber owing to the crystallographic slip on octahedral
slip systems [61-63]. Texture evolution in ¢ 1s primarily driven by the variant selection during
transformation. The crystallographic relationship between y and ¢ is {111}, || {0001}, (110), |

(2110), [44]. Moreover, the ¢ phase deforms by multiple slip modes and some twinning, all
contributing to the texture evolution. As a result, there 1s some texture induced hardening,
especially in the € phase, for all material categories.

The behavior of the alloy under compression featured a great deal of plasticity and strain
hardening before fracture. The fraction of ¢ increased at the expanse of y due to the diffusionless
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strain induced y—¢ phase transformation, as explained above. The evolution of phases and
texture data was used to rationalize the overall hardening of the HEA studied in the present
work. 150 RPM FSP S1 material was the strongest because of the smallest initial grain size and
the highest dislocation density to begin with, while the 30 minutes annealed material S3 was the
softest because of the coarsest grain size and likely the smallest density of dislocations. All four
material categories underwent substantial microstructural changes under compression with
similar transformation rates governing similar hardening rates. The material S1 is the strongest
and exhibited the most rapid hardening because of the smallest initial grain size complemented
with the dynamic Dynamic Hall-Petch (HP)-type barrier effect due to the transformation. The
dynamic HP hardening originated from interfaces in the microstructure forming barriers to
mobile dislocations as the transformation progresses. The HP effect was found to be very
effective in hardening the material categories with more for the smaller grain size structures.
Given a slightly higher y—¢ transformation rate along TT than IP, the TT curves were slightly
stronger than the IP curves for all material categories.

Microstructural defects introduced by prior thermos-mechanical processing are necessary
for the strain-induced structural transformation process to begin. The transformation begins by
the formation of slip bands. The bands occur and grow as partial dislocations separate under the
action of local stress fields. While defect content 1s important for the onset, the local stress fields
in suitably oriented grains are important for growth of the ¢ phase. While grain boundaries act as
nucleation sites for ¢, fine grain structures induce heterogeneous stress fields varying from grain
to grain. Such stress fields hinder the transformation process. Moreover, back-stress fields and
higher stability of grain boundaries can hinder the growth of & [64-66]. The insignificant role of
grain size on the TRIP behavior of the studied materials is a compromised effect of the listed
phenomena balancing nucleation and propagation. The smaller grained materials have more
defects and stored energy owing to the FSP processing and have more grain boundaries to
provide more nucleation sites promoting the transformation, but the large content of grain
boundaries and heterogeneous stress fields hinder the transformation growth. In contrast, the
coarser grained materials have less defects to begin the transformation, but the growth is easier.

In closing, we present fractography of a broken tensile S3 specimen. A combination of
ductile fracture with dimpled morphology and some areas showing more brittle inter-granular
characteristics was observed (Fig. 8). The smooth flat surfaces over multiple grains are evidence
of cleavage. Enlarged views of the fracture surface with dimples show lack of stretching 1.e. void
growth implying the incapability of the alloy to accommodate plastic flow upon exhausting the
uniform elongation. The alloy fractures right after reaching ultimate tensile strength with a
complete lack of non-uniform deformation in tension.
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Fig. 8: Fractography images showing the fracture surface features of an S3 specimen pulled to
fracture in tension: dimpled morphology in the upper row and smooth flat surfaces in the bottom
TOW.

5. Conclusions

In this study, strength, hardening, ductility, and microstructure evolution of a very low
SFE Fess sMn»oCo020Cr15S15Cuy 5 (in at. %) HEA were investigated. The primary focus of the
work was on the structure evolution during compression beginning from the variable initial
microstructures of the alloy created by annealing and FSP. The initial microstructures contained
metastable y promoted by the alloy composition including Cu. The alloy showed tremendous
microstructural flexibility by controlling the extent of the transformation from ~0% to ~80% of ¢
content. Hardening was a direct consequence of the extent of the transformation inducing the
structural refinement and underlying dynamic HP barrier effect. The main conclusions are:

e A great deal of hardening of the alloy under compression could result with strength of
nearly 2 GPa. The peak strength was attained by the FSP material undergoing the
dynamic structure refinement by transformation under compression. Dual pass FSP at
150 RPM refined grains more than FSP at 400 RPM because the 400 RPM FSP
developed higher temperature fields promoting recovery and recrystallization more than
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150 RPM FSP. Therefore, the 150 RPM FSP material exhibited the most rapid hardening
because of the smallest initial grain size complemented with the dynamic HP effect due
to the transformation.

e While the fraction of phases during compression was not found to be a strong function of
the processing history or compression direction, measured results revealed slightly more
of the ¢ phase upon FSP at 150 RPM than upon FSP at 400 RPM meaning that the
structure in the former condition promoted the transformation slightly more than in the
latter condition. Likewise, the less annealed material having a bit higher stored energy
transformed a bit more than the more annealed material.

e Measuring the rate of austenite to martensite transformation during compression in
function of the initial grain size revealed only a secondary dependence. Moreover, the
transformation took place under compression with a high rate initially and a slower rate at
the later stages of deformation independent on the initial grain size. The transformation
was exhausted at approximately 20% of retained 7.

e Texture of the y phase after compression was a {110} fiber, while texture of the ¢ phase
was basal relative to the compression direction owing to the reorientation during
transformation. As a result of the basal texture in £, non-basal slip systems must have
activated to accommodate portion of the compressive strains contributing to some texture
hardening of the alloy.

e Tensile elongation exhibited by the alloy in its annealed condition was found to be nearly
20% with fracture surfaces featuring a combination of ductile dimples and cleavage. The
successful elimination of the ¢ phase allowed for substantially increased ductility of the
alloy relative to the previously studied alloy, Fe42xMn»sCo010Cr15S1s5 (in at. %), containing
o.
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Appendix A

Fig. 1A shows compressive and tensile strength of an as-rolled quadruplex HEA
Fe4xMngCo010Cr15S1s (1n at. %) [25]. Fig. A2 shows the transformation rates.
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