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Abstract:

Dwell fatigue of titanium alloys used in aeroengine components has threatened the
reliability of aircraft for decades. Powder metallurgy (PM) through hot-isostatic
pressing (HIPing) can fabricate titanium-alloy components with complex structures,
and the mechanical properties are close to wrought alloys. Unfortunately, the dwell-
fatigue behavior of the as-HIPed titanium alloy powder components has not been
reported in previous studies. The present work firstly investigates the effects of the
peak stress (op) and stress ratio (R) on the dwell-fatigue behavior and damage
mechanism of the as-HIPed Ti-6Al-4V powder. With increasing o, the dwell-fatigue
lives (Nicpr) decrease, but the dwell debit increases. The lowest Nicpr has been
obtained at R = 0.1. With increasing R, the fatigue behavior of dwell fatigue is
approaching to creep fatigue. When R is negative, the introduction of a lower reverse

stress reduces the cumulated max. plastic strain, resulting in increasing Nicpr.
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Moreover, a crack-initiation and propagation model based on soft-hard grain pairs is
proposed to describe the dwell-fatigue mechanism. In addition, the dwell debit of PM
Ti-6Al1-4V alloys is similar to or even lower than that of wrought alloys. Improving
the microstructure homogeneity of the material may be the key to further reducing the
dwell effect.
Keywords: Titanium alloys; Dwell effect; Fatigue damage; Powder metallurgy;
Hot isostatic pressing
1. Introduction

Titanium alloys are promising structural materials for the application in the
aeroengine industry due to their high strength-to-weight ratio, corrosion resistance,
and excellent mechanical properties [1]. At present, titanium alloys have become the
main materials for the manufacture of safety-critical components, such as compressor
discs, fan discs, and blades in turbofan engines. Traditional safety-design criteria are
based on general fatigue tests (with triangular or sine waves) to predict fatigue life.
[2]. Unfortunately, owing to the complex stress conditions (take off-cruise-landing) of
the actual service of the aircraft, the titanium alloy components need to withstand long
periods of high stress retention and may fail prematurely, resulting in fatigue life
significantly lower than expected. This phenomenon, known as a dwell effect, was
first discovered from the failure in RR RB211 engine titanium disks in the 1970s [3-5],
which seriously threatens the reliability of aeroengine components. Compared with
general fatigue, the fatigue life of components under dwell fatigue (with trapezoidal

wave) decreases by an order of magnitude or more [6, 7].



Recently, dwell fatigue has attracted wide attentions due to its concealment and
destructiveness. The main feature of the dwell-fatigue-fracture morphology is the
formation of facets for titanium alloys, which is considered to be the origin of a crack-
initiation site [3]. It is generally believed that the formation of facets under dwell
fatigue is caused by slip activity, which is the key to revealing the dwell effect [5].
Basal slip is considered to be more likely to trigger crack nucleation than prism slip.
Many studies have shown that the crack-initiation facets that cause the main cracks
are formed at or very close to the basal planes [8-10]. However, Bridier et a/.[11] have
also reported the formation of prism facets at the crack-initiation sites. Lavogiez et
al.[12] and Hémery et al.[13] demonstrated that cracks may be also formed at the
(0001) twist boundary in Ti-6Al-4V. However, it is still unclear how the local stress
concentration leads to crack nucleation at the twist boundary and whether the main
crack initiates in such a microstructure configuration.

Evans and Bache [3, 14] proposed the soft and hard grains to explain the
mechanism of crack initiation in dwell fatigue. They assumed a microstructural
configuration consisting of a grain (soft grain) suitable for basal or prism slip
activation and a grain (hard grain) unsuitable for slip orientation. The slip in soft
grains leads to dislocation pileups at hard grain boundaries and provides a sufficient
shear stress on the basal plane of hard grains, thus inducing the nucleation of the basal
or near basal facets. This particular microstructure configuration has been proved by
many experiments and widely accepted to reveal the dwell effect of titanium alloys

[15-17]. On the macroscopic scale, the hard grains are likely to correspond to the



(0001) microtexture regions. Qiu ef al.[18] have shown that the dwell effect increases
with increasing the microtexture strength. In addition, Bache et al.[19] have shown
that the compressor disks will show a stronger dwell effect than the forging rod,
which may be due to the strong microtexture caused by the die-forging process.
Compared with steels and aluminum alloys, titanium alloys are usually hard to
machine. The buy-to-fly ratio of titanium-alloy components produced by conventional
manufacturing processes is very high, and the material loss may be more than 80%
due to the geometric complexity of aeroengine components [20]. Alternatively,
powder-metallurgy (PM) processes have been used to reduce production costs through
near-net-shape forming [21, 22]. However, the retained porosity of PM components
seriously affects their fatigue performance and restricts their application in the
aviation industry. The PM through a hot-isostatic-pressing (HIP) route can produce
large components with complex geometries, and the corresponding microstructure is
fine and homogeneous [23]. Previous studies have reported that the as-HIPed PM
titanium alloys are close to a full density, and their static mechanical properties are
comparable to even better than wrought materials [24-26]. Cheng et al. [27] revealed
that the residual pores in the as-HIPed powder compacts have no obvious effect on the
high-cycle fatigue life. Guo et al.[28] found that the high-cycle fatigue strength of
titanium-alloy-powder compacts can be better than wrought alloys by in-situ
globalization during the HIP process. Lastly, Sun ef al. [29] showed that the defects
do not reduce the dwell-fatigue life due to the plastic deformation caused by the dwell

dominates the dwell-fatigue life rather than defects under the high stress level



approaching to the yield stress. Therefore, a small amount of residual porosity (<
0.1vol.%, volume fraction) may not affect the dwell-fatigue property of as-HIPed
powder compacts. To the best knowledge of the authors, there are limited literatures
on the dwell-fatigue behavior of PM titanium alloys. This study aims to investigate
the effect of external loading conditions on the dwell-fatigue life of as-HIPed Ti-6Al-
4V powder compacts. The fatigue-crack initiation and propagation mechanisms were
discussed, based on the characterization of microstructures and fracture surfaces.
2. Materials and methods
2.1. Materials

The material used in this study was a PM Ti-6Al-4V alloy prepared from an HIP
route. The chemical compositions (weight percentage, wt.%) of powder compacts
were 6.05Al, 4.04V, 0.05Fe, 0.03Si, 0.02C, 0.120, 0.003N, 0.002H, and balance Ti.
The HIP process has been reported in detail elsewhere [30]. The microstructure and
tensile properties of Ti-6Al-4V powder compacts are shown in Fig. 1. It can be seen
that the microstructure was fine and homogeneous and made up of about a 94%
lamellar and equiaxed primary a phase (ap, black) and 6% pf phase (white). The grain
size of the equiaxed a phase was about 6.2 um, and the width of the lamellar a phase
was about 3.3 um. The yield strength (oy), tensile strength (ou), and elongation (J) of
Ti-6Al-4V powder compacts were 840 MPa, 915 MPa, and 14.9%, respectively.
2.2. Microstructural characterization

Microstructures of powder compacts were observed, using scanning electron

microscopy (SEM, ZEISS Gemini 300) equipped with an electron backscatter



diffraction (EBSD) system and transmission electron microscopy (TEM, TECNAI G?
F30). The samples for SEM observations were ground to 3,000 meshes by sandpaper,
polished by 0.02 um silica suspension and chemically etched by Kroll’s reagent (2%
HF + 4% HNOs3 ). The EBSD samples were ground, polished, and electrolytically
etched, using a reagent of 59% CH3OH + 35% C4H100 + 6% HCIlO4 (vol.%) at -30 °C
and a current density of 1 mA/cm? for about 45 s. The EBSD results were analyzed by
a TSL OIM 7.0 software. The TEM foils were cut from the longitudinal section of the
fatigue-fracture crack initiation region along the loading direction, and prepared by
the ion-beam thinning technique.
2.3. Mechanical tests

Fatigue and tensile testing specimens were cut from Ti-6Al-4V powder compacts
with a diameter of 50 mm and a height of 200 mm by electrical discharge machining.
The schematics of the tensile and fatigue specimens were shown in Fig. 2. Tensile
tests were carried out on an INSTRON 5969 mechanical testing machine using the
cylindrical specimens, 5 mm in diameter and 30 mm in gauge length. Fatigue tests
were performed on a BISS UT-01-0025 servo hydraulic closed-loop testing system at
ambient temperature using the cylindric specimens, 4 mm in diameter and 14 mm in
gauge length. The low-cycle-fatigue (LCF) and low-cycle- dwell fatigue (LCDF)
specimens were the same (Fig. 2b). The loading spectra were presented in Fig. 3. The
LCF experiments were carried out, employing a triangular wave with a 0.5-s dwell,
while the LCDF experiments were carried out, using a trapezoidal wave with a 120-s

dwell. The loading and unloading time, was 1 s for both the LCF and LCDF tests.



Three different stress ratios (R, the ratio of minimum stress to maximum stress) of -
0.1, 0.1, and 0.5, and the peak stresses (op) of the 0.92ay (775 MPa), 0.95q, (800
MPa), and 0.98ay (825 MPa) were adopted for the LCF and LCDF tests, respectively.
All the fracture surfaces of the failed fatigue specimens were examined by SEM.
3. Results
3.1. Effect of stress ratio on fatigue life

The LCDF lives in this study were evaluated, using a 120-s dwell, which has
often been adopted as a more practical period for dwell-effect assessments [3]. The
average LCDF lives of the as-HIPed Ti-6Al-4V under different R with the o, of 825
MPa were list in Table 1. When the R is 0.1, the average LCDF lives is the shortest,
only 201 cycles. As the R increases from 0.1 to 0.5, the average LCDF lives increases
significantly to 1,255 cycles. However, when the R changes from 0.1 to - 0.1, the
average LCDF lives (874 cycles) is also longer than that when the R is 0.1. The R
reflects the magnitude of the stress amplitude in the load spectra. For the LCF, it was
usually believed that the larger the stress amplitude, the lower the fatigue life [31].
However, the correlation between the LCDF lives and the stress amplitude is not a
simple linear relationship, which means that fatigue-damage mechanisms under the R
of - 0.1, 0.1, and 0.5 may be different.
3.2. Effect of peak stress on fatigue life

Previous work found that the dwell effect occurred in the range of 0.65 - 1.05
yield strength [19]. In the present work, different o, (775, 800, and 825 MPa) were

adopted to investigate the effect of g, on the dwell effect of the as-HIPed alloys. The



value of the dwell effect has been usually evaluated by the following formula:

Dwell debit = YLepE (1)
LCF

where Nicpr is the LCDF life, and Nicr is the LCF life.

The loading conditions and related fatigue lives under the R of 0.1 were shown in
Table 2. Figure 4a displays the fatigue lives and dwell debit under different op. With
increasing op, both Nicr and Nicpr decrease. The op only increases by 3%, and both
Nircr and Nicpr are drastically reduced by 40% ~ 60%. It is notable that the dwell
debit increases obviously with increasing op. When the op, is 775 MPa, the dwell debit
is 2.12. When the o, increases to 800 MPa and 825 MPa, the dwell debit rapidly
increases to 6.37 and 7.93, respectively. It indicates that the dwell effect of the PM Ti-
6Al1-4V is very sensitive to the g,. Figure 4b depicts a comparison of the dwell debit
between the PM Ti-6Al-4V alloy and other wrought titanium alloys [5, 12, 18, 29, 32-
35]. It was found that the dwell-effect sensitivity of the PM Ti-6Al-4V is similar to or
even weaker than that of wrought alloys, which may be attributed to the better
microstructural homogeneity.

3.3. Fractography

Fractographic analysis was performed on all of the failed fatigue specimens with
R = 0.1 to investigate the crack initiation and propagation behavior. The SEM images
of LCF and LCDF specimens with g, of 775, 800, and 825 MPa are shown in Figs. 5-
7, respectively. Typical radial patterns representing the crack-propagation regions
were observed on the fracture surfaces of all LCF and LCDF specimens. These

regions can be observed on low-magnification SEM images [Figs. 5-7(a, b, e, f)]. By



tracking this radial pattern back to its origin and discriminating the characteristics of
the corresponding regions, the most probable crack-initiation sites can be obtained
(indicated by the red dotted lines). It was found that in all LCF and LCDF specimens,
these sites were located on the subsurface or interior. High-magnification SEM
images of these crack-initiation regions were shown in Figs. 5-7(c,g). The specimens
present the quasi-cleavage fracture mode under both LCF and LCDF conditions.
Quasi-cleavage facets with smooth surfaces can be easily observed at the crack-
initiation regions, which are considered to be the results of the gradual separation of
the slip damage concentrated within a persistent planar slip band [3, 5, 14]. Some
facets have the similar dimensions corresponding to the equiaxed a,, while others are
consistent with lamellar clusters formed from the lamellar o, usually with similar
orientation. The main difference for LCF and LCDF is that there is usually only one
crack-initiation site on the fracture surfaces of each LCF specimens, while the LCDF
specimens have a higher probability of multiple crack-initiation sites.

Fatigue striations near the crack-initiation regions of LCF and LCDF specimens
were shown in Figs. 5-7(d, h). The fatigue-striation spacings are0.57, 0.66, and 1.3
um for LCDF specimens, and 0.38, 0.46, and 0.78 um for LCF specimens,
respectively. Although the fatigue-striation spacing increases with increasing op, the
fatigue-striation spacing of LCDF specimens is much larger than that of LCF
specimens at the same op.

4. Discussion

4.1. Damage mechanisms of dwell fatigue



In Table 1, it can be seen that when R is positive, the NiLcpr increases with the
increase of R from 0.1 to 0.5. When R =— 0.1, the Nicpr is also longer than that when
R = 0.1. The cumulated max. plastic strain (&cum) versus Nicpr under different R has
been plotted in Fig. 8a. It can be seen that compared with R = 0.1, the maximum of
ecum at R = 0.5 is lower, and the growth rate is slower. This is because the stress
amplitude under this condition is relatively small, so that the grains under this case are
not completely squeezed, and the damage mode is close to creep damage. Besides, the
maximum and growth rate of ecum at R = - 0.1 are also lower than those at R = 0.1.
Bache [3] proved that if the stress redistribution model is correct, there may be
significantly different fatigue responses for the load spectra (tension and compression)
containing the reverse load. Although the stress amplitude is larger, the introduction of
the reverse stress releases the dislocation accumulation in the grains to a certain extent,
which is beneficial to lowering the local stress concentration, thereby reducing the
accumulation of €cum and improving the Nicpr.

The &cum - Nf of LCF and LCDF under different o, was shown in Fig. 8b.
Obviously, the ecum of LCF and LCDF both increases fastest in the early stage, and the
growth rate slows down with increasing Nr. It is also noted that the maximum &cum
achieved by LCDF is higher than that of LCF under the same o, during the whole
fatigue tests, leading to higher material damage and shorter fatigue life, which can be
demonstrated by the fractographic analysis in Figs. 5-7. Compared with LCF, there
are multiple crack-initiation sites on the fracture surfaces of failed LCDF specimens,

and these crack-initiation sites are much rougher and have more quasi-cleavage facets.



Zeng et al. [35] found that slip is the main deformation form of the o, phase in Ti-
6Al1-4V alloys, and crack initiation is triggered by the activated slip under LCDF. The
dwell at the o, accelerates the activation of the relevant slip systems, making the
initiation of microcracks easier, resulting in more crack-initiation sites and facets. In
addition, the spacing of fatigue striations under the LCDF is larger than that under the
LCF during the crack-propagation stage. After the crack initiation, the microcracks
propagate more rapidly to form the main crack under the continuous dwell cycle, and
eventually leads to fracture failure, which significantly shortens the fatigue life. To
sum up, the dwell at the g, acts on the whole fatigue stage, not only promoting the
crack initiation, but also accelerating the crack propagation. The ecum reflects the
degree of material damage [12, 34]. It is expected that the lower degree of damage per
unit cycle, the longer NiLcpr.
4.2. Crack-initiation and propagation mechanisms of dwell fatigue

In LCDF, the whole fatigue life includes crack-initiation and propagation stages.
The mechanisms of these two stages are necessary for understanding the dwell effect.
Previous studies show that the initiation of fatigue cracks is closely related to the
strong slip bands [11, 36]. The activation of a slip band is mainly quantified by a
critical resolved shear stress (CRSS) and Schmid factor, which depend on the crystal
orientation relative to the loading direction. In a-titanium single crystals, the prism
and basal <a> slip are the main slip modes, because the CRSS of the pyramidal <c +
a> slip may be more than three times higher than the basal and prism <a> slip [37].

Moreover, the inhomogeneity of the microstructure and internal stress in practical



materials also affects the slip mode. Liu et al.[38] proved that the formation of fatigue
cracks in a near « titanium alloy is closely related to the basal slip formed in the early
stage of cyclic loading. Fan et al. [39] showed that the basal slip is the main slip mode
in a o + P titanium alloy in quasi-in-situ fatigue experiments.

In general, the quasi-cleavage facets are formed at or near the basal plane, which
reflects the preference of dwell fatigue-crack initiation. The facets-size distributions
of all LCDF specimens under different o, have been counted and compared with the
corresponding lamellar and equiaxed o, grains size, as shown in Fig. 9. The average
size of facets initiated at the lamellar o, is about 11.2 pum, and the width of the
lamellar a;, is only 3.3 um (Fig. 9a). The average size of equiaxed facets is about 7.3
pum, which is a little larger than that of equiaxed o, grains (6.2 pm). It indicated that
the facets tend to be formed at the lamellar a; clusters and equiaxed grains with larger
sizes. It is believed that larger grains size supplies longer effective slip lengths,
inducing more dislocation pileups and resulting in stronger local stress concentrations
at grain boundaries, which promotes crack nucleation and formation of facets. It
should be noted that this study actually only qualitatively analyzes the preference of
facets formation. Since the facets size counted in this study is the projection of the
three-dimensional facets on the two-dimensional micrograph. Hence, the real facets
size is larger than the statistical value. This preference for the formation of facets is
consistent with the results obtained by Prasad et al. [40] using the tilted SEM
technique to calculate the actual size of the facets.

The EBSD analysis of the PM Ti-6Al-4V perpendicular to the loading direction



was shown in Fig. 10. It can be seen that there is a soft-hard grain pair that conforms
to the binary model of the stress redistribution proposed by Bache et al. [3, 14]. As
known, the elastic modulus varies greatly with the crystallographic orientation for the
hexagonal-close-packed (hcp) metals [41]. The grain whose c-axis is almost parallel
to the loading direction is defined as the hard grains (indicated by red hexagonal
prisms in Fig. 9b). The grain whose c-axis is approximately perpendicular to the
loading direction is defined as the soft grain (indicated by blue hexagonal prisms in
Fig. 9b). Additionally, a cluster composed of several lamellar o, grains with the same
near (0001) orientation was also found in Fig. 9a, which means that the interface of
these lamellar clusters is the upper limit of the slip length due to the ease of slip
transmission between grains with similar orientations. Therefore, the lamellar clusters
can be considered as a large hard grain. The stress redistribution model proposes that
the stress redistribution between the soft-hard grain pair leads the hard grain to be
subjected to a greater stress due to the overall strain compatibility of the material,
thereby crack nucleation and propagation. However, the role of the dwell time in
LCDF is not explained in this model. Recent experiments [42, 43] and numerical
calculations [44, 45] have proved that this internal stress evolution will lead to creep
in soft grains and gradually result in the stress redistribution, which yields the time-
dependent dwell effect. Xu et al. [46] proved that the prism slip in soft grains leads to
dislocation accumulation at the interface of soft and hard grains, which results in
dislocation nucleation on the basal plane of adjacent hard grains. Relevant evidence

was also found based on the TEM image of the failed LCDF specimens in this study.



Figure 11a shows the case of lamellar a, grains, it can be seen that there are a large
number of dislocations in the soft grain, and a serious dislocation pile-up is formed at
the grain boundary. The equiaxed a, grains in Fig. 11b also exhibit a similar result.

The EBSD analysis of the failed LCDF specimen adjacent to the fracture surface
along the loading direction was shown in Fig. 12a. Hexagonal lattice overlays were
added to the broken grains to show their crystal orientations. The basal and prism
planes of these hexagonal lattices are not perpendicular to the loading axis, but at a
certain angle of ???. Moreover, the basal and prism plane traces were depicted for
these grains. The fracture traces of the grains are roughly aligned with the basal and
prism plane traces, showing a qualitative correspondence. The Schmid factor images
of the basal and prism slip systems were shown in Figs. 12(b,c), respectively. The
crystal orientation of grains near the fracture path are close to the favorable slip
direction of the basal or prism slip, and the corresponding Schmid factors are at a high
level. This trend indicates that the microcracks gradually growing and merging to
form macroscopic main cracks after the initiation at the basal plane is carried out
along the path composed of grains whose crystal orientations are easier to activate
basal or prism slip systems.

The mechanistic schematic of dwell-fatigue crack initiation and propagation was
illustrated in Fig. 13. It can be described in three stages: (I) Firstly, local creep
deformation occurs in the soft grains, resulting in the stress redistribution to the hard
grains. The prism slip in soft grains causes the dislocation pileup at grain boundaries,

which causes the local stress concentration. Under the action of the above two, the



dislocation density in the hard grains is higher, and the basal slip band is driven to
cause crack nucleation (Fig. 13a). (II) Secondly, with increasing cycling, dwell
promotes the accumulation of the cyclic creep in soft grains and the local stress
concentration. Hard grains with larger sizes are more likely to reach the critical
conditions and form microcracks at the basal planes. If the reverse stress is introduced,
the reverse slip activity will release the dislocation pileup at the boundaries of hard
grains to a certain extent, thereby reducing the strength of the local stress
concentration and prolonging the Nrcpr. (IIT) Finally, microcracks grow and merge to
form macroscopic main cracks, and then propagate along grains with better basal or
prism orientation until failure (Fig. 13c¢).

The initial microstructure of as-HIPed Ti-6Al1-4V powder compacts used in this
study has a very high volume fraction of the a phase (94%), which has been shown to
lead to a lower Nircpr [35]. In addition, the hard-oriented lamellar clusters have a
larger size, which is conducive to the initiation of cracks under LCDF. Eliminating
this special microstructure configuration may be beneficial for improving the dwell-
fatigue property. Our previous work has shown that the high-cycle fatigue property of
powder titanium alloys can be significantly improved by adjusting the HIP process to
achieve nearly full globularization of lamellar microstructures [28]. The dwell-fatigue
property of PM titanium alloys may be improved by tailoring the microstructure
through HIP and heat treatment processes, which will be investigated in the future
work.

5. Conclusions



In the present work, the dwell-fatigue effect of as-HIPed Ti-6Al-4V powder
compacts under different loading conditions was firstly investigated, and the fatigue
damage mechanism and the crack-initiation and propagation were discussed. The
main conclusions can be drawn as follows:

(1). Under the normalized loading conditions, the Nicpr of PM Ti-6Al-4V alloys is
significantly lower than that of Nircr, showing strong sensitivity to dwell effects. The
dwell debit of PM Ti-6Al1-4V alloys is similar to or even weaker than that of wrought
alloys, which may be attributed to the better microstructure homogeneity.

(2). The dwell acts on the whole stage of crack initiation and propagation. Compared
with LCF, the dwell tends to induce multiple crack-initiation sites and accelerates
crack propagation, and significantly aggravates the degree of material damage under
LCDF.

(3). The o, and R have significant effects on the fatigue life and dwell-fatigue damage
mechanism. Under the same dwell time, the increase of op aggravates the damage of
the material. The NLcpr decreases with the increase of op, but the dwell debit increases
with the increase of op. When R is positive, the NLcpr increases with the increase of R.
When R is negative, the introduction of a lower reverse stress makes the Nrcpr
increase.

(4). The dwell-fatigue mechanism is closely related to the crystal orientation and size
of special microstructure configurations. The hard-oriented lamellar oy clusters in as-
HIPed Ti-6Al1-4V powder compacts are unfavorable to the fatigue life. Cracks tend to

initiate in special microstructures configurations with larger sizes and propagate along



grains with a better basal or prism orientation. A crack-initiation and propagation
model based on a soft-hard grain pair is used to describe the dwell-fatigue mechanism
of as-HIPed Ti-6Al-4V powder compacts.
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Table 1. Average dwell fatigue lives under different R.
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Table 2. Fatigue lives at different o, with R of 0.1.

op (MPa) Nicr (cycles) Nicor (cycles) Dwell debit
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Fig. 5. SEM images presenting the fracture surfaces of the PM Ti-6Al-4V at g, = 775

MPa, R =0.1: (a-d) Nicpr= 1,811; (e-h) Nicr= 5,305.
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Fig.8. The cumulated max. plastic strain versus the number of cycles under different

(a) R and (b) a.
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