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Abstract： 14 

Powder-metallurgy (PM) titanium alloys exhibit outstanding quasistatic-mechanical 15 

properties, but suffer from low fatigue performance, which severely limits their applications in 16 

aerospace. Here, we achieve a superior fatigue strength of 600 MPa in a near-α PM titanium alloy, 17 

using a two-step hot-isostatic-pressing scheme, during which more than 80 vol. % (volume fraction) 18 

randomly orientated equiaxed grains was obtained. The largely improved fatigue strength (~ 25%) is 19 

mainly attributed to the in-situ globularization of the lamella-like microstructure, leading to higher 20 

crack nucleation resistance and lower growth rates of short cracks. The present findings offer a useful 21 

route for fabricating PM titanium alloys with high fatigue strengths. 22 
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Titanium alloys are promising structural materials for crucial load-bearing components in the 27 

modern aerospace due to their excellent comprehensive mechanical properties [1‒4]. Powder hot 28 

isostatic pressing (HIP) allows near-net-shape manufacturing of large-size and thin-wall components 29 
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with complex structures [5‒9]. The quasistatic mechanical properties of powder-HIPed titanium alloy 30 

components can be comparable to or even better than those of as-forged ones [10‒14]. However, 31 

some of these components still suffer from low high-cycle fatigue (HCF) strengths [12,13,15], which 32 

needs to be substantially improved for aerospace-industrial applications.  33 

Compared with the as-forged alloys, the defects, such as porosity, can significantly decrease 34 

the fatigue life of the as-sintered titanium alloys [16,17], and the fatigue data are more scattered due 35 

to the competition for the fatigue failure from pores and microstructures [19,20]. HIP is known to be 36 

an advanced powder-metallurgy technique, which can make compacts approach nearly full densities 37 

(> 99.7%) [10,12]. Our recent work [21] has demonstrated that the pore size in the HIPed Ti-6Al-4V 38 

was less than the critical defect size below, which the residual micropores would not become involved 39 

in the fatigue-crack initiation and decrease the fatigue-endurance limit. Hence, tailoring the 40 

microstructure is one of the most effective routes to enhance the fatigue limit of powder-HIPed 41 

titanium alloy components, which can alter the crack-initiation modes.  42 

In the case of the HIPed Ti-6Al-4V, the microstructure consists of equiaxed α and lamellar α 43 

+ β phases [13], which is quite different from the as-cast and as-forged microstructures. Generally 44 

speaking, the fully equiaxed microstructure with a fine grain size has a higher HCF strength than the 45 

lamellar colony microstructure due to the higher resistance to crack growth [22]. Reduction in the 46 

total strain energy and microdefects are the driving forces for the globularization of colony 47 

microstructures in the as-forged alloys. Stefansson and Semiatin [23] reported that the lamellar 48 

colonies in the as-cast alloys possess relatively high stability, and the globularization cannot be 49 

accomplished in the absence of plastic deformation only by the heat treatment. Recent studies [24,25] 50 

reported that the tangled dislocations in the additively manufactured Ti-6Al-4V could induce the 51 

formation of substructure boundaries after multi-step heat treatments, initiating the globularization of 52 

martensitic laths. Herein, the aim of this study is to design a new HIP schedule to promote the in-situ 53 

globularization of a lamellar microstructure, and to improve the HCF strengths of HIPed alloys. 54 
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In the present work, a two-step HIP procedure was proposed, where the first-step HIP was 55 

maintained at a low (α + β) phase regime to generate enough stored energy and deformation-induced 56 

dislocation substructures, and the second-step HIP was conducted at a high (α + β) phase regime to 57 

accelerate the recrystallization and globularization. The globularization mechanism and large 58 

improvement of HCF limits were discussed. These findings provide useful guidance to regulating the 59 

microstructure and enhancing the fatigue limit of powder-HIPed titanium alloy components. 60 

The gas-atomized Ti55 powder with a chemical composition of Ti-5.41Al-3.46Sn-2.91Zr-61 

0.67Mo-0.28Si-0.36Nb-0.41Ta-0.08O (weight percent, wt.%) was employed as a starting material. 62 

Two HIP schedules, HIP1 and HIP2, were shown in Fig. 1a, and the corresponding HIPed samples 63 

were defined as S1 and S2, respectively. HIP1 was 940oC/140MPa/3h, and HIP2 differed from HIP1 64 

in which S2 was firstly HIPed at 880 °C/140 MPa for 1 h before being heated up to 940oC and then 65 

HIPed under identical pressure for another 2 h. The pretreatment process for HIP was described in 66 

our previous work [26, 27]. The phase diagram of Ti55 was calculated, using the Pandat software 67 

[28], and the β transus was 1,005 oC (Fig. 1b). The mass transport and interface motion facilitate the 68 

powder consolidation [29]. A high HIP temperature can accelerate the mass transport, but may 69 

decrease the interface motion, such as recrystallization, since the β phase shows the fast dynamic 70 

recovery and little strain hardening [30]. The final HIP temperature of 940 oC was chosen for the Ti55 71 

powder in order to ensure the presence of enough α phase in which the strain could be accumulated 72 

and recrystallization would take place during powder densification.  73 

Microstructural characterization of the HIPed Ti55 was carried out, using scanning electron 74 

microscopy (SEM, FEI Quanta650) equipped with an electron backscatter diffraction (EBSD) system 75 

and transmission electron microscopy (TEM, JEM-2100F) combined with energy-dispersive X-ray 76 

spectroscopy. The volume fractions of equiaxed grains were measured by the Image-Pro Plus software 77 

[21]. The metallurgical samples for EBSD were ground, polished, and electrolytically etched, using 78 

a reagent of 59% CH3OH + 35% C4H10O + 6% HClO4 (vol.%) at - 30 oC and a current density of 1 79 
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mA/cm2. The TEM foils were prepared by the ion-beam thinning technique. 80 

Tensile samples with a diameter of 5 mm and a gauge length of 25 mm were measured on a 81 

Zwick Z050 testing machine. Three samples were tested for each condition. The tension-tension HCF 82 

tests were conducted on an Amsler axial resonance pulser with a frequency of 80 Hz and a stress ratio 83 

R of 0.1. Dogbone-fatigue specimens with a minimum cross-sectional diameter of 4.5 mm, and a 84 

nylon cloth polished surface finish were used. 85 

The microstructure of the sample after the first step of HIP2 mainly consists of elongated α 86 

and β phases (Fig. S1). In Fig. 1c, some equiaxed grains were already observed at the original particle 87 

boundaries due to the local recrystallization. Interestingly, several fine equiaxed grains could also be 88 

found within the original coarse powder, and the globularization mechanisms, such as boundary 89 

splitting and local shearing, can be confirmed (Figs. 1c and d). In Fig. 1e, particles of the S2-type 90 

silicide can effectively pin the dislocations and enhance the formation of dislocation-induced 91 

substructures, which in turn increases the total strain energy and breaks the original lamellae forming 92 

the fine equiaxed grains. It can be deduced that enough strain energy has been accumulated, and 93 

microdefects have been formed after the first-step HIP, which provides the probability to induce 94 

complete globularization during the second-step HIP.  95 

The microstructure of the sample S1 is composed of the lamella-like and equiaxed α phase 96 

and a little β phase (Fig. 2a). The grain size of the equiaxed α phase is about 8 μm, and the thickness 97 

of α lamellae is about 2 μm. For sample S1, the volume fraction of equiaxed grains is only about 25%, 98 

because the interfacial coherency of the α/β phase boundary limits the globularized fraction. By 99 

contrast, the globularized fraction of the sample S2 is more than 80%, and the grain size of the 100 

equiaxed α phase is about 10 μm (Fig. 2d). 101 

The powder rearrangement, plastic yielding, creeping, and bonding contribute to the powder 102 

densification during HIP [31]. Given the applied HIP temperature and pressure, HIP of the 103 

encapsulated powder can be considered as a special thermomechanical processing (TMP) [12]. In 104 
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HIP2, the first-step HIP consists of the deformation and initial stage of annealing, and the second-105 

step HIP is an effectively annealing, which allows the globularization. A high strain energy can 106 

enhance the globularization of the colony microstructure during TMP [32]. Li et al. [33] calculated 107 

the total strain energy in the different HIP routes of Ti-6Al-4V compacts. It was demonstrated that 108 

the largest strain energy could be accumulated, using the HIP route (the pressure raised first and then 109 

the temperature elevated). In the HIP2 scheme of the present work, the first-step HIP enlarges the 110 

contribution of plastic yielding to the powder densification, leading to a higher driving force for the 111 

following recrystallization and globularization. In addition, the dwell time at 940 oC is shorter (Fig. 112 

1a), while the microstructure is coarser in S2. This trend is consistent with the conclusion that more 113 

strain energy has been generated during HIP2, based on the kinetic of the static globularization [34]. 114 

The EBSD analysis of the randomly selected areas of the HIPed compacts along the stress-115 

axis direction was conducted to investigate the crystallographic aspects related to the local equiaxed 116 

grains and lamellae, as also shown in Fig. 2. The maximum index of S1 (23.3) is much higher than 117 

that of S2 (6.4), indicating a high degree of microtextures with the basal plane (Fig. 2c). Thus, 118 

although the microstructure of the HIPed titanium-alloy compacts is isotropic and shows almost no 119 

obvious texture at the mesoscale [13,36], there are several locations of microtextured regions showing 120 

the near basal orientation in S1. 121 

The globularization mechanism of S2 is described in Fig. 2g. Before the first-step HIP, the 122 

martensitic α′ phase decomposes to α and β lamellae, and the colony, α, generally tends to present 123 

similar orientations [37,38]. The first-step HIP can generate the strain energy, dislocation-induced 124 

substructures, and crystal defects in the α lamellae, which is good for the further dynamic 125 

recrystallization and globularization. During the second-step HIP, the termination migration and the 126 

boundaries splitting caused by recovery promote the transformation of the α colony inside the original 127 

powder particle into a globular morphology. It is also noted that ~ 40 vol.% of the α phase can be 128 

obtained (Fig. 1b), and the recrystallization in the high (α + β) phase regime can change the 129 



 

6 

 

morphology of the initial α/β interfaces [39]. The recrystallization of prior β grains breaks the 130 

orientation relationship between α and β phases [40], and the grain-boundary sliding and the strain 131 

partitioning may occur (Fig. 2d), leading to the more random orientation of equiaxed α grains (Fig. 132 

2f). Therefore, the coexistence of multiple mechanisms improves the globularized fraction of the 133 

lamella-like microstructure. 134 

The tensile data of Ti55 alloys were listed in Table S1. The tensile strength of S2 (955 MPa) 135 

is similar to that of S1 (975 MPa). The stress-fatigue life (S-N) curves showed that with the increase 136 

of the fatigue life (Nf), the maximum applied stress decreases continuously (Fig. 3a). There are two 137 

fracture modes for the failed fatigue samples. When the maximum applied stress is high, the fatigue 138 

cracks initiate at the surface or subsurface areas. With the decrease of the maximum applied stress, 139 

the fatigue cracks start to initiate at the interior. The fatigue strength of S2 is about 600 MPa, which 140 

is ~ 25% higher than that of S1 (480 MPa) and even higher than that of the wrought Ti600 [41]. A 141 

comparison of the fatigue and tensile strengths between S2 and other high-temperature titanium alloys 142 

was exhibited in Fig. 3b [17,19, 41‒59]. Almost the maximum fatigue efficiency (the ratio of fatigue 143 

to tensile strengths) has achieved for S2, demonstrating the superior fatigue property of S2, 144 

The fractographic analysis has been conducted to clarify the fatigue behavior (Fig. S2), and 145 

the results revealed that the dominant characteristic at the crack-initiation sites is the formation of 146 

facets. The facet size is larger than the thickness of lamellae and the size of equiaxed grains. Prasada 147 

et al. [35] confirmed that the facet was the (0001) plane, using EBSD with the tilt correction technique. 148 

The fatigue cracks of failure samples may initiate at the lamella-like microstructure or equiaxed grains 149 

with similar near the basal orientation. 150 

It is a basic understanding that the fatigue-crack initiation consists of the formation of planar-151 

slip bands, the crack nucleation, and early propagation along these slip bands. When the short crack 152 

reaches a certain size, the crack grows rapidly until fatigue failure. Cracking along the slip bands 153 

results in the formation of facets due to the transgranular fracture of the α phase [60,61]. Recently, 154 
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Stinville et al. [62] unveiled the physical origins of fatigue strengths and found that the amplitude of 155 

the early slip localization events after the first cycle determines the fatigue strength, and the fatigue 156 

efficiency decreases with the increasing slip location amplitude. In Fig. S3, the striations on the facet 157 

surfaces resemble the slip steps. The mean slip location amplitude during fatigue-crack initiation is 158 

200 ~ 300 nm for S2, and 275 ~ 510 nm for S1. Therefore, the fatigue-endurance limit at 107 cycles 159 

of S2 is expected to be higher than that of S1. 160 

The fatigue-crack nucleation and early-stage propagation consume more than 90% of the total 161 

fatigue life in HCF, depending on the stress level [63]. The fine granular area (FGA) at the fatigue-162 

initiation sites can be regarded as a crack, and the model for the formation of FGA based on the plastic 163 

zone at the crack tip has been established [64]. The plastic-zone size of a short crack can be calculated 164 

by [65]: 165 

rp= (1-2v)2

π
(∆Kini)

2

(σy)2             (1) 166 

where ν, σy, and ΔKini are the Poisson ratio (0.31), yield strength, and stress intensity factor at the tip 167 

of a crack, respectively. 168 

According to the fracture morphologies of samples with the Nf in the range of 2 × 106 ~ 107 169 

cycles, the fatigue cracks initiate at the interior. The ΔKini can be calculated by [66]: 170 

ΔKini=0.65∆σ√π√areaini       (2) 171 

where ∆σ is the maximum applied stress, and √areaini is the Murakami parameter, which is the size 172 

of the FGA. In the present work, the value of ΔKini is in the range of 11.4 ‒ 11.8 MPa∙m1/2 for S1 and 173 

S2. The rp value calculated is about 7.5 μm, which is close to the mean size of the equiaxed α grains. 174 

The mechanism modeling of the fatigue-crack initiation for HIPed Ti55 compacts is illustrated 175 

in Fig. 4. The microstructure plays a main role in influencing fatigue damage. The slip length in the 176 

equiaxed grains is much larger, compared with α lamellae, which is beneficial for the dislocation 177 

multiplication and motion. Therefore, the dislocation pileups at the interfaces of α lamellae are much 178 

denser than at the grain boundaries of equiaxed grains under the same Nf, leading to the earlier 179 
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nucleation of a microcrack in S1. 180 

Serval α lamellae may simultaneously suffer from the fatigue damage caused by the local 181 

plastic deformation after the nucleation of a microcrack since the rp value is larger than the thickness 182 

of α lamellae. Additionally, a local microtexture on the (0001) plane is available (Fig. 2c). The α 183 

lamellar cluster with the similar near basal orientation is more appropriate for the growth of a short 184 

crack than a single α lamella. Therefore, the short cracks in S1 grow relatively fast. However, the 185 

equiaxed grains present more random orientations than the lamella-like microstructures (Fig. 2f). 186 

When a short crack reaches another equiaxed grain rather than an α cluster, more dislocations will be 187 

piled up at the grain boundaries until the applied resolved shear stress can make the dislocation slip 188 

along the (0001) plane [67]. This trend can be also demonstrated by the fatigue-crack-initiation site 189 

of S2 being rougher than that of S1 (Fig. S2). Thus, the higher resistance for the fatigue-microcrack 190 

nucleation and lower growth rate of short cracks increase the fatigue life of S2. 191 

In summary, a PM Ti55 alloy with a superior fatigue strength (600 MPa) has been obtained, 192 

using a newly developed two-step HIP procedure. Enough strain energy and crystal defects formed 193 

during the first-step HIP can promote the in-situ globularization of the lamella-like microstructure 194 

during the second-step HIP. Compared with S1, the significantly enhanced fatigue strength (~ 25%) 195 

of S2 is attributed to the formation of the nearly full equiaxed structure with a random orientation, 196 

which increases the mean free path of dislocations during the crack nucleation and decreases the 197 

growth rate of short cracks. The present work paves the way for producing PM titanium-alloy 198 

components with tailored microstructures, superior fatigue strength, and excellent tensile properties 199 

for load-bearing applications. 200 
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 305 

Fig.1 HIP procedures and microstructures of the Ti55 alloy after interrupted HIP2. (a) Schematic 306 

diagram of HIP1 and HIP2 procedures. (b) Ti55-alloy phase diagram calculated with the Pandat 307 

software. (c-e) shows the microstructure of the sample S2 after the first step of HIP2. (c) SEM image, 308 

the arrows indicating the fine equiaxed grains, and DR standing for dynamic recrystallization. (d) 309 

TEM bright-field image showing the formation of equiaxed grains and the inset table showing the 310 

chemical composition of the silicide indicated by a white plus sign. (e) TEM bright-field image 311 

presenting the dislocation substructure developed during HIP and corresponding selected area 312 

electron diffraction pattern of the silicide and β phase (e1).  313 

 314 

 315 

 316 

 317 
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 318 

Fig. 2 Microstructures and formation mechanisms. (a-c) S1 and (d-f) S2. (a, d) SEM images. (b, e) 319 

EBSD inverse pole-figure maps taken along the stress-axis direction, the arrows presenting the 320 

boundary splitting and termination migration. (c,f) EBSD pole-figure maps. (g) Schematic diagrams 321 

illustrating the in-situ globularization mechanism of α lamellae during HIP2. GB – grain boundary, 322 

PB – phase boundary. 323 

 324 

 325 

 326 

 327 
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 328 

Fig. 3 Fatigue life and relationship between the fatigue and tensile strengths. (a) S-N curves of the 329 

HIPed Ti55 (surface: surface initiation; interior: interior initiation). The runout fatigue samples 330 

(Nf >107 cycles) are indicated by arrows. (b) Comparison of the properties of S2 with other high-331 

temperature titanium alloys [17,19, 40‒58], σu and σI standing for tensile and fatigue strengths, 332 

respectively. AM – additive manufacturing. 333 

 334 

 335 

 336 

 337 

 338 
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 340 

Fig. 4 Mechanistic schematic of fatigue-crack initiation. σr and r standing for the resistance for the 341 

crack nucleation and growth rate of short cracks, respectively and the arrows indicating their relative 342 

values. 343 

 344 
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 346 

 347 
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Supplementary material 356 

 357 

 358 

Fig. S1 SEM image showing the microstructure of the sample S1 after the first-step HIP of 359 

880oC/140MPa/1h. 360 

 361 

Table S1 Tensile properties of the Ti55 compact, using HIP1 and HIP2  362 

HIP route UTS (MPa) YS (MPa) El. (%) 

HIP1 975±5 906±4 16.0±0.5 

HIP2 955±5 881±2 16.5±0.2 

Note: UTS, YS, and El. stand for the ultimate tensile strength, yield strength, and elongation, respectively. 363 
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 364 

Fig. S2 SEM images showing the fatigue-fracture surface of the Ti55 alloy specimens: (a) HIP1 tested 365 

at σa = 600 MPa, Nf  = 5.47 × 105; (b) HIP1 tested at σa = 500 MPa, Nf  = 3.43 × 106; (c) HIP2 tested 366 

at σa = 650 MPa, Nf  = 4.95 × 105; (d) HIP2 tested at σa = 625 MPa, Nf  = 5.24 × 106, where the facets 367 

were indicated by the yellow arrows. 368 

 369 

Fig. S3 High-magnification SEM images presenting the slip localization induced by cyclic loading at 370 

the facet surfaces of the failed Ti55 alloys. (a) HIP1 tested at σa = 600 MPa, Nf  = 5.47 × 105; (b) HIP1 371 

tested at σa = 500 MPa, Nf  = 3.43 × 106. The striations reveal the slip steps on the facet surface under 372 

continuous cyclic loading, and the space of striation can be considered as the crack-growth rate. 373 


