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 30 

Abstract 31 

Understanding the relationship among elemental compositions, nanolamellar 32 

microstructures, and mechanical properties enables the rational design of high-entropy 33 

alloys (HEAs). Here, we construct nanolamellar AlxCoCuFeNi HEAs with alternating high- 34 

and low-Al-concentration layers and explore their mechanical properties using a 35 

combination of molecular dynamic simulation and density-functional theory calculation. 36 

Our results show that the HEAs with nanolamellar structures exhibit ideal plastic behavior 37 

during uniaxial tensile loading; a feature not observed in homogenous HEAs. This 38 

remarkable ideal plasticity is attributed to the unique deformation mechanisms of phase 39 

transformation coupled with dislocation nucleation and propagation in the high-Al-40 

concentration layers and the confinement and slip-blocking effect of the low-Al-41 

concentration layers. Surprisingly, this ideal plasticity is fully reversible upon unloading, 42 

leading to a remarkable shape memory effect. Our work highlights the importance of 43 
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nanolamellar structures in controlling the mechanical and functional properties of HEAs 44 

and presents a fascinating route for the design of HEAs for both functional and structural 45 

applications. 46 

 47 

Teaser 48 

Nanolamellar AlxCoCuFeNi high-entropy alloys exhibit ideal plastic behavior and shape 49 

memory effect. 50 

 51 

MAIN TEXT 52 

 53 

Introduction 54 

Conventionally, metallic alloys are designed, based on one or two principal elements 55 

alloying with a number of minor elements, e.g., aluminum alloys (1), cobalt superalloys (2), 56 

nickel alloys (3), etc. In 2004, a new type of alloys consisting of five or more principal 57 

elements, termed as high-entropy alloys (HEAs), has been innovatively proposed by Yeh et 58 

al. (4) and Cantor et al. (5). Since then, HEAs have attracted widespread attention due to 59 

their superior mechanical and functional properties (6-8), including a strength-ductility 60 

synergy beyond current benchmark ranges (7), excellent phase stability at elevated 61 

temperatures (8), etc. It is widely recognized that the mechanical properties of HEAs rely 62 

heavily on their compositions and micro-/nano-structures (9,10). In multicomponent HEAs, 63 

there is an enormous number of different local atomic configurations, i.e., micro-/nano-64 

structures (11). Hence, an in-depth understanding of the composition-structure-property 65 

relationship of HEAs enables their rational design. 66 

 67 

Several strategies have been proposed to maximize the mechanical properties of HEAs 68 

by tailoring their microstructures, e.g., introducing short-range ordering (SRO) in 69 

CoCrFeNiPd (12)/CoCuFeNiPd (13), Ll2 intermetallic nanoprecipitates into face-centered-70 

cubic (FCC) (FeCoNi)86-Al7Ti7 (14)/Fe25Co25Ni25Al10Ti15 (15), or body-centered-tetragonal 71 

nanoprecipitates into body-centered-cubic (BCC) Ti38V15Nb23Hf24 (16). Besides SRO and 72 

nanoprecipitates, a dual phase or lamellar structure can also play a significant role in 73 

manipulating the mechanical properties of HEAs, for instance, forming hexagonal-close-74 

packed (HCP)/FCC microstructures in Fe50Mn30Co10Cr10 (17)/Cr20Mn6Fe34Co34Ni6 (18), 75 

recrystallized/non-recrystallized microstructures in Al0.1CoCrFeNi (19), or lamellar eutectic 76 

AlCoCrFeNi2.1 (20). 77 

 78 

Recently, Ren et al. (21) fabricated dual-phase nanolamellar HEAs of AlCoCrFeNi2.1 by 79 

an additive-manufacturing route. They showed that such HEAs exhibit a combination of a 80 

high yield strength of ~ 1.3 GPa and a large uniform elongation of ~ 14%, which surpass 81 

those of other state-of-the-art additively-manufactured metal/alloys. In the as-printed 82 

AlCoCrFeNi2.1, a dual-phase nanolamellar structure consisting of alternating BCC and FCC 83 

nanolayers was observed, where the BCC lamellae were prominently rich in Al and Ni while 84 

the FCC lamellae were highly enriched by Co, Cr, and Fe. It was shown experimentally 85 

that, in AlxCoCrFeNi HEAs, an FCC structure was more stable when x < 0.5 [~ 11 atomic 86 

percent (at%) Al], FCC and BCC structures were of similar stability when 0.5 ≤ x ≤ 0.9, and 87 

the BCC phase was more stable when x > 0.9 (~ 18 at% Al) (22). 88 

 89 

By tuning Al concentration, Zhang et al. fabricated single-crystalline FCC CoCrFeNi (23) 90 

and BCC AlCoCrFeNi (24) HEA micropillars and nanopillars with typical orientations of 91 

[100], [110], and [111] experimentally. Both CoCrFeNi and AlCoCrFeNi HEAs 92 

demonstrated pronounced size effects on yield and flow stresses in three orientations under 93 
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in situ uniaxial compression tests. Large-scale atomistic simulations revealed that 94 

dislocation slip, reaction, tangling and accumulation, and deformation twinning were 95 

responsible for the experimentally-observed size effects on yield and flow stresses. 96 

 97 

The tunable phase stability of these HEAs with varying Al concentrations (22) along with 98 

the nanolamellar structure (21) raise several interesting and yet important questions. What 99 

are the deformation mechanisms in the nanolamellar HEAs with alternating low- and high-100 

Al concentrations? Are there differences in the phase stability and dislocation activity 101 

between low-Al-concentration and high-Al-concentration lamellae? What are the effects of 102 

lamella thickness and crystalline orientation on their deformation mechanisms and 103 

mechanical properties? What is their mechanical performance, as compared with 104 

homogeneous HEAs? Clearly, answers to these critical questions are not only of importance 105 

for the in-depth understanding of deformation mechanisms and mechanical properties of 106 

HEAs with nanolamellar structures, but also provide useful guideline for their rational 107 

design. This is the motivation for the current study. 108 

 109 

Atomistic simulations not only can capture the structural features of nanolamellar HEAs 110 

but also reveal the deformation mechanisms in detail. Thereinto, molecular dynamics (MD) 111 

simulations (23-26) can access to longer-time and larger-size scales, as compared with 112 

density-functional theory (DFT) calculations (27,28). For example, Li et al. (25) employed 113 

MD simulations to study a nanocrystalline Al0.3CoCu0.7FeNi HEA, whose grain sizes were 114 

comparable to those in Fu et al.’s experiments (29). Their MD results (25) showed that the 115 

high strength in the nanocrystalline HEA without the sacrifice of ductility obtained in 116 

experiments (29) was attributed to the strain-induced FCC to BCC phase transformation. 117 

Therefore, here, we also employ atomic-scale simulations and analyses to answer the above 118 

questions. 119 

 120 

Here, we explore the deformation mechanisms and mechanical/functional properties of 121 

both homogenous and nanolamellar AlxCoCuFeNi HEAs using MD and DFT calculations. 122 

DFT calculations are performed to validate the interatomic potential, while MD simulations 123 

are employed to simulate tensile deformation. Different simulation models are constructed 124 

to study the effects of the lamella geometry, elemental concentration, and loading direction 125 

on the mechanical response of the HEAs during tensile loading and then unloading. 126 

Deformation mechanisms in terms of phase transformations and dislocation activities are 127 

analysed. The present work aims to gain an in-depth understanding in the composition-128 

structure-property relations of nanolamellar HEAs and provide guidelines for the rational 129 

design of HEAs to achieve their novel mechanical and functional properties.  130 

 131 

Results  132 

Validation of interatomic potential. It is well-recognized that interatomic potentials play 133 

a pivotal role in MD simulations. Before presenting simulation results, we would like first 134 

to validate the interatomic potential used in the present work. Here, Zhou et al.’s (30) 135 

embedded-atom-method (EAM) potential is employed for MD simulations. This potential 136 

has reasonably reproduced the stacking fault energy (25), phase stability (31), and 137 

deformation mechanisms (25,31) of the experimental results (22,29,32-34) of the 138 

AlCoCuFeNi HEAs. We further examine the cohesive energies for 10 binary combinations 139 

of {Al, Co, Cu, Fe, and Ni} in the AB3 L12 intermetallic crystal structure and 5 single 140 

elements of {Al, Co, Cu, Fe, and Ni} in the FCC crystal structure. The cohesive energies 141 

determined from the interatomic potentials used in the MD and from DFT are listed in 142 

Tables S1A and S1B. While the MD interatomic potential-based cohesive energies do not 143 
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demonstrate perfect agreement with DFT calculations (as expected), they are remarkably 144 

successful in reproducing the important trends. For example, both results indicate that XAl3 145 

and XCu3 (X = Al, Co, Cu, Fe, or Ni) exhibit higher cohesive energies (marked in red in 146 

Table S1), and XCo3, XFe3, and XNi3 (X = Al, Co, Cu, Fe, or Ni) have lower cohesive 147 

energies (marked in green in Table S1). These trends indicate that the interatomic potential 148 

is able to capture the relative stabilities of local structures with different atomic 149 

environments. 150 

 151 

Plastic-deformation behavior of homogenous HEAs. For the easy comparison and 152 

discussion of the plastic-deformation behavior of nanolamellar HEAs, we first perform MD 153 

simulations on homogeneous AlxCoCuFeNi HEAs to investigate their plastic-deformation 154 

behavior. The AlxCoCuFeNi HEA simulation model is constructed by orienting an FCC box 155 

with [100], [010], and [001] directions aligned, respectively, along x, y, and z axes (Fig. 1A). 156 

The sizes of the homogenous HEA model are set as L = W = H = 17.28 nm, and the elemental 157 

concentration of Al in the box (C) is set at 5, 7, 9, 11, 13, and 15 at% (Fig. 1B). The MD 158 

simulations are performed at a strain rate of 5 × 108 s-1 and a temperature of 300 K. The 159 

stress vs strain curves of the homogeneous HEAs loaded along the [001] direction, that is, 160 

z axis, are shown in Fig. S1A. The phase profile and dislocation activity are presented in 161 

the Figs. S1B-D for C = 5 at% and Figs. S1E-G for C = 15 at%. From the stress vs strain 162 

curves, it is seen that after the stresses reach the ultimate tensile strength (UTS), a large 163 

majority of atoms in the C = 5 at% sample are still in the FCC phase while only a tiny 164 

fraction of atoms is in either the BCC phase or unknown lattice (Fig. S1B). After the UTS 165 

(3.0 GPa), there is a small fraction of atoms transforming into the BCC phase and unknown 166 

lattice (Fig. S1C), and there is no dislocation activity, as presented in Fig. S1D. With 167 

increasing the Al concentration, the fractions of atoms in the BCC phase and unknown 168 

lattice increase, as exhibited in Figs. S1E and S1F for the C = 15 at% sample. Interestingly, 169 

edge, screw, and mixed dislocations are observed after UTS (2.3 GPa) at the 15 at% sample. 170 

Hence, all the homogeneous HEAs exhibit a drastic softening behavior after the UTS due 171 

to the FCC to BCC transition and dislocation activities (for high-Al-concentration samples), 172 

and the higher the Al concentration, the stronger the softening. This trend is consistent with 173 

the previous experimental study (22) that a lower Al concentration favors the FCC phase 174 

while a higher Al concentration favors the BCC phase. 175 

 176 

 177 
Fig. 1 Simulation model of the homogenous HEAs. (A) Atomic configurations colored according 178 
to phase structure and element types. (B) Dimension (L = W = H) and Al concentration (C) used in 179 
the homogeneous HEA model. 180 

 181 

Plastic-deformation behavior of nanolamellar HEAs. For nanolamellar HEAs, the 182 

simulation box is cut into four nanolayers (denoted as first, second, third, and fourth layers 183 

from the bottom, as presented in Fig. 2A). In all the model settings, the thickness and 184 
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elemental concentration of the first and third layers are identical (h1 and c1), and those of 185 

the second and fourth layers are also identical (h2 and c2). To study the effect of the lamella 186 

geometry and composition on the mechanical response, we have selected the following 187 

geometric and compositional settings: (1) Geometry effect: Four cases of nanolamellar 188 

HEAs without a difference between h1 and h2, i.e., h1 = h2 = 4.32, 5.4, 6.48, and 7.56 nm, 189 

and c1 = 5 at%, c2 = 15 at% (see Fig. 2B). (2) Geometry effect:  Four cases of nanolamellar 190 

HEAs with a difference between h1 and h2, and h1 + h2 = 8.64 nm, i.e., (h1 = 2.16 nm, h2 = 191 

6.48 nm), (h1 = 2.88 nm, h2 = 5.76 nm), (h1 = 5.76 nm, h2 = 2.88 nm), (h1 = 6.48 nm, h2 = 192 

2.16 nm), and c1 = 5 at%, c2 = 15 at% (see Fig. 2C). (3) Compositional effect: Four cases of 193 

nanolamellar HEAs with h1 = h2 = 4.32 nm, c1 = 5 at%, c2 = 10, 12, 17, and 20 at% (see Fig. 194 

2D). The variation of elemental concentration in each atomic layers with position along 195 

thickness direction for the nanolamellar HEA with h1 = h2 = 4.32 nm, c1 = 5 at% and c2 = 196 

15 at% is calculated (Fig. S2). Clearly, the elemental concentrations in each atomic layers 197 

are within reasonable range, i.e., ±1 at% for low Al concentration (5 at%), ±2 at% for high 198 

Al concentration (15 at%) and other elemental (Co, Cu, Fe, and Ni) concentration (23.75 199 

at% or 21.75 at%). 200 

 201 

 202 
Fig. 2. Simulation geometries and compositions of the nanolamellar HEAs. (A) Four-layer 203 
nanolamellar HEA model (cross-sectional view). (B) Varying the layer thickness with h1 = h2, and 204 
the Al concentrations fixed at c1 = 5 at % and c2 = 15 at%. (C) Varying both h1 and h2 with h1 + h2 = 205 
8.64 nm, and the Al concentrations fixed at c1 = 5 at % and c2 = 15 at%. (D) Varying the Al 206 
concentration, c2, while keeping c1 and geometry fixed. 207 

 208 

Uniaxial tensile-deformation simulations are performed on the nanolamellar HEAs 209 

loaded along the [001] direction (z axis) with the same strain rate and temperature as the 210 

homogeneous HEAs, and the stress-strain curves are shown in Fig. 3A. The stresses of all 211 

the HEAs increase monotonically with strain prior to UTS (from 0 to 0.04 strain). However, 212 

the nanolamellar HEAs (h1 = h2 = 4.32 nm to 7.56 nm, c1 = 5 at%, and c2 = 15 at%) 213 

demonstrate an ideal plastic-behavior posterior to UTS, i.e., there is a plateau for the stress 214 

from the 0.045 to 0.065 strain, which is clearly not observed in the homogenous HEAs (i.e., 215 

C = 5 at% to 15 at% in Fig. 3A and Fig. S1). The atomic configurations of the h1 = 4.32 nm 216 

sample at a 0.045 strain colored by a phase structure according to the common neighbor 217 
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analysis (CNA) (35) and a 0.05 strain colored by the dislocation structure according to the 218 

dislocation extraction analysis (DXA) (36) in OVITO (37) are drawn in Figs. 3B and 3C, 219 

respectively. Clearly, the phase transformation from the FCC to BCC structure is the 220 

dominated deformation mechanism (see Fig. 3B). In addition, the phase transformation from 221 

FCC to an unknown structure also occurs mostly near the formed BCC structure, while no 222 

HCP structure is observed. Besides, a small number of dislocations with edge, screw, and 223 

mixed characters that can nucleate and propagate only in a limited distance (blocked) are 224 

also observed (Fig. 3C). These deformation mechanisms are seemingly similar to those 225 

observed in the homogeneous samples. 226 

 227 
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 228 
Fig. 3 Stress-strain curves and atomic configurations of the homogenous and nanolamellar 229 
HEAs during uniaxial loading. (A) Variation of stress with strain for the homogenous (C = 5 at% 230 
or 15 at%) and nanolamellar HEAs with h1 = h2 = 4.32 nm to 7.56 nm (c1 = 5 at% and c2 = 15 at%) 231 
during loading. Atomic configurations of the h1 = 4.32 nm sample at strains of (B) 0.045 colored 232 
according to the phase structure and (C) 0.05 colored according to the dislocation structure, as 233 
indicated in (A). Atomic configurations of the h1 = 6.48 nm sample at strains of (D) 0.045 colored 234 
according to the phase structure and (E) 0.05 colored according to the dislocation structure, as 235 
indicated in (A). 236 

 237 
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We have also analyzed the variation of FCC/BCC structure fraction and dislocation 238 

density with strain in the nanolamellar HEA with h1 = h2 = 4.32 nm, c1 = 5 at% and c2 = 15 239 

at% during loading (see Fig. S3A). This trend indicates that the phase transformation from 240 

the FCC to BCC structure occurs at ~ 0.04 strain, subsequently followed by dislocation 241 

nucleation at a 0.05 strain, which is consistent with the observations in Figs. 3B and 3C that 242 

phase transformation is coupled with dislocation nucleation. This nanolamellar HEA is also 243 

loaded along other two horizontal directions (Fig. S4). The results demonstrate that the 244 

nanolamellar HEA does not exhibit ideal plasticity when loaded along horizontal directions. 245 

Phase transformations (Fig. S4B) and dislocation nucleation/propagation occur in the whole 246 

HEA during loading (Fig. S4C), which are similar to the homogeneous samples. 247 

 248 

To gain an in-depth understanding for the peculiar ideal plasticity observed in the 249 

nanolamellar structure, we also examined the atomic configurations of the h1 = 6.48 nm 250 

sample at strains of 0.045 and 0.05, and the results are shown in Figs. 3D and 3E, 251 

respectively. These results further confirm that the FCC to BCC phase transformation is the 252 

dominated deformation mechanism in the nanolamellar HEAs (Figs. 3B and 3D), and the 253 

dislocations with edge, screw, and mixed characters are also present (Figs. 3C and 3E). 254 

Interestingly, all the plastic activities, that is, phase transformations and dislocation 255 

nucleation/propagation, only occur in the second and fourth layers (i.e., high-Al-256 

concentration layers, 15 at%) while no plastic activities occur in the first and third layers 257 

(i.e., low-Al-concentration layers, 5 at%). The plateau for the stress in the nanolamellar 258 

HEAs is ~ 2.1 to 2.2 GPa, which is close to the stress required for plastic activities in the 259 

high-Al-concentration (15 at%) layer (2.3 GPa), but much lower than that in the low-Al-260 

concentration (5 at%) layer (3.0 GPa). Therefore, the high-Al concentration facilitates the 261 

FCC to BCC phase transformation and dislocation nucleation/propagation, while the low-262 

Al concentration resists phase transformations and dislocation nucleation and 263 

blocks/confines phase transformation and dislocation propagations. 264 

 265 

Effect of elemental concentration and lamella-thickness difference. To understand the 266 

deformation behavior of the nanolamellar HEAs, we further investigate the effect of 267 

elemental-concentration difference by changing c2 from 10 at% to 20 at% (c1 = 5 at%) on 268 

the mechanical response of nanolamellar HEAs (Fig. 4). It is seen that the elemental-269 

concentration difference is able to change the duration and slope of the plateau. When the 270 

elemental-concentration difference is sufficiently large (c2 = 17 at% to 20 at%, i.e., |c1 - c2| 271 

/ c1 = 240% to 300%), the nanolamellar HEAs exhibit similar deformation mechanisms (i.e., 272 

dominated by the FCC to BCC phase transformation along with dislocation 273 

nucleation/propagation in the first and third layers, as exhibited in Figs. 4D and 4E), and 274 

their stress-strain curves show a longer plateau with a positive slope, that is, a plastic-275 

hardening behavior. 276 

 277 

When c2 = 10 at% (the elemental-concentration difference, |c1 - c2| / c1 = 100%), the 278 

stress-strain curve (Fig. 4A) is similar to those of homogenous HEAs, and the FCC to BCC 279 

phase transformation also occurs in the second and fourth layers at the stress peak (Fig. 4B). 280 

When c2 = 12 at% to 15 at% (the elemental-concentration difference, |c1 - c2| / c1 = 120% to 281 

200%), the stress-strain curve (Fig. 4A) exhibits a shorter plateau with a negative slope, that 282 

is, a plastic-softening behavior. 283 

 284 
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 285 
Fig. 4 Stress-strain curves and atomic configurations of the nanolamellar HEAs with c1 = 5 286 
at% and c2 = 10 at% to 20 at%. (A) Variation of stress with strain for the nanolamellar HEAs with 287 
c1 = 5 at% and c2 =10 at% to 20%. Atomic configurations of the c2 = 10 at% sample at strains of (B) 288 
0.05 colored according to the phase structure and (C) 0.055 colored according to the dislocation 289 
structure, as indicated in (A). Atomic configurations of the c2 = 20 at% sample at strains of (D) 0.045 290 
colored according to the phase structure and (E) 0.05 colored according to the dislocation structure, 291 
as indicated in (A). 292 

 293 

These results clearly show that by tuning the composition difference of the layers, we are 294 

able to change the duration and slope of the plateau. These different behaviors can be 295 

understood by the fact that on the one hand, when the Al concentration is high, extensive 296 

plastic deformations due to the phase transformation and edge/screw/mixed dislocations 297 

will occur in the high-Al-concentration layers, which tends to create a softening effect of 298 

the nanolamellar structure. On the other hand, these high activities of the phase 299 
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transformation and dislocation nucleation and propagation will be confined and blocked by 300 

the low-Al-concentration layers, which tends to create a strong hardening effect. Hence, it 301 

is the competition of these two effects that gives rise to these different behaviors, that is, 302 

different plateau durations and slopes. 303 

 304 

When Al concentration is higher than 20 at%, BCC phase is more stable than FCC phase 305 

(31). Nanolamellar HEA consisting of FCC lamellae with a low-Al concentration (5 at%) 306 

and BCC lamellae with a much higher-Al-concentration (35 at%) is simulated (Fig. S5). 307 

The results indicate that the nanolamellar HEA consisting of the FCC and BCC lamellae 308 

does not exhibit ideal plasticity. The underlying reason is that the interphase boundaries act 309 

as dislocation nuclei (Fig. S5C), and the stress drops off once dislocations propagate into 310 

the low-Al-concentration layers after nucleation at the interphase boundaries (Fig. S5D). 311 

 312 

We also explore the effect of the lamella-thickness difference by varying h1 from 2.16 nm 313 

to 6.48 nm (h1 + h2 = 8.64 nm) on the mechanical response of nanolamellar HEAs (Fig. S6). 314 

The results indicate that when the lamellar-thickness difference is not large (h1 = 2.88 to 315 

5.76 nm, h2 = 5.76 to 2.88 nm, i.e., |h1 - h2| / h1 ≤ 100%, and |h1 - h2| / h2 ≤ 100%), the 316 

nanolamellar HEAs display similar deformation mechanisms (i.e., dominated by the FCC 317 

to BCC phase transformation along with the dislocation 318 

nucleation/propagation/confinement in the first and third layers) and stress-strain curves 319 

with plateaus (i.e., ideal plasticity) as those in Fig. 3. When the thickness of the low-Al-320 

concentration layer is small and that of the high-Al-concentration layer is large, e.g., h1 = 321 

2.16 nm and h2 = 6.48 nm (|h1 - h2| / h1 ≥ 200%), the stress-strain curve has a long plateau 322 

with a negative slope. This is because the confinement and slip-blocking effects are weaker 323 

due to the small volume fraction of the low-Al-concentration layers. Conversely, when the 324 

thickness of the low-Al-concentration layer is large while that of the high-Al-concentration 325 

layer is small, e.g., h1 = 6.48 nm and h2 = 2.16 nm (|h1 - h2| / h2 ≥ 200%), the stress-strain 326 

curve has a short plateau with a positive slope. This trend is because of the stronger 327 

confinement and slip-blocking effects arising from the high-volume fraction of the low-Al-328 

concentration layers. 329 

 330 

Directional phase transformation in nanolamellar HEAs. Thus far, we have shown that 331 

the dominated deformation mechanism in nanolammellar HEAs loaded along the [001] 332 

direction is the FCC to BCC phase transformation. We note that the strain-induced phase 333 

transformation is directional in the high-Al-concentration layers (Figs. 5A and 5B), mainly 334 

along the loading direction, that is, the [001] direction. To reveal the origin of this 335 

directional FCC to BCC phase transformation, we examine the densities of FCC-structured 336 

and BCC-structured HEAs during tensile deformation (Fig. 5C). Clearly, the densities of 337 

both FCC and BCC structures increase monotonically with strain during tensile 338 

deformation. Besides, the density of the FCC structure is always higher than that of the BCC 339 

phase, i.e., the volume of the FCC structure is always lower than that of the BCC phase for 340 

the same number of atoms. Therefore, the volume expansion tends to favor the BCC phase, 341 

thus facilitating the transformation from the (high-density) FCC to (low-density) BCC 342 

structure. Once there is a BCC nucleus (a blue ball in Fig. 5D), the regions at the top and 343 

bottom tips of the nucleus along the loading direction (green areas in Fig. 5D) undergo the 344 

maximum volume expansion. Hence, the FCC to BCC transformation at the top tip will 345 

propagate upwards and while that at the bottom tip will propagate downwards, causing the 346 

directional phase transformation. 347 

 348 
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We also investigate the effect of the tensile loading direction on the mechanical response 349 

of nanolamellar HEAs. Besides the [001] direction, another three loading directions, that is, 350 

along [111], [123], and [110], are also studied. The stress-strain curves and atomic 351 

configurations of the nanolamellar HEAs for h1 = h2 = 4.32 nm following these three loading 352 

directions are shown in Figs. S7 and S8. It is seen that that there is no plateau in these three 353 

loading directions. The underlying origin is that for loading along these three directions, 354 

dislocation nucleation and propagation are the dominant deformation mechanism, and little 355 

phase transformation is observed. As a result, these dislocations are able to propagate across 356 

the different layers readily, which is quite different from that observed in the [001] loading 357 

direction, where the FCC to BCC phase transformation is the dominant deformation 358 

mechanism. Therefore, the unique ideal plastic behavior with the directional phase 359 

transformation in nanolamellar HEAs is strongly dependent on the loading direction. 360 

 361 

 362 
Fig. 5 Atomic configurations of the nanolamellar HEA, densities of FCC and BCC structures 363 
as a function of strain, schematic diagram of the structure under vertical tension, and 364 
schematic illustration of phase transformation. (A) Atomic configuration of the h1 = 4.32 nm 365 
sample at a strain of 0.05 during loading with a local region drawn in (B). (C) Densities of FCC and 366 
BCC structures as a function of strain during tension. (D) Schematic diagram of the structure under 367 
vertical tension. (E) Schematic illustration of phase transformation from the FCC to BCC phase. 368 

 369 

We find that the directional phase transformation from the FCC to BCC structure follows 370 

the tetragonal deformation path, i.e., Bain path (38), as presented in Fig. 5E. In the original 371 

FCC lattice as shown in Fig. 5E, the length ab = ac = ad, while ea = ec < ef. When the FCC 372 

phase (a green-atom structure in Fig. 5E) is subjected to the lattice distortions and loading 373 

along the [001] direction of the HEAs, the length, ef, decreases, leading to the facile phase 374 

transformation from the FCC to BCC (a blue-atom structure in Fig. 5E) phase. This well-375 

aligned FCC and BCC lattices in the [001] direction do not appear in [111], [123], and [110] 376 

directions. This preferential [001] direction in the occurrence of phase transformation has 377 
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also been observed in the Al0.25CoCu0.75FeNi (25). After the phase transformation, the phase 378 

boundaries between the remaining FCC and transformed BCC phases provide favorable 379 

nucleation sites for dislocations. On the one hand, phase transformation and dislocation 380 

nucleation and propagation cause the release of the stress level. On the other hand, the 381 

transformed BCC domains and the FCC-BCC phase boundaries can also block dislocation 382 

propagation and cause their limited mean free paths, thus increasing the stress level. It is the 383 

preferential phase transformation and dislocation nucleation/confinement that contribute to 384 

the unique ideal plastic behavior in the [001] direction. 385 

 386 

Shape memory of nanolamellar HEAs. We further study the unloading behavior for the 387 

sample with c1 = 5 at%, c2 = 15 at%, h1 = h2 = 4.32 nm, and loading along the [001] direction. 388 

Stress-strain curves during loading and unloading under different strains are presented in 389 

Fig. 6A. With loading from a 0.04 strain, the sample undergoes elastic deformation 390 

(negligible phase transformation as presented in Fig. 6B). At the strain level from 0.04 to 391 

0.06, the FCC to BCC phase transformation is the dominated deformation mechanism (Figs. 392 

6A, 6B, and 6C) along with a small portion of dislocation 393 

nucleation/propagation/confinement (Fig. 6E). Interestingly, when unloading is performed 394 

on the sample prior to the sharp decrease of stress (Unloading-I, II, and III in Fig. 6A), i.e., 395 

elastic and ideal plastic (plateau) regimes, all the stress-strain curves almost return back to 396 

their origin, exhibiting fully reversed deformation (i.e., shape memory). 397 

 398 

Local atomic configurations of the regions indicated in Fig. 6E are shown in Figs. 6G and 399 

6H. These configurations indicate that the edge/screw/mixed dislocations nucleate at the 400 

FCC-BCC phase boundaries, subsequently propagate in the FCC phase, and finally are 401 

blocked at neighboring FCC-BCC phase boundaries. Local atomic configurations of the 402 

region with dislocations during loading to a 0.064 strain and unloading to a 0.059 strain are 403 

presented in Figs. 6I and 6J, respectively. The structure changes between Figs. 6I and 6J 404 

indicate that the dislocation annihilation and phase transformation from the BCC to FCC 405 

phase occur during unloading in the samples prior to the sharp decrease of the stress 406 

(Unloading-I, II, and III in Fig. 6A), leading to the reversible plastic deformations and shape 407 

memory of nanolamellar HEAs. Variation of FCC/BCC structure fraction and dislocation 408 

density with strain during Unloading-II of the nanolamellar HEA with h1 = h2 = 4.32 nm, c1 409 

= 5 at% and c2 = 15 at% is analyzed (Fig. S3B). The results indicate that the phase 410 

transformation from the BCC to FCC structure occurs together with the dislocation 411 

annihilation. However, when unloading is performed on the sample posterior to the plateau 412 

regime (Unloading-IV in Fig. 6A), the dislocation annihilation and phase transformation 413 

from the BCC to FCC phase partially occurs along with new dislocation nucleation and 414 

propagation (Figs. 6D and 6F), resulting in the residual strain of the nanolamellar HEAs. 415 

 416 
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 417 
Fig. 6 Stress-strain curves, atomic fractions of different phase structures and atomic 418 
configurations of the nanolamellar HEA during loading and unloading. (A) Variation of stress 419 
with strain for the nanolamellar HEA with h1 = h2 = 4.32 nm during loading and unloading. (B) 420 
Atomic fractions of different phase structures as a function of strain during loading. Atomic 421 
configurations of the h1 = 4.32 nm sample at strains of (C) 0.05 during loading and (D) 0.015 during 422 
unloading colored according to the phase structure, and (E) 0.05 during loading and (F) 0.015 during 423 
unloading colored according to the dislocation structure, as indicated in (A). (G, H) Local atomic 424 
configurations colored according to the phase structure and dislocation structure of the regions 425 
indicated in (E). Local atomic configurations colored according to the phase structure and 426 
dislocation structure at (I) 0.064 strain and (J) 0.059 strain during unloading. 427 

 428 

Discussion  429 

Stability and fabrication of nanolamellar HEAs. It was reported experimentally that in 430 

AlxCoCrFeNi HEAs, an FCC structure was more stable when x < 0.5 [~ 11 at% Al], FCC 431 

and BCC structures were of similar stability when 0.5 ≤ x ≤ 0.9 (from 11 at% to 18 at% Al) 432 

(22). We have also studied the phase stability of AlxCoCu1-xFeNi (x = 0.1 to 0.9) HEAs with 433 

the interatomic potential used here. Our results indicate that the FCC phase was more stable 434 

when x ≤ 0.4 (10 at% Al) and the FCC and BCC phase were of similar stability (the 435 

cohesive-energy difference is within 0.003 eV/atom) when x = 0.6 (15 at% Al) (31). 436 

Therefore, the interatomic potential is able to well reproduce the phase stability with 437 

different Al concentration. Besides, both the low-Al-concentration (5 at%) layer and the 438 

high-Al-concentration (15 at%) layer could stabilize in the FCC phase, supporting the 439 

construction of an initial model in the FCC phase. 440 
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 441 

Accumulative roll bonding (ARB) has been widely used to fabricate metallic 442 

nanolamella. For example, Ekiz et al. fabricated nanolamellar Cu/Nb composites by ARB, 443 

leading to a nominal layer thickness of 18 nm (39). Carpenter et al. fabricated nanolamellar 444 

Zr/Nb composites with 90 nm individual layers using ARB (40). Wei et al. fabricated 445 

nanolamellar Cu/V composites with an average layer thickness of ~ 80 nm by ARB (41). It 446 

is expected that ARB could also be used to fabricate nanolamellar HEAs. Besides, additive 447 

manufacturing, e.g., the laser powder bed fusion, has been reported to produce nanolamellar 448 

AlCoCrFeNi2.1 HEAs (21). 449 

 450 

Comparisons with experiments. Nanolamellar metals/alloys often have a large number of 451 

interfaces because of the small lamella thicknesses. During the plastic deformation, 452 

edge/screw/mixed dislocations are emitted from one interface (e.g., domain boundary and 453 

phase boundary) segment and disappear at another interface segment promptly, leaving no 454 

or few dislocations to accumulate inside the grain interior (42). Generally, the accumulation 455 

of dislocations contributes to work hardening, thus improving ductility. Dislocation 456 

accumulation becomes difficult in nanolamellar structures (43). Therefore, nanolamellar 457 

metals/alloys generally exhibit high strength but come at the expense of low ductility 458 

(21,42,44). Recently, Ren et al. (21) used the laser powder bed fusion to print FCC + BCC 459 

dual-phase nanolamellar AlCoCrFeNi2.1 HEAs, where rapid solidification produced a high 460 

density of pre-existing dislocations. Besides, the alternating FCC and BCC nanolamellae 461 

possess semi-coherent interfaces, which can impose strong mutual confinement on the 462 

dislocation glide (45,46). Therefore, these nanolamellar HEAs exhibit a combination of a 463 

high yield strength of ~ 1.3 GPa and a large uniform elongation of ~ 14%, owing to the high 464 

work-hardening capability. 465 

 466 

Cantor et al. (47) used melt-back technique to grow Al-Al2Cu lamellar structures, 467 

showing semicircular dislocation segments concentrated at the lamellar interfaces. This 468 

trend indicates that the deformation of Al-Al2Cu lamellar structures is dominated by the 469 

differential thermal contraction stresses at the lamellar interfaces during manufacture. The 470 

thermal expansion coefficient of Al2Cu increases with temperature, which is TE1 = 5.92×471 

10-5 K-1 at room temperature (48). The thermal expansion coefficient of Al at room 472 

temperature is TE2 = 2.34×10-5 K-1 (49), whose difference is w% = | (TE1 – TE2 ) / TE1 | = 473 

60.5%, as compared with that of Al2Cu (48). The huge difference in thermal expansion 474 

coefficients between Al and Al2Cu leads to the differential thermal contraction stresses at 475 

the lamellar interfaces of Al-Al2Cu lamellar structures, resulting in the concentration of 476 

dislocations at the interfaces. We have also performed simulations on the thermal expansion 477 

of the low-Al-concentration (5 at%) and high-Al-concentration (15 at%) HEAs. The 478 

variations of their lattice constants with temperature are shown in Fig. S9, where their 479 

thermal expansion coefficients are TE3 = 2.02×10-5 K-1 (5 at%) and 1.88×10-5 K-1 (15 at%), 480 

respectively. The difference in thermal expansion coefficient between the low-Al-481 

concentration and high-Al-concentration layers is w% = | (TE3 – TE4 ) / TE3 | = 6.9%, which 482 

is much lower than that of Al2Cu and Al (60.5%). Therefore, differential thermal contraction 483 

stresses at the lamellar interfaces are not dominated in our nanolamellar AlxCoCuFeNi 484 

HEAs during deformation. Instead, the phase transformation coupled with dislocation 485 

nucleation and propagation is dominated in the high-Al-concentration layers along with the 486 

confinement and slip-blocking effect in the low-Al-concentration layers. 487 

 488 

Our AlxCoCuFeNi HEAs consist of FCC lamellae with a low-Al concentration (the FCC 489 

phase is stable under strain.) and a high-Al concentration (the FCC phase is metastable and 490 
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tends to transform to a BCC structure under strain.). Interestingly, with a proper choice of 491 

the geometry, composition, and loading direction, these AlxCoCuFeNi nanolamellar HEAs 492 

can exhibit ideal plastic, hardening, or softening behavior. In the present study, the phase 493 

transformations and dislocation nucleation/propagation in the high-Al-concentration layers 494 

provide the plastic deformation and ductility while the confinement and blockage of these 495 

plastic activities by the low-Al-concentration layers provide the strengthening, which is to 496 

some extent similar to and yet different from the work hardening of dual-phase nanolamellar 497 

AlCoCrFeNi2.1 HEAs (21). It is noted that our nanolamellae possess coherent interfaces, 498 

which do not easily emit/absorb dislocations. Instead, edge/screw/mixed dislocations 499 

nucleate at the FCC-BCC phase boundaries, and the glide is confined by the low-Al-500 

concentration layers inside the nanolamellae. The competition between these continuous 501 

phase transformations and the emission and propagation of dislocations in the high-Al-502 

concentration layers and the confinement and blockage of these plastic activities by the low-503 

Al-concentration layers lead to the hardening, ideal plastic, and softening behavior of the 504 

nanolamellar HEA structures. Besides, these dislocation activities and phase 505 

transformations are reversible due to the small length scale, leading to their reversible 506 

behavior and shape memory. The present study clearly demonstrates an interesting pathway 507 

for the manipulation of HEAs at the nanoscale level that leads to the strength-ductility 508 

synergy and functionality. 509 

 510 

Local atomic configurations. In HEAs, each atom is surrounded by distributions of 511 

different types of atoms. Considering each atom has n1 first near neighbors, the cluster of 512 

each atom together with its n1 first near neighbors consists of n1 + 1 atoms. The number of 513 

different local atomic configurations, N1, of n1 + 1 atoms in a multicomponent alloy with c 514 

components is (11): 515 

 516 𝑁1 = 𝑐𝑛1 + 1     (1) 517 

 518 

Studying the vast number of local atomic configurations in alloys poses a significant 519 

challenge in materials science. In the case of HEAs, this complexity is particularly 520 

pronounced. For example, for equimolar FCC AlCoCuFeNi HEA, c = 5 and n1 = 12, hence, 521 𝑁1 = 513 =  1.2 × 109. The number of potential atomic configurations in the alloy reaches 522 

the order of trillions, making it virtually impossible to explore the entire range of structures 523 

using current modeling methods alone. 524 

 525 

Various strategies have been explored to tackle this challenge. One approach is to use 526 

representative subsets of atomic configurations to gain valuable insights into the properties 527 

and behavior of alloys (23-28). Although this approach does not encompass the complete 528 

parameter space, it allows for the study of a diverse range of configurations while managing 529 

the computational complexity involved. The selection of the subsets typically involves 530 

statistical sampling, or informed selection strategies, ensuring a meaningful and 531 

representative sampling. However, it is essential to acknowledge the limitations of the 532 

modeling methods commonly used in alloy research. The widely employed special quasi-533 

random structures (SQS) model (27), for instance, can only consider systems with hundreds 534 

of atoms due to computational constraints. This limitation prevents a comprehensive 535 

exploration of larger atomic ensembles. Similarly, all-atom-based methods, while providing 536 

a detailed representation of individual atoms, suffer from the same limitation of 537 

computational cost and system size. 538 

 539 
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Nonetheless, despite these limitations, the insights gained from studying representative 540 

subsets of atomic configurations are valuable. By capturing essential trends and phenomena 541 

within the explored configurations, researchers have made significant contributions to our 542 

understanding of alloy behavior, such as mechanical properties (23,24), phase 543 

transformations (25), and electronic structures (27,28). It is important to note that 544 

experimental characterization techniques play a crucial role in validating and 545 

complementing the findings from modeling studies. To advance the field further, 546 

researchers are actively exploring alternative strategies. For instance, a multi-scale approach 547 

that combines different modeling techniques and integrates experimental data can provide 548 

a more comprehensive understanding of HEAs. 549 

 550 

While the number of local atomic configurations in alloys, especially HEAs, is vast and 551 

current modeling methods have limitations in exploring the entire range of structures, 552 

researchers utilize representative subsets to gain valuable insights into alloy properties and 553 

behavior. We have also performed simulations with additional representative subsets, i.e., 554 

different random number to generate different initial elemental distributions (Figs. S10A to 555 

S10C). Variation of stress with strain during loading for nanolamellar HEAs with different 556 

random numbers are shown in Fig. S10D. Clearly, all of them exhibit similar stress-strain 557 

curves during loading, demonstrating ideal plasticity. This trend indicates that our 558 

representative subsets are robust. It is crucial to acknowledge the limitations of the SQS 559 

model and all-atom-based methods, which stem primarily from computational constraints 560 

and restricted system sizes. However, ongoing research efforts, including the development 561 

of alternative strategies and multi-scale approaches, are continuing to expand our 562 

understanding of alloys and bridge the gap between modeling and experiment. 563 

 564 

Strategy to design HEAs with superior mechanical and functional properties. The 565 

present work indicates that the introduction of nanolamellae in HEAs with structural 566 

heterogeneities can achieve novel mechanical (ideal plasticity) and functional (shape 567 

memory) properties. Figure 7 provides a schematic illustration of the proposed HEA-design 568 

strategy for superior mechanical and functional properties via nanolamellae. The central 569 

point is that the elemental concentration can produce a pseudo-composite microstructure of 570 

FCC-stable and FCC-metastable (transform to BCC under strain) nanolamellae. Using the 571 

five elements, labeled I, II, III, IV, and V, as shown in Fig. 7A as an example, we illustrate 572 

the design strategy to form such a composite microstructure. First, all five elements tend to 573 

form a stable FCC structure in the random solid-solution phase; second, by tuning the 574 

elemental concentration (e.g., low-I and high-I concentrations), the low-I-concentration 575 

lamella is a stable FCC phase (Fig. 7B), while the high-I-concentration lamella is a 576 

metastable FCC (transform to a BCC phase under strain) (Fig. 7C); finally, we are able to 577 

design nanolamellar HEAs with a pseudo-composite microstructure consisting of FCC-578 

stable and FCC-metastable nanolamellae with a tunable nanolamella thickness, thickness 579 

ratio, and elemental-concentration difference (Fig. 7D). Such an HEA tends to produce an 580 

FCC to BCC phase transformation coupled with the dislocation nucleation, propagation in 581 

FCC-metastable nanolamellae and confinement and blockage of these plastic activities by 582 

the FCC-stable nanolamellae under loading, and the dislocation activities and phase 583 

transformations are reversible due to the small length scale during unloading, thus leading 584 

to a pseudo-composite microstructure with both the ideal plasticity and shape memory. 585 

 586 
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 587 
Fig. 7 Schematic diagram illustrating the strategy to design nanolamellar HEAs with ideal 588 
plasticity and shape memory. (A) Design a HEA with five elements (I, II, III, IV, and V). 589 
Formations of (B) low concentration of the element I (an FCC phase) and (C) high concentration of 590 
element I (a metastable FCC). (D) Construction of nanolamellar HEAs with ideal plasticity and 591 
shape memory via a tunable nanolamella thickness, thickness ratio, and elemental-concentration 592 
difference. 593 

 594 

In summary, we performed MD and DFT calculations to investigate the composition-595 

structure-property relations of AlxCoCuFeNi HEAs. Our DFT calculations demonstrate that 596 

the interatomic potential used in the MD simulations captures the relative stabilities of the 597 

local structures in different atomic environments. The MD simulations demonstrate that the 598 

nanolamellar HEAs loaded along the [001] direction exhibit ideal plastic behavior during 599 

uniaxial tensile loading; a feature not observed in the homogenous HEAs. The unique 600 

deformation mechanisms of phase transformation coupled with edge/screw/mixed 601 

dislocation nucleation and propagation in the high-Al-concentration layers, and the 602 

confinement and blockage by the low-Al-concentration layers lead to the ideal plasticity in 603 

nanolamellar HEAs. During unloading, dislocation annihilation and reverse phase 604 

transformation occur in the nanolamellar structures prior to the dramatic decrease of strain 605 

at loading, exhibiting shape memory. We also showed that the lamella geometry, phase 606 

composition, and loading direction affect the ideal plastic behavior and shape memory. The 607 

present study not only reveals the role of elemental concentration and nanolamellar structure 608 

in governing the phase transformation and dislocation activity in HEAs, but also provides 609 

guidelines for the rational design of HEAs with high-performance mechanical and 610 

functional properties. 611 

 612 

Materials and Methods 613 

Atomic potential. A large-scale atomic/molecular massively-parallel simulator (LAMMPS) 614 

package (50) with Zhou et al.’s (30) EAM potential is employed for MD simulations. This 615 

potential has reproduced key aspects of the experimental mechanical-testing results of the 616 

AlCoCuFeNi HEAs. For example, with this potential, Li et al. (25) revealed the origin for 617 

high strength without sacrificing the ductility of Al0.25CoCu0.75FeNi HEA in the experiment 618 

(29). The intrinsic stacking fault computed by MD simulations (25) is 25.6 ± 4.6 mJ/m2, 619 

which is consistent with previous experimental results of 19.7 to 49 mJ/m2 for similar HEAs 620 

(32-34). We also utilized this potential to study the phase stability of AlxCoCu1-xFeNi (x = 621 

0.1 to 0.9) HEAs (the FCC phase is more stable when x ≤ 0.4, but the BCC phase is more 622 

stable when x > 0.4) and deformation mechanisms of the FCC structure (the phase 623 

transformation is dominated.) and BCC structure (the dislocation activity is dominated.) 624 

(31), which are consistent with experimental measurements (22,29). We have further 625 

checked the cohesive energies of atomic pairs in the crystal structure (Table S1). A good 626 

agreement in the stacking fault energy, phase stability, deformation mechanism, and 627 

cohesive energy validates the reliability of the atomic potential used in the study. 628 

 629 
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Cohesive energy. DFT calculations and MD simulations were performed to determine the 630 

cohesive energies of binary L12 alloys for all A-B elemental pairs and FCC crystal structures 631 

for single elements (A) in {Co, Cu, Fe, Ni, and Pd}. A Vienna ab initio simulation package 632 

(VASP) (51) with a plane-wave basis and projector augmented wave (PAW) potentials 633 

(52,53) was used for DFT calculations. The Perdew, Burke, and Ernzerhof (PBE) exchange 634 

correlation energy functional within the generalized gradient approximation (GGA) was 635 

employed (54). For the AB3 binary L12 alloys, the cohesive energy is: 636 

 637 𝐸c(AB3) = − 14 [𝐸g(A) + 3𝐸g(B) − 𝐸b(AB3)]   (2) 638 

 639 

where Eb(AB3) is the energy of the fully-relaxed AB3 structure, and Eg(A) and Eg(B) are the 640 

energies of isolated A and B atoms in their ground states, respectively. For the single-641 

element FCC crystal structure, the cohesive energy is: 642 

 643 𝐸c(A) = − 14 [4𝐸g(A) − 𝐸b(A)]    (3) 644 

 645 

where Eb(A) is the energy of the fully relaxed FCC crystal structure consisting of the 646 

element, A. 647 

 648 

To compute the ground-state energies of the symmetry-broken spin-polarized magnetic 649 

ground state of an isolated atom, DFT calculations were performed for a single atom in a 650 

large cubic cell (14 × 14 × 14 Å3) with periodic boundary conditions (PBCs) to avoid 651 

interactions with its periodic images. Relaxation runs were done by performing spin-652 

polarized calculations and by allowing the ionic positions, cell volume, and cell shape to 653 

relax. The convergence tolerance for the electronic self-consistency was set at 10-8 eV, and 654 

the plane-wave energy cut-off was 800 eV. The bulk energies of the AB3 L12 alloy were 655 

calculated by fully relaxing the ion positions and periodic-cell lattice parameters to 656 

electronic self-consistency with a tolerance of 10-8 eV and a force convergence tolerance of 657 

10-4 eV/Å. A plane-wave energy cut-off of 520 eV and k point mesh of a 15 × 15 × 15 per 658 

cell were applied for all calculations. 659 

 660 

Model construction. The lattice constant of the FCC AlxCoCuFeNi was initially set at 3.6 661 

Å in a simulation cell containing 442,368 atoms (17.28 × 17.28 × 17.28 nm3). Four tensile-662 

loading directions along [001], [110], [123] and [111] directions are simulated. For the [001] 663 

case, the box is oriented with [100], [010], and [001] directions aligned, respectively, with 664 

x, y, and z axes. For the [110] case, the box is oriented with [001], [11̅0], and [110] directions 665 

aligned, respectively, with x, y, and z axes. For the [123] case, the box is oriented with [12̅1], 666 

[412̅], and [123] directions aligned, respectively, with x, y, and z axes. For the [111] case, 667 

the box is oriented with [112̅], [1̅10], and [111] directions aligned, respectively, with x, y, 668 

and z axes. The initial sample was constructed by populating atomic sites randomly with Al, 669 

Co, Cu, Fe, and Ni subject to the desired elemental compositions in each lamella for 670 

nanolamellar HEAs or in the whole box for homogenous HEAs. 671 

 672 

Tensile deformation. Prior to applying tensile deformation, the HEAs were thermally 673 

equilibrated at 300 K for 0.03 ns with the integration time step of 1 fs, via MD simulations 674 

in an isothermal-isobaric (NPT) ensemble (zero stress in all three directions). Uniaxial 675 

tensile loading was applied in the z direction at a strain rate of 5 × 108 s-1 for 0.2 ns at 300 676 

K. Strain rates of 5 × 108 s-1 have been achieved, e.g., under laser shocking (55,56). After 677 

that, unloading was performed for the samples under different strains. During deformation, 678 
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the NPT ensemble was employed in the x and y directions to maintain a zero-lateral pressure 679 

(i.e., a constant uniaxial strain rate). Periodic boundary conditions were applied in all three 680 

directions. OVITO (37) was used to visualize atomic configurations and analyze simulation 681 

results by identifying phase structures (CNA) (35) and dislocation structures (DXA) (36). 682 

 683 
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