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Abstract

This paper describes the main findings from an experimental investigation into local and overall
strength and fracture behavior of a microstructurally flexible, quadruplex, high entropy alloy
(HEA), FesxMn2gCo10Cri5Sis (in at%). The alloy consists of metastable face-centered cubic
austenite (), stable hexagonal epsilon martensite (¢), stable body-centered cubic ferrite (o), and
stable tetragonal sigma (o) phases. The overall behavior of the alloy in compression features a
great deal of plasticity and strain hardening before fracture. While the contents of diffusion
created oo and 6 phases remain constant during deformation, the fraction of € increases at the
expanse of y due to the diffusionless strain induced y—¢ phase transformation. High-throughput
nanoindentation mapping is used to assess the mechanical hardness of individual phases
contributing to the plasticity and hardening of the alloy. Increasing the fraction of the dislocated
¢ phase during deformation due to the transformation is found to act as a secondary source of
hardening because y and € exhibit similar hardness at a given strain level. While these two phases
exhibit moderate hardening during plasticity, significant softening is observed in ¢ owing to the
phase fragmentation. While the phase transformation mechanism facilitates accommodation of
the plasticity, the primary source of strain hardening in the alloy is the refinement of the structure
during the transformation inducing a dynamic Hall-Petch-type barrier effect. Results pertaining
to the evolution of microstructure and local behavior of the alloy under compression are
presented and discussed clarifying the origins of strain hardening. While good under
compression, the alloy poorly behaves under tension. Fracture surfaces after tension feature
brittle micromechanisms of fracture. Such behavior is attributed to the presence of the brittle o
phase.
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1. Introduction

A class of sophisticated metallic materials termed high entropy alloys (HEAs) are being
developed to enhance the contrasting material properties of strength and ductility [1-4].
Beginning with equiatomic HEA like Fe20Mn2oNi20Co020Cr20 which exhibits good strength,
ductility, and fracture toughness, other variants of the Fe-Mn-Ni-Co-Cr systems like
Fe40Mn27Ni26CosCr2 (at. %) are being explored [5-9]. The chief advantage of HEAS is in their
flexibility to tune microstructural features through adjusting their composition and processing.
To this end, dual phase HEAs consisting of Fe-Mn-Co-Cr were developed. For example, an
FesoMn30Co10Crio (at. %) system consists of a face-centered cubic (FCC) austenite (y) phase,
which is metastable. The phase undergoes strain-induced phase transformation into a dislocated
hexagonal close-packed (HCP) epsilon-martensite phase (¢) while accommodating plastic strains
[8, 10]. The mechanism is often referred to as the TRIP (transformation induced plasticity) since
it accommodates plastic strains like dislocation slip. Because multi-phase, these HEAs offer
flexibility to design volume fraction and distribution of phases to improve ductility and strength
tradeoffs [5, 6, 8]. The distribution can be achieved by varying processing methodologies such as
rolling, high pressure torsion, and friction stir processing [11-13]. Studies on increasing alloying
elements such as Cr at the expense of Fe and Mn on y phase in dual phase HEA have been
reported in [14, 15]. Increasing the Cr content furthers the driving force of y — € transformation
[11]. The present work is concerned with characterizing a FesxMn2gCo1oCri5Sis (in at%) HEA
designed to exhibit pronounced TRIP. The alloy has a quadruplex structure consisting of stable
body-centered cubic ferrite (o) and stable tetragonal sigma (o) phases in addition to metastable y
and stable €. The particular focus of the work is to assess the strength of individual phases via
high-throughput nanoindentation and attempt to clarify origins of strain hardening during plastic
deformation of the alloy.

Nanoindentation is conceived as a technique to measure and understand the localized
mechanical properties of metallic materials including HEAs [16-18]. To date, hardness mapping
has been utilized to explore spatial variations in a variety of metal alloys [19, 20]. However, only
a handful of such experiments along with some atomistic simulations have been performed on
nanoindentation of HEAs [21]. Atomistic simulations of nanoindentation of HEAs are
challenging due to compositional complexities [22]. Nevertheless, such simulations were
successful in revealing the effects of localized chemical composition changes on the mechanical
properties of complex multicomponent HEAs [23-25]. Nanoindentation studies revealed the
effects of single crystal crystallographic orientations on nanoindentation response and underlying
defect structures [26]. Moreover, studies into the effects of twin boundaries on nanoindentation
response and underlying dislocation activity found that the twin boundaries inhibit dislocation
penetration through the analysis of the plastic zone underneath the indentation [27]. Another
study analyzed the influences of alloy composition, crystal structure, grain size, and twin
boundary distance on the nanoimprinted properties of several HEAs [28].

While various aspects of the mechanical response of HEA alloys under deformation by
nanoindentation were investigated in the pre-mentioned studies, the role of local hardness in
individual phases on strain hardening of multi-phase HEAs was not rationalized. Localized
hardness mapping is a relatively new experimental technique that has been underutilized in only
a few studies involving HEAs [29-31]. We subject a complex Fe42Mn23Co10Cr15Sis (in at%) HEA
to nanoindentation over relatively large areas at varying strain levels to understand its hardening
behavior more holistically. An experimental investigation into tailoring the content of phases and



grain structure for high strength of the alloy using rolling, friction stir processing, and
compression was performed in our earlier study [11]. Hardness maps obtained over selected
areas in the present study provide complementary insights into the mechanical properties of
evolving HEA microstructural phases.

The evolution of microstructure was measured by optical microscopy, electron back
scatter diffraction (EBSD), and neutron diffraction (NeD). The as-received material was a rolled
plate having a quadruplex structure consisting of metastable v, stable o, stable &, along with some
stable a phases. The evolution of phase fractions and texture per phase was measured. Simple
compression data was taken from [11], while simple tension testing of the alloy was performed
in the present work. In addition to measuring the overall properties, localized hardness Young’s
modulus maps over increasing levels of strain are measured. To this end, instrumented
indentation testing (IIT) with the KLA Nano Indenter® systems employing the Oliver-Pharr
method is used to automatically determine the sought properties from the recorded load-
displacement history throughout the experiment [32]. These maps are correlated with the EBSD
maps over the same areas, given that the resolution, scan size, and sample preparation
requirements between the nanoindentation and EBSD mappings are comparable, to elucidate the
relative hardness of individual phases. The roles of transformation of phases and hardness per
phase on hardening during compression are conveyed in this paper. These comprehensive results
are presented as discussed as necessary for the development of crystal plasticity models able to
partition strain accommodation by individual phases in complex high entropy alloys. Predicting
overall mechanical performance of such alloys requires the guidance and validation in terms of
phase specific mechanical properties.

2. Experimental Procedures
2.1 Material processing

The HEA rolled plate’s composition studied in the present work was
FesxMn2sCo10Cr15Sis in atomic percent. The plate was manufactured at Sophisticated Alloys Inc.
An ingot of 50.8 mm in thickness was cast and then heat treated at 1100°C for two hours to
achieve homogenization of the structure. After the heat treatment, the material was rolled into a
plate 8.9 mm in thickness in multiple passes.

2.2 Mechanical testing

Wire electric discharge machining (EDM) was utilized to make specimens for
compression testing, while tensile dog-bone specimens were machined using a lathe.
Compression stress-strain data was taken from our earlier work [11]. Two additional cylindrical
specimens 3 mm in diameter and 4.8 mm in height were deformed to 0.21 compressive strain and
to fracture for microstructural characterization and nanoindentation. Tensile specimens were
made with an axis in-plane (IP) aligned with the plate rolling direction (RD). The gauge section
of the dog-bone specimens was 28 mm in length and 5 mm in diameter. An MTS biaxial
servohydraulic machine of 250 kN capacity was used to perform the tensile tests at room
temperature under a constant strain rate of 10-3/s. An MTS 623.12E-24 extensometer was used to



measure displacement. Three tensile tests were performed to fracture to ensure reputability of the
results. The measured curves were on top of each other.

2.3 Microstructural characterization

Optical microscopy and EBSD using a scanning electron microscope (SEM) were used to
determine and characterize the microstructure of the alloy. Optical images were taken using an
Olympus OLS5000 microscope. The images were taken using either laser or visible light. EBSD
was performed using a Tescan Lyra (Ga) field emission SEM. Scans were taken in field mode
with a beam intensity (BI) of 20.05-20.07 at a voltage of 20kV. The working distance was set at
9 mm and the scans were conducted at 615 fps at a 16 x16 bin size. Multiple scans were taken
for each strain level to ensure repeatability of the results. All scans contained over 600,000
points with a step size of 0.4 um. Post processing of the data was performed using OIM analysis
software package.

Samples from all strain levels were prepared by grinding with 320, 400, 600, 800, and
1200 grit SiC papers with 61b force per sample till plane. Post grinding, the samples were
polished with a TriDent mat using 3 um diamond suspension at 150 rpm for 5 minutes, followed
by a TriDent mat with 1 pm diamond suspension at 150 rpm for 5 minutes. Lastly, vibratory
polishing with a 0.05 pm colloidal silica suspension for 12 hours was conducted to ensure
preferable indexing and high confidence index (CI) on the EBSD scans. No etching was
necessary after vibratory polishing.

Energy dispersive spectroscopy (EDS) was also completed to observe the elemental
composition of phases that were present.

Finally, NeD was completed in Los Alamos Neutron Science Center at Los Alamos
National Laboratory for a few specimens, initial and deformed in compression [11, 33-40]. Maud
software was used to analyze the experimental data to obtain orientation distributions. Pole
figures were plotted in MTEX.

2.4 Nanoindentation

Nanoindentation is a tool for exploring mechanical behavior at small length scales [41].
The technique interrogates materials locally and is only semi-destructive, while allowing
extraction of diverse properties including elastic and plastic. Nanoindentation was performed
using a KLA Instruments iMicro Nano indenter with a Berkovich tip. Each specimen was
initially marked in four corners with a large indentation before EBSD was taken. After EBSD,
each specimen was placed into the nano indenter to measure hardness maps in the same area as
the EBSD scan took place. The technique results in correlated EBSD and nanoindentation
mapping. Areas of 150 um x 150 um were always chosen for indenting inside each sample
EBSD scan. Using Nanoblitz 3D, a built in KLA indenting function, 22,500 indents were placed
in the 150x150 grid with a 1 pm spacing at a force of 750 uN per specimen. Hardness maps,
Young’s modulus, and correlated phase hardness maps were produced using KLA’s post
processing software.

The process of NanoBlitz 3D nanoindentation involves forcing the Berkovich tip into the
surface of an investigated material. An indentation load (P) is applied as a constant while the
resulting indentation depth and contact stiffness are continuously recorded by the instrument.
The measured values per indent are then converted into elastic modulus and hardness through the



Oliver-Pharr indentation equations [32]. To this end, the analysis of the load and displacement by
the instrument yields a contact penetration depth (h.) and corresponding contact area (4, =

- _y?
A.(h.)) per indent to obtain Young’s modulus (E;;; = (1 —v?2) E \/% - %l ) and hardness
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(Hyr = A—‘”‘), where subscripts i and s correspond to indenter and sample. S is beginning of the
c
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unloading slope or contact stiffness,
material. Although the calculation of Young’s modulus requires knowledge of the sample’s
Poisson’s ratio, vy, the dependence on v is weak. The obtained hardness relating the force on the
indenter to the projected contact area per indent is referred to as instrumented indentation testing
(IIT) hardness. IIT is sometimes called high speed nanoindentation or high throughput
nanoindentation. Evidently, IIT determines material properties without the need to measure the
contact area upon where the indenter is withdrawn from the material. Knowing the contact depth
over which the probe contacts the material, the contact area, A, can be calculated through an
area function, A, (h.). The function is dependent on the geometry of the probe. For the
Berkovich tip indenter, which is a three-sided pyramid made of diamond, the function is: 4, =
24.56h% + Ch, with C= 150 nm.

Vickers (or Knoop) hardness (HV) can also be obtained by using the mean contact area
or Meyer hardness conversion through the KLA iMicro indenter software using: HV = 94.52 -
H,;r. In contrast to HV governed by ISO 6507 and ASTM E384, IIT governed by ISO 14577 and
ASTM E2546 is fast (~1 second per indent). Standard HV relies on a 4-sided Vickers pyramid to
obtain one value of hardness at a single force and penetration depth. HV hardness is a ratio of an
applied load (kg) to the surface contact area between the indenter and the sample. In contrast, IIT
uses a 3-sided Berkovich pyramid probe. Young’s modulus and hardness maps are obtained
effectively and can be analyzed statistically. IIT is a technique developed for performing large
numbers of indentations in short periods of time. Indents are performed over a user defined grid.

To produce high quality property maps over a user defined grid, the considerations of
load level and resulting indentation depth, stress fields, and underlying elastic and plastic zones
underneath the indenter are important. While the entire elastic zone is sufficient for the modulus
measurements, the elastic—plastic deformation zone is required for the hardness measurements.
The fields from neighboring indents should not overlap. Therefore, consideration of grid
resolution is also important and needs to be carefully defined. We have explored multiple grids
while establishing appropriate in-plane indentation spacing between indents to obtain high
quality maps presented in the results section of the paper.

3. Results

3.1 Mechanical testing for overall properties

True stress — true strain curves are recorded during compression along the through-
thickness (TT)/ND and in-plane (IP)/RD and in tension along RD for the as rolled materials (Fig.
1). As observable, the specimen in IP condition exhibits larger amounts of ductility. The material
is approximately isotropic and can accumulate more compressive strain in [P than in TT. The
ultimate strength between IP and TT samples are alike, where IP is slightly higher at 1300 MPa
while TT has an ultimate strength of 1250 MPa. The material in tension has a yield stress of



about 300 MPa and an ultimate tensile strength (UTS) of 520 MPa. The material exhibits poor
ductility. To justify the strength and hardening behavior of the material undergoing substantial
phase transformation during deformation, microscopy, and nanoindentation characterizations
were carried out for establishing phase-hardness correlations, as presented in the following
sections.
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Fig. 1: True stress — true strain curves for the as-rolled specimens of the alloy tested along IP and
TT directions in compression and along IP direction in tension to fracture. The plot of the tensile
curve is zoomed in for clarity.

3.2 Microstructural characteristics

Inverse pole figure (IPF) maps and corresponding phase maps of the alloy are shown in
Fig. 2 for the TT direction. Four phases are identified with green, red, yellow, and blue colors
which correspond to y-austenite, e-martensite, 6-sigma, and a-ferrite phases, respectively. The
lattice parameters are: a gamma = 3.62 A, a sigma = 8.87 A and ¢ sigma = 4.64 A, and a epsiton = 2.60 A
and ¢ epsilon = 4.18 A [42-44]. We would like to point out that ferrite phase designation is specific
to one of the BCC phases in steels. Since our material has quite a complex composition which is
not exactly steel, simply calling the ferrite phase as BCC phase may be more appropriate. From
the perspective of indexing and determining the type of lattice giving the best fit for a given
pattern in EBSD, a-ferrite, d-ferrite, or a-martensite have no difference because they all have
similar lattice constants. As will be shown shortly in an image quality (IQ) map, the BCC phase



in the HEA is not the a-martensitic because the intensity is low. Phase fractions based on
multiple maps are indicated in the caption. The as-received initial material consists
predominantly of y phase with a being the least prevalent. The average grain size for y was
estimated to be 20 um for the as rolled samples.

Another IPF map along with its phase map, and an energy dispersive spectroscopy (EDS)
elemental map was taken. Luckily the map included more of the BCC phase, and we selected it
to perform nanoindentation as indicated in the phase map. y-austenite and e-martensite are a solid
solution of all 5 elements (Fe, Mn, Co, Cr, Si), and o-phase is an intermetallic with increased Cr
content in a tetragonal structure. Further analyses showed that the ¢ phase also has a higher Si
content. Interestingly, the BCC phase also shows more of Cr. We have added a black overlay
highlight for the BCC phase in the Cr composition map. With a higher percentage of Cr in wt%,
there is a higher probability of 6-sigma phase forming in stainless steels [45]. In our case, using
Si in addition to Cr in higher amounts for Fe-Mn-Co-Cr systems turned out that we got more o-
sigma precipitation [46, 47]. The kernel average misorientation (KAM) map of the initial
structure shows a slightly higher presence of geometrically necessary dislocations (GNDs) in the
o-phase relative to the other phases.
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Fig. 2: (a) IPF and (b) phase maps for a specimen of the as-rolled HEA plate. Perpendicular to
the maps is the sample TT direction. The colors in the IPF map represent the orientation of the
TT/ND plate axis with respect to the crystal lattice frames according to the coloring in the
standard IPF triangles per phase. Multiple maps are used to determine the initial average phase
fractions: FCC: 78.4%, HCP: 6.2%, BCC: 0.4%, and Tetragonal: 15.0%.



Fig. 3: (a) IPF, (b) phase, (c) EDS Cr composition, (d) half IQ and half KAM maps for a
specimen of the as-rolled HEA plate. The frames and colors in the IPF map are the same as those
in Fig. 1. The colors in the phase map are the same as those in Fig. 1. The composition map
reveals a higher Cr content in the BCC and Tetragonal phases. The IQ and KAM maps show
relatively low dislocation density in all phases.

Fig. 4 shows the structure in the alloy at an intermediate strain level and at fracture using
IPF and phase maps. Substantial refinement of the structure due to the transformation y—¢ can
be observed. The maps show slip bands in y as sheaves of parallel laths that are strung out on the
{111}y planes carrying out the strain-induced y—€ martensite transformation. Increasing the
content of interfaces in the microstructure with the refinement during deformation increases
barriers to mobile dislocations. Such hardening mechanisms are referred to as the dynamic Hall-
Petch-type effect. The ability of the alloy to plasticity deform is exhausted with near completion
of the transformation. Fig. 5 shows the extent of the transformation with plastic strain under
compression measured using EBSD. Crystal orientations with their < 001 > axes parallel to a
compression direction easily transform, while crystal orientations compressed around <011 >
and < 111 > cannot transform under compression [48, 49]. The KAM maps of the deformed
structures are shown in Fig. 6. Evidently, the presence of GNDs increases in the transforming
and deforming phases, € and vy, while it is smaller in the ¢ phase. Increased content of



dislocations contributes to the local hardness of the phases and also the overall hardening of the
alloy.

Fig. 7 shows pole figures of the initial and deformed structures per phase. Texture in the y
phase features the formation of the {110}, fiber as expected for compressive of an FCC material
[50-58]. The texture evolution in the € phase is mainly driven by the TRIP mechanism. The
relationship between orientations in the parent y and child & phases is {111}, {0001},
(110)y(21i0) ¢ [59, 60]. Additionally, these two phases are co-deforming by crystallographic
slip [61-64]. Finally, the texture in the ¢ phase is relatively random and remains such during the
compression deformation because the phase does not deform plastically but only floats in the
matrix.
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Fig. 4: (a, c, ) IPF and (b, d, f) phase maps for: (a, b) a specimen compressed to 0.21 true strain
along TT and (c-f) a specimen compressed to fracture along TT (~0.43 true strain). The frames
and colors in the IPF maps are the same as those in Fig. 1. The colors in the phase maps are the
same as those in Fig. 1. Multiple maps are used to determine the average phase fractions at 0.21:
FCC: 53%, HCP: 32%, BCC: 0%, and Tetragonal: 15.0%, while at 0.43: FCC: 12%, HCP: 73%,
BCC: 0%, and Tetragonal: 15.0%.
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Fig. 5: y—¢ phase fraction transformation from as-rolled material to fracture along TT. The fit is

y =-1.48x + 0.82.
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Fig. 6: (a) IQ and (b) KAM maps corresponding to the IPF and phase maps in Fig. 4a and b. (c,
d) KAM maps corresponding to the IPF and phase maps in Fig. 4c-f.
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Fig. 7: Stereographic pole figures measured by NeD revealing the evolution of texture per phase
in the alloy during compression from initial (top row), to a strain of 0.21 (middle row), and to a
strain of 0.43 (bottom row) in (a) austenite, (b) epsilon martensite, and (c) sigma phases.

3.3 Correlated EBSD and nanoindentation mapping for local properties

Initial and strained specimens are subjected to nanoindentation along the TT direction.
Two 150x150 um maps containing 22,500 individual indentations are presented. Appendix A
discusses the role of resolution on the results in detail. Fig. 8 displays phase, hardness, correlated
phase and hardness, and Young’s modulus maps for an initial as-rolled specimen. These maps
are the same inner dashed area displayed in Fig. 3b. The KLA software could not distinguish
between y and € phases based upon hardness alone due to their relative hardness being similar to
one another. Integrated software threshold methods to try to separate y and ¢ were attempted but
were found to be too inaccurate with respect to EBSD phase fraction findings, and therefore their
relative hardness were calculated together. Fig. 4c shows this phenomenon where only three
colors, blue (y and €), pink (BCC), and yellow (o) are shown. ¢ has the highest hardness. Table 1
presents the average values. The values were verified by performing individual indents per phase
using the instrument in both load and displacement control. For reference, the crystal elastic
stiffness constants in GPa for y-austenite are Ci1=209.0, C4s=121.0, and Ci12=133.0 [65, 66],
for e-martensite are C11=268.7, C33=319.7, Cs5s=49.26, C12=128.6, and C13=77.67 [67, 68],
and for o are C11=452.3, C33=495.6, C44=110.0, Css= 111.8, C12=194.2, and C13= 157.0 [69,
70].

Next, measurements of hardness at a higher strain level were conducted. The same
procedure as discussed in Fig. 8 was administered for a second specimen pre-compressed to a
strain of 0.21. Fig. 9 displays phase, hardness, and correlated phase and hardness maps. These
maps are over the same inner dashed area displayed in Fig. 4b. Multiple attempts were made to
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find and indent the deformed BCC phase, but the phase was never found due to its small volume
fraction in the alloy. As for the as-received sample, Fig. 9¢ correlates phase fractions based upon
hardness values. Again, distinguishing between the hardness of y and € phases shown in blue was
not possible. The relative hardness of y and ¢ increased with increasing strain and increased
phase fraction of €. In contrast, the hardness of ¢ decreased, which is an interesting finding. The
finding will be rationalized shortly. Table 2 presents the averaged values. These values were also
verified by performing individual indents per phase using the instrument in both load and
displacement control.
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Fig. 8: (a) A sub area of the phase map from Fig. 3b used for nanoindentation to obtain: (b) a
hardness map, (c) a correlated phase and hardness map, and (d) a Young’s modulus map.

Table 1. H;;r and Ej;r along with their standard deviation (STDEV) per phase.

Phase Hardness Mean [GPa] Hardness STDEV ~ Modulus Mean [GPa]  Modulus STDEV
A 3.563 0.479 119.2 8.62
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B 7.009 0.348 149.4 6.92
C 13.380 1.056 208.5 12.7
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Fig. 9: (a) A sub area of the phase map from Fig. 4b used for nanoindentation to obtain: (b) a
hardness map and (c) a correlated phase and hardness map.

Table 2. H;;r and Ej;r along with their standard deviation per phase.

Phase Hardness Mean [GPa] Hardness STDEV
D 4.114 0.589
E 8.145 1.699

4. Discussion



Results presented in the previous section in terms of the evolution of microstructure and
local behavior of the alloy are used to rationalize and interpret the overall hardening behavior of
the alloy. Since nano-hardness response at every individual indent steams from localized
microstructural heterogeneities, contributions from strengthening mechanisms such as
dislocations and solid solutions to the overall strength can be inferred [71, 72]. In the present
study, nano indentation is used to rule out the contribution of dislocation buildups to the strength
of the alloy. Phases y and ¢ are found to exhibit similar hardness with plastic straining revealing
that increasing the fraction of the dislocated € phase during deformation due to the
transformation is not a primary source of strain hardening. Nevertheless, both y and € phases
exhibit moderate hardening owing to the increase in dislocation density. Measurements suggest
an increase in strength due to dislocations of about 15%. Table 3 presents estimated HV based on
the H;;r measurements. The relationship between HV and flow stress can be approximated using
Tabors equation where HV is first converted from kgg/mm? to MPa by multiplying the HV values
by 9.80665 and then dividing by a factor of ~4 or so. In doing so, the initial yield stress of the
alloy would be 820 MPa, while that at 0.21 true strain would be 950 MPa based on the HV
values for the FCC/HCP phases. The actual yielding of the alloy under compression is at about
600 MPa, while flow strength at 0.21 true strain is 1180 MPa. Evidently, estimates based on HV
are inaccurate as is often the case for multi-phase materials. Therefore, the origin of the strength
differential from yielding to that at 0.21 true strain can not be owing to solely dislocation driven
hardening of individual phase.

The refinement of the structure during the transformation inducing a dynamic Hall-Petch-
type barrier effect is a primary source of hardening in the alloy. Restricting the slip length
associated with dislocations in y and ¢ is found very effective in strain hardening of the alloy.
Effective strengthening by structural refinement has been achieved in many HEAs [73, 74].

Moreover, some load transfer between phases contribution to strengthening likely
operates under deformation, given the composite structure of the alloy. Such contribution is
driven by the volume fraction, morphology, and strength/stiffness of the reinforcement ¢ phase
[75-80]. Fig. 10 shows images of the structure revealing networks of cracks developing in the ¢
phase during compression. The ¢ phase does not deform/reorientate/float but interestingly begins
to crack and fragment with plastic strain. The fragments float around in the surrounding y and €
matrix. It is found that the hardness of the ¢ phase decreased with the plastic strain in
compression. The decrease in the relative hardness of ¢ is because the nano indenter tip deflects
from the cracked floating phase in the surrounding matrix instead of loading uniaxially. As a
result of such softening, any load transfer hardening would decrease.

The present study confirmed that the high throughput nanoindentation mapping is an
effective way to characterize the relative strength of phases in multi-phase materials. Large
quantities of identical tests were performed within relatively short timescales as compared to
more traditional methods [81, 82]. While the technique can probe even more complex
microstructures consisting of dislocation structures or nanotwins at nano and micro scales,
results attained in the present study show nano-hardness per phase and the evolution of hardness
per phase during deformation. The increase/decrease in the relative strength per phases was
determined for the FesxMn2gCo1oCri5Sis (in at%) HEA. However, there are some limitations of
the nanoindentation mapping approach. For example, distinguishing separate phases based upon
hardness is not possible for phases with similar hardness values, like y and ¢ in the present work.
Measured values are useful to compare the relative strength of phases while the actual strength
cannot be measured. Nevertheless, assessing relative strength between phases is very useful for
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the development of crystal plasticity models for multi-phase materials [83-89]. Given the relative
strength per phase, the models would be enabled to partition plastic strain accommodation by
individual phases in complex high entropy alloys. The combination of nanoindentation
experimental approach and advanced crystal plasticity modeling handling phase transformations
approach [90-95] can determine strength per phase along with the evolution of strength and
microstructure. The approach will be pursued in future works.

In closing, we show fractography of the specimen pulled to fracture in tension. Brittle
micromechanisms of fracture can be observed owing to the brittle ¢ phase. The fracture surface
consists of a rough intergranular fracture with some transgranular facets from grain to grain.

Table 3. Estimated HV in kg¢/mm? from H,;; in GPa.

Phase Initial e=0.21
FCC 336 389
HCP 336 389
Tetragonal 1264 769
BCC 662 N/A
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Fig. 10: Optical microscopy images of (a, b) an undeformed initial specimen and (c, d) a
compressed specimen along TT to a strain of 0.21. Note networks of cracks developed in sigma
phase after the compression. Perpendicular to the images is the sample TT direction. The scale
bars are 50 um.
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Fig. 11: Secondary electron images showing the fracture surface for a specimen pulled in tension
to fracture along RD.

5. Conclusions

In this work, we have characterized the evolution microstructure undergoing strain
induced y—¢ phase transformation and measured overall strength/ductility in tension and
compression along with localized hardness/strength per phase in a quadruplex HEA,
Fe42Mn23Co10Cr15Sis5 (in at%). The material was investigated in its as-received state and after
plastic straining under compression. The emphasis was on assessing the evolution of relative
hardness/strength between individual phases via high-throughput nanoindentation to clarify the
origins of strain hardening of the alloy. The main conclusions of the study are:

e The overall behavior of the alloy in compression features a great deal of plasticity and
strain hardening before fracture. The plasticity is accommodated through the strain
induced y—¢ phase transformation to near completion along with dislocation slip in
metastable y and stable € phases.

e Phases y and ¢ are found to exhibit similar hardness with plastic straining revealing that
increasing the fraction of the dislocated € phase during deformation due to transformation
is not a primary source of strain hardening. Nevertheless, both y and ¢ phases exhibit
moderate hardening owing to the increase in dislocation density.

e The contents of diffusion created ¢ phase remains constant during deformation. The
phase floats in the surrounding matrix before beginning to crack at higher strain levels.
Cracking and fragmentation of the phase during deformation causes localized softening
but not early fracture under compression.

e The primary source of strain hardening in the alloy is the refinement of the structure
during the transformation inducing a dynamic Hall-Petch-type barrier effect. The
secondary sources are owing to the build up of dislocations in the y and € phases with
plastic strain and to some load transfer because of the strength/stiffness differential
between constituent phases.
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e The alloy is found to behave poorly under tension. Fracture surfaces after tension feature
brittle micromechanisms of fracture. Such behavior is attributed to the presence of the
brittle ¢ phase. Future work will focus on designing new compositions to suppress the
occurrence of the o phase.
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Appendix

Because conducting high-speed nanoindentation mapping and interpreting its results
requires appropriate indentation spacing and indentation depth, this appendix presents
indents/imprints in specimens after nanoindentation. The results are shown at two applied force
levels, 750 uN and 1750 uN. Spacing between indents was 1 um for both loads, as
recommended for sufficient resolution contour plots. The spacing is defined as the distance
between the center of one indent to the center of the next. The spacing must also be optimized to
prohibit interference between adjacent indents while maximizing indentation coverage for
contours of properties over the given grain structures. 0.5 um between the most right corner of
one indent to the most left corner of another is recommended as optimal to allow for the indents
to be as close to one another as possible without interfering. While we have explored broad
ranges of spacings and forces for achieving good looking and accurate maps, we chose to show
indents under two forces in Fig. Al. Results based on the two loads were very similar and within
the standard deviation. However, we regard the second force as an upper bound for achieving
accurate results in both phases simultaneously for 1 um spacing because the indents begin to
interact in the FCC/HCP phases. Further increase in the load would still provide accurate
measurements in the Tetragonal phase but not in the FCC/HCP phases. Average depth, h., over
indents was 105 nm in FCC/HCP, 75 nm in BCC, and 55 nm in Tetragonal under 750 uN, while
135 nm in FCC/HCP and 70 nm in Tetragonal under 1750 uN force. The 22,500 indent maps
took 6.15 hours to complete, which is approximately 1 second per indent.
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Fig. Al: Secondary electrons images showing indents under (a, b, ¢) 750 uN force and (d, e, f)
1750 uN force. (b) is a magnified region from (a) in ¢ phase. (¢) is a magnified region from (a)
in v and ¢ phases. (e) is a magnified region from (d) in ¢ phase. (f) is a magnified region from (d)
in y and € phases.
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