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Severe plastic deformations (SPD) under high pressure, mostly by high-pressure torsion, are employed for producing nanostructured
materials and stable or metastable high-pressure phases. However, they were studied postmortem after pressure release. Here, we review recent
in situ experimental and theoretical studies of coupled SPD, strain-induced phase transformations (PTs), and microstructure evolution under high
pressure obtained under compression in diamond anvil cell or compression and torsion in rotational diamond anvil cell. The utilization of x-ray
diffraction with synchrotron radiation allows one to determine the radial distribution of volume fraction of phases, pressure, dislocation density,
and crystallite size in each phase and find the main laws of their evolution and interaction. Coupling with the finite element simulations of the
sample behavior allows the determination of fields of all components of the stress and plastic strain tensors and volume fraction of high-pressure
phase and provides a better understanding of ways to control occurring processes. Atomistic, nanoscale and scale-free phase-field simulations
allow elucidation of the main physical mechanisms of the plastic strain-induced drastic reduction in phase transformation pressure (by one to two
orders of magnitude), the appearance of new phases, and strain-controlled PT kinetics in comparison with hydrostatic loading. Combining in situ
experiments with multiscale theory potentially leads to the formulation of methods to control strain-induced PT and microstructure evolution and
designing economic synthetic paths for the defect-induced synthesis of desired high-pressure phases, nanostructures, and nanocomposites.
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1. Introduction

In this review, we discuss some recent in situ experimental
and theoretical results in SPD, plastic strain-induced PTs, and
microstructure evolution under high pressure obtained under
compression in diamond anvil cell (DAC) or compression
and torsion in rotational DAC (RDAC), see Fig. 1. To avoid
repetition with our previous review," we assume that its
content is known to the readers. Other relevant recent reviews
include.”™

Processes in RDAC are very similar to those occurring
during high-pressure torsion (HPT) with metallic or ceramic
anvils, which is used to produce SPD leading to nano-
structured materials.”>%) The main advantage of RDAC for
basic research is that all processes can be studied in situ
under pressure utilizing x-ray diffraction with synchrotron
radiation in parallel geometry (Fig. 1(a)) by scanning along
the diameter with a step of ~10 microns with the spot size of
~10 microns,'>'9 thus generating big data for stress-strain,
PT, and microstructural analysis. Also, maximum pressure
can be much higher with diamond anvils. In parallel
geometry (also called axial diffraction), the incipient beam
is parallel to the loading direction and passes through
diamond, which allows one to find radial distribution of the
x-ray patterns and parameters that can be extracted from
them. The importance of in situ study with synchrotron
radiation in comparison with studies on a retrieved sample is
not only that much more data can be measured under pressure
in a much shorter time. Some high-pressure phases disappear
during unloading after SPD, e.g., e-iron,'” high-density
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amorphous phase of SiC,'® and hexagonal diamond.!”)

Additional plastic deformation may occur during unloading
after compression or high-pressure torsion, which may also
cause strain-induced direct or reverse PT.2%2D Also, several
PTs may occur during the loading and others during
unloading, e.g., Si-I — Si-Il — Si-XI — Si-V during loading
and Si-V — Si XII & III during unloading,'®?? and the final
product does not characterize any PT and processes during
the loading. Since a material becomes brittle after SPD and
internal tensile stresses are present in some regions, damage
may also occur during unloading. In addition, during the
cutting off a sample for mechanical or XRD studies, direct or
reverse PT may also occur, particularly for Zr.?®) Preparation
of SEM/TEM samples leads to additional changes in
material, including changes in the dislocation density and
grain size. Lastly, pressure is estimated as force divided by
total area, while with DAC/RDAC, the radial pressure
distribution is measured;'>'¥ it is very heterogeneous, and
maximum pressure can be three and more times higher than
the averaged one.

Several attempts of in situ X-ray diffraction during HPT
with metallic anvils use diffraction with the beam orthogonal
to the compression direction,?*?> called perpendicular
geometry. However, x-ray patterns in this case are averaged
over very heterogeneous fields, including nondeformed
material, and just one value is measured for the prescribed
load and rotation angle. Thus, it is much less informative than
the axial diffraction measurements. Still, an important result
in Ref. 25) was that during pressure release after SPD of Ni
at 8 GPa, the crystallite size was increased by more than a
factor of 2, and dislocation density was decreased by about a
factor of 3, confirming the importance of in sifu studies under
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(a) Schematic of RDAC. Two diamond anvils compress the sample within or without a gasket, like in traditional DAC, to high

pressure. Then torque is applied, leading to the superposition of large shear-dominated straining on compression. The typical sample
diameter is 100400 microns; the thickness is 10-100 microns. The incipient beam along the loading direction (parallel geometry or axial
diffraction) and reflected X-ray beam are shown. (b) Picture of RDAC with automatic compression and torsion loading devices based on
design in Refs. 10, 11). (¢) Dynamic RDAC with controllable in a broad range rotation speed manufactured for the author by Dr.

Stanislav Sinogeikin (DAC Tools, LLC).

pressure. Even the application of hydrostatic pressure can
significantly increase the dislocation density and reduce the
crystallite size, e.g., by a factor of 2 for Zr.2®

2. Pressure-, Stress-, and Plastic Strain-Induced PTs
under High Pressure

Historically, PTs are characterized by pressure-temperature
equilibrium phase diagrams for any material system, which
define a region of stability of different phases. Each phase
boundary is defined theoretically from the equality of Gibbs
energies of phases. In experiments, PT to a high (low)-
pressure phase starts above (below) the equilibrium pressure,
producing pressure hysteresis, within which metastable
phases may exist. If a high-pressure phase can be retained
as a metastable phase at ambient pressure, it could potentially
be used in engineering applications. It is well known that
nonhydrostatic stresses and plastic strain reduce the PT
pressure and pressure hysteresis,'»*¢827-29 giving a chance
to better localize the phase equilibrium pressure. Thus, during
HPT, both direct and reverse B1-B2 PT in KCL?? and a-w
PTs in Zr and Ti*’?” occur at the same pressure, which
was interpreted as the phase equilibrium pressure. However,
problems appeared when plastic shear reduced the PT
pressure below the known phase equilibrium pressure, e.g.,
for semiconductor-metal PTs in Si, Ge, InTe, and InSb.2”)
This means plastic shear reduces the phase equilibrium
pressure, which was realized as a pressure-temperature-
shear diagram for Si and Ge.?” In addition to the above
phenomena, plastic shear leads to new phases not obtained
under hydrostatic conditions, arresting high-pressure phases
at normal conditions and plastic strain-controlled ki-
netics.!34818.1927-29) However, no theoretical explanation
existed for any of the above phenomena.

The first theoretical treatment, at three scales, was
suggested in Refs. 28, 29). What may be more important
the classification of high-pressure PTs was suggested. Thus,
under hydrostatic and quasi-hydrostatic loadings below the
yield strength, PTs are classified as pressure- and stress-
induced. They initiate at crystal defects that pre-exist in a

material, e.g., dislocations or grain boundaries, which
produce a concentration of all stress tensor components and
represent sites for heterogeneous nucleation of a high-
pressure phase. A review of the theoretical background and
characterization of the pressure-induced and stress-induced
PTs is presented in Refs. 4, 5). One of the assumptions
was that hydrostatic pressure and stresses below the yield
strength do not increase the number of defects. That is why
one must increase pressure or stresses in the course of the
PT to cause nucleation at defects with lower stress
concentrations. However, it was found recently that even
hydrostatic pressure can significantly increase the dislocation
density and reduce the crystallite size, e.g., by a factor of
2 for Zr?® before @ — w PT; dislocation density reduces, and
the crystallite size increases in the low-pressure phase during
the PT. Still, these changes are much smaller than during SPD
and do not change the concept.

PTs during plastic deformation under high pressure have
been coined strain-induced PTs.2%? They occur by
nucleation and limited growth at defects produced during
plastic deformation. The largest concentration of all stress
components is produced at the tip of the dislocation pileups
against grain boundary or other obstacles, which is propor-
tional to the number of dislocations in a pileup; a
corresponding analytical model was developed in Refs. 28,
29). Since the number of dislocations can be huge, from 10
to 100, local stresses may also be very large; they can grow
during plastic straining at relatively low applied pressure,
thus driving PTs. An important feature is that the deviatoric
stresses in a nanosized defect-free region near the tip of a
pileup are not limited by the engineering yield strength in
shear (~1 GPa), but by the theoretical shear strength, which
is one to two orders of magnitude larger. Local stress tensor
of such magnitude can meet the PT (i.e., crystal lattice
instability) criterion for the perfect crystal (determined, e.g.,
for Si-I — Si-II PT by atomistic simulations in Refs. 31-34))
and cause barrierless nucleation at an external pressure that
is not only drastically smaller than for hydrostatic conditions
but also well lower than the phase-equilibrium pressure.
Also, such highly-deviatoric stress states at the level of the
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ideal strength cannot be realized in bulk and may lead to PTs
that could not be obtained without plastic flow. It was
concluded in Refs. 28, 29) that strain-induced PTs require
completely different theoretical thermodynamic and kinetic
consideration and experimental characterization than the
pressure- and stress-induced PTs.

3. In situ X-ray Studies with Synchrotron Radiation of
Strain-Induced Phase Transformations and Micro-
structure Evolution in DAC and RDAC in Parallel
Geometry

The utilization of x-ray diffraction with synchrotron
radiation allows one to measure x-ray patterns in local points
of a sample within a short time utilizing multiple
governmental facilities. Our experiments'>™'® were per-
formed at 16-BM-D and 16-ID-B beamlines at HPCAT
sector 16 at Advanced Photon Source at Argonne National
Laboratory, Argonne, IL, USA. In parallel geometry,
measurements have been performed along one or two
orthogonal diameters with steps of 10 microns with a beam
size of 6 um x 5 pm. The 2D x-ray diffraction images were
converted to unrolled 1D patterns using FIT2D software®>3¢)
and then analyzed using Rietveld refinement’’*®) with GSAS
I’ and MAUD software*® to obtain the crystal lattice
parameters of each phase, volume fractions of high-pressure
phases, textures, microstrain, dislocation density, and
crystallite size in each phase. The sample thickness profile
is measured with x-ray intensity absorption using the linear
attenuation equation with the pressure-dependent density,'?
similar to Refs. 41, 42). Pressure distribution in each phase
is determined by calculating crystal cell volume and utilizing
the equation of state. This was done routinely for single-
phase material;*'*?) we also did it during PTs for two-
phase'>'> and up to four-phase materials.'® While x-ray
method determines pressure averaged over the sample
thickness directly in material (in contrast to the method
based on measuring the shift of the R; ruby fluorescence line
utilizing ruby particles spread over the contact surface and
the known pressure dependence of the R; line!®!1:2743) it
has some problems. (i) Use of the equation of state obtained
under hydrostatic loading for strongly non-hydrostatic stress
state and (ii) for the axial x-ray diffraction in the DAC/
RDAC (Fig. 1), crystallographic planes that are almost
parallel to the beam contribute to the measured x-ray patterns
only.!” The combined experimental/analytical/FEM ap-
proach in Ref. 15) suggests a way, while quite
sophisticated, to resolve this problem. It solves an inverse
problem and allows a determination of fields of all stress and
plastic strain tensor components in the sample, friction shear
stress at the sample-anvil boundary, and stresses in the anvils.
Friction rules for single-phase regions and for o+ @ Zr
mixture were found. Approach in Ref. 15) is more advanced
than that suggested previously in Ref. 44) in the sense that
it does not utilize the equation of state under hydrostatic
conditions. Such combined experimental/analytical/FEM or
experimental/FEM approaches are the only ways to
determine all the fields in the sample, including future works
on strain-induced PTs, and represent the most promising
direction for this goal. Independently,*> the distributions of
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all stress tensor components were measured in a diamond
cullet near the boundary with a sample utilizing a nanoscale
sensing platform integrating nitrogen-vacancy color centers.
To increase accuracy and determine stress field and
equivalent stress (for comparison with the theoretical strength
criterion under complex loading) in the entire anvil, FEM
simulations and solution of the inverse problem have also
been involved.

We would like to mention that normal stress distribution
at the sample-diamond boundary, especially at very high
pressure, was evaluated using Raman spectra of the diamond
for compression of materials in DAC*” and torsion in
RDAC.? However, the effect of other components of the
stress tensor on the Raman signal is unknown. Averaged
pressure in Ref. 51) during HPT with metallic anvils was
estimated by detecting PT from Bi I to Bi II at 2.5 GPa and
from Bi II to Bi III at 2.7 GPa. FEM simulations were also
performed and compared with measurements.

The evolution of the volume fraction of the superhard
wurtzitic BN and the concentration of turbostratic stacking
faults at the center and periphery of a sample, both averaged
over the sample thickness, was measured for the first time
under compression and torsion of the hexagonal BN in
RDAC;*»233) the pressure distribution was measured with
ruby particles. It was found that due to large volume change
during the PT under nonhydrostatic conditions, large
transformation-induced plasticity (TRIP) occurs, which by a
factor of 20 exceeds plastic shear due to anvil rotation. Large
TRIP allowed us to explain shear banding in fullerene during
the PTs despite the much stronger high-pressure phases in
the bands.> A more general concept and corresponding
analytical solution for coupled self-blown-up plastic
deformation-PT-TRIP-heating in a band allowed us to
resolve the main puzzles in the mechanisms of the deep
focus earthquake.>

The qualitative progress was achieved in the RDAC
study,'? where the full radial profile of pressure in « and
phases of Zr and in the o + @ mixture, and volume fraction
of w-Zr, all averaged over the sample thickness, have been
measured using x-ray diffraction (Fig. 2); the sample
thickness profile was determined with x-ray absorption. The
yield strength of o and @ phases after unloading was
evaluated utilizing hardness and X-ray peak broadening,
with quite close results. This method (although not strictly
justified), if confirmed under high pressure, can be used to
determine the pressure dependence of the yield strength of
each phase in multiphase material, which cannot be achieved
with other existing methods. The texture evolution was also
measured, but because not all crystallographic planes
contribute to the x-ray patterns in axial geometry shown in
Fig. 1, the pole figures cannot be complete. Radial
distributions of the crystallite size and dislocation density
(along with distributions measured in Ref. 12)) were
measured for the first time in Ref. 14), opening the direction
of the in situ determination of the microstructure evolution
under high pressure and SPD. Both papers'?!¥ led to several
important conclusions (see Sections 4, 5, and 7).

To determine material displacements in DAC/RDAC,
displacements of ruby particles spread over one>® and both'®)
sample-diamond contact surfaces were measured, qualita-
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Fig. 2 (a) The radial profile of pressure in « and @ phases of strongly pre-
deformed Zr and (b) volume fraction of w phase ¢ for different
compression/torsion loadings. Yellow squares correspond to the mini-
mum pressure of 1.2 GPa at which w-Zr was first detected at different
positions for different loads. Reproduced with permission from Ref. 12).

tively®® and quantitatively.'? It was demonstrated in Ref. 13)
that the angle of rotation of Zr may be 5 times smaller than
that of an anvil, demonstrating the inaccuracy of the shear-
strain estimation based on the rotation of an anvil. Material
displacements can be used as boundary conditions instead
of friction stresses in FEM simulations of the processes
in DAC and RDAC.202157-6D) Recently,'4!® DAC/RDAC
with roughly-polished diamond anvils (rough-DA) have been
introduced to increase contact friction to the maximum
possible equal to the yield strength in shear. This allowed us
to robustly determine the pressure-dependence of the yield
strength and contact shear stress, intensify plastic flow, strain-
induced PTs, and nanostructure evolution. Previously,®” an
increase in friction for RDAC was achieved by making radial
grooves on diamond culets. They, however, do not increase
friction in the radial direction. Alternatively, concentric
circular grooves,’” which represent a generalization of a
single-groove toroidal DAC for compression,®**¥ do not
increase fraction in the azimuthal direction. An increase in
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Fig. 3 Schematics of x-ray diffraction in perpendicular geometry during compression in DAC®" (a) and with metallic/ceramic anvils
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asperities over the entire culet in Refs. 14, 16) increases
friction shear stress in all directions and produces smaller
stress concentrators in anvils than grooves.

RDAC with nano-polycrystalline diamond anvils®® for
pressure up to 135 GPa was developed in Refs. 50, 66). An
X-ray computed laminography technique*® was developed
for in situ 3D observations of the Pt strain marker located
along the diameter of the sample, which allowed to monitor
shear strain.

4. In situ X-ray Studies with Synchrotron Radiation in
Perpendicular Geometry

For x-ray studies in perpendicular geometry, also called
radial diffraction,’’’” the beam passes through the gasket
and the entire sample (Fig. 3(a)). Perpendicular geometry
allows measurements of how the d-spacings vary with the
angle between the compression and scattering direction, in
contrast to parallel geometry. This allows one to determine
deviatoric stresses, yield strength, and texture. The main
challenge is finding a theoretical relationship for the
transition from elastic strains in a single crystal to a
polycrystalline sample. The first simple theory was
developed in Refs. 71-74) based on the elasticity theory. It
was extended by the inclusion of plastic strain in Ref. 75).
The next step was implementing visco-plastic self-consistent
models developed in Refs. 76, 77) and their further
development, elasto-viscoplastic self-consistent model.”®
They were broadly applied for high-pressure studies in
DAC in perpendicular geometry of iron” (including PTs),
ultrafine-grained metals,*!) tantalum at megabar pressure,®?)
tungsten carbide,®® and various geological materials.®+"D
Perpendicular diffraction geometry is used by the SPD
community during HPT?*? (which we discussed in
Introduction) and for the high-pressure sliding®® and
compression” (Fig. 3(b)). Averaged pressure over the
sample diameter in Ti determined by X-ray diffraction
during sliding was by 2.5-4 GPa lower than the load divided
by thickness.”? Still, it should vary from zero to maximum
pressure, and PT should start at the maximum pressure
near the sample center, which an average pressure cannot
characterize.

X-ray diffraction in perpendicular geometry is also used in
rotational Drickamer apparatus.”*% Ring-shaped sectored

(b)

Pressure

SPring-.8

=3

XRD pattern

Heater

93)

(b). The X-ray beam is orthogonal to the compression load. Reproduced with permission from Refs. 91, 93).
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sample within very complex cell assembly is used to reduce
strain and stress heterogeneity. The shear strain was estimated
from X-ray image analysis of a Pt or Mo foil placed between
sample sectors. Stress-strain curves and textures for pressures
up to 23 GPa and temperatures up to 2150K for various
geological materials have been determined. The main
problem in these types of experiments is a large error bar.
Indeed, in Ref. 94) error bar for stress reaches 8 GPa for an
average stress of 5-6 GPa, and the error bar in strain reaches
30% for an average strain of 50%.

The main problem with perpendicular geometry is that all
parameters (pressure, volume fraction of phases, dislocation
density, and crystallite size) are quite heterogeneous across
the diameter and are averaged over the diameter. A small
ratio of the sample diameter to the height is used to reduce
heterogeneity due to contact friction in DAC. However, it
increases during compression and this limits allowable
plastic strain. While for diffraction in parallel geometry at
fixed load, 40 to 60 local measurements are performed along
the diameter, i.e., for different stress and plastic strain states,
it is just one measurement for the perpendicular geometry, but
for much more crystallographic planes.

5. Microscale Kinetics of Strain-Induced Phase Trans-
formations

The only complete way to characterize the strain-induced
PTs is to determine their kinetics.!?®?” Such a kinetic
equation was derived based on nanoscale mechanisms®®>)
and took into account both direct and reverse PTs. It was
generalized for multiple PTs and the presence of the non-
transforming material in Ref. 97) with applications to PTs in
Ge and Si. It does not include time; accumulated plastic strain
q is a time-like parameter. Since plastic strain is not measured
in DAC and RDAC, this kinetic equation was not verified
experimentally until the appearance of paper'? on a-w PT in
ultra-pure Zr in RDAC. Since reverse strain-induced o-w
PT in Zr was not observed, a simplified kinetic equation for
the volume fraction of w-Zr looks like

de . B(l—o)f (m(q) - p!
dg "Bl —c)+c pd — pd

Here p¢ and p¢ are the minimum pressure for direct plastic
strain-induced PT and pressure-induced PT, respectively;
Pelq) is the pressure in a-Zr - g loading path (Fig. 4(a));
B = (Z—l;)w includes the ratio of the yield strengths of phases;
k, a, and w are material parameters. While the plastic strain
field is unknown, material near the symmetry axis undergoes
macroscopically uniaxial compression, for which ¢ =
In(hy/h), where h and h are the current and initial (namely,
at the beginning of PT) thicknesses of a sample. Inequality
po > p? represents the PT criterion. Using several loading
paths (Fig. 4(a)), kinetic equation (1) was verified and
quantified for severely pre-deformed Zr (Fig. 4(b)), with
pd =12GPa, pi =5.4GPa, k=21, a=1, and B=2.12.
A strongly pre-deformed sample was produced by multiple
rolling until its hardness reached a steady value and did not
change under further rolling. This drastically simplifies the
interpretation of experiments, see Section 5. It was also found
that kinetics is independent of the pressure-plastic strain

) for pa>pf. D
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Fig. 4 Pressure in o-Zr - accumulated plastic strain ¢ — ¢o loading paths
for three experimental runs (a) and kinetics of strain-induced & — @ phase
transition in strongly pre-deformed ultra-pure Zr (b). Good correspond-
ence between eq. (1) and experiments is observed. Reproduced with
permission from Ref. 12).

loading path and plastic deformations ¢, at pressures below
the initiation of PT.

Similar results were obtained in Ref. 14) under compres-
sion of commercially pure strongly pre-deformed Zr, but
with pf = 1.36 GPa, p;f =6.0GPa, k=11.65, a=1, and
B = 1.35. However, for the same material compressed with
rough-DA, p¢ =0.67GPa, a =0, and B =1, i.., instead
of approximately first-order kinetics (¢ =1 and the term
B(l —c¢)+ c¢=135—-0.35¢ weaker dependent on ¢ than
1 — ¢) one has zero-order kinetics. Thus, rough-DA change
the character of plastic flow and strain-controlled PT kinetics.

More importantly, an unexpected time dependence of the
kinetics of strain-induced PT at fixed plastic strain was
found.' This confronts the traditional view that strain-
induced PTs do not occur without plastic strain increment
and time is not an essential parameter'*>72%) and opens a
new field of coupled plastic strain- and stress-induced PTs
under high pressure. The characteristic time of the time-
dependent part of the kinetics is 43 min, during which the
volume fraction of w-Zr grows by ~20-30%.

6. New Laws of Coupled Strain-Induced Phase Trans-
formations and Microstructure Evolution under SPD

Paper'? also offers the first very important rule for the
minimum pressure for direct plastic strain-induced PT for
strongly pre-deformed Zr. One of the global problems in
studying plastic flow, strain-induced PTs, and microstructure
evolution is that these processes depend, in addition to
pressure, on all possible combinations of five plastic strain
tensor components and an entire strain path with little hope of
comprehending. It is clear from Fig. 2(a) that the minimum
pressure for plastic strain-induced o-w PT is independent of
the particle radius. FEM simulations of the processes in DAC
and RDAC?%21:57-61) demonstrate that for different particle
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positions and compression/torsion stages, plastic strain and
strain path and material rotations are very different. At the
center of a sample, there are no shears, and shears increase
with an increasing radius for both compression and torsion.
Thus, obtained results mean that the minimum pressure for
plastic strain-induced PT for strongly pre-deformed Zr is
independent of the plastic strain tensor and an entire strain
path.

This also means that there is no advantage in the shear
mode of plastic straining; any plastic straining path produces
the same pg . Consequently, PT processes under plastic
compression in DAC and torsion in RDAC are based on the
same physical mechanisms and should be treated theoret-
ically and computationally in the same way. This was
assumed in Refs. 28, 29) due to lack of any information,
used in kinetic equation (1), and used in all FEM
simulations,?*2137-6D but is proven in Ref. 12) for the first
time. Of course, the RDAC has the strong advantage that
it allows to independently control pressure-shear loading
programs, particularly at constant pressure, while during
compression in DAC, pressure grows with plastic straining.
This is crucial for potential industrial applications.

However, it was claimed in most experi-
ments! 3617719242729 that plastic shear reduces the PT
pressure compared to plastic compression. The reason for
such a contradiction is explained in Ref. 12) by comparison
with experiments on annealed Zr. In this case, p? = 2.3 GPa
at the center of a sample during compression, but at the
periphery, after much larger plastic straining, p¢ = 1.2 GPa is
the same as for strongly pre-deformed Zr. The conventional
interpretation of these results would be that plastic shear
reduces the PT pressure compared to compression. However,
since it is not the case for severely pre-deformed Zr, a
different interpretation was suggested. The minimum
pressure for plastic strain-induced PT depends on the
microstructure (grain size and dislocation density) just before
the PT. After some critical preliminary plastic strain, the yield
strength reaches its maximum value and does not change
anymore;>°® it was assumed that critical (steady) micro-
structure is achieved as well, after which p? does not change
during further plastic straining. During compression of
annealed Zr, pressure at the center exceeds 1.2 GPa before
plastic strain produces the steady microstructure, and p? =
2.3GPa corresponds to the achieved microstructure. It is
stated that eq. (1) must be generalized for the general (non-
steady) microstructure by utilizing p¢(¢) and p¢(g) with ¢
defined from the annealed state.

Paper'? significantly expands this idea by in situ measur-
ing the pressure-dependent yield strength of w-Zr, crystallite
size, and dislocation density in & and w-Zr. Two times lower
p¢ for a-w PT for compression with rough-DA than with
smooth-DA was related to smaller steady crystallite size and
higher dislocation density in o-Zr at the initiation of the PT.
The crystallite size and dislocation density in single-phase o
and w-Zr reach steady values which are pressure-, plastic
strain tensor-, and strain-path-independent. The pressure-
dependent yield strength of w-Zr is also getting plastic strain
tensor- and strain-path-independent. Note that the stationary
states after SPD in terms of hardness, grain size, and
dislocation density are well-documented, e.g., in Refs. 2, 3,
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7-9, 51, 99, 100), especially after HPT; however, there are
many cases where they were not found. However, these
steady states were obtained postmortem after pressure release
and further treatment during sample preparation for mechani-
cal and structural studies. The direct effect of pressure was
not studied previously. That is why the above results in
Ref. 14) represent new rules under pressure.

The existence of three different steady states for a-Zr (after
rolling and before PT during compression with smooth and
rough DA), each of which is claimed to be independent of
the plastic strain and strain path, is contradictory. This leads
to a new key problem: for which classes of plastic strain and
strain path, and maybe pressure path material remains in each
of the steady states, and for which loading classes the
material behavior jumps from one steady state to another?
Any progress in the solution of this problem will help explain
why different SPD techniques lead to different steady grain
sizes and dislocation densities? and how to design the
loading process to reduce the grain size and PT pressure and
increase dislocation density and strength.

One more rule is found during PT:'¥ crystallite size and
dislocation density of w-Zr are getting pressure-, plastic
strain tensor- and strain-path-independent and are functions
of w-Zr volume fraction only for both smooth and rough-DA.
Crystallite size in w-Zr at the beginning of PT is much
smaller than the steady value after completing PT. Thus,
strain-induced PT is a much more effective way to reduce
the grain size than solely plastic straining; it also may lead to
the nanocomposite with the optimal combination of strength
and ductility.

7. Atomistic and Phase-Field Studies of the Mechanism
of Plastic Strain-Induced Phase Transformations

Four-scale theory and simulations, from atomistic to nano-
and microscale phase field approaches to macroscale
behavior of a sample in DAC/RDAC is reviewed in
Ref. 1). The effectiveness of dislocation pileup to produce
large stress concentrator and reduce PT by more than an order
of magnitude compared to hydrostatic loading and even more
than an order of magnitude below the phase equilibrium
pressure was confirmed'?’~1%®) for a bicrystal with the help
of the developed nanoscale phase field approach to the
interaction between PTs and discrete dislocations.!%4-10)
More advanced models for PTs'%7-1%% that are calibrated by
atomistic simulations appeared recently, which may lead to
more precise results for interaction with dislocation pileups
as well. However, these models resolve numerically phase
interphases, which are ~1 nm thick. Since 3-5 finite elements
are required for a mesh-independent solution,''”) nanosized
samples can be treated only. These results were scaled up to
a large single- and polycrystalline samples using developed
scale-free phase field approach for PTs!''"!'4) and then for
PTs and discrete dislocation pileups''>!'® (Fig. 5), which
also allowed us to generate plastic shear dependent kinetic
of evolution of volume fraction of the high-pressure phase
and each crystallographically equivalent variant, pressure,
and shear stress, all averaged over the polycrystalline sample
(Fig. 6). They can be utilized for the development of
microscale kinetic equation for strain-induced PT, more
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Fig. 5 Evolution of discrete dislocations and the high-pressure phase (red) in a polycrystalline sample under compression and growing

shear y. Reproduced with permission from Ref. 115).
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Fig. 6 (a) Evolution of the averaged volume fraction of the high-pressure phase in each grain (numbers serve as the grain markers) and
(b) evolution of pressure, shear stress, and volume/the sample volume, as functions of the macroscopic shear strain. Reproduced with

permission from Ref. 115).
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Fig. 7 (a) Dislocation pileup in the left grain produces a step at the grain boundary and cubic to tetragonal PT and dislocation slip in the
right grain. The phase-field approach results from Ref. 102) are reproduced with changes and permission. (b) Dislocation pileup in the
right grain produces a step at the grain boundary in Si I and amorphization in the left grain. Molecular dynamics results from Ref. 118)

are adopted with permissions.

detailed that was derived in Refs. 28, 29) and used for the
FEM simulations of the behavior of a sample.?*21:37-61)
Molecular dynamic simulations have also been recently
used to shed light on the interaction between dislocations
and different grain boundaries in Si-I. Thus, screw shuffle
dislocations pass through tilt grain boundaries''” and cannot
produce pileup and cause strain-induced PT. In contrast,''®
60° shuffle dislocations pile up against X3, X9, and X19
grain boundaries (Fig. 7(b)) and significantly reduce shear
stress required for the appearance of an amorphous band in
Si-1. In contrast to analytical’®??) and nanoscale phase field
approach,'?’~19®) molecular dynamics naturally includes the
Peierls resistance to the dislocation motion, which requires
higher stresses to produce dislocation pileup. However, at

high loading and dislocation rates, dislocations can glide
well below the Peierls barrier.!'” Note that the Peierls barrier
is also included in the scale-free phase field approach
modeling.!'>11%) Recently,!?” 3D analytical and molecular
dynamics treatments of the effect of the deviatoric stresses
and dislocations on «-w PT in Ti were suggested. While
very insightful, these treatments cannot be considered a
proper generalization of our 2D results for strain-induced
PTs?82%-101-103.115.116) for the 3D case for the following
reasons. While we consider barrierless nucleation and
determine the shape of the nucleus analytically or computa-
tionally, stability of pre-existing sub- and supercritical
spherical nuclei is treated in Ref. 120), without considering
the nucleation process. The barrierless nucleation was not
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achieved in Ref. 120) because of the assumed finite distance
from the dislocation pileup to the nucleus, thus eliminating
singularity and the main point in our approach. Also, a small
number of dislocations, up to three, could not cause a strong
reduction in PT pressure observed in our experiments (see
Section ).

Coupled atomistic-continuum approaches to determine
stress concentrators at the tip of dislocation pileup'?!) and
following martensitic PT!?? utilize atomistic resolution at
the tip of the pileup and an obstacle (grain or phase
boundary) and FEM solutions elsewhere. This allows for a
significantly increased sample size while resolving critical
atomistic processes. Results significantly differ from applying
the linear elastic model and Eshelby solution for the
dislocation pileup. Also, dislocation pileup restructures and
splits into two, reducing stress concentration, however, it
happens after it plays its part and causes nucleation.

Note that since the stress concentrator at the tip of
dislocation pileup is proportional to the pressure-dependent
shear modulus, there is a significant difference between the
crystal lattice instability at the tip due to phonon or elastic
instability.'?3 For elastic shear instability, the shear modulus
tends to zero, and the stress concentrator is getting small. In
contrast, the phonon instability is unrelated to the reduction
in shear modulus and stress concentrator, and the reduction in
PT pressure can be significantly larger.

8. Revisiting Grain-Size Dependence of the Minimum
Pressure for Strain-Induced Phase Transformations

While many predictions of our analytical model on
nucleation at the dislocation pileup®?? were confirmed by
the phase-field simulations,!?=103:115116) atomistic simula-
tions,''#122) and qualitatively by experiment,'” one of the
conclusions was opposite to the reality. Thus, all components
of the stress tensor o at the tip of the edge dislocation pileup
are proportional to t/, where 7 is the applied shear stress
limited by the yield strength in shear t,, / is the length of the
dislocation pileup, which is usually assumed to be a fraction
of the grain size d (e.g., [ = 0.5d). Then the greater d, the
greater the stress concentration and, consequently, the drop in
PT pressure. However, in experiments for - PT in Zr,'? the
minimum PT pressure is lower for the severely pre-deformed
sample than for the annealed sample. This contradiction was
eliminated in Refs. 14, 16). It follows from our phase-
field,'%'719) molecular dynamics,''® and concurrent atom-
istic-continuum simulations'?!"'?? that most dislocations are
located at the grain or phase boundary for large shear stress,
making a step (superdislocation) (Fig. 7). That is why the
grain size does not limit /. On the other hand, since shear
stress T = T, grows with the grain size reduction due to the
Hall-Petch relationship,'>® the stress concentrator grows and
the minimum pressure for the strain-induced PT p? reduces
with decreasing grain size. This is in accordance with results
for a-w PT in Zr in Ref. 12), more detailed results in
Ref. 14), and also for Si I — Si II PT.!® Note that it is well-
known that for temperature-, pressure-, and stress-induced
PTs, reduction in the grain size, in contrast, suppresses PT.
However, for very small grain sizes, when the inverse Hall-
Petch effect is valid, and grain boundary sliding competes
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with the formation of the dislocation pileups,'** both 7, and /
reduce with decreasing grain size, and PT pressure increases.
The above conclusions were confirmed for Si I — Si II PT.'®
Thus, one can essentially control the PT pressure for the
strain-induced PTs by controlling grain size.

Note that the energy of a superdislocation is very high, and
large repulsive forces equilibrated by applied shear stress lead
to a significant increase in dislocation spacing after removing
shear stresses and to possible absorption by the opposite side
of a grain boundary. That is why postmortem observation
(e.g., by TEM) of a dislocation pileup with a large number
of dislocations or superdislocation at the grain boundary has
low chances. Still, the novel precession electron diffraction
technique shows a large dislocation density with significant
localizations in nanograined materials.'>>

It was shown in Ref. 126) for Y,03, in Refs. 127, 128) for
TiO,, and in Ref. 129) for ZnO, using TEM, that after HPT
and PT, the recovered high-pressure phases have smaller
and initial low-pressure phase larger grain sizes, respectively.
Since these results are obtained ex sifu after unloading,
various interpretations are possible, including:

(a) Reduction in grain size promotes direct PT to the high-
pressure phase, small grains transform only, and there
is no reverse PT.

(b) Both small and large grains transformed to the high-
pressure phase, but reverse PT only occurred in the
large grains.

(c) Grain size does not affect direct and reverse PTs;
smaller grains in the high-pressure phase are due to
strain-induced nucleation at the tip of dislocation
pileups with limited growth because stresses quickly
reduce away from the tip. Reverse PT does not occur.
This was obtained in in situ experiments for PT in Zr'¥
by measuring the crystallite size during PT.

(d) Independent of the effect of the grain size on the PT,
incomplete PT occurs, and steady grain size for the
high-pressure phase is smaller than that for the low-
pressure phase.

(e) Reduction in grain size promotes direct PT to the high-
pressure phase and suppresses reverse PT.

For PT in TiO, in Ref. 127), using theory for pressure-
induced PT, it was concluded that reduction in the grain size
suppresses both direct and reverse PTs. While this is correct
for pressure-induced reverse PT, this is not applicable for
strain-induced direct PT. For PT in Y,0; in Ref. 126), the
high-pressure phase was formed at 6 GPa during HPT instead
of 11-16 GPa under hydrostatic conditions. That is why our
theory for strain-induced PT at dislocation pileup®® and
some of its experimental confirmations'®27-139 were applied.
The reasoning was that dislocation pileup produces internal
pressure that promotes and stabilizes the high-pressure phase,
and small grain size increases the number of grain
boundaries, which are obstacles leading to dislocation
pileups. This is correct; however, existing at that time
theory?®??) claimed that smaller grain size leads to a shorter
length of dislocation and smaller stresses, which should
suppress PT. The new theory in Refs. 14, 16) resolved this
contradiction and supports that for strain-induced PTs,
reduction of the grain size in the range of validity of the
direct Hall-Petch effect promotes PT to the high-pressure
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phase. However, the reverse PT during pressure release is
not accompanied by essential plastic strain and is pressure- or
stress-induced. For such PTs, a reduction in the grain size
suppresses any PT. Thus, option (e) seems to be consistent
with the theory, but this is not the only option. Since there are
no in situ data, option (d) also cannot be excluded. The
above analysis underlines the difficulties in interpreting
ex situ experiments and the importance of in situ studies.

In Ref. 131), the increasing volume fraction of the w-Ti
curve versus grain size is found, with the absence of PT
below some grain size. This contradicts our results that a
reduction in grain size reduces the PT pressure and promotes
strain-induced PT. The problem is that in Ref. 131) grain size
is measured after PT and as a result of PT and SPD. Based on
results for Zr,'"¥ during plastic straining and PT, the grain size
in w-Zr is a growing function of the volume fraction of w-Zr
(see Section 6), which is independent of plastic strain, strain
path, and pressure. Thus, PT and volume fraction of the high-
pressure phase determine the grain size instead of vice versa.

9. Plastic Strain-Induced Reduction of Phase Trans-
formation Pressure

Below we review the first in situ results in DAC and
RDAC on drastic PT pressure reduction in Zr, Si, graphite,
and BN.

(a) a-w PTin strongly pre-deformed Zr.'"» The smallest PT
pressure for plastic strain-induced PT in Zr was obtained for
strongly pre-deformed commercially pure Zr compressed
with rough-DA. The a-w PT starts at 0.67 GPa versus 6.0 GPa
under hydrostatic loading. Thus, PT pressure is reduced by
a factor of 9 compared to PT pressure under hydrostatic
conditions and by a factor of 5 versus the phase equilibrium
pressure of 3.4 GPa.

Note that at HPT, the reported minimum PT pressure is
1GPa under compression'” and 0.25GPa under five
turns.'>® However, the pressure was determined as an
applied force divided by total area, which, based on our
FEM simulations, may be smaller than the maximum
pressure in a sample by a factor of 3 or larger.>”>® Also, in
Ref. 133) B-Zr was claimed at 0.5GPa and five turns,
reducing PT pressure compared to the hydrostatic loading by
a factor of 60. However, for the same Zr, we did not observe
in Ref. 12) in situ the PT to B-Zr even at 13 GPa and rotation
of 200°, which is consistent with phonon instability in S-Zr
below 25 GPa.!3%

It was found in Refs. 27, 30) with HPT that direct and
reverse «-w PT occur at the same pressure in the range of
2-2.5 GPa, which was claimed to be the phase equilibrium
pressure. However, as it has been demonstrated in Refs. 28,
29), the direct and reverse strain-induced PTs may occur at
the same pressure in a broad range, which is unrelated to the
phase equilibrium pressure. Also, we did not observe reverse
®w— a PT even at 0.2GPa at the sample periphery at a
rotation of 180° and after complete unloading.'?

(b) PT5s in Si.'® Numerous strain-induced PTs between Si
phases were studied in Ref. 16) for micron, 100nm, and
30 nm particles. We mention just a few of them. For 100 nm
Si, plastic-strain induced Si-I — Si-Il PT was observed at
0.4GPa. This is by a factor of 40.5 lower than the PT
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pressure of 16.2 GPa under hydrostatic conditions and 26.3
times smaller than the phase equilibrium pressure of
10.5 GPa. Si-III does not appear under hydrostatic loading
(it is observed after pressure release starting with Si-II or
Si-XI or Si-V or their mixtures only) but was obtained at
0.6 GPa at small torsion, demonstrating an infinite reduction
in PT pressure. Si-II was retrieved at ambient pressure for the
first time after its strain-induced appearance at low pressure
for 100nm particles and from Si-V at 13 GPa for 30 nm
particles. If a large enough amount of Si-II is retrieved, its
physical properties can be studied with traditional post-
mortem methods. The reverse Si-Il — Si-I PT was also
observed for the first time; usually, Si-II transforms to Si-
I 4 Si-XII at slow unloading. Obtained results have various
other potential practical applications.'®

Thus, drastic reduction in PT pressures due to plastic
straining and its nontrivial dependence on the particle size, as
well as change in PT paths, open new direction in developing
the scientific foundation for new plastic strain- and defect-
induced synthesis and retrieving the desired nanostructured
pure phases or nanocomposites with optimal properties. Due
to multiple PTs and obtained results, Si is an ideal model
material for this goal. In particular, obtaining pure Si-III
requires ~10GPa, ~1000K, and multi-hour or days
quenching'®) or 2 compression/slow (within 4 hours)
decompression cycles to 13 GPa and room temperature.'3®)
This led to the discovery that Si-IIl is a narrow-gap
semiconductor (rather than a semimetal) with the potential
for infrared plasmonic applications.'*” Previously, HPT of Si
at 24 GPa and ten turns was used to produce nanostructured
metastable Si-III and Si-XII phases.*®!3? We obtained
nanostructured Si-III at 0.6 GPa, room temperature, and anvil
rotation of 5° during minutes, and various synthetic
compression-torsion-unloading paths can be developed to
retain pure Si-II at ambient pressure. Observed very low
PT pressures warn that some PTs may occur, e.g., in NEMS/
MEMS, during contact interactions and friction, and should
be taken into account or/and avoided. Obtained results may
be implemented for quantitative modeling and optimization
of surface processing, like turning and polishing and
developing regimes of ductile machining by utilizing PT to
ductile (Si-IT and amorphous Si) phases.'4%14D

Note that in RDAC but without in situ X-ray diffrac-
tion,?” 142 Si-I — Si-Ill — Si-Il sequence is claimed;
later,'*® with TEM, it was corrected that Si-I — Si-IV —
Si-IIT occur at 3—4 GPa and Si-I — Si-Ill — S-II at higher
pressure. These claims contradict our in situ results in
Ref. 16). Review of recent ex situ studies of semiconductors
by HPT is given in Ref. 144).

(c) PT5s in BN. It was surprisingly found in Refs. 43, 52,
53), that PT pressure from the hexagonal to superhard
wurtzitic BN is approximately the same, ~10GPa, under
hydrostatic loading and compression and shear in RDAC.
This was rationalized in the following way. Martensitic PTs
in layered graphite-like structures are strongly suppressed by
increasing concentration of the turbostratic stacking faults
(degree of two-dimensional disordering). During SPD, the
concentration of the turbostratic stacking faults significantly
grows, suppressing the PT. This suppression effect appears
to be fully compensated by traditional plastic strain-induced
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promotion of PTs, leading to the same PT pressure as under
hydrostatic pressure. Compression of the highly ordered and
textured rhombohedral BN along the ¢ axis led to mechanical
instability and its dynamic transformation to the superhard
cubic BN'*) at 5.6 GPa; under hydrostatic pressure, this
transformation occurred at 55 GPa only. This was described
theoretically by a new phenomenon, PT induced by rotational
plastic instability. Highly disordered hexagonal BN was
transformed to the wurtzitic BN under large shear in RDAC
at 6.7GPa but not under hydrostatic pressure up to
52.8GPa.’® This was rationalized in terms of the
reconstructive PT mechanism and shear-transformation zone
mechanism of plastic flow of disordered materials.

(d) PTs in carbon. In the experiment, under quasi-
hydrostatic compression, graphite transforms to diamonds
at ~70GPa;'*® under shear in RDAC at ~20GPa.?”
Atomistic simulations'” for the perfect graphite under
hydrostatic loading show loss of lattice stability and PT to
a cubic diamond at 250 GPa; for uniaxial compression along
the graphite [0001] direction with the absent lateral strains,
the PT starts at 52 GPa. Superposing shear stress of 6-8 GPa
further reduces PT pressure down to 17-26 GPa; increasing
temperature from 0 to 300K results in transformation at
15 GPa. The calculated PT start pressures under shear are
consistent with experimental values in Ref. 27). However,
our analytical estimates®®?” and phase field simula-
tions'%193) of the PT at the tip of dislocation pileup show
that the applied pressure can be reduced lower than the
phase equilibrium pressure and even to zero pressure. This
motivated RDAC experiments at very low pressure in
Ref. 19), leading to hexagonal and cubic diamonds appearing
at 0.4GPa and 0.7 GPa, respectively. This is the record
reduction in PT pressure due to plastic straining by a factor
of 50 and 100, respectively. The cubic diamond was retrieved
at ambient pressure, but the hexagonal diamond was not.
Also, pressure growth to 3 GPa during torsion led to the
appearance of a new orthorhombic diamond. The retrieved
samples contain cubic and orthorhombic diamonds, full-
erenes, amorphous phase, and fragmented graphite. Obtained
results, if scaled up and reaching repeatability, may serve as
a precursor of new low-pressure technology of diamond
synthesis at room temperature and without a catalyst. They
also suggest a new mechanism of microdiamond appearance
in the Earth’s crust at low pressure and temperature.'” Note
that PTs in few-layer graphene in RDAC were reported in
Ref. 147).

With HPT, a diamond-like structure with an essential
fraction of sp® bonds was obtained at 6 and 20 GPa after 50
turns.'*® The possible reason (in addition to possible purity
of graphite) why diamonds in Ref. 19) have been obtained at
sub-GPa and relatively small shear and other works could not
receive diamonds at 20 GPa and 50 turns'*® or could receive
diamond at 20 GPa and large shear only?” is the following.
While not reported, the initial particle size in Ref. 19) may
be at the nanoscale, with a shape close to the spherical
(instead of flakes) and with a low concentration of the
turbostratic stacking faults. The stochastic orientation of
spherical particles does not allow easy sliding along the weak
(0001) plane and, along with small particle size, leads to high
shear stresses. Small particle size promotes strain-induced
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PTs (like for Zr'>'¥ and Si'®), and low concentration of the
turbostratic stacking faults does the same. A relatively small
plastic shear does not significantly increase the turbostratic
stacking faults’ concentration. High PT pressure for obtaining
diamond in Ref. 27) or absence of diamonds in Ref. 148)
could be explained by large initial grain size and/or high
concentration of the turbostratic stacking faults. Even for
a small initial concentration of the turbostratic stacking
faults, large plastic straining (while reducing particle size)
significantly increases it, suppressing PT. Of course, more
detailed experiments based on the current understanding are
required to resolve the issues and to obtain a large volume
fraction of diamonds.

Note that for nanoparticles and nanograined materials, the
effect of change in surface or grain boundary energy during
the PT may play a crucial role in reducing PT pressure and
phase selection, e.g., for multiple Si,'® carbon,'” and
fullerene> phases. Phase field approach to surface-induced
PTs!4159 combined with mechanics for melting!>"13? and
martensitic PTs!33!% revealed many interesting effects and
phenomena. Similar works were performed for the void'>>
and grain boundary.'3®!5 An interesting effect of the ratio
of two scale parameters on various surface- and interface-
induced phenomena is reviewed in Ref. 158). Large trans-
formation strains, typical for PTs in Si, graphite, and BN,
may lead to very non-traditional nanostructures’>® and
change the microstructure formation principles. However,
none of these works includes plasticity, which is required for
application to strain-induced PTs.

10. Concluding Remarks

Recent years brought breakthrough new opportunities in
(a) in situ experimental studies of coupled SPD, strain-
induced PTs, and microstructure evolution under high
pressure utilizing DAC and RDAC, (b) their four-scale
modeling and simulations, and (c) coupling experimental
and computational efforts. It became clear that the study of
strain-induced PTs is impossible without coupling it to the
simultaneous evolution of the microstructure in terms of
grain/crystallite size and dislocation density. That is why
this study is significantly simplified when steady states for
microstructure and pressure-dependent yield strength are
reached before the initiation of strain-induced PTs.'?!¥ It was
found that (a) crystallite size and dislocation density in both
phases in a single phase state, the minimum pressure for
the strain-induced o-w PT in Zr, and the pressure-dependent
yield strength of w-Zr are independent of plastic strain tensor
and strain path; (b) crystallite size and dislocation density in
a single phase w-Zr are also independent of pressure; (c)
crystallite size and dislocation density in w-Zr and (with some
outliners) a-Zr during PT are independent of pressure, plastic
strain tensor, and strain path and depend on the volume
fraction of the high-pressure phase only. It was also found for
Zr'>1% and Si'® that there is a correlation between the direct
and inverse Hall-Petch effect of the grain/crystallite size on
the yield strength and on the minimum pressure for the strain-
induced PT, with corresponding theoretical justification.
Then the factors and mechanisms that affect the steady grain
size'%? are important for the controlling of strain-induced
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PTs. These results change the general wisdom that plastic
shear is responsible for reducing PT pressure; in fact, any
mode of straining and strain path, which belong to some
classes, leads to the same PT pressure and steady micro-
structure. It also leads to the key problem: for which classes
of plastic strain and strain path, and maybe pressure path
material remains in each of the steady states, and for which
loading classes the material behavior jumps from one steady
state to another? This problem is just a translation into the
language of plasticity theory of known technological
problem: why different SPD technologies lead to different
steady microstructures and how to design the loading process
to reduce the grain size and PT pressure and increase
dislocation density and strength. It is also shown in Refs. 12,
14) that incomplete PT is a much more effective way to
reduce the grain size to produce nanocomposite materials
with controllable strength and ductility than SPD alone. In
addition, SPD under normal pressure, e.g., by rolling, leading
to one of the steady states followed by compression or HPT
at relatively low pressure, is a more economical way to
produce nanostructured high-pressure phases than HPT of
annealed materials. The possibility of manipulating synthetic
paths may lead to new economic technologies of the
defect(strain)-induced material synthesis at relatively low
pressures, room temperature, and without catalysts, e.g., for
cubic and hexagonal diamond, cubic and wurtzitic BN, Si III,
etc. Application of ultra-SPD'®) may lead to new discoveries
in strain-induced PTs. Still, this field is in its infancy; one
needs to find whether the above results are valid for other
materials and material classes and to find a much more
detailed theoretical description at each of the four scales.
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