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A B S T R A C T :   

Functional fatigue—changes to the material response during cyclic loading—is a major barrier to the cycle 
lifetime demands of shape memory alloy technologies. Functional fatigue is caused by permanent changes to the 
microstructure such as the generation of dislocations during the forward and reverse martensitic phase trans
formation. In this work, far-field and near-field high-energy diffraction microscopy (ff- and nf-HEDM) are used to 
characterize the local accumulation of geometrically necessary dislocation (GND) density in the austenite phase 
in situ and in 3D across a bulk Ni49.9Ti50.1 polycrystalline shape memory alloy during load-biased thermal 
cycling. A custom nf-HEDM data analysis procedure is used to reconstruct spatially-resolved intragranular 
misorientation maps that are then converted to spatially-resolved GND density maps. In this way, GND density is 
tracked in individual grains across cycles. We find that neither Schmid factor nor the maximum transformation 
work correlates strongly with GND density evolution during load-biased thermal cycling. The results show that 
the spatially-resolved GND density is distributed heterogeneously, but GND density increases faster near grain 
boundaries, in grains at the sample surface, and in grains with large volumes, indicating that these regions/types 
of grains will undergo different functional fatigue behaviors. Finally, the effect of grain neighborhood and grain 
boundaries on GND evolution are investigated, highlighting the role played by grain boundaries and the grain 
neighborhood in the evolution of GND density. This work demonstrates the utility of nf-HEDM for understanding 
the evolution of subgrain-scale plastic deformation, including materials that undergo a martensitic phase 
transformation.   

1. Introduction 

Nickel-titanium (NiTi) shape memory alloys are widely used in 
aerospace, biomedical, and soft robotics applications due to their 
superelastic, shape memory, and actuation behaviors as well as 
biocompatibility and corrosion resistance [1–12]. The deformation 
mechanism behind these functional behaviors is a reversible martensitic 
phase transformation between a B2 cubic (austenite) phase and a B19′ 
monoclinic (martensite) phase [13]. The longstanding challenge asso
ciated with reversible martensitic phase transformations is that they 
tend to not actually be reversible in practice. That is, they exhibit 

functional fatigue: changes to the material response during cyclic 
loading that typically diminish the material’s exploitative properties. 
Functional fatigue stems from any permanent changes to the micro
structure, including the generation and accumulation of dislocations, 
deformation twinning, and retained martensite [14–18]. These perma
nent microstructure changes occur during the forward and/or reverse 
martensitic phase transformation and/or plastic slip and can result in 
irrecoverable macroscopic strain, loss of dimensional stability, and 
failure of the material during cyclic loading [14,16–21]. However, there 
is a lack of fundamental understanding of how, where, or when these 
permanent defects are generated, in what amounts, and how they can be 
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tailored. 
Based on the phenomenological description of single crystal plas

ticity, crystallographic slip on a specific plane is carried out by the flow 
of statistically stored dislocations (SSDs). Geometrically necessary dis
locations (GNDs) also arise, adhering to the geometric constraints of the 
crystal lattice to ensure lattice compatibility as deformation occurs. As 
plastic deformation proceeds, both GNDs and SSDs accumulate with 
increasing strain. SSDs are stored by mutually trapping each other 
randomly [22,23]. On the other hand, GNDs, due to their non-zero 
Burgers vector, are associated with heightened and localized orienta
tion gradients. 

The local accumulation of dislocations and other permanent micro
structure changes can be characterized using scanning and transmission 
electron microscopy techniques. However, in practical scenarios, it is 
not feasible to discern or distinguish GNDs and SSDs, or to identify the 
transition of specific SSDs to GNDs and vice versa. Furthermore, discrete 
electron microscopic measurements are confined to surface-level 
deformation or, in the case of thin lamella samples, only to localized 
sub-surface deformation [19,24,25]. Few techniques offer the capability 
to spatially resolve internal defect accumulation and structural changes 
over large fields of view within bulk samples. Such a capability would 
enable a statistically-informed understanding of how the permanent 
microstructure changes associated with functional fatigue vary as a 
function of local microstructure features. 

Over the past two decades, 3D in-situ synchrotron X-ray techniques 
such as 3D X-ray diffraction (3DXRD), high-energy diffraction micro
scopy (HEDM), and diffraction contrast tomography (DCT) have been 
used to nondestructively track the evolution of 3D microstructures 
across bulk, millimeter-sized sample volumes. This includes a number of 
noteworthy studies on shape memory alloys, including the following 
examples and several others. Berveiller et al. investigated the defor
mation behavior of four coarse (~500 µm) Cu78Al23Be3 grains and found 
that austenite lattice rotation and sub-grain formation are reversible 
during stress-induced martensite transformation through 3DXRD [26]. 
Hachi et al. tracked 187 CuAlBe grains and highlighted the influence of 
the neighboring grains on the martensitic transformation evolution 
through 3DXRD and DCT [27]. Sedmak et al. revealed that localized 
martensite transformation was induced by the increase of shear stress 
elevation near the front interface of ~15,000 austenite grains in a NiTi 
wire using 3DXRD [28]. Paranjape et al. found the stress redistribution 
of austenite and martensite phases in a NiTi single crystal during phase 
transformation and inclusions could influence the activation of 
martensite variants through far-field HEDM (ff-HEDM) and numerical 
simulation [29], and also studied the grain-averaged response of indi
vidual grains in polycrystalline NiTi during stress-induced trans
formation and discussed the granular constraint and surface effects of 
heterogeneous grain response [30]. Bucsek et al. discussed the differ
ence between prediction of martensite evolution using crystallographic 
theory of martensite and ff-HEDM experiment results in a NiTi sample 
using a forward model approach [31], revealed the evolution of 
stress-induced monoclinic twin microstructures and the sequence of 
twin rearrangement mechanisms on the basis of HEDM data [32], and 
studied the emergence of Σ3 and Σ9-type grain boundaries in a single 
NiTi crystal subjected to load-biased thermal cycling using nf-HEDM 
[33]. 

While these works show the individual grain responses of shape 
memory alloys under different loading conditions, the local (i.e., intra
granular) lattice distortion and dislocation accumulation within indi
vidual grains are not typically captured using conventional 3DXRD, 
HEDM, or DCT. Of particular usefulness would be the ability to measure 
intragranular misorientation, as it can be used to quantify the local 
degree of plastic deformation [34–37]. Moreover, regions of large 
reorientation are typically connected to regions of high stress and plastic 
strain and are likely future sites of catastrophic events like crack initi
ation. Hence, the ability to track the evolution of intragranular misori
entation can improve our ability to understand crystal plasticity, fatigue, 

and failure in shape memory alloys, and in crystalline materials in 
general [38–41]. 

The software package developed by Suter et al. [42] now known as 
HEXOMAP [43] can analyze intragranular misorientation from 
nf-HEDM data collected with a line-focused beam, but the reconstruc
tion approach utilizes a blend of discrete orientation space search and 
Monte Carlo optimization, which is different than the crystallographic 
orientation fiber approach implemented in the HEXRD software [44,45] 
and in the present work. In addition to the work by Bucsek et al. [33] and 
others, Nygren et al. recently demonstrated a reconstruction procedure 
for spatially resolving intragranular misorientation using a “box” beam 
in HEDM measurements (allowing for more grains/voxels to by char
acterized simultaneously) using the latter approach [46]. Instead of 
measuring the grain-averaged crystallographic orientation of each 
grain, Nygren et al. showed how it is possible to extract the local 
intragranular misorientation from combined nf-HEDM and ff-HEDM 
data sets. Inspired by these works, we use a similar approach to 
spatially resolve the intragranular misorientation across a bulk poly
crystalline NiTi shape memory alloy during load-biased thermal cycling 
(replicating shape memory alloy actuation application environments) 
[16,25]. 3D maps of intragranular misorientation are measured in the 
austenite phase pre-loading (cycle 0) and after 2, 5, 10, and 20 cycles. 
These 3D maps of intragranular misorientation are then used to estimate 
lower bounds of GND density (as opposed to randomly distributed and 
mutually trapped SSD density that do not contribute to the lattice cur
vature). By comparing the GND density maps to the spatially-resolved 
orientation maps, we are able to quantify the evolution of GND den
sity for each individual grain and search for statistical correlations be
tween GND density accumulation and different microstructure features. 

2. Materials and methods 

2.1. Sample preparation and HEDM experiments 

A hot-extruded, hot-straightened polycrystalline Ni49.9Ti50.1 (at.%) 
rod with a diameter of 10 mm was prepared by Nitinol Devices and 
Components. After solutionizing treatments for 30 min at 900 ◦C fol
lowed by water quenching, the grains had an average size of 75 µm. The 
sample was electrical-discharge-machined into a dog-bone tensile 
specimen with a 1 × 1 × 1 mm3 gage section. The transformation 
temperature measured by differential scanning calorimetry was Mf = 71 
◦C, Ms = 55 ◦C, As = 84 ◦C and Af = 97 ◦C. Ff-HEDM and nf-HEDM 
experiments were performed at the F2 beamline at the Cornell High 
Energy Synchrotron Source (CHESS). The mechanical loading was 
applied by the second generation rotational and axial motion system 
(RAMS2) developed by the Air Force Research Laboratory [47]. An 
X-ray beam size of 120 µm (height) × 2.5 mm (width) with an energy of 
55.618 keV was used to illuminate the sample at the center of the gauge 
section. CeO2 and gold standards were used to calibrate the detector 
translations, tilts, and distortion. The ff-HEDM measurements were 
taken on a General Electric (GE) flat-panel area detector with 
2048×2048 pixels and 200×200 µm2 pixel sizes placed 1045.7 mm 
downstream of the sample. The sample was rotated 360◦ about the 
vertical rotation axis (also the loading direction), and ff-HEDM images 
were collected every 0.25◦ with an exposure time of 0.25 s per image. 
The nf-HEDM measurements were taken on a Retiga 4000 DC detector 
with an infinity optical system and Mitutoyo objectives with 1.48×1.48 
µm2 per pixel placed 12.91 mm downstream of the sample. The 
nf-HEDM diffraction images were taken every 0.25◦ with an exposure 
time of 5 s per image. 

The initial measurement was taken at 120 ◦C ± 5 ◦C without me
chanical loading (referred to as cycle 0). Then, a tensile bias load of 150 
MPa was applied to the sample and held constant for the remainder of 
the experiment. During each cycle, the sample was cooled to 20 ◦C and 
heated back to 120 ◦C. The temperature was applied by a custom-built, 
dual halogen bulb line focusing furnace. Argon was continuously 
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flowing through the chamber during the testing to minimize the 
oxidation effects. Ff-HEDM and nf-HEDM measurements were taken at 
cycles 0, 2, 5, 10, and 20 at 120 ◦C (i.e., all measurements were taken 
when the sample was in the austenite phase). 

2.2. Intragranular misorientation analysis procedure 

Fig. S1 shows what the nf-HEDM diffraction images look like before 
and after cycling. The rectangle at the center of the images is the 
transmitted beam, and the other “spots” are Bragg reflections. The 
appearance of the Bragg reflections before versus after cycling provides 
insights into the microstructural changes that occur as a result of 
cycling. Initially (cycle 0), the Bragg reflections have relatively sharp 
edges (Fig. S1(a)). However, as the fatigue test progresses to cycle 20, 
the Bragg reflections gradually lose their sharpness, spreading especially 
along the azimuthal direction (Fig. S1(b)). These changes are signatures 
of changes in the intragranular misorientation caused by the plastic 
deformation of the NiTi sample. The smearing of the Bragg reflections 
and the decrease in their sharpness also pose challenges for conventional 
HEDM reconstruction processes. As a result, we required a specialized 
analysis routine to extract the underlying intragranular misorientation 
evolution, as described below. 

The software package HEXRD [44,45] was used to analyze the ff- and 
nf-HEDM data and for the intragranular misorientation analysis. The 
results are then compiled and visualized utilizing the open-source soft
ware package Paraview [48]. An overview of 3D intragranular misori
entation reconstruction for one individual grain is presented in Fig. 1. 
The procedure is as follows. First, the conventional ff-HEDM analysis is 
performed to obtain a list of grain-averaged orientations for each grain 
in the diffraction volume via peak indexing and parameter refinement 
process. Second, the conventional nf-HEDM analysis is performed to 
voxelate the diffraction volume and assign each voxel to one of the 
grain-averaged orientations using forward modeling, or virtual 

diffraction [49]. The voxel size used here was 5 µm horizontal and 10 µm 
vertical. (The larger vertical voxel dimension was chosen to reduce 
computation time.) The results of these two steps are shown in Fig. 1(a): 
a 3D spatially-resolved orientation map assuming a single orientation 
within each grain. The details associated with determining these 
grain-averaged quantities from ff-HEDM and nf-HEDM are provided in 
[42,50]. 

Next, a modified ff-HEDM algorithm is used to obtain the orientation 
envelope for each grain. This process is shown in Fig. 1(b–e). The grain- 
averaged orientations of all the grains are plotted in orientation space in 
Fig. 1(b). For each grain, its grain-averaged orientation is selected, and a 
list of trial orientations with an angular spread of ± 5◦ and a spacing of 
0.25◦ along each direction in Rodrigues space is discretized around the 
grain-averaged orientation in the 3D orientation space. This is shown in 
Fig. 1(c,d). Virtual diffraction is then performed using each trial orien
tation for each voxel. Of these trial orientations, all orientations with a 
completeness value (the number of measured Bragg reflections divided 
by the number of expected Bragg reflections) above a prescribed 
threshold (we used 0.8 here) are stored, and the orientation with the 
highest completeness value above 0.8 is assigned to the voxel. The 
result, the full orientation envelope for each grain, is shown in Fig. 1(e). 

The virtual diffraction of each trial orientation at each voxel and the 
assignment of the highest completeness orientation to each voxel are 
shown in Fig. 1(f–h). First, the voxels associated with one particular 
grain are identified and dilated by two voxels as shown in Fig. 1(f). (The 
dilation is to account for a potential improvement in the grain recon
struction near the grain boundaries following the intragranular misori
entation reconstruction, or for small changes in grain structure during 
deformation as suggested by Nygren et al. in [46].) For each voxel in the 
dilated grain volume, virtual diffraction is performed using each 
“spread” trial orientation for this particular grain as shown in Fig. 1(d). 
The orientation with the highest completeness value is assigned to this 
voxel. These steps are repeated for each grain. Due to the dilation 

Fig. 1. Flowchart of the intragranular misorientation reconstruction procedure using ff-HEDM and nf-HEDM. First, the spatially-resolved grain-averaged orientation 
map is obtained from the conventional HEDM analysis (a). (IPF direction parallel to the loading axis.) Then, from all of the grain-averaged orientations shown in (b), 
one grain-averaged orientation is selected at a time (c), then spread and discretized into new trial orientations (d). These trial orientations are tested using a modified 
ff-HEDM analysis, resulting in an orientation envelope representing the intragranular misorientation (e). For each individual grain, the grain volume is dilated and 
the grain is voxelated (f). For each voxel, virtual nf-HEDM diffraction is performed using the test orientations from (e) (g), resulting in the intragranular misori
entation reconstruction of each grain (h). An example of grain reconstruction result is shown across different cycles in (i), using a stretched IPF color map to highlight 
the intragranular misorientation. (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.) 
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operation and independent reconstruction of each grain, voxels that are 
close to the grain boundaries will be assigned with multiple orientations. 
When all the grains are assembled back into the volume, the overlapping 
voxels are assigned to the orientation with the highest completeness 
value. An example of the intragranular misorientation reconstruction is 
shown for one individual grain in Fig. 1 (h,i) for each actuation cycle, 
where the inverse pole figure (IPF) color map is stretched to 10◦ along 
each direction to highlight the intragranular misorientation. 

To validate the accuracy of the intragranular misorientation recon
struction procedure, a series of tests are conducted using synthetic 
diffraction data from a virtual ’phantom’ grain dataset. A virtual poly
crystalline copper sample is deformed under tensile uniaxial loading to a 
strain of 10 %. From this polycrystal, a grain with an orientation spread 
larger than 5◦ is selected, and this grain and its surrounding neighbor
hood are used to synthesize virtual ff- and nf-HEDM diffraction images. 
Two different beam sizes, a 1D “line” beam and a 2D “box” beam are 
simulated to illuminate the layer of interest (in the line beam case) and 
volume of interest (in the box beam case) in the virtual sample both 
before and after deformation. The central layer in the four scenarios 
(undeformed microstructure with a line beam, undeformed micro
structure with a box beam, deformed microstructure with a line beam, 
and deformed microstructure with a box beam) are then reconstructed 
using the intragranular misorientation analysis procedure described 
above and compared with the original microstructure inputs. The re
sults, show that the intragranular analysis procedure presented in this 
work can accurately capture both grain shape and spatially-resolved 

intragranular misorientation with high accuracy, even for grains with 
large orientation spread due to significant plastic deformation. The de
tails are provided in Appendix A and the Supplemental Material. The 
results are shown in Fig. A2, Fig. A3, and Fig. A4 for the box beam and 
Fig. S2 and S3 for the line beam. 

Fig. 2 presents a comparison of spatially-resolved completeness and 
intragranular misorientation results as analyzed by conventional nf- 
HEDM (shown in Fig. 2(a,c)) versus intragranular nf-HEDM analysis 
(illustrated in Fig. 2(b,d)). This comparison is for a single layer of the 
reconstructions at cycle 0. For the conventional nf-HEDM completeness 
map in Fig. 2(a), the completeness is relatively high in the grain centers 
but decreases near the grain boundaries, and only a single orientation is 
assigned to each grain; therefore, no intragranular misorientation is 
obtained in Fig. 2(c). The average completeness value in Fig. 2(a) is 
0.66, with a minimum value of 0.33. With the intragranular nf-HEDM 
analysis, the completeness value is improved (relative to conventional 
nf-HEDM), even near the grain boundaries (Fig. 2(b)). The average 
completeness value in Fig. 2(b) is 0.84, with a minimum value of 0.54. 
Fig. 2(d) shows the resulting spatially-resolved intragranular misorien
tation, colored with a maximum misorientation angle of 3◦. 

Fig. 3 shows the reconstruction of the full 1 × 1 × 0.1 mm3 

diffraction volume. Fig. 3(a) shows the initial 3D grain map at cycle 0. A 
comparison is shown between the conventional grain-averaged (Fig. 3 
(b)) and intragranular (Fig. 3(c)) reconstructions at cycle 20. As ex
pected, the grain-averaged reconstructions show essentially no intra
granular misorientation, and the intragranular reconstruction reveals 

Fig. 2. Comparison of spatially-resolved completeness and intragranular misorientation using the conventional nf-HEDM analysis (a,c) compared against the 
intragranular nf-HEDM analysis (b,d) for a single layer of the reconstructions for cycle 0. Z is the loading direction. 
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the substantial intragranular misorientation across the 3D volume. Fig. 3 
(d–f) and Fig. 3(g–i) show two examples of individual grains, again 
comparing the conventional grain-averaged against the intragranular 
analysis results. The new intragranular misorientation reveals the het
erogeneous, grain-specific evolution of intragranular misorientation 
with cycling. 

2.3. GND density calculation procedure 

For the calculation of GND density maps, we utilized the MATLAB 
toolbox MTEX 5.8.1 that is based on the approach proposed by Pantleon 
[51]. These maps are calculated from the measured spatially-resolved 
intragranular misorientation, assuming that the misorientation arises 
from GNDs with excess Burgers vector accumulated during heteroge
neous inelastic deformation (in this case slip and martensitic phase 
transformation). From the misorientation (orientation difference) be
tween two neighboring voxels, the curvature tensor between two 
measured voxels can be calculated. Then, the dislocation density tensor 
that characterizes the deformed state (lattice rotation and elastic strain) 
can be calculated from the curvature tensor, as proposed by Nye [22], 
neglecting the elastic strain contribution [36,51–53]. (Recent studies 
have shown the elastic strain contribution is insignificant compared to 
the lattice rotation from HR-EBSD experiments [54,55].) With 2D maps 
of intragranular misorientation (e.g., Fig. 2), six components of the 
curvature tensor and five of the nine dislocation density tensor com
ponents can be calculated. The total dislocation density tensor is a sum 
over the dislocation density contributions from each dislocation type. In 
a typical crystal, the number of dislocation types is greater than the 
number of obtained dislocation tensor components, which renders the 
linear system of fitting individual dislocation densities to dislocation 
density tensor components underdetermined [51,53–55]. As a result, 
there is no unique solution, but Pantleon [51] proposed the determi
nation of a lower bound for the total dislocation density by minimizing 
the total line energy [51,52] based on the assumption that the disloca
tions are in a low elastic energy configuration. This is the approach used 
by the MATLAB toolbox MTEX 5.8.1 [56] and here. 

In this study, prior to calculating the maps of GND density, a half- 
quadratic filter is firstly applied to denoise the HEDM intragranular 
misorientation data [57]. Then, the Kernel average misorientation 
(KAM), i.e., the average misorientation around a measurement point 
with respect to its nearest neighbor point, at each voxel is calculated. 
The order of nearest neighbor is 2 in this work, and any contributions to 
KAM that exceed 5◦ are excluded assuming that they correspond to a 

neighboring grain. By neglecting the elastic strain contribution, five of 
the nine dislocation tensor components are calculated from intra
granular nf-HEDM analysis and additionally, the difference between two 
components (α11 − α22) is used as a further constraint to improve the 
accuracy of estimating the GND density as proposed by Pantleon [51]. In 
case of Ni49.9Ti50.1 shape memory alloys, the {110}<100> and {010}<

100>[58–60] slip systems are considered as dominant, with 24 possible 
edge dislocation and 6 possible screw dislocation configurations. By 
using energy minimization as explained above, the lower bounds of the 
total GND densities can be estimated. Finally, 3D maps of 
spatially-resolved GND density are obtained by stitching the 2D GND 
maps along the vertical direction. Due to lower reconstruction resolution 
used for the vertical (layer-stitching) direction (10 µm vs. 5 µm hori
zontally), the orientation gradient along the vertical direction is not 
considered in this paper. Including the misorientation across all three 
dimensions is a future extension of this work. 

2.4. Grain tracking algorithm 

Since the intragranular misorientation reconstruction algorithm as
signs a unique orientation to each voxel, we can identify all of the voxels 
belonging to a single grain by grouping sets of connected voxels with 
similar orientations, and separating its neighbor voxels with orientation 
discontinuities. Because the grain locations can shift during loading, this 
grain identification procedure must be repeated for each measurement 
and then grains must be assigned to same grains across different mea
surements. Fig. 4 shows an example of our grain tracking process. First, 
the list of voxels belonging to each grain is assigned for each measure
ment. Then, for each grain in cycle 0 (e.g., for the grain shown in Fig. 4 
(a,c) that is arbitrarily called grain 97, the same grain must be identified 
in all of the other cycles. To do so, we assumed that each grain would not 
rotate (on average) more than 5◦, and its centroid would not drift more 
than 50 µm. Fig. 4(b) shows all of the candidate grains in cycle 20 that 
are approximately located where grain 97 was in cycle 0, but only one of 
these grains (grain 88 shown in Fig. 4(d)) fits both the location and 
rotation criteria. A final visual comparison of Fig. 4(c,d) confirms that 
the two grains are identical in the deformed state. While the numbers 
and assignments of voxels may change slightly for each measurement, 
the grain morphology stays the same. 

Fig. 3. 3D grain map of the diffracted volume showing the grain-averaged orientations at cycle 0 (a) (IPF direction parallel to the loading axis). Comparison of 
spatially-resolved intragranular misorientation using the conventional nf-HEDM analysis (b) against the intragranular nf-HEDM analysis (c) for cycle 20. Comparison 
of spatially-resolved orientation (d,g) and intragranular misorientation (e,f,h,i) using the conventional nf-HEDM analysis (e,h) against the intragranular nf-HEDM 
analysis (f,i) for cycle 20. 
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3. Results and discussion 

3.1. The orientation and plastic deformation evolution of individual 
grains 

A summary of the grains identified, tracked across actuation cycles, 
and included in our statistical analyses is shown in Fig. 5. Only grains 
that contained at least 80 voxels (spherical equivalent diameter ~35 
µm) and retained at least 80 % of their initial volume were included. 
Using this selection criteria, we focused on 120 grains for our analysis. 
Using a spherical equivalent diameter computed from the grain volume, 
these 120 grains have equivalent diameters from 40−160 µm with an 
average of 90 µm and a standard deviation of 24.2 µm (Fig. 5(a)). 

To illustrate the variability of GND density accumulation for 
different grains, the GND density evolution for six randomly selected 
grains sampled over the orientation space are plotted in Fig. 5(b). For 
grain 1, the GND density initially increases slightly between cycles 0 and 
2 and then increases more sharply between cycles 2 and 20. In contrast, 
for grain 2, the GND density increases steeply between cycles 0 and 2, 
saturates, and then increases steeply again between cycles 10 and 20. 
For both grains 3 and 6, the GND density increase continuously between 
cycles 0 and 5, slowing down between cycles 5 and 20. Finally, both 
grains 4 and 5 increase continuously between cycles 0 and 20. In Fig. 5 
(c), the grain-averaged orientation and its rotation path are shown. The 
rotation in each inset figure all within 2◦. Grains 1, 2, and 6 rotate 
continuously between cycles 0 and 20. Grain 3 and 5 rotates slightly 
between cycles 0 and 10 but then rotate sharply between cycles 10 and 
20. Grain 4 displays a zig-zag rotation path. In Fig. 5(d), the orientation 
spread and the mean orientation at cycle 0 and cycle 20 are shown. The 
orientations are distributed heterogeneously around the mean orienta
tions, and the orientations are much more spread in cycle 20 versus cycle 
0. For all of these measures—i.e., GND density accumulation, rotation, 
and orientation spread—, the results illustrate a spatially heterogeneous 
plastic deformation of the grain-scale microstructure that occurs during 
cycling. 

To visualize the local 3D microstructure evolution, Fig. 6(a) shows 
the 3D spatially-resolved maps of GND density evolution of the entire 
diffracted volume at each cycle. In the initial solution treated micro
structure (cycle 0), the GND density is relatively low, and GND density 

can be seen increasing heterogeneously across the microstructure as 
early as cycle 2 (the first load step measured after the initial micro
structure). Fig. 6(b) shows the 3D spatially-resolved maps of GND den
sity evolution for the six example grains from Fig. 5 at each cycle. In 
most grains, the GND density can be seen accumulating over the entire 
grain and slightly faster near grain boundaries (although observations 
near grain boundaries should be interpreted with care due to low 
completeness, since the reconstruction completeness decreases near 
grain boundaries; see Fig. 2). Yet, each grain’s GND density evolution is 
different (as was also discussed for Fig. 5). Together, Figs. 5 and 6 
demonstrate that the spatial distribution and the degree of plastic 
deformation are different for each grain, as is when each grain plasti
cally deforms (i.e., between which cycles). These differences are likely 
the result of several factors, potentially including grain orientation, 
grain size, grain morphology, and constraints from grain neighborhoods. 
In the following sections, we investigate whether or not these micro
structural features show any significant statistical correlation with the 
grains’ cyclic evolution of GND density. 

3.2. Effect of the grain orientation on plastic deformation 

In Fig. 7, we explore the existence of a correlation between grain 
orientation and the cyclic evolution of GND density. Fig 7(a) shows the 
increase in GND density between cycles 0 and 20 as a function of the 
initial grain-averaged orientation. Each marker represents a grain, the 
marker color represents the magnitude of the increase in GND density 
between cycles 0 and 20, and marker size represents the grain’s relative 
volume at cycle 0. Fig. 7(b) shows the grain rotation magnitude and 
rotation path direction as a function of the initial grain-averaged 
orientation. For both Fig. 7(a) and (b), there is no strong correlation 
between the initial grain orientation and either the accumulation of 
GND density or grain rotation. That means two grains with similar ori
entations will not necessarily follow the same rotation path or GND 
density accumulation behavior. 

The lack of correlation between grain orientation and plastic defor
mation shown in Fig. 7(a) and (b) is somewhat surprising, because we 
commonly assume that plastic slip and martensitic phase transformation 
are dependent on a grain’s orientation with respect to the loading di
rection. The expected relationship between orientation, plastic slip, and 

Fig. 4. Demonstration of grain tracking algorithm. For one specific grain (e.g., grain 97) in cycle 0 (a), the potential candidates for the same grain in cycle 20 are 
identified as those having centroids within 50 µm of that of grain 97 (b). However, after enforcing the additional requirement that the average orientation cannot 
change by more than 5◦, the correct grain is identified (c,d). 
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the accumulation of GND density is summarized in Schmid’s law: the 
most popular criterion for plastic slip (likelihood and preferential slip 
system). Schmid’s law says that grains with large Schmid factors are the 
most likely to undergo plastic slip, which we would expect to then cause 
large GND density accumulation. The expected relationship between 
orientation, martensitic phase transformation behavior, and the accu
mulation of GND density is more nuanced and less understood. Using 
scanning transmission electron microscopy (STEM), Bowers et al. 
showed that load-biased thermal loading resulted in the formation of 
preferential martensite habit plane variants [25]. Intuitively, we would 
expect that the formation of preferential martensite habit plane variants 
may be important for understanding GND density accumulation, 
because: First, each martensite habit plane variant is expected to have 
different interfacial stress fields (dependent on the degree of kinematic 
compatibility, e.g., [61,62]); Second, these interfacial stress fields pre
sumably govern the activation of dislocations during the martensitic 
phase transformation. In the next paragraph, we investigate whether 
there is a relationship between orientation and the accumulation of GND 
density by way of a criterion for habit plane variant selection. There are 
two different criteria for predicting the preferential habit plane variant: 
the maximum resolved shear stress criterion [63–65] and the maximum 
transformation work criterion [65,66]. Here, we use the maximum 
transformation work criterion, which has been shown to be more ac
curate (e.g., [66]). Specifically, we use the calculation procedure pub
lished in [31], where the values are normalized by the magnitude of the 
macroscopic stress (see Eq. 13 in [31]). 

To further investigate whether there is a correlation between grain 
orientation and plastic deformation, Fig. 7(c) shows the increase in GND 
density between cycles 0 and 20 as a function of Schmid factor for plastic 
slip, and Fig. 7(d) shows the increase in GND density between cycles 
0 and 20 as a function the maximum transformation work. The Schmid 
factor is calculated using the initial grain orientation and the two 
common NiTi slip systems {110}<100> and {010}<100>. The 
maximum transformation work is calculated according to the procedure 
described in [31]. Again, the results show no strong correlation between 
GND density accumulation with either Schmid factor (Fig. 7(c)) or 
maximum transformation work (Fig. 7(d)). The only relationship that 
we can decipher is that the spread in GND density increase appears to 
increase for grains that are likely to slip (i.e., have large Schmid factors) 
and/or transform (i.e., have large maximum transformation work). 

To summarize the findings discussed in this section: Two grains with 
the same orientations may exhibit very different GND density evolu
tions. The finding that grain orientation does not have a significant 
relationship with the accumulation of GND density during load-biased 
thermal cycling is reminiscent of a larger movement to acknowledge 
the shortcomings of our ability to predict (or understand) the micro
mechanical behavior of polycrystalline materials. For example, in 
studies of plastic slip and deformation twinning in hexagonal close- 
packed (hcp) metals, observations showing a departure from Schmid’s 
law are not the exception but the norm (e.g., [67–69]). Another example 
includes the work of Bucsek et al. [31], where they showed that the 
maximum work criterion fails to select the habit plane variant that forms 

Fig. 5. The grain size for the 120 grains selected for the analysis at cycle 0 (a). The evolution of total GND density between cycles 0 and 20 for six selected grains (b). 
The rotation of these six grains between cycles 0 and 20 (c). The orientation spread of these six grains around the mean orientation between cycles 0 and 20 (d). The 
brown arrows represent the grain rotation path. 
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Fig. 6. 3D spatially-resolved maps of GND density at different cycles. 3D GND density evolution of reconstructed microstructure at cycles 0, 2, 5, and 20 (a). 3D GND 
density evolution for six selected grains in Fig. 5 from cycle 0 to cycle 20 (b). The grain orientation is colored by its IPF color. Grains stay in the X-Y plane, and Z is the 
loading direction. (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.) 
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when microstructural features such as grain boundaries, inclusions, and 
precipitates are present. The likely reality is that the story is much more 
complex than we can predict using single-crystal derived, 
grain-averaged information and criteria, and that local (i.e., intra
granular) stress concentrations, competing inelastic deformation 
mechanisms, and grain interactions dominate the underlying micro
mechanics [70]. This is explored more in Section 3.4. 

3.3. Effect of proximity to the free surface and grain size on GND density 

In this section, we explore whether two additional microstructure 
features—proximity to the free surface and grain size—show any cor
relation with cyclic GND density accumulation. Fig. 8 shows the increase 
in GND density between cycles 0 and 20 versus the distance between the 
grain centroid and the free surface (Fig. 8(a)) and versus the grain size 
(Fig. 8(b)). Fig. 8(a) shows that the accumulation of GND density is 
negatively correlated with a grain’s proximity to the free surface, with a 
Pearson’s R value of −0.26. In other words, grains that are close to the 
free surface will accumulate more GND density than bulk grains. Intu
itively, this observation makes sense, since grains on the free surface are 
less geometrically constrained and are therefore freer to undergo in
elastic deformation. Similar results were shown for martensitic phase 
transformation in NiTi under uniaxial loading in [30] and for plastic slip 
in Ti7Al and pure Ti under uniaxial loading in [71,72]. These and other 

findings on the disparities between surface and bulk deformation 
behavior suggests that using surface scanning technique, e.g. electron 
backscatter diffraction or transmission electron microscopy, to represent 
bulk material behavior should be used with some caution. 

Fig. 8(b) shows that the accumulation of GND density is positively 
correlated with grain size, with a Pearson’s R value of 0.35. The me
chanical properties of polycrystalline material are well known to be 
influenced by grain size with small grains being resistant to slip transfer 
across grain boundaries (i.e., the Hall-Petch relationship). While the 
result shown in Fig. 8(b) only shows a correlation without direct evi
dence of a causation mechanism, one possible explanation for this cor
relation is that larger grains accumulate more GND density because of 
the increased ability of inelastic deformation mechanisms (martensitic 
phase transformation and plastic slip) to transfer across the grain 
boundaries of large grains (relative to those of smaller grains). 

To investigate the synergistic effect of proximity to the free surface 
and grain size, the results are combined in Fig. 8(c). This figure shows 
that a higher accumulation of GND density data points is in the bottom 
middle region. It seems that grains close to the free surface with a large 
grain size tend to accumulate more GND density than interior (bulk) 
grains and relatively small grains during load-biased thermal-mechani
cal loading. However, it should be noted that while a large portion of the 
grain follows the general trend, the distribution of GND density accu
mulation is still wide. That indicates these two factors are still not 

Fig. 7. The increase in GND density between cycles 0 and 20 as a function of the initial grain-averaged orientation (a), where each marker represents a grain, marker 
color represents the increase in GND density between cycles 0 and 20, and marker size represents the grain’s relative volume at cycle 0. The grain rotation magnitude 
and direction between cycles 0 and 20 are shown as a function of the initial grain-averaged orientation (b). (IPF direction parallel to the loading direction.) The 
increase in GND density versus the Schmid factor for plastic slip (c). The increase in GND density versus the maximum transformation work (J m−3) (d). (For 
interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.) 
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absolute indicators of GND density accumulation. Other factors should 
be incorporated and considered. 

3.4. Effect of grain neighborhood on GND density evolution 

In light of the observation that grain-averaged orientation is not 
sufficient to predict the accumulation of GND density (Section 3.2), 
here, we investigate whether we can incorporate more information 
about the grain’s surrounding neighborhood to improve our under
standing. The results are presented in Fig. 9. Fig. 9(a) shows the increase 
in GND density between cycles 0 and 20 versus the number of grain 
neighbors. We use marker type and color to differentiate between sur
face grains and interior (bulk) grains. The results show that the increase 
in GND density is slightly positively correlated with the number of grain 
neighbors (Pearson’s R value of 0.18), with no obvious difference for 
surface versus bulk grains. 

In Fig. 9(b), we investigate the relationship between GND density 
accumulation and the disorientation (defined here as the minimum 
misorientation angle between a grain’s <100>B2 axis and the loading 
direction) of each grain and its neighbors (on average). Note: Grains that 
have a <100>B2 axis aligned with the loading direction have the lowest 
Schmid factor for slip for both the {011}<100> and {001}<100> slip 

systems (see, e.g., Fig. 3(b) in [73]), and they also have small trans
formation strains (see, e.g., Fig. 2(a) in [74]) and the lowest Schmid 
value for transformation (see, e.g., Fig. 2(d) in [73]). In other words, the 
disorientation angle combines the slip-induced and martensitic 
transformation-induced plasticity into a single parameter. Thus, for 
simplicity, we refer to close-to <100>B2 orientations as “hard” orien
tations, and we refer to far-from <100>B2 orientations as “soft” orien
tations (where“hard”means that the grain cannot easily transform or slip 
to induce plastic deformation). In Fig. 9(b), we observe that higher GND 
density accumulation occurs in the “soft” grains (high grain disorien
tation) versus “hard” grains (low disorientation). For example, “soft” 
grains with disorientation values between 30◦ and 55◦ have an average 
GND density accumulation of 1.5 × 1013 m−2, while “hard” grains with 
disorientation values between 0◦ and 30◦ have an average GND density 
accumulation of 1.1 × 1013 m−2. We did not observe a correlation be
tween GND density accumulation and a grain’s average grain neighbor 
disorientation. 

While Fig. 9(b) shows no relation between GND density accumula
tion and the average grain neighbor disorientation, here we investigate 
potential effects of individual grain neighbors using two interior grains. 
These two grains were selected because they have nearly identical “soft” 
disorientation angles (~40◦, Fig. 9(c)), relative grain volumes (Fig. 9(e, 

Fig. 8. The proximity of a grain’s centroid to the closest free surface vs. the increase in GND density between cycles 0 and 20 (a) and the grain size vs. the increase in 
GND density between cycles 0 and 20 (b). The relationship between the grain size (x-axis), proximity to the free surface (y-axis), and increase in GND density between 
cycles 0 and 20 (marker size and color) (c). (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.) 
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Fig. 9. Effect of grain neighborhood on GND density evolution. The number of grain neighbors versus increase in GND density between cycles 0 and 20 (a). The 
relationship between the grain disorientation angle (x-axis), grain neighbor disorientation angle (y-axis), and increase in GND density between cycles 0 and 20 
(marker size and color) (b). The marker corresponds to the average grain neighbor disorientation, and the blue shaded areas show the standard deviation of the grain 
neighbor disorientation values. Two interiorly located grains with near identical orientation (c), position (d), and size yet showcase different GND density evolution 
behaviors (e,f). The GND density at each voxel for cycles 0 (blue) and 20 (red) versus the distance from the grain center for Grain A (g) and B (h). Side and top views 
illustrating the GND density increment of Grain A (i, k) and Grain B (k, l), along with their respective grain neighbors. (For interpretation of the references to color in 
this figure legend, the reader is referred to the web version of this article.) 
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f)), positions (Fig. 9(d)), and numbers of neighboring grains (Grain A has 
12 neighbors and Grain B has 11 neighbors). Despite these similarities, 
these two grains have different neighborhoods and thus show different 
GND density evolution behavior. Fig. 9(g-h) shows the GND density at 
each voxel for cycles 0 and 20 versus the distance between the voxel and 
the grain centroid. Grain A has more GND density at cycle 20 than Grain 
B, and much of this GND density is close to the grain boundary (i.e., far 
from the grain centroid). Fig. 9(i–l) shows the spatially-resolved GND 
density for Grains A and B, as well as their respective grain neighbors. 
For Grain A, significant GND density is observed at the boundary be
tween the “soft” Grain A and Grain 4260 (a “hard” grain, 18◦ grain 
disorientation). Grain A also has GND density accumulation near a triple 
junction shared with grains Grain 335 (a “soft” grain, 40◦ grain disori
entation) and Grain 668 (a “soft” grain, 45◦ grain disorientation). For 
Grain B, there is very little GND density accumulation observed, and this 
GND density is distributed more uniformly across the grain (i.e., not 
localized near grain boundaries) compared with Grain A. 

Based on these results, we hypothesize that the inability to transfer 
slip/transformation bands across a grain boundary between a soft-hard 
grain boundary may result in an increase in GND density in the soft 
grain, particularly near the grain boundary. In other words, the rela
tively high accumulation of GND density in Grain A is a result of strain 

incompatibility between the soft grain and its hard neighborhood, and 
the relatively low accumulation of GND density in Grain B is a result of 
higher strain compatibility between the soft grain and its soft neigh
borhood. (This scenario is consistent with, e.g., the known phenomenon 
of slip-induced plastic dislocation pile-up observed (and considered 
detrimental) in hard-soft grain pairs, commonly termed as "rogue" grain 
pairs, found in nickel-based alloys and Ti-7Al, e.g., [75–77]). However, 
we acknowledge the limitations of comparing only two grains; the next 
section delves further into the influence of local grain boundary seg
ments on the evolution of GND density. 

3.5. Effect of grain boundaries on GND density evolution 

It is well known that grain boundaries are potential barriers for 
dislocation motion during plastic deformation, and the previous dis
cussion suggests that this may be particularly true at a soft-hard grain 
boundary. Furthermore, the average GND density (as shown in, e.g., 
Figs. 6 and 9(g,h)) may not adequately reflect localized regions of high 
GND density accumulation at individual grain boundaries. In Fig. 10(a, 
b), we show the correlation between GND density in cycles 0 (blue) and 
20 (red) versus distance from the closest grain boundary for all grains <
60 µm (Fig. 10(a)) and > 60 µm (Fig. 10(b)). The average GND density 

Fig. 10. Effect of individual grain boundaries on GND density evolution. GND density versus the distance from the closest grain boundary (GB) for cycles 0 and 20 for 
grains < 60 µm (a) and > 60 µm (b). Each marker shows the average, and the shaded regions show the standard deviation. Relationship between the disorientation 
angle of individual voxels within 15 µm from the GB, the disorientation angle of the nearest voxel across the GB, and the average increase in GND density between 
cycles 0 and 20 (c). 
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(and the standard deviation) increases near boundaries for both grain 
size categories and for both cycles. Smaller (< 60 µm) grains exhibit a 
more pronounced increase near grain boundaries compared to larger (>
60 µm) grains. In Fig. 10(c), we analyzed the disorientation values and 
GND density accumulation only in voxels located within three voxels 
(15 µm) from a grain boundary. We separate these ~57,000 voxels into 
four regions based on the disorientation angle of each voxel and that of 
its adjacent voxel across the GB: soft-soft disorientation pairs (Region I), 
hard-soft disorientation pairs (Region II), hard-hard disorientation pairs 
(Region III), and soft-hard disorientation pairs (Region IV), containing 
24,602, 15,140, 6675, and 10,825 voxel pairs in each region, respec
tively. The results indicate that the disorientation difference across a 
grain boundary influences GND density accumulation. In particular, 
soft-soft disorientation pairs show the least accumulation of GND den
sity, an observation that can possibly be explained by the easier transfer 
of dislocations during slip or martensitic transformation. Meanwhile, 
soft-hard disorientation pairs exhibit the highest accumulation, which 
reinforces our hypothesis about the strain compatibility effects induced 
by the grain boundary and its neighboring grains, as outlined in the 
previous section. The relatively low GND density accumulation observed 
in hard-soft and hard-hard disorientation pairs may be attributed to the 
reduced tendency of harder grains to emit dislocations. The results 
highlight the role of grain boundaries and the orientation differences 
across them on the evolution of GND density. 

4. Conclusions 

A modified nf-HEDM algorithm was used to reconstruct 3D, 
spatially-resolved intragranular misorientation maps in a bulk 
Ni49.9Ti50.1 polycrystalline shape memory alloy during twenty load- 
biased thermal cycles. These 3D maps of intragranular misorientation 
were then converted into 3D maps of GND density by calculating the 
dislocation density tensor components based on the measurements of 
orientation gradient. From these 3D maps, 120 grains with equivalent 
grain diameters from 40−160 µm were selected for an investigation of 
the relationships between microstructure features and GND density 
accumulation during cycling. The major findings are summarized below:  

• The intragranular misorientation reconstruction procedure was 
validated by performing a series of tests on synthetic diffraction data 
from a virtual "phantom" grain dataset. The results showed that 
spatially-resolved intragranular misorientation can be accurately 
reconstructed from nf-HEDM datasets even in the presence of sig
nificant plastic deformation (representing an improvement over 
conventional nf-HEDM analysis in this regard).  

• The 120 grains exhibited heterogeneous GND density accumulation 
behavior, with some grains having relatively large GND density 
accumulation and others having relatively small GND density accu
mulation. The intragranular distribution of this GND density was also 
different for each grain, although in most grains, the GND density 
can be seen accumulating faster near grain boundaries.  

• We found no strong correlation between the initial grain orientation 
and either the accumulation of GND density or the grain rotation. We 
also saw no strong correlation between GND density accumulation 
with either Schmid factor for plastic slip, or maximum 

transformation work for martensitic transformation. These findings 
suggest that these widely accepted criteria for predicting mechanical 
behavior in SMAs may need to be re-evaluated.  

• Grains that are close to the free surface and relatively large grains 
accumulate more GND density than interior (bulk) grains and rela
tively small grains, respectively.  

• By examining the average disorientation angle between a grain’s 
neighboring grains <100>B2 axis and the loading direction, the 
findings reveal a weak correlation between GND density accumula
tion and the difference in disorientation angle between the central 
grain and its neighbors. An illustrative grain pair was chosen to 
explore the influence of individual grain neighbors, indicating that 
the intricacy of GND density accumulation at the interface and 
localized plastic deformation might diminish when local GND den
sity is averaged across a grain.  

• The influence of grain boundaries on GND density evolution was 
investigated by analyzing voxels near to grain boundaries. The re
sults show an increase in average GND density (along with its stan
dard deviation) near grain boundaries (versus far from grain 
boundaries) across all grain sizes and throughout the cycles. Notably, 
smaller grains (< 60 µm) demonstrate a more significant increase in 
GND density near grain boundaries compared to larger grains (> 60 
µm). Also, voxels near grain boundaries exhibited the most GND 
density accumulation when they were located near soft-hard grain 
boundaries and the least GND density accumulation when they were 
located near soft-soft grain boundaries. 

This work demonstrates the utility of nf-HEDM for understanding the 
evolution of intragranular structural changes in polycrystalline mate
rials during thermomechanical loading, including those associated with 
geometrically necessary dislocations and martensitic phase 
transformation. 
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Appendix A. Intragranular misorientation reconstruction validation 

To validate the accuracy of intragranular misorientation reconstruction, a series of validation tests are performed using synthetic HEDM data. A 
virtual polycrystalline copper sample is deformed under tensile uniaxial loading to a strain of 10 %. The virtual copper sample is 128×128×128 
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voxels3 with a voxel size of 5 × 5 × 5 µm3. From this polycrystal, a grain with an orientation spread larger than 5◦ in the deformed state is selected, and 
this grain and its surrounding neighborhood (a total volume of interest of 41×41 voxels) are used to synthesize virtual HEDM data sets. A schematic of 
nf-HEDM experimental setup for virtual diffraction is shown in Fig. A1. The sample-to-detector distances and detector/pixel sizes are kept the same as 
our experimental parameters. The incident beam travels along the negative ez direction (see Fig. A1), and the virtual sample is positioned at the origin 
of the laboratory coordinate system, without any tilt angles, and is rotated about the ey axis. The HEDM diffraction images are generated using the 
virtual diffraction method [46,49] by rotating the sample every 0.25◦ for a total rotation of 360◦. Two different beam sizes, a 1D “line” beam (~5 ×
205 µm2) and a 2D “box” beam (~175 × 205 µm2), both with an energy of 55.618 keV, are simulated to illuminate the layer of interest (in the line 
beam scenarios) and volume of interest (in the box beam scenarios) in the virtual sample both before and after deformation.

Fig. A1. Schematic of nf-HEDM experimental setup for virtual diffraction. The laboratory reference coordinate system is shown with x, y, z subscripts. The diffraction 
angle 2θ, sample rotation angle ω, and azimuthal angle η are shown. The origin of the laboratory coordinate system is aligned with the center of the intersection 
between the incident beam and the virtual sample. To synthesize the HEDM diffraction images, the sample is rotated about ey while HEDM diffraction images are 
integrated over every 0.25◦ over a total rotation of 360◦. 

The central layer in the four scenarios (undeformed microstructure with a line beam, undeformed microstructure with a box beam, deformed 
microstructure with a line beam, and deformed microstructure with a box beam) are reconstructed using the specialized intragranular misorientation 
analysis procedure described in the main manuscript and compared with the original synthetic microstructure input. The results are shown in Fig. A2, 
Fig. A3, and Fig. A4 for the box beam scenarios and Fig. S2 and S3 for the line beam scenarios. To reconstruct the region of interest, a virtual grid with a 
dimension of 81×81 voxels (including dilated region) with a voxel size of 5 × 5 µm2 is generated. The original orientation list from the undeformed 
microstructure is utilized as grain-averaged orientation candidates for peak indexing at each voxel as described in Section 2.2 in the manuscript. Then, 
a list of trial orientations with an angular spread of ± 5◦ and a spacing of 0.25◦ along each direction in Rodrigues space is generated and tested at each 
voxel (also as described in Section 2.2). The orientation with the highest completeness (> 0.8) is assigned to each voxel. 

The results for the undeformed microstructure with the 2D box beam and 1D line beam are shown in Fig. A2 and Fig. S2, respectively. The input 
synthetic microstructure exhibits uniform orientation distribution across each grain as shown in Fig. A2(a,b). The nf-HEDM images in Fig. A2(d) and 
Fig. S2(d) show what the virtual Bragg reflections belonging to the layer of interest look like. Using the intragranular misorientation reconstruction 
method described in the manuscript, the spatially-resolved orientation is reconstructed in Fig. A2(c) and Fig. S2(c). The uniform orientation distri
bution is successfully captured by the intragranular misorientation algorithm. To compare the input versus reconstructed grain boundary positions, 
the input and the reconstructed grain boundaries are plotted together in Fig. A2(e,f) and Fig. S2(e,f). Comparing the reconstructed grain boundaries to 
the real grain boundaries across the cross-section, the discrepancies are, on average, less than 1 voxel (5 µm) apart from each other. Thus, the results 
show that both the grain shape and the spatially-resolved orientation distribution is well reconstructed in both of the undeformed microstructure 
scenarios. 
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Fig. A2. Validation results for the undeformed synthetic polycrystal using a 2D box beam. (a) The synthetic undeformed input microstructure with a dimension of 
41×41 voxels with a voxel size of 5 × 5 µm2. (b) Intragranular misorientation map of the input microstructure. (c) Reconstructed spatially-resolved orientation map 
of the undeformed microstructure using the intragranular misorientation analysis procedure presented in this work. (d) The virtual nf-HEDM images (summed over a 
complete rotation of 360◦). (e) Grain boundary position comparison between the input synthetic (black) and reconstructed (red) microstructures. (f) Point-to-point 
misorientation comparison between the input and reconstructed orientation maps. 

The results for the deformed (10 % strain) microstructure with the 2D box beam and 1D line beam are shown in Fig. A3 and Fig. S3, respectively. 
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The plastically deformed microstructure has an orientation spread of over 5◦ in each grain as shown in Fig. A3(a,b). The nf-HEDM images in Fig. A3(d) 
and Fig. S3(d) show that the deformed Bragg reflections are now smeared in the azimuthal direction due to the orientation spread. (Not shown: The 
Bragg reflections are also spread between images, i.e., in the ω direction.) Using the intragranular misorientation analysis procedure described in the 
manuscript, the spatially-resolved orientation is reconstructed in Fig. A3(c) and Fig. S3(c). To compare the input versus reconstructed grain boundary 
positions, the input and the reconstructed grain boundaries are plotted together in Fig. A3(e,f) and Fig. S3(e,f). The comparison shows that the input 
versus reconstructed grain boundaries are on average less than 1 voxel (5 µm) apart from each other. As anticipated, the central region of each grain 
exhibits a relatively low point-to-point misorientation magnitude. However, at the grain boundaries and missing point regions, the reconstruction 
accuracy decreases due to the presence of severe plastic deformation [37,78]. The reconstruction quality in deformed microstructure can be further 
promoted by refining the virtual grid size and Monte Carlo optimization [42]. However, integrating this and retesting ~1000 trial orientations at each 
finely meshed voxel would significantly extend the computation time. Balancing the reconstruction quality and the overall computation time, we 
believe that intragranular misorientation reconstruction is reasonable for this case [79,80]. 

To compare the reconstruction accuracy in each scenario, cumulative distribution of point-to-point misorientation results are plotted in Fig. A4(a). 
The findings suggest that the performance of the intragranular misorientation algorithm in the 1D line beam scenario is better than in the 2D box beam 
scenario. Although there is a shift in the cumulative distribution of misorientation angle toward larger values in the 2D box beam deformed 
microstructure reconstruction, nearly 90 % of the data points for the reconstructed undeformed and deformed microstructure are located within 5◦

misorientation (Fig. A4(b)). It is important to emphasize that in the deformed microstructure scenarios, the level of deformation has exceeded the 
limits of the current conventional nf-HEDM analysis, which typically handles strains up to 2−3 % [81]. However, the specialized intragranular 
misorientation reconstruction procedure still yields reliable results, despite 10 % strains, and thus marks a significant improvement when plastic 
deformation is of interest. Finally, in cases where studying significant plastic deformation with increased spatial resolution (<1 µm) is needed, 
alternative methods such as scanning 3DXRD [82–85] or point-focused HEDM (pf-HEDM) [70] can be explored. 
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Fig. A3. Validation results for the deformed synthetic polycrystal using a 2D box beam. (a) The synthetic deformed microstructure with a dimension of 41×41 voxels 
with a voxel size of 5 × 5 µm2. (b) Intragranular misorientation map of the input microstructure. (c) Reconstructed spatially-resolved orientation map of the deformed 
microstructure using the intragranular misorientation analysis procedure presented in this work. (d) The virtual nf-HEDM images (summed over a complete rotation 
of 360◦). (e) Grain boundary position comparison between the input synthetic (black) and reconstructed (red) microstructures. (f) Point-to-point misorientation 
comparison between the input and reconstructed orientation maps. The white data points represent either missing data points in (a-b) or reconstructed data points 
with a confidence level below the threshold of 0.8 in (c).  
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Fig. A4. Statistical analysis of point-to-point misorientation between the input and the microstructures reconstructed using the intragranular misorientation pro
cedure presented in the manuscript. (a) Cumulative misorientation distribution across the region of interest in each of the four scenarios. (b) Histogram of point-to- 
point misorientation. 

Finally, we note that this virtual validation study does not include various experimental complications such as detector noise and incident beam 
imperfections, and dedicated, in-depth experimental validation studies are greatly needed in the HEDM and larger diffraction microstructure imaging 
communities. Focused experimental HEDM validation studies using complementary techniques like serial section electron backscatter diffraction are 
currently being pursued the authors, as well as the International Union of Crystallography (IUCr) commission on Diffraction Microstructure Imaging 
(DMI), and will be published in the near future. 
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