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Abstract 

Polymers under nanoconfinement can exhibit large alterations in dynamics from their bulk 

values due to an interface effect. However, understanding the interface effect remains a 

challenge, especially in the ultrafine nanoconfinement region. In this work, we prepare 

new geometries with ultrafine nanoconfinement ~ 10 𝑛𝑚 through controlled distributions 

of the crystalline phases and the amorphous phases of a model semi-crystalline polymer, 

i.e., the polylactic acid. Broadband dielectric spectroscopy measurements show that 

ultrafine nanoconfinement leads to a large elevation in glass transition temperature and 

a strong increment in polymer fragility index. Moreover, new relaxation time profile 

analyses demonstrate a spatial gradient that can be well described by either a single-

exponential decay or a double-exponential decay functional form near the middle of the 

film with a collective interface effect. However, the dynamics at the 1-2 nanometers 

vicinity of the interface exhibit a power-law decay different from the single-exponential 

decay or double-exponential decay functional forms as predicted by theories. These 

results thus call for further investigations of the interface effect on polymer dynamics, 

especially for interfaces with perturbed chain packing.  
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1. Introduction 

Polymers near the interface or under nanoconfinement exhibit strong perturbations 

to their equilibrium dynamics and properties, including many orders of magnitude 

changes in structural relaxation time, shear viscosity, elastic modulus, and tens of 

degrees shifts in their glass transition.1-19 Such large changes in properties have been 

observed in semi-crystalline polymers,20, 21 block copolymers, 22-24 polymer 

nanocomposites,25-30 and many other nanostructured polymeric materials31, 32 with 

various engineering applications. Experiments, 2, 5, 13, 14, 17, 29, 33-41 computer simulations,3, 

42-50 and theories51-57 over the past three decades all point to a large spatial gradient of 

the near-interface dynamics at nanoscale vicinity of interfaces restore the bulk properties 

at distances of ~3 − 5 𝑛𝑚 away from the interface. The large spatial gradient remains a 

hallmark of the interface effect, and imposes significant experimental difficulties to 

characterize and theoretical challenges to resolve. Similar challenges have also been 

confronted in the dynamics of molecular liquids and colloids near surfaces and interfaces. 

Despite the wide acknowledgment of a gradient in the structural relaxation of 

polymers at the interface, the details of the near-interface spatial gradient in dynamics 

remain a topic of active discussion. For instance, the Random first-order transition 

(RFOT) theory51 and other entropy theories57 predict a single exponential functional form 

of the spatial gradient near the interface. An interfacial layer thickness is predicted that 

increases with cooling and is in alignment with the increment in the sizes of the 

cooperatively rearranging region (CRR). The RFOT predicts a deep connection between 

the interface thickness, dynamics, and the bulk glass transition. On the other hand, 

computer simulations49, 58 and recent theoretical development of the Elastically Collective 
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Nonlinear Langevin Equation (ECNLE) theory55, 59, 60 showed a double exponential 

functional form of the spatial gradient of the interface dynamics. A characteristic interfacial 

layer thickness can also be identified, which is insensitive to temperature and signifies a 

characteristic length of the energy barrier for structural relaxation. The ECNLE theory 

acknowledges the spatial gradient in interfacial dynamics provides signatures of the 

nature of bulk glass transition.42 It emphasizes the interface-nucleated gradient of 

surface-modified local caging constraints rather than the interface-modified CRR for glass 

transition. Furthermore, the computer simulations and ECNLE calculations suggest 

intriguing collective interface effects in the ultrathin film limit of ~10 𝑛𝑚 or below,45 which 

has not yet been experimentally verified. Therefore, it is crucial to resolve the spatial 

gradient of the interface dynamics for the potential interface collective effect and their 

connecting with the bulk glassy transition.  

Broadband dielectric spectroscopy (BDS) has been widely used to characterize 

polymer dynamics at the interface or under nanoconfinement due to its high sensitivity, 

wide dynamics ranges, and easy operation.5, 25-27, 31, 61-66 Sensing the dipolar reorientation 

of molecules or polymer segments, BDS measurements reflect the interface effect 

through an interface-induced slowing down or speeding up in structural relaxation. By 

assuming a phenomenological interfacial layer model (ILM), the dielectric spectroscopy 

measurements show interfacial layer thickness 𝐿𝑖𝑛𝑡~3 − 5 𝑛𝑚 with average dynamics, 

𝜏𝑖𝑛𝑡~10-100 times different from the bulk.29, 35, 36 These analyses assume a step-function 

of the dynamics of the interface polymer that is distinct from the bulk, omitting the details 

of the dynamics gradient. Although the current BDS analyses support the connection 

between the interface dynamics and the bulk glass transition, it has a limited capacity to 
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differentiate the different theoretical approaches, as pointed out by a recent study.34 From 

this perspective, new analyses enabling characterizations of the spatial gradient of the 

polymer dynamics at the interface are desired. 

This article aims to reveal experimentally the near-interface polymer dynamics 

under ultrafine nanoconfinement of ~10 𝑛𝑚. Different from previous dielectric 

measurements of thin films,63 we focus on bulk measurements of a semi-crystalline 

polylactic acid with controlled distributions of amorphous phases and crystalline 

phases.67-69 The new sample preparation enables a bulk sample composed of alternating 

stacking layers of amorphous phases of ~10 nm and crystalline lamellae phases ~7 nm 

in thicknesses. The unique microstructure allows new quantification of polymer dynamics 

under nanoconfinement from macroscopic measurements. At high temperatures, the 

shapes of the dielectric function change little with temperature, and the relaxation time of 

the amorphous phase is comparable with that of the neat polymer, suggesting a weak 

interface effect. Upon cooling down, strong asymmetric broadening has been observed 

at the low-frequency side of the dielectric spectra along with a dramatic slowing down in 

structural relaxation, pointing to a large interface effect and a collective interface effect. 

Through a new development of relaxation time distribution analyses, we can deconvolute 

the spectra for spatial gradients of near-interface polymer dynamics and compare them 

with the predictions of RFOT or ECNLE. Reasonable agreement between experiments 

and both theories has been observed at high temperatures, while obvious deviations has 

been found at 1-2 nm vicinity of the amorphous/crystalline interfaces. These results call 

for further investigations of the spatial gradient of the near-interface polymer dynamics, 

especially for polymer interfaces with perturbed chain packaging at the interface. 
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2. Materials and Methods 

2.1 Materials. 

Two types of Polylactic acid (PLA) were included in this study. The first one is an 

amorphous PLA (aPLA) from NatureWorks (Ingeo 4060D), and the second one is a semi-

crystalline poly(L-lactic acid) (sPLA, LX530 from Total Energies Corbion). The molecular 

weight of aPLA and sPLA were obtained at ambient conditions through size exclusion 

chromatography (SEC) in tetrahydrofuran (THF) that was calibrated using polystyrene 

standards. For aPLA, the weight average molecular weight is 173 kg/mol with a 

polydispersity index of 1.68. For sPLA, the weight average molecular weight is 98 kg/mol 

with a polydispersity index of 1.7. 

 

2.2 Preparation of asPLA with controlled distributions of crystalline phases and 

amorphous phases. 

Uniaxial extension at temperatures close to the glass transition temperature, 𝑇𝑔, of 

sPLA followed by thermal annealing for crystallization were employed to control the 

spatial distributions of the crystalline and the amorphous phases, following recently 

published protocols.67-69 Specifically, aPLA and sPLA thin films of 50.8 𝑚𝑚 ×  25.4 𝑚𝑚 ×

 0.3 𝑚𝑚 (length × width × thickness) were pressed molded at temperatures at 𝑇 =  473 𝐾 

and quenched down to 𝑇 =  293 𝐾 by a direct contacting the hot films with a large cold 

aluminum plate. The whole cooling process finishes in about 30 𝑠 that corresponds to a 

cooling rate of ~6 𝐾/𝑠. The amorphous sPLA films were subjected to uniaxial extension 

at 𝑇 =  343 𝐾 in an Instron floor model 5982 equipped with an environmental chamber. 
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The temperature accuracy of the oven is ±0.1 𝐾. A constant crosshead speed of 5 

mm/min was applied and an elongation ratio 𝜆 =  4 was achieved, which corresponds to 

an effective Hencky deformation rate of 0.0033 𝑠−1 at the beginning of the deformation 

and 0.0008 𝑠−1 at the end of deformation. The effective terminal relaxation time of sPLA 

is 𝜏𝑑  ≈ 1,600 𝑠 at 𝑇 =  343 𝐾 (see Supplementary Materials (SM) for the estimation and 

the linear viscoelastic spectra of sPLA of Figure S1). Thus, the applied constant 

crosshead speed of 5 mm/min at 𝑇 =  343 𝐾 gives a Weissenberg number 𝑊𝑖𝑑 = 𝜀̇𝜏𝑑 >

1 at the end of deformation that ensures effective chain deformation during the pre-

deformation step.68 The stretched films were then annealed at 373 K for 60 minutes and 

403 K for another 60 minutes to ensure sufficient time for crystallization of the uniaxially 

oriented sPLA. We chose these two temperatures for thermal annealing because the 

fastest rate of cold recrystallization of this sPLA takes place at 𝑇 =  373 𝐾 (see Figure 

S2 of SM) and our measurements goes to as high as 𝑇 =  403 𝐾. Thus, annealing at 𝑇 =

 373 𝐾 promotes the re-crystallization and annealing at 403 K avoids any further 

microstructures changes during the heating and cooling of dynamics measurements. We 

note that the annealing step converts the sPLA film from an amorphous state to semi-

crystalline, which is named asPLA in the following context. In particular, the crystallization 

during annealing preserves the deformation of chain network of sPLA, which introduces 

the unique morphology of alternating packing layers. Note that the same protocol does 

not work for aPLA due to the active stress relaxation of deformed amorphous polymer 

upon annealing at high temperatures.70 Figure 1 provides a sketch of the sample 

preparation of asPLA. 
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Figure 1. (a) A sketch of the sample preparation that involves pre-deformation close to the glass 
temperature of the sPLA followed by a thermal annealing to control the spatial distribution of the 
amorphous phases and the crystalline phases of semicrystalline polylactic acid (sPLA). The pink 

lines are representative polymer chains, the light blue stacks are the crystalline phases. 𝑑𝑐 is the 
lamellae thickness and 𝑑𝑎 the thickness of the amorphous phases. The crystalline phases and 
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the amorphous phases are stacked in an alternating way parallel to the stretching direction. (b) 
Atomic force microscopy (AFM) measurements of the adhesion map that shows the surface 
morphology (3D visualization) of the asPLA. The ridges are the crystalline phases and the darker 
valley between the ridges are the amorphous phases. The AFM measurements thus suggest an 
crystalline/amorphous alternating microstructure. (c) A historgram analysis of the distribution of 
lamellae thickness from the AFM measurements. The solid line is a fit to normal distribution that 
gives a mean 𝜇 = 6.8 𝑛𝑚 and a standard deviation 𝜎 = 1.1 𝑛𝑚. The polydispersity index (PDI) is 
1.03. (d) A historgram analysis of the distribution of the sizes of the amorphous domain, i.e. the 
nanoconfinement, from the AFM measurements. The solid line represents a fit of the historgrams 

to a normal distribution with a mean 𝜇 = 10.6 𝑛𝑚 and a standard deviation 𝜎 = 1.1. The 
polydispersity index (PDI) is 1.01. The details of the calculation of the polydispersity index is given 
in Supplementary Materials. 

 
2.3 X-ray scattering. 

Small-angle x-ray scattering (SAXS) and wide-angle x-ray diffraction (WAXD) of 

asPLA was performed at the Soft Matter Interfaces (12-ID) beamline at the Brookhaven 

National Laboratory. A strip sample with a thickness of ~0.15 mm was loaded onto a 

sample holder with a length in the vertical direction that is parallel to the deformation 

direction. We perform SAXS and WAXD measurements at six different locations of the 

same film to ensure the consistency of the acquired two-dimensional (2D) scattering 

patterns. The distance between the sample and the detector was set to be 8.3 meters, 

and the radiation wavelength used was 𝜆 = 0.77 Å. The scattered X-rays were captured 

using an in-vacuum Pilatus 1M detector, which consists of an array of 0.172 mm square 

pixels in a 941×1043 configuration. The raw 2D-SAXS and 2D-WAXD images were 

converted into Q-space (the wavevector space), visualized in Xi-CAM software, and then 

radially integrated using a customized Python code. 

 

2.4 Differential scanning calorimetry (DSC). 

The melting temperature, 𝑇𝑚, and the crystallinity of the asPLA was characterized 

with differential scanning calorimetry (DSC, TA instrument Discovery Q50) at a heating 
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and cooling rate of 2 K/min from 293 K to 473 K and from 473 K to 293 K. The first circle 

is recorded to determine the effect of pre-deformation of the asPLA. The second heating 

helps determine the temperatures for cold recrystallization of sPLA (Figure S2). A thin 

film of asPLA was loaded onto an aluminum pan with close contact with the flat bottom of 

the pan before a pan lid was placed. The 𝑇𝑚 was determined through the peak 

temperature of the melting process in the specific heat capacity, 𝐶𝑝, curve. 

 

2.5 Broadband dielectric spectroscopy (BDS). 

Broadband dielectric spectroscopy (BDS) measurements were performed to 

characterize the glassy dynamics of asPLA on a Novocontrol Concept-40 system with an 

Alpha-A impedance analyzer and a Quatro Cryosystem temperature control system. The 

temperature accuracy is ±0.1 𝐾. The applied amplitude of the voltage is 1 𝑉 and the 

frequency is 107 – 10−2 𝐻𝑧. An asPLA film of a thickness of 0.15 mm was sandwiched by 

two gold electrodes of a diameter of 20 mm. No spacer was needed in the measurements. 

The temperature range was set from 293 K to 403 K and the BDS measurements were 

performed upon cooling from 403 K to 293 K at an interval of 5 K and upon heating from 

293 K to 403 K at an interval of 10 K. Little changes to the dielectric spectra were observed 

during the heating or cooling of the measurements at the same temperature (see Figure 

S3 of the SM), confirming the absence of further crystallization of asPLA during the 

dynamics measurements. 

 

2.6 Atomic force microscope (AFM). 
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The AFM measurements were conducted to characterize the surface morphology 

using a Dimension FastScan atomic force microscope system with ScanAsyst (BRUKER) 

at room temperature. ScanAsyst_air cantilever (BRUKER) with spring constant of 0.4 N/m 

and silicon tip on nitride lever with a radius of 2 nm were used. The scan rate is 0.994 Hz 

and the image data is collected as adhesion force (Figure 1b). 

 

3. Results and Discussions. 

3.1 The structure of the asPLA. 

Figure 2a presents the specific heat capacity, 𝐶𝑝, of the asPLA with a sharp 

melting peak at T = 436 K along with a shoulder peak at a few degrees lower. The 

appearance of a shoulder peak of asPLA could be due to various crystalline forms or due 

to different lamellae thickness. Since the WAXD measurements (Figure S4) of asPLA 

show the dominating 𝛼 form of PLA71 and little signs of other crystalline forms, we attribute 

the shoulder peak to the slightly different lamellae thicknesses. The enthalpy upon 

melting, ∆𝐻 ≈  42.3 𝐽/𝑔, which corresponds to a crystallinity of 
∆𝐻

∆𝐻∞ ≈ 45% for asPLA 

where ∆𝐻∞ = 93 𝐽/𝑔 is the equilibrium enthalpy of melting. This high crystallinity also 

explains the weak signature of a glass transition in the DSC measurement. In addition, 

the DSC measurement at the slow heating rate (2 K/min) can also help estimate the 

lamellae thicknesses, 𝑑𝑐, through Gibbs-Thomson relation: 𝑇𝑚 = 𝑇𝑚
∞ (1 −

2𝜎𝑒

𝜌∆𝐻𝑓
0𝑑𝑐

), where 

𝑇𝑚 ≈ 436 𝐾 is the peak melting temperature of asPLA, 𝑇𝑚
∞ is the equilibrium melting 

temperature, 𝜎𝑒 is the surface energy of the basal plane of the lamellae, and 𝜌 is the mass 

density of the crystalline phase. For asPLA, 𝑇𝑚
∞ = 480 𝐾, 𝜎𝑒 = 3.6 × 10−20 𝐽/𝑛𝑚2, and 

𝜌 = 1.24 𝑔/𝑐𝑚3.72, 73 This gives a rough estimate of the average lamellae thickness, 
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𝑑𝑐,𝐷𝑆𝐶 ≈ 6.9 𝑛𝑚 that is very close to the lamellae thickness of 𝑑𝑐,𝐴𝐹𝑀 ≈ 6.83 𝑛𝑚 (Figure 

1c) from the AFM measurements. Given the one-on-one correspondence of the melting 

temperature and the lameallae thickness, the sharp melting peak suggests a narrow 

distribution of the lamellae thickness (also see Figure S5 and SM for more discussions 

about the estimate of the distribution of lamellae thickness from DSC measurements). 

To further characterize the lamellae thickness and the microstructure of the asPLA, 

we turned to small angle x-ray scattering (SAXS) that provide direct characterizations of 

the lamellae thicknesses. The Inset of Figure 2b shows the two-dimensional (2D) SAXS 

spectra of the asPLA. A sharp scattering peak appears at the azimuth direction with little 

scattering in the equator of the 2D-SAXS spectra, supporting a strong stacking of the 

lamellae along the stretching direction (see the sketch of Figure 1a and the AFM images 

of Figure 1b). Figure 2b presents the 𝐼(𝑄)𝑄2 vs 𝑄, where 𝐼(𝑄) is the scattering intensity 

along the stretching direction. It has a sharp scattering peak around scattering wavevector 

𝑄∗ ≈  0.036 Å−1 signifying a strong correlation among neighboring lamellae. 

One can further compute the one-dimensional correlation function, 𝐾(𝑑), with 𝑑 a 

length scale:74 

𝐾(𝑑) = ∫ 𝑄2𝐼(𝑄) cos(𝑄𝑑) 𝑑𝑄
∞

0

/∫ 𝑄2𝐼(𝑄)𝑑𝑄
∞

0

 

which provides quantification of the lamellae thickness, 𝑑𝑐,𝑆𝐴𝑋𝑆, the long period, 𝐿, and 

the thickness of the amorphous phase between two neighboring lamellae, 𝑑𝑎 = 𝐿 −

𝑑𝑐,𝑆𝐴𝑋𝑆. Figure 2c gives the 𝐾(𝑑) of the asPLA, from which one can identify 𝑑𝑐,𝑆𝐴𝑋𝑆 =

6.7 𝑛𝑚 that is very close to 𝑑𝑐,𝐷𝑆𝐶 ≈ 6.9 𝑛𝑚 and AFM measurements. Note that even 

perfect step-function-type density profiles do not give a step function in the correlation 

function, 𝐾(𝑑).75 Thus, one should not read the polydispersity of the lamellae thickness 
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directly from the broaden of the correlation peaks of the 𝐾(𝑑). In addition, the SAXS gives 

𝐿 =  17.3 𝑛𝑚 for asPLA, which leads to 𝑑𝑎 = 10.6 𝑛𝑚 that is in excellent agreement with 

the sizes of the amorphous domains from the AFM measurements (Figure 1d). The 

lamellae thickness and the long-period of asPLA agree well with previous SAXS studies 

of semi-crystalline PLLA under similar sample preparation conditions.68 The SAXS 

measurements thus point to an alternating stacking layered structures of the crystalline 

and amorphous phases of asPLA, in consistent with the AFM measurement. We would 

like to emphasize that although large sections of layering structures of crystalline 

phase/amorphous phases has been observed, there are small amounts of defects in the 

layered structures of asPLA. However, we do not believe these defects could have a 

major influence on the interpretation of the dynamics measurements. The amorphous 

polymer is thus under planar nanoconfinement. Since the amorphous phase of asPLA is 

composed primarily of tie chains or tie-entanglements with potential influence from the 

chain orientation during the pre-deformation step, the chain packing at the interface 

resembles a high-density surface grafting rather than that of physical sorption as in 

conventional capped thin films. The obtained crystalline/amorphous alternating phases of 

asPLA provide nanoconfinements are thus different from conventional capped thin films, 

which might have profound influences to polymer dynamics. Importantly, the thickness of 

the amorphous phase is ~10.6 𝑛𝑚, falling into an ultrafine nanoconfinement region that 

has not been well-characterized. Thus, the new sample preparation enables preparations 

of polymers under ultrafine nanoconfinement with narrow distribution of the degree of 

nanoconfinement.  
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Figure 2 (a).The specific heat capacity, 𝐶𝑝, of asPLA from differential scanning calorimetry (DSC) 

measurements. The data is from the first heating circle. (b). 𝐼𝑄2 vs 𝑄 of asPLA, where 𝐼 is the 
scattering intensity along the azimuth direction of the 2D scattering pattern (the inset image) of 
the small angle x-ray scattering (SAXS). (c) 1-D correlation function from the SAXS spectra, where 

𝑑𝑐 is the lamellae thickness, 𝐿 is the long-period. 

 

3.2 The dynamics of the asPLA. 

Figure 3 presents the dielectric spectra of the asPLA (Figure 3a), and the aPLA 

(Figure 3b) at different temperatures. The insets of Figure 3a and Figure 3b provide 

their normalized spectra to capture the spectra shapes. Several features are worth noting: 

(i) The segmental peak of asPLA broadens significantly upon cooling from 383 𝐾 to 

343 𝐾. More importantly, the dielectric broadening of asPLA upon cooling seems to take 
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place primarily at the low-frequency side (Figure 3a). The strong asymmetric dielectric 

broadening over a small temperature changes of 40 K is remarkable. Importantly, the 

density changes of the amorphous phases in asPLA upon temperature changes should 

be comparable to that of the aPLA, which does not exhibit any changes in the shape 

parameters of their dielectric functions upon cooling. On the other hand, the volumetric 

expansion coefficient of amorphous PLA is ~8 × 10−4 𝐾−1,76 one should anticipate ~3% 

volume changes from 383 𝐾 to 343 𝐾. Such volume changes should not change the 

shape parameters of dielectric functions according to the dielectric measurements of 

polymers at different temperatures or at high pressures. Furthermore, the thermal 

shrinkage of amorphous phases from 383 K to 343 K should speed up their characteristic 

relaxation time (due to more free-volume), which has not been observed. Thus, the 

thermal shrinkage induced volume changes should not play a major role in the observed 

asymmetric dielectric broadening. The observed strong asymmetric broadening upon 

cooling should be due to an interface effect.36, 38, 39 On the other hand, the shapes 

associated with the segmental relaxation peaks of aPLA do not change with temperature, 

and a master curve can be constructed (the solid black line in the inset of Figure 3b). (ii) 

An envelope can be identified for dielectric spectra of asPLA at high temperatures (the 

black line in the inset of Figure 3a), indicating a weak influence of the 

amorphous/crystalline interface to dynamics at these high temperatures. (iii) The 

envelope spectra of asPLA (the solid black line) at high temperatures are much broader 

than the neat aPLA (the dashed grey line) as shown in the inset of Figure 3a, highlighting 

a more heterogeneous dynamics of the asPLA. At this moment, we are not sure about 

the origin of the broader dielectric spectra of asPLA than aPLA at high temperatures. One 
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possibility is that the pre-deformation and following-up thermal annealing leads to slightly 

different chain packing of asPLA from aPLA. (iv) The characteristic segmental relaxation 

times of the amorphous phase of asPLA, 𝜏𝛼
𝑎𝑠𝑃𝐿𝐴, identified from the peak positions are 

substantially slower than that of the aPLA, 𝜏𝛼
𝑎𝑃𝐿𝐴, especially at low temperatures (Figure 

4). Note that we identify 𝜏𝛼
𝑎𝑠𝑃𝐿𝐴 from the fastest segmental modes of the amorphous phase 

since dielectric broadening occurs only at low frequencies. 𝜏𝛼
𝑎𝑠𝑃𝐿𝐴 is comparable with 

𝜏𝛼
𝑎𝑃𝐿𝐴 at high temperatures of ~383 𝐾, supporting a negligible interface effect in the high-

temperature spectra of asPLA. Interestingly, 𝜏𝛼
𝑎𝑠𝑃𝐿𝐴 becomes significantly larger than 

𝜏𝛼
𝑎𝑃𝐿𝐴 with cooling, highlighting the influence of amorphous/crystalline interface to the 

fastest modes, i.e. the amorphous polymers at the middle plane (Figure 5). This suggests 

the emergence of a collective interface effect upon cooling. The collective interface effect 

has been observed in computer simulations45 and been predicted by theory45, while 

experimentally verification of the collective interface effect falls behind. 

To be more quantitative, we fit the temperature dependence of 𝜏𝛼
𝑎𝑠𝑃𝐿𝐴 and 𝜏𝛼

𝑎𝑃𝐿𝐴 to 

the Vogel-Fulcher-Tammann (VFT) relation: 𝜏𝛼(𝑇) = 𝜏0exp (
𝐵

𝑇−𝑇0
) with 𝜏0, 𝐵, and 𝑇0 being 

the fit constants. One can obtain the glass transition temperature 𝑇𝑔, fragility index 𝑚 =

𝜕𝑙𝑜𝑔𝜏𝛼

𝜕(
𝑇𝑔

𝑇
)
|𝑇=𝑇𝑔

 and the Vogel temperature 𝑇0.77, 78 The fit parameters are presented in Table 

1, where the 𝑇𝑔 of asPLA is ~10 𝐾 higher than that of the aPLA. This is consistent with 

the general observation that the interface effect could lead to a higher 𝑇𝑔. Interestingly, 

the observed ~10 𝐾 shift in 𝑇𝑔 in asPLA is much larger than the ~3 − 5 𝐾 shift in 𝑇𝑔 of 

polymer nanocomposites with comparable particle size of diameter around 20 nm.28, 79 In 

addition, the fragility index of asPLA is around 194 from the BDS measurement which is 



16 
 

much larger than that of 155 of aPLA. Moreover, the pre-deformation and the subsequent 

annealing change the Vogel temperature from 294 K of aPLA to 312 K of asPLA. All these 

are large changes in dynamics properties of the asPLA compared with the aPLA and they 

are signatures of a strong collective interface effect in the ultrafine nanoconfined system. 

In the discussions, the collective interface effect is referred as the synergistic effect of 

neighoring amorphous/crystalline interfaces on the confined amorphous polymer. 

 

Figure 3. Dielectric loss permittivity, 𝜀′′, of (a) asPLA and (b) aPLA at different temperatures. The 

inset of (a) and (b) provides the normalized spectra of 𝜀′′/𝜀𝑝𝑒𝑎𝑘
′′  vs 𝜔 𝜔𝑝𝑒𝑎𝑘⁄  where 𝜔𝑝𝑒𝑎𝑘 is the 

angular frequency associated with 𝜀𝑝𝑒𝑎𝑘
′′ , the peak amplitude of the loss permittivity The solid lines 

in (a) and (b) represent the Havriliak-Negami (HN) functions that fit to the envelope of the 
corresponding normalized spectra. The grey dashed line is the normalized spectra of the aPLA. 
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Figure 4. The Vogel-Fulcher-Tammann plot of the characteristic relaxation times of the dielectric 

analyses. 𝜏𝛼
𝑎𝑃𝐿𝐴: the segmental relaxation time of the aPLA. 𝜏𝛼

𝑎𝑠𝑃𝐿𝐴: the segmental relaxation time 

of the non-interface polymer. 𝜏𝛼
𝑖𝑛𝑡: the segmental relaxation time of the interface polymer in the 

interfacial layer model analysis (see section 3.3). 𝜏𝛼
𝑜𝑛𝑒: the characteristic relaxation time of the 

asPLA in the one-HN function analysis (see section 3.3). The inset shows the ratio of 𝜏𝛼
𝑖𝑛𝑡/𝜏𝛼

𝑎𝑠𝑃𝐿𝐴 

and the Kohrauch-Williams-Watts (KWW) stretching parameter, 𝛽𝐾𝑊𝑊, of asPLA and the aPLA. 

 
Table 1. A summary of the fit parameters of the fit of relaxation times to VFT relation 

𝜏 (𝑠) 𝑙𝑜𝑔𝜏0 𝐵 (𝐾) 𝑇0 (𝐾) 𝑇𝑔 (𝐾) 𝑚 

𝜏𝛼
𝑎𝑃𝐿𝐴 -13.1 1108 294 326 155 

𝜏𝛼
𝑜𝑛𝑒  -13.3 1077 305 336 168 

𝜏𝛼
𝑖𝑛𝑡 -14.6 1373 303 339 156 

𝜏𝛼
𝑎𝑠𝑃𝐿𝐴 -12.0 779 312 336 194 

 

3.3 The interface effect. 

To better quantify the interface effect, we first utilize an interfacial layer model (ILM) 

(Figure 5a and Section 3.3.1) that treats the interface a separate capacitor in parallel 

connecting with the amorphous phases away from the interface. This method provides 

the average interfacial dynamics and characteristic interfacial layer thicknesses. In 

Section 3.3.2, we developed a new analysis that takes into account the elementary 

relaxation mode of PLA, and enables fine deconvolution of the dielectric spectra for a 
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detailed spatial gradient at the interface (Figure 5b). In both analyses, we assume 

monodispersity of the amorphous region of 𝑑𝑎  =  10.6 𝑛𝑚. Experimentally, 𝑑𝑎 has a 

polydispersity index of ~1.01 according to the AFM measurements. Therefore, we do not 

anticipated a major influence of the polydispersity of the nanoconfinement to our 

discussions about the interfacial dynamics in the following sections. 

  

Figure 5. The illustrations of (a) an interfacial layer model (ILM) model and (b) a spatial gradient 
fingerprinting analysis. In the ILM, the dielectric response is ascribed as the interfacial layer and 

non-interfacial layer, which are treated as separate capacitors 𝐶1, 𝐶2, and 𝐶3 connecting in 
parallel, where 𝐶1 = 𝐶3 due to symmetry. In the spatial gradient fingerprinting analysis, the 

dielectric spectrum is modeled as the sum of many capacitors, 𝐶𝑖 with 𝑖 =  1 to 𝑛, connecting in 

parallel and 𝐶𝑖 = 𝐶𝑛+1−𝑖 due to symmetry. The color gradients and the solid line in Figure 5b 
represent the dynamics gradient, where a darker green refers to a slower dynamics layer. In the 

dielectric measurements, the applied electric field, 𝐸⃗ , is perpendicular to the sample plane. 
 

3.3.1 The interfacial layer model (ILM) analysis 

The unique crystalline/amorphous alternating layering structure of the asPLA 

offers an opportunity to quantify the interface effect. The Kuhn length of the PLA is 𝑙𝑘 ≈

1.28 𝑛𝑚 is much smaller than the thickness of the amorphous phase, 𝑑𝑎 ≈ 10.6 𝑛𝑚. One 
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can model the total dielectric response of asPLA through parallel capacitors (Figure 5a) 

of the non-interface polymer, the interface polymer, and the crystalline phases: 

𝜀𝑡
∗(𝜔) = 𝜀𝑛

∗(𝜔)𝜑𝑛 + 𝜀𝑖𝑛𝑡
∗ (𝜔)𝜑𝑖𝑛𝑡 + 𝜀𝑐

∗(𝜔)𝜑𝑐 + 𝜀∞ +
𝜎𝑑𝑐

𝑖𝜀0𝜔
              (1) 

where 𝜀𝑡
∗(𝜔), 𝜀𝑛

∗(𝜔), 𝜀𝑖𝑛𝑡
∗ (𝜔), and 𝜀𝑐

∗(𝜔) are the complex dielectric permittivity of the 

asPLA, the non-interface part of the asPLA, the interface layer of the asPLA, and the 

crystalline phase of asPLA, 𝜑𝑛, 𝜑𝑖𝑛𝑡, and 𝜑𝑐 = 0.45 are the volume fractions of the non-

interface part, the interface layer, and the crystalline phase of the asPLA, and 𝜔 is the 

angular frequency. 𝜎𝑑𝑐 is the dc-conductivity, 𝜀0 is the vacuum permittivity, and 𝜀∞ is the 

dielectric permittivity at infinite frequencies. Similar analyses have been proposed 

recently for polymers under nanopore confinement.31 Since there is negligible dielectric 

loss of the crystalline phase of the asPLA in the temperature and frequency range of the 

measurements, we group 𝜀𝑐
∗(𝜔)𝜑𝑐 + 𝜀∞ as one contribution to the real part of the complex 

permittivity in the analyses. Experimentally, the total dielectric amplitude of the asPLA, 

∆𝜀𝑎𝑠𝑃𝐿𝐴 ≈ 0.33 holds at the testing temperatures that is very close to the ∆𝜀 ≈ 0.30 

accounting for 55% of that of the aPLA, ∆𝜀𝑎𝑃𝐿𝐴 ≈ 0.54 at the same temperatures (Figure 

S6). Thus, the dielectric measurements give crystallinity of asPLA very close to 𝜑𝑐 = 45% 

from DSC measurements. 

Figures 6a and 6b present the loss permittivity spectra, 𝜀′′(𝜔), and the derivative 

of the storage permittivity, 𝜀𝑑𝑒𝑟
′ (𝜔) = −

𝜋

2

𝜕𝜀′(𝜔)

𝜕𝑙𝑛𝜔
, of the asPLA at 𝑇 =  363 𝐾. The dashed 

pink lines, the dash-dotted blue lines, and the dotted orange lines in the main frame 

represent 𝜀𝑛
∗(𝜔), 𝜀𝑖𝑛𝑡

∗ (𝜔), and the Maxwell-Wagner-Sillars (MWS) polarization process, 

respectively. We model them with Havriliak-Negami (HN) functions: 𝜀∗(𝜔) =
Δ𝜀

(1+(𝑖𝜔𝜏𝐻𝑁)𝛽)
𝛾. 
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with Δ𝜀 being the dielectric amplitude, 𝜏𝐻𝑁 the HN time, and 𝛽 and 𝛾 the shape 

parameters. Specifically, we take 𝜀𝑛
∗(𝜔) with the same shape parameters as the envelope 

spectra in the inset of Figure 3a. Note that the MWS polarization process (the dotted 

orange lines) has little influence on the discussions of molecular dynamics due to the 

large separation between MWS and 𝜀𝑖𝑛𝑡
∗ (𝜔). The solid black lines are a sum of all three 

processes. In addition, the insets of Figures 6a and 6b show the one-HN function 

analysis (the dashed green lines) plus an MWS process (the dotted orange lines) that can 

also describe the spectra reasonably well. The characteristic relaxation times from the 

one-HN analysis are 𝜏𝛼
𝑜𝑛𝑒. 

The temperature dependences of 𝜏𝛼
𝑖𝑛𝑡 (the olive diamonds) and 𝜏𝛼

𝑜𝑛𝑒 (the blue 

squares) are also provided in Figure 4 for a direct comparison with 𝜏𝛼
𝑎𝑠𝑃𝐿𝐴 and 𝜏𝛼

𝑎𝑃𝐿𝐴. 

Interestingly, 𝜏𝛼
𝑜𝑛𝑒 follow similar temperature dependence as 𝜏𝛼

𝑎𝑠𝑃𝐿𝐴. On the other hand, 

𝜏𝛼
𝑖𝑛𝑡 shows much stronger temperature dependence than 𝜏𝛼

𝑎𝑠𝑃𝐿𝐴. The stronger 

temperature dependence of 𝜏𝛼
𝑖𝑛𝑡 than 𝜏𝛼

𝑎𝑠𝑃𝐿𝐴 can also be reflected by the high ratio of 

𝜏𝛼
𝑖𝑛𝑡/𝜏𝛼

𝑎𝑠𝑃𝐿𝐴 upon cooling (the inset of Figure 4). The HN function shape parameters 

connect with the Kohlrausch-Williams-Watts (KWW) parameter: 𝛽𝐾𝑊𝑊  = (𝛽𝛾)1/1.23. As 

shown in the bottom inset of the Figure 4, 𝛽𝐾𝑊𝑊 of asPLA (blue squares) drops 

significantly from ~0.48 at T = 373 K to ~0.35 at 333 K, while little changes of 𝛽𝐾𝑊𝑊 are 

observed for aPLA (red circles). All these analyses are characteristics of the collective 

interface effect on polymer dynamics. 

The above analysis can also provide insights into the characteristic thicknesses of 

the interfacial layer through 𝐿𝑖𝑛𝑡(𝑇) =
1

2
𝐿 ∗ 𝜑𝑖𝑛𝑡(𝑇) (Figure 6c). The 𝜑𝑖𝑛𝑡(𝑇) and 𝜑𝑛(𝑇) 

are presented in the inset of Figure 6c. This leads to an estimate of 𝐿𝑖𝑛𝑡(𝑇) that changes 



21 
 

from 𝐿𝑖𝑛𝑡 ~ 1.5 𝑛𝑚 at 𝑇 =  383 𝐾 (1.14 𝑇𝑔) to 𝐿𝑖𝑛𝑡  ~ 3.0 𝑛𝑚 at 𝑇 =  343 𝐾 that is around 

10 𝐾 above 𝑇𝑔. The 𝐿𝑖𝑛𝑡 ~ 1.5 𝑛𝑚 of PLA with characteristic ratio, 𝐶∞ = 6.9, at 𝑇 =  1.14 𝑇𝑔 

agrees with previous results of PNCs, where polymer matrices with 𝐶∞ = 6 − 7 has 

𝐿𝑖𝑛𝑡 ~ 1.6 ± 0.5 𝑛𝑚 when forming nanocomposites.35 

 

Figure 6. The interfacial layer model analysis to the dielectric spectra of the asPLA. (a) The 
dielectric loss permittivity, 𝜀′′(𝜔). (b) The derivative spectra of the dielectric storage permittivity, 

𝜀𝑑𝑒𝑟
′ (𝜔). The pink dashed lines, the blue dash-dotted lines, and the orange dotted lines are the 

corresponding dielectric functions of the non-interface polymer, 𝜀𝑛
′′(𝜔), the interface polymer, 

𝜀𝑖𝑛𝑡
′′ (𝜔), and the MWS processes in the main frame of (a) and (b). The insets of panels (a) and 

(b) provide the corresponding one-HN function fit (the green dashed line) to the same spectra. An 
MWS polarization process (the orange dotted line) is also included in the one-HN function 
analysis. (c) The characteristic interfacial layer thickness, 𝐿𝑖𝑛𝑡, of the ILM analysis. The inset of 
Figure 6c provides the corresponding volume fraction of the interface polymer, 𝜑𝑖𝑛𝑡, and the non-

interface polymer, 𝜑𝑛. 

 

3.3.2 Fingerprinting the spatial gradient of near-interface polymer dynamics. 

The empirical ILM analysis provides average dynamics of the non-interface 

polymer and the interface polymer that can hardly distinguish different theoretical 
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approaches.34 New analyses to fingerprint the spatial gradient of interfacial dynamics are 

required. The dielectric spectra of the asPLA can be modeled as (see Figure 5b): 

𝜀𝑡
∗(𝜔) =

1 − 𝜑𝑐

𝑑𝑎
∫ 𝜀∗(𝑧; 𝜔)𝑑𝑧

𝑑𝑎

0

+ 𝜀𝑐
∗(𝜔)𝜑𝑐 + 𝜀∞ +

𝜎𝑑𝑐

𝑖𝜀0𝜔
      (2) 

where 𝜀∗(𝑧; 𝜔) is the dielectric function of asPLA at a distance 𝑧 away from the 

amorphous/crystalline interface. The 𝜀∗(𝑧; 𝜔) can be modeled through a location-specific 

HN function, 𝜀∗(𝑧; 𝜔) =
∆𝜀𝑧

(1+(𝑖𝜔𝜏𝐻𝑁,𝑧)
𝛽𝑧)

𝛾𝑧, with ∆𝜀𝑧, 𝛽𝑧, and 𝛾𝑧 being the corresponding 

dielectric amplitude and shape parameters. First approximations of ∆𝜀𝑧, 𝛽𝑧, and 𝛾𝑧 are the 

𝜀𝑛
∗(𝜔), the basic dielectric function of asPLA in the absence of interface effect. This leaves 

𝜏𝐻𝑁,𝑧 the only set of free parameters, which carries the spatial gradient of segmental 

dynamics. 

 Furthermore, 𝑑𝑧 𝑑𝑎⁄  represents the volume fraction of the asPLA with 

characteristic dynamics of 𝜏𝑧 of the amorphous phase. One can then rewrite 𝑑𝑧 𝑑𝑎⁄  as 

𝑑𝑧 𝑑𝑎⁄ = 𝑔(𝑙𝑛𝜏𝑧)𝑑𝑙𝑛𝜏𝑧 with 𝑔(𝑙𝑛𝜏𝑧) the relaxation time distribution density function of 𝜏𝑧. 

Therefore,  

𝜀𝑡
∗(𝜔) = (1 − 𝜑𝑐)∫

∆𝜀𝑧 ∗ 𝑔(𝑙𝑛𝜏𝑧)

(1 + (𝑖𝜔𝜏𝐻𝑁,𝑧)
𝛽𝑧

)
𝛾𝑧

𝑑𝑙𝑛𝜏𝑧

+∞

−∞

+ (𝜀𝑐
∗(𝜔)𝜑𝑐 + 𝜀∞) +

𝜎𝑑𝑐

𝑖𝜀0𝜔
       (3) 

𝜏𝐻𝑁,𝑧 = 𝜏𝑧 [tan (
𝜋

2(𝛾𝑧 + 1)
)]

1/𝛽𝑧

        (4) 

where ∫ 𝑔(𝑙𝑛𝜏𝑧)𝑑𝑙𝑛𝜏𝑧
+∞

−∞
= 1.0, ∆𝜀𝑧 = ∆𝜀 of the 𝜀𝑛

∗(𝜔), 𝛽𝑧 = 𝛽 = 0.6, and 𝛾𝑧 = 𝛾 = 0.3 are 

pre-determined from 𝜀𝑛
∗(𝜔), and (𝜀𝑐

∗(𝜔)𝜑𝑐 + 𝜀∞) is a constant. The conductivity relaxation 

is far from the polymer dynamics in asPLA and thus does not influence the calculation for 

relaxation time distribution of the amorphous polymer phase. We employ the generalized 
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regularization method to compute the 𝑔(𝑙𝑛𝜏𝑧),
80 from which the contribution of 𝜏𝑧 to the 

the total dielectric spectra can be obtained. A fundamental difference between Eqns. 3 

and 4 and the previous relaxation time distribution analyses of polymer nanocomposites35, 

36, 38, 39 is a preservation of the HN function form that allows a more accurate account for 

the elementary relaxation mode of the matrix polymer.  

 Figure 7a presents ∆𝜀 ∗ 𝑔(𝑙𝑛𝜏𝑧) vs 𝑙𝑛𝜏𝑧 of asPLA at three temperatures: 𝑇 =

 363 𝐾, 𝑇 =  353 𝐾, and 𝑇 =  348 𝐾. There is an obvious broadening of the relaxation 

time distribution upon cooling. The peak amplitude of the relaxation time distribution 

function reduces upon cooling. These features are consistent with the increment in 

broadening in the dielectric dispersion at the frequency domain. The inset of Figure 7a 

gives 𝑊(𝑙𝑛𝜏𝑧) =
∫ ∆𝜀∗𝑔(𝑙𝑛𝜏𝑧)𝑑𝑙𝑛𝜏𝑧
𝑙𝑛𝜏𝑧
−∞

∫ ∆𝜀∗𝑔(𝑙𝑛𝜏𝑧)𝑑𝑙𝑛𝜏𝑧
+∞
−∞

= ∫ 𝑔(𝑙𝑛𝜏𝑧)𝑑𝑙𝑛𝜏𝑧
𝑙𝑛𝜏𝑧

−∞
 that accounts for the accumulated 

fractions of the dielectric contribution of polymer exhibiting relaxation time shorter than 

𝜏𝑧. The dashed lines are the location of the relaxation time associated with 𝜏𝛼
𝑎𝑠𝑃𝐿𝐴. In 

principle, the relaxation time distribution spectra should start from 𝜏𝛼
𝑎𝑠𝑃𝐿𝐴 since 𝜏𝛼

𝑎𝑠𝑃𝐿𝐴 is 

the fastest segmental relaxation mode. However, the high-frequency tail of the spectra 

may be affected by sub-segmental dynamics.81 Since the modes faster than 𝜏𝛼
𝑎𝑠𝑃𝐿𝐴 

account for ~ 5% − 8% of the total dielectric amplitude, we anticipate ~ 5% − 8% error in 

our analyses that does not affect the main conclusions. 

 In principle, 𝑊(𝑙𝑛𝜏𝑧) = ∫
𝑑𝑧

𝑑𝑎

𝑥

𝑑0
 with 𝑑0 = 𝑑𝑎/2 and |𝑥 − 𝑑0| = 𝑧 due to the symmetry 

in the spatial gradient in segmental dynamics with respect to the middle plane at 𝑑0 =

5.3 𝑛𝑚. One can then extract a spatial gradient of the relaxation time 𝜏𝑧~𝑧 from 𝑊(𝑙𝑛𝜏𝑧) =

∫ 𝑔(𝑙𝑛𝜏𝑧)𝑑𝑙𝑛𝜏𝑧
𝑙𝑛𝜏𝑧

−∞
. Figure 7b presents the spatial gradient of the segmental relaxation 
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time (log-linear plot) of the three temperatures. Figure 7c gives the log-log plot of 𝜏𝑧 vs 𝑧 

focusing on 𝑧 =  0 − 𝑑0. Note that 𝜏𝛼
𝑎𝑠𝑃𝐿𝐴 is the fastest segmental relaxation mode in the 

confined amorphous polymer. We thus only keeps 𝜏𝑧 > 𝜏𝛼
𝑎𝑠𝑃𝐿𝐴 in our anlaysis, which leads 

to a gap between z ≈ 4.5 – 5.3 nm for T = 353 K and T = 348 K and between z = 5.0 nm 

– 5.3 nm for T = 363 K. The main features of the spatial gradient are well captured. 

 

 

Figure 7. (a) The time distribution density function ∆𝜀 ∗ 𝑔(𝑙𝑛𝜏𝑧) of asPLA from the relaxation time 

analysis at   𝑇 =  348 𝐾, 353 𝐾, and 363 𝐾. The inset shows the accumulation of volume fractions 
of the dielectric contribution of polymer exhibiting relaxation time shorter than 𝜏𝑧, 𝑊(𝜏𝑧). (b) The 

spatial gradient of relaxation time, 𝜏𝑧, across the amorphous polymer phases. The x-axis, 𝑧, is the 
distance away from one side of the crystalline/amorphous interface. (c) The normalized spatial 
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gradient, 𝜏𝑧 𝜏𝛼
𝑎𝑠𝑃𝐿𝐴⁄ , in the log-log plot between 𝑧 =  0 – 𝑑0. In all panels, the symbols are from 

experiments. In panels (b) and (c), the solid purple lines are calculations of a single-exponential 
decay function suggested by random first-order transition theory. The black dash-dotted lines are 
calculations of a double-exponential decay function employed in a recent simulation and 
theoretical work (Ref. 45). The short dotted orange lines in (c) are plotted to guide eyes for a 

power-law relation between 𝜏𝑧 and 𝑧. 
 

Table 2. Parameters to calculate the dynamics profiles in Figures 7b and 7c 

T (K) Single-exponential (Eqn.7) Double-exponential (Eqn.8) 

𝜏𝑠 (s) 𝜁 (nm) 𝑘0 𝜉 (nm) 

348 5.8 × 10−2  1.0 0.81 3.5 

353 2.5 × 10−3 1.2 0.47 3.75 

363 8.1 × 10−6 3.0 0.21 5.0 

 
3.4 Comparison between experiments and theories. 

The spatial gradients provide rich information on the interface dynamics: (i) The 

interfacial segmental dynamics experience a sharp drop very close to the interface (1-2 

nm near the interface) followed by a different decay function after that. We would like to 

emphasize that the total amorphous region is ~10.6 nm in thickness. Therefore, 1-2 nm 

at each interface accounts for ~20 − 40% of the total volume fraction of the amorphous 

phase. (ii) Figure 7c provides the normalized relaxation time, 𝜏𝑧 𝜏𝛼
𝑎𝑠𝑃𝐿𝐴⁄ , which shows a 

power law of 𝜏𝑧/𝜏𝛼
𝑎𝑠𝑃𝐿𝐴~𝑧−𝑦 at 𝑧 < 2 𝑛𝑚, with 𝑦 =  1.0 , 0.60, and 0.15 at 𝑇 =  348 𝐾, 𝑇 =

 353 𝐾, and 𝑇 =  363 𝐾 respectively. Note that data of T = 353 K is given in Figure 7b 

and not shown in Figure 7c to avoid crowdness. A smaller power law index 𝑦 is observed 

at a higher temperature, revealing an interesting temperature dependence of the spatial 

gradient. The spatial gradient at 𝑧 > 2 𝑛𝑚 deviates from the original power law in the 

double-log plot (Figure 7c). 

To be more quantitative, we compare the experiments with a single exponential 

functional form (the purple solid lines) given by RFOT and a double exponential functional 

form (the black dash-dotted lines) from computer simulations at high temperatures and 
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the ECNLE theory. Specifically, the functional form of the single exponential dynamics 

gradient is51 

𝜏𝑧 = 𝐴(𝑧)𝜏𝑏     (5) 

where 𝜏𝑏 is the relaxation time of the bulk asPLA with 𝜏𝑏 = 𝜏𝛼
𝑎𝑃𝐿𝐴 in the current study, 

𝐴 (𝑧) ≡ (
𝜏𝑠

𝜏𝑏
− 1) exp (−

𝑧

𝜁
) + 1, 𝜏𝑠 is the relaxation time right at the interface, 𝜁 is the 

characteristic interfacial layer thickness that increases with cooling. On the other hand, 

the double-exponential decay functional form follows:42, 45 

𝜏𝑧 = (𝜏𝑏)
1−𝜀(𝑧)       (6) 

where 𝜀(𝑧) = 𝑘0exp (−
𝑧

𝜉
) with 𝑘0 being a prefactor and 𝜉 a characteristic interfacial layer 

thickness associated with the activation energy barrier at the interface. When collective 

interface effect emerges, the spatial gradient of the interface dynamics becomes: 

𝜏𝑧 = 𝜏𝑏𝐴(𝑧)𝐴(𝐻 − 𝑧)      (7) 

and 

𝜏𝑧 = (𝜏𝑏)
1−(𝜀(𝑧)+𝜀(𝐻−𝑧))       (8) 

for the single-exponential and the double-exponential functional forms respectively. Here, 

𝐻 is the gap between two neighboring interfaces. In the current study, 𝐻 =  𝑑𝑎 = 10.6 𝑛𝑚 

being the thickness of the amorphous region. 

 We have imposed an additional constraint:  𝑧 = 𝑑𝑎/2, 𝜏𝑧 = 𝜏𝛼
𝑎𝑠𝑃𝐿𝐴 that leads to a 

one-to-one correspondence between 𝜏𝑠 and 𝜁 in Eqn. 7 and 𝑘0 and 𝜉 in Eqn. 8. Figures 

7b and 7c offer the calculations from the pairs of 𝜏𝑠 and 𝜁 or 𝑘0 and 𝜉 that yield a close 

agreement with experiments. The purple solid lines and the black dash-dotted lines are 

the outcomes of the Eqn. 7 and Eqn. 8 at each temperature. Table 2 summarizes the 

parameters associated with these calculations. In addition, the corresponding relaxation 
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gradients (the dashed black lines) from a single interface have also been provided in 

Figure 8 to demonstrate the impact of the collective interface effect on the spatial gradient 

of dynamics (the symbols and the dash-dotted purple lines). 

 The comparison between experiments and model calculations leads to the 

following interesting observations: (i) Both the single exponential functional form and the 

double exponential functional form agree reasonably well at the regions close to the 

middle plane at 𝑧 =  2 − 8.6 𝑛𝑚. (ii) The spatial gradient of dynamics close to the 

interface exhibits a power-law decay, which cannot be described fully by Eqn.7 or Eqn.8. 

(iii) Converting the relaxation time distribution back to the dielectric spectra in the 

frequency domain shows that neither the double-exponential functional form nor the 

double-exponential functional form could capture fully the strong dielectric broadening in 

experiments (Figure 9). These observations highlight the crucial contributions of the near 

interface dynamics to the dielectric spectra broadening. 

At this moment, we are not sure about the physical origin leading to the deviations 

between the experiments and the model predictions (both the single-exponential decay 

functional form and the double-exponential decay functional form). One possibility could 

be the strong non-equilibrium chain packing of the interface as well as the potential chain 

orientation in the amorphous phase inherited from the pre-deformation that can affect the 

functional form of the spatial gradient close to the interface. Future studies with tuned 

interface chain conformations might be able to help clarify this issue. In addition, we free 

𝜁 and 𝜉 in the calculations to yield the closest agreement between experiments and model 

calculations. This might raise additional questions of the appropriateness of such 

assumptions in calculations. For instance, according to the ECNLE theory and recent 
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computer simulations, 𝜉 should be temperature insensitive.42, 45 However, we find large 

variations in their values from 𝜉 = 3.5 𝑛𝑚 to 𝜉 = 5.0 𝑛𝑚 over a small temperature range 

of only 15 K. On the other hand, one has to reduce 𝜁 upon cooling in order to obtain 

reasonable fit to experimental data, which is opposite to the predictions of the RFOT.51 

Nevertheless, the above analyses suggest a detailed characterization of the near-

interface spatial gradient is promising to differentiate the fine features of different 

theoretical approaches. 

 

Figure 8. The comparison between experiments and the calculations of the 𝜏𝑧 𝜏𝛼
𝑎𝑠𝑃𝐿𝐴⁄  vs 𝑧 from 

(a) a single exponential decay function with collective interface effect (the purple dash-dotted 

line), and (b) a double exponential decay function with collective interface effect (the purple dash-

dotted line). The dashed black lines are the corresponding calculations for a single surface in the 

absence of a collective interface effect in each case. 
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Figure 9. A comparison between the dielectric loss permittivity (the red circles) at T = 348 K and 
the calculated dielectric spectra using the single-exponential functional form (the blue squares, 
Eqn. 7) and the double exponential functional form (the olive diamonds, Eqn. 8). 

 

3.5 Comparisons between the ILM analysis and the spatial gradient fingerprinting. 

Lastly, we would like to compare the outcomes between the ILM analyses and the 

spatial gradient analyses. The symbols in Figure 10 present the near-interface dynamics 

gradient. The dashed lines of Figure 10 give the results of the ILM analysis, where the 

solid vertical line serves as the boundary between the interfacial layer and the non-

interface layer polymer. The levels of the horizontal dashed lines represent 𝜏𝛼
𝑖𝑛𝑡 (the large 

values close to the interface) or 𝜏𝛼
𝑎𝑠𝑃𝐿𝐴 (the smaller values away from the interface). 

Interestingly, the boundaries between the interfacial layer and the non-interfacial layer 

are all located at ~1.5 − 2 𝜏𝛼
𝑎𝑠𝑃𝐿𝐴 for all three temperatures, which provides reasonably 

good representations of polymers having the fastest relaxation times. Moreover, the 

characteristic relaxation times of the interfacial layer, 𝜏𝛼
𝑖𝑛𝑡, from the ILM analysis intersects 

with the 𝜏𝑧 within <1 nm away from the interface (see the black arrows), representing 
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reasonably well the polymer dynamics close to the interface especially at high 

temperatures. From this perspective, the ILM analysis can indeed offer important 

information about the dynamic properties of polymers near the interface. We further 

compute the film-averaged relaxation time of the amorphous phase, 〈𝜏𝑧〉 =
1

𝑑𝑎
∫ 𝜏𝑧𝑑𝑧

𝑑𝑎

0
, 

which was pointed out by the arrows on the right Y-axis of the figure. This value is close 

to the relaxation time of at 𝑧 ≈ 2 𝑛𝑚. Thus, these results indicate 𝜏𝛼
𝑖𝑛𝑡 can be a much 

better representation of the near the interface dynamics than 〈𝜏𝑧〉. These results also 

agree with the recent theoretical argument that it is challenging to distinguish different 

interfacial gradients from the film-averaged dynamics measurements.82 Furthermore, a 

closer look at 𝜏𝑧 and 𝜏𝛼
𝑖𝑛𝑡 at different temperatures suggest a slight shift outwards from 

the interface at their crossover point. This implies an increase in deviations of 𝜏𝛼
𝑖𝑛𝑡 from 

𝜏𝑠 upon cooling. These observations are consistent with an increase in the near-interface 

dynamics gradient upon cooling, for instance, an increase in the power index 𝑦 values 

upon cooling shown in Figure 7c. One other advantage of the spatial gradient analyses 

is the identification of the collective interface effect, which can hardly be reflected in the 

ILM analysis. 
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Figure 10. Comparisons of the spatial gradient fingerprinting analysis (the open symbols) and the 
interfacial layer model analysis (the dashed lines). The levels of the dashed lines represent the 
characteristic relaxation time at the polymer at the interfacial layer or the non-interfacial layer 
polymer. 〈𝜏𝑧〉 is a film-averaged relaxation time of the nanoconfined amorphous PLA in asPLA. 

 

4. Summary and Outlook 

 In summary, we have studied the dynamics of polymers under ultrafine 

nanoconfinement ~10 𝑛𝑚 through a new preparation of annealed semicrystalline PLA 

(asPLA) with controlled distributions of amorphous phases and crystalline phases. SAXS 

measurements suggest alternating layered structures of crystalline phases and 

amorphous phases of asPLA. BDS measurements show an envelope in the structural 

relaxation process at high temperatures. Interestingly, the dielectric dispersion envelope 

is slightly broader than its neat amorphous counterpart, aPLA, indicating an influence of 

polymer processing on the local molecular packing of the asPLA. Moreover, strong 

asymmetric dielectric broadening at the low frequencies has been observed for asPLA 

upon cooling, highlighting the presence of amorphous/crystalline interface to polymer 

dynamics. The asPLA also exhibits a large increase in 𝑇𝑔 and a strong increment in the 
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fragility index 𝑚 with respect to aPLA, revealing the large influence of the ultrafine 

nanoconfinement and a collective interface effect. 

We have employed a phenomenological interfacial layer model (ILM) and have 

developed a new analysis to quantify the spatial gradient of the near-interface dynamics. 

The ILM model provides average interfacial polymer dynamics, the thickness of the 

interfacial layer, and the dynamics of the non-interfacial polymer. On the other hand, the 

spatial gradient fingerprinting method reveals fine features of the relaxation time profile 

across the amorphous phase. Interestingly, comparisons between the experimental 

spatial gradient of dynamics with the theoretical predictions have demonstrated 

reasonable agreement at high temperatures. However, obvious deviations were found at 

low temperatures from either a single-exponential decay functional form suggested by 

RFOT or a double-exponential decay functional form from the ECNLE theory. The origin 

of these deviations is not clear at this moment and might be related to the non-equilibrium 

packing of the polymer at the crystalline/amorphous interface. 

Lastly, we would like to emphasize that although the current study focuses on only 

one semi-crystalline polymer with one pre-deformation condition, i.e, an elongation ratio 

𝜆 =  4.0, which leads to one nanoconfinement condition of a film thickness of 10.6 𝑛𝑚. 

The sample preparation methods can be extended to many other semi-crystalline 

polymers as demonstrated in recent works.67, 68 Furthermore, the proposed spatial 

gradient analyses through dielectric measurements are not polymer-specific. Therefore, 

we anticipate the analyses discussed in this study to be applicable to other nanoconfined 

systems, such as polymer nanocomposites, block copolymers, polymer thin films, 

polymers infiltrated into nanopores, etc. 
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Supplementary Material 

The supplementary Material contains additional data and analysis to support the main 

context, including (i) Linear viscoelastic measurements of sPLA at high temperatures; (ii) 

Differential Scanning Calorimetry measurements to quantify the cold recrystallization 

temperature of sPLA; (iii) Dielectric measeurements to demonstrate the negligible 

changes of dielectric function upon heating and cooling; (iv) Wide angle x-ray diffraction 

for the crystalline form of asPLA; (v) Additional analysis of the Differential Scanning 

Calorimetry measurements; (vi) Additional analysis of the dielectric spectra of the asPLA 

and aPLA. 
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