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Kink bands promote exceptional fracture resistance
in a NbTaTiHf refractory medium-entropy alloy
David H. Cook1,2†, Punit Kumar2†*, Madelyn I. Payne1,2, Calvin H. Belcher3, Pedro Borges1,2,
Wenqing Wang1,2, Flynn Walsh1,2, Zehao Li4, Arun Devaraj4, Mingwei Zhang2,5‡, Mark Asta1,2,
Andrew M. Minor1,2,5, Enrique J. Lavernia3§, Diran Apelian3, Robert O. Ritchie1,2*

Single-phase body-centered cubic (bcc) refractory medium- or high-entropy alloys can retain
compressive strength at elevated temperatures but suffer from extremely low tensile ductility and
fracture toughness. We examined the strength and fracture toughness of a bcc refractory alloy,
NbTaTiHf, from 77 to 1473 kelvin. This alloy’s behavior differed from that of comparable systems by
having fracture toughness over 253 MPa·m1/2, which we attribute to a dynamic competition between
screw and edge dislocations in controlling the plasticity at a crack tip. Whereas the glide and intersection
of screw and mixed dislocations promotes strain hardening controlling uniform deformation, the coordinated
slip of <111> edge dislocations with {110} and {112} glide planes prolongs nonuniform strain through
formation of kink bands. These bands suppress strain hardening by reorienting microscale bands of the
crystal along directions of higher resolved shear stress and continually nucleate to accommodate localized
strain and distribute damage away from a crack tip.

M
etallic structuralmaterials tend to have
a trade-off between strength and tough-
ness (1). This problem is most apparent
in materials intended for extreme en-
vironments, particularly at high tem-

peratures. In the past half century, the urgent
need to reduce carbon emissions by increasing
fuel efficiency has motivated the development
of materials intending to surpass the high-
temperature performance of superalloys, such
as Si-containing refractories and TiAl (2, 3).
These materials have been designed to have
high strength at high temperatures; however,
engineering them to concurrently possess dam-
age tolerance, particularly at low temperatures
where many of these materials are below their
ductile-to-brittle transition temperatures, is dif-
ficult and has disqualified nearly all of them
from safety-critical applications (4, 5).
Single-phase bcc refractory high- ormedium-

entropy alloys (RHEAs or RMEAs) composed
of high concentrations of Group IV, V, and VI

elements have been identified as an attractive
design space for high-temperature materials (6).
Unfortunately, RHEAs have large strength-
toughness trade-offs. Although some of these
alloys, particularly the group V and VI mix-
tures such as NbMoTaW and its derivatives,
possess impressive compressive strengths at
temperatures up to 1900 K (7, 8), they suffer
from extremely low fracture toughness and
tensile ductility at all temperatures (9). On
the opposite end of this spectrum, the group
IV and V mixtures, particularly the model
HfNbTaTiZr alloy, can exhibit substantial ten-
sile plasticity and even high ambient temper-
ature fracture toughness (10). However, these
systems do not possess adequate thermo-
dynamic phase stability, which is detrimental
to their high-temperature mechanical proper-
ties (11–14).
Theories for the high-temperature strength

of these systems are based on the reduced
mobility of edge dislocations and the pinning
of screw dislocations by atomic jogs (15–18).
However, no clear understanding exists for the
high room-temperature toughness of 211MPa⋅m1/2

reported for theHfNbTaTiZr alloy (10). Tensile
tests of this material only add further mystery
because the alloy exhibits low uniform tensile
ductility (~4%) and amarked absence of strain
hardening,which, unlike the face-centered cubic
(fcc) high-entropy alloys (19), indicates that the
toughness should be very low (20). Analysis of
the room-temperature deformation structures
reveals that, although bulk plastic flow is con-
trolled by the lethargicmotion of screw-character
dislocations, local ductility can nonetheless be
accommodated by collective arrays of edge
dislocations, which form pairs of tilt bound-

aries known as kink bands (20, 21). As first
described in zinc (22), the formation of these
bands reorients crystalline slip planes along
directions of high resolved shear stress, soft-
ening the material (23–25). In polycrystalline
materials, kink bands nucleate in regions of
high dislocation density and propagate across
grains to relax the associated stress concentra-
tion (26). Their formation in RHEAswith a high
concentration of group IV elements (20, 21),
as well as in pure group V bcc elements (27),
should be detrimental to the toughness, as
this mechanism in tension promotes plastic
instability by suppressing uniform ductility
and is thus associated with the onset of fracture.
Wedemonstrate that in a specifically engineered
alloy, kink bands can induce a remarkable re-
sponse as an exceptionally potent intrinsic
toughening mechanism that does not neces-
sarily inhibit high-temperature strength.

Results and discussion

Specifically, we investigated the mechanical
properties of a nonequiatomicNb45Ta25Ti15Hf15
RMEA from77 to 1473Kbyperforminguniaxial
tensile tests and nonlinear elastic J-integral–
based fracture toughness tests. Thematerial was
designed by alloying group IV elements (Ti and
Hf) with group V elements (Nb and Ta) to (i)
ductilize the material, (ii) generate lattice dis-
tortion to allow for high-temperature strength
retention, and most notably, (iii) to prioritize
high-temperature bcc thermodynamic stability
lacking inRHEAs containing Zr andwithhigher
concentations of group IV elements (28, 29).
More information on the details of the alloy
design can be found in (30). To make the
material chemically andmicrostructurally homo-
geneous, we arc-melted high-purity elemental
ingots several times and rolled them at room
temperature to reduce the thickness by ~33%
then heat treated at 1373 K for one hour and
water quenched. This process produced a near
fully recrystallized, single-phase microstruc-
ture with equiaxed grains of an average size of
270 mm and some smaller partially recrystal-
lized grains of a diameter of ~20 mm (Fig. 1B
and fig. S1). X-ray diffraction (XRD) (Fig. 1C) con-
firmed that the material formed a single bcc
phase with the exact composition measured by
inductively coupled plasma atomic emission
spectroscopy of 43.98 atomic % (at %) Nb,
24.21 at % Ta, 14.77 at % Ti, and 14.75 at % Hf.
We listed the remaining trace elements intro-
duced during arc-melting in table S1. We
measured C and N interstitial elements by
combustion to be 0.059 and 0.0495 at % (60
and 58 ppm), respectively. We measured an O
concentration of 0.146 at % (197 ppm) by inert
gas fusion. This brought the total interstitial
content to ~0.25 at% (315 ppm). To understand
the distribution of interstitial elements, we
used atom probe tomography to further inves-
tigate the material, (fig. S2) which revealed no
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segregation of interstitials throughout the ma-
trix and grain boundaries.
We performed uniaxial tensile tests, plotted

as engineering stress versus strain (Fig. 2C), at
five temperatures: 77 K (liquid nitrogen), 298 K
(room temperature), 1073K, 1223K, and 1473K.
At room temperature, the alloy exhibited a
yield strength (sy) of 596MPa and a uniform
ductility of 15.5%. As the temperature was
lowered into the cryogenic regime, the strength
increased to 937MPa, and the uniformductility
experienced amodest decrease from room tem-
perature to 9%. Conversely, as the temperature
was increased through 1073 and 1223 K, the
alloy’s yield strength gradually decreased by,
respectively, ~36% (380 MPa at 1073 K) and
~43% (341 MPa at 1223 K) compared with
room temperature. At these temperatures, the
uniform ductility also decreased to 2.3% and
1.1%. At 1473 K, amore rapid drop-off in yield
strength of ~76% (140 MPa) occurred, and the
uniformductility slightly increased to 2%.Analy-
sis of the strain-hardening behavior in fig. S3
revealed a trend that runs counter to most
materials, specifically that the strain hardening
increasedwith increasing temperature. At 77 K,
the strain-hardening exponent n was 0.09; as
the temperature was increased to room tem-
perature, the material exhibited two-stage hard-
ening (31), with the second strain-hardening
exponent increasing to n2 = 0.14. At higher
temperatures, it generally continued to increase:
0.21 at 1073 K, 0.05 at 1223 K, and 0.33 at 1473 K.
To measure the fracture toughness, we eval-

uated the crack-resistance curves (R curves) with
the nonlinear elastic energy release rate, the J-
integral (kJ/m2), as a function of the crack ex-

tension,Da. UnlikemostRHEAs,Nb45Ta25Ti15Hf15
exhibited stable crack growth andmarkedly rising
R curve behavior at all temperatures (Fig. 2, A
and B). Tomeasure a valid, size-independent
fracture toughness value (JIc), samples must
satisfy the J dominance criteria in plane strain,
i.e., that the uncracked ligament (b) and thick-
ness (B) > 10(JQ/sf), where JQ is the conditional
toughness calculated by the intersection of
the blunting linewith theR curve, and sf is the
flow stress (the average of the yield and maxi-
mum tensile stresses). This condition was met
for samples at 77, 1073, and 1223 K but not at
room temperature or 1473 K. Instead of this, a
minimumbound fracture toughness (JIc,min) can
be calculated by rearranging the above equation
to JIc,min = Bsf/10, which, combined with JQ,
gives a range for the true value. Thus, at room
temperature, the fracture toughness (in terms
of the stress intensity) lay in the range of
253MPa⋅m1/2 <KJIc < 323MPa⋅m1/2.When the
temperature was lowered into the cryogenic re-
gime, the crack-initiation toughness remained
persistently high at ~86 MPa⋅m1/2 and rose
to a steady-state crack-growth toughness
of Kss~146 MPa⋅m1/2. At elevated tempera-
tures, the material also continued to exhibit
rising R curve behavior. At 1073 K, KJIc was
~67 MPa⋅m1/2, which rose to a steady-state
value ofKss ~93MPa⋅m1/2. At 1223 K, the crack-
initiation and steady-state fracture toughness
decreased to ~52 and ~66MPa⋅m1/2, respectively.
At 1473 K, the crack-initiation toughness in-
creased again andwas in the range 68MPa⋅m1/2

< KJIc < 88MPa⋅m1/2. These values were all high
and unusual; they were indeed remarkable for
bcc RHEAs.

Refractory bcc alloys (dilute and concentrated
solid solutions) typically exhibit low room-
temperature fracture toughness, which has se-
verely limited their safety-critical engineering
applications (4,32–35). ToputNb45Ta25Ti15Hf15 in
perspective,NbMoTaWhas a room-temperature
fracture toughness of 0.2 to 2MPa⋅m1/2,which is
over two to threemagnitudes lower than themin-
imum room-temperature KJIc of 253 MPa⋅m1/2

obtained for Nb45Ta25Ti15Hf15 (4). Even tradi-
tional refractory alloys based onNbwith tensile
ductility do not have low temperature frac-
ture toughness of more than ~40 MPa⋅m1/2

(36). Strategies to improve the fracture tough-
ness of refractories have historically involved
alloying high concentrations of Re (an expen-
sive and rare element) into W, which improves
the fracture toughness up to 60 MPa⋅m1/2, but
these alloys do not exhibit rising R curve be-
havior (37). To understand the reason for this
material’s extraordinary resistance to fracture,
especially over a very wide range of temper-
atures from 77 to 1473 K, we first investigated
the crack-tip deformation mechanisms across
all temperatures with postfracture electron
backscatter diffraction (EBSD) analysis.
To investigate the deformation mechanisms,

the compact-tension C(T) specimens that we
used in the fracture toughness tests were cut
through the midthickness (~B/2) perpendic-
ular to the crack to sample the region that
experiences the highest stress triaxiality, i.e.,
the region under complete or near-complete
plane-strain conditions. We ground sam-
ples and polished them for examination
with EBSD to understand the crystallographic
changes induced by a propagating crack.

Fig. 1. Initial microstructure of Nb45Ta25Ti15Hf15. (A) To produce the alloy, high-purity elements were arc-melted, forged, and cold rolled to a reduction in thickness
of ~33%, annealed at 1373 K for one hour, and water quenched. This process produced the microstructure in (B), near-fully recrystallized grains of an average
diameter of 270 mm. (C) XRD confirms the single bcc phase structure. The total interstitial content of the material is ~0.25 at % C, N, and O. A.U., arbitrary units.
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EBSD band contrast (BC) and inverse pole
figure (IPF) maps (Fig. 3, A to E) showed the
temperature-dependent evolution of deforma-
tion mechanisms. At room temperature (Fig.
3B), we observed conventional dislocation glide,
{112}<111> twinning (Fig. 3F), and deforma-
tion kink bands accommodating the defor-
mation. These rather unusual kink bands are
the prominent mechanism, which we discov-
ered in the kernel averagemisorientationmap
(fig. S4). These observations indicated that
most of the geometrically necessary disloca-
tions are confined to their boundaries.
Although most boundaries of these kink
bands formed low misorientations (~2° to 8°)

with respect to thematrix of their parent grains,
some were as high as 40°. In the cryogenic
regime, the salientmechanismsdidnot change,
but their relative ratio did (Fig. 3A). Dislo-
cation motion was still present (Fig. 3F), but
{112}<111> twins became more predominant
and coarser (up to ~11-mm thick). Although
deformation kink bands continued to form,
there were fewer of them. Fracture surfaces
at room temperature (Fig. 3L) showed duc-
tile microvoids with approximately 100- to
300-mm diameters. In the cryogenic regime,
the microvoids decreased in size to ~35 mm,
and cleavage facets appeared that were absent
in the tensile tests at this temperature (fig. S5A)

owing to the stress triaxiality present in pre-
cracked C(T) samples.
At higher temperatures (1073 and 1223 K)

(Fig. 3, C to D), the mechanisms stayed nomi-
nally the same. Conventional dislocationmotion
was still observed, kink bands formed, and {112}
<111> twinning occurred, the last of which is
noteable for bcc materials at elevated tempera-
tures (38). Another feature at these temperatures
is that fracture occurs along grain boundaries.
Nevertheless, we observed microvoids on the
fracture surfaces (Figs. 3, M to N), indicating
that substantial plastic deformation can occur
before the onset of crack growth. As the crack
followed the intergranular path, it branched
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Fig. 2. Mechanical properties of Nb45Ta25Ti15Hf15. (A) J-integral R curves as a
function of crack extension at 77, 298, 1073, 1223, and 1473 K and (B) a closer
view of R curves measured at extreme temperatures. (C) Tensile engineering
stress-strain curves measured from 77 to 1473 K. The dynamic strain aging at
298 K corresponds to formation of Lüders bands, whereas the stress drops at
77 K correspond to twinning, which was accompanied by acoustic emission.
(D) Fracture toughness (KJIc) calculated from JIc values obtained from the
R curves and (E) yield strength (sy) as a function of temperature. Error bars
represent the standard deviation of the yield strength; however, some are smaller

than the data symbols and are therefore not visible. Note that in (D), the
Nb45Ta25Ti15Hf15 alloy not only retains strength at high temperatures but also
exhibits extraordinary fracture toughness at all temperatures: 86 MPa·m1/2,
253 to 323 MPa·m1/2, 67 MPa·m1/2, 52 MPa·m1/2, and 68 to 88 MPa·m1/2 at the
five temperatures from 77 to 1473 K, respectively. The room-temperature
fracture toughness is the highest of any known single-phase bcc material, and
even higher than fcc CrCoNi-based HEAs (19). Open circles in (A), (B), and
(D) denote values that are not strictly valid; the second liquid nitrogen test
was excluded from (B) for a clear visualization.
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substantially. This branching led the crack away
from themode I plane until it was subsequently
arrested owing to a lack of a driving force, an
additional extrinsic tougheningmechanism (1).
At 1473 K these mechanisms were supplanted
by the diffusion-mediated nucleation of new,
more favorably oriented grains, which substan-
tially blunted the crack tip and prevented crack
growth (Fig. 3, E, H, and I). At this temperature,
we observed bands in most grains. However,
their boundaries were altered by the recrystalli-
zation processes, such that they cannot be easily
identified as kink bands.

Consistent with prior reports on Group IV–
rich RHEAs in tension and compression, EBSD
maps (Fig. 3) showed profuse deformation kink
bands (20, 21, 39–42). However, the role played
by kink bands on the overall behavior in the
presence of a sharp crack is not established. To
understand how kinking elevates toughness,
particularly at lower temperatures at which
the toughness of bcc materials suffers, we first
performed an intragranular misorientation axis
analysis to identify the crystallographic planes
active in kink band formation (43). Because
a kink band is a tilt boundary formed by locali-

zation of edge-character dislocations, the type
of dislocations that form themcan be identified
if the possible active slip systems and the kink
band rotation (Taylor) axis are known (43). This
analysis (Fig. 3G and figs. S6 to S11) showed that
all the identified kink bands are formed pre-
dominantly by a0/2<111>{112} edge dislocations,
with the rest formed by a0/2<111>{110} edge
dislocations (more often at higher tempera-
tures). This indicates that multiple slip sys-
tems are active in kink band formation. Figure
3G even shows that a single kink band can be a
result of bending of a {112} and a {110} lattice

Fig. 3. Deformation mecha-
nisms and fracture mor-
phology of Nb45Ta25Ti15Hf15
from 77 to 1473 K. (A to
E) EBSD BC and IPF maps of
the fracture path (from left to
right). Samples were taken
at the midthickness of the
C(T) samples to investigate
mechanisms present in the
region of highest stress tri-
axiality. Deformation twinning
was identified by EBSD at
temperatures from cryogenic
(77 K) to 1223 K. (F) 4D-STEM
image of a {112}<111> twin
in the wake of the fracture
path at 77 K. (G) A kink band
in the plastic zone directly
ahead of the crack at 298 K
and associated intragranular
misorientation axis analysis
shows that this kink band
twists internally from kinking
a plane in the {112} family to
kinking a plane in the {110}
family. (F) At ultrahigh tem-
peratures (1473 K), these
mechanisms are replaced by
dynamic recrystallization
shown in (H) and (I), which
destroys the original grain
boundaries, inhibiting the
mechanism that promotes
intergranular fracture. (J to
M) Fracture surfaces show a
mixture of cleavage and duc-
tile microvoid coalescence
at 77 K (J), microvoid coales-
cence at 298 K (K), and
mixed intergranular fracture
and microvoid coalescence at
1073 and 1223 K [(L) and
(M)]. The fracture surfaces
are destroyed by oxidation
at 1473 K (N).

E
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plane along different lengths. The tortuous form
of this kink band indicates that if kinking is no
longer favored by one slip system, another slip
system can activate to extend the kink band.
Coupled with our observations that kink bands
can vary in width and length (not necessarily
traversing entire grains), intersect, and nucleate
within each other (Fig. 3, A to D), this dem-
onstrates that the versatility of this mecha-
nism enables it to accommodate exceptionally
high strains at a crack tip that conventional,
uncoordinated dislocation glide and twinning
simply cannot.
To further understand their nanoscale struc-

ture, we analyzed a small section of a {112} kink
band near the room-temperature crack tip
using scanning nanobeam diffraction, also
known as four-dimensional scanning trans-
mission electron microscopy (4D-STEM). The

resulting images elucidated several features
(Fig. 4, A and B). First, we confirmed that kink
bands are pure tilt boundaries, evidenced by
the rotation of the diffraction pattern about
the [110] zone axis (Fig. 4B), which neces-
sitates the presence of pure a0/2<111>{112}
edge dislocations. Second, the rotation across
the boundary (q) is not always perfectly dis-
crete, where the points a-a′ show a gradient
in orientation in contrast to b-b′, which sug-
gests that along certain lengths of the bound-
ary, edge dislocations cannot perfectly space
themselves without temperature-activated, non-
conservative motion. Third, the spacing be-
tween dislocations necessary to produced the
measured misorientation across the boundary
was calculated using the Read-Shockley equa-
tion, d ≈ b/sinq (44), which revealed that the
distance between edge dislocation cores (d)

is 7.4 Å apart on this boundary, making the
individual dislocations too close to resolve
with diffraction contrast TEM.
The prevalence of kink bands indicates that

edge dislocation glide is highly active on the
a0/2<111>{110} and {112} slip systems. How-
ever, kink bands do not solely account for
the crack-tip plasticity. To gain a holistic pic-
ture of the deformationmechanisms,we focused
on the edge of the plastic zone in the room-
temperature C(T) samples to (i) study the dis-
locations responsible for the uniform plastic
deformation that occurs at lower strains during
the first stages of crack-tip plasticity and (ii)
to distinguish the dislocations responsible for
kink band formation from those responsible
for the uniform plastic deformation. To iden-
tify the dislocations, we performed a g

⇀ � b⇀
analysis. We show dislocations with Burgers

Fig. 4. Kink band and
lattice dislocations. Two
regions from the C(T) sample
tested at 298 K were inves-
tigated by TEM: region I
corresponds to (A) and
(B) and is from a kink band
boundary close to the crack
tip where plastic strains
are high, whereas region II
corresponds to insets (C to
H) and shows the disloca-
tions present in the matrix in
the wake of the crack where
plastic strains are lower.
(A) High-angle annular dark-
field (HAADF) overview
image of the focused ion
beam lift-out sample. (B)
Rotation map from 4D-STEM
dataset. (Inset) An aggregate
diffraction pattern from
all pixels that indicates
the rotation of the lattice.
[(C) and (F)] HAADF
overview of dislocations
of screw, edge, and mixed
character. [(D) and (G)]
Schematics of dislocations
colored by their respective
Burgers vector: red line,
1

2 11�1
� ��

; blue line, 1 2 1�11
� ��

.
The Burgers vector directions
are annotated in the figure.
[(E) and (H)] Schematics of
the same dislocations
colored by their character.
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vectors a0=2 1�11½ � and a0=2 11�1½ �in Fig. 4, C to
H. Unlike the kink bands that were formed
by a0/2<111>{110} or {112} edge dislocations,
the dislocations in the matrix are a mixture
of long straight screw dislocations in addi-
tion to mixed and some edge. The presence of
mixed and edge character dislocations (though
there were few of the latter) suggests that their
mobility is decreased in comparison to screw
dislocations. Although edge (and mixed) dis-
locations are rarely observed in elemental bcc
metals and dilute alloys owing to their very
highmobility, theyhavebeenobserved inRHEAs
and theorized to explain the high-temperature
strength of these materials (16, 45). Taken to-
gether with the observation of kink bands closer
to the crack tip, a qualitative sequence ofmecha-
nisms emerged. Whereas the plasticity at the
crack tip is initially controlled by the glide of
screw and mixed dislocations, ultimately, the
coordinated glide of edge dislocations at
higher strains results in kinking of the {110}
and {112} planes (26). Although the screw and
mixed dislocations interact with themselves,
grain boundaries, and twin boundaries to pro-
mote steady strain hardening, kink bands sup-
press these interactions as a strain-softening
mechanism. These bands continually rotate
the lattice to accommodate the exceptionally
high strains near the crack tip, effectively dis-
tributing the damage.
Still, the observation of marked toughening

in the presence of this strain softening mecha-
nism was surprising. In the model for ductile
fracture, the fracture toughness, JIc, is directly
proportional to the flow stress (sf), strain to
failure (ef), and a characteristic dimension

related to the spacing involved in microvoid
coalescence ahead of a crack tip ( l�o ), i.e.,
JIc ≈ sf ~ef l�o (45, 46). Whereas the exception-
ally high fracture toughness of CrCoNi-based
fcc HEAs results from the activation of multi-
ple strain-hardening mechanisms that pro-
long uniform ductility and elevate flow stress
(47, 48), something different is happening in
Nb45Ta25Ti15Hf15. Softening from kink bands
negatively impacts the flow stress (at room
temperature, the alloy yields at 596 MPa and
has an ultimate tensile strength of 640 MPa)
as well as the uniform ductility. However, kink
bands activate two othermechanisms that com-
pensate for these drawbacks: (i) They prolong
necking, which can substantially increase the
fracture strain, as is evident in the tensile curves
(Fig. 2C). This observation has been reported
not only in RHEAs, but also in high-strength
bcc Ti-alloys (49). (ii) The kink bands also in-
crease the characteristic distance between the
voids ahead of the crack tip. Our estimates of
the characteristic spacing for void coalescence
show that they must be ~242 mm apart to ac-
count for the exceptionally high minimum JIc
values (474 kJ/m2). This value is a very large
number, considering that void coalescence oc-
curs on the order of 1 to 10 mm in CrCoNi at
20 K, where this material is toughest (19). We
readily observed these microvoids on the frac-
ture surface (Fig. 3K). Although they had a
bimodal distribution due to the presence of
small partially recrystallized grains, largermicro-
voids of an average size of ~140 ± 52 mmwere
apparent. Thus, when kink bands nucleate from
regions of extremely high dislocation density
to alleviate and distribute damage (26), they

eliminate sites inside grains that lead tomicro-
void nucleation by providing a secondary, en-
ergetically favorable pathway for dislocations
to form a low-angle grain boundary, which leads
to high toughness.
Understanding the conditions that promote

kink band formation is critical to the design
of future RHEAs that circumvent the strength-
toughness trade-off. To this end, we identified
two conditions in this alloy that we believe are
essential for kink band formation by multiple
slip systems. The first condition is an edge
dislocation’s “Goldilocksmobility.” It has been
postulated that kink bands occur by a depletion
of slip systems required to maintain uniform
plastic deformation (23–25). This describes
kinking in hexagonal close-packed materials
such as in zinc and cadmium, in which the
basal slip system is energetically preferred
(22, 25, 50, 51); however, this argument is
inapplicable for bcc materials with 48 slip sys-
tems, necessitating a different perspective. Kink
band formation in bcc materials must be en-
abled by another factor, which can be deduced
to be the high edge dislocation velocities that
are intrinsic to this crystal structure. High
mobilities allow edge dislocations to interact
onmuch shorter timescales at quasistatic strain
rates. However, if they are too mobile, a poten-
tial high-temperature strengthening mecha-
nism is lost (16). Our observation of edge and
mixed dislocations suggests that they have
relatively reduced mobilities, which could
contribute to high-temperature strength, though
this does not necessarily discount pinning of
screw dislocations by atomic jogs as a high-
temperature strengthening mechanism (17).

Fig. 5. The Nb45Ta25Ti15Hf15 RHEA in comparison to other structural
materials. (A) Room-temperature fracture toughness versus yield strength
“banana plot” of Nb45Ta25Ti15Hf15 as well as other high-entropy alloys and
commercial materials (4, 9, 10, 34, 48, 57–59). This RHEA has an exceptional
balance of strength and toughness across a broad range of temperatures
(60–63). (B) Yield strength versus temperature plots show that Nb45Ta25Ti15Hf15

outcompetes most commercial grade high-temperature materials above
intermediate temperatures, and (C) shows that, despite its relatively low room-
temperature tensile yield strength, it has exceptional tensile strength retention
at 1473 K, surpassing even the Ni-base superalloy CMSX-4 beyond 1400 K.
The mechanical properties of titanium-zirconium-molybdenum (TZM) were
obtained in vacuo.
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The second condition that is associated with
kink band formation by multiple slip systems
is an energetic isotropy of slip systems. In pure
niobium, kink bands formby the <111>{110} slip
systems (27, 52, 53), and alloying with group
IV elements triggers a transition to additional
kink band formation by the <111>{112} slip sys-
tem, as seen in this work for Nb45Ta25Ti15Hf15.
To understand this phenomenon, we calcu-
lated the generalized stacking fault energies
(GSFEs) of the three possible slip systems—
a0/2<111>{110}, {112}, and {123}—and compared
them to pureNb.We show the results in fig. S12,
A to C, and summarize them in table S5.
Whereas in pure Nb, the unstable stacking-
fault energy (USF) energy (the maximum on
the GSFE profile) along {110} was 15% lower
than that along {112} and {123}, this differ-
ence was reduced in Nb45Ta25Ti15Hf15, where
the USF energies were equivalent in all three
slip systems within the calculated statistical
uncertainties. This energetic equivalence is ab-
sent in other pure refractory bcc metals and
binary group V andVI alloys in which not only
are GSFEs higher, but the <111>{110} slip sys-
tem is energetically favored over that of {112}
and {123} (54, 55). This suggests that edge dis-
locations on the <111>{112} system can be just
as easily energetically accessed as those on
<111>{112} in Nb45Ta25Ti15Hf15, which pro-
motes glide and thus kink band formation by
this system. These results do not consider the
effects of short-range order. Although the low
mixing energies of Nb, Ta, Ti, and Hf in this
alloy suggest that it would have a low ten-
dency to order, implying that this would have
aminimal impact onGSFEs (28), the presence of
short-range order canalter stacking fault energy,
as is the case in the CrCoNi alloy (56). The ad-
dition of group IV elements (in this case, Ti and
Hf) is essential to the formation of kink bands
because these elementspromote slip on<111>{112}.

Conclusions

Our work shows that contrary to conventional
understanding, complex concentrated refractory
alloys can possess exceptional fracture tough-
ness across extreme temperature ranges, even
in the cryogenic regime. Although further de-
velopment is needed to increase theNbTaTiHf
alloy’s strength and grain boundary cohesion,
its exceptional damage tolerance opens a door
for use of these refractory alloys in safety-
critical applications. To put the findings of our
work in context, we compared its fracture tough-
ness and strength to current commercial alloys
(Fig. 5), highlighting the exceptional combina-
tion of high-temperature strength and very high
toughness displayed by Nb45Ta25Ti15Hf15.
Understanding kink band formation from first
principles is essential to discovering more
damage-tolerant RHEAs with high-temperature
strength. The analysis that we present is a start-

ing point with general guidelines related to dis-
location mobility, activation of multiple slip
systems, and formation of kink bands.
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